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t was shown that the stiffness of the polymer backbone is similar to that
of polyethylene and the theoretical strength of the polydiacetylene single
crystal fibres has been determined to be about 3 GPa, corresponding to a
fracture strain of between 6% and 8% and a force required to break
molecules of the order of 3nNr The derivative studied was also found to
have good thermal stability, ot degrading below 3000C, and excellent creep
rezistnce up to-at least 1000C.

model composite system consisting of one polydiacetylene single crystal
fibre in an epoxy Xesin matrix has been subjected to tensile strain
parallel to the fibre direction, The strain at all points along the length
of the fibre was determined by resonance Raman spectroscopy while that of
the matrix was measured by conventional techniques. Comparison of the
fibre and matrix strain showed two distinct regions. Below about O.5%
matrix strain the composite followed Reuss type behavior with equal stress
in the fibre and the matrix. At higher matrix strain the composite
followed Voiqt type behaviour with any increase in matrix strain matched by
an equal increase in fibre strain. In this region the strain distribution
along the length of the fibre could be approximately described by the
shear-lag model of Cox. The critical length of the fibre was found to
increase linearly with fibre diameter as predicted by that model. Good
qualitative agreement was found with the predictions of a calculation based
on finite element analysis over the full range of applied stress.

,The resonance Raman strain measurement technique has been extended to
measure the distribution of fibre strain in composites containing bundles
of polydiacetylenes in both an epoxy matrix and a glass-fibre/epoxy/
composite It has been found that at low volume fractions the strain in the
individua fibres is less than that in the matrix as for the single fibre
model corosite whereas when the fibre volume fraction exceeds about 8% the
strain in the fibres and matrix are similar.

Finally, the deformation of epoxy composites containing high volume
fractions of polydiacetylene single crystal fibres has been investigated in
both tension and compression Strengths of up to 150 MPa for composites
with over 50% by volume of..4'res have been measured in tension and this is
about twice the compressive strength of similar composites. Failure in
compression occurs by local bUckling of the composite bar whereas fibre
pull-out and fibre fracture t~ke place during tensile deformation.
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1. INTRODUCTION

This report covers the period July 1981 to December 1983 of the
project concerned with the development of polydiacetylene single
crystal fibres and their use in fibre-reinforced composites. It
is broken down into three main sections.

The first (section 2) describes the relationship between the
structure and mechanical properties of polydiacetylene single
crystal fibres. It is demonstrated that the unique single
crystal fibres have perfect molecular alignment and a high degree
of structural perfection. This leads to the crystals having a
high value of Young's modulus which depends only upon the size of
the side-group on the polymer backbone. The strength of the
crystals is demonstrated to be controlled by surface defects and
this allows the strength of the individual molecules to be
determined. Creep and the general deformation of the fibres is
also investigated.

In the next section (3) the use of resonance Raman
spectroscopy to measure the distribution of fibre strain in a
single-f ibre model composite is demonstrated. This allows both
the fundamental mechanisms of fibre reinforcement and the
efficiency of stress transfer in the polydiacetylene/epoxy
composite system to be investigated.

The next section (4) is concerned with both the extension of
the Raman technique to measure fibre strain in high volume
fraction composites and follow the general mechanical behaviour
of such composites. The effect of fibre volume fraction upon the
distribution of strain in the fibres and the tensile and
compressive strengths of the composites is determined.

In the final section (5) the overall conclusions are
summarized and suggestions are made of how the project may be
developed and extended. II_ _
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2. STRUCTURE AND MECHANIAL PROPERTIES OF PORED[ACETYLCM
SINGLE CRYSTAL F IBRE

2 .1 a kg ron d

The increasing use of polymers in structural engineering
applications has lead to a need to understand the factors which
control their fundamental mechanical properties especially as
they are now being exploited as high strength materials. Frank
(1] pointed out that a polymer single crystal should have high
strength and stiffness because of the covalent bonding along the
polymer backbone. For example he showed that polyethylene single
crystals should have the same stiffness as steel when deformed
parallel to the chain direction. Unfortunately it is not yet
possible to obtain large single crystals of polymers such as
polyethylene. When it is crystallised from solution microscopic
lamellar single crystals are obtained in which the molecules are
in chain-folded conformations (2]. On the other hand, melt
crystallization produces polycrystalline spherulitic material
(2]. Similar behaviour is found for other semicrystalline
polymers.

A high degree of molecular orientation can be achieved by
the solution-spinning of aromatic polyamides into fibres (3].
Good molecular alignment can be obtained by the mechanical
orientation of solid polymers (4,5] and the extensional flow in
solution [6]. However, because the fibres produced using such
techniques are not single crystals the values of stiffness and
strength measured for them are significantly less than the
theoretically-predicted ones [7].

Over the past few years developments in the area of solid-
state polymerization have lead to the preparation of macroscopic
single crystals of certain substituted polydiacetylenes (8]. The
diacetylene monomer crystals are prepared by conventional solution
crystal-growth techniques and are then polymerized by heat,
ultra-violet light or ionizing radiation (9]. The polymer single
crystals produced are in the form of lamellae, platelets or fibres
depending upon the chemical structure of the monomer and the
crystall izat ion cond it ions [ 9, 10 ]. The crystals have macroscopic

, dimensions and single crystal fibres several microns in diameter
and up to Scm long can be produced [ 10]. Although in the past most of
the interest in these materials has been concerned with their
optical and electronic properties, the fibres are sufficiently
large to allow the ir mechan ical properties to be evaluated ( 10-12 ].
This present investigation has been concerned with one particular
polydiacetylene, the polymer produced by the polymerization of
1,6-di(N-carbazolyl)-2,4-hexadiyne (13] which will henceforth be
referred to as polyDCHD.

In this present study the perfection of the structure of
polyDCHD single crystals has been demonstrated using both low-
and high-resolution electron microscopy. The mechanical
behaviour of the crystals has been correlated with the structure



-3-

and this has allowed an experimental confirmation of the predicted
mechanical behaviour of polymer crystals.

.2 Elperimental

2.2.1 Monomer SYnthesis

3-(N-carbazolyl)-l-propyne was prepared by the reaction of
bromo-propyne with carbazol in the presence of butyl lithium as
described by Kennedy, Chalmers and Bloor (14]. This was then
dissolved in dioxane and ethylamine added. Oxygen was then
bubbled through the solution while it was stirred vigorously and
after several hours it was poured into hydrochloric acid (0.lM).
The crude monomer product was obtained after extraction with
ether and evaporation of the solvent (final yield 50%). The
chemical structure of the monomer

N N- CH-7C C -C C-,H). ,

(1, 6-di(N-carbazolyl) -2,4-hexadiyne)was confirmed by convent-

ional chemical analysis (Table 1).

2.2.2 CrystAl Preparation

It was reported by Yee and Chance [13] that the DCHD monomer
forms needle-like colourless crystals when crystallized from
common solvents such as acetone, dioxane and toluene. In this
present study long, fibre-like crystals were grown from toluene
by slow crystallization from solution. A saturated solution of
the monomer in toluene was prepared at 800C and the solution
cooled at 50C per day to 50 C where it was left for a further two
days. By this method colourless fibres, which turned pale blue
after a few hours exposure to daylight at room temperature, were
obtained.

In addition, small crystals suitable for study in a
transmission electron microscope were prepared by allowing a
dilute (0.001M) solution of the DCHD monomer in xylene to
evaporate on a carbon film on standard copper electron microscope
grids. This produced a large number of thin ((100nm thick)
crystals on a carbon substrate.

The crystals were polymerized using 40 Mrad of v-rays from
a 60Co source and a dose-rate of 1 Mrad/hour. This dose of
radiation was found to be sufficient to polymerize the polyDCHD
fully such that no residual monomer could be extracted using good
solvents.
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2.2.3 Electron Microscopy

The crystals were examined using conventional transmission
electron microscopy (THM), high-resolution electron microscopy
(HREM) and scanning electron microscopy (SEM). Different specimen
preparation techniques were used in each case.

Crystals for examination by TEM and HR.M % 9 prepared as
described in the previous section. The electror croscope used
in both cases was a JEOL 100 CX (s ide-entry gonionaher, C - 2.8mm)
operated at 100kV. Because polyDCHD suffers radiation damage in
the electron microscope (15], a minimum exposure technique was
adopted for the investigations and high-speed X-ray film was
used. For the conventional TEM a magnification of 5000x was
employed and the beam deflected between exposures. This allowed
several (-6) bright- and dark-field micrographs and selected
area diffraction patterns (SADP's) to be obtained from the same
area of crystal before significant damage occurred. Radiation
damage was more critical for the HREM studies which involved a
magnification of 100,000x. In order to minimise damage,
focussing was carried out on an area near to the area of interest.
The beam was then deflected while the crystal was translated and
finally the micrograph obtained using a relatively short
exposure time (3s). Further details of the HREM technique are
given elsewhere ( 15].

Both deformed and undeformed polyDCHD single crystal
fibres were examined in an SEM (JEOL 50A). The crystals were made
conductive by sputter-coating with a thin layer of gold (-10nm)
and earthed using silver paint. They were examined using an
accelerating voltage of 15kV and the magnification was calibrated
using a fine mesh of known dimensions.

2.2.4 Mechanical Testing

PolyDCHD fibres were mounted across holes between 10mm and
20mm in diameter (depending upon the fibre length) in 0.22mm thick
paper tabs. The fibres were bonded to the paper with Durof ix
adhesive. The tabs were then suspended between spring-loaded
f ibre-testing jaws attached to an Instron mechanical testing
machine. After the f ibres in the tabs had been carefully aligned the
paper edges were burnt away so that the fibres could be deformed
parallel to their length.

The fibres were deformed at different strain-rates ofbetween 0.002 and 0.02 min-1 using load cells with a maximum
capacity of 0.5kg or 1kg. The extension of each fibre was
measured directly by monitoring the movement of marks on the
gauge length of the fibre using a travelling microscope. It was
estimated that by using this method the strain could be measured
to an accuracy of ± 5% at 1% strain.

The load was recorded automatically on a chart recorder and
the stress determined from the load divided by the original
cross-sectional area of the fibres. The original crystal



dimensions were determined by examining each f ibre after failure in
the scanning electron microscope and measuring the dimensions of
the undamaged part. The cross-sections of the fibres were found to
be approximately rectangular and the dimensions quoted are
*effective diameters", i.e. the diameter of a cylindrical fibre
with the same cross-sectional area. These measurements gave an
accuracy of +5% in the determination of stress.

Creep tests were also performed at room temperature (22±20 C)
and elevated temperatures using a specially-constructed creep
rig. A constant force was applied to single fibres using weights
and a pulley system and the fibre extension was again monitored
using a travelling microscope. It was estimated that using this
technique the stress and strain could both be measured to an
accuracyof ±5%. The specimens could also be heated at constant
temperatures up to 150 0 C and held at ±5°C whilst the creep
behaviour was evaluated.

2.2.5 Differential ScqADng Calorimetry

The thermal stability of the polyDCHD fibres was examined by
differential scanning calorimetry (DSC) using a Du Pont 900
Thermal Analyser. The technique involves the heating in the same
chamber containing an inert atmosphere, a few milligrams of
fibres in a sealed aluminium container and a reference sample
consisting of an empty container. The heating rate was kept
constant at 10K/min and the temperature difference (AT) between
the sample and reference was monitored continuously.

2.3 Structure

The crystal structure of polyDCHD has been determined using
X-ray diffraction [16,17] to a high degree of precision. Details
are given in Table 2. In this present study the structure and
morphology of the polyDCHD single crystal fibres have been
investigated using electron microscopy and this is related to
mechanical properties in subsequent sections.

2.3.1 k1XpbQJgy

It was found that the polyOCHD crystals have a ribbon-like
morphology as shown in Figure Ia. Previous investigations have
established that the polymer chains are parallel to the fibre
axis and that the smooth faces of the crystals can be indexed as
crystallographic planes [17]. However careful examination of the
crystals has shown that there are also steps on the surface of the
crystals (e.g. Figure lb) which have probably formed during the
growth of the monomer crystal. These steps make angles typically
of about 20 0 C with the fibre axes on the polyDCHD crystals and the
step height is normally about 1/10 of the fibre diameter.

The different crystal faces can be seen more clearly in
Figure 2 which shows optical micrographs of polished
perpendicular sections of polyDCHO fibres which have been
embedded in an epoxy resin. The three principal faces (010),
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{210) and (210) have been indexed using the crystallographic
information in Table 2.

An example of the microscopic crystals used for transmission
electron microscopy is given in Figure 3. The crystals shown in
this micrograph have their fibre axes parallel to the chain
direction and are similar to the crystal shown in Figure la but
considerably smaller. The crystals also have the three types of
faces shown by the crystal in Figure 2 and they generally lie on
the carbon film with one of these faces parallel to the plane of
the film. Hence a variety of [uvO] SADP's are obtained from
different crystals as shown in Figure 4. These correspond to beam
directions of [1101, [120] and [140] which are all perpendicular
to the (001] chain direction and fibre axis. This should be
contrasted with another polydiacetylene, the toluene sulphonate
derivative, polyTSHD which has a similar crystal structure (18]
but for which the crystals have a lamellar rather than fibrous
habit. For polyTSHD crystals always lie with their (010) faces
parallel to the carbon film and hence the electron beam parallel
to the [120] direction [19].

Figure 5 shows a high magnification transmission electron
micrograph of the edge of a thin polyDCHD crystal containing a
step. It can be seen that the base of the step is extremely sharp
with a root radius of about 4nm. This is typical of many similar
steps that have been observed in other crystals. In contrast to
the macroscopic fibres it was found that the steps made angles of
between 200 and 600 with the fibre edges. The slightly different
geometry of the steps in the microscopic crystals was probably
due to the different methods of crystal growth employed for the
two types of crystals (Section 2.2).

2.3.2 Lattice Imaging

A powerful method of determining the degree of internal
perfection in crystals is to directly image the crystal lattice
at high magnification using the HREM technique (15]. This is
normally very difficult with polymer crystals but it has been
found recently that certain polydiacetylene crystals are
sufficiently resistant to radiation damage in the electron
microscope that lattice images can be obtained [15, 20]. Figure 6
shows a (010) lattice image obtained from a polyDCHD crystal with
fringes parallel to the chain direction at a spacing of 1.2 +*
0.1nm. The regular, parallel nature of the fringes which are
parallel to the chain direction shows that the crystals have a
high degree of molecular alignment and internal perfection. It
was found in an earlier investigation [15] that extremely regular
lattice images are obtained and that only very occasionally are
defects such as chain-end dislocations encountered.

2.3.3 Thermal Stabi ity

The thermal stability of polyDCHD was determined by DSC and
a typical thermogram is shown in Figure 7. The base-line is
horizontal to about 3000 C. Above this temperature there is

3:A
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evidence of a slight exothermic reaction but there is not a large
exotherm until the material is above 4500 C. This exotherm appears
to be due to degradation and there is no evidence of any melting
having taken place in the polyDCKD crystals below at least 500"C.
Although it is known that polydiacetylene single crystals have good
thermal stabilities the behaviour of polyDCHD is particularly
impressive (13]. The high-temperature behaviour depends upon the
type of side-group (-R) and it appears that the carbazolyl side-
group on polyDCHD gives this polydiacetylene extremely good
stability.

2.4 Heghanical Rropeties

2.4.1 Stress-Strain Behaviour

A stress-strain curve for a single polyDCHD fibre is given
in Figure 8. The curve is linear up to a strain of about 1.8% and
there is a slight decrease in slope above this strain until
fracture occurs at a strain of about 2.8%. Loading and unloading
took place along the same paths indicating that there was no
detectable hysteresis. The fracture strain of 2.8% is typical of
polyDCHD fibres of this diameter (20Am). It tends to increase as
the fibre diameter is reduced reflecting the size dependence of
the fracture stress and strain (10-12].

This stress-strain curve gives a direct indication of how
deformation takes place on a molecular level in polymer
crystals. Since the polyDCHD fibres are relatively perfect
polymer single crystals the deformation directly involves the
stretching and bending of bonds along the polymer backbone. This
has been confirmed using Resonance Raman Spectroscopy [21) where
it has been shown that the frequencies of the C-C, C--C and C_-C
stretching modes in polydiacetylene crystals depend upon the
deformation of the crystals, decreasing with applied strain. The
consequent reduction in the force constants is one of the factors
leading to the slight reduction in slope of the stress-strain
curves at high strains.

2.4.2 Young's Modulum

The Young's modulus can be found from the slope of the
stress-strain curve in Figure 8. It was found to be 45+2 GPa from
measurements upon over 10 different polyDCHD crystals. The
modulus of DCHD increases with conversion from monomer to polymer
and this behaviour has been followed in detail by Enkelmann and
coworkers [17] using Brillouin Spectroscopy. The polymerizing
fibres behave like a composite with a monomer matrix reinforced
with growing polymer molecules. The modulus increases as the
'volume fraction' of polymer increases with conversion from
monomer to polymer.

The general formula of disubstituted polydiacetylene is



C I

For a particular type of polydiacetylene the value of modulus
depends upon the size of the side-group (-R) which controls the
effective cross-sectional area of the polymer chain. The
carbazolyl side-group on polyDCHD is relatively large and the
modulus of 45 GPa reflects this. On the other hand the polyEUHD
derivative has a smaller side-group and consequently a modulus of 62
GPa [11]. The dependence of modulus upon side-group size is
illustrated in Figure 9 where the modulus E, of polydiacetylene
crystals is plotted against the reciprocal of the area supported by
each molecular in the crystal, l/A, (determined from the knowledge
of the crystals' structure) for several different derivatives. The
proportionality between E and 1/A shows clearly that the modulus is
controlled by the chain cross- sectional area. The value of 1/A is
also indicated for polyethylene (A = 0.18nm 2 ) which only has
hydrogen atoms on the polymer chain. Assuming the two backbones
have about the same stiffness then a modulus of 250 - 300 GPa is
predicted for polyethylene single crystals - in line with current
theoretical predictions [7].

The similarity between the deformation of polydiacetylene
molecules and polyethylene molecules is further demonstrated in
Figure 10 where a series of force-strain curves are given for the
molecules. The force has been determined from the stress and the
area supported by each polymer chain in the crystal. Curves are
given for both experimental measurements on polydiacetylene
single crystals (ii, 12] and for different calculated values of
modulus for polyethylene [22 -24]. Although the bonding on the
two chains is different both have planar zig-zag conformations
and it can be seen that the curves have similar slopes. This is
further confirmation of the high stiffness of polydiacetylene
molecules and shows that the deformation of polydiacetylene
fibres takes place by the stretching and bending of the bonds on
the polymer backbone.

2.4.3 1racture 5t5s5

It was found that there was a strong dependence of the
fracture stress, of, of the polyDCHD fibres upon the fibre
diameter as can be seen in Figure 11. The value of of falls by
over a factor of 2 as the fibre diameter is increased from 10Mm to
80m. This type of behaviour has been reported previously for
other polydiacetylene single crystal fibres (11, 12] and also for
inorganic high-strength fibres (25, 26]. It has been explained
in terms of surface defects [217] and will be discussed further in
section 5.
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2.4.4 Creeg

One of the mosL remarkable aspects of the mechanical
properties of polydiacetylene single crystals is that during
deformation it has not been possible to measure any time
dependent strain or creep. This behaviour is shown in Figure 12
for a polyDCHD single crystal held at constant stress at room
temperature. No increase in strain was measured above that
produced by the initial loading over a period of up to 80 hours.
Preliminary measurements have indicated that creep could not be
detected during deformation above ambient temperature up to a
temperature of at least 100 0 C.

Creep and time-dependent deformation are normally a serious
draw-back in the used of conventional high-modulus polymer fibres
such as polyethylene [28] in engineering applications. Such f ibres
are normally produced by drawing or spinning and although there is a
high degree of molecular alignment, the f ibres cannot be class if ied
as single crystals. They contain a high density of defects such as
chain-ends, loops, entanglements and some non- crystalline
material. This allows the translation of molecules during
deformation and consequently leads to creep. In contrast since the
polyDCHD f ibres are single crystals and the molecules are extremely
long there is no mechanism whereby creep can take place even when the
temperature is raised above ambient. The equilibrium melting
temperature of polydiacetylene single crystals is well above their
degradation temperature. This should be contrasted with
polyethylene which melts at about 140 0 C and so has only very
limited high-temperature applications.

2.4.5 Compressive Properties

A serious problem with some high-strength polymer fibres,
such as Kevlar, is that although they have very good tensile
strengths they are rather weak in compression. This is reflected
in the strength of composites reinforced with Kevlar fibres being
up to 5 times stronger in tension than they are in compression
[29, 30]. A simple way of investigating the compressive
behaviour of a fibre is to tie it in a knot and see how much damage
occurs. If this is done with a Kevlar fibre, the fibre
delaminates badly and splits along its length [30]. Figure 14
shows two electron micrographs of a polyDCHD fibre that has been
knotted. It can be seen that the fibre tends to deform unevenly,
bending sharply in one area (Figure 13a). When the knot is pulled
tighter the fibre still remains intact (Figure 13b) but tends to
split parallel to the chain direction. It can also be seen that
the bending strain is accommodated by the formation of twins
which form in the region of the fibre subject to compression.
This twinning process has been studied in detail previously [31].
It takes place by the bending of molecules across a well-defined
twin boundary and is to a certain extent reversible.

This ability to tie the polyDCHD f ibres into tight knots has
important implications for their use in composites. The ability
to absorb strain by twinning means that they should not break up
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as easilyasglassfibresduringfabrication. It is also likelythat
composites reinforced with polydiacetylene single crystals will
have more comparable tensile and compressive strengths than Kevlar
composites as is found in Section 4.

2.5 _Theoretical Strength

it is now well-established that the dependence of the
strength of strong fibres upon fibre diameter can be explained in
terms of surface defects [25 - 27] similar to those seen in
Figures I and 5. This is because there is a stress concentration
at the base of the surface steps or notches which varies with
fibre diameter. It is generally accepted [12] that the
dependence of of upon the diameter, d, follows a relation of the
form

of a 1/d (1)

However, the data from Figure 11 have been replotted in Figure
14, a log-log plot and it can be seen that the dependence of of
upon d can be given more closely by the equation

of a I/d 0 " s (2)

It will now be shown that this is precisely the behaviour
expected for crystals containing surface defects and that from
knowledge of the defect geometry the theoretical strength of a
defect-free crystal can be determined.

The magnitude of the stress concentration will depend upon
the geometry of the surface notch or step. It can be shown that
in general the stress concentration factor 7) at the root of a step
or notch is given by

77a = o/Oa = ki + k 2 al/2 p (3)

where oa is the applied stress, a. the stress at the root of
the defect, a is the notch or step depth, p the radius of curvature
at the root of the defect and k1 and k2 constants which depend upon
the geometry of the defect (26, 27].

It has been found that for polyDCHD crystals, similar
polydiacetylenes (10, 11] and other high-strength fibres (2"7]
that the depth a scales with the fibre diameter such that

a-d/m (4)

where m is a constant which is of the order of 10 (cf Figure 1).
Putting equation 4 into equation 3, setting ca of. at fracture and
rearranging gives
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1 k k2  d'A (5)

Of Go  ao (pm) 1/2

where a0 now becomes the strength of a defect-free crystal - i.e.
the 'theoreti 5 al strength'. Hence it is predicted that a plot 9f
1/0 versus dl 2 should give a straight line of slope k 2 a (pm) 1 2

with an intercept of kl/o 0. This plot is given in Figure f5 and it
can be seen that the data fall on a straight line and give an
intercept close to the origin. Considering the approximations
involved in the analysis (e.g. equation 4) it appears that the
agreement between the data and theory is very good.

In addition, it is possible to determine the theoretical
strength, 0 if k,, p and m are known or can be found. The value of k 2
depends upon whether the defect is a step or notch and the angle it
makes to the fibre surface [26, 27]. For example, for 450 steps it
has a value of 0.26 and is 0.76 for 90( steps (27]. Examination of a
large number of steps on macroscopic polyDCHD f ibres has shown that
they make angles typically of about 200 to the fibre surface.
Extrapolating the results of the photoelastic stress analysis of
Marsh (27] to this angle means thatk 2 should be of the order of 0.1 to
0.15. The radius of curvature, p, at the base of the step can be
determined by examining the edges of thin microscopic crystals at
high magnification as seen in Figure 5. Measurements from a large
number of crystals have shown that p is typically between 3nm and
5nm, hence phas been taken as 4nim. Itwas shown earlier thatm is of
the order of 10 and since the slope of the curve in Figure 15 is 0.2
GPa/d~Am 1m2 then the theoretical strength of polyDCHD is calculated
to be 3+1 GPa. The rather large uncertainty in the theoretical
strength arises from errors in estimating the values of p, m and the
slope of the curve in Figure 14. Since each molecule supports a
cross-sectional area of about 1 nm2 a strength of 3 GPa corresponds
to a force required to break molecules of about 3 nN and a fracture
strain of between 6% and 8%. A fracture strain of this size would
correspond to a fracture stress of about 20 GPa for polyethylene
single crystals. This compares with the highest measured value for
highly-oriented polyethylene fibres which is only of the order of
4 GPa [6, 7].

2.6 SummarX

It has been shown that the unique structure of poly-
diacetylene single crystal f ibres leads to these materials having
high levels of mechanical stiffness and strength. In addition the
fibres can possess exceptional thermal stability and have
excellent resistance to creep deformation. Polydiacetylene
single crystal fibres therefore have great potential as
reinforcing fibres in composites and for this purpose offer
significant advantages over other polymeric fibres such as high-
modulus polyethylene and aromatic polyamide fibres such as
Kevlar. The use of polydiacetylene single crystal fibres in
composites is pursued in subsequent sections.
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3. P I STR I UT ION OF F-LIBE-$TM I N A MODEL S INGL M[R
COMPOSITE

It is well established that the composites produced by
incorporating brittle high-modulus fibres in a matrix of epoxy
resin or metal can have outstanding mechanical properties. This
led to their use initially in the high-technology aerospace
industry but now they are finding use in more general engineering
applications. Many fibres, such as those of glass, carbon or
Kevlar, are produced in continuous form but others are available
only as short filaments or whiskers and even continuous fibres
are often employed as chopped strands, for example, when they are
incorporated into moulding compounds. When discontinuous fibres
are used the attainment of good mechanical properties depends
critically upon the efficiency of stress transfer between the
matrix and fibres.

This problem of stress transfer has received considerable
attention over the years and the model system usually considered
has been that of a single fibre embedded within a matrix under
stress. This system has been analysed from a theoretical
viewpoint by several workers [32 - 34] and also experimentally
using photoelastic stress analysis [35 - 37J. In his classical
study, Cox [32] determined analytically both the tensile stresses
in the fibre and the shear stresses at the fibre/matrix
interface. The relatively simple equations which resulted have
made this a very attractive model for numerous applications. The
Cox analysis is, unfortunately, based upon an oversimplified
model and includes certain assumptions which are not valid in
most composites. For example the model assumes that no tensile
stress is transferred from the matrix to the fibre through
adhesion at the ends. There have been attempts to find better
analytical solutions but the results obtained do not differ
greatly from the Cox analysis except at the fibre ends [33]. An
approach of potentially greater usefulness is the application of
finite element analysis. Using this technique Carrara and
McGarry [34] have been able to determine the effect of fibre-end
geometry upon the distribution of stresses in the fibre and the
matrix.

The leading experimental approach to the problem has been
the use of photoelastic analysis to determine the stresses in a
birefringent matrix, such as an epoxy resin, containing a single
reinforcing fibre. Although this technique gives only the matrix
stresses it has been found that the shear stresses near the fibre
ends are generally higher than given by the Cox shear-lag model.
The results of these experiments are in better agreement with the
predictions of more sophisticated analytical solutions [33] and
finite element analysis [34]. The photoelastic technique does
not, however, allow the variation of tensile stress along the
fibre to be determined. This is unfortunate since the strength of
composites is often limited by fibre fracture in regions of high
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fibre tensile stress.

It was shown in Section 2 that Polydiacetylene (PDA) fibres
have promising mechanical properties with values of Young's
modulus up to 65 GPa and strengths over 1.5 GPa in the fibre
direction (11]; the modulus perpendicular to the fibre axis is
also considerably smaller. As the single crystal fibres also
show no creep and have good thermal stability they have
considerable potential as reinforcing fibres in all-polymer
composites. The resonance Raman (RR) spectrum of a PDA crystal
usually has only four to six intense lines, one of which has a
frequency of about 2100 cm-1 and corresponds to a vibrational
mode dominated by stretching of the triple bond [38]. When
tensile stress is applied to the crystal along the direction of
the polymer chain this Raman line has been found to shift to lower
frequency at a rate of approximately 20 cm-1 for a 1% strain (39].
In the present study we have used RR spectroscopy to directly
measure the point-to-point variation in strain along a
polydiacetylene single crystal fibre embedded in an epoxy resin
matrix which was under an applied tensile stress. In this
circumstance the fibres behave as if they have an internal
molecular strain gauge [40]. It has been possible to determine
both the efficiency of stress transfer in the PDA fibre-epoxy
resin system and, more generally, to investigate the fundamental
mechanisms of reinforcement in fibre composites.

3.2 Experimental

3.2.1 !.bre Preparation

The substituted diacetylene derivative 1,6-di-(N-
carbazolyl)-2,4-hexadiyne (DCHD) was prepared by previously
described techniques (13, 41]. Monomer crystals with their axial
dimension much longer than their transverse dimension were
prepared by slow evaporation from toluene solution. The diameter
of the approximately cylindrical crystals could be controlled in
the 10 to 100 jum range by adjusting the rate of crystallization;
the length varied between 5 and 30 mm. Crystals of uniform
diameter and free of obvious surface defects were polymerized by
exposure to 35 to 40 Mrad of 6 0 Co v-radiation. As a result of the
topochemical reaction, the polymer chains (poly DCHD) formed
parallel to the long axis thus creating single crystal polymer
fibres. The fibres had a Young's modulus of 45 + 1 GPa in the
axial direction as shown in Section 2.4.2.

3.2.2 ftgQimen FabricatjQ

Single fibre composite specimens were prepared with Ciba-
Geigy XD 927 two-part solvent-free cold-setting epoxy using (by
weight) 100 parts of resin to 36 of hardener. It had been
previously demonstrated that poly DCHD fibres bond well to an
epoxy resin [40]. For these experiments it was also important
that the epoxy matrix should be sufficiently transparent and free
from fluorescence that RR spectra could be measured for embedded
fibres. The PTFE mould was half filled with epoxy and allowed to
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partially set before the fibre and the rest of the epoxy were
added. This ensured that the fibre was approximately at the
centre of the 6 mm thick specimen. The results for specimens
prepared in this way were the same as for those prepared by the
more difficult technique of introducing the fibre into the
already filled mould. After setting at room temperature for 24
hours, thin-film resistance strain gauges of gauge factor 2.1
were attached with the same epoxy to the surface of the specimen
at the centre of the fibre. With a DVM it was possible to measure
the matrix strain to an absolute accuracy of + 0.05%. On two
specimens strain gauges were placed at various positions on the
surface to confirm that the matrix strain was uniform over the
full length of the fibre. The finished specimens were cured at
100 0 C for 16 more hours and then polished to give smooth
transparent surfaces. Holes were drilled at both ends to
accommodate the clamps used to apply tensile stress: a typical
specimen is shown in Figure 16. After completion of the
measurements the specimens were sectioned at several points to
determine the fibre diameter. Dummy specimens without fibres
were subjected to standard tensile test procedures to determine
the mechanical properties of the epoxy resin matrix. The Young's
modulus of 2.8 + 0.3 GPa was in reasonable agreement with the
prediction of the manufacturer.

3.2.3 Mechanical Testing

A small tensile loading device was used to apply stress in the
fibre direction. The device was mounted on a micrometer slide so
that the full length of the fibre could be traversed through the
incident laser beam. The RR spectra were measured with 1800
backscattering geometry using a double monochromator and photon
counting system [43] with the 676 runlineof aKr ion laser. The laser
beam intensitywas approximately 5 mW and the focal spot was about 23
Am in diameter; under these conditions there was no risk of damaging
the crystal while good positional sensitivity was retained. The
2085 cm- I Raman line of the poly DCHD single crystal fibres could be
measured with an accuracy of ± 2 cm- i; shifts in the frequency could
usually be measured with greater precision. Prior to undertaking
the composite experiments the shift of this line with tensile strain
had been measured for a DCH fibre which was gripped at the ends but
otherwise free-standing ( 10]. The data shown in Figure 1"7 were very
similar to those found for other PDA single crystal fibres (21, 39,
44] ; for poly DCHD fibres the Raman frequency was found to decrease
at 19.7± 0.4 cm- I/% for tensile strain. Thus measurement of theRR
spectrum of a fibre under tensile stress made it possible to
determine the strain within a 25Amdiameter region on the f ibre to an
absolute accuracy of about + 0.1%. The RR technique measures the
strain at the surface of the pDCH fibre since the effective skin
depth for Raman scattering at this wavelength is only about 10 nm
(43].
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3.3 Results and Discussion

3.3.1 Strain at the Fibre MidDoint

Figure 18 shows the axial strain at the midpoint of poly DCHD
fibre I in a composite specimen similar to that in Figure 16 as a
function of the strain in the epoxy resin matrix when uniaxial
tensile stress was applied to the specimen. The strain in the
embedded fibre was determined by the frequency of the Raman line,
that of the matrix by the attached resistive strain gauge. Thus
the matrix strain referred to in this paper is that in the bulk of
the specimen which in general will be different from the local
strain of the matrix in the vicinity of the fibre. The 4.5mm long
fibre had a diameter of 21m. Below 0.5% matrix strain the data
follow the Reuss line (R) in Figure 18 which has been predicted by
assuming that the stresses in the fibre and matrix are equal (45].
Since the modulus of the fibre is approximately 16 times that of
the matrix its strain under these conditions is expected to be
considerably less than that of matrix. At matrix strains above
I%, however, additional strain in the matrix is matched by that in
the fibre. Thus in Figure 18 the data parallel to the Voigt line
(V) which was drawn using the assumption that the strain in the
fibre and matrix are under conditions of equal stress in the low
strain region. At higher matrix strains the strain at the end of
the fibre saturates while that in the central portion continues
to increase in proportion to the matrix strain. As shown in
Figure 21 the length over which the fibre strain rises from its
value at the end to that of the central section is equivalent to
half the ucritical length" 1c. The fibre length must be greater
than 1 if the saturation value of the axial strain is to be
reacheS at the midpoint. This length is closely related to the
critical length determined by fibre pull-out tests (46-48]. On
the fourth loading, Fibre 11 was taken to such high stress that
debonding of the end of the fibre occurred. This is shown by the
essentially zero strain over the first 0.5 mm of the fibre in
Figure 22c. This was the only instance in which there was an
indication that the bonding between fibre and matrix was anything
other than perfect; all other specimens suffered matrix fracture
before debonding occurred. A fibre treated with epoxy release
agent before it was embedded in the matrix was not subject to any
axial strain when the matrix was stressed. This showed that
frictional forces were insignificant as compared to those arising
from adhesion for this polydiacetylene/epoxy composite.

3.3.3 Kehanism of Stress Transfer

Figures 18 and 19 show that in the low strain region (< 0.5%)
the composite follows Reuss type behaviour and the axial strain
in the fibre is primarily determined by the stress placed upon the
fibre through the matrix attachment at the ends. Thus the stress
in the fibre is uniform along its length and approximately equal
to the stress in the matrix. The fibre modulus is much greater
than that of the matrix so its corresponding strain is much less
though also uniform along the length of the fibre. Figures 21 and
22 demonstrate both of these features. For matrix strains over
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1%, the high strain region, the relative displacement of the
fibre and matrix causes a concentration of shear stresses in the
matrix in the vicinity of the fibre ends. These shear stresses in
the matrix are converted into tensile stresses in the fibre at
the fibre/matrix interface as first pointed out by Cox (32]. In
this way "grips" are formed on the end of the fibre and additional
tensile stresses in the matrix are transferred through them. Thus
in the high strain region the additional strains in fibre and
matrix are equal and the shear-lag model of Cox should be in at
least qualitative agreement with the results of the present
experiment. Since the shear-lag model assumes no stress is
transferred through adhesion at the ends of the fibre it can make
no predictions about the behaviour of a specimen in the low strain
region.

The predictions of the Cox model for the relation between
axial fibre strain ef and matrix strain e in the high strain
region can be summarised in the single equation

cosh(L/2-x)/1 0  (6)

cosh L/210

where x is the position along a fibre of length L. The constant 10
is given by

2
10 urf[Ef In (R/r

m

where Ef is the tensile modulus of the fibre, Gm the shear modulus
of the matrix, r the fibre radius and R the separation between
fibres. For L )> 10 equation 6 can be simplified to the following
form:

ef/Em 1 - exp[-x/1o] - exp[-(L-x)/L.] (8)

It can be seen that for positions well away from the fibre ends ef
- em , while ef decays exponentially to zero as the fibre ends are
approached, reaching the l/e point at x - 10 or x - L - l. Thus
the constant 10 should be approximately equal to half the
critical length 1 determined in the present experiments.
Equation 7 predicts therefore that lc should be directly
proportional to the fibre diameter. The results of measurements
of 1c for 17 poly DCHD fibres of differing diameter are shown in
Figure 23. The data points almost all fall on the straight line
passing through the origin within their uncertainty limits, and
so agree very well with that prediction. It is impossible,
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however, to compare the slope with that predicted by the Cox model
since it assumes that other f ibres lie within a few diameters of
the central f ibre and equation 7 has a logar ithmic divergence f or
the case of a single f ibre composite specimen.

The finite element analysis of Carrara and McGarry ( 34 ] was
carried out on single fibre composite specimens of similar
elastic properties to the present specimens although it was
assumed that the fibres as well as the matrix possessed elastic
isotropy. Figure 8 of that paper, in which the axial stress is
plotted as a function of position along the fibre, shares two
features in common with Figures 21 and 22 in the present paper, in
which axial strain is plotted as a function of position. The
axial stress and strain in the fibre are simply related by the
Young's modulus of the fibre so the two types of plot are
equivalent. Firstly, the finite element analysis shows that the
axial stress in the f ibre rises f rom a f in ite value at the end of
the f ibre to a fairly constant value over the central portion of
the fibre. Secondly, the axial stress at the midpoint of the
f ibre is lower than that applied to the matrix. Unfortunately the
finite element analysis is a numerical procedure without an
analytical solution. Thus it is not possible to compare the
present results quantitatively with those of Carrara and McGarry.
It is clear, however, that this approach contains the basic
elements necessary to explain the results of the present
exper iments.

When the stress applied to a specimen was removed the matrix
strain as determined by the attached strain gauge initially
remained finite. The magnitude of this residual matrix strain
increased until a limiting value was reached. The applied stress
at which the limit was reached was essentially the same as that
required to take the composite specimen into the high strain
region where additional matrix and f ibre strains were equal. As
shown in Figure 20 the critical matrix strain required to reach
the high strain region was nearly independent of the aspect ratio
of the embedded f ibre and hence must largely be determined by the
matrix alone. This property of the matrix would thus appear to be
an impor tant f actor in the f ormat ion of the 0gr ips 0 wh ich mar k the
transition to the Voigt type behaviour. It was also found that
this residual strain relaxed over a period of several days as
shown by the results for a single specimen in Figure 24. This
suggests that the very high shear stresses that lead to the
formation of the "grips" take the matrix into a deformed state
from which it Is difficult to recover. This slow return to
elastic behaviour could be described as viscoelastic.

3. 4 3mmnAXx

It has been demonstrated that it is possible to measure the
axial strain in a PDA single crystal f ibre in a transparent epoxy
resin matrix. For matrix strains below 0.5% the single fibre
model composite demonstrated Reuss type behaviour with the axial
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stress approximately equal to the tensile stress in the matrix.
Above 1% matrix strain the application of additional tensile
stress resulted in Voigt type behaviour with the tensile strain
in the fibre matching that in the matrix. [n the high strain
region the simple model of Cox provides a qualitative description
which can explain most of the observed results. An approach such
as that supplied by finite element analysis, however, will be
required to give a quantitative description over the full range
of applied stress.
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4. MECHANICAL BEHAVIOUR OF HIGH VOLUME FRACTION COMPOSITES

4.1 Backaround

In this final experimental section the use of the polyDCHD
polydiacetylene (PDA) single crystal fibres has been invest-
igated. Three main aspects have been investigated. Firstly, the
possibility of using PDA fibres as a strain gauge suggested in
section 3 has been demonstrated for the case of a few PDA fibres in
a glass fibre reinforced epoxy resin. Secondly, the effect of
increasing the volume fraction of fibres upon the distribution of
stress in the fibres has been investigated for a PDA/epoxy
composite. Finally, the failure behaviour in both tension and
compression has been followed for PDA/epoxy composites
containing a high volume fraction of fibres. This is of
particular interest since the compressive strengths of epoxy
composites reinforced with polymer fibres such as Kevlar have
been reported [49] as being rather poor in the past.

4.2 Experimental

4.2.1 Fabrication of glass fibre/PDA/eooxy composites

Low volume fraction composite specimens of epoxy resin
containing glass fibres were prepared. A PTFE mould was filled
with layers of epoxy and aligned glass-fibres. A number of
diacetylene fibres were introduced and distributed uniformly
near the surface of the specimen. The specimens were then
allowed to set and cure as described in section 3.2.2. Strain
gauges (gauge factor 2.1) were attached using the same epoxy to
different positions on the surface of the sample. The local
volume fraction of glass fibres was determined by cross-
sectioning the composites at different places and examining them
in an optical microscope.

4.2.2 Fabrication of PDA/eooxy compositeq

Two types of PDA/epoxy composite samples were prepared, one
containing a small bundle of fibres and the other having a high
volume fraction of fibres. For the first type, the PTFE mould was
half-filled with epoxy and allowed to partially set before a
bundle of PDA fibres and the rest of the epoxy were added. Again
the same procedure was followed for the setting, curing of the
resin and the attachment of strain-gauges.

Composites with high volume fractions of PDA fibres were
made by filling the mould with alternating layers of resin and
fibres (about 50Am in diameter). The same procedure as before for
the setting and curing of the resin and the attachment of strain
gauges was employed.

4.2.3 Mechanical testing

The variation of strain in the polyDCHD fibres was measured
using resonance Raman spectroscopy as described previously in



section 3.2.3. Since the glass fibres and epoxy matrix were both
transparent to the laser light, the strain in individual fibres
at various positions in the bundles of fibres could be
determined.

The high volume fraction PDA fibre composites were also
tested to destruction in both tension and compression. The
tensile specimens were made by sticking aluminium tabs onto the
compression moulded composite bars with the epoxy resin.
Compression specimens were produced by moulding cylindrical
pieces of epoxy onto the ends of the bars. The specimens were
deformed in either tension or compression in an Instron
mechanical testing machine. The failure stress was determined
from the maximum load and specimen dimensions.

The surfaces of the specimen fractured in tension were
examined in a scanning electron microscope (JEOL 50A) after they
had first been coated with gold.

4.3 gesults and Discussi:n

4.3.1 Class fibre/PDA/epoxy composite

Figure 25 shows the behaviour of the middle of polyDCHD
fibres embedded within glass-fibre composites for three
different volume fractions (Vi). It is apparent that for very low
volume fractions (- 3.8%) the behaviour is the same as that
observed before for single-fibre composites (section 3), while
for samples of relatively higher volume fraction (Figure 25) the
Voigt line is closely followed. This would indicate that the Cox
model [32] is applicable for composites of a volume fraction
beyond a lower limit of about 8%. However, it was found that in
these cases the fibre-strain was uniform along the fibre with
only a very small drop near the ends. This cannot be explained by
the Cox approach [32].

4.3.2 Bundles of P fibes inqx rgsin

Figure 26 shows the fibre-strain as a function of the
matrix-strain for five different points on the bundle of fibres with
a local volume fraction of - 3%. As can be seen, a single fibre type
behaviour is observed throughout the bundle. No significant
deviations are observed between the five different point and up to
about 1.40% matrix strain beyond which debonding takes place in the
middle of the bundle.

4.3.3 fj@Eg;. _ef compQs its

Table 3 shows the failure stresses of composites deformed in
either tension or compression. It can be seen that the tensile
fracture stresses are about twice those obtained in compression.
It can also be seen that the compressive stress appears to be
independent of volume fraction whereas that obtained in tension
increases with fibre volume fraction. This should be contrasted
with the behaviour of composites reinforced with Kevlar fibres



which hav~e tensile strengths of up to f ive times larger than
those obtained in compression (49).

Figure 27 shows three fractured tensile specimens. It can
be seen that fracture occurred in the centre of the gauge-length
and that f ibre pull-out has also occurred. In contrast it can be
seen from Figure 28 that the mechanism of failure in compression
is completely different. The specimens buckle in a small region
but otherwise remain intact.

The surf aces of a composite fractured in tension are
shown in Figure 29. It can be seen that there is considerable
pull-out of f ibres and that fracture of the individual f ibres has
also occurred. The faceted nature of the f ibres can also be seen
in Figure 29b.

4.4 Sumxay

It has been demonstrated that resonance Raman spectro-
scopy can be used to measure the strain in individual fibres in
composites containing polydiacetylene single crystal fibres.
This has been done for both bundles of PDA fibres in an epoxy
resin matrix and fibres dispersed in a glass fibre reinforced
epoxy resin. It has been found that at low volume fractions the
strain in the individual fibres is less than that in the matrix
whereas when the volume fraction of fibres exceeds about 8% the
strain in the fibres and matrix become similar.

The deformation of epoxy composites reinforced with high
volume fractions of PDA fibres has been investigated in both
tension and compression. It has been found that the strength of
the composites in tension is about twice that measured in
compression and tensile strengths of up to 150 MPa have been
obtained for composites containing over 50% by volume of PDA
fibres. Failure in compression occurs by local buckling of the
composite whereas fibre pull-out and fibre fracture takes place
dur ing tens ile def ormat iin.



5. CONCLUSIONS AND SUGGESTIONS FOR FURTHER WOR

It has been clearly demonstrated that polydiacetylene single
crystal fibres have a high degree of stiffness and strength and
offer considerable promise as reinforcing fibres in an all-polymer
composite. In addition it has been shown that resonance Raman
spectroscopy can be used to measure fibre strain with a high degree
of precision and accuracy and so allow both the fundamental
mechanisms of fibre reinforcement to be investigated and enable the
efficiency of stress transfer in the polydiacetylene/epoxy system
to be evaluated. It has been demonstrated that the simple theories
of fibre reinforcement are only approximations of the actual
situation. However, it is clear that in the polydiacetylene/epoxy
system the stress transfer is good and the system shows a great deal
of promise asan all-polymer composite material.

On the basis of this final report it is suggested that

future investigations should be along the following lines:

1) $ynthes-is of tronger ibe

Fibres with better mechanical properties could be produced
if the size of the side group on the polymer chain were
reduced further. It is suggested that a programme of
synthesis of a larger number of polydiacetylene derivatives
with smaller side-groups is performed and the mechanical
properties of the polymers produced he investigated.

2) Extension of Raman technigue

The resonance Raman method offers a unique method of
measuring fibre strain. This could be extended to
composites with high volume fractions of fibres. It could
be used with transparent polymer matrices other than epoxies
and with other types of deformation in addition to simple
tension. Further studies could be made of the fundamental
aspects of fibre reinforcement. Since the matrix strain can
be measured using photoelastic stress analysis it is
possible to evaluate the entire state of strain in at least
simple composites. Combined with finite element analysis
this would offer a powerful combination of experimental and
theoretical methods of monitoring the mechanisms of fibre
reinforcement.

3) Kechan icl behav iourofaMposites

In this present programme of work there was only time to
look at very basic aspects of the deformation of the
polydiacetylene/epoxy composites. Other aspects which
should be followed include the dependence of the strength
and Young's modulus upon fibre size and orientation and the
dependence of the modulus upon volume fraction. Also the
impact behaviour could be of particular interest.



4) Methods of composite fabrication

In this present project only very simple methods of
composite fabrication were employed. Since the poly-
diacetylenes are a new type of reinforcing fibre, they offer

different methods of composite fabrication.
Since the fibres are relatively tough and can be knotted it
is highly likely that they may be resistant to fibre
attrition which is a problem with the fabrication of short-
strain glass-fibre reinforced composites. Other novel
methods of fabrication may emerge based on the unusual
method of fibre manufacture. The fabrication of these
fibres into composites would need to be thoroughly
investigated before they could be used on a commercial
scale.
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TABL.,E 1

Analysis of the composition of the DCHD monomer

Wt% C H N

Calculated 88.21 4.94 6.86
Measured 87.82 4.79 6.75

TABLE 2

Unit cell parameters and space group of poiyDCHD
indexed with the chain direction as c

Investigators Space Group a/nm b/nm c/nm v

Apgar and Yee (16] P21/a 1.740 1.287 0.491 ,O'.3'
108.30

TABLE 3

Mechanical properties of PDA/epoxy composites

Fibre volume Compressive Tensile
fraction (%) failure stress failure stress

(MPa) (MPa)

25 55 -
30 54 -
36 48 -
48 58 -

27 - 86
36 - 89
55 - 150
57 - 100



Pigure 1 Scanning electron micrographs of a polyDCHD fibre.

a) Low magnification showing surface steps.

b) Higher magnification showing the bases of the
steps.

Figure 2 Optical micrographs of polished perpendicular
sections of fibres.

a) Approximately hexagonal cross-section fibre.

b) Ribbon-like fibre.

Figure 3 Transmission electron micrograph of polyDCHD crystals
showing variety of fibre dimensions.

Figure 4 Selected-area diffraction patterns obtained from
polyDCHD crystals in different orientations.

a) Beam direction [11].

b) Beam direction (120].

c) Beam direction (140].

Figure 5 Transmission electron micrograph of the base of a step
on a polyDCHD crystal.

Figure 6 (010) lattice image from a thin polyDCHD crystal
showing a spacing of approximately 1.2 nm.

Figure 7 DSC thermogram for polyDCHD crystals (Heating rate
100C/min).

Figure 8 Stress-strain curve for a polyDCHD single crystal
fibre. The closed circles are for loading and the open
ones for unloading.

Figure 9 Dependence of the Young's modulus of polydiacetylene
single crystal fibres upon the reciprocal of the area
supported by each polymer chain. The line S and the
open circles are for values calculated using force-
constants determined by Raman Spectroscopy. The line
M and the closed circles are for the mechanically-
measured ones [11]. The arrow corresponds to the value
of 1/A for polyethylene.

Figure 10 Force-strain curves for different polymer molecules.
The polyethylene values are calculated ones: 1-[24],
2-[23], 3-(22]. The values for different polydiacet-
ylene derivatives have been measured mechanically;
polyEUHD-[ll], polyPUHD-(12], polyDCHO - this present
study.



Figure 11 Dependence of the fracture stress upon effective fibre
diameter for polyDCHD fibres.

Figure 12 Variation of fibre strain with time for a polyDCHD
f ibre held at a constant stress corresponding to 50% of
its fracture strain (given by dashed line).

Figure 13 Scanning electron micrographs of a knotted polyDCHD
f ibre.

a) Large knot.

b) Tighter knot in the same f ibre.

Figure 14 Log-log plot of fibre strength as a function of
effective fibre diameter for the data from Fig. 11.
The line is a least squares fit to the points
(correlation coefficient - 0.96).

Figure 15 Variation of the reciprocal of the fibre strength with
square root of the fibre diameter for polyDCHD fibres.

Figure 16 Single fibre composite specimen. The polyDCHD fibre
is located at the centre of the specimen while the
resistive strain gauge is attached to the outer
surface.

Figure 17 Strain dependence of the 1085 cm- 1 Raman line of a
free-standing polyDCHD fibre.

Figure 18 Axial strain at the midpoint of fibre I as a function
of matrix strain.

Figure 19 Axial strain at the midpoint of fibre II as a function
of matrix strain.

Figure 20 Critical matrix strain for 15 different single fibre
composite specimens plotted as a function of the
inverse of the aspect ratio of the fibres.

Figure 21 Axial strain of fibre I as a function of the position
along the fibre.

Figure 22 Axial strain of fibre II as a function of the position
along the fibre: (a) first loading, (b) second and
third loadings and (c) fourth loading.

Figure 23 Critical length 1, determined for 17 different
polyDCHD fibres in the same way as illustrated for

fibre I in Figure 5 plotted as a function of the
f ibre diameter.

Figure 24 Residual matrix strain for a typical specimen as a
function of the time elapsed after the removal of the
tensile stress.



Figure 25 Axial strains at the mid-points of polyDCHD fibres in
glass-fibre/epoxy composites of the different fibre
volume fractions (Vf) indicated. The matrix strain is
given by em.

Figure 26 Axial strains at the mid-points of polyDCRD fibres in a
PDA/epoxy composite as a function of matrix strain.
The different positions of the fibres in the composite
are indicated in the sketch.

Figure 27 Three fractured PDA/epoxy composites showing the
mechanism of failure in tension.

Figure 28 Two failed PDA/epoxy compression specimens showing
failure by buckling.

Figure 29 Scanning electron micrographs of a polyDCHD
reinforced epoxy resin composite.

a) Low magnification micrograph.

b) Higher magnification micrograph showing fibre
fracture and pull-out.
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