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EXECUTIVE SUMMARY
n This progress report covers the research results accomplished
by The Johns Hopkins University Center for Materials Research
under DARPA contract No. MDA903-83-K-0400 on "Characterization
- of Rapidly Solidified Alloys" and reported at national scientific
and engineering meetings during the period November 1983 to
:-_I November 1984. The research program has already produced ten pro-
- gress reports to the sponsor and seventeen manuscripts whic¢h have
been published or are in preparation to be submitted for publica-
tion.* Communication of scientific and engineering results is an
® important part of the research process and therefore the assembling
of the papers included in this report under one cover was judged
to be useful to the materials community. The fine contributions
. of the principal investigator, Dr. Dan Shechtman, and the co-investi-
- gator, Dr. Leonid Bendersky, merit special acknowledgement.
w Emanuel Horowitz, Director
' Center for Materials Research
The Johns Hopkins University
-
*See Appendix I.
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RAPID SOLIDIFICATION MICROSTRUCTURES AND PRECIPITATES
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R. J. SCHAEFFER,* D. SHECHTMAN,** AND F. S. BIANCANIELLO*
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Published in the Proceedings of the Materials Research Society
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ABSTRACT

Rapidly solidified A1 containing up to to 15 wt.% Mn was
prepared by melt spinning. The alloys were examined by TEM
and X-ray diffraction in the as-spun condition and after
annealing at 450°C. Four precipitate phases were detected,
and their growth kinetics were correlated to subgrain structures
in the Al matrix.

INTRODUCTION

It has long been known that solid solutions containing far more than
the limiting equilibrium concentration (1.4 wt.%) of Mn in Al can be
obtained by rapid solidification [1]. Such solubility extensions in Al
have been observed for almost every solute which has been investigated [2].

On the basis of interface equilibrium, the theory of morphological
stability predicts an absolute stability regime in which plane-front ‘
microsgregation-free solidification of an alloy is stabilized by surface %
energy effects at sufficiently high solidification velocities. In the :
aluminum-manganese system the velocity required to produce this effect is i
predicted to be relatively low (a few centimeters per second) because of \
the high value of the solute partition coefficient [3]. In contrast,
solutes with low distribution coefficients (Fe, Ni, Co, etc.) are predicted
to be destabilizing at concentrations <<1 wt.% at comparable solidification
velocities. Quantitative verification of the absolute stability effect
has been observed in Ag-Cu alloys [4] but has not been reported for
Al-based alloys. At solidification velocities approaching 1 m/s or
greater, it is expected that interface equilibrium is no longer maintained,
and microsegregation-free solidification can be attained even in systems
having very low equilibrium partition coefficients [5].

When plane-front solidificaiton is not stable, a ceilular or dendritic
interface develops and the solid which is generated contains a pattern of
microsegregation. A network of crystal sub-boundaries can develop
coincident with the microsegregation pattern, because of crystallographic
mismatch between adjacent cells or dendrites.

During the annealing of supersaturated Al-Mn alloys the G phase, with
composition corresponding to AljoMn and usually considered to be metastable,
appears and at temperatures below about 500° C can persist for long times in
samples which also contain the AlgMn phase [6]. In addition, Nes et al. [7]
have reported two other metastable phases in Al-1.8 wt.% Mn annealed at
460° C. One phase, designated G', had a simple cubic structure, and the
other phase, designated G*, had an hexagonal lattice with c/a = 1.04.

Unfortunately, none of the previous studies of precipitation in this
system has covered the wide range of solid solution compositions which is
attainable by rapid solidification. In this paper we report a study of
precipitation at 450° C in melt-spun ribbons of Al-Mn containing up to
15 wt X Mn.
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EXPERIMENT 3

Melt-spun ribbons, typically 2 mm wide and 40-50 m thick, were pre-
pared from 99,999% Al and 99.95% Mn. Samples were annealed at 450° C for

periods rangirig from 5 minutes to 92 hours. Details of preparation are
reported elsewhere [8]. Lattice parameters and the relative abundance of
precipitate phases were determined from X-ray diffractometer measurements.
Microstructural studies were performed in a 120 kv scanning transmission
electron microscope.

RESULTS

Crystal Phases

In addition to the Al matrix, four phases have been identified by TEM
in the as-spun or the annealed ribbons. The AlgMn phase is seen as
generally globular particles with no preference in growth direction within
the aluminum matrix. This phase occurs either on subgrain boundaries or
within the subgrains dependirg upon composition and heat treatment. The
G phase is semicoherent with the aluminum matrix and therefore is surrounded
by misfit dislocations. The hexagonal G" phase is faulted parallel to the
basal plane, and the plate normal of the particles is parallel to the ¢
direction. The T phase, which does not correspond to any previously
reported phase, has the shape of an elongated plate and contains a complex
faulted structure on planes perpendicular to its length. The G' phase
of Nes et al. [7], which was believed to be associated with impurities,
was not detected in our samples.

The X-ray diffraction charts show only peaks corresponding to reflec-
tions reported in the literature for AlgMn [9] and the G phase [6, 10, 11,
12], as well as Al.

As-spun Ribbons

At low Mn concentrations, the ribbons consist of cell-free grains
containing a high dislocation density but no evidence of microsegregation.
In the higher composition alloys, a cellular microstructure is present,
with unidentified fine precipitates at the cell boundaries and a contrast
difference between the cells indicating that the cell boundary is also a
subgrain boundary. The transition from cell-free to cellular structures
occurs at about 5 wt.% Mn. At this composition, two different ribbons
were produced by varying the parameters of the melt spinning process. A
thinner ribbon (35 ym maximum thickness) was free of cells while a
thicker (55 yn) ribbon, which may have solidified more slowly, contained
a cellular substructure.

The measured lattice parameters (Fig. 1) of the as-spun ribbons
decrease with increasing Mn concentration as reported in several previous
studies [1,13, 14,15], but in the cellular samples the decrease is not as

~ large as would be expected if all of the Mn were in solid solution. In

the 15 wt.% Mn ribbon diffraction peaks corresponding to two different

concentrations of .Mn in solution in Al are seen. These concentrattions,
approximately 14 and 3 wt.% Mn, correspond to a supersaturated cellular
region and a two-phase solidification region respectively.
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FIG. 1. Lattice parameters
of as-spun Al-Mn ribbons
compared to results of
Falkenhagen et al.[1],
Bhat, et al.[15],
Fridlyander et al.[13],

and Yakunin et al.[14].
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cellular solidification process.

At 450° C, the supersaturation of
the-alloys containing 5 wt.% Mn or more
disappears rapidly. In contrast, the
supersaturation of the alloys with 3
wt.% Mn or less diminishes over a
period of many hours (Fig. 2). X-ray
diffraction peaks from AlgMn are seen
within one hour but the G phase peaks
appear only after several hours. The G
phase peaks increase in intensity with

- annealing time, while the AlgMn peaks
. diminish with time for annea?

s longer
than 16 hours. On this basis, it
appears that G is slightly more stable
than AlgMn at 450° C. This is not
inconsistent with the observations of
other workers [6,16] who have investi-
gated precipitation at this temperature
in the Al-Mn system and have concluded
that AlgMn is stable at high temperatures
while the G phase persists for long
times [6] or becomes stable [16] as the
temperature decreases.

By TEM it is found that the location
and growth kinetics of the different
precipitating phases which form when
the ribbons are annealed at 450° C are
strongly correlated to the networks of
subgrain boundaries which are present
in the ribbons. These subgrain boundaries
are already seen in the as-spun ribbons

at higher concentrations and are considered to be the result of the

In the less concentrated alloys, where

l - no cellular solidification structure is present, subgrain boundaries may
S be generated by polygonization.
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In the 3 wt.% Mn alloy elongated particles of AlgMn are seen along
subgrain boundaries after 1 hour at 450° C. The subgrains contain a high
density of dislocations but only widely scattered precipitates. After 92
hours at 450° C, three precipitate phases are seen. All of them, including
P gMn, are now seen within the subgrains, possibly as a result of boundary
migration. G phase particles, globular in shape, are surrounded by misfit
dislocations indicating a high degree of coherence with the Al matrix. The
G" Phase was in the form of elongated particles up to 2 ym in length.

The 5 wt.% Mn ribbons also showed AlgMn particles along the subgrain
boundaries after being annealed for 1 hour. In addition, the interior of
the subgrains showed a diffused population of T phase platelets except in
a depleted zone adjacent to the subgrain boundaries (Fig. 3). 1In the
thick ribbon, the AlgMr particles were more globular and the 2one depleted
of T particles was wider than in the thin ribbon. At longer annealing
times considerable coarsening of the precipitate particles is seen.

FIG. 3. Al-5 wt.% Mn alloy following 1 hour anneal at 450°C.

The 9 wt.% Mn ribbon was examined after a 5 minute anneal and it was
iound that a globular phase was present along the subgrain boundaries and
a needle-like phase was present within the subgrains. These phases could
not be identified. The needle-like phase diminished in abundance as the
annealing time increased, and after 16 hours it was found that AlgMn
particles about 0.5 ym long were dispersed within the subgrains while
large G phase particles outlined many of the subgrain boundaries.

At 12 wt.% Mn, a 1 hour anneal resulted in the formation of globular
AlgMn particles within the Al matrix. After 22 hours at 450° C the
microstructure consisted of an aluminum phase containing AlgMn particles
and a G phase containing a low density of aluminum inclusions.

DISCUSSION

The microsegregation-free ribbons produced at compositions up to 5 wt.%
Mn can be taken as evidence for a plane-front solidification process
which is predicted by the theory of morphological stability to be stabilized
at high solidification velocities. No quantitative correlation is possible
because the actual velocities of solidification are not known. The onset
of a cellular solidification process with increasing Mn content does not
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preclude further increases in the supersaturation of the Al phase, but it
does result in a microstructure containing a cellular array of subgrain
boundaries which play an important role in subsequent precipitation
processes.

Upon annealing at 450° C, precipitates lying along subgrain boundaries
grow most rapidly. In the alloys containing 5 wt.% Mn or more, a high
density of precipitates is seen within the subgrains but a denuded zone
is present near the subgrain boundaries. These observations suggest that
the subgrain boundaries serve as paths of rapid diffusion during the
precipitation process.

In alloys containing 3 wt.% Mn or less, very few precipitates are
formed within the grain and the supersaturation can thus persist for long
times.

The G" phase and the T phase apparently occur only with a 1imited
range of composition, and do not attain a sufficiently high volume fraction
to be observed by X-ray diffraction. The G phase appears to be more
stable than AlgMn at 450°C.
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ABSTRACT

Various A1-Cu alloy powder particles were produced by Electrohydrodynamic
(EHD) atomization. The particles produced by this process range in size
from 3 nm to 2 yn. The microstructure of the sub-micrometer particles
is shown as well as a discussion of their cooling rates and solidification
history.

The alloys produced included various compositions of Al-Cu. Extended
solid solubility was observed in all alloys, dependent on particle size
(the extent of bulk undercooling before solidification ensues is presumed
to increase with decreasing particle size) and concentration. The particles
produced from alloy concentrations beyond the equilibrium solubility limit
which exhibit segregation-free microstructure most likely solidified after
undercooling sufficiently to produce the interfacial temperatures and
velocities necessary to suppress segregated growth. These aspects of
solidification will be discussed and estimates of cooling rates and bulk
undercoolings achieved will be given. Some of the particles show a transition

from partitionless solidification to a segregated, cellular solidification

mode.
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Key Words: sub-micrometer particles, aluminum-copper alloys, microstructure,
solidification, supercooling.

Introduction

Electrohydrodynamic (EHD) atomization has provided the materials
scientist with a means of producing submicron sized particles of various
compositions. These micro "castings" are generally transparent to the 100
keV electrons used in conventional TEM analysis allowing one to see the
entire solidification structure. This paper will discuss the various
microstructures observed in a series of aluminum-copper alloys produced by
EHD atomization. In particular, the formation of metastable solutions in
many of these particles will be related to the initial composition and
apparent degree of bulk supercooling achieved prior to the onset of
solidification. Some particles exhibited a transition from pactitionless
(massive) solidification to a segregated, cellular type solidification mode
as described earlier by Levi and Mehrabian [1], Cohen and Mehrabian (2],
and Shechtman, Ridder, and Mehrabian [3].

Experimental Procedure

The Al1-Cu binary alloy particles were produced by EHD atomization at
the National Bureau of Standards (NBS). The material to be atomized was
prealloyed by vacuum arc melting appropriate quantities of high purity melt
stock (99.999% Al and 99.999% Cu) and cutting into pieces approximately 13 mm
in diameter and 15 mm long. These were placed in the EHD atomizing chamber
and atomized at an extraction voltage of 12-14 kV and a feed pressure of 3
to 15 kPa (20 to 115 Torr) versus the 1 x 10-4 Pa (10-6 Torr) pressure in
the atomizing chamber. A schematic of the EHD atomizing system is shown in

Figure 1. The atomized particles solidified in flight and were collected

[ 37 SV
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on acetate tape. The acetate was coated with carbon and processed by
standard replication foil techniques so as to produce TEM grids with the
particles imbedded in the carbon film,

Results and Discussion

The particles produced were divided into two types; ones which exhibited
segregation-free microstructure, as shown in Figure 2(a) and ones which
exhibited a segregated, cellular microstructure, as shown in Figure 2(b).
These types of microstructures have previously been reported in fine powders
of A1-Si and A1-Cu alloys [1, 2].

Most of the A1-Cu particles studied were in the size range of 3 nm to
2 um. In general, larger particles did not solidify in flight.

Furthermore, particles larger than ~ 2 ym are not transparent to
100 keV electrons.,

The degree of undercooling and the composition determine whether the
whole particle is subjected to partitionless solidification or only a part
of it, in which case cellular microstructure will form in the last solidifi-
cation stage. The microstructure developed as a function of size and
composition was studied on a large number of particles of each composition
and the results are given in Figure 3. Particles having compositions of 2 wt%
Cu and less, and with sizes less than 1.4 im do not contain cells (larger
particles could not be studied because of lack of transparency). Cellular
structure was detected in particles larger than 1.1 m at 3 wt% Cu, but
at 4.5 wt% Cu this size drops to 0.5 ym, and continues to drop to 0.2 m
at 20 wt% Cu. The size at which the transition from partitionless to
cellular occurs at each composition can be determined rather prectsely, and
as can be seen in Figure 3 no size overlap is observed in which partitionless

particles and cellular ones occur simultaneously. This indicates a very
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strong dependence of the degree of undercooling on the size, as predicted
by theory.

These observations can be interpreted in terms of bulk supercooling
prior to nucleation and interfacial temperatures and velocities during
solidification. Although partitionless solidification is possible without
undercooling the liquid [4], it is reasonable to assume that substantial
undercoolings will be achieved in these um sized particles where cooling
rates due to radiation are on the order of 10%9°C per second. Considering
the case of growth into undercooled melts, partitionless solidification
requires an interfacial temperature below the TOL/° temperature of the
alloy (the TOL/“ temperature is that point at which the a-solid and
liquid have the same free energy) and an interfacial velocity in excess of
the diffusive velocity of solute in the liquid in front of the interface.
For powder particles, the latter conditions can only be achieved through
substantial bulk supercoolings prior to solidification. In the absence of
such supercoolings, the rate of external heat extraction limits achievable
solid/liquid interfacial velocities to below that required for partitionless
solidification (2,5].

Figure 4 shows the proposed solidification “path" of the droplet with
no discernible segregation shown in Figure 2(a). First, the thermodynamic
restriction on partitionless solidification is denoted by the ToL/° curve

on the binary phase diagram. Partitionless solidification of a crystalline
solid can only occur while interfacial temperatures are below this curve.
On the other hand, kinetic considerations require interfacial velocities in
excess of the diffusive velocity of the solute in the liquid. It has been

shown that velocities in excess of several meters per second are possible
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if the droplet supercools to a sufficiently low temperature prior to nucleation
[1]. The nucleation temperature, TN, required for the complete partitionless
solidification of a powder particle such as the one shown in Figure 2(a),

has been defined by the following equation [1]:

Tc
/ CpdT > aHy (1)
Y
where
T. = some critical temperature below TOL/°
TN = supercooling temperature at nucleation
Cp = specific heat of the alloy in the liquid state

AHM = latent heat of fusion

The supercooling necessary for a particle to reach the hypercooled
condition can be calculated using the following equation.

AThyp = Ty - TN
where

Ty = the equilibrium liquidus temperature

TN = the nucleation temperature necessary to satisfy Equation (1).

The solidification “path" is then that depicted by the arrows in
Figure 4. After nucleation the evolving heat of fusion increases the
interfacia) temperature. The growth velocity, while decreasing with rising
interfacial temperature, remains fast enough to avoid solute partitioning
even at the end of solidification at Tg¢.

Figure 5 shows the phase diagram and the postulated solidification
path of the powder particle with a mixed mode of solidification shown 1n
Figure 2(b). The lower region of the powder underwent partitionless

solidification while both interface temperature and average droplet
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temperature recalesced to TR along the vertical “path" shown. Solute
rejected ahead of the interface resulted in morphological instability and
in the cellular solidification noted in the upper portion of the powder

particle.

ATpyp was calculated using recently derived thermodynamic data for TOL/“,

Cp and aHy [6], and Equation (1) above for the alloys used in this study.

The results are shown in the following table.

TABLE 1. Effect of Composition on ATHyp, To and observed particle

size at the partitionless to cellular growth transition.

Observed Particle

Size At Transition Calculated
Alloy, wt% Cu um TH/ 9, °C ATyyps °C
0.5 >1.1 657 339
1.0 >1.1 653 343
2.0 >1.05 647 345
3.0 >0.55 <1.1 640 347.5
4.5 0.49 631 348
6.0 0.47 621.5 354
10.0 0.24 598 363
15.0 0.22 573 367
20.0 0.20 550.5 361

As the particles decreased in size their cooling rates increased and
their probability of harboring nucleating agents decreased [7]. Both
effects could be responsible for producing the deeper degrees of supercooling

and the resulting hypercooled structures seen in the smallest particles of
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each alloy studied. It should also be noted that while partitionless
solidification is limited by the T -/a temperature, aTyyp is measured from
T\. The computation of ATHYP is, therefore, a function of T‘, TOL/G, Cp and
AHy, and is not necessarily a simple monotonically increasing function

of Co. A further complication is the possible nucleation of more than one
stable or metastable phases. For this analysis, the nucleation of the FCC
A1-Cu phase is the only one considered. As can be seen in Table 1, aATHyp
increases with composition up to 15 wt% Cu and then decreases. It is
therefore possible that an increase in the solute concentration rould lead

to partitionless solidification under conditions where a lower concentration

would not.
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ABSTRACT

The transition from a two-phase rod-type eutectic microstruc-
ture to a single-phase Cr-supersaturated NiA2-Cr quasibinary
eutectic composition is determined as a function of growth rate
by electron beam melting and solidification scans. At growth
rates below 1 cm/s the alloy exhibits a two-phase eutectic struc-
ture. Above 2.5 cm/s the structure solidifies as single phase
Cr-supersaturated NiAf which subsequently decomposes spinodally.
1. INTRODUCTION

The NiAf¢-Cr gquasibinary eutectic composition is Ni-33 at%
Al-34 at% Cr and is of interest for the study of extended solu-
bility because of the similarity of crystal structures (CsCl for
2-NiAf? and BCC for x-Cr) and lattice parameters of the two phases
in the eutectic.1 Previous work2 has shown that melt spun rib-
bons exhibit a variety of microstructures: extremely fine eu-
tectic, supersaturated 3-NiAf phase (which undergoes solid state
decomposition) and a mixture of the two. The thermodynamic possi-
bility of solubility extension of the two phases was evaluated
using TO curves and was found to be consistent with the formation
of supersaturated B-NiAf rather than o-Cr from eutectic melts.

The present work seeks to establish the kinetic aspects of
the transition from eutectic growth at low solidification rates
to be supersaturated single phase structure observed in melt
spun ribbons. By careful microstructural analysis of the shape
of molten pools during electron beam surface scans performed at

speeds between 0.1 cm/s and 50 cm/s, the local growth rate
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within solidified zones is determined and correlated to the local
microstructure obtained by TEM.
2. EXPERIMENTAL PROCEDURE

Rapidly solidified samples were prepared using one dimensional
scans of a focussed electron beam across the surface of the alloy.3
These scans produce a melted and resolidified trail, typically
0.5mm wide and 0.1 mm deep. Due to the relatively poor thermal
diffusivity of the alloy, the growth direction, even at the top
center of the trail, differs significantly from the scan direc-
tion. Under steady state conditions, the true growth rate, V,
is the product of the scan velocity with the cosine of the angle
between the growth direction and the scan direction. For scan
speeds below 2.5 cm/s these angles were measured for each speci-
men by longitudinal sections through the trail centerline and
were typically 30°. The measured angles were employed to de-
scribe the growth rate for the microstructures. For scan speeds
above 2.5 cm/s the angles were not measured but are estimated
to be about 60° leading to a 50% reduction of the actual growth
rate compared to the scan rate. TEM specimens were prepared by
ion milling full disks cut parallel to the surface of the alloy
or half disks cut perpendicular to the scan direction. In all
cases care was taken to locate the thin area near the top center
of the melted trail where the growth rate is known from the

above arguments.
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FIGURE 1. Eutectic structures of a-Cr and B-NiAQ
solidified at (a) 0.09 cm/s and (b)
0.8 cm/s with spacings of ~ 80 nm and
n 20 nm respectively. TEM.
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3. RESULTS
For growth rates below 1 cm/s the alloy solidifies as a fine
eutectic structure of #-NiA? and o-Cr phases as shown in Fig. 1.

The observed eutectic spacings, Ae’ are plotted on the left side

of Fig. 4 along with an extrapolation of the relationship between
spacing and growth rate determined at slower rates by Walter and

4 -12

Cline. (Aiv =7 x 10 cm3/s For eutectic growth at rates on

the order of 1-10 cm/s, the interfacial undercooling due to solute
redistribution and interface curvature becomes sufficiently large
that the temperature dependence of the liquid diffusion becomes

important.3 Hence the AZV relationship cannot be extrapolated

past this range. 1In fact, in the present case at a growth rate
of 2.5 cm/s and above, the alloy does not solidify as with a
eutectic structure.

Fig. 2a shows the microstructure obtained at 2.5 cm/s. It
consists of columnar grains of S-NiAf which have undergone spinodal
decomposition. The average composition appears quite uniform
across the grain interiors as judged by the uniformity of the de-
composition structure across the grains. Antiphase domains (not
shown) are present within the grains with sizes which are very
large compared to the scale of the spinodal structure. This fact
indicates that the structure was ordered before it decomposed and
consequently that the supersaturated 3-NiA? formed directly from
the melt. Identical structures were obtained in melt-spun

ribbons.2

Mg |




FIGURE 2.

(a)

(b)

Columnar grains of supersaturated (E-NiA2
produced at 2.5 cm/s (oblique section).

Fine structure of decomposed supersaturated
f-NiAR. TEM.



A high magnification view of the nature of the region near

a grain boundary is shown in Fig. 2b. On the right is seen
the spinodal structure present throughout the grains. The
structure shows no direction of elongation regardless of the
plane of section and therefore is not eutectic. On the left,
close to the edge of the grain, a fine structure aligned per-
pendicular to the boundary is present. Even though this re-
sembles a fine eutectic, it is thought to arise in the solid
state by a peculiarity of coarsening of the spinodal structure
near a dgrain boundary.5 In melt spun ribbons,2 similar struc-
tures were observed but also intergranular regions which were
clearly composed of eutectic. This latter structure was not
seen in the electron beam melted specimens, possibly due to
the absence of recalescence effects in surface melted specimens.

The general features of the microstructure do not vary
significantly at increased growth rates (see Fig. 3) except
that the spinodal spacing decreases with increasing growth
rate. These spacings are shown on the right side of Fig. 4.
4, DISCUSSION

Three topics warrant discussion in the present paper:
(1) the existence of a maximum growth rate of ~ 1-2 cm/s for
the a-Cr and 3-NiA? eutectic; (2) the formation of the super-
saturated 3-NiAl phase at the relatively low growth rates of
2.5 cm/s and above; and (3) the refinement of the spinodal

spacing with increasing growth rate.
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FIGURE 3.

Transverse section of columnar grains of
supersaturated B-NiAf produced at 50 cm/s
showing pairs of dislocations in the or-
dered structure at a low angle grain
boundary. TEM.
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4.1 Eutectic Growth Rate Maximum

The observed growth rate maximum for the eutectic structure
is consistent with theoretical arguments and results on other
systems.3 Inclusion of the temperature dependence of the liquid
diffusion coefficient into eutectic growth theory predicts a
maximum growth rate in the range of 1-10 cm/s for most eutectics.
This modification of the theory also leads to a modification of
the Agv relationship obtained at slow rate. However this modifi-
cation only becomes detectable experimentally very close to the
growth rate maximum. This fact is reflected in the present work

by the good agreement of the measured eutectic spacings with the

extrapolated XzV relation of Cline and Walter. Presumably mea-

surements of spacings between 1 and 2.5 cm/s would show a marked

deviation from the extrapolated xiv relationship.

4.2 Supersaturated B-NiAl

As described previously,2 the formation of R-NiAf{ by par-
titionless solidification from liquid of eutectic composition
is thermodynamically favored over the formation of o-Cr. This
conclusion is based on an analysis of the TO curves of the NiAf{-Cr
guasibinary system. Partitionless solidification not only requires

interface undercooling below the TO curve but also growth at suf-

ficiently high rates to cause solute trapping. For dilute alloys,
this rate is thought to be near or less than the ratio of the
liquid diffusion coefficient to the interatomic dimensions or

about 5 m/s for most metallic systems. Therefore, the formation

LR WA C W U R P L P I P L. ST T T S .t'.-.-.-'l




of the supersaturated R-NiA{ structure at growth rates as low

as 2.5 cm/s in the present work is quite surprising. One pos-
sible reason for this result lies in the fact that the velocity
required for partitionless solidification in concentrated alloys
may be smaller than that required for dilute alloys.e—7 Such a
trend was seen in Ag-Cu alloys where a growth rate of 0.7 m/s
(compared to 5 m/s) was required for alloys of eutectic composi-
tion.3 Another explanation for this result could lie in the
fact that partitionless solidification has not occurred. Planar
growth with equilibrium partitioning with solid forming at the
metastably extended solidus curve can produce microsegregation-
free solids.6 The published phase diagram data8 is sparse but
would be inconsistent with this second possibility. Future
analysis of this result is necessary.

4.3 Spinodal Spacing

For the case of a moving heat source the average cooling
rate in the solid behind the freezing interface can be estimated

as being proportional to the source speed, V. For the case of

continuous cooling the spinodal spacing, ks, should vary as a

power of the solid cooling rate.9 For the present case where ex-

tensive coarsening has taken place the power is roughly -1/35 and

hence Xs g% V-1/3. The variation of spinodal spacing with electron

beam scan rate in Fig. 4 is not inconsistent with this relationship.
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ABSTRACT

Microstructural and microchemical analysis has been performed
on Ag-15 wt% Cu alloys produced by electron beam melting with
solidification velocities of 2.5, 12 and 18 cm/s. Cellular
structures of the Ag-rich phase are produced with spacings of
0.8, 0.3 and 0.2um, respectively. Intercellular regions con-
tained fine eutectic at the lowest speed but only Cu-rich phase
at the higher speeds. The composition within the cells was found
to be nearly uniform and 12.5 + 1 wt$% Cu. The uniformity and level
of the Cu content within the cells are discussed.

1. INTRODUCTION

Many rapidly solidified crystalline alloys exhibit very fine
cellular microsegregation patterns. The amount of solute incor-
porated into the cell interiors has a strong influence on the
volume fraction of intercellular phases and precipitation in the
cell interiors during subsequent thermomechanical treatment. At
extremely high rates of solidification (1 m/s), microsegregation-
free alloys may be produced by solute trapping.1 However, many
important rapid solidification processes do not impose such high
growth rates. Hence the details of microsegregation patterns
were examined at lower growth rates where significant solute
trapping is not e.pected.

Several authors have measured cellular solute profiles in
rapidly solidified alloys produced with unknown or calculated
growth rates.‘?_5 In the present work the growth rate is deter-
mined experimentally using the electron beam melting and re-

solidification technique.6
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The theory of alloy dendritic and/or cellular growth under
conditicns of local interfacial equilibrium is being continually
refined.7_8 Solari and Biloni,9 using the model of Burden and
Huntlo for the tip concentration, have modeled the entire micro-
segregation profile as a function of growth rate under the assump-
tion of no lateral concentration gradients in the liquid between
solidifying cells. Such an approach is only valid when the cell
spacing, \1, is much less than D/V, where D is the liquid dif-
fusion coefficient and V is the growth rate. As will be shown
in the present paper, this assumption is questionable for rapid
solidification.

2. EXPERIMENTAL PROCEDURE

Rapidly solidified samples were prepared using one dimensional
scans of a focussed electron beam across the surface of a Ag-15
wt% Cu sample at speeds of 2.5, 12, and 18 cm/s. Due to the
relatively high thermal diffusivity of Ag, the growth direction
and solidification speed of the resolidified alloy near the top
center of the melted region is nearly varallel and eqgual to the
electron beam scan velocity. TEM samples were prepared by ion
milling on a liguid nitrogen cooled stage (thin half disks cut
transverse to the scan direction).

Composition profiles were determined using analytical elec-
tron microscopy. Compositions were quantified using the Cliff-
Lorimer ratio technique11 for the L, and K x-rays for Ag and

Cu with a constant determined experimentally from measurements

on a homogeneous Ag-28 wt% Cu alloy, rapidly solidified in a
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partitionless manner at a velocity of 70 cm/sec.6 The thin-
film criterion11 is satisfied for a specimen thickness less
than 153 nm for both characteristic x-rays. The usual thick-
ness of specimens was less than 150 nm. The spatial resolution
was determined using the beam broadening equation.11 For the
foil thickness, 150 nm, the beam broadening was calculated to
be 42 nm, and the total broadening with the probe size 5 nm
(in our experiments) was 42.2 nm.
3. RESULTS AND DISCUSSION

3.1 Microstructure

Figure 1 shows micrographs of cellular structures of Ag-rich
phase seen in Ag-15 wt% Cu alloys solidified at 2.5, 12, and 18
cm/s. The distance between cells are approximately 0.8, 0.3,
and 0.2 um respectively. Note that these values when divided
by D/V, the characteristic diffusion length, are in excess of 10.
(D is taken as 2 x 107> cm®/s).

The volume fraction of intercellular regions is small com-
pared to that found in conventionally cast alloy of the same
composition. This is due to the high level of solute present in
the cell interiors (see Section 3.2). At a growth rate of 2.5
cm/s (Fig. la), those intercellular regions which are wide, con-
tain a fine eutectic structure of the Ag- and Cu-rich phases.

The eutectic spacing is 48 nm. In narrow intercellular regions,
only the Cu-rich phase is seen. This feature, which also occurs
in ordinary cast microstructures, is called a divorced eutectic

and is present whenever the width of an intercellular region is
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smaller than the eutectic spacing which would occur at the imposed
growth rate.

Figure 2 shows a high magnification micrograph of intercel-
lular regions typical of those seen at 12 and 18 cm/s. No eutectic
is seen at these growth rates. The intercellular regions are com-
prised solely of the Cu~-rich phase (fringe pattern). This divorced
eutectic occurs for a different reason at high growth rates. It
is known that the Ag-Cu eutectic cannot grow faster than 2.5 cm/s.
Hence the eutectic should also be absent as an intercellular micro-
constituent at growth rates higher than 2.5 cm/s.

3.2 Microanalysis

Figure 3 shows a STEM micrograph and an associated micro-
analysis profile of the relatively coarse cellular structure
formed at 2.5 cm/s. Typical spatial and composition resolutions
are 40 nm and 2 wt% Cu. Within these limi-ations, the composition
of the cell interiors is uniform with 11.8 * 1.3 wt% Cu. The
measured compositions in the cell walls are lower than the true
composition due to the beam broadening and the fact that the cell
wall is slightly oblique to the electron beam with Ag-rich phase
also being probed. In regions of the foil where the Ag-rich phase
has been completely removed by ion milling, the composition of the
Cu-rich intercellular phase was found to be V90 wt% Cu.

A similar profile for finer cells grown at 12 cm/s is shown
in Figure 4. The cell interior is uniform with 12.3 * 1.2 wt$%

Cu. The center composition of a number of the very fine cells

produced at 18 cm/s were measured as shown in Figure 5. The

average of these measurements was 13.6 * 1.6 wt% Cu.
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Two aspects of these profiles warrant discussion: the uni-
formity of the compositions within the cells and the level of
solute within the cells. The slight increase in cell compositions
from 11.8 to 13.6 wt% Cu with increasing growth rate cannot be
documented with certainty in the present work and the solute level
of all the cells will be taken as "12.5 wt$% Cu.

At growth rates used in the present work, the assumption of
local interfacial equilibrium at the liquid/solid interface should
be valid1 and, in fact, partitionless solidification is only observed
in Ag-15% Cu at growth rates above 2 m/s.7 Hence the phase diagram
is of interest. Recently Murray12 included in her assessment an
evaluation of the free energy of the phases which permits the cal-
culation of the metastable Ag-rich solidus below the eutectic
temperature. The solidus has a metastable retrograde at 10.5 wt$%
Cu and 700°C. Under interfacial equilibrium conditions solid can-
not form with composition higher than the retrograde composition.
The observed level of solute in the cells is very close to the
retrograde composition. The agreement may be even better con-
sidering the fact that minor adjustments of the free energy
functions can increase this retrograde composition by a few
percent.13

The observation of uniform compositions across cell interiors
but with a high degree of segre~- ‘on to the cell walls is a seem-
ingly curious result. Mazur and Flemings2 in work on At¢-Cu did
not see uniformity within cell interiors. However the spacings

of the cells measured in their work were greater than 2 um whereas

the cells measured in the present work are less than 1 um.
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ﬁt The theory of Solari and Biloni,  while predicting a reduced
b
level of microsegregation at high growth rates, does not predict

uniform profiles within cell interiors. This is due to their

assumption which does not allow lateral solute gradients. Non-
equilibrium trapping of solute is often used as an explanation
of flat microsegregation profiles. However, McFadden and Coriell
have numerically calculated solute concentrations, temperature
{ fields and interface shapes for two-dimensional cellular inter-
faces in a self-consistent manner. They have shown that composi-

tions may be quite uniform across the major fraction of a cell

with strong segregation to cell walls even when local equilibrium

exists at the liquid-solid interface. Such microsegregation pro-
ALV
é <100. Such is the

files should be very commen whenever 10 <

case in the present experiments.
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I. INTRODUCTION

The A29Co2

aluminum alloy design. The A29C02 phase has been investigated

-type phase is of significant interest in

in unidirectionally solidified AQ-AQQCOZ eutectic alloys and

the orientation relationship, (100) /(001) determined

A29C02/ AL
[1,2] . For more complex alloys (e.g., A%-3.3 Fe-2.3 Ni-4.6 Co
in the rapidly solidified condition) different morphologies of

the ASLQ(Fe,Ni,Co)2 phase were observed, including particles

which were elongated parallel to the <100> of the A% matrix
[3,4]. Alcoa's RS alloys 7091 and 7090 with cobalt content

up to 1.6 wt% show precipitation of fine AﬁlgCo2 or Alg(Co,Fe)2

phase [5]. A phase designated A29Fe2 was found by electron
diffraction in the ternary Al-Fe-Si system (A%-0.5 Fe-0.2 Si
wt% alloy) to be isomorphous with A29Co2 and was shown to be
monoclinic with lattice parameters: a=0.869 nm, b=0.635 nm,

c=0.632 nm, B8=93.4° [6]. The equilibrium AILg(Fe,Ni)2 phase

exists in the ternary A¢-Fe-Ni system over a wide range of
stoichiometry [7-10]. X-ray diffraction of this phase, grown
in equilibrium at 750°C from the A% rich liquid phase, con-

firmed ASLQ(Fe,Ni)2 to be isomorphous with AJLgCo2 (monoclinic

structure, space group P21/a) and showed the lattice parameters
to be: a=0.8598 nm, b=0.6271 nm, c=0.6207 nm, B=94.660 [11].
The latter phase has been found to exist in different mor-

phologies in a rapidly solidified A% - 3.7 Ni - 1.5 Fe (weight %)
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alloy and is expected to offer promising high-temperature mechani-

cal properties due to its apparent thermal stability [12,13].
I1. EXPERIMENTAL RESULTS
In the present work, the orientation relationship be-

tween A29(Fe,Ni)2 precipitates and the FCC aluminum matrix in

) jlfrvj"'

; rapidly solidified AZ - 3.2 Ni - 1.5 Fe (wt%) alloy has been
;! determined. The specimens were prepared as ribbons by inert
gas melt-spinning. A variety of microstructures was found to
exist across the ribbon thickness, depending on the local
| solidification conditions. This subject is discussed else-
where [14]. For the present study, the microstructures found
near the wheel side of the ribbons were investigated by trans-
mission electron microscopy. Accordingly, TEM specimens were
prepared by one sided jet electropolishing in a standard solu-
in methanol at -30°C.

tion of 15% HNO, and 5% HC1l0

3 4

The microstructure was found to consist of columnar

grains of A2 with an uniform distribution of precipitates,
approximately 20 nm in size (Fig. 1). The columnar grains
are elongated in the growth direction, i.e., normal to the
ribbon surface, have the nominal alloy composition and are
free of any microsegregation. The observed microstructure
is developed in two stages: first, the supersaturated solid

solution of oa-Af% is formed from the melt by partitionless

solidification [14,16]; and second, the solid decomposes by
T precipitation during continuous cooling immediately after

solidification. This work, where the many-variant orientation
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Columnar grains with uniformly distributed precipitates.
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bright field image.
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relationship was found between precipitates and matrix (later
discussionn), shows the solid state reaction takes place. In

the case of a liquid/solid reaction, usually the orientation

relationship is mono-variant.

When the TEM specimen is oriented close to the <100> zone
axis of the AL matrix, the particles occur as discs lying on
{100} planes of the aluminum matrix, as shown in Fig. 2. Dif-
fraction streaks of precipitates, lying in <1OO>AQ direction
and perpendicular to the disc planes, confirm this. This
same geometry was found for precipitates in a rapidly solidified
A¢{-Fe-Co-Ni alloy [4], however, the origin of such particles was
unclear.

Selected area diffraction patterns (SADP) from different
low-index zones of the aluminum matrix are shown in Fig. 3.

The symmetry of the precipitate reflections suggests the ex-
istence of an orientation relationship between the precipitates
and the matrix with a limited number of orientation variants.
However, conclusive identification of the precipitate phase
from this pattern is not possible. Ne ertheless, by analyzing
an SADP tilted slightly away from the axes, a single variant
diffraction pattern from the precipitate could be extracted
(Fig. 4a). 1In addition, a single crystal microdiffraction
pattern was obtained from the large precipitate (Fig. 4b).

As a result, it is possible to conclude that the precipitates

are AQ9C02- type Aig(Fe,Ni)2 phase with lattice parameters

similar to those obtained in {5] for the AigFe2 phase. The

L Sl Sl S A Ai A i St A A AR ARSI A AN A AN S il SPYA SPUL A atu i M N R Y e




Fig. 2.

The orientation of precipitates in a thin foil oriented close to
[100] zcne axis of aluminum matrix. Disc-like particles are
perpendicular to <100>A1 direction and to streaks. a) Dark field
image using the circled reflection of precipitates, discs are

normal to [010]A13 b) the same, discs are normal to [001]A1.
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orientation relationship obtained from diffraction patterns

similar to the one in Fig. 4a is:

(112.,, Ll [122]A19(Fe,Ni)2
or
(220) ,, [l (431)

Alg(Fe,Ni)2

Superimposing A% and AR9 (Fe,Ni)2 stereograms yielded a

simpler orientation relationship which agreed to within 2°:

(001),, | (100) (001),, [| (100)

A29(Fe,N1)2 Aﬁg(Fe,Nl)2

(100) o, |l (031) or 110 || [012]

AzglFé,Ni)z Al Aty (Fe,Ni),

and
(100) 5, Il (013) 5 (pe,Ni)
9 2
Fig. 5 shows superimposed AL and ASLg(Fe,Ni)2 stereograms for

the orientation variant (001)A2//(100)A2 (Fe,Ni) . and
9 ’ 2

(010),,//(013),, , also satisfy (TOO)M//(oil)A

9 29(Fe,N1)2

relationship.

The proposed orientation relationship is supported by:

1) the relationship (100)

AQQCOZ//(OOI)AR’ which was found
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Fig. 5. Superimposed stereographic projections of Al and A19(Fe,Ni)2.
describing orientation relationship (100)A19(Fe,N1)2//(°°1)A1 and
(031)A;9Fe'm)2//(100)m. as well as relationship (221)A19(Fe,Ni)2//
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for the AQ-ARQCOZ eutectic [1,2]; 2) the condition of small co-

herency mismatch between the precipitate disc plane and the A%

matrix, i.e., @ = 0.2025 nm and 4 = 0.2007 nm.
0205, 031A29(Fe,Ni)2

To verify the proposed orientation relationship, the diffrac-
tion pattern expected for the [110] zone axis of the A{ matrix
was computed. Twenty-four different variants of the orientation

relationship were included (3 of (100) //{OOI}AQ

ASLQ(Fe,Nl)2

type x 8 of (031) //1001},, type)l. Fig. 6 shows the

Ang(Fe,Nl)2
computed SADP fér the [110]A£ axis zone, including possible

double diffraction. Comparison with the experimental SADP
(Fig. 3a), is as expected. However, there is a slight difference
in the interplanar angles between experimental and calculated

patterns. The calculated angle between g = (200) 5, (Fe,Ni)
9 ! 2

and g = (012) 5y (Fe,Ni), (angle between 01 and 03 in Fig. 6) is

94°, The experimentally determined angle between the same g's
is 92°, which for the same lattice parameters used for calcula-

tion Fig. 6, requires 8=92.2°. This is smaller than 3 from

lNumber of variants was calculated according to the Cahn/Kalonji

theory of the symmetry in solid state transformation morphologies
(18] . The aluminum matrix belongs to the m3m point group of
order 48. Aly5(Fe,Ni), monoclinic phase is P2,/a, point group 2/m
of order 4. Proposed®orientation relationship is

(loo)Aﬁg(Fe,Ni)z [ (100) ,, T on 4/m

(031),, . -
Alg(Fe,Ni), || (010),, 1 on 4/m

The intersection group is 1, triclinic of order 2. There are
24 (48:2) variants.
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®-Al & Al,(F«.Ni)2
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4-111,711

5- 102,120,120

6 - 130,103

7 - 031

§-<1 1O>Al matrix

Fig. 6. The superimposed calculated diffraction pattern -B-'-[HOJA1 for 24
variants of matrix/precipitates orientation relationship. The

A19(I-‘e.N1)2 reflections on positions 1 to 7 are listed.
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references [5] and [10]. Two possible reasons for the discrepancy
should be considered. First, the specific thermodynamic condition
of the solid state reaction defines the composition of the preci-
pitates. This composition might be slightly different from the
composition of the phase obtained during solidification in [5,10],
and the differences in lattice parameters are expected. Secondly,
according to the classical scheme of precipitation in other alloys
like AL-Cu, the formation of a metastable phase, minimizing strains
due to coherency, could precede the formation of stable phase. In
our case, the tetragonal phase, which differs from monoclinic only

in that £=90° instead of 93.4° and b=c for AZQ(Fe,Ni)Z, could pro-

vide better coherency. Subsequent growth of the precipitate re-
leases the distortion elastic strain by gradual transformation of
the metastable phase to the stable monoclinic phase. To verify
these ideas, much more experimental work is needed, as for example,
study of initial stages of precipitation and of the lattice para-
meter dependence on composition of the precipitated phase.

Finally, we want to point out that, due to a wide range of

stoichiometry of ternary (Alg(Fe,Ni)2 phase and to the strong

orientation relationship with the Af matrix, the optimum coherency
with the matrix might be obtained by changing the nominal composi-

tion of the alloy. Hencz, maximum thermal stability of precipi-

tates could be obtained.
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I. INTRODUCTION

Transition metals are commonly used as alloying elements
to aluminum. Although they do not produce age hardening, they
are added for various purposes, such as mechanical property im-
provement, recrystallization inhibition, stress corrosion pre-
vention, etc. Due to the unfavorable electrochemical factor
and the tendency of the components to form intermetallic phases,
the range of solid solubility is extremely limited. It can,
however, be significantly extended by rapid solidification [1-3].
The substantial increase in solid solubility offers the prospect
of developing new alloy compositions with improved thermal
stability. Several such additives like Cr, Mn and Zr offer re-
sistance to solute clustering during (or following) quenching [4,5].

Rapidly solidified Al-Cr alloys exhibit a pronounced
tendency to form metastable supersaturated solid solutions.
This system has been investigated by various authors [5-15] who
used different techniques of rapid quenching from the melt.
Most previous studies [10-12, 14-15] were limited to compositions
of up to 3 wt% Cr, and some of them lack microstructural studies.
Detailed electron microscopy investigation was performed by
H. Warlimont and co-workers [8,9] and H. Jones and co-workers
[2,5,6]. Their studies were performed on compositions of up
to 13 wt% Cr, and included study of the decomposition behavior.
These publications are the main references for us.

In the present study we examined the microstructure

of melt-spun ribbons which contain up to 15 wt% Cr. Thermal
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stability and decompositional behavior were studied as a func-
tion of the Cr content and the temperature of isochronal heat
treatment.
2. Experimental

Alloy buttons with Cr concentration of 1, 2, 5, and
15 wt% Cr were prepared by arc melting, using 99.999% A2 and
99.95% Cr. For melt-spinning, small pieces cut from these
buttons were induction heated in zirconia-coated quartz tubes.
Immediately upon melting, the metal was squirted onto a copper
melt-spinning wheel rotated at 6500 rpm. The process was
carried out under helium at atmospheric pressure. The ribbons
were typically 2mm wide and 20um thick. For annealing, the
ribbons were sealed in borosilicate glass ampoules with a

helium pressure of 1/2 atmosphere.

Lattice parameters were determined by measurements on
an x-ray diffractometer, using filtered Cu Ku radiation. A
Nelson-Reiley procedure was used to obtain the lattice parameter
from the measurements of the diffraction peaks. Simultaneous
measurement of diffraction peaks from powdered high purity
silicon were used as a normalization standard.

Three phases of apparently very similar crystal struc-
ture have been reported in Al rich A1-Cr alloys [16]: A£7Cr
or 3 (21.6 wt% Cr), AR11Cr2 or r (25.96 wt% Cr) and A£4Cr or
e (32.52 wt% Cr) are reported [9] to be very similar and no
information on differences between them have been reported.

We therefore prepared samples having the stoichiometric
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compositions of these compounds as x-ray diffraction references.
These samples were first melt spun to reduce microsegregation,
crushed and sieved to -325 mesh, and annealed at 600°C for 16
hours. X-ray diffraction patterns from these powders, using
Cu Kx radiation, were then compared.

Microstructural studies were per ormed on a Philips
400 scanning transmission electron microscope. Chemical micro-
analysis was performed in the scanning transmission mode using
a 5 nm probe. Quantification of the x-ray information was ac-
complished by using the Cliff-Lorimer method [17,18]1, when the
condition of the thin film approximation was maintained. X-ray

/1

intensity relates to composition by the expression CA/CB=kAB IA B’

where IA and I, are the measured characteristic x-ray intensities,

B
and CA and CB are the weight fractions of two elements A and B

(in our case A% and Cr). The coefficient k {constant in

Cr/AL
the thin film approximation) was found experimentally using the

known phase AQ7Cr as a standard: =0.91 £ 0.1.

kA-I/Cr

The ribbons were thinned for STEM study by jet electropolish-
ing in a standard solution.
3. Results

3.1 As-spun ribbons (TEM analysis)

The 1 and 2 wt% Cr alloys are one-phase supersaturated

solid solution of Cr in A%l (maximum equilibrium solubility is
0.77 wt% Cr [18]). No second phase can be observed. A dis-
location substructure is present and is probably associated

with slight cellular microsegregation (see Fig. 1).
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The 5 wt% Cr alloy has a transition microstructure between
low and high concentration of Cr. 1In some regions the micro-
structure consists of one-phase grains of supersaturated (5 wt$
Cr) «-A%, with slight evidence of cellular structure and dis-
location substructure (like the 1 and 2 wt% Cr alloys). In
other regions the microstructure is characterized by multi-
phase spherulites, embedded in o-AQ matrix. Their volume frac-
tion increases with increase of chromium concentration to reach
homogeneous high density in the 15 wt% Cr alloy (see Fig. 2).
The formation of spherulites was reported for the AY-Cr system
by authors (9] and for several other systems by [19].

The spherulites are generally composed of a core A (see
Fig. 3a), surrounded by small petal-like crystals B measuring
50 nm in size. The contrast of the petals is sometimes en-
hanced by Moire fringes. The core has a two-phase structure,
composed of very fine particles of size smaller than 5 nm.

In some cases the spherulites are without petals on the peri-
phery, as was found in [9]. Chemical microanalysis shows that
the average composition of the core is 22 + 2 vc3 Cr. The com-
position of the matrix surrounding the spherulites is ~5 wt%
Cr. A typical concentration profile of the microstructure is
shown in Fig. 4, where gradual transition from 22 to 5 wt% Cr
reflects a decrease in the density of petals embedded in the
+-Al matrix. Dark field micrographs obktained with an AR re-
flection (see Fig. 3b) confirms that the surrounding matrix

is »-Ai/. A series of convergert beam diffraction patterns

™
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taken from different spherulites in the same matrix show that
the spherulites are randomly oriented. These diffraction
patterns are a combination of two or more single patterns of
intermetallics with orientational coherence between them. No
aluminum reflections were found here. This contradicts some
results obtained by authors [9] who concluded that spherulites
are composed of randomly oriented precipitates within the AQ
matrix.

Analysis of convergent beam diffraction patterns from the
petals shows that they have the structure of the ¢ phase
(Ai7Cr) (see Fig. 5), which is monoclinic with a =2.531 nm;
b= 0.754 nm; ¢ = 1.0949 nm; 23 = 128°71' [20]. Dark field
micrographs (Fig. 6) obtained with an intermetallic reflection
show the possibility that the petals and at least one group of
fine precipitates in core have the same structure.

3.2 Heat treated ribbons (TEM analysis)

The decomposition behavior of the alloys was studied
in the range of temperatures 250°C to 550°C for composition of
1, 2, and 5 wt% Cr. For most coses the annealing time was 6
hours, however for some up to 100 hours. Generally, super-
saturated Aluminum decomposes at the grain boundaries and
within grains to form needle- or plate-like precipitates of
the equilibrium phase A27Cr, with no indication of any transi-
tion phase, in agreement with [5, 6, 15].

Analysis of samples annealed for 6 hours shows that

grain boundary precipitation (GBP) starts at a lower temperature
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than matrix precipitation (MP). The difference is roughly
50°C. The temperature at which decomposition starts (where
the second phase is first observed) depends strongly on the
degree of supersaturation. Fig. 7 shows the summarized re-
sults, where the curves represent the beginning of the GBP
and MP decomposition. Annealing up to 100 hours at tempera-
tures of GBP start results in the appearance of only GB pre-
cipitates, without any matrix precipitation (see Fig. 8).

At temperatures above the MP start curve, fast growth of
matrix precipitates occurs, until the supersaturated matrix
is completely relaxed (see Fig. 9). Selected area electron
diffraction indicates that both grain boundary and matrix
precipitates are A.Cr (¢ phase) (Fig. 10). It was found

the longest axis of the precipitates is parallel to the
<011>A% direction.

The microstructure after annealing at temperatures below
the curve of GBP start (Fig. 7) is characterized by finely
dispersed strain contrast (see Fig. 11). No distortion of
diffraction spots or super-lattice reflections were found.
Annealing at higher temperatures for longer time does not
change the character of diffraction, but the contrast appears
to be more intensive (Fig. 12) and the centers of strain con-
trast are less dense. In certain cases it is possible to re-
solve it as loops (Fig. 13). These loops or clusters have very

high thermal stability and exist up to 500°C (see Fig. 14).

T
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3.3 X-ray Studies

The measured lattice parameters of the as-spun 1, 2,
and 5 wt% Cr ribbons are in agreement with those previously
reported [5, 12] for rapidly solidified alloys (Fig. 15). No
indication of phases other than Af is seen in the x-ray diffrac-
tion patterns of these alloys. Upon annealing for 6 hours, no
significant change of lattice parameter is seen at temperatures
of 400°C or less. At 450°C the lattice parameter of the 5 wt%
Cr alloy has started to shift, and at 500°C the supersaturation
of the 5% and 2% alloys has mostly disappeared (Fig. 15).

X-ray diffraction peaks from intermetallic phases are
first seen after 6 hours at temperatures as low as 400°C
(Fig. 16) and become progressively stronger at higher tempera-
tures. Analysis of alloys having stoichiometric compositions
shows that only the A27Cr sample had a peak at 29=21.7°, only

the AL ,Cr sample had peaks at 26=17° and 26.6°, and the

4
Al11Cr2 sample showed none of these peaks. In addition, there
was a substantial difference in the detailed distribution of
intense peaks in the region between 2& = 36-46°, with the

pattern computed from structural data reported for Al Cr [20]

2
as shown in Fig. 16. It should be noted that the diffraction
patterns of these samples were significantly different before
and after annealing at 600°C, as would be expected from the
phase diagram.

On the basis of the diffraction patterns of the reference

samples, the precipitates in the annealed ribbons are identified
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as shown in Fig. 17. In the earlier stages of precipitation,
however, the phase identification can only be tentative.

The diffraction pattern of the as-spun 15 wt% Cr alloy
shows strong intermetallic peaks not seen in the reference
samples. After annealing for 6 hours at 350°C or higher,
intermetallic peaks clearly corresponding to A£7 Cr are ob-
served. It cannot be determined from the x-ray diffractometer
patterns alone whether the peaks in the as-spun 15 wt% Cr
ribbon are the result of a distortion of one or more of the
phases mentioned above, or are due to yet another, metastable,
phase. Other authors [9] have reported mixtures of the dif-
ferent phases in rapidly solidified A%-Cr alloys, with in-
creasingly rapid solidification tending to suppress the peri-

fal

tectic formation of the phase.
4. Discussion

Highly extended solid solubility can be achieved for
melt-spun ribbons of AY-Cr. In our experiments the extension
is up to 5 wt% Cr, and we believe that it is close to the
maximum obtainable by the technique of melt gquenching. The
maximum was established to be 7 wt% Cr for two-piston [5] and
splat [9] quenching for a thickness of ~50 um. Higher values,
up to 10 wt% Cr, were attainable for very thin sections, e.qg.,
of gun splats [8, 9, 21]. These differences in solid solubility
maximum reflect the sensitivity to the changes in the cooling

rate in the range 106 K/s to 108 K/s, and to the degree of

supercooling "7].
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Aluminum containing small concentrations of Cr is expected
to solidify without microsegregation at relatively low veloci-
ties on the basis of the absolute stability effect of morpho-
logical stability theory [22]. Because the solute partition
coefficient in this system is relatively close to unity (al-
though not known with precision), the absolute stability ef-
fect is predicted to occur at relatively low velocities (or
high concentrations) compared to a system such as Al-Fe [19],
where the solute partition coefficient is extremely small.

This effect accounts for the absence or rarity of cellular
substructures in the alloys containing 1, 2, or 5 wt% Cr.

At higher concentration (>5 wt% Cr) the competitive solidi-

fication of intermetallic phases begins. They appear within

the liquid and
being engulfed
The spherulite
concentration.
spherulites is

influences the

grow of spherulites to 1 um diameter before

by the solidifying supersaturated aluminum front.
volume density increases with increasing chromium
For the 15 wt% Cr alloy the solidification of
the dominant mode.

The appearance of spherulites

mechanical properties. For example, Yakunin

reported decreasing tensile strength for alloys with

Solidification as separated

al-

spherulites is an unusual pattern in rapid solidification,
though common in concentrated aluminum~-transition metal alloys,

in Afl-Fe (>11 wt% Fe) and Af-Mn (>15 wt% Mn) [19, 24].

The increase of spherulite volume density points out that the
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nucleation rate for the intermetallic phase starts to be
dominant compared to the nucleation rate for «-Af{ as the
concentration of the alloy increases. The steep increase
of the intermetallic liquidus with concentration, compared
to the slow change for the a-Af¢ liquidus, provides different
rates of change in supercooling with concentration. The super-
cooling as a function of chromium content changes very little
for a-Al, while it strongly increases for the intermetallic.
Accordingly, the relative nucleation rate depends on the con-
centration.

Equilibrium freezing concepts would predict that in the
5 wt% Cr alloy the n phase would form first from the liquid
and the 3 phase would then form by a peritectic reaction,
whereas in the 15 wt% Cr alloy, primary ¢ phase would form,
followed by peritectic n and 8. Under rapid solidification
conditions, however, the equilibrium phases may be suppressed.
The core of the spherulites formed in the 15 wt% Cr alloy,
which has a composition midway between that of the 9 and n
phases, could thus have initially solidified from the melt as
any of the intermetallic phases and subsequently decomposed in
the solid state during cooling of the ribbon into a mixture of
% and n.

It should be noted that the equilibrium boundaries of the
7, n, and ¢ phases are not well established, and the 6 and n
phases are reported to be structurally identical [25]. The

exact identification of the many very fine crystallites which
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appear in the rapidly solidified materials is therefore diffi-
cult, and even the prediction of the relative stability of the

different phases is guestionable.
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Figu=e Captions

As-spun ribbon of Ai-2 wt% Cr alloy. A dislocation substructu-e
is probably associated with slight mic~osegregation.

As-spun ribbor of Al-15 wt% Cr alioy. Spherulites embedded in
Al matrix,

As-spun ribbon of A1-15 wt%} Cr.

a) Bright field image of spherulites. The spherulites are
composed of a core A, surrounded by petal-like crystais
B (marked by arrows).

b) Dark field using an Ai-matrix reflection. Surrounding
matrix is ag-aluminium,

Composition profile across a spherulite.

Microdiffraction from the "petal." [110] zone axis of Al;Cr.
Arrcws show directions (00&) and (hhh) of reflection rows.

Dark field using an intermetaiiic refiection. Fine precipitates
in spherulite core and some petals (marked by arrows) refiect
at the same time,

Annealing temperature-composition diagram, where curves
represent the beginning of precipitation on grain boundaries
(GBP) and inside the grains (MP) for 6 hour anneals.

The A1-2 wt% Cr following 100 hours at 400°C containing Al;Cr
particles mostly along grain boundaries.

The Al1-5 wt% Cr following 6 hours at 550°C containing Al7Cr
particles within the grains.

Diffraction pattern typicail for both grain boundary and matrix
precipitates, [112] axis zone of Alslr,

The A1-5 wt% Cr following 100 hours at 300°C. Dark fieid
using (111) reflection of Al. Finge strain contrast,
Diffraction pattern is entirely of aiuminium,

The A1-1 wt% C~ following 6 hours at 500°C. Dark field using
(111) reflection of Al at weak beam condition. Stain contrast
is enhanced compa~ed to Figure 13, Diffraction pattern is
entirely of aluminium.

The Al-1 wt% Cr following 6 hours at 450°C. Dark fieid using
(020) reflection of Ai at weak beam condition of dislocation ioops.

The A1-2 wt% Cr following 6 hours at 500°C. Bright fieid micrograph

shows coexistence of Aljy(~ precipitates and objects of strain contrast.
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Figure 15.

| Figure 16.

Figure 17.
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Latice parameter of Al-Cr alloys, compared to data previousiy
reported in (a) reference (3) and (b) reference (i2).

Diffraction patterns of CuK, radiation from sampies having
the stoichiometric compositons of the Al-Cr intermetaiiic
compounds. Samples were meit spun, crushed, and anneaied at
600°C for 16 hours.

Phases obtserved by x-ray diffraction in melt-spun and annealed
Al1-Cr ribbons.
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Figure 1. As-spun ribbon of Ai-2 wt% Cr alloy. A dislocation substructure
is probably associated with slight microsegregation.

Figure 2. As-spun ribbon of A1-15 wt% Cr alloy. Spherulites embedded in
[ Al matrix.
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Figure 3. As-spun ribbon of Al-15 wt% Cr.
a) Bright field image of spherulites. The spherulites are
composed of a core A, surroundea by petal-like crystals
B (marked by arrows).
b) Dark field using an Al-matrix reflection. Surrounding
matrix is a-aiuminium.
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Figure 5. Microdiffraction from the "petal."™ [110] zone axis of AljCr.
Arrows show directions (002) and (hhh) of reflection rows.

Figure 6. Dark field using an intermetaliic reflection. Fine precipitates
in spherulite ccre and some petals (marked by arrows) refiect
at the same time.
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Figure 8. The Al-2 wt% Cr following 100 hours at 400°C containing Al;Cr
particles mostly along grain boundaries.
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Figure 9. The A1-5 wt% Cr following 6 hours at 550°C containing AlzCr

. particles within the grains.
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Figure 10. Diffraction pattern typical for both grain boundary and matrix
precipitates. [112] axis zone of AljCr,

Figure 11. The Al1-5 wt% Cr follcwing 100 hours at 300°C. Dark field
using (111) reflection of Al. Finge strain contrast.
Diffraction pattern is entirely of aluminium,
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Figure 12. The Al-1 wt% Cr following 6 hours at 500°C. Dark fjeld using
(111) reflection of Al at weak beam condition. Stain contrast
is enhanced compared to Figure 13. Diffraction pattern is
entirely of aluminium.

Figure 13. The Al-1 wt% Cr following 6 hours at 450°C. Dark fieid using
(020) reflection of Al at weak beam condition of dislocation ioops.



84

= iy G o e S

-

!
|

|
b
14
K
‘}‘.
S
&

Figure 14. The A1-2 wt% Cr following 6 hcurs at 500°C. Bright field micrograph
shows coexistence of AljCr precipitates and objects of strain contrast.
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