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EXECUTIVE SUMMARY

1. GENERAL STRATEGY

The overall program embraces property profiles, manufact::;ing. design
and sensor development (Fig. 1) consistent with a concurrent engineering
philosophy. For this purpose, the program has created networks with the
other composites activities. Manufacturing research on MMCs is strongly
coupled with the 3M Model Factory and with the DARPA consolidation team.
Major links with Corning and SEP are being established for CMC
manufacturing. Design Team activities are coordinated by exchange visits. in
February/March, to Pratt and Whitney, General Electric, McDonnell
Douglas and Corning. Other visits and exchanges are being discussed.
These visits serve both as a critique of the research plan and as a means of
disseminating the knowledge acquired in 1992.

The program strategy concerned with design attempts to provide a
balance of effort between properties and design by having studies of
mechanisms and property profiles, which intersect with a focused activity
devoted to design problems (Fig. 2). The latter includes two foci, one on
MMCs and one on CMCs. Each focus reflects differences in the property
emphases required for design. The intersections with the mechanism
studies ensure that commonalties in behavior continue to be identified, and

also facilitate the efficient transfer of models between MMCs and CMCs.
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2. PROPERTY PROFILES

Each research activity concerned with properties begins with
experiments that identify the principal property-controlling phenomena.
Models are then developed that relate the physical response to constituent
properties. These models, when validated, provide the constitutive laws
required for calculating stress redistribution, failure and damage
progression. They also provide a solid physics and mechanics
understanding, which can be used to judge the effectiveness of the

simplified procedures needed for design purposes.
2.1 Fatigue

Studies of the propagation of dominant mode I fatigue cracks from
notches in MMCs, including the role of fiber bridging and fiber failure, have
been comprehensively addressed (Zok, McMeeking). Software programs that
include these effects have been developed. These are being transferred to
Pratt and Whitney and KAMAN Sciences. The effects of thermal cycling on
crack growth in MMCs have also been modelled (McMeeking). The results
highlight the opposing effects of cycling on matrix crack growth and fiber
failure (the fatigue threshold), when thermal cycles are superposed onto load
cycles. Notably, matrix crack growth is enhanced by out-of-phase
thermomechanical cycling, but fiber failure is suppressed (and vice versa for
in-phase cycling). Experimental studies that examine these predictions are
planned (Zok].

Studies have also been conducted on systems that exhibit multiple
matrix cracking (Zok). The tensile stress-strain behavior of composites

containing such cracks is analogous to the behavior of unidirectional CMCs
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under monotonic tensile loading. As a result, models developed to describe
the tensile response of the CMCs have found utility in describing the MMCs.
However, two important differences in the two classes of composite have
been identified and are presently being addressed. The first deals with the
nature of the crack patterns. In the CMCs, the cracks are more or less
uniformly spaced and generally span across the entire composite section. In
contrast, the MMCs exhibit a broader distribution of crack sizes, many of
which are short compared with the specimen dimensions. Methodologies for
measurement and interpretation of crack densities in MMCs are being
developed. The second problem deals with degradation in the interfacial
sliding properties with cyclic sliding in the MMCs. Such degradation is
presently being studied using fiber push-out tests in fatigued specimens.
Thermal fatigue studies on MMCs subject to transverse loading have
been performed and have established the conditions that allow shakedown
(Leckie). The shakedown range is found to be strongly influenced by the
extent of matrix creep, which defines a temperature limitation on the use of
the material. The eventual outcome of this activity would be the
specification of parameters that ensure shakedown and avoid ratcheting.
The next challenge for MMCs concern the quantification of transitions
in fatigue behavior, especially those found at higher temperatures. These
include multiple matrix cracking and shear band formation. Experimental
studies are in progress which will be used to establish a mechanism map.
The map, when developed, would explicitly identify the transitions (Zok). The
analogous behavior found in CMCs will facilitate this development. Other
high temperature phenomena to be explored include changes in the
interfacial sliding behavior due to both relaxations in the thermal residual

stresses and the growth of reaction products near the fiber-matrix interface.




Fatigue damage studies on 2-D CMCs will focus on interface and fiber
degradation phenomena, especially at elevated temperatures (Evans, Zok].
Cyclic loading into the stress range at which matrix cracks exist is known to
modify the interface sliding stress and may weaken the fibers. These
degradation effects can be distinguished, because they change the
hysteresis loop and reduce the UTS, respectively. Experiments that probe
these material responses are planned. In addition, models that include the
influence of cyclic fiber failure and pull-out on fatigue damage will be

developed (Suo).
2.2 Matrix Cracking

Models of the plastic strain and modulus changes caused by various
modes of matrix cracking have been developed. These solutions have
provided a rationale for experimental studies on the tensile and shear
behavior of CMCs and on the fatigue of MMCs (Hutchinson, Zok, Evans,
Suo, Budiansky, McMeeking). The information has been used in two distinct
ways. (i) Test methodologies have been devised that relate
stress/displacement measurements to constituent properties (Table I).
(ii) Stress/strain curves and matrix crack evolution have been simulated for
specific combinations of constituent properties.

The development of the procedures and their implementation are still in
progress. Independent solutions have been established for matrix cracks in
0° plies and 90° plies upon tensile loading. The former has been
experimentally validated on 1-D materials (SiC/SiC and SiC/CAS).
Measurements of plastic strain, hysteresis loops and crack densities have

been checked against the models for consistency.




TABLE 1

Relevant Constituent Properties and Measurement Methods

CONSTITUENT PROPERTY MEASUREMENT

e Pull-Out Length, h

 Saturation Crack Spacing, I
Sliding Stress, T
 Hysteresis Loop, 8 € 1/2

 Unloading Modulus, EL

e Fracture Mirrors
Characteristic Strength, S;, m
¢ Ultimate Strength, S

* Bilayer Distortion
Misfit Strain,  (q) e Permanent Strain, &p

* Residual Crack Opening

* Monolithic Material

Matrix Fracture Energy. I'm e Saturation Crack Spacing, Ig

e Matrix Cracking Stress, Omc

* Permanent Strain, €p
Debond Energy. I
¢ Residual Crack Opening




The next challenge is to couple the models together in order to simulate
the evolution of matrix cracks in 2-D materials, subject to tensile loading
{Hutchinson, Budiansky). Related effects on the ultimate tensile strength
caused by stress concentrations in the fibers in the presence of matrix
cracks, would also be evaluiated. Experimental measurements of
stress/strain behavior in 2-D CMCs, with concurrent observations of matrix
crack evolution, would be used to guide and validate such models (Evans,

Kedward).
2.3 Constitutive Equations

Constitutive equations provide the link between material behavior at
the meso-scale and the performance of engineering components. The
equations can be established from the results of uniaxial and transverse
tensile tests together with in-plane shear loading. For a complete
formulation, which describes accurately the growth of failure mechanisms
and the conditions of failure at the meso-scale, it is also necessary to
perform calculations which are valid at the micro-scale.

These procedures have been completed for metal-matrix composites
(Jansson, Leckie), and the resulting constitutive equations are operational
in the ABAQUS finite element code. The behavior of simple panels
penetrated by circular holes have been studied and the results await
comparison with experiments which are planned for the coming year. The
constitutive equations are formulated in terms of state variables which
include the hardening tensors and damage state variables which describe
debonding at the interface and void growth in the matrix. The format is
sufficiently general to allow the inclusion of failure mechanisms such as

environmental attack as the appropriate understanding is available. For




example, the effect of matrix and fiber creep mechanisms (Aravas) have also
been introduced into ABAQUS, and it is proposed to extend the creep
conditions t. include the effects of variable loading and temperature.

A similar approach has been taken towards the modulus of CMCs. In
this case, efforts have been made to include the influence of matrix
cracking, in-plane shearing and fiber breakage. The latter consideration is
based on the global load sharing model (Hayhurst). The equations are also
available in ABAQUS. At present, matrix cracking is introduced by
assuming a matrix stress accompanied by an increase of strain. However,
based on the more recent understanding of the growth of matrix cracks
(above) it is intended to introduce these mechanisms into the constitutive

equations for CMCs.
2.4 Creep

The emphases of the creep investigations have been on the anisotropic
characteristics of unidirectional layers in which the fibers are elastic, but
the matrix creeps. Experiments and models of the longitudinal creep
properties of such materials have been initiated (McMeeking, Leckie, Evans,
Zok, Aravas). The critical issues in this orientation concern the incidence of
fiber failure and the subsequent sliding response of the interface. A
modelling effort has established an approach that allows the stochastic
evolution of fiber failure to occur as stress is transferred onto the fibers by
matrix creep (McMeeking). This approach leads to creep rates with a large
power law exponent. Various attempts are underway to incorporate the
interface sliding initiated by fiber breaks and to introduce sliding into the
creep rate formulation. Experiments being performed on unidirectional Ti

matrix materials are examining the incidence of fiber failures on the creep
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deformation (Evans, Leckie, Zok]. These results will guide the modelling
effort concerned with interface sliding effects. Insight will also be gained
about fiber failure stochastics during creep, especially differences from room
temperature behavior.

The transverse creep properties are expected to have direct analogies
with composite deformation for a power law hardening matrix (Section 2.3).
In particular, the same effects of debonding and matrix damages arise and
can be incorporated in an equivalent manner (Leckie, Aravas). Testing is
being performed on Ti MMCs and on SiC/CAS to validate the models.

Experiments on Ti-matrix 0°/90° cross-ply composites are planned.
Creep models appropriate to cross-ply materials will be developed by
combining those corresponding to the unidirectional materials in the
longitudinal and transverse orientations, using a rule-of-mixtures approach.
Such an approach is expected to be adequate for loadings in which the
principal stresses coincide with the fiber axes. Alternate approaches will be
sought to describe the material response in other orientations.

Some CMCs contain fibers that creep more extensively than the matrix.
This creep deformation has been found to elevate the stress in the matrix
and cause time dependent evolution of matrix cracks. This coupled process
results in continuous creep deformation with relatively low creep ductility.
Experiments on such materials are continuing (Evans, Leckie) and a
modelling effort will be initiated (Suo). The models would include load
transfer into the matrix by creeping fibers, with sliding interfaces, leading to

enhanced matrix cracking.
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2.5 Tensile Strength

The ultimate strength (UTS) of both CMCs and MMCs (as well as fatigue
and creep thresholds) is dominated by fiber failure. With the global load
sharing (GLS) concept of fiber failure now well established, the recent
emphasis has been on defining the constituent properties needed to ensure
GLS. The approach has been to perform local load sharing calculations and
then compare experimental UTS data with the GLS predictions (Curtin,
Evans, Leckie). The situation is unresolved. However, initial calculations on
CMCs (Curtin) and MMCs (Evans) have provided some insight. Two key
remaining issues concern the magnitude of the stress concentration in
intact fibers caused by matrix cracks and the role of fiber pull-out in
alleviating those stresses. Calculations of these effects are planned
(Budiansky, Suo).

Degradation of the fiber strength upon either high temperature (creep)
testing, atmospheric exposure, or fatigue are other topics of interest.
Rupture testing performed under these conditions will be assessed in terms

of degradation in fiber properties.

3. DESIGN TEAMS
3.1 The Approach

The overall philosophy of the design effort is to eventually combine
material models, with a materials selector, and a data base, within a unified
software package (Prinz}. One example of a composites data base is that
developed for MMCs by KAMAN Sciences, which forms the basis for a

potential collaboration. The materials selector has already been developed
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for monolithic materials (Ashby) and is available for purchase. This selector
requires expansion to incorporate phenomena that have special significance
for high temperature composites, including creep and thermal fatigue. These
new features will be developed and included in the advanced selector
software (Ashby).

The modelling approach is illustrated in Table II. Failure mechanisms
and their effect on material behavior have been introduced into constitutive
equations. The stress, strain and damage fields which develop in
components during the cycies of loading and temperature can then be
computed. Experiments shall be performed on simple components such as
holes in plates, and comparison made with the computational predictions.
Since constitutive equations are modeled using the results of coupon tests,
it is likely that additional failure modes shall come to light during
component testing. These mechanisms shall be studied and the appropriate
mechanics developed so that their influence is correctly factored into the
constitutive equations. In this way, increased confidence in the reliability of
the constitutive equations can be established in a systematic way.

In practice, it is most probable that the constitutive equations are too
complex for application at the creative level of the design process. It is then
that simple but reliable procedures are of greater use. Some success has
been achieved in this regard for MMCs subjected to cyclic mechanical and
thermal loading (Jansson, Ponter, Leckie), as well as for strength
calculations of CMC panels penetrated by holes {Suo) and the fatigue of
MMCs (Zok, McMeeking). In all cases simplifications are introduced after a
complete and reliable analysis has been completed which provides a

standard against which the effects of simplification can be assessed.
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3.2 Ceramic Matrix Composite Design

The design effort on CMCs will have its major focus on pin-loaded holes
used for attachments (Fig. 3). A smaller activity, expected to expand in
1994, will address delamination cracking. The hole design includes several
related topics. Each topic is concerned with aspects of constitutive law
development (Table IIl), highlighted during the study group. Combined
experimental and modelling efforts on the tensile properties of CMCs have
established that the plastic strains are dominated by matrix cracks in the 0°
plies. The matrix cracking models developed in the program demonstrate
that these stra. »s are governed by four independent constituent properties
{(Table ) 1, T, Q and I'm] which combine and interrelate through five non-
dimensional parameters (Table IV). This modelling background suggests a
concept for using model-based knowledge to develop constitutive laws. The
following steps are involved (Table IIl). (i) A model-based methodology for
inferring the constituent properties of unidirectional CMCs from
macroscopic stress/strain behavior has been devised and is being
experimentally tested on a range of materials (Evans). (ii} Upon validation,
the models would allow stress/strain curves to be simulated (Hutchinson]}.
This capability would facilitate a sensitivity study to be performed, in order
to determine the minimum number of independent parameters that
adequately represent the constitutive law. A strictly empirical law would
require 3 parameters (yield strength. hardening rate and unloading
modulus). Consequently, the objective might be to seek 3 combinations of
the 4 constituent properties. (iii) Experiments would be performed and
models developed that establish the matrix cracking sequence in 2-D

materials (Hutchinson, Evans, Kedward). These would be conducted on
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CMCs with a range of different constituent properties and fiber
architectures. The plastic strains would be related to constituent properties
by adapting the 1-D models.

The in-plane shear behavior will be characterized by performing
experiments and developing models of matrix cracking that govern the
plastic shear strain in 2-D CMC (Evans, Hutchinson, Bao). The information
will be used to establish the constitutive laws for in-plane shear, as well as
interlaminar shear. For continuity of interpolation between tension and
shear, the shear models will include the same constituent properties as
those used to represent the tensile behavior.

The model-based constitutive laws, based on matrix damage, will be
built into a CDM (continuum damage mechanics) formulation, compatible
with finite element codes (Hayhurst). Computations will be performed to
explore stress redistribution around holes and other strain concentration
sites. The calculations will establish visualizations of stress evolution that
can be compared with experimental measurements performed using the
SPATE method, as well as by Moiré interferometry (Mackin, Evans). These
experiments will be on specimens with notches and holes, loaded in tension.
The comparisons between the measured and calculated stress patterns will
represent the ultimate validation of the constitutive law. The composite
codes, when validated, will be made available to industry.

Some preliminary experimental work will be performed on pin-loaded
holes. Damage patterns will be monitored and stress redistribution effects
assessed using SPATE (Kedward, Evans, Mackin). These experiments will be
conducted on SiC/CAS and SiC/C. The results will provide the focus for

future CDM computatiors, based on the constitutive law for the material.
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Smaller scale activities will involve basic aspects of stress redistribution
around holes caused by fatigue and creep damage, using the experience
gained from the matrix cracking studies. Some experimental measurements
of these effects will be performed using SPATE (Zok. Evans).

Some delamination crack growth measurements and calculations are
also envisaged (Ashby, Kedward, Hutchinson). Cantilever beam and
C-specimens will be used for this purpose (Fig. 4). During such tests, crack
growth, multiple cracking and stiffness changes will be addressed. Models of
bridging by inclined fibers will be developed (Ashby) and used for

interpretation.
3.3 Metal Matrix Composite Design

The 3D constitutive equations for MMCs are now available for use in
the ABAQUS finite element code, and the immediate task is to use these
equations to predict the behavior of representative components (Leckie). One
such system is a ring-type structure which is being studied together with
Pratt and Whitney. Clearly no experimental verification is possible with a
component of this scale, but the experience of Pratt and Whitney shall
provide invaluable input on the effectiveness of the calculations. A
component sufficiently simple to be tested is the panel penetrated by holes.
The holes shall be both unloaded and loaded (Jansson), and it is expected to
include the effects of cyclic mechanical and thermal loading.

It is proposed to develop simplified procedures which are based on
shakedown procedures (Jansson, Leckie). Demonstrations have already
been made of the effectiveness of the Gohfeld method (which uses only
simple calculations) in representing the behavior of MMCs subjected to

cyclic thermal loading.
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During the complex histories of stress and temperature, it is known
that the matrix-fiber interface properties change. Fatigue loading (Zok) is
know to decrease the interface sliding stress. Transverse creep appears to
cause matrix-fiber debonding (Jansson), which might result in loss of the
ability to transfer stress between matrix and fiber. It is intended to study
this effect of transverse creep on the integrity of the longitudinal strength of
the material by performing tests on panels which shall allow rotation of the
stress fields. A good understanding now exists of the fatigue properties of
MMCs {Zok). It is intended to extend the ideas developed from earlier
theoretical studies (McMeeking, Evans} to include cyclic thermal effects and

experimental programs on holes in plates.

4. MANUFACTURING

The activities in processing and manufacturing have had the following

foci:
e Matrix development to address specific requirements identified by the
design problems, particularly first matrix cracking in CMCs (Lange)
and creep strengthening in MMC/IMCs (Levi, Lucas).

e Hybrid architectures which offer possible solutions to environmental
degradation and thermal shock problems {Evans, Lange, Leckie, Levi,
Yang, Zok).

* Software development that predicts and controls fiber damage and
interface properties during densification (Wadley).

* Processing techniques to generate model MMC sub-elements (Leckie,
Levi, Yang).
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4.1 Metal Matrix Composites

Work on MMC matrix development has focused on dispersicn
strengthening approaches to increase the transverse tensile and creep
strength of 1-D and 2-D fiber architectures. The initial work has emphasized
a model system, Cu/Alo0O3, wherein dispersoids are produced by internal
uxidation of a dilute Cu-Al alloy deposited by PVD onto sapphire fibers.
These are subsequently consolidated by HIP'ing. Specimens with fiber
volume fractions of 0.3 < f < 0.5 and 2-3% 7Y-Alp03 dispersoids (~ 20 nm in
size) have been produced in this manner and will be tested to assess their
transverse creep behavior. The new emphasis will be on higher temperature
matrices based on TiB dispersoids in Ti-(Cr/Mo)-B alloys (Levi). Initial
solidification studies have demonstrated the potential of these materials as
in-situ composites. Efforts are underway to develop sputtering capabilities to
implement this concept.

Fiber damage during densification of composite prepregs generated by
plasma-spray (GE) and PVD (3M) have also been emphasized (Wadley).
Interdiffusion studies coupled with push-out tests have been used to study
the evolution of reaction layers in Ti/SiC composites and their effect on the
relevant interfacial properties as a function of process parameters.
Additional efforts under other programs have focused on developing
predictive models for fiber breakage during densification. The interdiffusion
and breakage models are being incorporated into software that predicts
pressure-temperature paths, which simultaneously minimize fiber damage
and control the interface properties.

The feasibility of producing MMC sub-elements consisting of fiber

reinforced rings (1-D) and tubes (2-D) has been demonstrated by using
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liquid metal infiltration of Al alloy matrices (Levi). These are presently
undergoing testing in combined tension/torsion modes. Future efforts will
be directed toward extending the technique to other shapes (e.g., plates with
reinforced holes), as well as devising methods to modify the (currently
strong) interfaces. The identification of methods that provide the appropriate
interfacial debonding/sliding characteristics should enable the use of these

composites as model systems for higher temperature MMCs, such as Ti.
4.2 Intermetallic Matrix Composites

The focus of the IMC processing activities has been on the synthesis of
MoSia/B-SiCp composites by solidification processing. These materials are of
interest as potential matrices for fiber composites. Significant progress was
made in the elucidation of the relevant Mo-Si-C phase equilibria, the growth
mechanisms of SiC from the melt and their impact on reinforcement
morphology, as well as the orientation relationships between matrix and
reinforcements, and the interfacial structure. An amorphous C layer, <5 nm
thick, was found at the MoSiz/SiC interface in the as cast condition, and
persisted after 12 h heat treatments at 1500°C. This interfacial layer has
been reproduced in a-SiCp/(MoSiz + C) composites produced by powder
metallurgy techniques and was found to exhibit promising debonding and
pull-out behavior during fracture (Levi). Future efforts are aimed at

implementing this in-situ coating concept in a-SiC fiber composites.
4.3 Ceramic Matrix Composites

The processing issues for creating CMCs with high matrix strength
continue to be explored (Lange, Evans). The basic concept is to create a

strong ceramic matrix framework within a fiber preform, by means of slurry
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infiltration followed by heat treatment. This strong framework would then be
infiltrated by a polymer precursor and pyrolyzed to further densify the
matrix. It has been demonstrated that strong matrices of SigN4 can be
produced using this approach (Lange). Further work wili address

relationships between matrix strength and microstructure (Lange, Evans).
4.4 Hybrids

These activities cover materials consisting of thin monolithic ceramic
layers alternating with layers containing high strength fibers bonded by a
glass or metallic binder. The primary motivation behind this concept is the
potential for manufacturing shapes that have a high resistance to
environmental degradation and also have good thermal shock resistance.
The concept has been demonstrated using alumina plates and graphite
reinforced polymer prepregs (Lange). The availability of glass-ceramic
bonded SiCy prepregs and tape-cast SiC plates has facilitated the extension
of this technique to high temperature systems (Lange). Future assessment
will address new crack control concepts. These concepts would prevent
damage from propagating into the fiber reinforced layers, especially upon
thermal loading (Zok, Lange). If successful, this concept would allow the
development of hybrid CMCs which impart resistance to environmental
degradation, as well as high thermal strain tolerance.

Preliminary work has been performed on laminates consisting of
alumina plates and sapphire-fiber reinforced Cu monotapes (Levi). The latter
are produced by deposition of Cu on individual fibers which are
subsequently aligned and bonded by hot pressing between two Cu foils.

After suitable surface preparation, the alumina/monotape assemblies are

24




bonded by hot pressing. Future work is aimed at implementing the concept
with Ni based alloys.

5. SENSORS

The principal challenge being addressed is the non-destructive and
non-evasive measurement of stresses in composites (Clarke, Wadley}. The
motivation is to make detailed measurements of stresses in components for
incorporation into evolving design models, as well as validation of the stress
distributions computed by finite element methods. A major emphasis has
been placed on measuring the residual stresses in sapphire fibers in various
matrices, using the recently developed technique of optical fluorescence
spectroscopy. These measurements have provided data on the distribution
of residual thermal stresses in the fiber reinforcement, as a function of
depth below the surface. This approach will be extended, in conjunction
with finite element modelling (Hutchinson), to measure the stresses during
the process of fiber pull-out from a variety of metal and ceramic matrices.
Initial experiments indicate that such in-situ measurements are feasible.

The technique will also be applied to the measurement of the stresses
in sapphire fibers located in the vicinity of pin-loaded holes in order to
understand the manner in which the stresses redistribute during loading. It
is anticipated that this measurement will provide information about the
detailed fiber loadings and also about the stresses that cause debonding of
the fibers from the matrix. Moreover, in support of the activities on thermal
ratcheting, the redistribution of stresses with thermal cycling will be
established. This will be accomplished by using the fluorescence technique

as well as Moiré interferometry, based on lithographically defined features.
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ABSTRACT

A microcomposite test procedure for evaluating the constituent properties of
CMCs produced by chemical vapor infiltration is described. The analysis and
experimental results demonstrate that the interface sliding resistance 7, can be obtained
from the unload/reload hysteresis, after one (or more) matrix crack has been induced.
The non-linear strain can also be used to provide an independent determination of 1, as
well as give values for the misfit strain and the interface debond energy. Results

obtained on SiC/C/SiC and SiC /BN /SiC materials are evaluated.
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1. INTRODUCTION

The critical importance of interface properties for the thermostructural
performance of ceramic matrix composites (CMC)1-6 dictates the need for
straightforward and convenient test methods. Tests that involve the tensile deformation
of a single fiber within a specified matrix are preferred,”.8 since the interpretation of
results is direct and unequivocal.? For composites reinforced with relatively large
diameter fibers (100-150 pim), this has been achieved both in tension (pull-out)?8 and by
push-in.10-14 The former is preferable since it duplicates all of the features that occur
upon tensile loading of an actual composite. The single fiber tension experiments on
materials with large diameter fibers have been performed by using careful se.tioning
and etching procedures. These procedures leave one intact fiber within the test
configuration.8 However, for the much smaller diameter fibers (10-20 tm) typically
used with CMCs, an equivalent test methodology has been lacking. Various push-
through13a“ and push-in13 procedures have been devised and have provided useful
information. The limitation of these procedures concerns (i) either the need to have a
matrix that can be preferentially dissolved!> or (ii) the use of a sharp indentor which
penetrates the fiber.13.14 Consequently, it is difficult to obtain unequivocal interface
information on CMCs having either chemically durable matrices (such as SiC) or
relatively high debond/sliding resistance. A test procedure that addresses these
limitations is proposed. The procedure is particularly appropriate for CMCs produced
by chemical vapor infiltration (CVI)16. The test configuration is referred to as a
'microcomposite.'17 It consists of a concentric cylinder element containing a single fiber,
with a coating, plus a matrix annulus. It is representative of the constituents in the
actual composite, fabricated by using identical vapor deposition conditions. The

applicability of this procedure is analyzed in this article. This is achieved by conducting
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several critical experiments and by using analytical solutions for interface debonding

and sliding?.9 to interpret the results.

2. METHODOLOGY AND ANALYSIS
2.1 Background

Composite cylinders produced by chemical vapor deposition (Fig. 1) are tested in
tension, using conventional single fiber test procedures. The loads and the axial strain in
the gauge sections are monitored. An acoustic emission transducer attached to the
system is used to detect the incidence of matrix cracks. By testing in situ, in the scanning
electron microscope (SEM), it is also possible to measure the opening displacement of
matrix cracks, once formed. Follow’1g the formation of one (or more) matrix cracks, an
unload/reload cycle is performed. Repetitive cycling is used when the fatigue behavior
of the interface requires characterization. A schematic of a typical experimental result
(Fig. 2) indicates the experimental quantities that can be measured and used to evaluate
the constituent properties of the composites. These include: (i) the non-linear
displacement following matrix cracking, A;, (ii) the width of the hysteresis loop, dA, and
(iii) the permanent displacement, Ap. These parameters provide information about the
interface debond energy, I'; the frictional sliding resistance along the debonded
interface, Ty, and the residual stress. Interpretation of the results can be performed,
provided that values for the Young's Moduli, Ef and Em, (subscripts f for fiber and m
for matrix) and Poisson's ratio, V f and Vp,, are known. The analysi. is restricted to
materials wherein the debonding energy is small enough that the reverse slip zone does
not reach the end of the debond zone upon full unloading.”.? The corresponding
solution when Tj is large is described elsewhere.18

The test method recognizes the following factors. Upon unloading and reloading,

only interface sliding occurs (no debonding).” Consequently, when T’ is small, the
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hysteresis A may be used to evaluate T,, without the need for independent
information about either the debond energy, I';, or the misfit strain £1. The loading non-
linearity Aj and the permanent deformation Ap, both contain combined information
about T,, ['j and e,r.9 However, it will be shown that, it is still possible to evaluate 14, £;
and I'; from both A; and Ap. In practice, there may be problems with measurement
precision and it is preferable to evaluate the residual strain, independently. Then, I can

be obtained from A; and Ap.
2.2 Analytical Relationships

Consistent with previous approaches for characterizing the interface? it is
assumed that debonding precedes frictional sliding. Furthermore, when the interface is
in residual compression, debonding is considered to be a strictly mode II phenomenon. It
occurs with a debond energy T';. Following debonding, frictional sliding occurs subject

to a shear resistance t given by:
T =10~ uOn' (l)

where Opy is the radial stress at the interface, |1 is a Coulomb friction coefficient and T, is
a ‘constant’ shear resistance attributed to fiber roughness. Most experimental resuits
indicate that 1 is dominated by 1,5, because of the inherent roughness of most
commercial fibers.8-11 For simplicity, it will also be assumed here that the T, term is
dominant. Then, if the experimental results identify discrepancies, solutions available
for the additional Coulomb term can be included.?

When the interface is in residual tension, debonding occurs subject to mixed mode
I/11 displacements.1? Nevertheless, a small frictional resistance can still arise, because of

fiber roughness, as exemplified by the SiC/LAS system.20.21 In such cases, the results
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are analyzed in the same manner as composites with interfaces subject to residual

compression.
2.1.1 The Hysteresis Loop

The opening displacement of the crack, u, upon unloading is given by’

b, +b)(1-a,f)R|,_ _
up-—[(2 41)1(2 f?f) }(GP—G\,)Z (2)

where R is the fiber radius, f is the area fraction of the element occupied by the fiber, 6
is the stress on the composite element, the subscript p refers to the peak stress reached
before unloading, while the subscript u refers to the actual value during the unloading
phase: the constants aj, b; are the same as those originally defined by Hutchinson and

Jensen? (as summarized in Table I). A convenient non-dimensional form of Eqn. (2) is

U, = U,-U(1-8,) 3
where

U = uR

S. = 9,/6,

U = [(b,+bs)(1-a,)' B2 41, B, 1)

The corresponding result for reloading is”

Uy = U, +US? (4)
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where

Or is the stress reached on unloading and

U, = u/R

[

with ug being the residual crack opening at zero load. Note that, when the results are
expressed in terms of measured values of up, Uo and 6p, there is no influence of the
residual stress on the hysteresis formulae. Consequently, experimental data for G (u) can
be matched directly with Eqns. (3) and (4) to evaluate 1,. If the experimental results do
not match, a Coulomb friction term must be included.?

Determination of T, may be conveniently made by measuring the hysteresis loop

width, du (Fig. 2a). The non-dimensional form is

8U = U,-U,-U’(1-25+25%) )
This loop has a maximum width (atS = 1/2), given by

SU, = U,-U,-U/2. ®)
Re-expressing Eqn. (6) in full form gives

1, = (b,+b,)(1~a,f)5 R/8Emf2[up ~-u, - Sux} )]

where
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Bu% u

u ™ uPI};

as illustrated on Fig. 2a.

When the crack opening displacements cannot be measured, the preceding results
can be re-expressed in terms of alternative displacement quantities. The tensile
displacement w along a gauge section (length L) when only one matrix crack exists in

that section consists of two terms,
w = w, +A (8
One term , wy, is a=sociated with the elastic stretching of the fiber and matrix. The other

term, A, represents the extra displacement caused by the existence of the crack (which

has induced debonding and sliding). The latter is related to the crack opening

displacement by?
A= |22y 9)
b, + b,

At the same stress, wo (being an elastic term) has the same magnitude upon
unloading and reloading. Consequently, differences in the measured displacement are
entirely equivalent to differences in A. Re-expressing the above results in terms of

displacement differences at the same stress, gives:

1-a,f)'8?
8A = A -A,- [bz(‘h;: ;z"pR} [1- 2573, +2(3/s, ] ] (10)
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or

b,(1-a,f) 3R}, _ _\r. _._
54 = [ Z(Zt;m;zp }(o/op)[l—o/op] (100)

where SA is defined in Fig. 2b.

The effect of matrix cracks on the elastic stiffness is needed before using tensile
displacements to evaluate T. Calculations,22 summarized in Fig. 3, indicate that, for one
crack, the stiffness only changes significantly when the ratio of the gauge length to fiber
radius is low (< 10). Consequently, for a typical microcomposite, the elastic stiffness
when one crack exists should be the same as that determined upon initial loading. The
relevant magnitude of the displacement difference is thus obtained in the manner
indicated on Fig. 2b.

Larger displacements arise when multiple cracks have been induced upon loading.
In addition, stiffness changes occur when the crack spacing is small (Fig. 3). When the
latter can be neglected and when N matrix cracks have formed, Eqn. (10) may be re-

expressed in terms of T as:

_ b,N(1-a,f/)'8R(5/5,)[1-5/5,]
T T 2E_f5A (11)
234(5/35,)[1- 5/3, ]

2.1.2 The Loading Non-Linearity

During loading, matrix crack 'pop-in’ occurs (Fig. 2) at a stress dictated by the
flaws present in the matrix material. The ensuing displacements are non-linear and

reflect the debonding and sliding processes occurring at the interface, as the matrix
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crack opens. In this case, both debonding and sliding must be included, as well as the
effect of the residual stress. For the constant friction case, with a single matrix crack, the

crack opening displacement is given by,?

(] m o

; { 5 ]2 - 2 (8‘“6‘)+(6"'6‘)2 (12)

(b, +b,) | (1- f)E,, ot 2E_t

where

5, = L= [T/RE, - s

¢

with & being the mismatch strain between the coated fiber and matrix annulus. The
extra displacement A (Fig. 2b) is related to the crack opening, u, by Eqn. (9). The

corresponding solution for the debond length, 1, is?

YR = (1-f)(5,- 5 )E,/2ftE (13)

Equation (12) has three unknowns, 7o, I'i and €. Nevertheless it is possible to separate
To, ['; and € from the shape of the AQ) curve. Re-expressing Eqn. (12) in the following

form suggests a procedure :

orm - (22 A

_ . _ (14a)
op/ Eq, S i Sp ) e% ¥
~= =&y + -3
2 ¢, J\E, ) 2 2q
or,
KIS 31593 10




A/R = AG,+B5, +C (14b)

where

Y = \/ rx/REm

When multiple cracks have been created, A in Eqn. (14) becomes the displacement per
crack. Note that the coefficient A depends only on one unknown (1), the coefficient B
depends on two unknowns (T, and €1) whereas C depends on all three unknowns (T,
et and I'j). Consequently, by using a parabolic curve fitting routine to separately
evaluate A, B and C from the experimental data, the following interpretation may be
made. The sliding stress T, is obtained from A and compared with that determined
from the hysteresis. Then, with T, established, the misfit strain €7 is determined from B.
This value may be compared with the independently measured magnitude in order to
check consistency. Finally, with T, and &1 known, the debond energy may be evaluated

from C.

3. ANALYSIS OF EXPERIMENTAL RESULTS

Experimental results have been obtained on various microcomposite test
specimens consisting of Nicalon fibers, with either C or BN coatings and an annular SiC
matrix. These specimens include a range in coating thickness and a variety of deposition
conditions. The procedures used for producing and testing these specimens have been
described elsewherel?. The deformation behaviors found for BN coatings, having a
range of thicknesses, are summarized in Fig. 4. One result for a C coating, shown in

Fig. 5, illustrates the use of acoustic emission to obtain the number of cracks. The
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spectra of hysteresis curves are exemplified by results obtained for one BN coating
(Fig. 6a) and one C coating (Fig. 6b). Graphical representations of the analysis of these
curves are summarized in Figs. 7 and 8, with the number of cracks indicated on Table II.

For interpretation of the hysteresis loops, the quantity, 8A/6F2,, is plotted as a
function of 6/8p (1 - G/0p) (Fig. 7), as suggested by Eqn. (11) and upon recalling that
A is the loop width per crack. It is apparent from the linearity of the results (Fig. 7) that
To is both cycle and stress invariant, within experimental scatter. The standard deviation
is ~ 20%. Such behavior is found for all of the materials investigated in this study. The
average values of T,, determined from the hysterisis loops, are summarized in Table II.

Analysis of the non-linear displacements by fitting the A(Gp) data to Eqn. (14)
(Fig. 8), is also found to provide consistent information. However, there is a
propagation of errors in the consecutive determination of T, €1 and I'j. A fit that gives
the best correlation coefficient over the complete data range is used (Fig. 8). The values
obtained in this manner are summarized in Table II.

An internal consistency comparison of the constituent properties presented in
Table I provides a preliminary assessment of the merit of the microcomposite test
procedure. Both approaches for evaluating T, (hysteresis and displacement) give
comparable values for each system, within the 20% standard deviation that seemingly
applies to these procedures (Fig. 7). Consequently, the range in T, between samples
reflects actual differences in coating thickness and in deposition conditions.23 There is
one exception: SIC/BN/SiC  sample 2. The problems with this sample are not clear.
However, it generated an unusually large number of cracks, N. It is likely that an error
was made in the measurement of N.23

Independent measurements of the thermal expansion coefficients of Nicalon fibers
and CVD SiC216,17 indicate a mismatch strain, £, = - 1.6 x 10-3. This value lies within
the range found from the present displacement measurements [€; = (-~ 0.6 to

- 3.8) 10-3]. Again, there is one anomalous result: SiC/C/SiC, sample 4. The significance
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of changes in € between coatings and the errors associated with this evaluation are not
apparent at this juncture, because there have not yet been independent determinations.
Actual sample-to-sample variation is expected as the coating thickness varies and the
deposition temperature is changed.17.23 Further study of this issue is in progress. The
errors in T, and, especially €7, propagate into determination of I';. At this stage, the
values given in Table II are not assigned a high level of confidence. However, it is
expected that indeperder* measurement of €1 would allow I'j determination with the
confidence needed to address differences between coatings, which can then be related
to coating microstructure, etc.

Among the problems with the microcomposite test are the difficulties in exact
measurement of the number of cracks, N, evaluation of the area fraction of matrix, and
the occasional incidence of longitudinal cracks, which modify the measured
displacement, A, and reduce the misfit strain, €1. A detailed assessment of these issues

is described elsewhere.23

4. CONCLUDING REMARKS

A test methodology for obtaining the constituent properties of CMCs, by using
microcomposite test specimens, has been described. The method allows .*e sliding
resistance, To, to be obtained from hysteresis loop measurements. Moreover, an
independent check on the magnitude of 1, can be obtained from measurements of the
non-linear displacements, A, upon implementation of a parabolic curve fitting routine.
The A measurements may also be used, in principle, to evaluate both the misfit strain,
€T, and the debond energy, I';. However, errors incurred in 1, determination propagate
through the analysis. It is thus considered preferable to independently measure, €7, in
order to obtain I'; with reasonable confidence. Further study is needed to establish the

magnitude of measurement errors and their principal origins, in order to specify levels

KJS 31693 13




of confidence that can be achieved in 15, €T and I'j determination using the

microcomposite test methodology.23
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TABLE 1

Summary of Constants For Composite Element
(Type 1 Boundary Conditions)
Isotropic Fiber (With vy = vip = V')*

a, = E,/E

(1+ V)E,[E, +(1-2v)E]

b2 = g 0+ VE, +(1- V)]

. F(1+V)[E, (1- 2v)E]
T (1-f)[(1+Vv)E, +(1-V)E]

2 (1+v){1- f)EZ[E, +(1- 2v)E]
‘ 4f?EE [(1+ V)E, +(1- V)E]

o _ (-F)E [+ v)E, +(1-VE] {1 Y : }
? 4(1+ V)E[(1-2v)E+E,] [(1+V)E, +(1- v)E]

* Analogous results for anisotropic fibers are given in Hutchinson and Jensen.?
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FIGURE CAPTIONS

Fig. 1. A typical microcomposite specimen produced by CVD.

Fig.

Fig.

Fig.

Fig.

Fig.

Fig.

Fig.

2.

KJS 31593

Schematic of the non-linear behavior expected in a microcomposite with a
small debond energy.

The change in elastic compliance caused by matrix cracks.22

Deformation data obtained on seven different SiC/BN/SiC microcomposite
specimens with a range of BN coatings (0.3 to 0.7 pm thick). The stress refers to
that acting on the fiber at the location of matrix cracks.

Deformation data obtained on a SiC/C/SiC microcomposite having a 1 um
thick interphase. Also shown are the acoustic emission signals used to assess
the number of matrix cracks.

Example of hysterisis loops obtained on microcomposite test specimens
a) Multiple loops on a SiC/BN/SiC sample
b) A single loop on a SiC/C/SiC sample

A plot of the loop width parameter, A3/G;, as a function of relative stress,
6/'6,,[1—'6/8?], obtained from a range of hysteresis loops, measured on a
SiC/BN/SiC material. In this case, T, = 511 MPa.

A fit to Eqn. (14) of the non-linear displacements per crack measured on a
SiC/BN/SiC material. In this case, To =4 MPa, g7 = ~1.2x 10-3 and
I = 3Jm=2.

19
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DESIGN, ANALYSIS AND APPLICATION OF AN
IMPROVED PUSH-THROUGH TEST FOR THE
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Abstract—An improved fiber push-through test has been designed and used to obtain new information
about interfaces in composites consisting of matrices of a Ti alloy and a borosilicate glass. both reinforced
with SiC fibers. Interpretation of these results is accomplished through an analysis of coupled debonding
and push-through. followed by push-back. The sliding stress is found to vary with push-out distance and
to be substantially reduced in the vicinity of a fatigue crack in the Ti matrix composite. These effects are
attributed to asperity wear, matrix plasticity and fragmentation of the fiber coating around the debonded
interface. Reseating effects on push-back have been demonstrated, but have been found to dimimish as
the relative fiber-matrix displacement increases. Fiber roughness has been identified as an important
aspect of interface sliding.

Résumé—Un essai amélioré d'enfoncement des fibres est proposé et utilisé pour obtenir de nouvelles
informations sur les interfaces dans des composites formés de matrices en alliage de titane et en verre au
borosilicate, toutes deux renforcées par de fibres de SiC. L'interprétation de ces résultats est effectuée par
une analyse de la séparation et de I'enfoncement couplés, suivi d'une poussée en sens inverse. On trouve
que la contrainte de glissement varie avec la distance d’enfoncement et qu'elle est réduite considérablement
au voisinage d'une fissure de fatigue dans le composite a mat:ice de titane. Ces effets sont attribués a
I'usure des aspérités, a la plasticité de la matrice et a la fragmentation du revétement des fibres autour
de la surface de séparation. Des effets de remise en place lors de 1a poussée en sens inverse sont observes,
mais ils diminuent lorsque le déplacement relatif fibre/matrice augmente. On montre que la rugosité de
la fibre est un aspect important du glissement interfacial.

Zgssmmenfassung—Ein verbesserter Faser-DurchstoB-Test wird entworfen und angewandt, um neue
Informationen iiber Grenzflichen in Verbundwerkstoffen zu erhalten, deren Matrix entweder aus einer
Ti-Legierung oder einem Borsilikat-Glas, beide verstirkt mit SiC-Fasern, besteht. Mit einer Analyse der
gekoppelten Prozesse Ablosen und DurchstoBen, gefolgt von Zuriickschieben, werden diese Ergebnisse
interpretiert. Die Gleitungsspannung édndert sich mit der Auszichlinge und ist in der Nihe cines
Ermiidungsrisses in dem Werkstofl mit Ti-Matrix betrichtlich verringert. Diese Einflisse werden dem
Abrieb, der Plastizitiit in der Matrix und dem Bruch des Faseriiberzugs im abgeldsten Greazflichenbereich
zugeschricben. Effekte der Wiedereinlagerung beim Zuriickschieben werden gefunden. sie verschwinden
aber mit steigender relativer Verschiebung zwischen Faser und Matrix. Es wird gezeigt, dalB die
Faserrauhigkeit ein wichtiger Aspekt der Grenzflichengleitung ist.

1. INTRODUCTION

Fiber push-through tests have been widely exploited
as an approach for measuring the sliding properties
of fiber~matrix interfaces in composite materials
[1-5}. The advantages of this method include relative
simplicity in testing and a capability for conducting
experiments at elevated temperatures {6]. The disad-
vantages are concerned with interpretation of the
measurements, because of relatively complex defor-
mations that occur during the loading and sliding
processes. The first intent of the present study is to
provide a further development of the push-through
test, in conjunction with an analysis that allows
determination of the interface sliding stress, 1. The

second objective is to apply the technique to inter-
taces between SiC (SCS-6) fibers and a 8-Ti (15-3-3)
alloy matrix, before and after fatigue crack growth
[7). as well as interfaces between SiC (SCS-6) fibers
and a borosilicate-glass matrix.

Previous studies on the push-through test have
relied primarily on the peak load for initial push-
through as a measure of “*‘debonding.”™ Push-back has
been used to provide a measure of the sliding stress,
1, along the debonded interface. The magnitude of t
has been calculated from the force, P, and displace-
ment, d, from the expression

t=P/2nR(h - d) (1)
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where R 1s the fiber radius and A 3s the section
thickness. More comprehensive analvsis of coupled
debonding and shiding {8.9] during push-through
allows substantial additional information to be
gained from push-through and push-back tests when
appropriately modified and instrumented. Solutions
for pull-out 8] and push-through [9] for coupled
debonding and sliding have been characterized by a
debond energy. I, a shding stress. t. and a thermal
expansion misfit strain. ¢;. Some of the salient results
are summmarized. as needed to relate the push-through
force. P. to the displacement. 4. in terms of 7 and ¢;.
The basic solutions are described in terms of a friction
law

T =Ty MO, ]

where pu is the friction coefficient and ¢, is the
compressive stress normal lo the interface. During
initial push-through, stable debonding proceeds with
frictional sliding occurring behind the debond tip.
This 1s followed by a load drop and push-out resisted
by friction. Results are presented for the following
conditions: (i) the Poisson’s ratio of the fiber and
matrix are the same. (ii} the misfit strain in the
axial and radial directions are the same and. (iii) the
radial stress is zero at the outer boundary (Tvpe |
conditions) {8.9].

The load-displacement behavior during debonding
is sensitive 1o the initial debond length which, in turn,
is affected by the sectioning process and the misfit
strain. However, after the debond has propagated
completely along the interface. since there is no
contribution from debonding. the load. P. becomes

P g, lexp(2uBt R) — 1}
AR~ f K 2uBt
] +[~—————“ _f)-b—_;]exp(-—R )

where
Eer 1, EIE,
=R
B =vEHl +v)E + (1 —v)E]

(3)

with £ being Young’s modulus, v Poisson’s ratio and
t = h — d.t with the subscripts m and { refernng 10
matrix and fiber, respectively. For the special case.
u =0, equation (4) reduces to equation (1) with
T = 1,. whereupon P decreases linearly with d. How-
ever, when u # 0, P is slightly non-linear. This gen-
cra! sclution has been implemented in a compamon
paper [10] to predict the effect of fiber roughness and
of misfit on the push-out force. The results will be
invoked in this article to interpret some of the
experimental measurements.

+it should be noted that /1n these formulae 1s not the fiber
volume fraction, but rather the ratio

area of fiber

" totalarea of composite’

This wmphes that [ s always small (typically 1074
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2. PUSH-THROUGH TEST

2. Desien

For fibers having aither a relatively lurge diameter
or large values of I” and or 7. substanual forces are
needed to displace the fibers. In such cases. the
indenter design and the loading arrangement needed
1o obtam useful information are parucularhy import-
ant. Many previous studies have used sharp indentors
that penetrate the fiber. Two problems arise. G} at
high loads. cracks are introduced into the fibers that
can 1influence the measurements: (1) gt moderate
displacements, the indentor comes into contact with
the matnx. curtatling further measurements To obvi-
ate these problems. cviindnical indentors are preferred
and used m conmjunction with the apparatus schemat-
wcally illustrated in Fig 1. The test 1s performed hy
preparing a thin secuon of the composite. This
section 1s located on an Al alioy base contaiming 2
220 um diameter hole. with the fber of interc.:
placed over the hole. A small SiC ¢cvhinder. 100 um
diameter. is emplaced on the fiber ex sizu i an optical
microscope. A small rod located within the hole 15
maintained in inumate contact with the fiber and
connected to a cantlever beam with an attached
strain gauge. This device measures the displacement
at the bottom of the fiber during push-through.
Loads are applied 1o the indentor through u flat
Al O, plate connecied to a load cell. which monitors
the force. P. This system can be located within a
furnace for high-temperature measurements. Two
additina! features of this design are noted. The use
of a refatively small diameter hole mintmizes bending
stresses. However. loads are hmited to ~40N.
because at larger loads. either cone cracks form in
the SiC fibers or the SiC indentor fractures.

22 Materials and specimens

Tests were conducted on composites consisting of
(SCS-6.CVD) SiC fibers in either a T alloy
(Ti-15V-3 Al} or a borosilicate glass {Corning 7741)
riatrices. The elastic and thermal properues of the
specimens are listed in Table 1. In both cases. speci-
mens were ground and polished with a final 1 um
diamond fimsh. Two different specimen thicknesses

Externg! 1060

Pysn rog
Fiber Composite materigt

Pist I N
iston - . Support bose

Fig 1 Schematic diagram of the fiber push-through

apparatus
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Tabie 1. Properues of the two matnces
- 15-3,8C Gilass §iC

Modulus, £, 115GPa 70GPa
Composite modulus, £ 196 GPa 70 GPa
Poisson's ratio. v, 033 0.20
Thermal expansion coeficient, 2, 76x10°0C 325x10°°C’
Thermal mismatch strain, ¢; 45107 70x10°*
Radial thermal mismatch stress, oy - 300 MPa ~60 MPa
Volume fraction of fibers, p 0.35 68 x 104
Area of fiber-area of specimen, / a5x107" 68 % 10°*
Fiber properties
Modulus £, 360 GPa
Poisson’s ratio. v, 0.17
Thermal expansion coefficient. a1, 26x10°¢C"

were used for each composite: 210 and 410 gm for the
Ti alloy. 1.5 and 2.1 mm for the glass. Fibers were
pushed out to a range of displacements up to 80 um
and then pushed back. The loads and deflections were
continuously monitored. Some tests were conducted
on the Ti alloy matnx composite which had been
subjected to fatigue cracking at a stress amplitude
Ao =300 MPa and an R ratio = 0.1 {7]. This fatigue
schedule lead to matnx crack-growth without fiber
failure. A push-through specimen was prepared from
a 450 um thick section of material paralle]l to the
matrix fatigue crack (Fig. 2). Tests were conducted on
fibers at different locations relative to the fatigue
crack front.

3. RESULTS

3.1. Pristine materials

A vanety of experimental results have been
obtained. Typical results obtained on pristine ma-
terial are presented in Figs 3 and 4. An increase in
load occurs associated with elastic bending and stable
debonding. A load drop, AP, often accompanies
debond pop-through. The magnitude of AP increases
as the section thickness increases (Table 2). This load
drop may be used to estimate the intefacial dehond
energy (see Appendix). Frequently, an initial rise in

]M

1| B 3 M B
% { HreTd H
A Sl H K HH section

o | L HAAHEE 5
s Torge s |
g $ ';
' ,‘ §'§
1l

|

Fig. 2. Schematic of the fatigue specimen showing the notch

root and fatigue crack growing from the root. The fibers are

perpendicular to the fatigue crack. with a center—center
spacing =250 um.

load is found following pop-through. for the first
2-3 um of fiber displacement. This is followed by a
load that usually diminishes as the push-through
displacement increases. Upon push-back, the load at
which fiber displacements resume, P, (Fig. 4), is
usually somewhat smailer than the termination
load upon push-through, P;. Thereafter. the load
remains essentially constant until the fiber reaches
the original location. Au that location, there is a
small load drop, AP,, associated with the fiber re-
seating into its inilial position, as observed in pre-
vious studies {3, 4]. The relative load drop, AP, /P,
usually decreases as the initial push-through distance
increases (Table 2).

Push-out
ehsnc loading D

S,
= f s
2 «
- N egy* fiber push-out
3 15 3 o
- | 2 &l
10 - 3
] ~
. i <
©
I AN
0 H
-10 L] 10 20 30 40
Fiber chsplacement (um)
Onginal Fiber Location
b .
k1]
1‘ Push Back | :
5
20
i
z
w 15~
&
-t

-60 -50 -40 -30 -20 e ¢ 1
Fiber displacement yumy

Fig. 3. Two examples of force~displacement results for
push-through and push-back on the Ti-15-3'SiC material
(specimen thickness 410 um).
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Lood, P (N)
i -
| TORIneete axen a0 o acs.

0+ i ~—
¢ 10 x » 40

Fiber displocement, d lum)

Load, P (N)

0 v r - — i
-3 -20 -10 0 10
Fiber dispiacement | d (um)
Fig. 4. Force-displacement results for push-through and

push-back of the glass'SiIC matenal (speaimen thickness
1.5 mm)

A comparison of the resuits for the two different
matrices reveal important differences. The Ti matnx
composite exhibits, (i) consistently larger value of the
push-out force, (ii) a substantially larger push-
through load drop. AP, and (iii) greater differences in
the relative push-back force, P,/P,. Also, the relative
load decrease that occurs as the push-out process
proceeds is larger for the Ti matrix composite. Con-
versely, the relative reseating load drop, AP,/P, is
larger for the glass matrix system.

Observations of fibers following initial push-
through using scanning electron microscopy (SEM)
indicated that sliding in the Ti matrix system occurs
at the interface between the fiber coating and the

Table 2 (a) Reseaung load drop

Relauve load drop, 4P,

(N)
Push-aut distance
fumi Ty matnx
S 055
(0 0.36
20 0113

th) Push-through load drop
Load-drop. AP 1N)

Secuon thickness

tumi T: matox
410 bl
210 S
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reaction  product which torme st the interface
[Fig Sm). whereas in the borosiicate matrnx System.
debonding and shiding proceeds ot the fiber-coating
matna intertuce [Frg b

10 Futigwed material

The speaimens prepared following tatipue crack
propagauon exhibited different push-out character-
stcs. At fiber focations ahead of the fuugue crack-up
(B in Fig 2. the push-through charsctensucs are
essentially the same as these on pristine specimens
However. adjacent w the noteh «A min Fig. 24 the
push-through force-displacement curves have the
form depicted in Fig & Subsequent 10 elastic deflec-
non and a small loud drop. push-out commences
at a relatively low load but the push-through load
increases for push-through displacements of the
order of 30 um. Thereafter. the load decreases with
increasing displacement

Push-back tests have the same features exhibited by
pristine specimens: an essentially constant load, simu-
lar in magmtude to that reached upon termimation of

Pyshed- out

Pushed-bock

C-nterfoce

Fiper
ceating

Fig & SEM mucrographs of fibers after push-through, (a)
the Te 1S 3850 composite. by the giass SiC composue—
naote the glass tragmenis adhenng 1o the hber, 101 faugued
T matny sample- note the exdensive damage to the coating



WARREN er al: INTERFACE PROPERTIES IN COMPOSITES 1247
20 Y
2 ” il L*Q‘
16 , : i
5 -t P i }
z z | 1 .
(L. 10 4 CL_ ' )
9 2 ;]
g $°
2 Push-Back
5
‘ 4
Push-Out —-—m—erreeer—
|
¢ [ " T 0 ~—t
0 W 20 % 4 SO e 7 40 -20 4 bd

fiber displacement,d {um)

Fiber displacement , ¢ (um}

Fig. 6. Force-displacement results for push-through and push-back in the fangued Ti-15-3 $iC matenal

push-through. However, there was no load drop
associated with reseating. Observations of the sliding
interface indicate extensive fragmentation of the fiber
coating [Fig. 5(c)).

4. ANALYSIS

Preliminary representation of the sliding behavior
is made using equation ({). as plotted on Fig. 7. The
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Ti matrix system has a shding stress about an order
of magnitude larger than that for the glass matnx
matenal. Also, the decrease in 1 with sliding displace-
ment is much larger for the Ti system. Attempts 1o fit
the load-displacement results to equatnion (3) with
consistent 7, and p have vieided unacceptabie corre-
lations. The problem is illustrated for the glass matrix
svstem 1n Fig. 8. First. by using the misfit ¢; and the
elastic properties for this composite (from Table 1}.
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a fit of equation (3) to the intial push-through force
indicates that u = 0.2 and 7, = 2MPa. Then. by
maintaining g and 1, at these levels. equation {3}
predicts a substantiaily smaller load reduction upon
push-out than indicated by the experiments. This
situation differs from that found when nitial push-
through measurements are made as a functuon of
embedded lengths (Fig. 9). wherein all measurements
involve smali displacements { <2 um). The inference
is that either u or 1, or both are dimimshing as
push-out proceeds. An assessment of the degradation
is made {Fig. 10) by either regarding u as constant
and evaluating the reduction 1n 1, or vice versa. Based
on an analysis elaborated in a companion paper {10].
the preferred interpretation is that t, decreases. This
analysis relates 1, to fiber roughness. 1t explains
various unexpected phenomena. such as the fre-
quently found nise in initial push-out stress (Fig. 3) in
terms of a geometric decorrelation. It also demon-
strates that t, decreases as the amphiude of the
roughness decreases. The implication regarding the
results presented for the giass matrix system in Fig. 10
is that wear of the interface aspenties occurs as the
interface slides during push-out. causing 1, to dimn-
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Fig. 8. A companson of push-through measurements for the
glass matrix svstem with prediction based on equation (4}
with g and 1 held constant

ish. Direct measurements of asperity amplitudes
would be needed to verify this interpretation

The much larger reduction in 7 m the T) matnx
systern cannot be explained by the same aspenty wear
mechanism. because the extent of aspenty wear that
would be needed 1o correlate with the expenments i1s
unacceplably large [10]. The interpretation most con-
sistent with the measurements [Fig 7aj]. is a re-
duction in mustit strain with push-out. probably
caused by plasuic expansion of the matrix around the
fiber. as asperitics shde over each other.

The large reduction n imiual push-out stress in-
duced upon fatigue crack growth (Fig. 6) has also
been related to a dsmimished musfit stramn [10). In this
case. fragmentation and removal of the fiber coaung
[Fig. 5(c)] 1s regarded as the major source of the
reduced musfit. The subsequent increase in push-out
load is quahtatively consistent with this interpret-
avon, but the magmtude is larger than this mechan-
ism could predict. Further study s needed to
understand these details.

The reseating effect on push-back has been noted
and explained [3.4] in terms of aspenues on the
debonded interface. One notable addition provided
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by the present study concerns the reduction in the
associated load drop with increase in the push-
through displacement in the Ti-15-3 matrix material
(Table 2). This observation is consistent with the
above speculations that the matrix in this materal is
being plastically deformed during push-through.

5. CONCLUDING REMARKS

Based on the development of an improved push-
through test, some important sliding characteristics
of interfaces in metal and glass matrix composites
have been identified. In particular. changes in sliding
behavior caused by monotonic and cychc sliding
displacements have been revealed. Qualitative com-
parison with a shding model based on fiber roughness
and friction [10] have provided some insight about
the origin of these effects. Changes in monotonic
shding resistance t are larger for metal (MMC) than
glass (GMC) matnx composites. suggesting that re-
lease of musfit by matrix plasticity is important for
MMCs whereas asperity wear dominates for GMCs.
The effects of fatigue seem to involve fragmentation
of the fiber coating that also reduces the thermal
expansion misht and reduces :.

INTERFACE PROPERTIES IN COMPOSITES

1249

Some of the changes are substantia] und have
important implications for matrix cracking in com-
posites. subject (o either monotonic or cyche loading
processes that have high sensiivity to @ The details
that govern the shiding induced changes in * have not
been elucidated and require further study
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APPENDIX

Estimating the Interface Debond Energv. I

Liang and Hutchinson {9) have shown that a load drop.
AP. occurs after the debond has propagated compietels
along the interface {for z = 0).

AP

[E. T, p(zush‘~
R IR . A P ———--)
7R v R R

7

{Al)

where
E+E
Az ——
(l+vi+(l=-v)EE

i QEE[(1 + vYE + (] - v)E]
ST =N+ VELE, + (1 = 20)E]

In (A1). the first term n parentheses reflects the release of
residual stress when the debond propagates completely
along the interface while the second term refiects the contri-
bution to the ioad induced by the bond

Measurements of AP enable /" 10 be estimated provided
that ¢, 15 Independently known As a first approximation. we
assume that the axial mismatch strain is enuirely reheved
when the thin composite sections are sliced ¢; =0 Values
of F are then estimated for the Ti matnx composie
in which debonding occurs within the fiber coaung For
this case [Fig. 7ta)]. v = 90 MPa and the mismatch stress
¢, = 300 MPu (Table 1) giving u = 0.3 With this value for
u. the measured push-through load drops (Table 2) give
I, in the range 4 7Jm . A more complete analysis
awaits a numerical solution that ncludes the influence of
sectioning presently under development [9)
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ABSTRACT

An experimental technique for the measurement of interfacial sliding
properties in fiber-reinforced materials is presented. The technique involves
pushing a bundle of fibers simultaneously through a thin section of the composite.
Using this technique, sample averages are immediately available, eliminating the
need for repeated single fiber tests. The technique is particularly useful for
composites that contain small diameter fibers. Salient features of the technique are

demonstrated through tests on a CAS/SiC composite.
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1. INTRODUCTION

It has been well established that the mechanical performance of fiber-reinforced
composites is strongly influenced by the debonding and sliding properties of the
fiber/matrix interface (or coating).! Consequently, a number of experimental
techniques have been developed to measure such properties, including the single
fiber pull-out test,? the single fiber push-out test,3-5 and the slice compression test.6
The pull-out test provides the best simulation of the loading conditions that the
interface experiences during matrix cracking, but requires meticulous sample
preparation, alignment and fixturing. As a result, fiber push-out tests are more
widely used and have essentially supplanted the pull-out technique.

The push-out technique most widely used involves nanoindentation.3 This
technique is limited to low loads (several grams) and is thus restricted to materials
with small diameter fibers and relatively weak interfaces, and test specimens which
are very thin. An alternative push-out technique was recently developed for use on
materials with large diameter fibers and relatively strong interfaces.”-11 The
technique utilizes a cylindrical ceramic push-rod with a diameter slightly less than
that of the fibers. The push-rod diameter is typically ~ 100 im, and the fiber
diameter ~ 140 pm. The technique is not, however, amenable to testing composites
with small diameter fibers (~ 10 to 20 im), since suitable indentors are not available.
Furthermore, it would be exceedingly difficult to position such an indentor onto an
individual fiber. The present article describes a modification to the existing
technique which allows bundles of small diameter fibers to be pushed out of a thin
composite section. The modified technique provides average values of the interface
sliding stress over a relatively large number of fibers (~ 10 to 20) with each push-out
test. The results obtained here are compared with values inferred from other

micromechanical measurements.
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2. EXPERIMENTAL METHODS

The fiber bundle push-out technique employs the apparatus shown in Fig. 1.
The apparatus consists of a flat support base, a strain-gauged cantilever beam, and a
cylindrical ceramic push-rod. A 220 um diameter hole in the middle of the support
base is fitted with a 200 um diameter displacement piston. The piston measures fiber
displacements by pushing on the end of the cantilever beam. The remainder of this
paper describes the technique as explicitly applied to fiber bundle push-out:
additio 1l details of the apparatus can be found elsewhere.”

The material used in this study was a calcium aluminosilicate (CAS) glass
ceramic reinforced with unidirectional Nicalon (SiC) fibers. The fiber diameter was
~ 15 Um and the fiber volume fraction ~33%. Thin sections, ~ 800 im, were cut
from the composite perpendicular to the fiber direction. The sections were then
polished to a 1 um diamond finish using an automated polishing machine.
Approximately 75 Um of material was removed from each side of the specimens,
essentially eliminating any damage introduced during cutting. After polishing, a
small portion of the glass matrix was etched from one of the polished surfaces using
a 49% HF acid solution. Matrix etching proceeded in a controlled manner by gently
swabbing in 30-sccond intervals. Following each interval, the sample was rinsed in
water and the etch depth measured using an optical microscope. The procedure was
continued until ~ 10 to 15 Um of matrix was removed from the specimen, leaving
protruding fibers with an aspect ratio (height to diameter) of one (Fig. 2).

A small amount of vacuum grease was applied to the chosen bundle of fibers
using a tailor's pin, and a 300 plm tall cylindrical push-rod then placed on top of the
bundle. The push-rods were machined from ©-SiC fibers (100 pm in diameter),

provided by British Petroleum. The purpose of the vacuum grease was to hold the
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push-rod in place during specimen alignment. Using an optical microscope, the
specimen was placed onto the support base such that the push-rod was centered
directly above the displacement piston. After alignment, the entire apparatus was
placed into an Instron loading frame, equipped with an 890 N load cell with a
precision of +0.01 N. An alumina hemisphere was then fitted into an adapter
attached to the load cell. The hemisphere was used to align the load cell with the top
plane of the specimen. Load was applied to the fibers by pushing the flat portion of
the hemisphere against the top of the push-rod. The number of fibers pushed in a
particular test was subsequently counted from either optical or SEM observations of

the bottom side of the specimen.

3. MEASUREMENTS AND OBSERVATIONS

A typical load-displacement trace during fiber bundle push-out is shown in
Fig. 3. The corresponding trend in the average interface shear stress, T, with

displacement is shown in Fig. 4. The average shear stress is taken to be
1 = P/2rR(h-u)N (1)

where P is the applied load, R is the average fiber radius, h is the specimen
thickness, u is the fiber displacement (taking into account the elastic displacement of
the specimen), and N is the number of pushed fibers. In all cases, there was an
initial elastic portion, followed by a small load drop (typically, ~ 10% of the peak
value). The load drop is believed to occur when the fibers debond completely from
the matrix. Once the fibers had debonded, further sliding occurred subject to a

constant sliding stress: T = 16 + 2 MPa (see Table I for 2 summary of the results).
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The values of the interface sliding stress obtained from the push-out tests have
been compared with values inferred from other micromechanical measurements
made on the same materiall? (Table II). The present results are in good agreement
with values inferred from the matrix cracking stress and the fiber pull-out
distribution following tensile fracture (T = 10 to 15 MPa). This consistency p: :ides
confidence in the utility of both the fiber bundle push-out technique, as well as the
micromechanical models that describe damage and fracture in this class of
composite. The value of sliding stress obtained from the saturation crack spacing
measurements (T = 25 to 28 MPa) is somewhat higher; the source of the discrepancy
1s presently not understood.

SEM examination of the bottom and top sides of the tested specimens revealed
several features. Notably, the bottom side “footprint” of a pushed-out bundle did
not correspond exactly with the “footprint” of the push-rod, i.e., the shape of the
bundles was not circular. Figure 5 shows an example of one such bundle. This effect
is probably due to fiber misalignment through the thickness of the specimen.
Examinations of the top sides of the specimens also revealed occasional fractured
fibers around the perimeter of the pushed bundle, wherein only a portion of the
fiber was loaded by the push-rod (Fig. 6). Typically, there were 1 to 2 fractured fibers
in each pushed bundle. The relative uniformity of the fiber sliding distances
measured on the bottom side of the specimens suggests that fiber fracture occurs
early in the loading cycle (prior to the load drop) and thus does not influence the

computed sliding stress.

4. CONCLUSIONS

The fiber bundle push-out test provides a simple means for measuring the

interface sliding stress, provided the matrix can be preferentially etched, leaving the
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fibers protruding uniformly above the matrix surface. The test is particularly useful
for composites containing small diameter fibers which, heretofore, could only be
tested using nanoindentation. Furthermore, the bundle tests provide instant average
values for the sliding stress. Results of the bundle tests were shown to be in broad

agreement with values inferred from other micromechanical measurements.
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TABLE 1

Summary of Measurements on the CAS/SiC Composite

Test Number Number of fibers Average sliding stress
(MPa)
1 13 14
2 11 17
3 19 19
4 16 14
5 21 18
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TABLE 11

Comparison of Sliding Stresses Obtained from Various
Mi.romechanical Measurements on CAS/SiC

Interface Sliding Stress,

Method T (MPa)
Fiber bundle push-out test 14-19
Matrix cracking stress$ 10-15
Fiber pull-out distribution following 10-15

tensile fracture8

Saturation crack spacing® 25-28
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FIGURE CAPTIONS

Fig.

Fig.

Fig.

Fig.

Fig.

Fig.

1.

o

Schematic representation of the apparatus used during fiber bundle push-
out.

Micrograph showing the protruding portion of the fibers following matrix
dissolution.

A typical load-displacement trace for a fiber bundle push-out test.

Variation in the interface sliding stress with sliding distance. (The sliding
distance is the difference between the total measured displacement and the
elastic displacement, with the elastic component being calculated from the
slope of the initial (elastic) portion of the loading curve.)

SEM view of pushed out fibers.

SEM view of the top side of a tested specimen showing fractured fibers
(arrowed) at the periphery of the pushed bundle.
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MECHANICS OF THE FIBER PUSHOUT TEST

C. Liang and J.W. Hutchinson
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Abstract

Model equations governing the debonding and the pushout phases of the fiber pushout test
are presented and are then evaluated for accuracy by comparing them with detailed numerical
analyses of some specific examples. It is assumed that a residual compressive stress acts across
the fiber/matrix interface and residual axial stress in the fiber is taken into account. The interface is
characterized by a mode 2 debond toughness I" and is assumed to develop a frictional stress upon
sliding according to 1=10-KO;, corresponding to a constant stress contribution and a Coulomb
term. The model applies either to pushout of a single fiber embedded in a homogeneous matrix or
to a fiber selected for pushout from a specimen sliced from a fiber reinforced composite. The
effect of redistribution of residual stress due to slicing the composite in preparation of the specimen
is addressed in the numerical examples. The detailed numerical work establishes that the debond
crack advancing down the fiber becomes unstable and breaks through to the bottom of the
specimen when the debond tip reaches a distance about one and one half fiber radii from the
bottom. The model equations provide a reasonably accurate description of the dependence of the
pushout test on its many parameters.
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Notation

R¢ fiber radius

Ry specimen radius

Ry inner radius of support base

P fiber area fraction for a specimen cut from a composite

14 length of mode 2 debond crack

t specimen thickness

Ef,E Young's mod uli of fiber and outer region

E; Modulus quantity for interface crack (Eq. 2.10)

Vi,V Poisson's ratios of fiber and outer region

ng residual compressive stress acting across fiber / matrix interface

p compressive pushout stress applied to fiber end

Pi pushout stress to initiate debonding

PR residual compressive axial stress in fibers

G energy release rate of debond crack

I'=G, mode 2 debond toughness of interface

K mode 2 stress intensity factor for debond crack

K=+ EI' mod e 2 debonding intensity toughness of interface

U load point displacement conjugate to p

u displacement of fiber end relative to specimen surface

1. Introduction

Fiber pushout tests are now commonly carried out with the purpose of measuring the
fiber/matrix interface debonding and frictional sliding characteristics for a wide variety of fiber
reinforced composite systems (see Kearns and Parthasarathy (1991) and Marshall (1992) for a
listing of references). To infer these interface characteristics it is necessary to make certain
assumptions about the nature of the laws governing debonding and friction and to then carry out a
mechanics analysis of the specimen subject to these assumptions. In this way, theoretical
predictions for the specimen can be fit to measured records of pushout load versus displacement
using the desired interface properties as fitting parameters. The number of geometric parameters
characterizing the specimen and material parameters characterizing the composite is quite large (see
the Notation list), and it is essential that the mechanics solution for the specimen be in closed form,
rather than numerically generated for each set of parameters, if it is to be broadly useful. At the

same time, it is essential that the analytical solution, which is of necessity of an approximate
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nature, be assessed for its accuracy. The approach taken in this paper is 1o present a closed form
analytical solution in Section 2, which contains all the parametric dependencies and which is valid
for a reasonably general friction law, and then in Sections 3 and 4 provide a full finite element
analysis of the specimen for some specific cases to assess the accuracy of the analytical model
results. The analytical model results coincide in almost all respects to solutions presented recentls
by Kearns and Parthasarathy (1991) and Marshall (1992) for the special case of Coulomb fricuon
acting on the fiber/matrix interface.

The slicing process used to produce specimens from a composite is illustrated in Fig. 1,
and the geometry of the specimens also detailed in this figure. It is assumed that there are residual
compressive stresses pg and nR in the axial and radial directions, respectively, in the fibers in the
composite prior to slicing. The slicing process redistributes these residual stresses in the
vicinity of the fiber ends, and one of our objectives will be to assess the effect of this redistribution
on the pushout test with the aid of the numerical calculations. In many specimens, the thickness
is chosen to be not more than, typically, 6 to 12 times the fiber radius Ry so that unduly large
pushout forces can be avoided. For such 'thin' specimens it is essential that the inner suppornt
radius of the base, Rp, be small enough such that significant effects due to bending do not arise
(Kallas, et al, 1991). If Ry, is taken to be less than, say, 2Ry, then bending effects are negligible
and, moreover, Ry, itself will have little influence on the pushout results. Similarly, the outer
radius of the specimen Rg plays essentially no role as long as it is more than several imes t. The
numerical results reported below also indicate that the details of the support conditions at the base
{e.g. zero friction versus clamped) have relatively little influence, and clamped conditions will be
used in most of the numerical calculations. Assumptions about the details of the fiber/matrix
interface will be detailed below. The int2rface is assumed to be characterized by a mode 2 debond
toughness (work of fracture) I" or, equivalently, by a critical mode 2 interface intensity toughness
K. A generalized friction law which combines the Coloumb law with a constant friction stress is
used to describe the tractions exerted across the debonded interface behind the advancing mode 2
debond crack tip.

2. Approximate model governing pushout

The results in this section are derived from the paper by Hutchinson and Jensen (1990)
wherein models for fiber pullout have been developed. The formulas below are converted to be
applicable to the present pushout specimen with due regard for certain sign changes. Moreover,
the separate results in that paper for cases of constant friction and Coulomb friction have been
combined here according to the law
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1=1 - HO; (2.1
where 1¢ is the constant friction contribution, p 1s the Coulomb friction coefficient, and -6; is the
compressive stress acting across the sliding fiber/matrix interface. This relation has been
suggested by Mackin, Warren and Evans (1992) as a phenomenological characterizaton which
incorporates both a Coulomb component and a component independent of the compression across
the interface which is thought to arise from significant asperity interaction of the kind documented
in their paper and in earlier work by Jero and Kerans (1990).

2.1 Some basic equations

In specializing the results from Hutchinson and Jensen (hereafter referenced as H-J), it will
be assumed that (Rf/Rg)? << 1 so that, in effect, the specimen in Fig. 1.1 has an infinite outer
radius Ry, leading to a simplification of some formulas in the earlier reference. In addition, two
cases will be considered: Case (i), an isotropic fiber surrounded by an isotropic outer region, and
Case (ii), a transversely isotropic fiber surrounded by a transversely isotropic outer region, where
the outer region can be assigned the effective elastic properties of the composite from which the
specimen is sliced. The model of H-J, like that of Gao, Mai and Cotterell (1988), uses the Lame’
solution to characterize the radial dependence of the stress distribution in the fiber and the marrix at
each position z through the specimen. The approach is not accurate when the mode 2 debond crack
tip is within about one fiber radius from the top or bottom faces of the specimen, as will be clear in
the next section where comparisons with accurate numerical solutions will be made. However, the
approach is quite accurate when the crack tip is in the interior of the specimen, and it can be used to
analyze the most important aspects of pushout behavior.

There are two combinations of the elastic properties, B; and B, which reappear
throughout the paper. These arise in the following relations from the Lame’ solution (cf. H-J,

Eq.(22))

(6; -o7)=B,(6] -0f) (2.1)
and

(ef —€f) = By(of —67)/ Ef (2.2)
where ©f and €5 are the average axial stress and strain in the fiber, G is the radial stress acting
across the interface, and the '+' denotes values well below the debond crack tip while the -' labels
values above the tip. These relations follow from the supposition that the changes in stress
distribution from one section along the fiber to another are characterized by the LLame’ solution,
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together with impositdon of continuity of normal displacement and normal waction across the
interface as discussed more fully in H-J. The formulas for By and B> for the two cases are given

as follows.
Case (i): Isotropic fiber and isotropic outer region.

Let Ef and vr denote the Young's modulus and Poisson's ratio of the fiber and let E and v
denote the corresponding quantities for the outer region. Then,
_ VfE

(1-vp)E+(1+ V)E¢

B,
and

-
B2=l-2va1=ﬂ+Vf)(l -Vf)E+(1+V)Ef Ly
(1-vE+(1+WV)E;

(In this paper B is the new notation for bj in H-J, while B3 replaces b2E(/E, in each case for the

limit with R¢/Rg approaching zero. See the end of the Appendix for errata for the H&J paper.)

Case (ii): Transversely isotropic fiber and transversely isotropic outer region.
Let the 1-direction be aligned with the fiber axis. The relevant components of stress and
strain for an elastic material with transverse isotropy with respect to the 1-axis are related by

1 v
£E1=—0C1——|{Cy+0C (2.5a%
1= 01 E( 2+03)
v 1 Vv .
€2 = —Eﬁl +§62—Er—03 (2.5b)
r
\Y v
E1=~=~0)——0y+—0C (2.5¢)

V/ith a subscript f denoting quantities associated with the fiber and unsubscripted quantities for the
outer region, the expressions for Bj and B2 generalize to

_ VfEr

T (1-VE)E, /EDE +(1+vDE;

Bl (26)

By =1-2v{B, .7

Of the two coefficients, B is generally about unity, while B brings in the 'Poisson effect’

and is a much stronger function of the elastic properties than Bj. For example for Case (i) with v{
=v=1/3, B1=0.167 and B2=0.889 when E{/E=1, and By=0.0714 and B»=0.952 when E¢E=3. To
see how Case (i) differs from Case (i), consider an isotropic fiber surrounded by a composite
comprising the same fibers with area fraction p=0.3. Suppose the matrix of the composite is
1sotropic such that vpp=vr=1/3 and Ef/Ep=3. A self-consistent theory determination of the
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transversely isotropic elastic properties of the composite needed to evaiuate By and B2 in (2.6 and
(2.7) gives E¢/Er=2.215 and v'=0.351 leading to B1=0.0911 and B>=0.939. These values can be
compared with the second set of values quoted above for Case (i), and it is seen that B} is the more
sensitive of the two coefficients to the way in which the outer region is represented.

The central equations of the model are (2.1) and (2.2) along with the equation for axial
equilibrium of the fiber and the equation for the energy release rate of the debond crack. The axial
equilibrium equation for the fiber is

dog _ _2t (2.8)
dz Ry

where z is the axial coordinate parallel to the fiber pointing upward, and the energy reiease rate at
the mode 2 crack tip is

1 -+
G = —(ByRy /Eg)(oF -] % (2.9)

This equation for G is an exact steady-state result for a free-shiding fiber (1 = 0) in the interior of an
infinitely thick, homogeneous isotropic matrix. For a general elastic mismatch between the fiber
and the matrix in Case (i), the relation between the mode 2 interface stress intensity factor K and
the energy reles~ rate is

.2 —_ vl
6=s(1-p) R+ o k2= k2 (2.10)
2 E¢ E E;

where [ is the second plane strain Dundurs parameter and Ej is an interface cracking modulus
conveniently representing the collection of moduli quantities shown. ( See, for example,
Hutchinson and Suo (1991) for a background to the above equation and for the expression for f.
For most systems of interest in the present context, B2 is seldom larger than a few percent.)

22 Debonding phase

Let I" denote the mode 2 toughness of the fiber/matrix interface, and let pr be the
compressive axial stress in the fiber prior to any debonding. (Expressions for pr and ng in terms
of the thermal mismatch strains and the elastic properties of the composite are given by H-J.) Then
imposition of the debonding criterion, G = T', with 6¢* =-pr and 6 =-p; gives the compressive
pushout stress in the fiber needed to stant the debond moving down the interface before any
appreciable frictional resistance develops,

T'E¢
B;R¢

Pi =pr+2 (2.11)

In writing this equation it has been assumed that an initial debond region of length on the order of
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Ry pre-exists, otherwise a larger initiation pushout stress p; would be required. as will be made
clearer in Section 4.

Once debonding has started, the debond length £ increases with pushout stress p according

to

(2.123

L1 ln{ To + ung +uB,(p—pR)J

Ry 2uB; | 19 +ung +WB)(p; - pRr)
where ng is the compressive stress acting across the interface prior to any debonding. Alternauve,
equivalent expressions to (2.12) are

p=pr+2,~Elel+ OEEIR[S -] = p, +{2 (TE; , % *““R}[é—l] (2.13)
¥ B2Rg KB, VBaR; B,
where {=2uB£/R;. The limit to (2.12) and (2.13) for 10=0 corresponding to Coulomb friction
coincides with the results given by Keams and Parthasarathy (1991) and Marshall (1992) for Case
(1), although the form is somewhat different. In particular, the role of the residual axial
compression in the fiber pg is transparent in the first of the formulas in (2.13)--it simply adds 10
the pushout stress. The second expression in (2.13) emphasizes how the debond toughness and
the friction combine to give the increment of pushout stress required over and above initiation. The
limit for constant friction (u=0) is the elementary result £/R¢ = (p-p;)/(210). Note that the above

results hold for Case (ii) as well when (2.6) and (2.7) are used for By and B».

Kearns and Parthasarathy and also Marshall introduce a reference tensile stress quantity,
o0, which is the stress in the debonded portion of the fiber required to reduce the radial
component of the interface traction, G;", to zero. By (2.1), this quantity is related to the residual
stress quantities by ng=B1(50+pR). If ng is eliminated from (2.13) in favor of o0, then for the
Coulomb friction limit one obtains the form which these authors give, i.e.

p=—<s‘f’+{2\{‘lfﬁkr +PR +o?}c€ (2.13a)

281
The sliding displacement of the top of the fiber relative to the mamix (see Fig. 1) is given

by

-U—=Bz{ PP, Jtow"’*)—l—} (2145
Rf 2|.I.BlEf uBlEf R(

where p-pi may be expressed in terms of £/R¢ using (2.11) and (2.13). Within the frame work of

the model, the displacement U through which p works can be approximated by u plus a
contribution due to the deformation of the specimen under p in the absence of debonding. Thus.
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V_8.,ck (215,
Ry Ry Eg

The constant C has been evaluated using the numenical procedures of the next section. For Case (1)
with vf =vp, =1/3 and E{/E in the range 1 to 5, C is well approximated by 1.46(E(/E)!/2. The limnt
of (2.14) for constant fncton (u=0) is

b 2Bt T Biteft (2.16)
Ry Ry VBoReEf Ef \Rg

In the next section, where a full numerical analysis of the specimen under constant friction

conditions will be given, it will be seen that the debond crack advances stably until the crack up
reaches a distance of about 1.5R¢ from the bottom of the specimen where it becomes unstable and
breaks through to the bottom surface by dynamic advance. Let p* and U® denote the load and
displacement associated with the point where the debond crack loses stability. A good
approximation to these instability values can he obtained from the above equatious by taking £
be t-1.5Ry, i.e.

p'=pR+2 ‘ IEy el 4+ ICTETR [ec —1} (2.17)
VB2R¢ HB;

D oockip| PR lotirp) t (2.18)

Ry Eg 2uBiEf  WBjEf Ry

Here {*=2puB(t-1.5R()/Ry. These two equations contain the many parameters in the pushout
problem. Moreover, the three contributions to the pushout stress at break-through are clearly
exposed in (2.17), respectively due to residual stress, debonding toughness and friction.

2.3 Pushout phase

After the debond tip has broken through to the bottom of the specimen the pushout force is
opposed only by friction. However, the axial stress in the fiber at the bottom is now relieved with
a redistribution of the compressive stress acting across the fiber/matrix interface. At the bottom
after break-through, this compressive stress becomes nr-Bpgr; which is assumed to be positive in
what follows. With d as the remaining length of the fiber in the marrix (d=t-u), the pushout stress
is

p={10+u(na ‘BlpR)kCCd -) (2.19)
KBy

where {g=2Bud/R¢. In the limit p—0, this reduces to the elementary result p=215d/Ry implying a
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linear drop-off of pushout load with displacement. The limit of Coloumb friction (1¢ = 0 ) gives a
nonlinear relation between the pushout force and displacement, 1.¢.
ng ~BiPr( ¢ o

p= 2R BB ek ) 230,
with the force dropping more rapidly in the beginning (d=t) than at the end (d=0,. With (nR-
B1pRr) identfied as the redistributed compressive stress normal to the fiber/mamnx interface at the
bottom of the specimen, this formula agrees with that of Shetty (1988). who adapted the earher
pullout results of Takaku and Arridge (1973). It also agrees with equivalent formulas of Kearns
and Parthasarathy (1991) and Marshall (1992), noting that the coefficient in (2.20) is just o7
Recent detailed elasticity calculations of Meda, Hoysan and Steif (1992) have demonstrated the
accuracy of this formula.

The drop in the pushout stress Ap which occurs when the debond breaks through to the
bottom of the specimen is given by (2.17) minus (2.19) with d=t.

3. Numerical analysis of the specimen with constant friction g (Case (i))

Attention will be restricted to pushout histories which are monotonic in the sense that the
average downward displacement of the end of the fiber U is increased monotonically. The debond
crack length also increases monotonically under these circumstances. An important consequence
of this monotonicity for the purpose of analyzing and presenting results for the specimen is that,
for a given debond crack length, the quantities K, U and u are linear functions of p, ¢ and pr.
(The residual compression across the fiber/matrix interface ng plays no direct role in the constant
friction solution.) Specifically, this means it is possible to write

K /Ry = pfy (&) - prfa (&) - Tof3(E) 3.1
UE; /Rg = pg(§) ~ prE2(§) - 1023(E) (3.2)
uE¢ / R¢ = phy(§) - prha(§) - 1oh3(8) (3.3)

The nine quantities fj, g; and h; are functions of the normalized interface crack length, E=¢ /Ry, as
well as the other dimensionless geometric and material property parameters: t/R¢, E{/E, vfand v.
In addition, as discussed in the Introduction, these functions also depend very weakly on Ro/Ry,
Ru/Rf and on the precise manner in which the specimen is supported on its base. The functions of
€ are plotted in Figs 2-4 for selected values of the nondimensional parameters. The fiber and outer
region are cach isotropic (Case (i)) v =v = 1/3, and E{/E = 1 or 3. To provide a relatively severe
test for the model equations, a thin specimen has been chosen with t/R=6 but results for a thicker
specimen with t/Rf=12 have also been obtained and will be discussed. The results are calculated
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with completely clamped conditions along the base of the specimen and with Ro/R=35 and
Rw/Re=1.5. Each of the three contributions will be discussed in turn, and the effects of varving
centain of the parameters will also be discussed. Some of the details of the finite element
procedures used to solve for these functions are discussed in the Appendix. Each contribution 1s
analyzed as a mode 2 crack problem with crack faces which slide relative to one another but whose
normal opening displacement is zero. Thus, when the individual contributions are summed, the
net result applies to a mode 2 problem.

The corresponding results from the model will be compared with the full numencal
calculations. The model results can be obtained in a straigh. forward way from the basic equations
of Secdon 2.1. They are

B-Eyi 1 ¢
K/R=.}"I—— -t — 3.4)
/+ VE [2(P PR) ORJ (3.4)
V4 V§ 2
uEf/Rf =B - — =1 — 3.5
/Ry 2[(P PR)Rr O(RJ} (3.5)

with U=u+CpR¢/Ey.
3.1 Contribution due to pushout stress p

The contributions to K, U and u from the pushout stress p as calculated using the finite
element program are shown in Figs 2. As just discussed, the crack is modelled as a mode 2 crack
in these calculations with closed, frictionless crack faces, as is consistent with the representation in
in (3.1)-(3.3). Included in each of these figures are the predictions from the simple model, (3.4)
and (3.5). The contribution of p to K in Fig. 2a increases sharply with crack length, reaching the
'steady-state’ plateau at E=1. This plateau regime persists until the crack approaches a distance of
about one and one half fiber radius from the bottom of the specimen, at which point the
nondimensional stress intensity factor increases dramatically as the crack breaks through to the
bottom of the specimen. These features are even clearer in Fig. 5 which compares results for two
specimen thicknesses, t=6Rf and t=12Ry. The contribution to K for the shortest cracks and for
cracks within the broad mid-region of the specimen are independent of specimen thickness.
Similarly, for crack tips within about 1.5R¢ from the bottom, the contribution to K from p is
otherwise independent of specimen thickness. The result from the model obtained from (3.4)
clearly applies to the plateau regime.

The contributions to U and u due to p are shown in Figs. 2b and 2c where the model
predictions are also included. The consant C appearing in the modcl eyuatons has been obtained
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from the numerical results of this section. As the crack length increases, the relative difference
between U and u diminishes. The agreement with the model equations improves for thicker
specimens as discussed below.

3.2 Contribution due to axial residual compression pr in the fiber, including the effect of stress
redistribution due i specimen preparation

There is a significant redistribution of residual stress near the fiber ends when the specimen
1s sliced from the composite. Or, if a single fiber specimen is prepared with a homogeneous outer
matrix without slicing such that residual stresscs develop in the fiber, then the stresses near the
fiber ends will also be different from what they are in the interior. Here attention will be focussed
on specimens sliced from a composite with fiber area fraction p. As discussed the Inroduction.
PR is the residual axial stress in the fibers of the composite prior 10 slicing , and the funcuons f-.
£2, and h in (3.1)-(3.3) reflect the redistribution resulting from the slicing process. Finite elemen:
results for the contributions due to pr to normalized K, U and u are shown in Figs. 3. The insen
in Fig. 3a shows the tractions applied to determine the contribution due pr. The residual stress
distribution in the unsliced composite 'cell' is modeled as having a compressive stress pg in the
fiber and a tensile stress ppr/(1-p) which acts over an area weighted to correspond 1o the the
appropriate area fraction of the matrix relative to the fiber such that the total force on each of the
potential top and bottom faces is zero. The slicing process then is equivalent to applying equal and
opposite tractions 10 remove these stresses, as indicated in the insert. Plots of the changes in the
normal and shear stresses acting on the fiber/matrix interface as calculated by this procedure are
shown in Fig. 6 for the set of parameters indicated in the figure caption. The changes constitute a
significant fraction of pr but they are confined to a region a few fiber radii from the ends of the
fiber.

The simplest way to compute K, U and u due to pr is by applying the tractions shown in
the insert of Fig. 3a to the specimen for each length of mode 2 crack. This is equivalent to
cancelling the shear tractions acting across the interface due to introduction of the mode 2 crack. In
presenting the contribution to U, g2(§), the very small displacement associated with £=0 is
subtracted off such that g2(0)=0.

Included in Figs. 3 are the predictions from the model from (3.5) which are seen to provide
a reasonable approximation in the mid-region of the specimen. The redistribution due to slicing
gives rise to a peak contribution to K due to pr which exceeds the mid-region levels and which
occurs at a crack length of just over one half a fiber radius. Since the contribution due to pg is a
negatve (see eq.(2.1)), the effect of the redistribution is to require a larger pushout stress to stan
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the debond crack moving down from the top surface of the specimen than would otherwise be
predicted. The contribution to K falls 1o zero as the crack approaches the botuom surface of the
specimen since the axial residual stress is then largely relieved.

33 Conrtribution due to the constant friction stress 1)

The contributons in (3.1)-(3.3) due to 1g art shown in Fig. 4, where the predictions from
the model are also included. The model results for K in Fig. 43 underesomate somewhat the actual
contribution, but the slope of the the reladon in the interior portuon of the specimen is captured by
the model. This same tendency was observed in the comparauve study of pullout in Fig. 7 of H-J.
where it is also seen that the accuracy of the model improves as the debond length grows
(assuming it is still well away from break-through). Thus, the discrepancies between the detatled
numerical results and the model seen in Fig. 4 diminish significantly in the intenior of the specimen
for specimens thicker than the one considered in this example, as will now be discussed.

3.4 Dependence on other parameters and support conditions

The numerical results for the choice t/Rg =6 shown above provide a fairly severe test for the
model equations since end effects extend into the specimen a distance of between one to two fiber
radii, typically, from the free surfaces. The model equations do not incorporate end effects, vet
nevertheless the model captures the quantitative trends when the debond is in the interior of the
specimen. Fig. S illustrates the applicability of the model equations to the portion of the specimen
away from the ends. Generally speaking, the model predictions for K are the more accurate than
those for U, which in turn are more accurate than those for u. The calculations for /Rg=12 show a
systematic improvement in accuracy of the model equations for all three quantites over those for
YRe=6. For example with Ef=E. the error in the model predictions at £=¢/2 drops from 3.6 o
1.8% for K, from 9.0 to 6.7% for U, and from 27 to 17% for u. For E{/E=3, the error
improvements for a specimen with t/Rg=12 rather than 6 are 14.7 t0 4.0% for K, 22 10 13% for U,
and 55 t0 26% for u.

Some of the calculations displayed above were repeated using free sliding boundary
conditions (rather than completely clamped) along the bottom surface of the specimen. This
alteration had virtually no effect on the numerical results for the functions in Figs. 2-4. Similarly,
reducing Ro/Ry from 5 to 3 had virtually no effect

4. Fracture analysis of the specimen with constant friction (Case (i))
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The equations (3.1) and (3.2) of the previous secnon will now be used 1o generate pushout
load-displacement relatons during the debonding phase and, consequently, to identify the point
where the debond crack becomes unstable and dynamically breaks through to the bottom of the
specimen. Impose the condition K=K =(E] IN172 on equation (3.1) to obtain the following relation
between p and the normalized debond length § :

_P .1 i, _PR__ —0
JEIT /Ry fi(§) ) VEIT /R JEIT /Rg
Equation (3.2) with (4.1) supplies U as a function of § according to

UE; p r PR 0
B ER AT ERR &Y Erw o6

Examples are shown in Fig. 7 where the f's and g's are those plotted in Figs. 2-4 for the case with

f28)+ f3(5) (4.1

(4.2,

Er=E, vf =v =1/3, and t/Ry =6. Fig. 7 isolates the effect of friciion showing results for several
values of the nondimensional friction parameter, in every case with pr=0. Plots a and b of this
figure display the dependence of p and U, respectively, on £, while £ has been eliminated in plot ¢
with p cross-plotted against U. The curves in these plots apply when the debond condition,
K=K,, is met. The straight lines emanatng from the origin have been added to indicate behavier
prior to any debond crack advance, as will be discussed below. Included in each of the three plots
of Fig. 7 are predictions of the model for precisely the same case. The model predictions are given
by (2.13) and (2.15) for the limit u=0. Equivalently, they can be obtained from (3.4) and (3.5)
after K=K, is imposed.

Suppose for the purpose of discussion that the displacement U (rather than the load) is
prescribed by the pushout devise. Any loading devise compliance could be taken into account in
the following discussion, but a stiff devise 1s well modeled by prescribing U. The straight line
emanating from the origin in Fig. 7¢ is the load-displacement response of the system prior to
attaining the debonding condition K=K.. If a debond crack of length greater than about one fiber
radius pre-exists, then the dashed line segment will intersect the the debonding curve at a point
such as A, and debonding will then progress smoothly as U is increased. If, however, the initial
debond flaw is shorter than about one fiber radius, debonding will start at a point such as B and
will advance dynamically arresting when the load drops to the lower value at B’ associated with the
prescribed U. Subsequently debonding will progress smoothly with increasing U until the limit
peint with respect to U is reached. Values at the limit point are denoted by (p*,U"), comresponding
to the point where the debond crack becomes unstable and breaks through to the bottom of the
specimen. The limit point is attained when the debond crack tp reaches a distance of about 1.5R¢
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from the bottom. (The values given by the model at which £=t-1.5R 1s indicated by a solid dot 1n
Fig. 7c.) From Figs. 2a and 5, it can be seen that the instabiliry point corresponds to the strong
up-turn in the dependence of K on p. Note further that the two cases shown with nonzero 1 are
stable under prescribed load almost to the same point as under prescribed U. In other words.
friction stabilizes the debonding process until the point where the debond approaches the bottom of
the specimen such that there is very little dependence of the break-through values, p* and U*. on.
the compliance of the loading device.

Plots of p and U as functons of £ and p versus U are shown in Fig. 8 for examples where
residual axial compression pR in the fiber is present as well as constant friction. In this case the
normalized value of p-pr has been used as the ordinate to bring to out the fact that the main effect
of residual axial compression is to simply require an extra push roughly equal to pr. The model
tends to underestimate p and overestimate U, but the errors in p* and U* are not more than abou!
ten percent. The range of the nordimensional residual stress parameter chosen in Fig. 8, from 0 to
2, covers the feasible range of this parameter. Using (3.4), one can readily show that the fiber will
debond by residual stress alone (i.e. poke out of the mamix) if

PR >2 Ef
JET/R;  VEB,

The collection of terms on the right side of this inequality is usually fairly close to 2.

S. Closing Remarks

The detailed numerical analysis of some specific examples in Sections 3 and 4 indicate that
the model equations provide a reasonably accurate characterization even for a specimen as thin as
YRy =6, with errors of about 10% being typical. The accuracy of the model predictions in the
vicinity of the instability point is seen in Figs. 7 and 8 to be somewhat better than in the beginning
stages of the debond process. As discussed in Section 3.4, the accuracy will be even better for
thicker specimens. The detailed analysis indicates that the instability point in the debonding phase
occurs when the debond reaches a distance of about 1.5R¢ from the bottom of the specimen, and
the model equations (2.17) and (2.18) can be used to predict this point. Moreover, as long as there
is some friction, this instability point is not a swong function of the compliance of the pushout
device. The instability is primarily associated with the strong upturn in the relation of K versus
debond length seen in Figs. 2a and 5 as the debond crack approaches the bottom of the specimen.

A few remarks are in order in connection with use of the model equations of Section 2 to
infer interface properties such as I' and frictional characteristics from experimental pushout
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records. Firstly, one should be cognizant of the approximate nature of the model equations in
making efforts to fit the model equations to experimental pushout data. The level of error reflected
by the examples in Figs. 7c and 8¢ is typical for relatively thin specimens. Secondly, one must be
aware that it may not be possible to distinguish between a constant friction characterization and @
Coulomb friction characterization if the specimen is relatively thin. To sec .his. consider the
frictional contribution to the pushout stress in (2.13). If { never exceeds 1/3, say, then e5-1 can be
approximated by { and

Top+MUNR[ ¢ ~ ¢
207 POR[eS — 1) = 2(19 + ung)— (5.1)
HB; [ ] R¢

The combination (Tg+ung) is equivalent to an effective constant fricuon. In other words, if {<
173, there is negligible 'Poisson effect’ and the Coulomb friction contribution remains essentially
unchanged at pung during the debonding phase. These remarks also apply to the pushout phase
governed by (2.19), although note that the term -uBpRr does affect the Coulomb contibution
relative to the debonding phase (5.1) in a way which does distinguish it from constant friction.
Since the debond length is at most t, the condition that { never exceed 1/3 is simply
t/Re<1/(6uB1), which, depending on specific values of the parameters of the system, could be as
large as 10 or more.

Equation (2.13) can be used to assess the relative importance of debonding toughness,
residual axial stress, and friction to the pushout stress during the debond phase. As emphasized
carlier, according to the model the residual compression in the fiber pr simply adds to the required
pushout stress. The terms

2 I’Ef and Tp + HNR
BR¢ HB,

each have dimensions of stress and, respectively, govern the debonding and frictional
contributions. The nondimensional frictional parameter and residual stress parameter introduced in
Section 4 used the first of the above quantities in their normalization. Thus, the relative importance
of the contributions can be assessed from the relative magnitudes of these terms.

Finally, we wish to call attention to the fact that the relative slip u of fiber to matrix at the
top of the specimen is only a tiny fraction of the fiber radius at break-through in many systems.
This statement follows from inserting values for typical systems in (2.16) and from experimental
records of pushout tests published in the literature. Thus, for example, a thin specimen with a
fiber of radius 50 microns may undergo debonding with relative sliding u never exceeding a small
fraction of a micron. If the asperity roughness has a wavelength which is long compared u (which
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is the case for some fibers), then debonding does not invoive the aspenues shiding past one
another. In fact, under these conditions, debonding will occur prior to the unseaung. or unkeving.
of the fiber asperity pattern from the matrix which surrounds it. The role of surface morphoiogs
during debonding under these conditions is not well understood. and it is not at all clear that ¢
phenomenological friction law such as (2.1), whether for constant or Coloumb fricuon or some
combination, should apply both to the debonding phase and the pushout phase after shding
distances on the order of the asperity wavelength have occurred. By the same token. fncuonal
characteristics inferred from pushout tests where 'large’ amounts of sliding occur may not be
relevant for debonding and sliding under pullout conditions expenienced in cracking applications
for brittle matrix composites which involve small amounts of sliding.
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Appendix

The numerical results have been obtained using a finite element code ABAQUS (Hibbitt,
Karlsson & Sorensen, Inc., Providence, Rhode Island, USA) with eight-noded quadrilateral
axisymmetric elements. The finite-element mesh consists of 1169 1o 1305 elements. Mode 2
cracks of length £ are assumed to exist along the interface. Since there is a square root singularity
in the strain and stress fields at the crack tip, quarter-point elements are employed in the region
nearest to the tip. The radial length of the smallest and largest elements are 3.07x10™4 R; and
1.35x10% Ry, respecuvely. For each pre-selected £, the energy release rate, G, is calculated using
a J-integral option in ABAQUS. The contour selected to calculate G lies within the immediate
vicinity of the tip, where the plane strain conditions are asymptotically approached. The calculation
is performed for debond ratios ranging from 1< £/R¢ < 6, with between twelve to twenty ratios
used for a given specimen. The stress intensity factor K and the average downward displacement
of the end of the fiber U are also calculated. The displacement U 1s obtained by averaging the
nodal axial displacement of the fiber end over the intersection area of the fiber, while the relative
displacement u is obtained by subtracting the average axial displacement of matrix from U. Since
the linear elastic behavior is assumed, the contributions to K and U from the applied compression
p. the residual axial stress pgr and constant friction 1o along the interface could be calculated
separately as discussed in Secuon 3. The contribution due to axial residual compression pg in the
fiber is modeled by applying a uniform tension pg to the fiber ends, and a compressive stress
ppr/(1-p) acting over an annular region whose radius extends from Ry to Rf/\!; on both the top
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and bottom faces of the specimen. The fte-element results for the consiant fonon case wre
obtained by applying an appropniate concentraied shear foroe 1o each nodul point along the cracs
faces such that an equiv alent uniform shear stress 1 is achieved.

Errata for Hutchinson and Jensen (1990)

Eq (24): ¢y =2ay(by+by)?
Eq. (47 Ky should be replaced by ki/(1+k))
Eq. (59 e in the numerator should be replaced by e
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Fig. 5 Contributions to K in (3.1) due to p for two thicknesses of specimen. The parameters of
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EFFECTS OF FIBER ROUGHNESS ON INTERFACE
SLIDING IN COMPOSITES

T. J. MACKIN, P. D. WARREN and A. G. EVANS

Materials Department. College of Enpineening. University of Cabforma. Santa Barbara.
CA 93106, U S A

{Recewred 7 October 1991}

Abstract—The presence of asperities at the fiber-matnx interface 1s noted expennmentally as a load nise
during the nitial stuges of push-out and as a reseating load drop during push-back. These effects are
modelled by considering the clustic deformation of aspenties at the interface. Durning fiber shding. the
decorrelation of imnatly matching fiber and matrix geometries resulls 1 an asperity pressure at the
interface. Fractal models of interface roughness are incorporated mnto an equation of fiber shding tha
is found to accurately reproduce experimental observations Additionally. an asperity wear mechamsm
must be mtroduced to explain the effects of fatigue. the vanauon of fiber reseating with shding distance.
and the rapid decay in shiding stress during prisune fiber push-out.

Résumé-—La présence d’aspérités a !'interface fibre matrice est constatée experimentalement comme une
élévation de charge pendant les stades inthaux de la poussee et comme une chute de charge pendant la
poussée inverse. Ces effets sont modélisés en considérant la déformauon élasugue des aspérités a
I'interface. Pendant le ghssement des fibres. la décorrélation des géometnies initialement assorties des fibres
de la matrice conduisent & une pression daspenté a l'interface. Des modéles fractaux de la rugosite de
I'interface sont incorporés dans l'équation du ghssement des fibres qui reproduit avec précision les
observations expérimentales. De plus. un mécamisme d'usure des aspérités doit étre introduit pour
expliquer les effets de la fatigue, la variauon de remise en place de la fibre avec la distance de glissement,
et la rapide décroissance de la contrainte de glissement pendant la premiére poussée sur la fibre.

Zusammenfassung—Rauhigkeiten an der Grenzfliche zwischen Faser und Matrix machen sich im
Experiment als Anstieg der Last wihrend der Anfangsphase des Auszichens und als Lastabfall durch
Wiedereinrasten wihrend des Zuriickschiebens bemerkbar. Diese Effekte werden modellhaft beschrieben.
indem die elastische Verformung der Rauhigkeiten an der Grenzfliche beschricben werden. Wihrend des
Gleitens der Faser fithrt das “Ausrasten” der urspringiich passenden Faser- und Matrixgeometrien zu
einem Druck durch die Rauhigkeiten an der Grenzfliche. Fraktale Modclie der Grenzflichenrauhigkeit
werden in eine Gleichung der Fasergleitung emngebaut: es ergibt sich, daB diese die expenmentellen
Beobachtungen genau wiedergibt. Zusitzlich muB win Rauhigkeits-Abriebmechanismus eingefihrt wer-
den. um die Effekte der Ermidung. der Variation des Einrastens der Faser mit dem Gleitweg und den
raschen Abfall in der Gleitspannung wihrend des vorausgegangenen Auszichens der Faser erkliren zu
konnen.

0956.7151 92 $5.00 + 0.00
1992 Pergamon Press Lid

L. INTRODUCTION

Fiber-reinforced composites gain much of their
toughening from the frictional sliding of fibers [1-4].
Most descriptions of sliding have employed a sliding
stress, 1. that does not incorporate the microscopic
roughness of the sliding surfaces [5-7). Recent
experimental evidence, however. has elevated the
role of interface roughness. In particular, certain
features of fiber push-out and pull-out cannot be
explained by the frictional sliding of smooth fibers.
For example. after a fiber has been pushed through
[Fig. 1(a)) or pulied out and returned to its original
location, it experiences a reseating load drop
[Fig. 1(b)] [8-11]. This load drop arises from the
geometric memory of the fiber-matrix debond sur-
face: the fiber and matrix geometries re-correlate in
their original orientation. Furthermore, fiber push-
out is often accompanied by an increasing load
during the early stages of sliding [Fig. 1{a)] [7.11): a

1

£y

“-

phenomenon which is also attributed to geometric
decorrelation during fiber displacement. Additional
evidence for roughness arises from efiects associated
with cyclic sliding during fatigue (Fig. 2) [11]. This
article develops a simple model of fiber sliding that
incorporates fiber roughness. which may be used to
simulate and interpret fiber push-out and pull-out
measurements. The model shows that the decorrela-
tion of initially matching fiber and matrix geometries
is seemingly responsible for many of the observed
phenomena.

Jero et al. [8. 9] first noted the importance of fiber
roughness and modelled its effect as an addition to
the interfacial clamping pressure. They assumed that
the fiber and matrix geometries. once removed from
their original position, would create a uniform asper-
ity pressure that simply adds to any existing clamping
pressure. A more detailed analysis of asperity inter-
actions was presented by Carter er al. {10] wherein
asperity roughness is modelled as Hertzian contacts,

51
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Fig. 1 Fiber push-out (a) and push-back (b) in a Ti(15-3-SCS-6 composite. During fiber push-out. there
is @ notable increase in the shding stress associated with the first few microns of fiber sliding. Note the
reseating load drop associated with fiber push-back (A =410 um).

leading to a sinusoidal modulation of the sliding
stress. Kerans and Parthasarathy [12) include asperity
pressure in a detailed treatment of fiber debonding
and sliding during both push-out and pull-out exper-
iments. They note that asperity pressure. due to

roughness, plays an important role in fiber sliding.
Additionally. Kerans and Parthasarathy [12]
introduce discussion of abrasion during fiber sliding
that would have implications during the shding of
fatigued fibers.
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Fig. 2. Push-out for fatigued fibers (h = 450 pm).

The present model considers an elastic asperity
mismatch akin to that of Jero et ol [8.9] but
includes a full spectrum of fiber roughness.
represented using fractal gecometry. As such.
computer simulations using this model iflustrate all of
the fundamental aspects of sliding along a rough.
debonded interface, and directly demonstrate
aspenity cffects during the sliding of both pristine and
fatigued fibers.

2. SLIDING MECHANICS

Fiber sliding. 1n the ahsence of roughness. has been
analyzed using a generalized shding law [5.13]

T=71,— puag, (1)

where 1 15 the sliding stress. u1s a friction coefficient,
a, is the compressive stress normal to the interface.
and 7., 1s a constant shding stress. When 1, and ¢, the
mismalch sirain between fiber and matrix. are inde-
pendent of location along the fiber. -. the push-out
stress on the fiber. o, . is [5.13]

dulexpuBr Ry — 15l —f)

a,= - 2)
{E Eexp(QuBt Ry+1—1])

where / 15 the fiber area fracion. E s
Young's modulus. R the fiber radius. and ¢ is the
embedded length of the fiber (Fig. 3). with the
subscripts f and m referring 1o fiber and matrix.

respectively. and

B=vE[E(l ~v)+ E(l -v)}"!

£ T, E
="_,\-(—T *(ji) BE,.(1=1)

i

t=h—d

with v being Poisson’s ratio (assumed to be the same
for fiber and matrix). £ 1s the composite modulus. A
1s the specimen thickness and 4 is the sliding distance
of the fiber.

-—— % -

Fig. 3 Schematic of fiber shding and the associated

geometry
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Fig 4 A sinusoidal mterface surface results i 4 similar
modulaton of the shding stress

When the musfit is dependenr upon :. because of
roughness along the debonded interface. the push-out
stress is moditied. For this purpose. ¢; 1s re-expressed
as

=6, =} R {3

where ¢, is the thermal expansion mistit and 4(z) 15
the asperity mismatch between fiber and matrix along
the embedded length of the fiber (Fig. . If the
asperities are axisymmetric, the roughness leads to a
local misfit strain, é(z) R. at locations where asper:-
ties in the fiber and matrix shde past each other. In
essence, the asperity induces an additional pressure.
p. that determines t,: mechanistically arising from the
geometnc decorrelation of fiber and matnx during
fiber sliding. As such. the interfacial shear stress
presented in equation (1) is entirely Coulombic

T =u(o, +p) (4)

with, 7, = — up. (Note that. because p is compressive,
17, 15 posiive.)

For sim~ticity of presentation. roughness effects
are demon r>ted for the case of single fiber push-out
with v=1v_ and small /. such that equation (2)
reduces to

o, = o,exp(2uBr R - 1). (5)

The integral of the asperity musmatch over the
embedded length of the fiber provides the asperity
pressure. Hence, the push-out stress given by
equation (5) becomes

E
agd)= T;; fexp(2uBt R(1 —d 1)) — 1]
+ (2Eu R¥Yexp(—2uBd R}
h
xJ lexp(2uB:z 'R)O(z)d: (6)
4

where 4 is the push-out distance (Fig. 3
Consequently. by specifving an interface roughness.
8(z). the push-out stress can - computed from
equation (6).

INTFREFACE SLIDING IN COMPONTES

3OSIMUEATIONS

Fiber push-out smulattons are conguoned that
daddress the push-out toree wirar o
drop The roughness o the debonded mterivee i
modelled  using tractal alporithms with denticg

defatidny i

fractal proﬁlc\ J~>1gncd 1o both sides of the aehond
Once assigned. the profiles are compared at cach
shdmg distanee o deternnne o diwmetral nusmateh
S12) ab merements along the siber length Using
equation {61 the resullmg pusb-our stress s de-
mined The simulavon methodology was tested by
computing the push-out behavior of o fiber that has
a single wavelength, axssmmetre. sinusardat profile
For such roughness. a sinusondal form s demon-
strated m a push-out simulanon (Fig 4y More
realistic fiber profles were simulated using & tractad
geometnic technigue known as fracuonal Brownan
motion ( 1'Bm) [14-17]. 4 techmigue that has tound
widespread use 1n the simulavon of natoeral ge-
ometnes Evidence for the utdity of 7 B modeliing 1
presented 1n Fig. 5. which compares the protile of un
(SCS-6)SiC  fiber. taken using & profilometer
[Fig. 5ta)] with a fractal representauion [Fig. Sthy)
The use of fractal modeling cnables controlied
simulation of fiber “roughness.” and. consequentiy.
demonstrates the role of roughness in fiber shding

The following simulations relate to push-out curves
measured on T1 alloy (SCS-6)8:1C fiber metal-matriy
composite. These simulations, using known values of
elastic moduli and roughness. are compared directhy
with experimental resuits [11]. The elasuc constant. 8
in equation {6) was computed from the formulae of
Hutchinson and Jensen [5] Fiber roughness simu-
lations were based upon a fractal analvsis of SCS-6
fiber profiles. providing a profile fractal dimension of
D = 1.12. The fiber and mawnx surfaces were mod-
elled as axisymmetric surfaces of revolution. resulting
in a fiber surface dimension of 2.12. Profilometry of
(SCS-6)SiC fibers indicated a roughness with a max-
mum amplitude of tenths of microns [Fig. 5a)] and
the fractal representations were scaled accordingly.

At the onset of fiber shiding. the fiber and matnix
geometries are in perfect registry. Consequently. the
roughness ter- vanishes from equation (6). resulting
in an equatio for smooth fiber push-out. Thus. a
coefficient of triction was determined by matching
theory and experiment at the point of imitial shding.
This matching for the results on Ti SiC (SCS-60)
indicated that u = 0.26.

A typical set of simulations 1s illustrated in Fig. 6
Vanous behaviors are apparent. dependent on the
roughness amplitude distribution sampled within the
specimen section thickness. Most relevant 1s the
frequent appearance of nsing load poruons of the
push-out curve. This feature 1s observed experimen-
taliv (Fig. 1) and 1s at vanance with the behavior
expected for smooth fibers. Furthermore. the extent
of the rise 1s consistent with that found by exper-
iment. as illustrated 1in Fig. After nsing to a
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maximum. experimental push-outs experience a rapd
decrease in the apphled load As shown in Fig. 7.
simulated push-outs are found to consistently remain
higher than experimental results. Such a rapid
decrease in push-out load cannot be modelled
without the introduction of interface wear. a process
that will be discussed 1n connection with fiber rescat-

.
g
¥
< .
F Lo
: i
NI
el ‘7‘4’ \
£ v N
2 . M
g S
S o5y S S
-4 : \\
: - I
o sz ca 06 oe E)

Neemchzed finer 3:sDiacement

Fig 6 Push-cut simulations exhibu the samc qualnatve
behavior as experimental push-outs Each curve represents
4 random samphing from the roughness distnbution

* Ssperrment
. Simactior

N
N -,

z
FE
I
- -~ ‘
| A
-4 L
< S " 15 P 2t
Fipe: gispoceman: . m:
Fig ~ Rough fiber push-out simulatons resemble

experimental results (4 = 210 um)

AMA 406 - )

ing and fatigue. As expected. fibers having an inter-
face roughness amphitude greater than that for SCS-6
fibers exhibit push-out curves with larger oscillations
(Fig. 8).

Consistent with previous studies of push-out and
pull-out. the push-out force is found to be strongly
influenced by the fricuion coeflicient over the full
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Fig 10 An merease i the Porssor’s rutie inereases tiber
dndmg stress Ao composite Poissor's ratio jequation 21

pusb-out distance (Fr20 950 but only moderately de-
pendent on Porsson's ritie at amuat push-through
(Frg. 10} The etfects of thermal eapansien mistit are
of pargicuiar anterest tFrg 11 A expeoted. the
push-out force i« reduced when the nustit s reduced.
bu: 15 sull tinne when the mustt s reduced to zero
For zero mustit. the push-out cur.¢ i dependent
enttrely on the roughness distribution, Consequently.
the shape of the curve changes when different
segments of the roughness distnbutton are included
in the specimen section ‘g 11, The behavior. in
esSence, governs I, in equation (1)

4. INTERFACE FATIGLE

Experiments on wnterfaces subject to evehe siding in
fatigue have revealed push-out behavior that departs
signuficantiy trom that of their pristine counterparis
[H] (Figs 1 and 21 The mmual shliding stress of
p-~-fatigued fibers was much lower and. during sub-
sequent push-out. was followed by substanual load
increase. cven though the embedded fiber length s
decreasing as push-out proceeds. The low iniual
sliding stress is attributed to interface degradation
during fatigue. while the subsequent increase in tiber
stress anses from an asperiy musmatch pressure.
Thus. in iddison to roughness. the stmulation of
fatigued fiber sliding requires interface wear,
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the Fousrer spectrum of the preale, wherems o o
pass cut-off tregquenay v chosens ond the pronde s
reconstricted usme oty those waveiengtin helow the
cut-oft In those simulations, onds e aber ~rogiie 1~
sme cthed, mdicaine of preterentiad wedr at the nher
Conscquentdv, e fiber and
nateh. and small

side of the antertace
mattriy no Jonger attord @
waps form between the hber and muanrn, Aspenits
niitenz 2. however. did not simudate the fatued tiber
push-out features tound by experimient

The second approdach entaids removing ¢ thin shell
of mterfuce muterial from around the fiber. somew hat
cqunalent to relaxing the residual thermud stress. but
permitting small gaps at the mitertace The fragments
formed by ovehe shidimg are assumed to be remosed
from the intertace and become relocated between the
matriy crack surfaces. The resufts ot these sima-
lavions (Fig. 12) exhibit correspondence with the
expenmental curves (Fig. 21 A reduction in interface
sliding stress upon ovelic shding caused by coatng
fragmentanion thus appears 1o be the more plauaible
degradation mechanism.

eriedt

5. FIBER RESEATING

Perhaps the most telling evidence of fiber geometny
15 that of fiber rescating [8- 11} This occurs when a
fiber has been displaced within the matrix and then
returned 1o 1ty onginal locauion. As the fiber moves
back 1nto posiwon. the rescating is accomprnied by a
considerable load drop. This phenomenon s been
witnessed i a' least two mairices containing {SCS-
6)S1C fibers: Tu15-3) and glass. The present simu-
lation procedure 1 nherenthy reversible and always
produces fiber reseating. Yet. expenmental evidence
suggests that the fiber 1s worn dunng shding and that
subsequent rescaning s affected by the extent of
sliding [11]. This eflect can be simulated by introduc-
ing a wear mechanism that relaxes the clamping
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Ny 1N aspenty pressure s diredt proporten to the
tiber shiding distance Simuluted pesti-huack curves tor
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teatures found in the expernimenis {11

6. SUMNMMARY

A maodel of fiber shiding thut socorporates the effect
of ttertace roughness has been presented. The effect
1s anajogous o an elustic shrnink-tt due 1o geometnic
decorrelation of imualhy matching surfaces as aspert-
ties shde past cuch other The subsequent aspenty
pressure contributes perturbations to the clamping
pressure at the ntertuce and  generates shding
phenomena in general eecordance with experimental
ohservations. One amportant phenomenon s the
mcerease momitigl shiding stress. afwer debonding. often
encountered i the presence of nterface roughness.
This increase s influenced by the amphtude of the
roughness and its fractal charactensucs. Such behaw-
1or could have a substantial cflect on the incidence
and location of fiber fallure and hence. on the
frictionul contribution te the fracture resistance.
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ABSTRACT

The current interest in tough, high-temperature materials has motivated fiber
coating development for brittle matrix composites with brittle reinforcements. The
system investigated in this study was sapphire fiber-reinforced alumina. This system is
thermochemically stable for severe use conditions, exhibits little thermal expansion
mismatch and utilizes the excellent strength and creep resistance of sapphire
reinforcements. Porous oxide and refractory metal coatings which satisfy requirements
for toughness improvement in these composites were identified by employing a variety
of newly-developed mechanical testing techniques for determining the interfacial

fracture energies and sliding resistances.

KJS-Evans-18+F-FkTA-Fbr Cing 91/03/21+1026 AM«5/7/92 2




1. INTRODUCTION

The mechanical requirements for fiber coatings in brittle matrix composites are
reflected in two properties!-3: debonding and sliding. These properties are manifest as
an interface debond energy, I';, and a sliding stress along the debonded interface, T. A
prerequisite for good composite strength and toughness is that a debond criterion bte
satisfied, wherein the debond energy relative to the fiber fracture energy, I'y, satisfy
I/ I‘f < 1/4.4 Control of sliding is needed to ensure a notch-resistant material, such that
T < 100 MPa. Coatings of C and BN provide these properties, but both are susceptible to
oxidation. Consequently, when SiC fibers are used, and when matrix cracks are present,
oxidation embrittlement is encountered because the fiber oxidizes to form a silicate
layer that violates debonding requirements.5 Other coatings are thus desirable for high
temperature applications. The present study examines some alternative fiber coating
concepts, with emphasis on coatings for oxide fibers, such as sapphire.

Debonding of sapphire fibers® requires coatings with a debond energy, I'i €5 Jm=2.
Few high-temperature materials have intrinsic fracture energies small enough to satisfy
such a requirement. Potential options are oriented micas,” ¥ some amorphous oxides,8
and fugitive coatings which are removed after composite consolidation.? However, the
amorphous coatings have limitations governed by viscous flow at elevated
temperatures, plus reaction with Al;03. Two alternative concepts are explored in this
article: i) porous oxide coatings and ii) coatings that form ‘weak’ interfaces with Al;Os.
The first concept recognizes that porosity generally decreases the fracture energy of
brittle materials, such as oxides.10 Consequently, certain porous oxide coatings may be
able to satisfy debonding requirements for sapphire fibers, by allowing debonding

within the coating itself. The second concept is based on the expectation that certain non-

*I'4 = 12-20 Jm-Z, depending on the fracture plane.6
T{\is concept is being explored at Corning, by K. Chyung.
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oxide coatings may allow interface debonding.1l While most such interfaces have
relatively high fracture energies (I'; > 10 Jm-2),11-13 Jarger than that required for the
debonding of sapphire fibers, preliminary evidence has suggested that certain
refractory metals provide suitably low values.1!

An effective coating should have the attribute that it does not degrade the strength
of the fibers. Consequently, coatings that either react with or dissolve the fibers are
usually unaccer-:ble. This thermochemical requirement further limits the potential set
of coating materials. Various refractory materials that exhibit known thermochemical
compatibility with Al;O3 at 1500°C have been evaluated (Table I), plus C, Y203 and the
refractory metals, Mo, W, Cr and Zr.

2. APPROACH

The overall approach used to identify viable fiber coating concepts is illustrated in
Fig. 1. Planar geometries readily amenable to processing and testing are used to screen
candidate coating materials. The associated test procedures include a Hertzian
indentation technique!4 and a mixed-mode flexure test!5 (Figs. 1a, 1b). For coatings that
exhibit debonding, the fracture energy, I';, may also be determined from these tests. The
subset of coating materials that satisfy fiber debonding requirements is then used to
address composite performance. For this purpose, sapphire fibers are coated and
incorporated into a brittle matrix. Beam specimens are cut from the consolidated plate
(Fig. 1c), with the fibers oriented along the beam axis. Tensile and/or flexural tests are
then used to assess the interaction of a crack with the coated fibers and to obtain
information about the sliding stress, T. The magnitude of T is ascertained from a
measurement of the crack opening displacement as a function of the applied load.16
Such tests also permit measurer ' of the fiber pull-out length, h, and the fiber fracture

mirror radii.17-19 The latter yield a direct estimate of the in situ strengths of fibers, S.19
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The magnitudes of S and h, in turn, give another estimate of T, and thus provide a
useful consistency check. In addition, T can be obtained from fiber push-through tests
(Fig. 1d).20-22 In the present study, a combination of the above tests is used to assess

coating concepts for sapphire fibers in polycrystalline Al;O3.

3. EXPERIMENTAL PROCEDURES

3.1 Processing

The coatings were deposited either by evaporation, sputtering, chemical vapor
deposition or by sol gel methods. For the planar geometry, coatings were deposited on
two surfaces, each representing either the fiber or matrix component of the composite.
Bonding was then conducted by hot pressing at homologous temperatures (for the
coating material) in the range 0.4 < T/T,, < 0.7. Consequently, the system experienced a
thermal cycle analogous to that expected for composite processing. Specimens containing
fibers were produced by sputter or evaporation coating sapphire fibers and
incorporating them into matrices by powder processing, using either hot pressing or

HIPing to achieve consolidation.
3.1.1 Coating Deposition

Oxide "sol gel" coatings were produced from liquid precursor materials. A spin
coating apparatus was used to deposit the coatings onto the planar substrates used for
diffusion bonding. The coated substrates were then heat treated in air to temperatures
suitable for pyrolysis of the precursor, typically below 1000° C. During pyrolysis, the
film is converted to an oxide. Subsequent iterations were used to increase the thickness
of the coating.

Sputtered coatings were deposited onto sapphire discs and fibers in an RF. diode

sputtering unit. The sputtering targets used in most cases were high purity (2 99.9%):
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only the W target had a lower purity (~99.5%). Oxide coatings were deposited by
reactive sputtering using a 50%-50% mixture of research grade argon and oxygen at a
total working gas pressure of 6 millitorr. The intermetallic compounds were produced
from dual opposed targets of the pure elements. Both the refractory metal and
intermetallic coatings were deposited in an atmosphere comprised of research grade
argon at 6 millitorr working gas pressure. The top and bottom target voltages were
maintained at 3kV and 0.5kV, respectively. Fibers were rotated during coating at
~lrpm

Submicron thick Mo coatings were deposited onto sapphire fibers using an
electron beam evaporator and a high purity target. A glow discharge cleaning
procedure was used prior to coating the fibers. Deposition was carried out at relatively
high vacuum (< 106 torr), with the fibers rotated at ~ 10 rpm.

The carbon coatings were produced by a low pressure chemical vapor deposition
technique in which methane was mixed with research grade argon carrier gas in a tube
furnace. Flow rates of 10 cc/min, for the methane, and 100 cc/min, for the argon, were
used. Throughout deposition, the furnace temperature was maintained at 1200°C to

1300°C.
3.1.2 Bonding and Consolidation

For experiments to be conducted with planar configurations, three different Al;O3
materials were used: i) (0001) sapphire; ii) a high purity (99.5%) polycrystalline material;
and iii) a low purity (96%) material.” The test specimens were produced by diffusion
bonding, using a procedure described elsewhere.14 Bonding at T/T,, = 0.5 allowed
coatings to be produced with relative density levels in the range 0.65 to 1.

* Coors AD-995 and Coors AD-96 Substrates.
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Tests on coated sapphire fibers were conducted after incorporating into a high-
purity (99.9%) polycrystalline Al,O3 matrix. For this purpose, submicron Al2O3
powder™ was isostatically cold pressed into two thin discs ~ 5 cm in diameter. These
discs were then sintered in air at 1500° C for two hours. A row of coated fibers and loose
powder were placed between the discs, the assembly inserted between dies and
vacuum hot pressed at 1500°C for 2hr subject to an axial pressure of ~ 2 MPa. These

consolidation conditions resulted in an essentially fully dense matrix.

3.2 Testing and Analysis
3.2.1 Mechanical Behavior

The Hertzian indentation and mixed-mode flexure testing procedures used with
planar specimens have been described elsewhere.14-15 The flexural tests required
precracking. This step was conducted in three-point flexure, using a row of Knoop
indentations along the tensile surface to control the crack pop-in load and hence, the
extent of the precrack along the interface.

The tests used with the specimens containing fibers have been performed using a
combination of fiber push-out and pull-out techniques. The fiber push-out technique
has been described previously.20 The fiber pull-out tests required that chevron notches
were machined into beams containing single fibers (Fig. 1). This notch geometry
ensured stable crack growth through the beam upon flexural loading. The crack was
grown until the crack front passed below the fiber. This occurred with a small crack
opening, which induced some fiber debonding and sliding. After precracking, the beam
was supported and the remaining matrix ligament mechanically removed. This
procedure created a specimen consisting of two blocks of matrix material bridged by a

single fiber, amenable to tensile testing. Tests were conducted in situ in a Hitachi 2100

** AKP-50 with a particle size ~ 0.5 {im obtained from Sumitomo Chemical.
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scanning electron microscope (SEM) to permit measurement of the crack opening
displacement and the corresponding tensile loads. These measurements may be used to

evaluate the sliding resistance, 1 .16
3.3 Analytical Techniques

Specimens for scanning electron microscopy were prepared using standard
metallographic techniques. Carbon-coated samples were examined in a
JEOL SM 848 SEM in secondary mode. The microscope was equipped with a Tracor
Northern TN 5500 system. Samples for transmission electron microscopy (TEM) were
prepared by grinding wafers to a final thickness of approximately 100 um before
cutting 3 mm specimens. These were subsequently dimple-ground and ion milled to
electron transparency with Ar at 5kV and ImA at 14° incidence angie. The samples were
examined at 200kV in a JEOL 2000FX TEM equipped with a LINK eXL high take-off
angle energy dispersive spectroscopy system. Computer simulations and indexing of
selected area diffraction (SAD) patterns were facilitated by the Diffract software
package (Microdev Software, Hillsboro, Oregon 97124).

4. COATING CHARACTERIZATION
4.1 Oxides

For the oxide coatings, a range of porosities was generated, as illustrated in Fig. 2.
At the equivalent bonding cycle, the thinner, sol gel coatings had lower intracoating
porosity than the sputtered coatings, whereas the porosity at the interface was similar
for both. In all cases, the grain size was about equal to the coating thickness. The most
notable features found by TEM were bend contours in the sapphire caused by residual
strains23 (Fig. 3). For unstabilized ZrO, coatings, extensive straining in the sapphire was

apparent, as well as microcracks within the coating (Fig. 3a). This effect diminished with
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decreasing coating thickness (Fig. 3b). Selected area diffraction indicated that the ZrO»
was monoclinic and the strains are attributed to the tetragonal to monoclinic phase
transformation. For ZrO; coatings partially stabilized with 3 mol % Y03, the tetragonal
phase was retained and the intensity of the strain contours diminished (Fig. 3¢).
However, some residual strain persisted, attributed to the thermal expansion mismatch
between ZrO; and Al;O3. Such strains appear to be an inherent problem with oxide

coatings, potentially leading to fiber strength degradation (Appendix).
4.2 Refractory Metals

For the refractory metal coatings, thin foil cross sections for TEM were difficult to
produce, because of debonding. However, for Mo, results have been obtained in two
cases: a) a thin (0.7 Um) evaporated coating with the high purity Al,03 matrix and
b) a thicker (>3 Wm ) sputtered coating with the lower purity Al,O3 matrix. For the
former, the coating appeared to have some discontinuity (Fig. 4a), but otherwise
survived the consolidation. These discontinuities, which are induced by diffusion, are
typical for thin, polycrystalline films.24 EDS analysis was unable to detect either Mo in
the Al203 or Al in the Mo. For the latter, a relatively thick (~ 300 nm) dense
polycrystalline MoO; phase found at the sapphire interface (Fig. 4b). In addition, an
amorphous silicate phase was observed at the MoO2/Mo interface that presumably
resulted from viscous flow of the silicate from the polycrystalline Al»O3 into porosity at
this interface.

The Mo coatings were also investigated by SEM, after debonding. For sputtered
coatings, oxide particles (identified as MoO3) were found to be attached to the sapphire
in regions where debonding occurred between the Mo and sapphire. X-ray diffraction of
the debond surface confirmed the presence of MoO» on the sapphire. Shallow ridges
were also apparent on the sapphire side of the debond surface, having spacings

comparable to the grain size in the metal (Fig. 5a). These ridges are believed to form at
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grain boundaries, by diffusion, during the bonding process, as equilibrium dihedral
angles are established. Small impressions were evident on the Mo side of the debonded
surface between Mo and the higher purity AlOj3 (Fig. 6), having dimensions which
coincide with the AlyO3 grain size. These are believed to have formed by deformation of
the Mo during diffusion bonding.

The sputtered Cr coatings exhibited similar features. A thin polycrystalline Cr oxide
( ~ 200 nm thick) was attached to the sapphire (Fig. 7), with the remainder of the coating
being Cr. Analysis by EDS indicated no Cr in the Al;03 and only trace amounts of Al in
the Cr oxide. Selected area diffraction patterns established that the Cr oxide was Cr,0;,
and significant porosity existed at the metal/oxide interface. Debonding was evident,
occurring between the metal and its oxide layer.

The sputtered W coatings on sapphire exhibited pronounced ridges on the sapphire
side of the debond surface (Fig. 5b). These have been associated with Fe and Cr rich
grain boundary impurity phases, originating in the sputtering target. The resulting
degradation of the sapphire, evident in Fig. 5b, illustrates the importance of selecting
chemically stable coatings. Similar features were observed at C/Al>0Oj3 interfaces
diffusion bonded at high temperatures (> 1400°C) in high vacuum (> 10 torr). For this
system the ridges are attributed to the formation of an Al4Cj reaction product.

~ Studies of the as-sputtered Mo and Cr films, using WDS and X-ray diffraction,
revealed an oxide surface layer. In addition, there was an oxide layer adjacent to the
sapphire, identified by peeling the coatir.; from the substrate. These findings indicate
that the oxide phase is initially deposited on the sapphire substrate during sputtering

and that a surface oxide forms subsequent to deposition, prior to diffusion bonding.
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5. MECHANICAL MEASUREMENTS
5.1 Debonding

Preliminary experiments conducted on planar specimens with a spherical indenter
provided information about the incidence of debonding at a 30° crack inclination to the
interface. From such experiments, it was established that most diffusion bonded
coatings formed high fracture energy interfaces. Only the coatings consisting of Mo, W,
Cr, Zr and C debonded consistently. Coatings of ZrO; and Y3Al5012" were found to
exhibit variable debonding tendencies. Coatings of Nb, ¥ -TiAl and NiAl did not
debond. Furthermore, from the list of promising coating materials, several were
observed to chemically react with the sapphire during diffusion bonding. The only
coating materials from this set which were found to be chemically stable with sapphire
above 1300°C and to reliably debond were: Mo, Cr, porous ZrO; and porous Al;O3.
Further studies were confined to these materials.

The debonding propensity of the refractory metal coatings was observed to vary
with the purity of the AlO3. When either sapphire or sapphire plus high purity
polycrystalline AlO3 were used, debonding occurred consistently, with I; = 4 Jm-2 for
Mo and 2-3 Jm2 for Cr. Furthermore, as already noted, the debonding occurred at the
interfaces between either Mo/Al;03 or Mo/MoQ, and Cr/Cr,0,. Conversely, when
the impure Al20O3 was used, debonding was not observed in the Hertzian indentation
test, implying a lower bound for I'; of ~ 16 Jm-2.# This behavior is attributed to the silicate
phase found at the Mo/MoQ, interface, which seemingly forms a strong bond2.26 and
increases T for that interface. In addition, as already noted, MoO, appears to bond well

with sapphire.

* Formed by chemnical reaction during bonding with Y203 coatings.
¥ This lower gound is, I'{ = 0.8 l"f, corresponding to a crack/interface inclination of 30°, with
If = 20jm™~
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The results for the oxide coatings were found to be sensitive to the coating porosity.
The dense coatings, which have a relatively high interfacial fracture energv, debond
along the interface. But debonding only occurred when the crack approached the
interface at a shallow inclination. Conversely, the coatings having the lowest relative
density (p = 0.65), exhibited a relatively low interfacial fracture energy, I'j = 5Jm-2, and
debonded within the coating, at all crack inchnations. Such debonds exhibit fracture
surface features typical of those for porous ceramics.!0 These debonding tendencies are
rationalized by using the coating density, p. - : plotting variable against the ratic of
the interfacial fracture energy to sapphire fracture energy I'; /Ty, (Fig. 8a).

The debonding results obtained for all of the above coatings can be displayed on a
debond diagram, relevant to sapphire fiber-reinforced brittle matrix composites

(Fig. 8b).
5.2 Sliding Resistance

For porous oxide coatings on sapphire fibers in a polycrystalline Al;O3 matrix, single
fiber tests revealed small fiber pull-out (Fig. 9). Debonding resulted in a monolayer of
the oxide particles attached to the fiber that remained throughout the sliding process
(Fig. 9). These particles are believed to act as asperities that resist sliding, resulting in a
relatively large sliding stress, 1 . This stress was estimated from the pull-out length and
the fracturel6-18 mirror radius to be ~ 140 MPa (Table II). A similar value was obtained
from fiber push-out measurements. This value of T is larger than that required for
optimum composite strength and toughness.

The refractory metal coatings debond readily during single fiber pull-out tests, but
the coating is plastically deformed. This deformation occurs because the coating
conforms to both the matrix and fiber during consolidation and results in prohibitively

high sliding resistances, such that little fiber pull-out occurs (Fig. 10). Similar behavior is
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found during push-out tests (Fig. 11a), which also indicate a high sliding resistance,
T = 120 MPa (Fig. 13).

A reduction in the sliding resistance for Mo coated fibers has been achieved by
removing the coating, after composite consolidation, to leave a gap between the fiber and
matrix. This has been accomplished by heating the comnosite in air® (1000°C for
2 hours). The surface roughness of the fiber and the matrix then provide the sliding
resistance. For coaiings somewhat thicker than the asperity amplitude on the fiber
(~ 1 um), the sliding resistance obtained from crack opening displacement
measurements in single fiber pull-out tests is found to be small (1 < 1 MPa), with 1. rge
associated pull-out lengths (Fig. 12). This sliding resistance is too low for the requisite
combination of strength and toughness in the composite. For thinner (~ 0.7 pm)
coatings, push-out tests indicate a sliding resistance within the requisite range,
T = 20 MPa (Fig. 13), with no evidence of wear mechanisms on the fiber surface

(Fig. 11b).

6. CONCLUDING REMARKS

The debonding and sliding properties of various coating materials on sapphire
fibers have been evaluated. In general, .nost materials bonded well to sapphire. The
notable exceptions were cer'ain refractory metals (such as Mo, Cr, and W) which formed
low fracture energy interfaces with sapphire. Several factors may be responsible for the
low debond energies: porosity at the interfaces, oxygen dissolved in the metal (that
suppresses plastic dissipation)!3 and the formation of a metal oxide (MoO, or

Cr,0,).2728 A systematic study would be needed to identify the critical factor(s).

* Because Mo forms volatile oxides.
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Oxide coatings, which form strong interfaces with sapphire, can also be useful
debond coatings, provided that they contain a significant amount of porosity
subsequent to composite consolidation. The porosity in these coatings provides a low
fracture energy path causing debonding within the coating.

The sliding characteristics of the various interfaces were also investigated. The
sliding resistances obtained on interfaces produced with refractory metal coatings is
apparently too high for significant fiber pull-out, because the coating deforms during
sliding. However, for coatings such as Mo, which form volatile oxides, the interfacial
sliding resistance can be significantly reduced through coating removal by heat
treatment 1n air. Fugitive carbon coatings also have this attribute,? but were not used in
this study because the carbon reacted with the sapphire in the diffusion bonding
experiments. It is recognized, however, that altering the processing conditions could
eliminate this problem. Once the coating has been removed, the fiber surface and matrix
roughness provide the sliding resistance needed for load transfer. The resultant system
is also oxidatively stable. The coating thickness relative to the fiber and matrix
roughness amplitude is now a key parameter.22 An optimization study is in progress.

The sliding resistances of oxide coatings examined in this study were also
unacceptably high, because of the undulating debond trajectory. It is believed that t can
be reduced if the grain size and porosity of the coating are carefully controlled. Further
studies of the effect of debond surface irregularities on the sliding behavior are needed
to address this issue.

Fiber strength degradation is another concern for oxide coatings. When reaction
products with the fiber coating are avoided, potential sources of fiber strength
degradation persist, including residual strain (Fig. 3) and undulations produced on the
fiber surface by diffusion (Fig. 5). Some basic characteristics are amenable to analysis
(Appendix). The predictions (Fig. 14) indicate that m-ZrO; coatings are unacceptable

because, for typical coating thicknesses (h = 0.1 - 1 um), the large mismatch stresses
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caused by the transformation lead to fiber strengths below the acceptable limit for high
performance applications (5 < 1 GPa). Furthermore, coatings such as YAG with a
mismatch governed by thermal expansion are also predicted to cause an unaczceptably
low fiber strength (S < 2 GPa), unless the coatings are thin (h <3 im). A general
implication is that oxide coatings, which typically bond well to sapphire, are a possible
source of fiber strength degradation. The extent of degradation is diminished by thin
coatings and small thermal expansion mismatch. Also, porosity in the coating tends to

alleviate the degradation problem.
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TABLE 1

Some Materials Thermochemically Stable with Al;0; at 1500°C

Material References Remarks
v -TiAl 29 Al>O3 dissolves
Nb 30 Al,O3 dissolves
NiAl 31
ZrOp 32
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TABLE 11

Sliding Stress with Porous Alumina Interface

Fracture Mirror | In Situ Fiber Pullout Sliding
Radius, ap Strength, S* Length, h stress, T #
(ULm) (GPa) (Um) (MPa)
27 1.68 193 142

*5 = 35 ( K ] , where K is the fiber toughness (~ 2.5 MPa)!7

Ja.

#1 = S(-z%) , wherer is the fiber sapphire radius1?
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APPENDIX
FIBER DEGRADATION

When the coating is in residual tension caused by thermal expansion misfit, the
coating cracks prior to fiber failure and may cause a degradation in fiber strength. When
this crack penetrates into the fiber, the stress intensity factor, for a crack of depth, a,

associated with the residual field from the coating is33

Kq

11E e h/ma (1 - v)
110, h/Vra (A1)

where € 1 is the misfit strain, h the coating thickness, E, its Young's modulus and 0, the

misfit stress. The applied stress G also induces a stress intensity33
K = llovma (A2)

By adding the K’s and equating to the fracture resistance of the fiber, the stress/crack
length relation becomes

G = 09 E T, _ G, h
d %ta na (A3)

Differentiating Eqn. (A3) and setting d6/da = 0 for the maximum, Omay, gives a fiber

strength,
S = Opu = 02(ET,/o,h) (Ad)
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This result applies when S is smaller than the strength S of the uncoated fibers. Fiber
strengths as a function of coating thickness for a range of dense and porous oxide

coatings are plotted on Fig. 14.
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FIGURE CAPTIONS

Fig. 1. The approach adopted to identify viable fiber coating concepts for brittle
matrix composites consisted of developing testing procedures to evaluate the
debonding and sliding propensities of various coatings on sapphire.

Fig. 2. ZrO2 coating/sapphire interfaces produced by the following diffusion
bonding schedules:

a)
b)

<)

Fig. 3. a)

b)

<)

Fig. 4. a)

b)

Fig. 5. a)

b)

Sol gel coating diffusion bonded at 1300°C for 12 hours with an applied
load ~ 1 MPa
Sputtered coating diffusion bonded at 1300°C for 12 hours with an applied
load ~ 1 MPa
Sputtered coating diffusion bonded at 1300°C for 48 hours with an applied
load ~ 3 MPa

Extensive bend contours in the sapphire when unstabilized ZrQO;
sputtered coatings were used. It is believed that the contours result from
strain in the fiber due to the t — m ZrO; phase transformation.

The bend contours in the sapphire decrease with coating thickness for the
unstabilized sol gel ZrO5 coating.

The extent of bend contours was further recuced when thin stabilized
sol gel ZrO» coatings were used. The remaining stresses are believed to
result from CTE mismatch across the well-bonded interface.

A TEM micrograph shows the discontinuous submicron Mo coating on a
sapphire fiber in the high purity Al203 matrix.

TEM micrographs of a diffusion bonded Mo/sapphire interface with the
lower purity Al203. A continuous MoO; phase occurs adjacent to the
sapphire and an amorphous silicate phase exists within the interfacial
pores between Mo and the MoO; phase.

Shallow ridges were observed on the sapphire surface of a Mo/Sapphire
diffusion couple upon debonding.

Pronounced ridges on the debonded sapphire surface when an impure
W coating was used. The grain boundary impurity phase is composed of
Fe and Cr.
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Fig. 6. The Mo coating conforms to the surface features of a high-purity

Fig.

Fig.

Fig.

Fig.

Fig.

Fig.

Fig.

7.

8.

9.

10.

12.

13.

. 14

polycrystalline Al,O3 substrate during diffusion bonding.

The Cr/sapphire diffusion bond was found to contain a Cr,0O3 phase adjacent
to the interface.

a) The relative density of oxide coatings plotted as a function of I';/ I’
clarifies the role of coating porosity in the debonding process.

b) A summary of the interfacial fracture energy measurements for various
coatings on sapphire is presented on a "debond map." Coatings which fall
within the fiber debonding regime of the map have some potential for
sapphire fibers. However, coatings denoted by (*) were found to
chemically react with sapphire, these were precluded from furtner
consideration.

A porous oxide interface led to fiber pull-out of a few fiber diameters. Oxide
particles were observed to sinter to the sapphire fiber and remained attached
during pull-out. The fracture mirror on the fiber is also visible.

Short fiber pull-out lengths were observed when Mo coatings were used.

. The surface morphology of the pushed-out sapphire fibers was found to

change when the Mo coating was removed by oxidation: a) as-hot pressed
condition b) heat treated condition.

Long fiber pull-out can result when thick (~ 6 im) Mo coatings are removed
by oxidation.

Fiber push-out curves reveal that the interfacial sliding resistance was
decreased to an acceptable level by removing the submicron thick (0.7 tm) Mo
coating from the interface.

The predicted influence of oxide coatings on the strength of sapphire fiber: p is
the coating density. It is assumed that the uncoated fibers have a strength,
Se = 2.5GPa.

KJS-Evans-18+F-FleTA-Fbr Cing 91/03/21+10:26 AM-5/7/92 24




Debonding Investigations

Coating Materials Diffusion Bonded Planar Specimens
Spherical
V Indenter
: X
[

’h _Ey \Qione Crack

==

Interface Crack

a. Hertzian Indentation Test
Screening
Pi2b PI2b
Tests @1 Noweh
Y -
— Coating
—2a—et
a4 o 4

b. Fiexure Test

Sliding Resistance Investigations
Hot Pressed Specimens with Fibers

U
-
P : p
eaff— —
Composite
Performance
Evaluation ¢. Pull-Out Test
fiber indenter
composite
displacement L
piston support base
d. Push-Through Test
Interface
Property —— Final Coating
Optimization

Selection

Figure 1




¢ a3y

v

umi c
I ey’




%

¢ aan8y,




. 4@@KV  X30B@ 1@em JEOL

Silicate joxof
‘

WE,
4
PR
AS

&)

. Sapphire 200 nm

B LS9 PN

Figure 4




Figure 5




3 E N
CIALRS

-
-

g
._,‘ f, :
: 4

Figure 6




Figure 7




Relative Fracture Energy, T,/ T,

1.0

0.8

0.6

0.4

0.2

0.0

0O Y, O, Coatings
O ZrO, Coatings

— Fiber Fracture

Debonding

1 { | | 1

i T
_//'%//—'/é///////////
1 |
0.7

0.8 0.9

Relative Density, p

Figure 8a

1.0




K, Interface | ~—
| l Y E G
o TiAl" _ f
Gi\ T 1.0 \
g NiAl \
S /A
@ V! Fiber
z’°2.< _  Failure
Y2o3
\ X AW e z#] Debonding
Lo
| Mo/zrO, } w l |
-0.5 0 0.5 1.0

Elastic Mismatch, o

Oavis Evans DC-2/92-ami-0 19662-1

Figure 8b




9

igure

'3

F




Figure 10




Figure 11




>

"

¢

e
e )

v ey
. 4

LY

1}

]
¢
-

4. T

Figure 12




T (MPa)

180 N 1 T T
o)
160 + T
120 P o Mo Coating Intact B
o ©
90 + Oogg@ o © (é) { -
© &B @y g o
60 b ° O%QC@O o] o -
Mo Coatin Removeﬂ
30 - i -
0 ) 10 15 20

displacement (pm)

Figure 13




Strength, S (GPa)

H
T

—— g e e
v W W W w8 =
-

unstabilize

05 10 15 20 25 30
Coating Thickness, h (um)

Figure 14

uncoated
fibers , S,




MATERIALS

PRELIMINARY ASSESSMENT OF MICA AS HIGH-TEMPERATURE FIBER
COATING FOR SIC COMPOSITES

by

Ana M. Segadaes” Paul D. Warren and Anthony G. Evans
Materials Department
College of Engineering
University of California
Santa Barbara, California 93106-5050

" Departamento de Engenharia Ceridmica e do Vidro, Universidade de Aveiro
3800 AVEIRO — PORTUGAL




ABSTRACT

The potential of mica as a fiber coating for SiC fibers in a ceramic matrix composite
has been explored. It has been shown that thermochemical effects are involved that
degrac. a thin laver of the coating upon consolidation. However, beyond the

reaction laver, the debonding properties of the mica are retained.

1. INTRODUCTION

The mechanical properties of continuous fiber-reinforced ceramic matrix
composites are now known to depend on the interface or coating between the fiber

and the matrix 1-7. The key characteristics of the coating that impart .iotch tolerance

are the fracture enerzy, I'j, compared with that for the fiber, I't, and the sliding
resistance, 1, aiung the debonded faces 467. Notably, it is required that I';/T¢<1/4 and
that the sliding stress be in the approximate range 0<1<100 MPa. This coating
characteristics have commonly been achieved using either C or BN coatings 7-10.
Botih coatings have problems at high temperature, especially when SiC fibers (e.g.,
Nicalon) are used, leading to oxidation and embrittlement 1.11, Various alternatives
that might obviate the problem have been proposed for oxide fibers 2, based on the
use of i) double coatings of oxides with either certain refractory metals (Mo,W,Cr) or
with C; and ii) porous or layered oxides. For non-oxide fibers, such as SiC or Si3Ng,
the problem is more challenging because the fiber is susceptible to oxidation,
resulting in SiO; layer formation, with an associated volume expansion 11. One
proposal has been to use layered mucaccous materials 12. The intent of this study is
to provide a preliminary assessment of the viability of this concept for a SiC/SiC

composite.




The study has two specific objectives. The first is to examine the thermochemical
compatibilityv between SiC and a common mica: phlogopite. The second is to
measure the fracture energy of a mica laver, diffusion bonded to SiC, subjected to a
mode mixity equivalent to that associated with debonding at a crack front =4,

characterized bv a phase angle of ¥ = 50°.

2. MATERIALS

A “high heat" grade phlogopite’ 13 was used and cleaved into sheets of various
thicknesses (~65-100pm). X-ray diffraction gave a c-spacing of 10.033 A, consistent
with the KMg3(Si3Al1010)(OH)2 phlogopite, 1M monoclinic polymorph. The
chemical composition, obtained by X-ray fluorescence™, is summarized in Table I.
The thermal expansion coefficient was found to be non-linear, with an average of
9.8x106/°C, between 138 and 810°C. The in-plane Young's modulus was determined
as 154 GPa, obtained from load-strain measurements in four-point flexure with
precision strain gauges bonded to the faces of the specimen. This value compares
with 167 GPa calculated for the basal plane using the single crystal elastic constants
measured by Simmons et al 14 by assuming a hexagonal structure.

e

Argon sintered a-SiC was used as the other material™™. The thermal expansion
coefficient was determined to be approximately linear and equal to 4.5x106/°C,
between room temperature and ~1100°C. X-ray diffraction indicated a

predominantly Moissanite-6H hexagonal polvtype.

" trom UNIMICA Corp., NY.
™ Na and K by flame photometry.

™ Hexoloy from Carborundum co., containing some B and C.




Planar SiC/mica intertaces were prepared by sandwiching a thin mica sheet between
two lapped silicon carbide plates, followed by heat treatment subjected to uniaxial
compression. The heat treatments were conducted in air, at 1100°C for 12 h

(6°C/min heating rate, 3°C/min cooling rate), subjected to a stress of ~130 kPa.

3. FRACTURE ENERGIES

Measurements of the fracture energy, I'j, have been made using three test
geometries (Fig. 1) having the approximate phase angles 15.16 -40, 0 and 45°. The tests
performed by wedge loading require independent measurements of crack length 15.
A systematic error is inherent in these measurements, because of the small crack
opening displacements. Tests performed with the flexural specimen do not require
crack length measurements 16 and are, consequently, more precise. The results are
summarized in Fig. 2. Also shown are results obtained in mode I on muscovite 17,18,
The present measurements for phlogopite indicate significantly larger I'j than for

muscovite.

4. CHARACTERIZATION

Micrographs of the cross-sectioned interface obtained by scanning electron
microscopy (Fig. 3) indicated that reaction between the SiC and the mica is limited to
a layer < 10 um thick; otherwise, that the original mica structure is preserved.
Super-imposed EDS line scans for Mg, Al and K (Fig. 4) establish that these
distinctive mica elements did not diffuse into the SiC. Furthermore, semi-
quantitative EDS analysis carried out on interface fracture surfaces (Fig.5) revealed a
composition similar to the original mica prior to bonding (Table I). Ultrasonic

removal of the mica on either side of the fracture plane provided further details of




the reaction laver (Fig. 6). A convoluted morphology several microns thick suggests
that a liquid phase has formed. Semi-Quantitative EDS analvsis carried out inside
the depressions indicates a SiC spectrum (Fig. 6), whereas, on the plateau, a mica-
type spectrum is obtained, but with much decreased Mg content. At higher
magnifications, bright white globular crystals are found on the contours of the
original mica flakes (Fig. 7): EDS analysis reveals a composition close to olivine,
(Mg,Fe)>S5i0O4. This is one of the secondary phases expected from phlogopite
breakdown, presumably caused by Mg migration from the adjacent depleted laver
(the Mg does not diffuse into the SiC, Fig. 4). The reaction seemingly disrupts the
mica structure, locally, such that components interact as independent oxides. The
major oxide constituents are MgO, Al>O3 and SiO; (Table D), and for this particular
composition, a liquid phase would develop at 1365°C 19, the two solid phases
remaining being enstatite (MgO.5iO2) and forsterite (2MgO.5i0,). The presence of
the other mica constituents (especially iron oxide and KO) reduces the initial

melting temperature below the theoretical value of 1365°C.

5. IMPLICATIONS AND CGNCLUSIONS

The thermochemical issues associated with the use of mica fiber coatings in SiC/SiC
composites, established by the present study, are as follows. A reaction occurs at
1100°C that results in a liquid phase which, in turn, facilitates diffusion bonding.
While the associated details have not been addressed, it is apparent that Mg
diffusion is involved, as well as dissociation of the mica into its constituent oxides.
The reaction layer is several microns thick. However, the integrity of the mica
structure appears to be retained beyond this reaction zone. Furthermore, at lower
processing temperatures, the reaction layer would undoubtedly be smaller. It is thus

concluded that mica coatings are viable, but that thermochemical compatibility




dictates a muinimum coating thickness in order to retain a discrete mica laver for

debonding purposes.

The occurrence of debonding i1s examined by means of a debond diagram 4 (Fig. 8).
This diagram indicates that mica coatings in a SiC composite would allow
debonding, even if they had an isotropic fracture energy. The anisotropy in I} would
turther motivate debonding. However, the specifics cannot be addressed without

knowledge of the fracture energy normal to the basal plane.

In summary, mica appears to have potential as a debond coating in SiC/SiC
composites. Some reactions occur that lead to minimum requirements on coating
thickness. There are also potential concerns about fiber degradation caused by the
reactions. However, the key processing challenge is to orient the basal plane in the

mica coatings parallel to the fiber surfaces.
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FIGURE CAPTIONS

Figure 1. Test specimens used to measure the fracture energies at three different

phase angles.

Figure 2. Fracture energies of phlogopite as a function of phase angle. Also shown is

a literature result for muscovite 17,18,

Figure 3. SEM cross-section view of the SiC/mica/SiC sandwich, showing mica’s

structural features still present in the mica layer.

Figure 4. EDS line scans for Mg, Al and K on SEM coss-section of the SiC/mica/SiC

sandwich.

Figure 5. EDS spectra of (A) phlogopite flakes, on open sandwich, (B) secondary
crystals grown on the edges of mica flakes at the interface, and (C) sintered SiC, as

seen through holes in the interface.

Figure 6. Reacted mica sheet on the SiC plate, from the mica side: (A) mica flake
over the reacted mica sheet; (B) detail of the reacted mica sheet, showing the SiC

through the holes in the film.

Figure 7. Reacted mica sheet on the SiC plate: (A) secondary phase crystals grown on
the edges of mica flakes; (B) same as A (EDS analysis reveals a composition close to

olivine, (Mg,Fe)2S5104); (C) same as B, cross-section view.




Figure 8. A debond diagram showing the location of the mica /SiC interface within

the debond regime: in this diagram, a is an elastic mismatch parameter 4.
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A:  natural phlogopite, as cleaved (determined by X-ray fluorescence)**

B: phlogopite from open SiC/mica/SiC sandwich, after heat treatment (semi-

quantitative EDS)

C SiC from open SiC/mica/SiC sandwich, after heat treatment (semi-

quantitative EDS)

Table 1. Chemical compositions (weight %)

D: secondary crystals grown on the edges of mica flakes at the SiC/mica interface,

after heat treatment (semi-quantitative EDS)

MgO AlO3 Si02 Ca0O TiO2 FepO3* MnO Na2O KsO BaO Losson lgni.
A 2573 1524 4057 006 106 644 017 020 9.06 - 117
B [2449 1602 44.76 - - 6.15 - - 684 1.74 -
C - - 99.94 - - 0.05 - - 0.01 - -
D {5260 022 46.18 - - 0.90 - - 0.08 0.03 -

*total iron

**trace elements: Rb, Ba, Nb
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12.1 INTRODUCTION

Metal-matrix composites are excellent candidate materials for advanced engineering ys-
tems. However, one major shortcoming has limited the widespread use of these composites
— a tendency to fracture easily. In many systems the low ductility or brittleness i~ caused
by microfailure processes that invariably begin at the interfaces so that the mechanical be-
havior and the overall performance are not limited by the bulk properties and bulk phases,
but by interface properties and toughness. Theories on interface fracture are reviewed in this
chapter. With a few exceptions. attention is limited to continuum mechanics considerations.
Readers are referred to Rice ef al. (1989, 1990. 1992) and references therein for atomistic and
thermodynamic aspects of the subject. This article is concerned with recent advancess within
the confines of small scz'e inclasticity and loading conditions such that a major portion of
the crack faces remains open. We review works on relatively brittle interfaces where the in-
elastic zone is small compared to the overall component. Large-scale bridging is reviewed by
Bao and Suo (1992). Large scale contact has been treated by Hutchinson and Jensen (1490)
within the context of fiber pullout against frictional sliding. The focus of this article is on
theories. For a broader coverage of topics, the reader is referred to Proceedings of symposia
on interfacial fracture. These include those edited by Suresh and Needleman (1989). Riihle
et al. (1990) and Ashby et al. (1992). Experimental aspects of interface fracture and fatigue
are reviewed by Evans et al. (1990), Kim (1991) and Cannon et al. (1992). Several aspects
of fatigue are also discussed in a recent article (Woeltjen et al.; 1992).

Mechanics of interface fracture has its root in the earlier works of Griffith (1921) and
Irwin (1960) on the general theory of fracture, of Williams (1959) on the elastic stress distri-
bution around an interface crack, of England (1963}, Erdogan (1963). Rice and Sih (1963) on
explicit solutions for interface cracks, and of many practicing engineers on ingenious methods
to measure adhesive strength of honds. However, the subject did not t:ke off until the 1980's.
Advanced composites for high temperature engines and layered materials for microelectronic
and optical devices have been the main technical driving force for the new theoretical devel-
opment. Rapid advancement in high resolution microscopes. high speed computers. and the
general theory of fracture provide tools for solving these challenging technical problems.

The classical fracture mechanics, as advanced by Irwin (1960). Rice (1968) and Hutchin-
son (1979), and summarized in the textbook by Kanninen and Popelar (1985). is largely
phenomenological. It enables us to predict, without a detailed description of the crack tip
processes, crack growth in a structure by utilizing the observed crack growth bhehavior in a
fracture specimen. The approach relies on the existence of stress intensity factor. and on
fracture resistance measured by mechanical testing. Both the advantage and the deficiency of

this black-box approach originate from the same fact: the approach requires little, nor does




it generate much. knowledge of the physical process of fructure.

Mechanism-based fracture mechanics attempts to link the fracture resistance to the mi-
crostructural variables, providing guideline for processing better. newer materials. This ap-
proach is as old. if not as fully developed. as the phienomenclogical approach. Indeed. in his
original paper, Griffith prescribed botl: a phenomenological fracture criterion. and a physical
mechanism of fracture resistance: rearranging atoms in a bulk into surfaces requives energy.
It was eminently clear to Irwin that any form of heat dissipation that accompanies fracture,
such as plastic flow in metals, contribute to fracture resistance. But just how the two ele-
ments, atomic separation and irreversible atomic movements, are interconnected remains an
open question even today. Partial theories. each valid for a particular mechanism at a partic-
ular length scale, have been devised. largely in the earlier works by Cottrell {1963) and Rice
and Johnson (1970} on hole growth, by Ritchie, Knott and Rice (1973) on cleavage of alloys.
and by Aveston et al. (1971) on fiber reinforced components. An example of the success
of the approach is the thorough understanding of advanced ceramics toughened by ductile
particles, or transforming particles, or strong fibers that has been achieved (Evans. 1990). As
a by-product of the mechanism-based approach, short cracks, small components and other
nagging questions in the framework of classical fracture mechanics can be addressed with a
unified, conceptnally simple viewpoint (Stump and Budiansky, 1989, Bao and Suo, 1992).
The dual approach, phenomenological and mechanism-based, is kept in mind in writing this

review article.

The chapter is organized as follows. We review in Section 12.2 the energy consideration
for a traction-free interface crack under small-scale inelasticity conditions, leading to the
conc ~~ts of debond driving force, G, and debond resistance, I'. Supplemented by elasticity
sol.. s of G for given components and loading conditions, and experimentally measured I’
for g 1 materials, this energy consideration is sufficient for most engineering applications.
Section 12.3 reviews Williams solution for an interface crack between two elastic half spaces.
The near-tip stress field lends itself to a precise definition of mode mixity; the near-tip
openil : sets the condition for small-scale contact. Calibration of fracture specimen is also
discussed. Crack-tip plasticity is reviewed in Section 12.4. The relevant mode mixity is the
ratio of shear over tension on the interface immediately outside of the plastic zone. The
plastic zone size is shown to depend on the mode mixity, so is the opening of the blunted
crack tip. An analysis of a metal foil sandwiched between two ceramic plates is included.
demonstrating the effect of constrained plastic low on the fracture resistance. Section 12.5
reviews results on growing cracks and the concepts leading to a fundamental understanding
of fracture resistance. Included are growing crack in elastic-plastic materials, crack bridging

with or without background plasticity, and cleavage in the presence of plastic flow.
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12.2 ENERGY BALANCE

The following energy arguinents are essentially the same as those of Grifhith (1921) and
Irwin (1960). Cracks often run when a test-piece is still predominantly elastic, inelastic
deformation being localized in thin lavers beneath the crack surfaces. Taking advantage of
this fact. one can partition the total energy supplied by the applied work into 1) elustic energy
stored in the test-piece and, 2) the heat dissipated by plastic flow and residual energy stored
i the thin layers. From the first part comes a definition of debond driving foree, G, and from
the second debond resistance, I'. Obviously, this partition becomes meaningless when the
melastic deformation spreads over a large part of the test-piece, cithier because the test-piece
1s small, or because the material is very ductile. These have been reviewed elsewhiere (Stump

and Budiansky, 1989; Bao and Suo, 1992).
12.2.1 Debond Driving Force

Consider an interface crack extending over an area 4 (Fig. 1). Material near the crack
front undergoes inelastic deformation: the interface is usually ill-defined. containing misfit
dislocations, interdiffusion zone or reaction compounds. But these zones are typically small
compared to the overall dimension of the test-piece, so that the crack front can be treated
as a mathematical line, and the interface a mathematical plane. In computing the elastic
energy stored in the test-picce, the two solids are taken to be (possibly nonlinearly) elastic.
That is, cach solid can be described by a strain energy density function w(ey;.€12....). such
that stresses o,; are derived from

dw :Ugjde,'j. (2.1)

Coupled with equilibrium and compatibility equations, these considerations define an elastic-
ity problem. In particular, stress and strain are computed everywhere in the test-piece. down
to the crack front and the interface; likewise the energy density w is computed evervwhere.

The elastic energy stored in the test-piece is an integral extended over the entire test-picce.

U:/ wdl’. (2.2)

The test-piece in Fig. 1 is loaded by displacement D, with work-conjugating force F. The

1.e.

clastic energy U depends on applied displacement and the crack size, i.c.
U=U(D,A). (2.3)

Note that {7 also depends on the geometry of the test-picce and elastic moduli, but they
remain constant daring testing.
Upon loading, U varies as

dU = FdD - GdA. (2.4)
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With crack size held fixed, 1.e. dA = 0. the above equation simply srates that the energy
increment equals the work applied. Since all the other quantities are defined. (2,471 defines
the quantity ¢ when d4 # 0. Just as F is the driving force for D. @ ix the driving foree for
crack size A. Explicitly. G is the decrease of elastic energy associated with & unit inerenient

of crack area:

P

_aU(D,4)
> R
Note that ¢ has dimension energy/area.

The above concepts can be explained graphically. Figure 2a shows a load-displacement
curve of the test-picce measured with fixed crack size (d4 = 0). The curve should be straight
for linear elastic materials. From (2.4). U 1s the arca under the load-displacement curve.
Figure 2b shows two such load-displacement curves, measured in two independent tests with
slightly different crack sizes, 4 and A + dA. The test-picce with the larger crack is more
compliant; the shaded area is the energy decrease, dU, associated with dA4. In early days,
this graphical interpretation was employed to experimentally determine G (e.g. Rivlin and
Thomas,1953).

Standard thermodynamics manipulations apply to the present discussions. For load

controlled tests, for example, it is more convenient to work with the potential energy
II=U~FD, (2.6)

which is indicated in Fig. 2a. The independent variables are now F and A. Upon loading.
(2.4) becomes
dll = —DdF - GdA. (

3
~1

An alternative definition of G is therefore

_OI(F, A)

9=-—%a

: (

o
o

The definitions (2.5) and (2.8) are of course equivalent.
For an interface along the r,-axis, and with displacement and traction continuous across

the interface, Rice's J—integral (1968)
J = /(zm;l — n;0;u, )ds (2.9)

vanishes over contours not enclosing any singularity. For a traction-free crack on the interface,
G equals the J—integral over any path that begins at a pomt on the lower crack face. and
ends at another point on the upper crack face. This provides a tool for calculating G in finite

element analysis (e.g. Moran and Shih, 1987).
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In general, G can be computed with an elasticity analysis of a given test-piece. Several
illustrations requiring only elementary mechanies are given. Solutions to a wide range of
geometries can be found in Hutchinson and Suo (1992) and the references therein.

Consider a fiber being pulled out of a matrix (Fig. 3). The encrgy stored in the fiber
can be estimated by regarding the fiber as a tensile bar, clamped at the debond front. The
pullout displacement is D = Lo /E. so that U = (¢?/2E}#R*L). The potential energy is

2

M(o.L) =—%RR2L. (2.10)

Since the debond area is A = 27 RL, the carrying out the differentiation in (2.8) gives
G = Ro*/4E. (2.11)

The estimate, which ignores the compliance of the fiber-matrix junction, is accurate when
the debond length is large compared to the fiber diameter. Observe that G does not depend
on the debond length L. Once debond starts, it will run to the other end of the fiber without
any increase in load.

Thin film cracking of many patterns has inspired a new problem area, e.g. Evans et
al. (1988) and Hutchinson and Suo (1992). Figure 4 illustrates a circular interface crack
emanating from the edge of a hole in a thin film, driven by a residual tensile stress in the
film. The stress in the debonded film is partially relieved, leading to a reduction in the elastic
strain energy. The debonded film may be treated as a ring in plane stress, clamed at the

debond front. The energy release rate is found to be (Farris and Bauer, 1988)

-2

2hE€} 1-v (a)?
= 1 — 212
6= 2254 11y 12t (ao) , (2.12)

where € is the mismatch strain between the film and the substrate caused by thermal or
epitaxial mismatch, aq is the hole radius, a is the debond radius, and E and # are the elastic
constants of the film. Observe that G decreases rapidly as a increases, so that the debond is
stable. Also note that ¢ scales linearly with film thickness h: the thinner the film, the smaller

the decohesion area. Debond can be practically suppressed if the film is sufficiently thin.

The essential idea of Griffith and Irwin is illustrated in Fig. 5. Inelastic processes, such as
atomic separation, twinning, phase transformation and dislocation motion, require sufficiently
high stress to activate, so they are confined to a region close to the crack tip where the stress
1s mtensified. As the crack front extends, thin layers beneath the crack surface are left in the

wake in which the atoms have undergone irreversible move ments. The processes near the tip
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arc complex and the quantification requires detailed knowledge of deformation mechamsius.
Nonetheless. an effectivelyuniform deformation state along the rj—axis Is attained i the
wake. Consider two cvlinders of unit cross-sectional arca normal to the interface. one far
ahiead of the crack front (4). and the other far behind (B). Let T be the energy spent to
transform cyvlinder A to cvlinder B. Obviously T depends on the deformation history that
evlinder B underwent. including surface energy, heat dissipation and elastic energy trapped
m the wake.

The total energy variation, elastic as well as inelastic, is given by
FdD -~ GdA +TdA. (2.13

When D is held fixed, no work is externally applied to the test-piece; the total energy remains

unchanged, so that
G=T. {(2.14)

The driving foree G depends on the test-piece and can be evaluated by an elastic stress
analysis. Fracture resistance I' depends on the inelastic mechanisms. Equation (2.14) provides
a connection between the macroscopic loading condition of a test-picce aud the microscopic
inelastic process associated with debonding.

Debond resistance can be measured phenomenologically. For example, this can be carried
out using fiber pullout experiment shown in Fig. 3. The stress required to drive debond is
measured, which can be translated to I' using (2.11) and noting (2.14). This approach is
purely phenomenological-—no dctailed knowledge of physical pro  ses is required, nor is
such knowledge generated. Nevertheless, the key quantity, debond resistance T, is measured
and this can be used in device design. Debond resistance has been measured for a range of
bimaterials for applications to thin filins and fiber/matrix composites (Evans et al., 1990;
Cannon et al., 1992).

In principle, test-pieces of any geometry can be used to measure debond resistance.
Several convenient geometries are sketched in Fig. 6. It has been observed experimentally that
debond resistance depends on the geometry of the test-picce. Specifically, debond resistance

depends on the ratio of the sliding to normal loading parametcerized by v

T =T(v) (

19
ey
ot

Mode mixity ¢ will be elaborated upon later. The trend of the curve is shown in Fig. 6.
The double cantilever bcam is predominantly opening mode (¥ =~ 0°) and the measured
debond resistance is low. The fiber pullout is shear dominant (v = 70°), giving a high
debond resistance. The other two, four-point bend and micro-indentation, produce nearly

equal amount of opening and shear (1* & 45°), representative of the conditions in thin film
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delamination and fiber/matrix debounding. Micro-indentation is particularly convenient for
small samples (Davis et al. 1991). Other geometries have also been used to measure debond
resistance (Argon et al.. 1989; Kim. 1991; Liechti and Chai, 1992: O'Dowd «t al.. 10924:
Thouless 1990; Wang and Suo, 1990).

The dependence of T on loading phase can be understood on the hasis of inclastic mech-
anisms. For example. the fiber pullout experiment 1s dominated by shearing and the friction
adds to the debond resistance. This mechanism has been examined quantitatively by Hutchin-
sont and Evans (1989). In metal/ceramie interfaces, shear dominated loading produce larger

plastic zones which increase debond resistance (O'Dowd et al., 19921).
12.3 WILLIAMS SINGULARITY

This section collects mathematical details that refine the concept of mode mixity. The
two solids are linearly elastic and isotropic; corresponding results for anizotropic elasticity
have been reviewed elsewhere (Suo, 1990). The inelastic region is taken to be small compared
to all other relevant dimensions of the crack geometry, so that the crack front is a mathemat-
ical line, the interface a mathematical plane. and the crack semi-infinite. The crack faces are
traction-free. This eigenvalue problem was solved by Williams (1959). The essential features
of the solution, stress oscillation and crack face contact, are described below. The following

interpretation is largely due to Rice (1988).
12.3.1 Slow Oscillation in Stress Field

The tractions at a distance r ahead of the crack tip, on the interface, are found to be

, Kr
Oyy +10y; = . (3.1)
27r
In the above, r and y are Cartesian coordinates centered at the tip and 1 = /=1. The
bimaterial constant ¢ is defined by
1 3 -4/ 1/,
R ( 1)/ 1ty + 1/, (3.2)
20 (3= 4m)/pa+ 1/

Here 1/ is Poisson’s ratio, st the shear modulus, and subscripts 1 and 2 refer to material 1 and
2, respectively; the constant ¢ is bounded, |¢] < (1/27)In3 =~ 0.175.

The complex-valued stress intensity factor, ', cannot be determined by the eigenvalue
problem, but can be determined by solving the full boundary-value problem for a given test-
piece. The magnitude of K scales with the applied stress, and the plase angle of K represents

the relative amount of shear to tension. It can be seen from (3.1) that A" has dimensions

1/2—ie

R = [stress| [lengh] (3.3)
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Let L be an arbitrary length. and define © by
K = |K{L¥exp(iv). (3.4)

1/2

The magnitude, |K'|, has the dimension stress x lengh'/“, which is independent of the choice

of L. because |L"i = 1. Indeed, K] is related to G by (Malyshev and Salganik. 1965)

— — C|2
gz}_(l ¥y +1 12) ]I\l . (35)

4 1 2 cosh®ne

Consequently, | '] and G are equivalent quantities characterizing the maguitude of the applied
load.

Next examine the significance of . Combining (3.1) and (3.4) vields

+i |}
o 10y = ——=
v Y V2nr

The identity, (r/L)" = explicln(r/L)], is used in the above. From (3.6) the ratio of shear

exp[z,"' +5111(r/ﬁ)]. (3.6)

stress to tensile stress at a distance r ahead of the crack tip is given by
Ory/0yy = tan[h + eln(r/L)). (3.7)

Observe that the traction ratio varies with position r, and tan ¢ equals the ratio of the
shear stress to the tensile stress at r = L. This feature of interface cracks, caused by elastic
mismatch, does not exist in mixed mode fracture in homogeneous materials. The result
in (3.7) is commonly referred to as the oscillatory singularity, and ¢ the oscillation index.
Contrary to a popular misconception, this oscillation is net rapid, since ¢ is small, and
logarithm a slowly varying function. Thus, in specifying mode mixity, L need not be precisely
defined, so long as it is broadly representative of the length scale of interest.

Up to this point, L has not been given any physical identity. Since Williams elastic
solution describes the stress state outside of the inelastic zone, it is sensible to specify L to be
on the order of the inelastic zone size. For example, in discussing dislocation emission from
an atomistically sharp crack tip, a natural choice of L is atomic spacing, so that ¥ describe
the stress state over several atomic spacing (Rice et al., 1990). For a metal/ceramic interface,
where dislocation motion prevails over distances many times of the lattice constants, L should
be chosen as the plastic zone size. Given two choices L and L, the corresponding loading
phases, ¥ and L’A", shift by

¢ — v = eln(L/L). (3.8)

Debond resistance I' should depend on stress state surrounding the inelastic zone, which
i turn is characterized by thie local phase angle . Consequently, (2.15) can be rewritten in
a more rigorous form:

T = (). (3.9)
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Since the size of the inelastic zone is dependent on fracture mechanisms. ranging from nanome-
ters to centimeters, it is meaningless to employ a single L for all bimaterials. For interfaces
with debond resistance sensitive to mode mixity. the value of v together with L. must be
reported together with the value of I'. Moreover, a common L must be used in the definition

of v when comparing toughness values at different mode mixities.
12.3.2. Small-Scale Contact

In a homogeneous material, crack faces come into contact under compression. By cou-
trast, interface crack faces may come into contact regardless of loading condition. The size of
the contact zone depends on the mode mixity. In composites, the fiber and the matrix may
remain in contact due to the residual compression or asperities. shding against friction during
pullout. This provides an example of large-scale contact (Hutchinson and Jensen. 1990). In
many other technical problems, such as thin film decohesion, contact zone is small compared
to the overall dimension. This section provides a criterion for small-scale contact.

Williams elastic solution shows that the displacement jump at a distance r behind the

crack tip is

. 11—, 1~ 19 Eri 2r
6 by = - —. 3.10
v te ( 13 + i ) (14 2ic)coshme V = ( )
From the above, the crack opening is
by = cosly) + eln(L/r) - tan™(2¢)], (3.11)

where § = (62 + 53)1/2 is the magnitude of the displacement jump. If L is interpreted
as the process zone size, and if the crack is required to remain open, i.e. 6, > 0, within

L <r < 100L, the mode mixity must be confined within

—n/242: <V < 7/2+26c for >0,
; (3.12)
—7f2-20s <Y <7W/24 2 for ¢ <0.

The number 100 is arbitrary, but the condition {3.12) is not sensitive to this number. When
¢ = 0, the condition in (3.12) simply states that contact will not occur under tension. which

1s known for homogeneous materials.
12.3.3 Specimen Calibrations

For a given test-piece, the complex stress intensity factor A can be solved by an elastic

stress analysis. It has the generic form

K =Y TVLL™ exp(iy)), (3.13)
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where T 15 a represcutative stress magnitude, L a characteristic erack dimension: Y and o
are dimensionless real numbers which depend on elastic coustants. geometrie parameters and
loading. Note that v is by definition the phase of NL™. Solutions have Leen compiicd by
Hutchinson and Suo (1952

As an example. consider & Griffith crack of length L on the wterface hetween rwo mate-

rials (Fig. 7). The complex stress intensity factor is
K =1+ %) /7l /2L % Texplic). (3.14)

where w is the remote loading angle. Driving force G is obtained by substituting (3.14) in
(3.5): the loading angle consistent with (3.13) is ¢+ = w + tan™'{2:). The mode mixity at
r =L is given by

~

v o=+ tan" (2 4 eln(L/L). (3.15)

For a numerical illustratior -onsider an alumn:ina/glass interface (= = —0.05). The crack -z
L =1 mm, and the process zone size is of the order L =1 nm. Under remote tension. w = (°
one finds ©» = 34°, that is, a large shear component exists near the crack tip. Now change
the crack size to L = 1 cm, and evervthing else being the same. the new phese angle becomes

L= 40°.
12.4 CRACK TIP PLASTICITY

Plastic flow around the tip of an interface crack has been analyzed by Shih and Asaro
(1988), Shih et al. (1991), and Zywicz and Parks (1989, 1992). Plasticity aspects of in-
terface cracks are reviewed by Shih (1991). Consider a stationary interface crack between
two materials, at least one of which is plastically deformable (Fig. 7). Small-scale vielding
conditions prevail—that is, the plastic zone size r, is much smaller than the characteristic
specimen dimension, e.g. crack cize L for a finite crack in an infinite bodly. Stress distribution
over distances r 3> r, is approximately determined by elasticity, as if uear-tip plasticity were
non-existent. In particular, the stress field in the annulus, r, « r € L. is given by Williams
singular solution discussed in Section 12.3. The boundary value problem therefore consists of
two semi-infinite materiass bonded over r; > 0. but unbonded over r; < 0; Williams stress

distribution is applied as boundary conditions as r — oo, with complex stress intensity factor
K = |K|L™"exp(iv). (4.1)

Here L is the crack size. and v the load angle in the elasticity problem of finite erack. The

elastic-plastic response is characterized by J, flow theory.

12.4.1 Plastic zone size
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. - i 1 N .
The problem contains two length scades. L and ([A /oy 170 oy being the Jower vield stress
of the two materials. Elementary considerations suggest that r, seales witk 8 Joy v whiels

provides a natural length to define mode mixity. Define a dnnensionless munber

IR
sz'-’r:ln(‘.,‘). (4.9
o L

According to the interpretation in Section 12.3.1, tan £ broadly represents the traction ratio

Ory/0yy near r = ([I|/oy )?, or just outside of the plastic zone.

The plastic zone size is given by
rp =R (IK|/oy) . (4.3

The dimensionless factor R depends weakly on material constants. but is sensitive to mode
mixity, ranging from 0.13 to about 0.65 as |£] increases from 0 to x/2. Furthermore, the
shape of the plastic zone depends on the sign of €, which may lead to different debond
resistance for loading with opposite shear directions. The above results are rigorously correct
for deformation plasticity: numerical calculations have shown that they are quite accurate for

flow theory.
12.4.2. Stress Distribution around a Blunted Crack Tip

Next consider the stress distribution within the plastic zone. The region of interest is
bounded by the plastic zone size r,, and the crack tip opening displacement &. The latter is
given by

§ =DJ/ay. (4.4)

The pre-factor, D, ranges from 0.5 to 0.7 for |} < #n/6 when the metal has low strain hardening
(N £0.1). The two lengths, r, and §,, differ by a factor comparable to the yield strain.
The traction ratio, 0,y/0yy. ahead of the blunted crack tip. within & < r < r,. is shown
in Fig. 8. Note that tan £ = 0,y,'vyy near r = (JK'|/oy)?. For the opening mode £ = 0. the
traction ratio remains small over the range of distances shown. Under mixed mode loading
£ # 0, moderate variation in the traction ratio is observed. The trends displayed in Fig. §
are representative of metal/ceramic interfaces. Figure 9 shows the distribution of the hoop
stress ahead of the crack tip. Focus on the curve for £ = 0. The blunted crack tip relieves the
constraint, leading to a low stress within r < J/oy. The hoop stress reaches a maximum at
distance r = J/oy. The stiffer substrate provide additional constraint to plastic flow so that
the stress for £ = 0 is about 10% higher than the level for the corresponding homogeneous
material (Shih et al, 1991). The constraint is partially relicved when the loading contains a

large shear component.
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In recent experiments with niobium diffusion bonded to alumina. O Dowd et al. (19921
found that debond resistance varies significantly with mode mixity: for example, T30 :/T00%5
=~ 10. An attempt was made to correlate mixed mode debond resistanee on the basis of «
cleavage stress at a characteristic distance (e.g. distance between triple point junctions in
AL O3). as an extension of the early work of Ritelue ef al. (10731 on Mode T fracture 1 mild
steels.

The evolution of cvelic near-tip ficlds ahead of a stationary interfuce crack has been
investigated by Woeltjen et al. (1992). Under monotonic loading to peak tensile load an
essentially Mode I near-tip field is observed over the major portion of the plastic zone, simila
to the result in Fig. 8 for £ = 0. However, a mixed-mode ficld 1s generated near the tip upon
removal of the tensile load. The development of strong shear tractions ahead of the interface

crack tip has important implications for fatigue fracture mechanisms and fatigue life.
12.4.3. Constrained Plasticity

Reimanis et al. (1991) have carried out fracture experiments with gold foils diffusion
bonded between sapphire plates. The foil thickness, A, is much smaller than the overall
dimension of the specimen. The plastic zone is comparable to or even larger than /. but
the total inelastic zone size is small compared to specimen dimensions so that the remote
load can be prescribed by a stress intensity factor. Upon loading. partial debond develops
at a distance several times the foil thickness ahead of the crack tip. These micro-debonds do
not connect with the crack tip. With furthur loading new debonds nucleate at a even larger
distance ahead of the crack tip (see Fig. 11d). The intact metal ligaments bridge the crack.
leading to a rapidly rising resistance curve { R—curve). Here we focus on the initiation of the
micro-debond, the precursor to bridging.

The above phenomenon is an extreme form of large-scale yielding (rclative to the foil
thickness 4) in which the metal foil is highly constrained by the sapphire plates. A finite
element analysis by Varias et al. (1991, 1992) reveals that the hydrostatic stress in the metal
foil increases steadily as the applied load increases; this is in contrast to the stress distribution
ahead of an interface crack between two substrates which cannot elevate above three to four
times the yield stress. The behavior of the mean stress in the metal foil is shown in Fig. 10.
Near the tip (r/h <« 1), the stress distribution is not affected by the constraint of the foil
thickness, so the mean stress is about three times the yicld stress. similar to the distribution
in Fig. 9. At a distance several times of the foil thickness. the mean stress reaches the
maximum, which increases with applied load; the location of the maxima shifts ahead as the

load increases. These elevated stress maxima are responsible for micro-debonds.

12.5 GROWING CRACKS AND DEBOND RESISTANCE
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Debond rearranges atoms that form the interface tnto two free surfaces, consuming the
Griffith energy

r(i:“)‘l'i"‘f'l”‘)ml‘ {o.11

Here ~; and 4, are the surface energics of material 1 and 2. respectively, and =, is the
interface energy. The Griffith energy is small. since only a few lavers of atoms particpate in
irreversible movements. To increase debond resistance, more atoms must be brought into the
inelastic process, through mechanisms activated by stress lower than that required for atomic
separation. For example, [' < 10 J/m? for AL, O3. but even single crystal Al;Oy has fracture
resistance exceeding 30 J/m?. Some heat-dissipating. atomic-scale snapping processes might
exist, involving atoms off the crack plane (K.-S. Kim, private communication). The fracture
resistance of polycrystalline Al;Oj is further increased by grain-scale dissipating mechanisms
such as pullout against friction (Vekinis et al.. 1990).

Studies on crack growth resistance in metals was initiated by McClintock and Irwin
(1965) who used small scale yielding solutions for growing cracks in mode 11, together with
a growth criterion based on the attainment of a critical strain at a characteristic distance
ahead of the tip. Later developments along this line has been given by Drugan, Rice and
Sham (1982). This approach has been extended by Drugan (199:). and Ponte Castalieda and
Mataga (1992) to cracks growing along bimaterial interfaces. Mechanism-based models to
relate debond resistance to micromechanisms have been developed recently, which provide a
focus for the subsequent presentation. We will limit our attention to predominantly opening

mode of fracture.
12.5.1 Crack-Bridging

A solid will fall apart unless something holds it together. A far reaching, unifying idea.
sufficiently rigorous for our purpose, is to represent the “binding” by a relation between

attractive stress, o, and separation, §. Such a relation is sketched in Fig. 3, and is written as
o/op = x(6/ép) (5.2)

The dimensionless function \ describes the shape of the relation; the scale is set by g and

6p. The energy required to separate unit area of surfaces so bridged is
o0
T'ep= 0353/ x(K)dk. {9.3)
0

The dimensionless integral is of order unity. In practice, the shape function y is difficult
to determine precisely, but the qunatities op and §p are readily related to microstructural

variables (Evans, 1990). One can therefore estimate fracture resistance by
F'p~opdpg. (5.4)
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TARLE 1
op (N/m?) ép {m) Tp=opty (J/m*)
atomic bond 101¢ 10-10 1
ductile ligament 10 107° 10
hole growth 10° 10~* 10°
metal foil 10° 1077 10°

Sketched in Fig. 11 are several bridging mechanisms: Table 1 lists the representative

values of og, ég and I'g for these mechanisms. Atomic bond has high strength but smnall
debond separation, resulting in a small fracture resistance. Ductile. crack-bridging hgaments
give rise to a substantially higher fracture resistance; these ligaments are believed to operate
in polyerystalline steels at lower shelf (Hoagland et al. 1972), and i 2 ceramic matrix
containing metallic particles. In the latter, ég scales with the diameter of the particles.
It remains unclear for polverystalline steels whether £n ic set by grain size or some other
microstructural lengths. Holes can nucleate in ductile alloys around hard inclusions. or on
metal/ceramic interface around pores or triple point junctions. Hole growtl usually dissipates
large amounts of energy. Thin metallic foils sandwiched between two ceramic substrates
may debond along alternating interfaces, due to either periodic weak spots fabricated during
bonding (Oh et al. 1988), or constrained plastic flow (Reimanis ct al., 1991, Varias et al.,
1991, 1992). More detailed review on crack-bridging concepts can be found elsewhere (Bao
and Suo, 1992; Suo et al., 1992).

12.5.2 Crack-Bridging and Background Plasticity

It is assumed in the previous section that inleastic deformation can be fully represented
by a bridging law while the background material is elastic. In practice several inclastic
mechanisms can operate simultaneously. An interesting example involves a ceramic matrix
containing both ductile and transforming particles. The ductile particles form bridges. while
the transforming particles contribute to background dissipation. Bridging increases the height
of the wake, transforming more particles and thereby dissipating more energy; transformation
shields the bridging zone. Thus the synergism (Amazigo and Budiansky, 1988).

Consider the deformation history that a material distance y off the interface, experiences

as the crack tip passes by. The energy density variation for the entire process is

p—.
(33}
wt

-

£
‘V(y):/ a,jdc,,.
0

The integral is carried over the entire history, including both heat dissipation when the particle

is in the active plastic zone, and the residual stress energy when the particle is in the wake.
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Denote H, and H; as the depths of the inelastic lavers in the two miterials. The total energy

expended in the background for the steady-state crack to move umt distance 1s

H,

Tp =/ Wy)dy. (5.6
~H,

The total fracture resistance, which includes Griffith energy. bridging energy and stress

work in the background. is given by
F'=Tg+Tp+Tp. (5.7}

Since typically I'p and I'g are much larger than T¢. it is sometimes assumed that I'¢; is an
irrelevant parameter for fracture involving substantial plasticity. However, several authors
have pointed out that if cleavage is the basic fracture mechanismi. I'p or 'y must in some
way depend on I'¢ — that is, the small quantity I serves as a “valve” for large dissipation
T'pand I'p (e.g. Jokl et al., 1980). For example, in transformation-toughened ceramics. the
matrix toughness sets the extent of the transformation zone and thereby I'p (McMeeking and
Evans, 1982; Budiansky et al., 1983).

A more familiar example is ductile fracture of alleys, where the near-tip mechanism of
hole growth and coalescence serves as the valve for larger scale plastic dissipation. This
process has been analyzed by Needleman (1987, 1990), Varias et al. {1990), and Tvergaard
and Hutchinson (1992). Consider a pre-cut loaded remotely by a monotonically increasing
G. When G < T'g, the bridging develops ahead of the crack tip, so does the plastic zone;
the crack remains stationary. The crack begins to grow or, rather, the bridges start to break
when G = I'g. In this sense, background plasticity does not provide any shielding prior to
crack growth. This can be readily understood by the J—integral, and the fact that plastic
flow is proportional prior to crack growth. A reference length is defined by
1 TIg

Rp = — .
3” ayleyr

This reference length scales with the extent of the plastic zone size when G = I'.

As the crack grows, the bridging zone translates in the material: old bridges are broken in
the wake, and new bridges are formed in the front. The background material also experiences
elastic unloading and possibly reverse plastic loading. The complicated deformation shields
the crack. The shielding ratio, G/T g, increases with the crack increment Aa, as shown in
Fig. 12. It is evident that the steady-state is established when the crack growth is greater
than several times Rpg. The steady-state fracture resistance, I'ss, depends on og/ay. The
trend can be better seen in Fig. 13. For a non-hardening material (N = 0), no contribution

is derived from the background plasticity if 5/ < 2; on the other hand, the crack is “lock

15




up”, or has infinite fracture resistance when og/oy > 3. Similar trends are observed for

strain-hardening materials.
12.5.3 Brittle Debonding in the Presence of Plastic Flow

It is known that a sharp, cleaving crack can propagate. slowly or dyvuamically. surrounded
by substantial dislocation motion. For example. a sharp crack cau grow slowly Ly cleavage
along a gold/sapphire interface even though the gold deforms plastically: the measured frac-
ture energy is much larger than I'g (Reimanis et al., 1991). Similar behavior is observed in
copper/glass (Oh et al., 1987) . copper/sapphire (Beltz and Wang, 1992). niobium/alumina
(O'Dowd et al., 1992b), and copper bicrystals contaminated by bismuth (Wang and Ander-
son, 1991). This phenomenon cannot be explained by the models discussed in the previous
sections. Atomic cohesive strength, ¢p, is known to be orders of magnitude higher than
macroscopic yield strength. oy. When og/ay exceeds about 4. crack-bridging models within
the framework of continuum plasticity predict that the crack blunts. liniting the near-tip
stress to several times oy (Fig. 9). Consequently, cleavage cannot proceed from the crack
tip. Instead, one has to appeal to other fracture mechanisms, such as hole growth (Rice and
Johnson, 1970) and cleavage from a remote defect (Ritchie et al., 1973), both leading to rough
fracture surfaces not observed in experiments cited in the previous paragraph.

Figure 14 conveys the essentials of a theory proposed by Suo et al. (1992). The funda-
mental process for plastic flow is discrete, consisting of at least two length scales: the Burgers
vector b ~ 10~'°m, and dislocation spacing D ~ 10~%m. On one scale, atoms exhibit individ-
uality ultimately governed by Quantum Mechanics. On the other scale, dislocations interact
through Continuum Elasticity. Continuum Plasticity applies when stress variation over a
multiple of D is small compared to the macroscopic yield strength. The discreteness becomes
important for events occuring between lengths b and D.

The theory is based on a single premise: the crack front does not emit dislocations.
This happens, for example, for cleavable materials such as steel and silicon below the ductile-
brittle transition temperature, or contaminated grain boundaries, or interfaces subjected to
environmental degradation, or interfaces with a few atomic lavers of brittle reaction com-
pounds. As illustrated in Fig. 14, so long as dislocation spacing D is much larger than the
lattice constant, the probability for a pre-existing dislocation to blunt a major portion of
the crack front should be extremely small. Consequently, a crack which does not emit dis-
location will remain nanoscopically-sharp, advancing by atomic decohesion. Within the cell
essentially free of dislocations which surrounds the crack front, the crystal is linearly elastic
down to a nanometer. Near the crack tip, nonlinearity arises from partial atomic separation
and nanoscopic shear bands. The size of the elastic cell, represented by D, is several orders

of magnitude larger than the nonlinear zone size. Consequently, information regarding the
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nanoscopic nonlinearity is transmitted—to an observer outside the clastic cell—through o
single quantity: the Griffith energy I'g. The elastic cell provides a medium through which
the stress decavs rapidly. matching the high atomic debond stress on one side. and the low
macroscopic yvield stress on the other. For example, with b = 107"%m and D = 107 %m. the
stress decayvs approximately by a factor /D/b = 100 over a distance of 1 jumn. The dis-
location motion at the characteristic distance D away from the erack tip dissipates plastic
energy, I p, which is typically much larger than I'¢;. In summary, atoms around a crack front
car be divided into three regions: nanoscopic decohesion zone, microscopic elastic cell. and
macroscopic dislocation dissipative background.

The elastic cell is a Nanomechanies concept with imprecise, if any. continuum description.
The concept can be approximately understood in terms of spatially varving yield strengths.
Sketched in Fig. 15 is yield strength varving with the distance from a representative atom at
the crack tip. The theoretical shear strength is approached near the crack tip: the strength
decays to the macroscopic yield strength in the background. The shape of the decay function
has not been investigated; dislocation cell models may provide some iusight (Lubarda et al..
1992: Knbin et al., 1992). Nevertheless, the decay function must have a characteristic length
comparable to the dislocation spacing D.

Consider a cleavable, rate-independent material with Griffith energy g, vield strength
oy and yield strain ey = oy /E, E being Young’s Modulus. The crack tip energy release rate.
Giip, 1s shielded by background dislocation motion from the remotely applied energy release

rate, G. Dimensional analysis dictates that
G/Gip = g(Dey oy [Gup)- (5.9)

The shielding ratio g also depends on crack increment and material constants such as ey,
Poisson’s ratio v and in particular, the shape of the decay function in Fig. 15. For properties
representative of metals (e.g. D ~ 1 um, ey ~ 1073, oy ~ 108 N/m?, I'g ~ 1 J/m?), the
parameter Dey oy /T ranges from 1072 to 10. The parameter can be understood in several
ways; e.g. all else being fixed, an increase in elastic cell size D reduces the total energy
dissipation. Under steady-state growth, G, = I'¢ and G equals the measured fracture
energy I'. The plastic dissipation T'p is given by ' = Tp + T

In the present theory, it is assumed that no low strength, long range bridges, such
as tearing caused by cleavage plane reorientation between neighbouring grains, operate in
the crack wake. These bridges are responsible for the large “cleavage energy™ reported for
polycrystalline steels. When operating, the bridges may serve as a bigger valve than atomic
decohesion. If this is the case, a bridging law may be used in the present model. Indeed,
when og/oy < 4, the present model should reduce to regular bridging model without an

elastic cell.
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Further simplifications are needed to make quantitative predictions (Fig. 16). The
decohesion zone is small compared to D so that the square root smgular elasticity solution
prevails in b € r» < D. Detailed atomistic deseription of decoliesion is unnecessary except
for a prescription of a cleavage cunergy T'g. The shape of the elastic cell 1s unimportant
since the plastic zone height is typically much larger than D: we use u strip to represemt
the elastic cell. A disc translating with the crack tip can be another convenient chowee, but
the difference i1s expected to be minor in so far as G/Gi, 18 concerned. The background
dislocation motion is represented by continuum plasticity, A refinement. if needed. may
include individual dislocations or a dislocation network in the transitiou region between the
elastic cell and the continuum plastic flow.

The crack starts to grow when G > I'g: more load 1s required to maintain the growth.
leading to a resistance curve. The plastic zone also increases as the crack grows, attaining
a steady-state height H. The energy release rate reaches a steady-state value Tse. The
model geometry is analyzed in the steady-state using finite elements. Figure 17 shows that
the shielding ratio increases rapidly as D or 0y decrease. The influence of strain hardening
exponent, N, can also be seen. For non-hardening metals, the plastic dissipation completely
shields the crack tip at a finite Dey 0y /Giip. In practice, D may be used as a fitting parameter
to correlate experimental data. For example, a metal with oy = 108 N/m’, ey- = 1073 and
Tg =1J/m® gives Tg/oyey = 16 um. If the measured fracture energy T'ss = 10 J/m*. one
finds from Fig. 17 that D = 0.5 ym.

In an experiment with a single crystal of copper diffusion bonded to a sapphire disc
(Beltz and Wang, 1992), interface debonding was driven in two crystallographic directions
at slightly different energy release rates. The phenomenon was interpreted according to the
Rice-Thomson model (1974): dislocations emit from the crack tip in one direction but not
from the other. An alternative interpretation appears to be possible on the basis of the
present theory: both crack tips do not emit dislocations; the different debond energies result
from the different extent of background dislocation motion. Indeed, the micrographs show
much denser slip lines in one case than the other. Experiments at higher magnifications are
needed to ascertain which of the two interpretations is appropriate for the copper/sapphire
system. Calculations within the framework of the present theory, taking into account of single
crystal plasticity, are in progress to facilitate a direct comparison with such experiments.

Obviously, the competition between atomic decohesion and dislocation emission (Rice
et al., 1992) cannot be addressed by the present theory; instead, the consequences of the
premise that dislocations do not emit from the crack front can be explored. Included in Suo
et al. (1992) are slow cleavage cracking, stress-assisted corrosion. fast-running crack, fatigue

cracking, constraint effects, and mixed mode fracture along metal/ceramic interfaces.
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FIGURE CAPTIONS

Figure 1. A partally debonded interface is subjected to applied load.
Figure 2. Graphical interpretation of ', I and G.
Figure 3. A fiber is being pulled out from a matrix,

4

Figure 4. Thin film decoliesion emanating from a circular hole.

9L

Figure 5. Inelastic processes accompanying debond.

Figure 6. Convenient geometries to measure debond resistance.
Figure 7. (a) A finite mterface crack subjected to a remote tension T at angle w: the plastie
zone size is assumed to be small compared to the crack size. (h) A smadl-sealed vielding

problem is posed.

Figure §. The ratio of shear over tension ahead of the crack tip. ou the interface. in the
range & < r < rp. Metal/ceramic bimaterial: metal properties are N = 0.1, ¢y- = 0.003. and
1 =0.3.

Figure 9. Teunsile stress alicad of the crack tip. on the interface. Note that & ~ J/ay.
Metal/ceramic bimaterial: metal properties are N = 0.1, ¢y = 0.003, and v = 0.3.

Figure 10. Inset: a metal foil bonded between two ceramic substrates, subjected to a remote

Mode T stress intensity factor. The mean stress distribution ahead of the crack tip is plotted
for several loading levels.

Figuie 11. Crack-bridging mechanisms: a) atomic adhesion, b) ductile ligaments ¢) hole
growth, d) alternating debonding.

Figure 12. Fracture resistance curve resulting from background plasticity shielding (from
Tvergaard and Hutchinson, 1992).

Figure 13. Steady-state shielding ratio as a function of bridging strength relative to yield
strength (from Tvergaard and Hutchinson, 1992).

Figure 14. A decolesion tront in a network of pre-existing dislocations. The diameter of the

decohesion core is about 1 nm; the average dislocation spacing is more than 100 nm.

Figure 15. Yield strength as a function of the distance from an atom at the center of an
elastie cell.

Figure 16. A model system with a step-function decay in vield strength

Figure 17. A fracture resistance curve: the fracture energy increases as the crack grows.
Computed shiclding ratio as a function of various parameters: N — hardening exponent, D

— elastic cell size.




— /nterfoce

?///7//////////7/%%‘@

Fig. |




Fixed A

(a) -

A+dA

(b)

Fig. 2




Fig. 3




Substrote

Fig. 4

Film




0

7

G C_(

@

Residual Wake

Heat Dissipation

Crack - Bridging

Fig. 5




L, ——-—

70°

40°

Fig. ©




Metal

Ceramic

L T
r
P
Cyy+lOyy = Kr '€
Yy XY'”EJ-:F—T
Qs r -~

Fig. 7




1200

- ———, -
- /
e ———
L " ar————— P -
-
- T/6
s st
[ acessesen sevramssnvressersaisarenc e [P
© — —— —— A, Gt § S———} S— O
E—— - Sv——— i - T—
B S ¢ q——— & W———
=g

‘_800 [V U W | ! e | S WO VRS o | | TS WU WG G | IR N ) IR St
B

Fig. 8




5.0

Tyy /Ty

N= 0.l
€,= 1/500

4.0

J/0

Fig. 9




Um/UY

7.0
6.0
5.0 -
4.0
3.0-
2.0- - -{»j;;
] W
10— . . —
0.0 1.0 2.0 3.0
r/h
Fig. 10

4.0




(a)

(b)

(c)

(d)




Tg/0y=3.75
3.6

€= 0.003

N =0.l

V=03
1 | ] 1 j
3 4 S S} 7
Aa/Rg
Fig. 12




6
€,= 0.003
s | N=0
vV =0.3
N 0.1
—~ 4T 0.2
[_‘m
~ ° T
—
S” 2 =
l -
o | | { L
o) | 2 3 4 5
Og/0y




Fig. 14




YIELD STRENGTH (GPa)

—-=— Theoretical Yield Strength

Macroscopic Yield Strength

Lo

¥ L]

D DISTANCE FROM AN ATOM

Fig. 15




b

elastic - plastic

?— G?ip

elastic

elastic - plastic

Fig. 16

2D




2.0

L
15 %
L) A}
.

A\ ]

AJ

1.0 :. 02 “\‘

log(:g/:g tip)

05

00 b Lo w1 vE
-25 -20 -15 -1.0

108(D0Y8v/t9up)

Fig. 17




MECH-208

MODE I FRACTURE TOUGHNESS OF A BRITTLE ADHESIVE LAYER

Z. Cedric Xia and John W. Hutchinson

Division of Applied Sciences
HARVARD UNIVERSITY
Cambridge, Massachusetts 02138

March 1993




MODE II FRACTURE TOUGHNESS OF A BRITTLE ADHESIVE LAYER

Z. Cedric Xia and John W. Hutchinson
Division of Applied Sciences
Harvard University

Cambridge, Massachusetts, U.S.A.
ABSTRACT

This paper concerns the analytical estimation of the macroscopic mode II fracture toughness of
a brittle adhesive layer sandwiched between and bonding together stff substrates. The process of
failure involves the propagation and coalescence of microscopic tensile cracks ahead of the
macroscopic mode II crack tip. The basic problem at the heart of the analysis is the plane strain
problem for a layer subject to shear and containing a periodic array of micro-cracks which grow
and coalesce under the condition that their tips advance under pure mode I conditions. A numerical
solution to this basic problem is obtained and is then used to make detailed predictions for
conditions for tunneling of the micro-cracks and for the evolution of their shape and spacing.
These predictions are used in turn to develop the shearing traction-displacement relation for the
brittle adhesive layer. The work per unit length of layer needed to drive the microcracks to
coalescence can be identified with the macroscopic work of fracture in mode I, I'yy,, as is
discussed via a cohesive zone model. The macroscopic mode II toughness is predicted to be
between 3 to 4 times the mode I fracture toughness, I'j., depending on constraints provided by
substrates and very slightly on Poisson's ratio v. The theoretical predictions are compared with
experimental data reported in the literature. Also discussed are the consequences of the assumption
underlying the analysis that there exists an ample population of inital flaws whose largest

dimension is roughly comparable to the thickness of the layer.




1. INTRODUCTION

Once initated, cracks in homogeneous, isotropic brittle materials tend to advance under mode
I conditions, assuming continuously applied loads. Thus, for example, when a crack propagates
under plane strain conditions it selects a trajectory such that its mode II stress intensity factor, Ky,
vanishes. This so-called "local symmetry” conditon dictates many crack patierns found in brittle
thin films or substrates where cracking occurs. Recent studies have detailed a number of
interesting crack paths governed by this condition. Examples include studies of the development
of wing cracks under compressive loading by Ashby and Hallam (1986) and by Horii and Nemat-
Nasser (1986), of spiral cracking around a strained cylindrical inclusion by Freund and Kim
(1991), and of cracking behavior due to localized hot shock of a brittle substrate by Tvergaard er a!
(1993). The theoretical study most closely related to the present work is that of Fleck (1991) on
the growth of periodic echelon cracks in an infinite substrate under combined shear and tensile
loadings.

Macrescopic mode II crack growth is frequently observed in a very thin brittle adhesive fayer
which bonds together two substrates which confine the cracking process to the layer. If the crack
does not follow one of the interfaces, nne often observes scalloped fracture areas on the crack
surface and many sigmoidal microcracks ahead of the main crack tip (see, for example, Hibbs and
Bradley 1987, Smith and Grove 1987, Chai 1988, and Fleck 1992). Similar behavior takes in the
matrix material between closely spaced parallel fibers in a composite. The fracture process seems
to start with the initiation of sigmoidal tensile microcracks ahead of the crack tip and continue with
the spreading of this damage leading to a distribution of microcracks such as that depicted in
Fig.1a. Macroscopic shear crack growth is initiated by coalescence of the main tip with the tensile
microcracks just ahead of it. The experimentally measured work of fracture needed to advance
such a mode II crack is found to be greater than the mode I work of fracture, with I'y /T, ranging
from 3 to 10 for brittle or moderately brittle materials (Bradley 1989, Hibbs and Bradiey 1987, and
Fleck 1992).




3.

The aim of this study is the analytical estimaton of macroscopic mode 11 fracture toughness of
a brittle adhesive layer, 'y, in terms of the mode I toughness of the adhesive, I'y.. In mode 1, the
work of fracture of the sandwiched britde layer is the mode I toughness of the adhesive, Iy, if the
crack propagates in the interior of the layer and not along one of the interfaces between the
adhesive and substrates (Fleck, Hutchinson and Suo, 1991). In developing the theoretcal estimate
of I'fy it will be assumed that the spacing of the microcracks is small compared to the length of the
zone of microcracking ahead of the macroscopic mode II crack. In effect, we work at two scales:
the micro- and macroscales. On the microscale, we analyze the development of a periodic array of
identical tensile microcracks, as shown in Fig.1b, and use these results to obtain a tracton-
displacement relation in shear, 1(u), governing the macroscale behavior of the layer. A cohesive
zone model of the mode II macrocrack is stipulated with T(u) as the shearing traction law in the
cohesive zone ahead of the macrocrack. Well known arguments employing the J-integral give the
desired connection
Fge = [, * Hudu (1)
where uc is the shearing displacement at which the periodic microcracks coalesce and ?drops to
zero. The present study is the mode II counterpart to the modeling conducted by Ortiz (1988) of
the effect of microcracks ahead of a mode I macrocrack.
The sections of the paper leading to explicit results from (1) are organized as follows. Section
2 provides the solution to the basic plane strain problem shown in Fig. 1b for a periodic zrray of
curved cracks, in a layer subject to remote shear loading, growing and coalescing under the
condition that the mode II stress intensity factors at each crack tip vanish. Three quantities from
this solution are needed to carry out the computation of T(u) and the prediction of I Ic: the energy
release rate for the in-plane growth of the plane strain cracks, Gpg; the effective in-plane shear
modulus W of the cracked layer; and the energy release rate, G, for each of the cracks when they
tunnel in a direction perpendicular to the trace plane shown in Fig. 1b. Complete results for these
quantities are given in Section 2. The shearing traction-displacement relation, ;(u). is derived in

Section 3. This derivation has two steps. First, the evolution of the cracks’ length and density as
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a function of u is obtained using the basic results of Section 2. This step involves arguments as to
when the microcracks will advance in their plane and when they will tunnel. It also involves the
assumption that there exists a population of relauvely large initial flaws in the adhesive from which
the microcracks develop. Then, with the evolution of the length, shape and density of the cracks in
hand, the traction-displacement law can be obtained from the results for . The final results for
I'nc are discussed in Section 4, along with a discussion of the implications of the assumption
concerning the inidal flaw population. Experimental observations which have been reported in the
literature for mode II behavior of brittle adhesive layers are compared with the theory in this final

section.

2. A PERIODIC ARRAY OF MODE I CRACKS IN A BRITTLE ADHESIVE
LAYER SUBJECT TO SHEAR

2.1. The Plane Strain Problem

The plane strain problem is introduced in Fig. 1b. An adhesive layer of thickness 2H joins
two substrates. It is often the case that the substrates are much stiffer than the adhesive. For the
purpose of reducing the number of parameters in the problem and to simplify the analysis
somewhat, we shall regard the substrates as two rigid grips perfectly bonded at each interface to
the adhesive. The adhesive is taken to be isotropic, homogeneous and linearly elastic, with shear
modulus §t and Poisson's ratio v. The external loading is applied through prescribed relative
translations, u and v, of the two rigid grips. Two limiting shear loading cases are analyzed
corresponding to different constraints in the vertical direction. For a given prescribed tangential
displacement u, either: (1) the grips are allowed to move freely in the vertical direction (i.e., the
average normal traction exerted on the grips is zero), or (2) the grips are totally clamped in the
vertical direction (i.e., v=0).

The spacing separating the periodically distributed cracks in Fig. 1b is taken as 2b, and the
curvilinear length of each crack in the current state is denoted by 2a. The solution procedure

adopted in this study is that of representing the cracks as superposition of continuously distributed




-5

dislocatons chosen to cancel the ractons on the crack surfaces via solution of coupled integral
equations. The solution of a periodic array of dislocations in an elastic layer between rigid
substrates is given in the Appendix. The outline of the setup of the integral equations and the
numerical procedure for solving them can be found in Tvergaard et a/ (1993). The procedure for
advancing the crack tips such that pure mode I conditions always prevail at the tips is the same as
that employed by Fleck (1991). It is this part of the solution method which determines the shape
of the evoliing cracks, as is now further described.

The process is started with an array of very short straight cracks with spacing 2b and inclined
at 450 1o the x-axis such that they are normal to the maximum principal stress of the uncracked
layer. Since the cracks are very small inidally, they behave almost like isolated cracks subject to
tension perpendicular to their plane, and thus can be regarded as pure mode I cracks. The method
for generating the subsequent crack trajectories is as follows. With the crack at its current length
having Kp=0, then the crack length is increased with the curvature of the next increment chosen
such that the advanced tip is also in a state of pure mode I. More details of calculation procedure
can be found in Fleck (1991). The plane strain energy release rate at the crack tps, Gps, is related
to the mode 1 stress intensity factor by the standard relation; the stress intensity factor is computed
directly as the amplitude of the inverse square root singularity of the dislocation distribution at the
ends of the crack.

When there are no cracks presented in the adhesive layer, the stress field is simply

u
T=ll— 2
Hoh )

and all other components are zero. After introduction of the periodic array of cracks, the average
shear traction exerted at grips for a prescribed u is reduced below the value given by (2) and is

denoted by t. The effective shear modulus of the adhesive is denoted by } and is defined as

2H
u

H=1 3

The effective shear modulus is an important property which indicates the damage to the shear

strength of the adhesive layer when cracks are present. Its primary purpose in the present paper
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will be to generate the traction-displacement relation (w).

For a given crack shape, W is a function of the crack length/spacing ratio, a/b, the crack
density ratio, H/b, and which of the two normal constraint conditions is imposed. This functional
dependence can be determined from a airect computation of the average shear traction T when a
value of u is prescribed, or it can be computed using a basic connection between compliance
change and energy release rate derived as follows. Let s be the length of the evolving curved crack
which started with length 0 and has grown to its current length 2a. The elastic strain energy U
stored in the layer per crack (with spacing 2b) is )

1_ u“b.

=—Tu2b=—— 4
o= ot @)

The plane strain energy release rate Gps at each tip at the current crack length 2a is given by

1 dU(a)

G =—— 5
ps®@=-5"% )
The combination of (4) and (5) gives, together with the initial condition --:u when s=0,
4H 2
(@) = p——5— [Gg(S) ds ©
u“bo

As the crack length 2a approaches the critical length 2a; where the cracks coalesce, the effective
modulus  must approach zero. This fact provides an additional consistency check on the

accuracy of the numerical calculations.

The numerical results for Gps, W and for the shapes of the crack trajectories are shown in
Figs. 2-4 and will be explained in detail. The boundary value problems have displacement-type
conditions along the grip interfaces, and therefore the solutions do depend on Poisson's ratio. The
results shown in these figures were computed with v=1/3, but selected numerical checks indicated
there is little dependence on v for the normalized quantities employed. Recall that the solution
process starts with a prescribed value of crack density H/b and with very short straight cracks
oriented at 459 to the centerline of the layer. The cracks are then advanced under pure mode 1

conditions. Two distinct behaviors are found, unlike the shapes discovered by Fleck (1991), who
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considered an infinitely thick layer subject to combinations of shear and normal loading. In the
case of the layer which has zero average normal traction, it is found that the cracks grow toward
the interfaces of the adhesive and the rigid grips when the crack density, H/b, is less than about
0.81 with final shapes typical of those shown in the insert of Fig. 2a. For crack densities, H/b,
greater than (.81 the cracks do not impinge upon the rigid grips but instead turn toward their
neighbors and coalesce, as shown in the inserts in Figs. 2b and 2c (here, again, the complete crack
trajectories are shown). In the regime where the cracks coalesce, the shapes are relatively
independent of H/b and the pattern scales with the spacing b. This limiting behavior would have
been more evident had Gps been normalized by b rather than H in the ordinate of Figs.2b and ¢
(The choice of H rather than b for the normalization facilitates application of the results discussed
later). When H/b is large, the present results agree with those of Fleck (1991) for echelon crack
arrays in an infinitely thick slab. The transition in shapes in the second case, where the normal
separation of the rigid grips is constrained to be zero, occurs at about H/b=2.6. The three parts of
Fig. 2 display the dependence of the normalized Gps on the crack length/spacing ratio, a/b, for the
three values of the crack density parameter H/b, all for the case of no average normal traction. An
important feature of this dependence is the existence of a local maximum in the normalized energy
release rate which is attained when the cracks are still well away from coalescence. In the regime
where the cracks coalesce, the normalized Gps becomes unbounded as the tips approach the crack
surface of their neighbor. It is again worth emphasizing, the trajectories shown are pure mode I
trajectories, and at no point as the cracks are advanced do opposite points on the crack faces come
into contact (i.e., the cracks are fully open). Fig. 2 also contains results for the tunneling energy

release rate, Ggg, which will be introduced in the next subsection.

The complete results for the normalized plane strain energy release rate are plotted in Fig. 3 for
the entire range of H/b needed in the present study for each of the two limiting normal constraint
cases. The companion curves for the normalized effective shear modulus of the layer, Ejp., are

shown in Fig.4.
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2.2. Steady-state Tunneling Cracks and Evaluation of Ggg

Crack nucleation and growth in an adhesive layer is a very complicated process. It is a full
three dimensional problem in the sense that cracks will initiate from an existing population of flaws
and propagate both in the plane (i.e., in the (x,y) plane of Fig. 1) and out of the plane (i.e., the z-
direction in Fig.1) Extensive propagation out of the plane is referred to as tunnel cracking. This is
a form of cracking which is very common in thin brittle films and layers (Beuth 1992, Ye er a!
1992, Hutchinson and Suo 1991, and Ho and Suo 1993). It is the primary mechanism by which
roughly equiaxed initial flaws become greatly extended cracks in the tunneling direction. This
mechanism is clearly expected to play a dominant role in establishing cracks in the brittle shear
layer which are very long in the out-of-plane direction compared to their in-plane length, i.e.,
essentially plane strain cracks. In steady-state, the crack propagates in the out-of-plane direction at
constant applied load with the tunnel front maintaining its shape as it advances. The steady-state

energy release rate, Gy, no longer depends on the tunneling length, nor on the initial flaw

geometry.

The steady-state energy release rate Gy along the wnneling front can be computed using
quantities from the 2D plane strain crack solution without resorting to a 3D analysis. Since the
energy released per unit length of tunneling in the z-direction equals the energy released to form the
plane strain crack traversing the layer (on a per crack basis), it readily follows that (e.g.,

Hutchinson and Suo, 1991)

a
G ()= i- [Gpg(0as %

This is the relation whi~h is used here to compute Gg. An additional interesting relation between
Gss and Gpg noted by geuth (1992), which will be of use later, is obtained by taking the derivative
of (7) with respect to a

dG 1
—d-fs— = ~(Gpg - Gy) (8)

ps
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Thus G=G defines a condition at which Gg achieves a local maximum with respect to in-plane

crack length.

Numerical results for Ggs can be generated using (7) and the results of Figs. 2 and 3. The
three plots of Fig. 2 include curves of normalized Ggs illustrating the trends and the fact exnressed
by (8) that the maximum of Gg;s at a prescribed u occurs where the two energy release rates are
equal. Note that Gy exceeds Gps at crack lengths larger than those at the crossover point so that
the crack driving force for tunneling will exceed that for in-plane extension in that regime. The
results shown apply to a family of identical cracks spaced a distance 2b apart, all tunneling together
as illustrated in Fig. 5a. We now take one further step and derive the steady-state energy release
rate for a new set of tunnel cracks of identical cross-sectional shape which precisely bisect a pre-
existing set of fully tunneled cracks, as depicted in Fig. 5b. The steady-state energy release rate

for this new set of cracks is denoted by G ss-
2.3. Gss for Sequential Tunnel Cracking

Consider now the derivation of the steady-state energy release rate for the sequential cracking
process depicted in Fig. Sb, where a set of new cracks of spacing 2b tunnels, precisely bisecting a
pre-existing set of spacing 2b. Let Gss(b) denote the result of §2.2 for tunnel cracks of spacing b
and let Gs5(2b) be the result for spacing 2b, both for the same prescribed value of u. Let Ggs be
the energy release rate for the new set of tunneling cracks. Following the argument given by

Hutchinson and Suo (1991), one has precisely

Gys(b) = 2G4 (b) - Gy (2b) ©)

stating that the energy released by each new crack is the difference between the down-stream rate
(for two cracks per new crack ) and the up-stream rate. Thus, the steady-state energy release rate
for the sequential process can also be obtained from the results for Gps using (7) and (9). Curves

of normalized G g as a function of a/b are plotted in Fig. 6 for various H/b for the two constraint
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cases. Note that these results apply to a new set with spacing 2b tunneling between an existing set
of spacing 2b, i.e. the situation depicted in Fig. 5b. In Section 3, results for Gs and Gps will be
used in an approximate way to predict the evolution of both the spacing and lengths of the cracks in

the layer as a function of u.
3. CRACK SPACING AND 1(u)

As a crack grows from an initial flaw in a brintle isotropic material comprising the layer, its
crack front adjusts to a curved shape such that at every point it is in mode I with its energy release
rate equal to the mode I toughness of the material, I';c. Once it has tunneled a distance of about
two times its in-plane length the crack rapidly approaches the asymptotic steady-state condition
analyzed for periodically spaced cracks in the previous section. Crack propagation is entirely in the
out-of-plane direction, advancing under constant applied shear displacement u and leaving behind
an in-plane crack of fixed shape and length. A rigorous analysis of this three dimensional process
is extremely difficult and is not attempted for the present shear layer problem. (A three
dimensional analysis has been carried out for a thin film cracking problem by Nakamura and
Kamath (1992) demonstrating for that problem that steady-state conditions are essentially attained
once the crack has grown to a length of about twice the film thickness.) As noted in the discussion
of Fig. 2, except for very high crack densities, there is a range of a/b in which Ggs exceeds Gps.
This implies that the three dimensional process of growth from a roughly equiaxed initial crack-like
flaw will involve both in-plane and out-of-plane growth until the crack reaches the point where out-
of-plane mnneling is favored. Once steady-state is achieved, tunneling will be completed in the
out-of-plane direction resulting in a set of plane strain cracks. Then, as u is further increased,
these cracks will undereo further in-plane extension untl conditions are met for a new set of cracks
to begin tunneling between the present set. An approximate analysis of this sequential process is

now given.
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3.1. Evolution of Crack Density as a Function of u

Suppose a periodic array of fully tunneled plane strain cracks exists with spacing 2b. The
conditon for a new set to tunnel between the existing set as depicted in Fig. 5b is obtained as
follows. When u r.aches the level corresponding to G ss(b) = I'1¢, steady-state munneling of the
new set can occur with the outcome being a set of fully runneled plane strain cracks of spacing b.
Setting G s5(b) = I'ic and plotting the result in the form of u\ju/AT; H) as a function of a/b for
fixed values of H/b leads to curves such as those in Fig. 7. Note that for a given value of spacing
2b (i.e. a given value of H/b), there is a minimum value of u below which a set of new cracks
cannot tunnel. If it is assumed that the initial flaw population is sufficiently large and plentiful such
that the new set will initiate and tunnel when u reaches the minimum in Fig. 7 for the given H/b,
then the crck spacing history lies along the trajectory of minima in Fig. 7. Given some inigal
spacing 2bg, say, then the subsequent spacings must be bg, bp/2, bg/4, etc., for the sequential
process envisioned, but a strict adherence to this sequence can be relaxed as described later. Fig. 8
displays the crack density parameter H/b determined as just outlined as a function of the normalized
u for each of the two constraint cases. The threshold values correspond to the minimum values of
normalized u where tunneling of isolated cracks can first occur. The crack density increases from
zero to a very high density (e.g., H/b=5 to 10 ) over a relatively small range of u, corresponding to
roughly only a 75% increase above threshold. Each curve in Fig.8 is terminated with a horizontal
dashed line at the crack density where the tunneling energy release rate no longer exceeds the plane
strain release rate at any crack length a (cf. Fig. 2c). Exactly how new cracks develop in this
regime is not clear, but tunneling is not expected. In any case, by the point where the crack density

reaches these levels, all the important contributions to the macroscopic toughness have been made.
3.2 Traction-displacement Relation in Shear, T(u)

With the relation between H/b and u in hand, it is possible to generate the desired relation 1(u)
in the following straightforward manner. For a prescribed value of u, obtain H/b from Fig. 8.

This value characterizes the current spacing of the plane strain cracks. The in-plane length a of
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these cracks is then obtained from the ratio a/b using the results in Fig. 7. Once a/b is known, use

the curves of Fig. 4 to obtain E/;.L. Then, by (3),
View 24 VT H

and it is this relation which is plotted for each of the constraint cases in Fig. 9. The peak values in
Fig. 9 are associated with the onset of tunneling of widely spaced microcracks. The steep
segments of the curves dropping from the peaks correspond to the range in which relatively widely
spaced cracks tunnel with the sequential process of new sets tunneling and bisecting existing sets.
The steep portion ends when the crack density reaches about H/b=2 for the case of zero average
normal traction and at aboit H/b=3 for the case of zero normal displacement. At higher densities
the interaction between the, cracks becomes dominant and 7 falls gradually with increasing u. The
curves are terminated at the points labeled by (uc, ?c) beyond which higher densities of tunneling
cracks will not occur, i.e., at the density cutoffs indicated in Fig. 8.

Strictly speaking, the construction of the relation between T and u described above should start
with some initial wide spacing 2bg and then faithfully bisect the spacing according to the discrete
values bg, bp/2, etc., leading to curves in Fig. 9 which would be segmented. The curves in Fig. 9
are generated by applying the calculation described above continuously as a function of u, ignoring
the discrete nature of the sequential bisection process. The difference between the curves thus
obtained and any segmented curve generated using some initial wide spacing 2byp is not
appreciable. The procedure described above approximates the actual cracking process in another
sense. The :hape of the cracks in the (x,y) plane depends on the crack density H/b. Thus, in any
actual process the shapes of cracks which tunnel at one value of u will differ from those tunneling
at another value of u. The procedure used here takes the shapes of all the cracks to be the same and

to be that shape associated with the current value of u.
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4. MACROSCOPIC MODE II TOUGHNESS, Ty

The results in Fig. 9 for ?(u) enable one 10 calculate I'fjc using (1). The final tail of ?(u) has
not been determined, and we neglect a small contribution to the integral in (1) by terminating the

integration at uc as taken in Fig. 9. The results of the integration are
I'me =3.1 T for zero average normal traction
I'ne =4.2 e for zero normal displacement

The numerical results in this paper have all been calculated with a Poisson's ratio of 1/3, but, as

mentioned earlier, the results are only weakly dependent on v.

The present results are corroborated by Fleck's (1991) result, I'tjc=2.7 I, obtained for a
single array of periodically spaced, tensile plane strain microcracks in an infinite solid subject to
pure shear at infinity. This result represents the work of fracture per unit area needed to drive the
sigmoidal echelon cracks to coalescence. More work is absorbed in the process envisioned in the
present paper because of the influence of the constraint of the substrates and the fact that new
cracks initiate and tunnel between existing cracks as u is increased. Nevertheless, the fact that the
two analyses give results which are not significantly different suggests that the sequential details of
the microcracking process may play a secondary role.

The cohesive zone model on which the above results are based also can be used to calculate the
length of the cohesive zone L (see Fig. 1a) in which the 'microscopic’ traction-displacement
relation ;(u) holds. We have not computed L for the precise relation ‘_t'(u) of Fig. 9, but a rough
estimate indicates that it is on the order of H. Thus, the extent of the microcracking zone ahead of
the macroscopic crack tip is only on the order of the most widely spaced cracks which make a
significant contribution in the analysis leading to 7(u), i.e. b=H. This suggests that an analysis
which accounts for the interaction between the macrocrack and the individual microcracks in a

discrete manner may give somewhat different predictions. Further work along these lines may be
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needed, especially if initiatdon from smaller flaws is considered important, as will be discussed

below.

5. DISCUSSION

The results of present analysis are in general agreement with experimental data reported in the
literature. In particular, Bradley (1989) presented his experimental results for the ratio of mode I
delamination toughness to mode I delamination toughness for a variety of resin adhesives. The
ratio ' /T, for the brittle resins varies from 3 to 11, with most data in the range from 3 t0 6. It
should be expécted that the present theoretical results should tend to bound the experimental data
from below for two reasons. Firstly, the response of the adhesive has been assumed to be purely
elastic with no accounting for plasticity, and plasticity is expected to have more effect on the mode
I toughness than the mode I toughness. Secondly, it has been assumed that there exists an ample
population of initial flaws whose size is comparable to the thickness of the brittle adhesive layer. It
is from these flaws that the tunnel cracks spread. If the population of initial flaws was of a size
significantly smaller than the layer thickness (e.g., on the order of H/5 ), then larger applied
stresses would be necessary to initiate the tunnel cracks than is predicted by the steady-state
tunneling analysis. The tunneling process would then involve the dynamic propagation of the
microcracks and the dissipation of more energy than is predicted by the present quasi-static
analysis. Assuming the microcracking process is brittle, we interpret the existence of
experimentally measured ratios of I'y /T, well in excess of 3 to be indirect evidence of the fact that
those adhesives have initial flaws which are small compared to the layer thickness.

The present results for the mode II toughness are independent of the layer thickness 2H and do
not depend explicitly on any details of the initial flaw population. In this sense the present results
are similar to Fleck's result which is independent of the spacing of the periodically distributed
echelon cracks. In the present modeling, this independence is a consequence of the assumption of
an ample population of relatively large flaws. If, instead, there existed an ample population of

small flaws, then one would expect the size of the flaws to enter into the dependence of Iy,
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primarily because an over-stress will be needed to initiate the tunnel cracking process. On the other
hand, if the flaw population were sparse and widely spaced compared to the layer thickness, then
one would expect the layer thickness as well as the spacing and, possibly, the size of the flaws to

influence I'yy.. In either case, I'yy. is expected to exceed the 3 or 4 times I'j. predicted by the

present analysis.

Two constraint limiting constraint conditions have been considered leading to the two sets of
predictions presented above. In addition, to simplify the analysis and to reduce the nurnber of
parameters in the problem, the compliance of the adjoining solids has been neglected compared to
that of the adhesive. This is probably a reasonable approximation for many systems based on
polymeric adhesives. Fos such systems, it would also seem that the second constraint assumption
of zero normal displacement to the layer would be the more reasonable one, but that may depend
on the details of the test specimen geometry. The main conclusion to be drawn from the resuits for
the two limiting constraints is that there is not an unduly large difference in the resuiting
predictions.
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APPENDIX. AN ARRAY OF DISLOCATIONS IN A BRITTLE ADHESIVE
LAYER

The dislocation solution used to solve the plane strain problem is outlined here.

The plane strain elasticity problem is specified in Figure Ala. An array of edge dislocations
with Burger's vector b=(by, by) lies along the x axis with uniform spacing x. The upper boundary
lies along y=d and the lower boundary along y=-c. The elastic material has shear modulus 1 and
Poisson's ratio v. The thickness of the layer is c+d=2H. The boundaries are considered to be
rigid. The elastic solution to this problem is obtained by superimposing the solutions to the
following two problems:

(a). An array of same dislocations lies in an infinite elastic body; and
(b). A dislocation-free strip of thickness 2H, with prescribed displacements along both upper and
lower boundaries. The displacements are chosen to cancel that calculated from Problem a.

Problem a
The solution to this problem is given by the Muskhelishvili potentials
6(z) = Aln(Sinz), Q(z) = Aln(Sinz) (A1)

where
A= HOy b))

Z = X +1y,
y an(l-v)

The stresses and displacements are given by
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0, +0, =2[4' @)+ ()] (A2)
Oy — 0, +2i0,, =2[(Z-2)¢" () + Q' (2) - ¢ (2] (A3)
and
2u(u, +1,) = 3-4V)(2)+ (E - 200 () - Q) (Ad)

The displacement along y=d and y=-c are periodic functions and thus can be expressed in term of

Fourier Sine and Cosine series.

Problem b
Consider a dislocation-free strip with prescribed displacements along boundaries as shown in

Figure Alc. Following Fleck er al (1991), we introduce two real potentials U(x,y) and X(x,y)

satisfying
2

ViU(x,y) =0, V2X(x,y) =0, 9—;(,‘-(31;-’2 = %VZU(x,y) (AS)

The stresses and displacements can be derived from

3*U o’U o*U
Oy = 3}72"- Gy = SXT’ Oxy = —axay (A6)
aU oX oU oX

2pu, = -_8:+4(1-v)_a}-' 2y, = -3-;“*'4(1-\')-3—; (AT)

The general procedure is to represent U(x,y), X(x,y) as Fourier series in x. Solutions of
these two potentials can be derived by canceling the displacements ux and uy along boundaries y=a
and y=-c obtained from (A4). The details of solution procedure are omitted here. Helpful hints
can be found in Fleck et al (1991).
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——» Crack propagation direction
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Macrocrack Microcracks
Fig. la. A schematic of the fracture process.

Rigid Substrate AV
v L> u

Fig. 1b. An array of curved tensile microcracks in the adhesive layer.
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Fig. 3. Normalized Gps for various crack density parameter H/b.

(a) For zero average normal traction constraint.
(b) For zero normal displacement constraint.
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Fig. 5a.

A set of tunneling cracks with spacing 2b in the adhesive layer.

2H

Fig. 5b.

o [ b o]

A new set of tunneling cracks bisecting a pre-existing set of fully tunneled cracks.
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Normalized G ss as a function of a/b for various H/b (cf. Fig. 5b).
(a) For zero average normal traction constraint.

(b) For zero normal displacement constraint.
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Normalized u as a function of a/b with Gss identified as Iy
(a) For zero average normal traction constraint
(b) For zero normal displacement constraint.
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(b)

X Prescribed displacements along y=-c

Fig. Al. Stress distribution solution by a superposition scheme.
(a) An array of dislocations in an elastic strip.
(b) An array of dislocations in an infinite elastic body.
(c) A dislocation-free strip with prescribed displacements along edges.
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Abstract-- Solutions are obtamed Yor 1wo elasue plane strain problems relesvant to the cracking ol
a thin him bonded 1o a dissimnler senmu-ntinge substrate material The first problem s that of «
crack n the Bim onented porpendicuiar o the fihm substrate intertace with the crach up touchig
the mitertace The second problem s that of aerack of the same geometry bot with fengih fess thae
the nim thiichness. so that the crach up s wathin the fihm These prabivms are used To modei severat
modes of crach extensien m thi Blms bonded o thick substrate materiaby Compicte resuits
from the solution of cach problem are given over the full range of practcal ¢laste mivmuatches
[rimensionioss guantiies uportant i desenbmg the cracking of thin films are mtroduced and
avcurate approvmate formulas based on the solution results are given for then Apphications are
discussed. icluding erteria for inordimy thin Glm erach extension and o formule tor the curvature
change imduced by the craching of a thin film bonded to o substrate ol fimste thickness: The solution
results, approvimate formulas and itormation on ther application provide the detais necessan
lor the anabysiy of practical thin filmy cracking probiems

I INTRODUCTION

The two problems solved here are shown in Fig. 1. Both of the elastic plane strain problems
studied concern a single crack in an isotropic film (material 1t of thickness i, which is
bonded to a semi-infinile isotropic substrate (material 2). In the fully cracked film problem
(Fig. 1a). the crack is oriented perpendicular to the film substrate interface and has length
/1 so that its tip touches the interface. The parually cracked film problem illustrated in Fig.
1b models a crack of identical geometry. but with length 4. so that the crack tp s within
the film (i.e. ¢ < A). In both the fully cracked and partally cracked ftlm problems. the crack
faces are subject to uniform pressure loading. . which from a fracture mechanics standpoint
1s equivalent to a traction-free crack 1n a film supporting a uniform tensile stress ¢ prior to
introduction of the crack. The tensile stress ¢ can be a residual stress in the film. such as a
residual thermal stress, or an applied stress. Fracture mechanics quantities obtained from
the solution of these two problems are used here to predict the cracking behavior of thin
films bonded to thick substrate materials.

The work of Gecit (1979), Lu and Erdogan (1983a.b), Civilek (1985) and Suo and
Hutchinson (1989. 1990). which represents only a portion of that done in the field, has
served as the basis for obtaining the two problem solutions cutlined in this study. Gecit
{1979) outlines solution procedures for problems that include the two analysed in the
current study. and presents solution results for some representative material combinations.
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Luand Erdogan closd by go further by prosenting the theoey and resufts tor thie solution
of numerots probicms of cracks o bunaterial stnp Avan the work of Geat 11979 thar
emphasisis placed onouthinimy the solison method and presentmg resuhis torselect matenial
combinations, In more recent work, Civdek closs provides the general sotution procedure
1o the probicm of one or more crachs i a imtte stnp ot g siede matenial The solubion and
analyvsis of the problems of cracks Bomye on de mterface and i tie substrate of o binatenial
strip are detaled by Suo and Hutchimson cbosy Toum The dislocation formulation and
sofution procedure apphed 1o sobve e bimaterial problems m thus study closely Tollow
those tsed by Craleh o198 5 and Sue and Hutchimson 11986 Tovor Toavond worepeuiion
of these carhier formulatons, ol
provided in the Appendin.
Because there eatsts work i the herature oflerimg specid solutions wo problems similar
to those i tns study. the nuan emphasis here s placed on appheaiion of the solution
procedures to fully map out the dependence of the artcal fracture mechumos gquantities

o e outhne o he soluvon methods used here s

controlling thin fikm cracking behavior on the properues of the Him substrate wostem bo
the most parl. numerical reselts existing i the bterature are hmted to g tew speaial cases
fe.o. spectiv elustic mismatchesr Rosubts whneh are suthaently complete and general 1o be
usclub in appheations are noi avaitubie. To address the current need for such resulis. this
paper presents solutions to the problems dlustrated e Freo B oover the entire range ol
practicat clastic mismatches, Fracture mechamces guaimtiues extracted from the solutions
arc used 1o modcel not onhy 2-D m-plane craching bat also 3-D channelling of 4 crack acre
the film surfuace ook ahead o Frg. 31 Resubis tor the fully crached titm problem are plotted
and tabulated as a functuon of the material nusmateh parameters. A simpie approumalte
formuli s introduced for the partialhy cracked film problem to make its results more usable.
In Section 4, details are given concerning how the results from Secuons 2 and 3 can be
applied. first. 1o predict general film crucking behavior and. second. 1o speafically address
the influence of cracking on the use of curvature methods for determiming the residual stress
in thin bonded films.

A substantal simplitication in expressing the matenal dependence of both problems
outlined in this study comes from the work of Dundurs (1969). His work shows that for
amy problem of g compostte body made of wo psotropic. clistic matenals with prescribed
tractions. the material dependence of the problem is reduced from three dimensionless
parameters to the two "Dundurs parameten™ z and f. For plane stram problems x and f§
are given by

- E- L= 2v == 2vy)
k=l R m

¥y = . = — .
- el — v+ 2l =)

-

(el
oy Ty

1

where £ = E (1 —v7) is the material plane strain tensile modulus and p is the materia! shear
modulus. For material 1 having the same properties as material 2.y = [ = 0. For dissumilar
materials. switching the 1-2 designation of the materials changes the sign of both > and i I
is clear from (11 that 7 can vary from — 1 o ~ 1, [n addition. the physically admissible range
of f# with respect to 7 can be obtained by restricting p to be posttive and requinng 0 € v <
(Dundurs. 1969). This results in the restniction that v =344 < 1. Furthermore. the com-
pitation by Sugu er of (1988 indicates that for most practical matenial combiations, values
of ftvpicalls hie between fi = band /= v 3 Although the fi parameter con have sigmibicant
influence. for mast problems studied the role of 7 (s morc important than that of fi. Because
of this. the material dependence of the results presented i this paper s piven m terms of
7. with fi= 0 and f/ = v 4. For problems where a significant [ dependence s evident,
mierpolation to the correct value of fi between the practical s of (i = Oand fi = v 416
possible.

2PULLY CRACKED FILN PROBLEM

Problen descriprion and analvan
For the fully cracked film problem. with sis crack tup at the itertace (Frg lai. the
tractions just ghead of the crack up are ol the form
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Table |- Crack up singulary exponent. s, as a funcionof x{for fi = Gund fi = x 4
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where (', is nondimensional and a function of x and fi only. The stress singularity exponent,
s.is a function of 2 and f§ and satisfies the following equation derived by Zak and Williams
(1963}

a—p .oa—f
e (1 =) A i = kY
cos (sT) ~l_ﬁ(l s) + 125 0. (3)

where a value of s = 1 2 results for the case of identica) film and substrate matenials. Values
of s as a function of x for § = 0 and f = %,/4 are given in Table | and plotted in Fig. 2. For
the geometry iliustrated in Fig. la. the mode [ stress intensity factor is defined in this study
as

Ki= lim [(~22r)'0,,(0. ). 4

where K, clearly has dimensions stress - (length)'. In the case of no elastic mismatch. this
generalized stress intensity factor simplifies to the conventional fracture mechanics definition
for K, with units stress - (length)’ °.

The fuily cracked film solution obtained in this studv is used to analyse thin film
cracking problems by introducing the following dimensionless quantities:

Stress Singularity Exponent s

0 IS S SR RS TR S S N W S SUN N NN N S T
-1 -5 0 5 1
[+

Fig. 2. Plot of crack tip singulanity exponent. s.vsafor ff=Oand f = 2 4
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The first quantity. fix. f5). 15 & nondimensionalized stress intensity fuctor. For a tilm sub-
strate combination having no elasuc mismatch. 40,0y = 11213, the value for an edge
crack in a homogeneous half-planc (Tadu er el 1985). The third quantitz. 0% i1 15 a
nondimensionalized crack opening displacement evaluated ar the top edge of the crack
(v = /. For no clastic mismatch, 6*(0.0y = 3816 (Tadu ¢1 /.. 1985) The opemng dis
placement of the crack faces at v = /1 is 4 commonly meuasured experimental quantity
Values of o* are extracted from the analyvsis and presented here to allow correlation of the
analysis with experiments.

The second quantity given in (3) is g nondimensionalized integral of the crack opening
displacement. For the case of no elastic mismatch, ¢(0.0) = (1.1215)°, This result can be
obtained by noting that AE. the change in elastic energy per unit depth in the film substrate
svstem due to the introduction of the crack. must be given by

.
i

a i,
AE = _ | otr)dy. (6)
Moreover. AE must satisfy the relation
.
AE = [ % da. (7)
[t}

where % is the mode | energy release rate, which equals K7 £ for the case of no elastic
mismatch. Substituting K; = 1.12150, - ne into (7). equating with (6). and using the defi-
nition of g(x, B) in (5) gives g(0.0) = (1.1215)".

The dimensionless quantity g is introducsd because of its relation to two physically
significant quantities. In the section on applications, it is shown that g(x. f§) can be related
to the change in curvature of a film/substrate wafer due to the introduction of a film crack.
The quantity to be discussed here is the steady-state energy release rate, %,,, of the 3-D crack
as it channels across the film (Fig. 3). This mode of crack extension is described in detail
by Hutchinson and Suo (1990). As the crack channels across the film, the crack front
assumes a curved shape so that the energy release rate, 4. is the same at all points along it.

- ~’CRACK FRONT

Fig. 3. Steady-state crack channeliing across the film for the fully cracked film problem
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For short channel lengths. the crick front shape and % change as the crack extends, However.
for sufficientls long channelling cracks. a steady state is achieved so that the cruch front
shape ind 4 remain constant. For such channelling cracks the steady-state energy refease
rate along the crack front. 4. can be obtained without having to resort 1o a 3-D analysis
and without living to account for cruck front shape. Very recent work by Nubhamura and
Kamath (1991} indicates that steady-state conditions are quickly achicved by channelbng
cracks. They present a tull 3-D unalvsis of crack channelling for the speciad case ot o tim
bonded to @ ngid substrate (he. x = — 1) Their resubts show that in this imisting case
steady -state condittons are achieved by chunnelling cracks hining lengths ibout twiee the
film thaichness.

For the steady -stute condition. the total work release per unitlength ol erach propagation
can be arrived at by subtracting the energy stored in a umit shice fur hehind the cruch from
from that of & unit shice far ahead of the cruck front. This total work release per anst crack
propagation 1s simph the quanuty A£ given in (6). The quantty AL must therefore equal
the energy release rate of the channelling crack. 4. Using the definion of gz /i
135, vields the followng formula for the mode | steady-state energy release rate due o
channelling :

Ve

4, = v gt fi. (N}

Numerical resudis

Table 2 gives values of [z f). gtz f) and 3*(x. ) us a funcuen of ¥ for the fully
cracked film probiem. These values are also plotted in Figs 4. 3 and 6. As detailed 1n the
Introduction. % can vary from — 1 to + I and in this paper ff is restricted to the pracuca]
limits of f = 0 and f# = 7 4. The definition of x given in (1} and the designation of the film
as material 1 means that for a film that is stiff relative to the substrate. x is positive und for
a comphant film 215 negative,

The results plotted in Fig. 4 show that /(2. f} decreases as film stiffiness mncreises.
Values for fare approximately independent of f§ for positive x values (suff film). There 1s
a relatively strong ff dependence for the negative x values. however. The sesults plotied in
Fig. 5 show that g(z. ) (and thus the likelihood for channelling to occur) increascs as film
stiffness increases. The dependence of ¢ on f§ is weak over the full range of x. In Fig. 6. the
plot of 6*(x. f§) as a function of % shows that é* exhibits characteristics that are essentially
identical to those of g. Values for §* increase with the relative stiffness of the film and 6*
shows little dependence on f§ within the practical limits of § = 0 and § = x-4.

3. PARTIALLY CRACKED FILM PROBLEM

Prohblem descriprion and anulysis

Because the crack tip is fully within the film. the partially cracked film problem exhibits
the r' - stress singularity associated with classical fracture mechanics problems. Thus. the
clussical definition of stress intensity factor is used. with

K= hm [ -2rve,,(0.1)] 9

Ve dh

For the partially cracked film problem. the following 1two dimensionless quantities anal-
ogous o fand ¢ for the fully cracked film problem are defined

R . N [ of vidy
. a Ju

- . r( . )= A 10
atzin' - ’ \1 f Iy & . am
T:L— i

F(‘z‘/{.‘,:)

Comparison with (3 shows that as ¢ /i approaches 1. G (. fi. « ti must approach gtx. fi1
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Fig. 4. Plotof fta. ) vs a for f§ = 0 and f§ = x 4 for the fully cracked film problem.

1663

however, due to the different stress singularities, F(a. fi, a/h) does not in general approach
f(=.B). In the absence of elastic mismatch, F(0.0,a/h) = 1.1215,, a’h and G(0.0.ath) =
(1.1215)*(a:h).

For a parually cracked film, two modes of crack exiension are possible. The 2-D plane
strain crack can extend toward the interface and the 3-D crack can channel across the film.
For the channeiling crack, a steady-state argument analogous to that made for the fully
cracked problem gives that the total work release per unit crack extension must equal AE,

where

glap)

10 1 T 1 1 ] T L) L) 1 I ¥

Fig. 5. Plotof g(2. ) vs 2 for f# = G and fi = x4 for the fully cracked film prablem.
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Fig. 6 Plot of #*(z.f§) vs xfor § = U and § = 2.4 for the fully crucked titm problem.
a &
AE = 3 o(¥)dy, (th
<Jo

and now the extending crack front has a length a instead of . The steady-state energy
release rate of the channelling crack is thus given by 4, = AE/a. Using the definition of
G (x. B. a/h) yields the following equation for % :

1 6%h a
= - = -1 2
4, 5 ‘nG<at,ﬂ.h> (12)

It is shown in the next section on numerical results that an existing flaw part-way through
a film that is compliant with respect to the substrate will not propagate all the way to the
film/substrate interface. In such cases. the 2-D plane strain crack will grow 1o a length. a.
whicu is less than the film thickness. 4, and (12) can be applied 1o predict whether 3-D
channelling will occur.

Numerical results

Figures 7 and 8 provide plots of F(a. . a’h) as a function of a/h for select values of x
and for ff = 0 (Fig. 7) and f§ = x/4 (Fig. 8). Although it is not obvious 10 the eve. there can.
in general, be a fi-dependence in the results which is significant. The trends in A (and thus
F) as a function of u:/ have been explored previously in the literature by Gecit (1979) and
Lu and Erdogan (1983b). Regardless of the values of x and f. F(x. f. a-h) approaches the
homogeneous half plane value of 1.1215. «'h as a-h approaches zero. For films that are
comphiant with respect to the substrate, a maximum in F(x, f.¢/h) occurs within0 < a h < |
and fF approaches zero as a/h approaches 1. Thus, given a flaw of a certain size in & compliant
film. once the critical stress intensity factor is reached. the crack will grow toward the
interface until K, = o(nh)' “F becomes less than K. at a value of ¢ / close to. but less than,
1. In principle. then. an existing flaw in a film that 1s comphant with respect to the substrate
will never propagate alt the way to the interface. For films that are stff relative 10 the
substrate, F approaches infinity as a/h approaches 1. As a result. for a given fluw size in a
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Fig. 7. Plot of F(a, B.a:h) vs arh {partially cracked film problem) for § = 0.

suff film, once K is reached the crack will propagate all the way to the interface. resulting

in the fully cracked film problem.

Figures 9 and 10 offer plots of G(x, f,a/h) analogous to the plots of Fin Figs 7 and
8. The values for G generally exhibit a weaker B-dependence than the F values. As a/h
approaches zero. G(x,fl,a/h) approaches the homogeneous half plane value of
{1.1215)7(a’h) for all values of x and 8. The plots show that compliant films exhibit a
shallow maximum in G near a/h = 1. For stff films. the maximum in G is at a/h = 1.

5 T LN I St BN S IR S SN B I SN BRI
p- B: a/4 ‘/' -t
- ‘ -4
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b —— a= +80 , p
b ——a= 00 P e
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— Jp— - a= -99 e +—
z L Iz
< o 7
wQ, L
3z i . / i
>4 21— L7 // _
[ ’,""' // ‘l
1+ —
= - TR TT ST T I I e -1
L B ‘;:/ e S WX ST _-__»___—:._:\~\<
L -
0 o PO SN TR NS WA U NS NS SR S SN S Y
0 2 8 8 1
a/h

Fig. 8. Plot of F(a.f.arh) vs a:h (partially cracked film problem) for § = 2:4.
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Fig. 9. Plot of Gx. B.a ) vs a'h (pastially cracked film problem) for f = 0

Regardless of the stiffness of the film relative to the substrate. G (a. . a’h) approaches g(z. f§)
as a-h approaches 1.

For a given compliant film/stiff substrate combination, the maximum values of F and
G are of particular interest as design parameters. If K, for the film is greater than K,
calculated from F,,,. then no extension of the 2-D plane strain crack toward the interface
is possible, irrespective of the initial flaw length. Similarly. :if £, for the film is greater than
% mav, Calculated from G,.,. then no channelling can occur. Approximate formulas for F

G{a.f.a/h)

a/h
Fig 10, Plot of G (2, fi.a'h) vs a b (parually cracked film problem) for ff = /4
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and G are given in the nest section. An important relation exists. however, couphng F and
( at the location where G s a masimum.

Using the fuct that v = AE ¢ for the partially cracked film problem. and using 4
relation analogous to that given for the tully cracked problem in (7). vields the following
relation for ¢ :

-~

l i
6. = | 4. da (13)

o

where the notation %,.. has been used in place of ¢ 1o emphasize that it 1s the energy release
rate of the 2-D planc strain crack. Taking the denvative of {13} with respect to a gives

M. P i ‘
sl — | g da= (%=, (14)
u

¥

du d a o

v

Thus. d.. da = 0 for 4 equal 10 4. which defines a condition for the location of the
maximum of % _ for the compliant film problem. Setting 4. equal to %, and using the
relation between 4. and Gix. fi.x /1) in (12). the relation between K, and F(x. f.a’h} in
(1. and the fact thut 4. = Ki E,. gives that F* = G2 at the value of a where 4, is a
maximum. Thus at the value of @ # where F° = G 2. it must be true that G(a. B.ash) is
maximized.

Figure t1 gives a typical plot of normalized values of ¥ calculated from K; for the
plane strain cracking problem and normatlized values of 4, for the channelling crack, both
versus a h. The figure delineates the role of the normalized film toughness, £,%,.joh, on
the likelihood for each type of film crack extension. Whether each type of cracking will
actually occur is. in general. dependent on the length of initial flaws in the film. However,
if £,%,.0°h for the film is above the maximum of the normalized ¥, curve, no crack
extension of either kind can occur for any initial flaw size. For a value of £,%,./o°k for the
film between the maximum of the 4, curve and the maximum of the 4, curve (located where
the curves intersect and F~ = G 2). extension of a plane strain crack toward the interface
can occur, but channelling cannot. If the normalized %, of the film is below the maximum

2’5 i T T T {( H ¥ T ] T ¥ T } J L T l il L) ¥ -‘
- E S man a=-80 8= a/4 .
2 c*h
/ No Cracking e
-------------------------------------------- e {
- - : -
r_ - ffvp, 7 ¢ =
16— —— %, Plane Strain Cracking ; .
- No Channelling : -
= = ' \
~ C T : -
RN ; y
s | .
TN -
= S aman } / =
I oh Plane Strain Cracking . CT
i _~  and Channelling . v
ST / : ]
»—/ : .
o ki 1 ] | ) | 1 I N YUY SO U S S ] t 4 I
0 2 4 6 (i) 8 (1) 1
a/h B /Fmax B /G ras
Fip 11 Plotol regions of plane siramn cracking and steady-state channelling vs « /i for x = ~0.80.
fi=24
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Criterion v armnved at by the following argument Firsto the stress miensiny factor tor the
tully cracked film problem i of the form A7« 6/, Second. the stress miensity factor tor
the partialiy cracked film problem must be of the form K, v atlenethy - For the cise of
the crack tp approaching the interface. with (- @) = Aoan assmptatic problem for AL can
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Tollowing tormula
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Fig. 12. Plot of approximate formula fitung parameter 2 vs afor f=0and fi =2 4

a 2h . V427420 (1+4:43.0b
2= - 7 -l -2 -
G(z./}. ) a(l.l-lS) b ( 33, 37,

(24+327)p° T\ oeh
* a5y T '5":2:‘)]“ | . (18)

Figure 12 provides a plot of 2 vs z for the two cases of f = 0 and / = 2'4. Numerical
values are provided in Table 3. For the convenience of the reader. analogous data for s is
provided in Table | and plotted in Fig. 2. These plots and tables can be used in conjunction
with {15) and (18) to obtain approximate values of F and G for the partiafly cracked film
problem. As indicated in Fig. 12. / is typically small in magnitude and equal to zero for
the case of identical film and substrate materials. Reasonable estimates can. in fact, be
obtained for Fand G by simply taking 2 = 0.

Figures 13 and 14 provide comparisons of the approximate formulas for Fand G with
fully accurate numerical values which were plotied in Figs 8 and 10. In the figures, data
points are from the solution and lines are generated from the approximate formulas for £
and G. The plots clearly show that the approximate formulae are very accurate for the
compliant film cases. For example. the maximum error in the formula for £ for the case of
a= 099 = —02475 (the bottom line in Fig. 13) is less than 2 percent. The formulae
can thus serve as powerful. simple representations of the dependence of F and G on x. f.
and a /i for comphiant film problems. The formulae for F and G show some disagreement
with the solution results for problems where the film is much stiffer than the substrate,
however. Although the approximate formula for F gives good agreement with the actual

Table 3. Fitting parameter. ».. as a functionof afor f =0and i = 2.4

2 ~0.99 —0.80 —0.60 =0.40 -0.20 0.0
fi=0 ~0.1399  —0.1103 -00790 00488 —0.0215 0.0
f=a24 ~0.0894 ~00678¢ -0.0627 ~00437 00224 0.0
2 020 0.40 0.60 0.80 0.99

fi=0 0.0125 00119 —0.0049 —~00383 —0.0638

B =ai4 00215 0.0389 0.0465 0.0335  -0.0257

SAS 29:13-¥
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Fig 13 Comparison of approximate formula for F and numenical solution data for fi = 2 4

values of F near ¢'h =0 and a/h=1. the approximation underestimates £ ncar
0.40 < a )1 € 0.80. Values of G are thus underestimated for a'h 2 0.40. Care should thus
be taken in using the formulas for F and G for stiff problems within these ranges of ¢ /.

4. APPLICATIONS OF THE RESULTS

Predicting thin film cracking behavior
The resulis for the partially cracked film problem show that a flaw of a given size in 4
film under residual tension will begin to propagate toward the interface when the stress

25
LA l T T T ’_]' T T T ] T v X T Tt 1' T ]
B= a/4 4
2 d —
—s = +.80 ~
— = 00 p
—— a= ~.80 % ~
1.5 -~s-- = ~.99 S 4
]

C{a,f.a/h)

1!11(!7‘T’111V!f17‘}'r|‘r¥

a/h

Fig. 14 Compunison of approximate formula for G and numencal soluton data for i = 2 4
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intensity factor. K. calculated from F(a. f.a k) is greater than the K, of the film. When
this happens. the crack may or may not propagate all the way to the interface depending
on whether the fitm is stift or compliant with respect to the substrate. At the sume ume, for
a given crack length there is a corresponding value of G o, fi.a by ar guz. By thut related
to the energy release rate of a steady-state crack channelling across the film. 4. When %
is greater than the %, of the film. crack channelling across the film will oceur.

Hutchinson and Suo (19901 explore in detail these matters and others refated to the
cracking of thin films in tension. Figure 15 gives an Mlustration of bow the resulis and
approximate formulas presented in this study can be applied by a designer to determine
what tvpe of crucking can or cannot occur for a given film substrate combinauion. film
thickness. /1. and stress 0. Normalized values of % and % are plotted m Fig. 13 asa
function of 2. with f§ = x 4. for comparison with normalized values of %, . An mmual flaw
size of w i = 0.80 was used to calculate the plane strain energy release rate values. For suff
film cases. as long as iniual flaws are smaller than 0.80/. the ploued ¢ values represent
upper bounds to the actual values. For compliant film cases. because the maximum of 4
typically occurs near ¢ i = G.K0 (see Fig. 11). use of an initial fluw size of ¢ i = 0.80 10
calculate 4. values roughlv corresponds to the most severe flaw possible. Similarly. gtx. /)
for the fully cracked film problem was used 1o calculate the energy release rates for steady-
state channelling. For a stiff film. the maximum value of % occurs ata i = 1. As tllustrated
in Fig. 11. for 2 comphant film the maximum in % occurs very near @ i = 1. Because
compliant film %, curves are very flat in the region near g 4 = 1, use of g(x. fi} to calculate
4. vields a value that is very close to the maximum. In Fig. 15. for a value of normalhized
film toughness. E,%, A, which is above both curves. no crack extension can occur. For
normalized toughnesses in the region between the curves. only plane strain crack exlension
toward the interface can occur. In the region below both curves. both plane strain extension
and steady-state crack channelling can occur.

Curvarure change due 1o cracking of a thin honded film

The quantity g(x. ) for the fully cracked film problem is used here to calculate the
change in curvature of a film 'substrate wafer when cracking occurs in the film. The change
in angular rotation of the wafer ends due to the introduction of 2 single plane strain crack
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Fig. 15 Regions of plane strain cracking and steady-state channcling vs 2 for ff = 2 4
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Fig 16 Reaprocal theorem analvsis used to cafculate the angular rotaton of the thn substrate
wafer ends due 1o crackhing i the fiim

of length /1 can be determined using the Reciprocal Thearem analvsis Hlustrated in Fig. 16,
The probiem to be solved is that of a traction-free crack 1 a film supporung a tenstie siress
g(v) prior to introduction of the crack. The equivalent fracture mechanics problem is that
of a cracked wafer with pressure a( ) appiied 10 the crack faces (Fig. 16a2). The unknown
quantity to be solved for is Af. The auxiliary problem. illustrated in Fig. 16b. 15 the same
cracked wafer subject to a unit bending moment per umt depth. 1. with crack opening
displacements. d¢1). Reciprocity requires that

Illj)A(’nlx - {. a(",,‘lu(\'(],)tlx dAl- (19)

o

If the film is thin with respect 1o the substrate (/1 «< H). the following assumpuions are vadid.

{1) The stress in the film. ¢. is uniform. Thus 4 for problem 1 is 1 -independent.
(2) For probiem 2. the stress in the film prier to introduction of the crack is

. 6ME
g = - _I . (:(”
H - E:
{3) Forprobiem 2. d(r}iscqual to the crack opening displacement for i film supporung
a stress ¢' > and attached to an infinitely deep substrate (10 lowest order m s M),

For the second assumption to be true. the film must not contribute signiticanthy to the
bending stifiness of the film substrate wafer (£,h E.H <« 1), Substituting the above into
£19) and using the definition of g(z. /) results in the following formula for Al the change
in angular rotation of the film substrate ends due 10 the formation of a single crack :

A =6 G(h‘): i 2
= 7:L=: H glx. phy. (21)

This formula can also be used to estimate the change of curvature of the film substrate
wafer due to the formation of muluple cracks. as long as the cracks are far enough apart
to neglect interaction, Related calculations by Thouless (1990) which neglect elastic mismatch
suggest that interaction only becomes significant when the crack spacing is fess than § lm
thicknesses. If s, is designated as the average spacing between cracks in the film. then the
change in curvature, Ax. of the wafer due to the formauon of muluple crucks ts given by
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Ax = 67 ”-(',7\): (. ) (22)
w=orp o ly ata. f). 22

The formulae given in (21) and (22) have been derived assuming that an existing Haw
or fluss i the film will propagate all the way to the film substrate interfuce. even though
in theory this can only happen in a film whichis stiff with respect to the substrate. However,
the results for Fix. fi.a 0y for the partally cracked film show that cracks in films which are
compliant with respect to the substrate will umiost extend 10 meet the interface. This fact
and the fact that the plots of Gx. e Iy Tor comphant Alms are very flat near a /i = |
mdicate that no significant error is introduced by assuming all crucks in the filnt extend to
the interfuce. The relation in (22) has been derived with 4 specific application in mind. An
established experimental technigue for estimating residual stresses in bonded thin films
im olves measuring the resulting change in curvature in the substrate due to application of
the film. A concise description of the method. which assumes that no film cracking has
occurred. is given by Nix (1989). Unfortunately. in mam cases the thin bonded film does
crack due to the residual stress. In such cases, (22) can be used 1o estimate the effect of film
craching on the measured curvature change. No other method of accounting for film
cracking is currenthy available to experimenters using the curvature method to measure
residual stress in thim films bonded dissimilar elastic substrates. In recent work, however,
Thouless ¢7 af. (1991) have developed. on conjunction with the analysis presented here.
relations for the curvature change for interacting cracks (i.e. spacing less than & film
thicknesses) for the case of no elastic mismatch.

S CONCLUSIONS

Solutions have been obtained for two elastic fracture mechanics problems that have
been used to characterize the cracking of thin films bonded to thick substrate materials. A
dimensionless plane strain stress intensity factor and a dimensionless integral of the crack
opening displacement have been extracted from both solutions. The integral of the crack
opening displacement has been related to the steady-state energy release rate for crack
channelling across the film for botk problems studied. To facilitate comparison of the
analysis with experiments. a dimensionless crack opening displacement evaluated at the top
of the crack has been extracted from the solution for the fully cracked film problem. Solution
results have been presented for both problems and. for the partially cracked film problem.
approximate formulae have been given for the dimensionless quantities as a function of the
normalized crack length. The approximate formulae are most accurate when the film is
compliant with respect to the substrate. Applications of the resuits and approximate formulae
have been detailed. These include the roles of the nondimensional parameters in predicting
the cracking of thin films. In addition. the integral of the crack opening displacement for
the fully cracked film problem has been related to the change in curvature in a filmsubstrate
wafer due to film cracking. The result is a complete set of solution results and approximate
formulae for practical application in understanding the cracking behavior of thin films
adhered to thick substrate materials.
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APPENDIX: PROBLEM SOLUTION

Solution procedier:

Rice (19683 gives a general description of the dislocation formulation used by Civileh t1955) and Suo and
Hutchinson (1989, 1990) and used in this study to solve the tully cracked and partially cracked film problems
Because of the similanty of the solution procedure used here with that detailed in previous work. the foliowing
is only a briefl outhine of the steps involved in sclving the two cracked film problems. Figure |7 sllustrates the
superposition scheme used 10 solve the fully cracked film and partiaily cracked film problems. Figure {7¢ showy
the fundamental problem that must be modetied. that of a semi-infinite bimaterisl with a single edge dislocation
at (x = 0.y = J) with Burgers vector of magmtude b in the postive x directon This problem is constructed by
superimposing the problems of Figs 17a.b. Figure 17a shows an infinie himatenal with a single dislocation mn
material | Jocated at {x = 0. v = {). The stresses in each maternial are a function of the matenal purameters x and
f} and the coordinates x. v and &. Methods of obtaining these stresses via complex variable analyses are outiined
by Suc und Hulchinson 11989, 1990). A real variable analysis can aiso be applied. using methods similar to those
of Civilek (1985). Figure 17b shows a semi-infinite bimaterial with no dislocation. but with tractions apphied along
1ts top houndary . The Fourier transform methed for obtaining the solution for the problem in Fig 17h1s outhined
by Civilek (1983) and Suo and Hutchinson (1989. 1990). If these tractions are set equal 10 the negative of the
tractions along v = h for the problem in Fig. 17a. then the result upon superposition 15 the problem in Fig. [7c.
with a free surface along v = h.

+
]
E4

]

{c)

Fig. 7. Superposition scheme used to solve the cracked film problems
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Onue the problem of a single dislocation in a semtnfinite bimaterial 1s constructed. the crack problem
modeled - a string of dislocations along the crack hine. with 4 continuously vanable Burgers vector magnitude
A2y The crack tuce traction boundary condition for the particular problems at hund wthate (v =0y = -6
where o v a umiform pressure load applied to the crack taces. This loading conbiguration . from o fracture
muechanicy standpoint, egquivalent 1o a tracuon-free crack in a fim supporting 4 uniforn tensile streas & pPrior e
introduction of the crack  The crack face traction boundary condition 1y enforced by integration of the stresses
along v = U with respect Lo the dislocation vanable, 5. The resulung integral equabion Lakes the Jorm

— K ‘h l .
6. 0. )= —g = # ' ;,(__:)[( :]of,(().\.;)*F;«l),\.;)}d; (Al
" [ I

drgl =y

where o, = O for the fully cracked film problem and «,. = (h—a) for the partialy crached tilm problem with crack
enzth o The first term. which s integrated 1n the Cauchy principal value sensc. s from the disiocation soiution
for the problemn Fig, 17a. Fitn 1. 8) and Fox, v ) are known kernel functions extracted from the selutions
of the problems illustrated i Fig 174 and Fig. 17b. respecuvely.

The unknown () 1s soived for by first introducing & change of vanable

2=y,

=2y Al
! th—au) A

where 7 can vars from -1 10 +1 Then btr) 1s expressed as & Chebyshev polynomial series with M unhnown
cocthaents. ¢

N

Ay = - ¥ C T ), (a3

where s is the stress singularity exponent which satisfies (3) for the fully cracked film problem and which equals
I 2 for the partially crack: ¥ film problem. The T,(¢) are the Chebyshev polynomial functions given by

T,{1) = cos {n arccos (1)). (Ad)

An outline of Chebyshev approximati >n methcds and numerical routines for their application are given by Press
ct al. (1986). The N values for the C. a2 solved for by matching the traction boundary condition at A Gauss
Legend.e points along the crack faces. :"or the two problems solved in this study. a vaiue of A& = 10 gives
satisfactory convergence of the results.

Quaniities solved for
Once the solution is obtained for each problem by solving for the unknown &(3). the fracture mechanics
quanuties

'_‘,‘_'_ i Sy =
K =@2m 2(1_\.”}'_'{,‘0”’(5)‘ ) (A5)

and

&(y) =J. b(§)ds (A6}

W

are extracted. where K, is the mode | stress intensity factor and 8(x) is the crack opening displacement.




THE DIRECTIONALITY OF INTERFACIAL CRACKING IN BIMATERIALS

JIAN-SHENG WANG AND GLENN E. BELTZ
Division of Applied Sciences, Harvard University, Cambridge, MA 02138

ABSTRACT

Directionality of interfacial cracking resistance in bicrystals has been predicied by
modified Rice-Thomson model and supported by experimenial results on 29 [110}/(221) Cu
bicrystals in Wang and Anderson's recent work. With the intention of extending this work to the
behavior of interfacial cracks in dissimilar materials, Rice, Suo and Wang predicted that this
directionality also occurs in bimaterials. Reported here are experimental results on Cu/sapphire
specimens. which again support the prediction of the theory. A crack along the interface in &
Cu/sapphire bimaterial is brittle and decohesion of the interface occurs when the crack propagates
in the [114]¢, direction, whereas it is ductile and dislocation blunting operates if the crack is
intended to propagate in the [114],, direction. This finding is significant theoretical'y and is of
helpfu! in understanding interfacial cracking in composites and film spalling in packaging
materials.

INTRODUCTION

It has been well known that the cracking behavior of an interface between crystals depends
strongly on its structure. It has been shown only recently, however, that for the same interface
the cracking behavior depends also on the direction of the crack propagation. An interfacial crack
that propagates in a ductile manner in one direction may undergo cleavage leading to a britile
decohesion in the opposite direction. Thus, the response of a stressed interfacial crack is not
only interface structure dependent, but also growth direction dependent.

Intuitively, the cracking directionality is easy to understand. Any process which involves
dislocation slip of Schmid type is dependent on the orientation of the active slip planes. For most
interfaces, the configuration of the active slip systems at a crack tip is different when the direction
of the crack propagation is reversed, leading to a directional dependence of the cracking
behavior.

The directionality of cracking in bicrystals has been predicted by the Rice-Thomson model
[1] and supported by experimental results on 29 [110}/(221) Cu bicrystals in Wang and
Anderson’s recent work [2]. With the intention of extending this work to the behavior of
interfacial cracks in dissimilar materials, Rice, Suo and Wang predicted that cracking
directionality occurs also in bimaterials [3].

In the spirit of testing the idea that the competition between dislocation emission and
cleavage decohesion controls the ductile versus brittle behavior of a metal/ceramic interface and
that the cracking response is direction dependent, fracture behaviors of interfaces in bimaterials
were investigated. Reported here are experimental results on Cu/sapphire specimens.

EXPERIMENTAL PROCEDURE AND RESULTS

Single crystals of copper used in the experiments were grown by a vertical Bridgman
technique in an atmosphere of flowing argon gas. Rectangular pieces of 47.6x4.8x2.5 mm were
cut via spark-cutting. After mechanically and chemically polishing and cleaning the (221) surface
of the Cu single crystal was bonded to the basal plane of a commercially-obtained sapphire slide
(1 mm thick) by diffusion bonding. The diffusion bonding was carried out in an atmosphere of
flowing forming gas (a gas mixture of 20% hydrogen + 80% argon) at 1313 K for 72 hours
under arigid graphite support clamp to maintain a compressive force during bonding. After

Mat. Res. Soc. Symp. Proc. Vol. 238. 1992 Materials Research Society
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Fig. 1. The diffusionally bonded interface of 2 Cu/sapphire specimen viewed through the
sapphire laver. Pores are seen, indicating small unbonded spots.
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Fig.2. The geometry of the specimen and a schematic presentation of the slip plane
configurations at the crack tips of the opposite directions.

bonding the specimen was cyclically annealed to reduce the interfacial stress and remove small
grains which sometimes appeared near the interface during bonding. Observations through the
optically transparent sapphire layer showed that the quality of the bonding was adequate: the
interface was free of any potential reaction products and only a few pores were observed,
indicating small unbonded spots (Fig. 1).

A pre-notch was created at the midpoint of the sapphire layer and then the specimen was
subjected to a bend load so that an inital crack was produced and run to the Cu/sapphire
interface, along which it branched a small amount in both directions, i. e. the [114]¢, and
i1 14qu directions. The geometry of the specimen and the slip plane configurations at the crack
fronts of the opposite directions are shown schematically in Fig. 2. The pre-cracked specimen
was loaded under four-point bending with a screw-driven Instron mechanical testing machine
until a nonlinear load versus deflection relation was noted. and then it was unloaded and reloaded
several times o ¢nable stable crack propagation. Debonding of the interfuce at the crack tip,
whenever it occurred in either direction, was observed by an optical microscope through the
sapphire layer. The energy release rate for debonding, G, was obtained from the load-deflection
curve {3]. Shp traces, which indicate dislocation slip on active slip systems in the Cu single
cryvstal, were observed on the polished (110) side surface of the crysial with SEM or opucal
microscopy.

Five identical specimens were tested in the same procedure. The average value of G was
measured 10 be 5.5+0.5 J/m>. Observations showed that in all specimens tested the interfacial
cruck propagated stably in the [114]¢, direction causing significant interfacial debonding:
whereas in the [114]¢, direction plastic deformation occurred. causing crack tip blunting. An
example which demonstrates this kind of asymmetrical cracking behavior 1s shown in Fig. 3. In
one particular case the directional effect was profound: in the [114]¢, direction the crack
propagated unstably all the way to the end of the specimen causing half of the sapphire luyer o
detach entirely from the specimen; whereas in the {[14]c, direction the crack propagated onJv '
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Fig. 3. The side view of a Cu/sapp'nire specimen after mechanical testing which shows that
the crack propagated only in the {114] direction and crack tip blunting occurred in
the [ 114)¢, direction.

R oo, S e
3 1"“#_ _"‘;’@— {l]-‘]

Fig. 4. The dark field optical photograph shows the dense slip lines in the vicinity of the
crack which propagated in the {1 14]c, direction.

small amount. Dense slip lines on the polished (110)¢, side surface at the vicinity of the crack
appeared (Fig. 4), indicating a large amount of plastic deformation. It was identified from the
angle of the slip lines that in this case only the (111) slip planes, which make an angle of 125.3°
with the crack plane, were active. In the opposuc direction the slip lines were much less dense,
and again, only the (111) system was active which, in this direction, makes an angle of 54.7°
with the crack plane.

As we will see in the next section of the paper, calculations by the modified Rice-'rhomson
model show that in the [1 14]Cu direction, dislocations are easier to nucieate on (1 in planes; in
contrast, in the |1 14]c,, direction only (1 1 | 11) planes with the inclination angle of 164.2° may be
activated and dislocation nucleation on (111) planes is very difficult. The slip lines observ ed in
this direction is thus not produced by the crack tip emitted dislocations. Rather, they are induced
by internal dislocations. The controlling process for the crack propagation in the 1114](u
direction is indeed interfacial debonding, while in the [1 ]4]Cu direction the controlling process 1s
dislocation slip: a strong directionality of interfacial cracking in the Copper/sapphire interface as
that predicted by the modified Rice-Thomson model. Now, let us turn to the model.

DISCUSSION

The directionality of interfacial cracking might be partly understood in terms of the
competition between dislocation emission from the crack tip and cleavage, a concept quantufied
initially by Rice and Thomson [4] to deal with ductile versus brittle response in cryvstals. An
extended Rice-Thomson mode! was proposed by Rice, Suo and Wang [3] to treat the situation
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involving a straight edge dislocation emanating from the tip of a crack lving on a mewal/ceramic
interfuce. In the model the energy release rate for dislocation emission from the crack up. G, ..
and the energy release rate for debonding of the interface. G pq,. were compared. W Gy, <
G o feqv- dislocation emission was assumed to occur before interfucial decohesion. blunung the up
of the crack: the interface was predicted to be ductile. On the other hand. it G, > G ey then
decohesion was assumed to occur before dislocation emission and the interface was said 10 be
intrinsically brittle. While G, is relatively insensitive to the structure of the interface [2].
G 4i5). being mainly determined by the resolved shear stress on the slip plane. may change
dramatically with the change of the inclination angie of the slip plane with respect to the cruck
plane. This occurs when changing the direction of crack growth in asymmetrical orientation like
in Fig. 2, causing the directionality of interfacial cracking.

There are two levels of approaches in deniving the energy release rate for dislocation
emission from a crack tip: an older approach following [1], which treats the dislocation as an
elastic line singularity in a continuum solid; and a new approach {5], where the dislocation is
reated in the Peierls-Nabarro sense. At present, both approaches can only treat the situation
where the crack front ties in a slip plane. One advantage of the Peierls-tvpe approach is that u
avoids the use of a core cutoff parameter, a necessity in the singular dislocation line approuach und
the vaguest parameter in elastic dislocation theory.

In the extension of the theory to the metal/ceramic interface, both approaches regard the
ceramic side of the interface as an elastic solid, in which no dislocation activity takes place; only
in the metal side is dislocation activity assumed to be possible. With this assumption, a treatment
similar to that for dislocation emission from a crack tp in single crystals may be adopted and the
only modification needed is to introduce a new parameter: the atomic scale local phase angle. .
a measure of the ratio of local mode II to mode 1 conditions on a distance of atomic length scale
from the crack tip, and is defined by

v =y —¢€lin(hib). (1)

Here y is the loading phase angle, depending on the loading conditions and also on the
elastic combination of the bimatenal, £ is the oscillatory index characterizing the oscillatory
stress field near the tip of an interfacial crack, 4 represents a characteristic length scale of the
specimen and b, as usual, is the magnitude of the Burgers vector. Limited by the length of the
paper, we are not going to the details of the model; only the major conclusions are given below.
Readers who are interested in are referred to Rice, Suo and Wang [2] for the singular dislocation
line approach and Rice [5] and Beliz and Rice [6] for the Peierls approach.

Considering joined isotropic solids under in-plane loadings. so that K;;;=0 and the near tip
field is fully characterized by a complex stress intensity factor K, Rice, Suo and Wang |2}
derived the energy release rate needed for a straight edge dislocation emanating from the crack tp
in a metal/ceramic interface as

ub? { cos® + (1-v))sind 1anod
(-v)-@re b gz coshine ) (S B)cos '+ 5 W Bysiny)

D

Gaisi =

Here r. is the dislocation core cutoff in the metal, u, is the shear modulus and v, the
Poisson ratio of the metal, a is the Dundurs parameter which characterizes the elustic
combination of the bimaterial. 8 is the inclination angle of the slip plane with respect to the
crack plane, ¢ is the angle between the Burgers vector and the normal to the crack front.

S,Ig( 6) and :,’,2(9; are the angular functions given in [3], which correspond to traction across the
nterface at =0 of tensile and in-plane shear, respectively. Equation (2) reveals that G, is a
strong function of the inclination angle 8 and the local phase angle .

Unlike the typical situation when the local phase angle is defined bascd on a “laboratory”
length scale, the distinction between yand v/ in this context bccomes important because the
oscillatory stress field can give rise to a significant shift in the ratio of mode 11 1o mode 1 1vpe
conditions when considening atomic-scale distances from the crack tip. For the Cu/sapphire
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specimen shown in Fig. 2 under four-point bending conditions the loading phase angle v is
about -52°, while the local phase angle y is about -79°, indicating a significant mode 11
component of loading. Under these conditions, equation (2) %ives the G4 against 8 as
plotied in Fig. 5. The model predicts that G 4y is about 0.86 J/m- for cracking in the [114]¢,
direction and (111) planes with the inclination angle of 125.3° are potentially active; the (111)
planes with the inclination angle of 54.7° are inactive because an extremely high value of G is
needed for dislocation nucleation on these planes. For the cracking direction of [114]¢,, Gy
is predicted to be 4.9 J/m? and the potentially active slip planes are (111) which inclined at
164.2° the (111) planes, in this case the inclination angle is 15.8°, are inactive. The parameter
G jeav @ measure of the coherenc. of the interface, is assumed to be independent of the cracking
direction. As a reference, a lower bound of 0.475 J/m? might be quoted from a measurement of
the adhesion of the Cu/Al;O5 interface [71. Hence, dislocation emission is favored in the
[114]¢, direction and brittle crack growth should be favored in the {114]¢, direction, a
prediction supported by our expenimental results.
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Fig. 5. The energy release rate for dislocation emission, G g, as a function of the
inclination angle, 6, for the Cu/sapphire specimen under four-point bending
conditions.

As a comparison, we quote here the calculations of the Peierls-approach by Beltz and Rice
(5]. which give G4,=0.505 J/m? for the ductile direction and G 4;=2.76 J/m?2 for the brittle
direction. There is a factor of 6 difference in G for crack growth in the opposite directions
and indeed, dislocation emission is preferred in the [114]¢, direction and decohesion occurs in
the [114]¢, direction as our experimenis showed.

It is interesting to note that the ductile direction in Wang and Anderson’s Cu bicrystals
under tension conditions is the brittle direction in our Cu/sapphire specimens under bending
conditions and vice versa. a result also predicted by Rice et.al {3]. This is attributable entirely 10
the phase angle effect and is discussed in more detail in [8].

CONCLUSIONS

The ductile versus brittle response of a stressed interfacial crack is not only interface
structure dependent. but also direction dependent. An interfaciai crack, which propagates in a
brittle manner in one direction, might be ductile in the opposite direction. The different fracture
behavior of bimaterial interfaces may be understood, at least qualitatively, by comparing the
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crack tip energy release rate for dislocation emission from the crack tip against that for cleavage
decohesion of the interface. The local phase angle exercises a strong influence upon the ductile
versus brittle response of an interfacial crack.
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Abstract The Rice Thomen

mteriade. consistng o«

madel oosed o predict the duectional taughnoss of o vopper sapphure
face of & copper erystal bonded to @ basal sapphire surface. Specimens
of this tvpe are subsequentis dested. in the form of & faversd beam thaving e opposing craching
directions) subrect G tour-peant bending and contrm the theoretical predictions A genersi obsenvanon
15 that the ductiie of britte response of o cruch on g metal ceramic intertace is strongh dependent on the
relain e onentation of avest ohle Shp planes o the ¢ustung crack plane and growth direcuon Thie
conclusior s consiatenl with sarhier resulis by Wang and Andenon on ssmmetnc tlt grasn boundarncs
0 COPRer and caplaims tor eaumpie, why brittle criacking oceurs in the (173 director siong the 221
IMteThace of i tenstic-loaded copper bicrvsial but along the opposite [T14] direction 1 henaing-ioaded
copper sapphite speaimens with mined mode conditions at the crach ups

~~y

a

Résume—-On utitine ic moddéie de Rice et Thomson pour prevoir ta tenaoite directionnelle d'une interface
cunte saphir. formee d'une tace ;2217 &'un cnistat de cunvre liee au plan basal du saphir De< echanttions
de ce tape sont dong testes.als ont la forme d'une poutre consutuee de couches (ayant deux direc.
tions de fissuration opposees) soumise a une flexion sur quatre points et les resultats confirment les
presisions theoniques [Yune manere generale. fa reponse ductile ou fragie d'une fissure sur une interface
metal ceranmgue dépend tortement de Vonentahon relative des plans de ghissement dispon
au pisn de la fissure existante et a sa direction de crossance. Cette conclusion est en accord avec les
precedents resuitats de Wang ¢t Anderson sur les joints de flexion symetriques dans te cuivre et explique,
par exempie. pourquon la fissuration fragile se produit dans la direction {113} te long de Uinterface {221
d'un bicristal de cunvre charge en traction. et dans la direction opposee [114)] dans des echantillons de
cunre saphir charges en flexion avece des condiions de mode nuxte aux extremites des fissures

Zusammenfassung— Mit dem Rice- Thomson-Model! wird dic Zahigkent einer Kupfer-Saphir-Grenzflache,
dre aus einer (221 -Kupferflache und der Saphir-Basisebene besteht. vorausgesagt. Prohen in der Form
cines gesciichteten Balkens. dic zwe: gegenuberhiegende Rifinchtungen aufweisen, werden im Vierpunki-
bregeversuch belastet. die Ergebmisse bestaugen die theoretischen Voraussagen Eine allgemeine Beobach.
tung st dall das dukule oder sprode Verhalien eines Risses an emner Metall Keramik-Grenzflache schr
stark von der relativen Onenuerung der verfugbaren Glensysteme bezugiich der bestehenden Rilebene
und der Aushreitungsrichtung des Risses abhangt Diese Folgerung st mat fritheren Ergebnissen von Wang
und Anderson zu symmetnischen Kippkorngrenzen in Kupfer vertraghch und erkiant zum Beispiel. warum
sprade Risse in der [1T3)-Richtung entiang der | 221:-Grenzflache in einem zugbelasteten Kupfer-Bikristalf
auftreten, aber entlang der entgegengesetzien Richtung [T14] in hiegebelasteten Kupfer-Saphir-Proben
unter Bedingungen emner gemischten Mode an den Rilspitzen

INTRODUCTION

The behaviour of metal cerumic bonds s of great
technological importance. for exarsple. in the held
of electronie device pachasing. and. needluss to sas,
i metal ceramic composites In this paper. exper-
imental resulls from fracture tests of ungle crystals
of copper bunded ona (22 plane to the basat plane
of sapphire are reported At assue here s the ductide
vsobritte response of the mitertacia! crack 1 con-
dittons are avorable tor the nucication and unstable
propagation o g disfocation from ansniortacal crack
up. s brittic Crach propaganon cappressed An early
artempl gt answenng 1oy guestion was dag to Rice
and Thomeon [Hm which the ducuic versus brigtie
respanse ob g maicral v assumed £ be ulimattly

16

controlled by the completion between atomic deco-
hesion and dislocation nucleation ahead of the crack
up. Later versions of this model {2-6] extended the
Rice-Thomson model 10 treat the crack response
along an interface by evaluating the competition in
terms of the parameters G,,,., . the energy rejease rate
for interfacial cleavage. and (,. the energy release
rate assocrated with the emission of a eagle disio-
cation. The compeution 1y shown schematcalhy n
Fig 1l G then the crack 15 said
to propagale 1 a bnttic manner. and the interface
nosad to be ntnnsically  brttle, conversely. f
G = Gieane- then a dislocation moves awiay from the
tip thus blunting and “shielding” the crack up from
further mureases in applied loading. and the interface
i sard toobe ntrinsically ductre The most dramatic

~ (me
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showing the compenion between cleavage decohesion (i
Anid diocdon emission (1

effect related to thiy compeution 1s the directional
dependence of the nterfycial crack response in
symmetne tlt bierystals as predicted by the model
and expenmentally observed {6].

The pnmary purpose of this paper s 1o test the idea
that the competiion between dislocation emission
and cleavage decohesion controls the ductile versus
brittle behaviour of a metal ceramic interface and
that the crack response 15 direction-dependent. simi-
lar in spirit to the efforts of Wang and Anderson [6].
In their work, symmetric tilt bicrystals of copper with
different bismuth segregation levels were tested. The
most dramatic effect relating to the direcuonaluy
occurred in a Z9[110](221) ssxmmetnc tlt copper
bicrystal. i which two specimens were cut and
notched along the grain boundary so that a crack
would run in the opposite directions [114] and {114].

(221}
(g}

[110
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respecively . The spraimiens were tanraed
mode 1 loading of mereasing
men with the ! IQ} CTachiny Jaectios e
interface when the masvinun
20 P MPeL corresponding e 6o I b

Larntg

granular racture surtede wil
The vther spoaime:

was obsernved
direcuon of PR wos loaaca unae
drnons and cventualiv frocturee o e
6 TAMPe The

frociuty satlaes o

regions of ductile transgranuic HANTOINE TS FP% SURFCG %
plastic teanny. and i G It was
besond the rehubiv measura rangy lor Chastie

fracture mechames The onls ditforonos borseen those
WO SPCCIMUEns wis The LTadhing iechion
was concluded that the difference i case with wineh
disfocations could be nudleated ot cach vrack tp was
the cause of this behinviour

henew o

ANALYSIS OF SPECENMEN

The speamens used 1w this work are the tour-
point bend specimens consisting of & metathie laver
bonded 10 4 thinner ceramic daver vsee big 20 This
type of speamen  was ongmally propowd by
Charalambides ¢r of [7] and Suc und Hutchinson {8}
for the tesnng of hnear clastie mterfuaial fracture
mechanics concepts. The usefulness of the specimen
for a possible directional effect resulung fram the use
of an asymmetnicaily ahgned metad simgle orvstal was
pointed out in the work of Rice ¢r of {81 Ap
advantage of this tvpe of speaimen s that when the
crack 15 Jong compared with the thichness ot the
notched laver /i the complex stress intensiny factor

Cut2l

[(RERE

15 &

Sapphire Notch

10001

N\

Interfacial Crack

Fig 2 Scnumatic of the specrmen analveed a copper simple orvstal withats 221 fuce Rondec © ~apphan
loaded in bending with crack ups parailel te the HI0] direchion
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hus the following tormu whico samdependoent o crach
length

A= Yoo poa i - ¢ : ey
where A s the apphied moment per amt width and
Yoand ¥ are dimensioniess functions of the thichness
ravo and the Dunaors paramaeters v and /i which are
gnen by

21

modulus and

reter to the

where p and shear
Poisson’s ratio. respectively . Subsoript | oreters to the
material on top. which 1> taken to be the metal. and
subscript 2 refers to the ceramie phuse The tunctions
Y and ¢ muy he found in {8} or [9] By detiniuon. v
1s the phase angle of the compley quantiny Ak und
the quantity tan g s a relative measure of the ratio
of loading modes on length scales of order o trom
the tip. The parameter ¢ 1x known as the oscrllauon
index. and is given by

=g (-] o
2= b~

The stress intensity factor A reduces to the famibiar
K, + K, when ¢ = 0.

The intent of the four-point bend specimen 1s to
compare crack growth in two opposing directions in
the same specimen during the same mechanical test.
The oriecmation of the copper i these experiments 1s
the same as that in the T9 hicrystals tested by Wang
and Anderson: the (221} face of the copper crystal is
bonded to the sapphire suiface. with the short dimen-
sion of the specimen paralicl to the [110] direction in
the copper. Once a crack runs through the sapphire
and branches onto the interface in both directions.
the crack fronts at both ends lic along the intersection
of a pair of {111} shp planes of the copper crystal
with the interface. The crack growth directions are
hence {114]., and [174].. Duc to the asymmetry of
the copper crystal. the crack onented to run in the
[1T4),, direction encounters shp planes which are
ahgned at 158 and 1253 . respectively. while the
crack oriented to run in the {114}, direchon encoun-
ters shp planesinchined at 54.7 and 164.2 (see Fig. 2).

For the study of dislocation emussion from the up
of an wterfacial crack. a parameier known as the
atomice scale phase angic. ¢ . has been introduced {5).
which 1< the phase angle of the quantty Ab7 and thus
15 a measure of the ratto of local mode 11 1o mode )
condiuions on atomic length scales from the crack up.
It 15 a simple exercise to show that the two angles are

related by
e Inth by (43

o=

where A represents the magnitude of the Burgers
vectar Unbke the typical sitzation when the local
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phuse anele s dehncd buscd on L Claboraton

fungth
s Content

sl the dinndtior benwerr oand

hecanes nupertant bodause the osciiatons stress nield
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!

CRTE Ve i Be a st iicant shittan the refio of miode
It mode U oupe condivons wher conadenng
AT seade distunees trom the crack tp The Joag-
me phaoee angle wos abowt =320 white the docdd
chous Ty foyr-poent

hending 101 the speaiiens aneivzed 5o this work (84

-~

phase anyle. . umder
mdicating o sgtie, 0t mode D component o e,
iy U nder these condivons using ¢ Rice Thomesion
model which had been speandhized for limatenad
miertaces. Rice of w/ 3] predicted that 6 gabout
(e J e tor cracking m the {1TI4] direction tdisio:
Cation eniission s easiest on the skp plane imciined at
P28 3 and 39 m doraaching i the 111, direc-
ton wdislocation emission i casiest o the ship plane
nchned st 1642 o this et The parameter G,
o measure of the coherence of the mterlace. s as-
sumied 1o bedenuead i either direction, henee brittie
cruch growth should be tnvored an the {114}, direc-
ton. JUs nterestng to pomt eut that m the work of
Wing and Anderson on bierystals, the ducnide crack-
ing direction was {114} and the brittle direction was
{13 the appasine 1o that predicted here for the bend
specimen This iy attributable enurely to the phase
angle effect. Here, the atonne scale phase angle ¥ s
=79 _while for 4 mode | loading of a svmmetnic ult
bicrystal 1t s 0 Figure 3 which gines G, vs 8 for
copper sapphire interfaces loaded in such a manner
as to give an atomie scale phase angle of —79 .
highhghts the effect of the shp plane inchination angle

The phase angle effect 3 further lluminated by
Fig. 3th) which gives G, v v for the vanous shp
plane inchnation angles of interest. The dashed hines
correspond to angles associated with the (114},
direcnion. and the sohd lines correspond to angles
associated with the [113}, _ direcion. Companson of
the curves at ¢ =0 und ¥ = —~79 shows that the
favored dirccuon for dislocation cmission rteverses
when the phase angle s altered

IMSLOCATION NUCLEATION BASED ON
A PEIERLS MODEL

The methods for determimng G, as discussed 0
the previous discussion were based on a modified
Rice Thomson maodel [S]. which treats a dislocation
as an clastie simgulanty which exists ahead of the
crach up pnor 1o loading  An unfortunate conse-
quenee of this usage s that a core cutoff paramceter
must be introduced inte the anaivsas, which 15 usualhy
assumed to be on the order of one atomic spacing
Argon [10] and. more recentls Schoeck {11} have
recognized that a full dislocation 1 hikely 1o emerge
unstably from an mcomplete. incipient dislocation at
the up. but a reasonably exact treatment has been
pnven onlv recenth by Ryce [12] That treatment,
discussed i further detait by Behtz and Race J13. 14],
solves the clasticiny problem of a tracuon free crack
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Fig. 3. (a) Plot of G, vs the ship plane inclination angle, as predicted by the Rice- Thomson mode! for

a copper-sapphire interfacial crack: and (b} G, vs the atomic scale phase angle for various angles of

interest. The solid hines give the relevant angles for crack propagation in the {114], directon. and the
dashed hnes represent angles relevant to propagation in the {114]., direction

with a Peierls-type stress versus displacement relation
being satisfied as a boundary condition along a shp
planc ahead of a crack tip. Once this problem is
solved for a suitable constitutive relation for material
sliding and perhaps opening along a ship plane, there
is no need {or the core cutofl parameters. The advan-
tage of this method is that it allows for the existence
of an extended dislocation core during nucleation,
and clirmnates uncertainty in choosing the core par-
amcters. Numerical work by Beltz and Rice {i4]
agrees with the directional and phase angle effects
given by the Rice-Thomsor. model [$] for the case of
a4 metal ceramic mnterface.

The directional effects observed here and in 6]
are consistent with the fact that the ductile crack
up orientation involves slip planes which arc more
favored for dislocation mouon (i.e. they have a
higher resolved shear stress) than near the opposing
crack up. In hght of the recent improvements in
the modeling of distocation nucleation, we feel it 1s
appropriate to preview our expeniments in terms of

the newer theory. The approach requires a knowledge
of the Peierls-type shear stress 1 (= 06,,. on 8 =0 in
the case now discussed) vs relative atomic displace-
ment (denoted A,) relation such as the sinusoidal
representation in Fig. 4(a). 4, denotes the shift of one
atomic plane relative to another at the ship surface.
This curve gives the shear stress needed to locally
shear atoms with respect to one another on a given
slip plane. and is the fundamental input to the
Peierls-Nabarro dislocation maode!l [15.16]. The
initial slope of such a curve corresponds with an
appropriate shcar modufus, The parameter & 1s
the magmtude of a Burgers vector and represents
the penodicity of the stress-displacement relation.
This type of data has been calculated through the use
of pair potenuals or the embedded atom method by
several researchers [17-20]. The ntegral of such a
curve from A =0 to the unstablc equlibnum
al which the shear stress next vanishes (at A, = b2
in simplc cases) has been called [12] the unsiable
stacking energy. denoted . An estimate of this sohd
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Fig. 4. Expected form of the shear stress t vs: (a) relative

atomic displacement A, and (b)displacement discontinuity 6, .

state parameter for copper, based on Frenkel theory
(which models the 1 vs A, curve as a sine wave), gives
a value of about 0.22 Jjm’.

Define &, as the displacement discontinuity on a
mathematical cut coincident with the slip plane. We
relate ¢, to the displacement A, of the atomic planes
at +h4/2 from the cut by

b= —ul= 8, - = (s)
u

where h is the interplanar spacing. This idealized
cut represents the slip plane, and by adding to
the displacement discontinuity &, across the cut
(in what 1s othewise considered a linear elastic
continuum} the additional “elastic” displacement
ht /u, we simulate approximately the relative displace-
ment A, = 8, + ht/u between atomic planes a distance
h apart. If v s now plotited versus é,. the curve
becomes skewed so as to give an infinite slope at the
origin [see Fig. 4(b)]. The integral of r over half of a
cycle remains equal to 7,,. however.

A J-integral calculation may be used to derive the
following result for a mode II shear crack with a
coplanar slip plane (see [21] for details)

P—~v .
5 K = (6)

With the exception of the nonlinear behavior along
the slip plane. the material in this simple case is taken
as an1sotropic, linear elastic solid with shear modulus

Gy =

AM & TP
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u and Poisson’s ratio v As discussed below. ¢, may
be calculated for more realistuc siuatons mvolving
inchned shp planes. mixed mode loudings. and
bimaterial crack up ficlds; however, the above result
lustrates a feature that pervades these comphcated
cases the energy release rate for dislocation nucle-
ation scales with the recenty idenutied sohd stare
parameter .

Further complexities anse when we mclude in the
model the effects of normal tructions and dilatant
openings across the shp plane. This situation occurs
if a model l-type loading is added te the mode 1l
situation just discussed. or in more reahstic cases
when the shp plane 15 inchned with respect to the
crack plane. There are no reasons to assume thal a
given 1 vs 9, curve retains its shape if tension s
superposed; hence the effect of superposed tension on
the “effective™ ;.. must be invesugated. Argon [10]
and Cheung et al. {22] have already noted the import-
ance of softening in shear due to large tensile stresses
across a slip plane. In recent analvses by Beltz and
Rice [13, 14], more realistic configurations. including
ones involving slip planes inchned at the angles
125.3° and 164.2- have been treated. The effect of
tension/compression normal to the shp planc was
treated by assuming a lensile stress vs normal
component of separation relatton consistent with
the well-known fit, with energy proportional 1o
—(L + Ap)expt—A,/L). to the umversal bonding
correlation of Ferrante ez al. {23]. The parameter L 1
the charactenstic length associated with the decohe-
sion process (the tensile stress reaches a maximum.
at A, =0, when A, =L ).

Results given in [14] for 2 simplified set of slip plane
constitutive relations 1(,. 4;) and o(4,. 8,) for
copper are now summarized. In Fig. 5, the applied
energy release rate G:y,, is plotted as a funcuon of
the crack tip opening displacement 4,7:b for the
two angles of interest. Here b is the Burgers vecior
of the partial (i.e. by, /\/3). When A = 1253 (e
crack growth in the [11d), direcuon). unstable
nucleation of a Shockley partial dislocation occurs at
G /7y = 1.839. When 6 = 164.2 (crack growth in the

ge125 3¢

02 03 04 05 C€ 07 08 09
3 /b
Fig. 5. The apphied energy release rate versus the amount of

slip at the crack up for the two angles of interest. as
predicted by the Peierls-type theory

o o1
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[114), direction). instability occurs at G o, = 1235,
If we assume a value of 0.22) m° for the unstable
stacking energy. the relevant energy release rate values
are G, =0405] m° for the ductile direction and
G,. =276} m- in the hrttle direction. There 1s more
than a factor of 6 difference in G for cruck growth
in the opposing directions; hence, 1 15 concluded that
distocation nucleation is preferred in the {113)  direc-
tion. and blunting shouid be favored in this growth
direction.

EXPERIMENTAL

The single crystals of copper used in these exper-
iments were grown by the vertical Bridgman 1echnique
1 a graphite mold in an atmosphere of flowing argon
gas. The crystal seeds were cut from pure copper
crystals also grown by wav of the Bridgman technigue.
The ornientations of the seeds and the bicrystals were
determined by the back-reflectton Laue method with
an accuracy of approximately +2 . The crysials used
to make specimens were cut from the master ingot via
spark-cutling, and were 47.6mm by 2.5mm by
4.8 mm. The copper pieces were diffusion bonded to
I mm thick. commercially-obtained sapphire slides on
the basal plane. at 1040°C. for 72 h. under a ngd
graphite support clamp. The atmosphere consisted of
a flowing hydrogen80% argon (by volume) mixture.
Several specimens were annealed after the bonding
process in order 1o reduce the size and number of
smaller grains which appeared near the copper:
sapphire interface during diffusion bonding.

The surface of the sapphire layer in the specimens
was “pre-notched,” either by use of a diamond scribe
or a diamond saw. The purpose of this was to insure
that the initial crack through the sapphire would start
at the midpoint of the specimen. The initial crack was
induced by subjecting the specimen to either three- or
four-point bending. After pre-cracking. the interfaces
were observed through the sapphire layer to verify
that the initial crack had branched onto the cop-
per/sapphire interface in both directions. The speci-
mens were then loaded under four-point bending until
a nonlinear load versus time relation was noted. The
specimens were unloaded and reloaded several times,
and the interfaces of some specimens were observed
after each unloading siep. Five identical specimens
were tested.

RESULTS AND DISCUSSION

The copper sapphire interfaces appeared to be
homogeneous. well-bonded, and free of any potential
reaction products. This is consistent with the work of
Heidt and Heimke {24] and Mulder and Klomp [25).
which showed that the interdiffusion distance in the
copper sapphire svstem is negligible and that no
additional chemical products are formed. when the
interface is created under conditions similar to ours.
When viewed via optical microscopy through the

CRACK DIRECTION AT Cu SAPPHIRE INTERFACES

(221),,

100 um
L e o

Fig. 6 View through the sapphire laver of the copper
sapphire interface. which shows the presence of pores after
the diffusion bonding

sapphire laver. pores were observed on the interface.
as shown n Fig. 6: this 15 not uncommon in
metal ceramic interfaces involving a ductile metal and
have been discussed in {26~ 28] and references therein.
We note that the atomistic models for dislocation
nucleation we utilize sav nothing about the detasls of
the bonding process or conditions at the interface in
general. except that the interface be ‘“atomically
sharp.” Effects relating to the interfacial strength enter
the Rice-Thomson model through the parameter
G e Which we assume to be identical in the two
crack growth directions. As an esuimate of the order
of magnitude of G,.. we quote the result of
0.475 J/m’, for the work of adhesion of Cu ALLO.. as
measured by Nicholas [29] at a temperature near that
of the melting temperature of copper. This value may
be interpreted as a lower bound approximate value to
the ideal work of fracture 2y, for the Cu:sapphure
interface at room temperature.

After an initial crack was introduced on to the
interface, crack growth occurred significan:ly in all
specimens upon further loading in only one direction
namely, the {114]., direction with respect to the
copper crystal (see Fig. 7). In one case the effect was
particularly dramatic: the crack propagating in the
[114], direction ran unstably all the way to the end
of the specimen. causing half of the sapphire laver to
become entirely detached. Figurc 8(a) shows the
notched area of the latter specimen after the bend-test;
note that there was some crack growth in the ductile
direction in this case. No future growth was observed.
however, of the crack tips pointed in the [113],
(ductile) direction. The crack fronts were typically
rounded as schematically shown in Fig 9. thus the
crack up pointed in the ductile direction i1s not visible
from the side of most specimens (e g. Fig. 73 Table
| gives an estimate of the critical energy release rate
for fracture of the bmttle crack. as given by the
bimaterial lrwin-type expression associated with
equation (1) (as given, c.g. i {5]). the values hoverin
the range of -7 1 m°.



Hil1Z and WANG

CRACK DIRFCTION AL

Cu SAPPHIRYE

INTERT ACES T

-

Frg 7 Snte oview ol a copper \;mr\h:rc Nprimics:
propugated onnom the {1145

altee

PR

mechanied] testne. showirs et e crack

ibrittee s dicectior,

Fig & Side view of a copper sapphire specimen after mechamcal tesung: ay shows complete decohesion

in the {114,

{bnittley direction accompamed by crack gsowihan the [113)

tductiler direcnion and 1h

shows the relatively high density of shp hnes in the vicinnts of the crack which propagated i the ductile
direction

Dense shp hines were present on the (110), {(sidey
surfaces 1 the vicimty of the crack up oriented 1n the
{Hd]  direcuon. mmdicating a large amount of dislo-
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Fig. 10. Shp traces m the vicmiy of the crack running

the [114), (ductile) direction. as seen 1n this view of the

interface. Note that shp hines are present for systems which
do not intersect the crack front

macroscopic bending set in. these ship planes have
been distorted somewhat within the plane. hence they
are tilted slightly curved. Slip traces corresponding to
the favored plane for dislocation emission from the
brittle crack tip, at 164.2 . were not observed: in fact,
the only system that appears to have been acuvated
of the slip systems that contain a slip plane coplanar
with the crack front is the system which contains a
slip nlane oriented a1 125.3 with respect to the crack
running in the [114], direction. It is evident from
Fig. 10. however. that additional slip systems, having
{111} type shp planes which are not coplanar with the
crack front. were active. and provided further means
for the accommedation of plastic flow and the
dissipation of energy.

The results here have been explained in terms of
theories which have only taken into account the
emission of a single Shockley partial dislocation for
the copper crystal orientation considered. Whereas
the second partial dislocation to nucleate posscsses
a Burgers vector which is perpendicular to the
crack front. the first does so at an angle which is
30 from the crack front. The numerical procedures
associated with the Peicris-type nucleation model
are not yet adequate to deal with the latter case.
but a calculation presented in {12} suggests that the
relevant values of G, will increase by a factor
of {4—-3v) =3 to nucleate the first partial. thus
retaining the factor of 6 difference hetween nucleation
levels for the two cracking directions considered.
The emission of partial dislocations within the carhier
Rice-Thomson framework has been worked out 1n
considerable detail by Anderson [30].

As alluded to in the experimental section. it was
observ:d that crack growth proceeded mmitially in a
symmetric fashion. t.¢. crack growth occurred in both
directions for a short time. The crack growing in
the predicted ductile direction never grew longer
than about 0.5 mm, however. This result can be

BELTZ and WANG: CRACK DIRECTION AT Cu SAPPHIRE INTERFACES

ravonahized by at least one explananon the elashicnty
solution of equauion (1 for this specaimen assumes
that the crack length 1« much longer than the thick-
ness of the thin laser ne the thickness of the
sapphire). When the cruck s shart (1.e. of a compar-
able length scale to the sapphire thickness or shorter).
the phase angle differs as given by an analyss by He
and Hutchinson [31] The local phuse of the mapient
cracks s less than the steads-state value of =79,
which leads to a condition where the values of G, at
the two crack ups are more stmijar

SUMMARY

Predictions of @ modified Rice-Thomson model for
the ductile versus brittle behaviour of cracks. which
takes into account a bimaterial crack-up field. arein
general agreement with experimental observauons of
beam-tvpe larered specimens consisting ~f cupper
bonded on a 221, face to sapphire. The agrecment
indicates that the different fracture behaviour of these
bimatenal interfaces mav be understood. at least
quahitativels. by comparing the crack up encrgy
release rate for dislocation emission from the crack
tip against that for cleavage decohesion of the bound-
ary. The observations here are also in agreement with
an improved method for calculating G, which takes
into account the nonlinear core effects associated
with extended dislocations.
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ABSTRACT

Martrix fracture in ceramic composites is analysed for ceramics which are reinforced by both
dilatantly ransforming particles and fibers which are aligned in the direction perpendicular to the
crack surfaces. Numerical results for the matrix cracking strength are given in terms of parameters
associated with the individual reinforcing mechanisms, and coupling parameters that characterize
their interaction. An energy balance relation governing the steady state matrix cracking is
presented. The results suggest that transforming particles could increase the matrix cracking
strength of aligned-fiber composites by up to about a factor of two.

INTRODUCTION

Multple matrix cracking is a distinctive tensile damage mechanism that is often observed in
brittle ceramics that are reinforced by unidirectionally aligned fibers. It plays a vital role in the
performance of these materials. Tension applied 1o the composite in the direction of the fibers
induces closely spaced matrix cracks normal to the fibers, and each crack completely traverses the
material, but the applied load continues to be supported by unbroken fibers that bridge each matrix
crack between its faccs. The tensile stress required for the steady-state propagation of a single
matrix crack, known as the matrix crackin’, stress , has been recognized as an important
characterizing parameter of brittle-matrix fiber composites. The matrix cracking stress was first
evaluated in the work of Aveston et al, (1971) for the limits of large and small frictional shear
stresses at the fiber-matrix interfaces, and more recently by Budiansky et al. (1986) for
intermediate shear values, via energy methods.

Brittle ceramics can also be reinforced by phase-transforming particles. It was
discovered by Garvie et al (1975) that the apparent fracture toughness of ceramics may be
increased by the introduction of tetragonal zirconia (ZrO,) reinforcing particles. Experimental
observations reveal that a tetragonal-to-monoclinic martensitic phase transformation takes place in
the zirconia particles near a crack tip, and a permanently transformed region is left behind the edge
of a growing crack. The transformation toughening of materials with very long initial cracks has




been studied theoretically (e.g. McMeeking and Evans, 1982; Budiansky et al 1983; Rose, 1986:
Amazigo and Budiansky, 1988), and the transient growth of cracks in the presence of phase
transformation has been analyzed by Stump and Budiansky (1989ab).

The aim of the present work is to see how phase transforming particles would affect the
steady-state matrix cracking stress. The basic problem analyzed is illustrated in Fig. 1. A semi-
infinite plane-strain matrix crack, driven by a uniform remote tension, is bridged by intact fibers
and surrounded by a zone of transformed material. The main body of the paper begins with a
concise review of the related results for each individual reinforcement, and then a novel analytical
formulation of the governing non-linear integral equations of the problem is presented in terms of
distributed dislocations and dilatations. An energy balance relation for the steady-state cracking is
also presented and a numerical solution of the problem is obtained and discussed. The details of the
numerical solution procedure, and the derivation of the energy relation, are presented in
Appendices.

MATRIX CRACKING IN FIBER REINFORCED CERAMICS
Marrix cracking in unidirectionally reinforced ceramic composite is subject to resistance due
to the effects of bridging fibers. For the limiting case of large scale matrix cracking with all fibers
intact behind the crack tip, i.e. steady state matrix cracking, the critical tensile stress needed to keep
the crack extending becomes independent of crack length. The studies by Aveston et al. (1971) and
by Budiansky et al. (1986) contain the following result for the steady state matrix cracking stress
o¢. Under the assumptions that there is extensive interface slip between the matrix and bridging

fibers and that there are no initial stresses, Of is given by
1

6cF(1- V2 K2E P £
| (1-c()RE En

of =
M
where cf is the volume concentration of fibers, R is the fiber radius, t is the interface slipping
shear resistance stress, and Ky, is the critical Mode-] matrix stress intensity factor. The Young's
moduli E, E; and E_, are those of the composite, fiber, and matrix, respectively. A recent
experimental study (Cao et al., 1990) reveals that Equation (1) correlates well with measured
results for several materials.

TRANSFORMATION TOUGHENING
Transformation toughening, which results from the phase transformation of transforming
particles (notably ZrO,) that are embedded in a nontransforming ceramic matrix, was discovered
by Garvie et al. (1975). The unconstrained, "stress-free" strain associated with such a phase
transformation (i.e., the strain that would occur in the absence of surrounding material) consists of




a dilatation of about 4% and a shear strain of about 16%. Transformation toughening phenomena
have usually been studied on the basis of a "supercritical" transformation model (see Budiansky et
al 1983 for details) in which the transformation occurs completely within each particle when the

mean stress Om = Okk /3 reaches the critical value ofn. With the simplifying assumption of
identical elastic moduli of particles and matrix, the composite may be modeled as an elastic
continuum within which the stress-free transformation dilatation, where i1t occurs, has magnitude
clBT, where ¢, is the volume concentration of transforming particles and " is the stress-free
particle dilatation. With some exceptions (e.g., Lambropoulos 1986; Sun et al 1991; Stump
1991), the effects of shear stress on triggering the transformation have usually not been
considered, and the possible toughening effects of ransformation shear strains have also generally
been disregarded.

Growth of long cracks under a constant applied far-field KT has been studied under these
assumptions by McMeeking and Evans (1982) and Budiansky et al. (1983). In this work, the
crack was assumed to be growing in a steady-state fashion, with cracking of the matrix at the
crack tip at the critical matrix stress-intensity-factor K, A key transformation-toughening

parameter that emerges from these studies is
1+v Ec‘e'r

T 1-v o )
and results for the steady-state toughening ratio At = K /K, were found for a limited range of .

Amazigo and Budiansky (1988) extended this work and provided a complete solution for At. The

results shown in Fig. 2, a plot of (?s-r)'l versus the toughening parameter w, confirmed the
occurrence of "lock up” at w=w, = 30, first predicted by Rose (1986). More recently, Stump and

Budiansky (1989a) studied the transient growth of long cracks in ceramics. It was discovered that
K/Kn reaches a peak value AT™ which exceeds the steady-state level A at finite amounts of crack

-1
growth. The full results for (7»?“) as a function of the parameter w are given by the lower curve

of Fig. 2. It was found that the "lock-up"” of the growing cracks occurs for the value @ = 20.2.
Stump and Budiansky (1989b) also studied the transient g owth of finite cracks.

STEADY-STATE MATRIX CRACKING FOR COMBINED REINFORCEMENT

We now study the steady-state crack propagation of a fully bridged semi-infinite matrix
crack in a ceramic reinforced by both alig 1ed fibers and transforming particles. The supercritical
transformation model introduced previously is used exclusively throughout this study. It is also
assumned, for the sake of simplicity, that the fibers, transforming particles , and matrix all have the
same Young's modulus E and Poisson's ratio v, so that the composite is isotropic, and we
continue to neglect initial stresses. It is further assumned that the critical shear resistance T is not
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affected by the presence of transforming particles. The critical matrix cracking stress of of a
ceramic reinforced only by aligned fibers and the steady-state toughening ratio At of a ceramic
reinforced only by transforming particles, which have been introduced in the previous sections, are
considered to be known parameters, and a natural coupling parameter
s=(1+v)of/[305,] 3)
which emerges from the analysis, is employed.
As the crack advances under steady-state conditions, "fresh" material undergoes phase

transformation as it is crossed by a curve C in the vicinity of the crack tip (see Fig. 3), while
previously transformed material remains in the wake of the tip, and new intact fibers bridge the
crack faces. The coordinates of the leading portion of the steady-state transformation boundary, as
shown in Fig. 3, are given by
zp(0) = xg(a) + iyg (@) = ry{) cosa + isina] Osasa) (4)
where @ is the polar angle at which the phase boundary C makes a tangential connection to the
horizontal wake boundary.
During the course of steady crack propagation the following conditions must be maintained:
(i) the mean stress must be equal to the critical transformation stress along the exterior of
the leading edge of the transformed region, i.e.
oy (z) = 65 forzon C (5)

(11) the stress intensity factor at the crack tip should equal the critical value needed to

Kip =Kpyl-cf (©6)
where the factor 41— ¢; comes from the fact that the critical crack-tip energy release rate in our
problem has to be modified by the factor (1-c¢) in order to simulate the reduction in the crack area

propagate the crack, i.e.

associated with the presence of fibers.
(ii1) the crack-face tensions are
0,(x,0)=p(x) for—eo<x<0 )
where p(x) is the smeared-out stress on the crack faces induced by bridging fibers, and p(x) must
be connected appropriately to the crack-face displacements. Budiansky and Amazigo (1989)
modeled the effects of bridging fibers by continuously distributed non-linear springs via an energy
argument. Under the assumption that the fibers undergo large amounts of slipping inside the
matrix, they provided a non-linear relation between the stress due to the bridging springs and crack
opening displacement which governs the constitutive behaviour of the springs bridging the crack
surfaces as follows:
p(x) = Byv(x) (®)

where the spring constant f is
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Under the present simplifying assumption E; = E,,, = E, Eq. (9) simplifies to
1

4c?Et 2
ﬁ = ——-!-—-1-
{R(l“cf) } (10)

Now we proceed to satisfy the conditions (5),(6), and (8) by superposing three states of
plane-strain elasticity produced as follows:
(a) apply the remote plane strain loading 6, =0}, 0, = Vvoy, , where oy is the critical
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matrix cracking stress in the presence of both fibers and transforming particles.
(b) subject the negative x-axis to the vertical displacement discontinuity gradient
v(x,0*) av{x,07)
x o
(c) impose the plane-strain transformation €., in the horizontal strip S (see Fig. 3),

#-8(x) for-e<x<0 (1

bounded on the right by the curve C. In plane strain, the connection between the area dilatation
eZa and the volumetric dilatation C‘GT is (Budiansky et al., 1983)

ey = -§-(l +v)c, 87 (12)
For each problem, we shall calculate the mean-stress
Om =404 =41+ v)0, +0,) (13)
and the crack-face tension 6,(x,0) for x <0.
The trivial solution of problem (a) produces the mean stress

Om =$(1+V)o}; 14
everywhere, and gives the uniform crack-face stress
0, (x,0)= 0§ (15)

The solution of problem (b) can be written on the basis of the fundamental plane-strain

solution for a single edge dislocation. Note that over the interval dx’ the gradient jumps in Eq. (11)

are equivalent to the vertical dislocation -8(x”)dx’, which is equal to 2%’-‘-2&’ by symmetry. It

r

follows that the normal stresses due to the dislocations in (-es, 0) are
0

(x- x')[3y2 +(x- x')’] dv(x’) .,
[(x-x’)zwz}2 A "

o,(x,y)=-D

-—phn
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Ox(X,Y)=DJ(x x){y -{x-x’) ]dv()i) an
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__E
where D= 2n(1—v2) (18)

Accordingly, the mean stress (13) produced by the dislocations is

O (xuy) _ 2D(l+v) J dv(x’) , . 19
3 (x x) +y? dx’

and the crack-face tension produced by the dislocations is
0

o,(x,0)= -DJ;%—;%‘%—)dx’ (=0 <x<0) (20)

Problem (c) is readily handled by complex stress-potential methods (Muskhelishvili,
1963). We present only the final results for the potentials ¢ and v, in terms of which the stresses

are given by

o, +0, =2(¢'+¢’) @1

Gy = O, +2it,, =2(z" + V') (22)

Let an arbitrary 2D region A with boundary I' in an isotropically elastic body undergo a uniform

volumetric strain eL; then, for z=x+iy outside A,
1EeT

= -2 (=D §log(z- 20)dzo @)
3-4v)iEe iEeg, 7
v= W; log(z 20 % - 16x(1~- 2v)( v’) r z:o zodzo @4
For z inside A, the extra term
Bty @3)
4(1- 2v)(l + v)
must be added to ¢ in order to preserve the validity of the relation (19).
For z outside A T o,
¥iz)= l6n(1-255(zl—v2) rz-z =0 @4
which gives
Om = -;-(1 + v)(a,, + °w) =0 (25)

For the transformed region S of Fig. 3, the crack-face stress produced by the phase transformation




reduces to

Eel dy
crw(x.O)=——---—-‘3‘l--—-2 Re| —2& for -e<xS0 26)
41:(1 -V ) cX—~2p
where the integration along C proceeds from yp=-Hy to yo=+Hr.
Adding the contributions (14) and (19) gives the mean stress at points outside the
transformed region, and then imposing the condition (5) on this mean stress requires that
0

(1+v) . 2D(1+V) xg-x"  dv(x’)
Cg —

—dx’=05, for(xq,yojonC Qn
3 3 (xo-x,)2+y% dx m (0 0)

The sum of (15), (20), and (26) gives the crack-face stress p(x) to be substituted into the condition
(8), which becomes

dv(x’) . Ec,6’ J’ dyg
! R = for—eo<x<0 (28
of, — DJX o ax+6n(1_v) e ez v(x) for X (28)

Finally, the crack-tip requirement (6) may be prescribed as )
. EN2m v(x)
Hm ~—— =Knhyl-¢ 29)
x=04(1-v?) V= v

The steady-state matrix cracking problem under combined reinforcement is govemed by Eqgs. (27-
29), which may be nondimensionalized by introducing the reference length

L =Do§/p?, (30
letting
E+in=p(cosa+isina)=(x+iy)/L, @31
- and writing
B 2
| B 32
()" e
<
=21 (32)
O

The resulting equations may be written as
]

Eo—&  dg§) .. _1
-2 dé =~ 33
J(io—é)zﬂxo’ g =3 3

0

_f 1 98®) e =@ [ _Go-Bn, e
z f&-é‘ % 1/,E('E).lmf( for —eoSESO (34)

c&o=-8)F +nj




tim Y2 E&) (35)
E-02v2 7-5

Here Eg(a)=pg(a)cosa and No(a)=po(a)sina define the shape of the leading phase boundary C;
w is the transformation-toughening parameter given by Eq. (2): and s is the coupling parameter
defined in Eq. (3). Egs. (33-35) constitute two integral equations and one scalar constraint for the
unknowns functions g(§), po(a), and the scalar sirengthening ratio ¥, the combined-
reinforcement cracking strength normalized by the cracking strength in the absence of transforming
particles.

The numerical procedure used to solve these equations is described in Appendix A. Before
presenting the solutions, however, we exhibit another scalar, energy-based relation, derived in
Appendix B:

Lea- sE)no(a)
6ns*
where (see Fig. 3) 14(&) is the non-dimensional height H1/L of the transformed wake along each

D=1 (36)

crack face. This relation provides a check on the numerical solution of the governing equations, but
in addition it provides important restrictions on the values of the strengthening ratio X and the
coupling parameter s. Note that for £ > 1, (36) implies

T<ls (37)
which therefore requires s<1. In other words, the steady-state matrix cracking stress can be

increased by the addition of transforming particles only if

of < 1—?’-0 (38)

and (37) says that the increased cracking stress 6§ is also bounded by the right-hand side of (38).
These inequalities are consistent with the fact that an applied stress equal to or greater than the
upper bound would transform the entire space, and only if the phase-transformation dilatations are
constrained by surrounding untransformed material will they reduce the crack-tip stress intensity.
The calculations described in Appendix A led to the curves shown in Fig. 4 for £ vs. @
for various values of the coupling parameter s. The dotted lines show the bounds of Eq. (37). The
calculations were terminated slightly below these bounds, because, consistent with the energy
relation (36), it was found numerically that the size of the transformed region became very large as

these bounds were approached, and accurate calculations became increasingly tedious. Curiously,
the results for & become multiple-valued for ¥ near 1/s; we suspect that only the lower branches

may be physically significant. Furthermore, it is likely that values of w greater than 30 -- the
“lock-up"” value for transformation toughening of long cracks--are not meaningful. For a given
value of w, the enhanced matrix cracking stress increases for decreasing values of s, but is fairly
insensitive to s for 0<20.




On the basis of the connection between the transformation-toughening ratio Ay and w (Fig.
2), results for X are also shown in Fig. 5 for £ vs. Ay. Up to what is probably the practical limit
of Ar=5, the results for £ remain single-valued, and they suggest that the matrix cracking stress is
susceptible to improvement via transformation toughening by only factors of about two or less.
The results can also be exhibited in terms of an alternative interaction parameter defined by
t=w/(3s), or
‘= c, 67
(1-v)eg
where €f = 0§ /E is the critical matrix cracking strain in the absence of transforming particles.®

(39)

Figs. 6 and 7, analogous to Figs. 4 and §, show the matrix-cracking strength ratio for various
values of t. In Fig. 6, the hyperbolic curve segments given by Z=3t/w for each value of t
correspond to the bound (37).

For a given ceramic composite system, the coupling parameter t can be more readily
estimated than s. The measurements by Cao et al. (1990) of the cracking strains of several glass-
ceramic/Nicalon- fiber composites indicate, for example, that in such systems, with ¢y =¢, =.3, and
8T=.04, values of t in the range 10-15 would be appropriate.

An interesting question arises about the interpretation of the results in Fig. 7 if, for a given
value of the coupling parameter t, the known value of At lies beyond the end of the appropriate
curve (e.g., t=10, Ar=4). Presumably, the transformed region will have already become very
large during the approach to steady state, the nearly unconstrained dilatations would no longer have
a strengthening effect, and we would have I=1 ar steady state cracking. But the peak stress during
the transient stage of growth of an initially long matwix crack would attain a value close to the top of
the curve. Similar remarks apply to the terminating curves in Figs. 4 and 6.

CONCLUDING REMARKS

The possibility of improving the matrix cracking resistance of aligned-fiber ceramic
composites by the incorporation of phase-transforming particles has been demonstrated on the
basis of simple models for the individual reinforcement mechanisms and their interaction. An
energy balance equation for steady-state matrix cracking has been derived and the restrictions it
imposes on matrix cracking in ceramic composites with combined reinforcement have been
established. In particular, an upper bound was identified for the increase in the steady-state matrix
cracking resistance provided by transforming particles. Numerical results for the matrix cracking

* This classical critical strain (Aveston et al 1971) is based on the assumption of pure tension at infinity, whereas,
to simplify the formulation of the combined problem (for which plane strain near the crack tip is .ppropriately
assumed) we postulaled plane sirain everywhere; the inconsistency is not important.
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strength have been given in terms of parameters associated with the individual reinforcing
mechanisms, and coupling parameters that characterize their interaction. These results suggest that
transforming particles could increase the matrix cracking strength of aligned-fiber composites by
up to about factor of two.

A companion study by Cui (1992) showed that transforming particles and aligned fibers
could interact synergistically to increase the effective fracture toughness of a brittle ceramic
containing a long, initially unbridged crack. The present demonstration that phase transformation
can also increase the matrix cracking strength of fully bridged cracks provides an interesting
contrast with the effects of fiber-matrix interface friction. Increasing the frictional resistance raises
the matrix cracking strength, but lowers the smali-scale bridging toughness; transforming particles
increase both.
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APPENDIX A
NUMERICAL ANALYSIS
This Appendix describes the procedure used to solve Egs. (33-35) for g(§), po(e), and X.
Let
dg(€)
220 = h Al
o © (A1)
and introduce the coordinate transformation
w—1
= — -1 <1
3 — (-lews)) (A2)
The substitution
w=1) (+w)?
h = f(w),
(22) T (A3)
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will turn out to be useful. Eqs. (33-35) become
1

Eo(l+w)+l-w (d+w) 1
—417 f(w)ydw = - Ad)
J{[go(l+w)+l—w}2+ n02(1+w)2} V1~ w? wIew (

d

-1

w

-0+ )J'l+w f(w) dw'- ZJVde’

W W ]-w? 1-w?
_o(l+ w) (1+ w)pg(a)cosa +1—w d[po(a)sina] da
9ns ) [(1+ wpg(@)cosa +1-w] +[(1+w)pg(esin af da %)
0

- nf6f(w)=1 (A6)

Now write the finite-series approximations

& (2n-1x X
No(a) = pp ()sin(a)= Za,, sin[Ta 0sasa (A7)
n=l
and
M M
f(w)= Zbk Ty (W)= Zbk cos[(k ~1)cos™! w]
k=1 k=1

(A8)

where Ty(w) is the Chebyshev polynomial of the first kind of degree k. For given values of o and
s,the M+N coefficients ap and by, together with the additional two unknowns I and &, were
determined by collocation of Eqgs. (A4) and (AS) at the M points

T
= cos =12,.. A9
Wy M'H) (r=12,..M) (A9)
and the N+1 points
o= G=0L.N) | (A10)

respectively, and enforcement of Eq. (A6). The definite integrals with respect to w in (A4) and
(AS) were evaluated by means of the general Cauchy-Chebyshev formula (Erdogan and Gupta

1972)
1

F(w)dw n M F(wp)
= (r=12,..M) (All)
:[(w,—w)wll-—wz N+1p2=lwf—wp

and the standard Gaussian integration formula
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1
F(w)dw n hgl
= F(w,) (A12)
-1 \h -w? +1 p=l ’
where
w, =co{%} (p=12,...M+1) (A13)
The indefinite integral in (AS) is
w
’ M , -T2
j f(w) dw’ =-b,cos w- Zbk S (Al14)
:/1 -w? k=2 k-1

-1
Gaussian guadrature was used to evaluate the integrals with respect to a.
A Newton-Raphson iterative scheme was used to find solutions for the a,’s, by's, X, and
&, with convergence specified by a relative change of less than .01% in the values of each of the
unknowns in successive iterations. Solutions for £ based on M=15 and N=5 were judged to be
reasonably accurate, because they never differed by more than .15% from the values of I given by
the energy relation (36), when the values of 14(G) found from the numerical solutions were

substituted therein.

APPENDIX B
We will write an energy equation associated with a unit advance of the semi-infinite, piane-
strain crack in Fig. 3 during its steady-state propagation under the remote loading of. It will be

assumed that the phase transformation is critical, but the results also hold for supercritical
transformations (Budiansky et al 1983, denoted by BHL henceforth).

The equation is
T2
(1-¢,)6m +[c§c,97—%((?g—3)—]+[ng~uu]=0 (B1)

where the first term, with G, = K2,(1-v?)/E, is the energy released into the crack tip, and the
first bracketed term, derived in BHL, represents the energy dissipated into the irreversible phase
transformation. These two energy losses are balanced by the last bracketed term, which represents

the difference between the potential energies of vertical strips of unit width far upstreamn (U) and

downstream (D) of the crack tip. In our spring model, the upstream and downstream stresses oi‘j)

and cg differ only in lyl<Hr, where the corresponding uniform strains are
1
e = E[ﬂ +vyoy - vc&&ij] (B2)

and el = -é-[(l +v)op - vc&&i,-]+ 878 (B3)
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with the usual (1,2,3) and (x,y,z) correspondence. The plane-strain conditions ELJ = e? =0 give
€gp = d+v) [025 - V(J’%saa], o? = voy, (B4)
1+
€gp = ( EV) [oga -~ vo%&u,;]-» $0+v)c8T85, of =vop ~$Ec8’  (BS)

for Greek subscripts equal to 1,2.
The potential-energy difference ntp — 7ty may be written as

o
2H1{§cg (sg - &c‘GT)—%c}jjeg} - ZHTG';',(&:? - ey )+ jg p(8)ds - o8P (B6)
The braced expression is the difference between the downstreamn and upstream recoverable swrain

energy densities, and the next term comes from the change in the potential of the applied loading
of, due to the extra vertical displacement that accumulates in lyli<Ht because of the phase

transformation. The integral is the strain energy in the springs at the downstream crack opening
displacement 8P corresponding to the spring loading p=c§,. (Here p(8) represents the spring
constitutive relation p(8) = Bm consistent with Eq. (8)). The last term is the contribution of
the crack opening displacement to the applied-load potential. The last two terms corbine to give
the complementary energy of the springs defined by

Q(of) = j S(p)dp = -55%— (B7)
0

The evaluation of the strain-energy terms is simplified by introducing ;= 6 - 6. Then, with

g = %[(1 +V)B; - V88 (BS)
the braced term in (B6) may be written as
AT =168+ 6,e] (B9)
Equilibrium gives o} = 6P = of,, so &, =0, and since e} =0, (BS) is just
AE=1(8,E, +5,8,)+6,¢! (B10)

Compatibility of strain at y=tHr requires €2 =€>. With oY =0, Eqs. (B4-BS5, B8) then imply
that

. = Ec,6' v(l1+vV) - XN
cr,?:c,=c,=-30:_v),e§’=— = of, = =- (B11)
and we get
E(c,87)  v(1+v)c,6'
AL = — 4 B12
9(1-v) * 3(1-v) (B12)
Egs. (B4-B5) also give
T
eD- gl = 02 VCd (B13)

A T
and assembling the contributions of (B7), (B12), and (B13) to (B6) produces
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. E(c,87)° _ (1 +wv)ofcd’ O E
fip— "y -—ZHT[ 31—v) 3 Q(og) (B14)
Substitution into (B1) gives
; T ge - (¥ VIo)
Q(of)=(1-¢)Gy +2Hyc,8 | O, = 3 (B15)

Now note that for matrix cracking with only fiber reinforcement, this reducss to the result
(Budiansky and Amazigo 1989)

¢ 2(05)’
Q(or)=(1-c)Gn =-3-|3%— (B16)
and therefore
Q(of) . 3 Hyosc 8T (1 + v) o ]
=1+ —me - i (B17)
Q(of) (of) 3 Jom
Finally, introduction of the normalizing length L cefined by Eq. (30), together with the parameters
 and s (Egs. (2,3)), gives
e s :
I'=1 e AL 1-sX) (B18)

in terms of the strengthening ratio % = 6, /af. This is the result (36) in the text.
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Abstract—A high-toughness ;-TiAl with a lath microstructure has been characterized. The presence of
a laminated structure that consists of 2. plates between 5 laths has been shown to govern the toughness.
The lath microstructure promotes dissipation through a combination of process zone and crack bnidging
mechanisms. Mechanical twinning in the y-phase contributes to the toughness through the formation of
a twin process zone. while regions consisting of intact lath colonies act as bridging hgaments in the crack
wake. The measured steady-state 1oughness of ~ 25 MPa,'m is consistent with preliminary esumates of
dissipation: which indicate that similar contributions anse from deformation within the bndging ligaments
and from twinning in the process zone.

Résumé—On a caractérisé un alliage TiAl; a haute ténacité & microstructure en lattes. On montre que
la présence d'une structure en lamelles qui consiste en plaqueties de phase x. situées entre des lattes de
phase 5 gouverne la ténacité. La microstructure en lattes provoque une dissipation par une combinaison
de zones de transformation et de mécanismes de pontage de fissures. Le maclage mécanique dans la phase
y contribue & la ténacité par la formation de zones de maclage. tandis que les régions formées de colonies
de lattes intactes agissent comme des liens de pontage dans 'ouverture de la fissure. La ténacité mesurée
en régime permanent (~ 25 MPa,/m) est en accord avec des estimations préliminaires de la dissipation:
ceci indique que des contributions semblables proviennent de la déformation a I'intérieur des ligaments
de pontage et du maclage dans ia zone de transformation.

Zusammenfassung—Hochzihes 7-TiAl mit Latten-Mikrostruktur wird charakterisiert. Die vorliegende
Jaminierte Struktur, bestehend aus a,-Platten zwischen ;y-Latten, bestimmt die Zihigkeit. Die Latten-
Mikrostruktur  fordert die Dissipation Gber eine Kombination von ProzeBzonen- und
RiBiberbriickungstechanismen. Mechanische Zwillingsbildung in der y-Phase trigt zur Zihigkeit Gber
die Bildung ciner Zwillings-ProzeBizone bei; dagegen wirken Bereiche, die aus intakten Lattenkolonien
bestehen, als iiberbriickende Fasern in der RiBSffnung. Die gemessene stationire Zihigkeit von ~25 MPa
ﬁ ist mit vorlaufigen Abschiitzungen der Dissipation vertriiglich. Das weist darauf hin, daB dhnliche
Beitriige von der Verformung innerhalb der Gberbrickenden Fasern und von der Zwillingsbildung in der

0956-7151 92 $5.00 + .00

ProzeBzone herrihren.

1. INTRODUCTION

The application of y-TiAl for high-temperature
structural components is limited by its relatively low
toughness. Most measurements indicate an initiation
toughness of about 8 MPa,/m, with minimal increase
in resistance with crack extension [1]. Various
approaches for improving toughness have been
demonstrated, through process zone and bridging
zone mechanisms {3-6]. Compositions and micro-
structures that encourage mechanical rwinning within
a process zone have been shown to produce a material
with a steady-state toughness of ~16 MPa.fn.x
(Fig. 1) [2). but the strength of such materials is
relatively low. Ductile phase reinforcement with Nb
and Nb alloys has provided major improvements
in toughness, through plastic dissipation in the
reinforcing phase within a bridging zorne [1,3-7}
(Fig. 1). In this case, the fracture resistance increases

tFormerly with: Materials Department. University of
California, Santa Barbara, CA 93106, US.A.

{Formerly with: General Electric Aircraft  Engines.
| Neuman Way, Cincinnati, OH 45215, US.A.

with crack extension and depends on such variables
as the flow strength and ductility of the reinforce-
ment, the extent of interface debonding, the friction
at the interface, as well as the volume fraction,
the size and morphology of the reinforcement. The
highest toughness (Fig. 1) has been achieved with
laminates that exhibit appreciable interface debond-
ing {4]. Such materials are anisotropic, with relatively
poor through-thickness properties and. consequently,
are most appropriale for composites subject to
biaxial loading. Ductile reinforcement toughening
concepts have also been used to develop tough
isotropic intermetallics. One approach is to choose
a material system that has a cutectic between the
intermetallic of interest and a refractory metal,
leading 10 a two-phase intermetallic/metallic micro-
structure. This concept has been demonstrated for
the system NbSi;/Nb [7). Another approach is
addressed in this article, based on toughening
mechanisms promoted in laminate microstructures
between 7-TiAl and z,Ti, Al {8-10]. The responsible
mechanisms are not explicitly known, but it has
been demonstrated that the y-phase is susceptible to
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winning and dislocation activity {8). whereas the a2,
1s essentially dislocation free.

2. MATERIALS AND MICROSTRUCTURES

Three different materials have been investigated [8].
Material A is a single phase 7-TiAl having compo-
sition Ti-52Al. This material has an equiaxed grain
structure with a grain size of ~ 100 um. The other
two materials both have composition Ti-48Al-
2Cr-2Nb, but heat treated to produce different
microstructures. Material B has an equiaxed duplex,
microstructure consisting of primary y-TiAl grains of
size 15 um and lamellar grains, 25 um in diameter,
that consist of y-TiAl and 2,-Ti, Al laths. Material C
has a fully transformed lath microstructure (Fig. 2)
with a prior-a grain size = | mm. Transmission elec-
tron microscopy of this material [Fig. 2(b)] has
revealed that the laths consist, on average. of thin
(~0.1 um) layers of a; between y layers ~1 um in
thickness. The 7 layers also contain annealing twins,
+7. The laminates may thus be regarded as colonies
of 7, +T and a, laths. The orientation relationships
between a, and y are

{0001}, /{111 }yy
1201y 2,//{110)y;

The standard crystallographic elements characteriz-
ing the annealing and mechanical twin systems in L1,
structure are [2]

Ko Ko e m (LT (NIT) (102 4112)

The primary laminate colonies inside the prior-a
grains are often intersected by secondary colonies
located in the center of the grains [Fig. 2(a)]. The
secondary colonies often have an important role
as bridging ligaments (or crack nucleation sites). as
claborated later.

m

A HIGH-TOUGHNESS © -TITANIUM ALL MINIDE

3 MEASUREMENTS AND OBSERVATIONS

3.1 Test procedures

The fracture ressstance of these maternals has been
obtamned using a notched. three-point bending specs-
men. Precriacking has been conducted i monotonic
loading in & servohyvdraube machine subiect 1o con-
trol from the displacement on the compressed face
opposite the notch Subseguent loading was con-
ducted sty in the wanmng electron microscope
(SEM). as needed to momtor the sequence of events
that accompuny crack extension. For this purpose.
prior 10 testung. the side faces of the speamen were
given an opucal quality metallogruphic polish fol-
lowed by electropohishing. Prior 1o and following
crack propagation. the surfaces were churactenzed
in the scanning electron microscope using back-
scatlered electron imaging in order to obtain a strong
compositional contrast that reveals the lath structure

Fig. 2. The transformed Juth microstructure in matenial C,

(a) SEM of polished and erched surface. Note the presence

of primary and secondary lammnate colonies. (b) TEM
showing the 2, and twinned ; layers.
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Unfortunately, this imaging technique does not
disunguish the strong compositional contrast of the
lath structure from the weak topographic contrast
produced by shear events such as mechanical twin-
ning. Therefore. complementary observation of slip
and shear features was done using Nomarski
imaging in an optical microscope. Additional infor-
mation characterizing the non-linear behavior of the
materials was obtained by measuring the compressive
stress-strain curves. o (e ). using standard specimens.

3.2, Results

The fracture resistance information obtained on
the three materials is summarized in Fig. 3. The equi-
axed duplex microsiructure of Ti-48A1-2Cr-2Nb
gave a fracture resistance comparable to single phasc
+-TiAl (10 MPa, m or 500 Jm~?). The materials with
transformed lath microstructure exhibited initial
crack pop-in at a similar resistance. However, further
crack occurred at a substantially higher resistance,
which increased to ~25MPa/m (or ~3kim™?)
after crack extensions of ~ 1 mm. consistent with
previous measurements [9,10]. The increase in
toughness over that of single-phase 7-TiAl is thus
~2.5kim~2

The compressive stress-strain  behavior of
materials B and C (Fig. 4) indicates a yield strength,
a, = 400 MPa, followed by extensive strain harden-
ing. Comparison with a single-phase v-TiAl (Fig. 4)
that deforms by mechanical twinning suggests that
the presence of the non-deformable 1, laths strength-
ens the material. This phenomenon is qualitatively
consistent with the influence of high-aspect ratio
clastic discs on the flow strength [11).

In the tough, laminated material. several key obser-
vations have been made in the scanning electron and
optical micrascopes. Those colonies having laminate
planes within about 45° to the mode I crack plane
initially exhibit low resistance to crack propagation,
comparable 1o that for y-TiAl [Fig. 5(a)]. Crack
extension is associated with the formation of slip
events, presumably mechanical twins, in the y-layers
parallel to the laminate planes [Fig. 5(b)]. The density
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Fig. 3. Resistance curves measured for the three materials,
A.Band C.
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of mechanical twins in the process zone vanes as a
function of the distance from the crack plane. Within
the resolution limit of the optical microscope. there is
a high twin density in a 10 um zone around the crack
and a much weaker twin activity in a zone up to
200 um wide. [Fig. S(b)}. Continued crack extension
occurs with a relatively complex three-dimensional

gating parallel to the lath structure. Note the presence of

bridging ligaments. at B. (b) Nomarski imaging of stress

induced shearing events that form in a process zone around

the crack. Note that the main crack arrested at point A in

an intense twin process zone. A secondary crack, C, has
formed paralle] o the primary crack.
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and bridging mechanisms. The shear traces associated with mechanical twinning in a process zone¢ are
exemplified by the trace marked T. while bridging ligaments are marked B.

morphology, involving a twin process zone (Fig. 6).
coupled with bridging (Fig. 7), with a mix of multiple
cracking along laminate planes, and shearing of
bridging ligaments (Fig. 7). The basic elements of the
fracture process are summarized in the schematic
presented in Fig. 8. The crack front proceeds by
brittle fracture, seeking those colonies having planes
oriented close to the mode 1 path through the
material. Such crack advance is accompanied by the
formation of a process zone around the crack faces,
as witnessed by the formation of shear traces. pre-

tMechanical twins in the LI, structure produce a
shear strain, 0.749. It is conceivable that this strain
could induce microcracking due to incompatibility of
deformation at twin boundaries,

sumably twins, paraliel to the lathes. The cracks
seemingly renucleate ahead of the main crack. prefer-
emially in regions containing mechanical twins,t
at the intersections of primary and secondary lath
colonies. This process generates intact ligaments
bridging the main crack. Upon further crack opening.
the bridging ligaments deform by shearing mechan-
isms. presumably by iwinning in the ;-TiAl phase,
and eventually fail by debonding parallel 10 the
laminate plates. leading to a bridging zone length,
L =200 pm.

This general view of the fracture process is
consistent with SEM observations of the fracture
surface (Fig. 10). These reveal an essentially continu-
ous cleavage path with colony-sized islands subject to
distortions in the form of deformed ligaments (9, 10).
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The associated area fraction of bridging ligaments on
the fracture surface Is. 7 = 0.2,

Measurcments of the shecar strain of conjugate
traces within the liguments [Fig. 8(b)] provide ad-
ditional information of interest. The conjugate traces
reveal that the shear strain in bridging ligaments is
about 0.7, similar to the twinning strain for ;-TiAl
(0.749). The average ligament thickness. 4 = 50 gm.
Ligament deformation is yoverned by the angle 0.
between the shear planes and the mode I crack plane
(Fig. 9) and the debond length. /. The angle & is found
to be in the range. 60 <# <30 and the debond
length / = d.

4. ANALYSIS

The model of the fracture process in the lath
microstructure [Fig. 8(b)] allows a rationalization of
the improvement in fracture resistance. with the
following basic features. Crack extension imitiates
at an energy release rate governed by the fracture
resistance of the brittle constituent. As the crack

Fig. 7. {a) Example of a bridging ligaments. (b) SEM image
of the shear traces within the ligament.

(a) Actual Geometry

Primary Lamminate Colorves
/

{

~~ Seconoary Laminate Colonies
A

Bridgng

/ Ligament
[w]

Fig. 8. Schematic indicating the dominant features of the
cracking process.

extends. dissipation occurs, governed by the non.
linear deformation associated with the shearing
events along the laminate planes through process
zonc and bridging mechanisms. A comparison of
the measured steady-state toughening I', = 3kJm™*
with predictions for each mechanism provides a
preliminary assessment of their relative importance in
accordance with

=T+ Ty +T, M

S/ 4 a) Prospective Ligament

Deoona :-‘)r Shear Angie
A ,' A bj Ligament Formation
Y Shearing Plus Debonding

Bt .Y

Fig. 9. Schemalic of the bridging and debonding
mechanisms.
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Fig. 10. SEM micrograph showing the fracture surface of a
bridging ligament.

where I', is the brittle fracture resistance of the twin
planes that govern the crack path. I, is the dissipa-
tion in the bridging ligaments and I'; the dissipation
in the twin process zone.

Before proceeding. a consistency check is made
based on the width, A, of the the twin process zone.
In steady-state. this zone is predicted to be [12.13]

h = (/3122 )(ET,163). @)

Based on the measured values of [, and ¢, (Table 1),
h is predicted to be ~ 200 um. consistent with exper-
imental observations (Fig. 6). This zone is similar in
width 10 that found in a 7-TiAl that exhibits twin
toughening {2]. for which I',= 1 kim~". Also. the
ratio of the hardening H to the modulus E is
similar (Fig. 4). Since h and H'E appear to be the
important quantities affecting the twin toughening
{2). it seems reasonable to suppose that the process
zone toughening in the present material is also
Fyx1kim™.

The bridging zone dissipation is usually dominated
by plastic deformation within the ligamentst which
can occur in accordance with the schematic indicated
on Fig. 11, wherein debonding in conjunction with
a twinning shear allows the crack to open. as the
ligament deforms. The plastic dissipation per unit
area of crack is approximately

Ty = flynfs (3)

wherc 1, and 7, are. respectively. the shear stress
needed for twinning and the twinning shear strain
and fr in the volume {raction of the ;-phase within
the ligamenis that undergo twinning. Based on the
tnformation given in Table 1. equation (3) gives
Iy 1kim--.

The additive contribution of each mechanism
provides an increase in toughness of ~2kJm?
comparable to the measured value of ~2.5kIm~*,
Dissipation within both the process zone and bridg-
ing ligaments thus appears 1o adequately rationalize

+The debond energy being relatively small.

A HIGH-TOUGHNESS ;-TITANJUM ALUMINIDE

Table 1 A summary of laminate charactenstics

Average widith of bridging hgaments. 2 S0 um

Area fracuon of bridging colonies. f 2 0.2

Twin shear stran, 5, = 0.74

Twin shear siress. 7, = 200 MPa

Volume fraction of twins in the bndping colomes. 1y 204
Fracture energy of - -TiAl twin imtertaces. I = 300-500 Jm -
Young's modulus, £ = 200 GPa

Process zone width, 4 = 200 ym

Yield strength. g, = 400 MPa

the measured toughening. However. prediction of
trends in toughness with microstructure requires
additional analysis and insight.

5. CONCLUDING REMARKS

The relatively high toughness provided by the
laminate microstructure is consistent with dissipation
governed by twinning of the y-phase. The twinning
occurs within a process zone. as well as within crack
bridging ligaments. with about equal contributions
arising from the process and bridging zones. Process
zone twin toughening has been identified with other,
predominantly y-TiAl, microstructures {2]. The lami-
nate microstructures appear to provide an addirional
contribution to the toughness by allowing the
formation of bridging ligaments, which experience
extensive deformation between the crack faces as the
crack extends. The ability of the laminates to locaily
deflect cracks appear to be central to the incidence of
appreciable bridging, ieading to the large local strains
and the dissipation that occurs by twinning within the
bridging ligaments, once formed.

Further research of a basic nature on shear
deformation by twinning (and associated dislocation
mechanisms) in laminated structures is needed to
address the above features of the toughening process
and to provide a predicive model. Specificaily, a
rigorous model that incorporates the constitutive
behavior of the twinning material is required to relate
the toughening to aspects of the twin process zone,
comparable to that for transformation toughening
{12,13]. A basic mechanics of the microstructural
features that govern the formation and the response
of bridging ligaments also needs to be developed,
along the lines established for debonding and
dissipation in fiber composites [14].
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ABSTRACT

Some consequences of a simple theoretical model for the stress-induced, isothermal phase
transformation of an isolated tetragonal zirconia crystal are studied. The transformation to a
monoclinic state is viewed as mechanical buckling from one homogencous geometrical
configuration to another. The model is used to predict the manner in which an applied shear stress
should interact with hydrostatic stress in causing the transformation, and also the reverse
monoclinic-to-tetragonal phase change. An isolated tetragonal inclusion in an elastic matrix is also
considered, and its response to a far-field combination of shear and hydrostatic stress is analyzed.

INTRODUCTIQ: !

The discovery by Garvie et al (1975) of the transformation-toughening effects of zirconia
(ZrO) particles embedded in a brittle matrix has spawned a large literature on the subject (see
Evans and Heuer 1980, Evans and Cannon 1986, Green et al 1989, Rilhle and Evans 1989 for
reviews), and research continues apace. Early theoretical anaiyses of transformation toughening
were based on the assumption that a tetragonal-to-monoclinic phase transformation of zirconia
inclusions is provoked by a critical hydrostatic tension ( McMeeking and Evans 1982, Budiansky
et al 1983), and the same basis was used in several later studies (e.g. Rose 1986, Amazigo and
Budiansky 1988, Stump and Budiansky 1989ab). But in several theoretical studies (e.g., Evans
and Cannon 1986; Lambropoulos 1986; Chen and Reyes Morel 1987; Sun et al 1990; Stump
1991) shear-stress effects on transformation toughening have been explored, and found to be
substantial (and in Stump's work, startling). Furthermore, experiments on composites (Chen and
Reyes Morel 1986) have shown that shear and hydrostatic stress may interact significantly in
triggering the m—t transformation.

In this paper we explore some consequences of a simple theoretical model for the stress-
induced, isothermal phase transformation of an isolated tetragonal zirconia crystal. The
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transformation is viewed as mechanical buckling from one homogeneous geometrical configuration
to another. The analytical formulation is based on the most elementary polynomial strain-energy
fanctional that is sufficiently rich to imply the t—>m transformation at a critical pressure. A similar
functional has been written for zirconia by Chan (1988), but we explore its implications in rather
different directions her:. The model is used to predict the manner in which an applied shear stress
should interact with hydrostatic stress in causing the transformation, and also the reverse m—t
transformation. The tiicory also implies constraints on the signs and ratios of some of the elastic
constaats in the monoclinic phase. These results will be confronted with those of recent acoustic
experiments by Nevitt et al (1988) and atomic ab initio calculations by Cohen et al (1988).

On the basis of an idealized, approximate version of the model, we also look briefiy at an
isolated tetragonal inclusion iu an elastic matrix, and study its response to a far-field combination
of shear and hydrostatic stress vis-a-vis that of an unconstrained crystal.

MODELING GOALS

Guided by various experimental observations (particularly those of Block et al 1985), we
shall postulate several basic phenomenological features of the phase transformations of zirconia,
and atter.pt to build a mathematical mechanical model that is consistent with these ¢ ~aracteristics
ard permits the prediction of others. We will assurne that (i) a: a fixed temperature a single crystal
of zirconia is stable in a tetragonal configuration for sufficiently high pressures®; (ii) under
decreasing pressure, the zirconia suddenly snaps into a homogeneous monoclinic phase (sze Fig.
1) at a critical pressure p=p, ; and (iii) under subsequent reapplication of increasing pressure, a
sudden reverse transformation back to the tetragonal phase occurs at p=p.>p;. The data of Block
ct al show room-temperature values of p, ~ 2.8 GPa and p_ = p. + Ap.~ 3.4 GPa during such
pressure cycles, and also indicate that for increasing temperature both critical pressures decrease
linearly, with Ap, remaining conswant. This hysteretic behavior is illustrated schematically by the
phase diagram in pressure-temperature space sketched in Fig. 2, wherein the solid line represents
the tetragonal-to-monoclinic (t—»m) transformation under decreasine pressure at constant
temperature or decreasing temperature at fixed pressure, and th-. dashed line is the m-t boundary
for increasing pressure or increasing temperature. The obvious analogous interpretations of these
boundaries are presumed to apply for curved paths in pressure-temperature space, but in the rest of
this paper we will restrict ourselves to consideration of isothermal phase changes.

* At room temperature, the high-pressure phase may really be slightly orthorhombic rather than tetragonal (Arashi et
al 1988; Chiao and Chen 1990), but our clementary analysis remains applicable.
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The current lore of zirconia has it that at room temperature, and under purely hydrostatic
loading, a dilatational strain 8t of about .04 should occur during the tetragonal-to-monoclinic
phase ransformation. The magnitude of the accompanying shear strain yr with respect to one of
the two original pairs of a-c axes (see Fig. 1) is believed to be about .16, while the a-a axes, as
well as the other a-c pair, remain orthogonal as they transform into the a-b and b-c axes in the
monoclinic phase. Clearly, the transformation shear strain may be positive or negative
(corresponding to symmetry related variants of the monoclinic configuration) and so the sudden
martensitic t-to-m phase change induced by decreasing pressure has the carmarks of a symmetry-
breaking, mechanical instability akin to the buckling of an imperfection-sensitive structure. (The
general theory of buckling and post-buckling behavior of elastic structures is due to Koiter 1945;
see Budiansky 1974 for a review.) Following up on this point of view, we propose to regard the
t-to-m phase change under hydrostatic pressure as the result of a buckling instability at a critical
pressure p that follows from an appropriately invented strain-energy functional of the dilatation 6
and the shear strain yin the a-c axes. The formulation should also be consistent with the
hysteresis in critical press. = associated with the reverse transformation. The main goal of the
exercise will then be to sce -- without further assumptions or the introduction of additional
adjustable parameters -- what the model would predict about the simultancous effects of applied
shear stress and pressure in provoking the t-to-m phase change and its reversal. Other implications
of the model will also be deduced and assessed.

While this program contemplates an unconstrained zirconia single crystal, it can also be
imagined applicable to a parrially stabilized zirconia crystal containing a dopant (e.g., CaO, MgO,
CeO2, Y203) by adjustment of the magnitudes of p_, pc. and if necessary, 81 and ¥r.
However, stabilization of a zirconia inclusion by surrounding elastic material is another matter, and
we will use the Eshelby (1958) equations to make a preliminary study of the phase change of an
isolated spherical zirconia inclusion in an elastic medium subjected to combined hydrostatic stress
and shear. Here swinning becomes important, and we will make a few remarks about this.

MODEL ASSUMPTIONS AND CALCULATIONS

Strain- ial { eauilibri

We contemplate a tetragonal crystal subjected to an applied stress, but restrict ourselves to
external loading that consists only of hydrostatic stress 0=-p and shear stress 1 in a pair of a-c
axes (Fig. 3), and assume that the isothermal elastic strain energy density at room temperature may
be written as a smooth function F(8,Y) of the associated dilatation and shear strain. Thus we
suppress the possibility that a shear strain with respect to the other pair of a-c tetragonal axes will
occur. Also, for convenience, we assume that F(0,0)=0, and that 6 is measured from the
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1c -agonal state corresponding to y=0=1=0. The following polynomial choice for F(8,7) is the
simplest one that will have the modeling consequences that we seek:

F(6,7) =3K6? +1Gy? - 00y* + {1 By* + } Dy* (n
In the conventional small-strain approximation, the specific potential energy (i.c., the Gibbs free
energy) of the loaded system is then defined by '

@ =F(6,y)- 00 -1y )
and equilibrium states (8,y) are governed by the conditions
Lo 0 3
00 dy
of stationary potential energy. These equilibrium states need not, of course, be stable.
Hvd ic Joading (1=0)
With 1 dropped, we get the equilibrium equations
K6-Cy’=o (4a)
(G-2C8)y+BY’ +Dy° =0 (4b)
The fundamental solution is
8o=0/K, Y0=0 )

which identifies K as the tetragonal bulk modulus, which we assume to be positive. But we
require that for increasing o (i.e., decreasing p) this solution change from stable to unstable at
some critical value of 6. Since 3°®/dy? = G—2Co/K is positive when the fundamental state is
stable, we must have C>0, and so the tetragonal configuration becomes unstable for 6>0, where

KG
O, ==p, =~ 6
C Pc 2C ( )
is the critical hydrostatic stress for phase transformation. Note the parameter G will be negative if
the tetragonal phase is unstable in the stress-free state.

An alternative solution of (4) with w0 is specified by

— — —

=—+=72 (7a)
- == | e— - 2 [..._.. 4

c~0, [l K C}( +|BK (7b)

which provide o and 0 explicitly in terms of 42. This solution bifurcates from the fundamental
one (5) at 0=0.. These equations can be put into an illuminating nondimensional form. For v>0,
we demand that the relation between o and y implied by Eq. (7b) have the form sketched in Fig. 4,
with a minimum at 6, = 6 — Ac; and Eqs. (7) should have the solutions 8=0/K+8t and y=yr at
G=0,, corresponding to the monoclinic-phase strains . (There is, of course, a symmetrical
solution with y<0.) If we eliminate the constants in Egs. (7) in favor of K, 6r,yr, and AG, we
get
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and we can write Egs. (7) as

2
0-0; _ (7]
Or Tr i
2 ‘
SR -
Ac YT T

where 6 is the linear function of & given in (5). These equations provide the nondimensional
relations between load and distortion shown by the solid curves in Figs. Sab. We review the
behavior these curves reflect. Starting out from the tetragonal phase (y=0) with 6<0,, increasing
o simply induces elastic dilatation changes until the martensitic phase transformation into the
monoclinic state occurs as a consequence of the buckling instability at 6=0,. Then ¥ jumps to ¥r
and 0 increases suddenly by the amount 8. Under subsequent stress reversal, the material snaps
back to the tetragonal shape when o reaches o, - AC.

An immediate consequence of our simple model is that the instantaneous strain reductions
% and 6% during the reverse m—t transformation are given by ¥; =vr/~2 and 6% =61/2,
substantially smaller than the jumps of the t—m phase change. Clearly, such special relations can
not have any basic significance, and are not to be regarded as predictions. Rather, they emphasize
the likely need for more elaborate energy functionals in order to achieve consistency with the
details of actual relations between direct and reverse transformation strains. Such experimental

damforpmssmecychngmnoth;owntous

It is convenient to woxt wnh the reduced cnergy functional ®—®g, where @, defined as
the potential energy of the fundamental tetragonal state (5) under pure hydrostatic stress, is given
by

= 4K6} - 08 (10)
Then Egs. (1), (2), (6) and (8) provide a nondimensional reduced energy \ that may be written as
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where
o= Koy (12)
Ao
The equilibrium equations %_.‘f_’_ = —aai;- =0 give
2
6-8 -.-(l.) (13a)
6r T
2 4
[.“_‘.'Eg]lg .{_7.) +(_‘L) J_z (13b)
Ao Jyr YT Yr) (¥ 2

where we have introduced the nondimensional shear stress parameter

z® (-A:;I%f) (13¢)

(The 9-y relation (13a) is the same as it was for t=0.) Egs. (13) provide the dashed curves in
Figs. 5ab, which show how the application of a constant shear stress, represented by several
values of z, affects the relations between hydrostatic stress and strain. The important thing to note
is that in the presence of shear the t—m phase transformation under increasing © is no longer
associated with a bifurcation instability, as it was for t=0. Instead, for a range of non-zero t's,
the phase change reflects limit-point buckling at the local maximum in the G-y (or 6-0) relation,
and the critical stress G,y for the t—m jump may be reduced substantially below o, by the
presence of shear. For small values of 1, the snapping stress Op,x implied by Eq. (13) is given
asymptotically by 2

Omax ™ Oc - HAO)!/ 3(%77-) (14)
The reverse m~3t transformation stress Omi is also lowered by shear stress (linearly for small 1),
and the hysteresis [Omax-Omin] is less than the original Ac. Further, for sufficiently large values

of shear stress, namely
48 |3 8740
> —. | 15
2510 yq 13)
the tetragonal-to-monoclinic transition under increasing ¢ becomes gradual, losing its buckling
character, and under reverse loading the trip back follows the same continuous path. All of this is
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qualitatively consistent with the buckling behavior of imperfection-sensitive structures, in which
small initial displacements lead to catastrophic collapse at loads significantly lower than the critical
Stress-space phase diagram

Eq. (13b) implies that for 0=Cmax OF O=Cny, the variables v, ¢, and t must satisfy the

T e z(:,l s @fyl]
w436

where Eq. (16b) follows from the condition, for ﬁxed 1, (30/3y), =0 applied to (16a). Hence
Egs. (16) provide a parametric representation, via y/yr, for the t—m and m-»t phase boundaries
shown in Fig. 6. The range 0 Sv/y7 S+f3/10 gives Omex and the lower boundary, for Gumin,
corresponds to /3/10 < Y/¥1S J1/2. These curves intersect tangentially at the critical poins
2=(48/251/3/10, (0-0:)/Ac=-1.8, comresponding to (3’6/3y*) = 0. Note the vertical slope at

1=( of the t~»m boundary, consistent with Eq. (15). (The reflection of these curves about the ©-
axis provides the stress-space phase boundaries for 1<0.) The long arrows in Fig. 6 emphasize
the directions of stress change that provoke t—m and m—t phase changes, and the distance
between the two curves represents the hysteresis. But the phase diagram is also valid for arbitrary
stress paths in O-t stress space that cross the boundaries from the inside to the outside of the
region they bound. Finally, we note that stress paths that remain outside this region induce only
continuous strain changes, like those shown by the bottom curves of Fig. S.

The t—sm curve can be imagined analogous to a "yield" locus of plasticity theory, and then
the associated jumps in © and 7y are like plastic strains. But in conventional plasticity theory a
"normality” rule constrains the plastic strain ratios. In our problem, the condition of normality
means that at each point on the t—»m phase boundary, the t—m jumps 58 and &y, and increments
do and dt along the curve, would have to satisfy the relation 88do+&ydt=0. This is clearly not
so; indeed, at T=0, normality would imply §6=0!

It may be of interest to note that normality wowld hold if the phase jumps were arbitrarily
required to occur (reversibly) on a phase boundary in 0-1 space corresponding to the Maxwell
condition of equal Gibbs energy in the two phases, rather than at the states of limit-point
instability. Since the energy is

0.y (a.%)
= [(cdo+1dy)-c8-1y= [(Bdo+ydv) an
0.0) (0.0
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we have dF=0do+ydt along any curve in 0-t space. The energy jump 8F=0 therefore implies
8[dF] = 886do+dydt=0 along the Maxwell locus. (This kind of argument was used by Rice
(1971) to make normality plausible in plasticity.) But we emphasize that there is no apparent
reason to impose the Maxwell condition on martensitic phase changes that display stress
hysteresis.
M finic elasi fuli
A credibility check on our model can be made by calculating the predicted cross-compliance
dy/do = (dy/9c), of the stable monoclinic phase at zero pressure and shear, and comparing with
available experimental data (Nevitt et al 1988) and atomic-theory estimates (Cohen et al 1988).
From Eq.(9b), the shear strain vy at 6=1=0 (and room temperature) is given by
Yo _ 1+,/1-cc/Ao a18)
YT 2
and the cross-compliance dy/do follows from (9b) by differentiation. The reciprocal of this
compliance is the monoclinic cross-modulus given by

-1 2
@GR -
do ‘10 1T 1T
2
Ao lﬂ} ,1--‘-’-& (19b)
Yo AYT Ao

This is the slope of the 6-y curve (Fig. 4) at 6=0, y=yp. Similarly, by differentiation of Eq. (13),
we get the monoclinic shear modulus at 6=t=0 as

O ErE e

The sign of the predicted value of (dy/do)-! is of particular interest. Our model says it is
positive, which means that incremental hydrostatic tension applied to room-temperature,
monoclinic zirconia should increase the shear angle y defined in Figs. (1) and (2). Careful
attention to sign convention is clearly crucial in the assessment of this prediction vis-a-vis the
measurements of Nevitt at al and the atomic calculations of Cohen et al. Telephone communication
with both Nevitt and Cohen has confirmed that they used conventional monoclinic axes (Nye
1957), for which the B-angle between the a and ¢ axes (Fig. 1) is greater than 90°, whercas we
adopted the twinned configuration having an acute angle between the a and ¢ axes. This means that
we have to change the signs of their reported tension-shear cross-compliances when we use them
to make comparisons with the predictions of Eq. (19). (More precisely, in terms of the standard
crystallographic compliances S;;, our dy/do is equal to [-8;5—S25~S3s].)

Guided by the measurements of Block et al (1985) for room-temperature zirconia we
assume O.=-2.8 GPa and Ac=.6 GPa in Eq. (18) to get yo/¥r=1.30. Although the
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transformation strain yr has usually been presumed equal to about .16 , this is evidently based on
the value of (B—n/2), where B=99° is the reported magnitude of the angular lattice parameter of
monoclinic zirconia at zero pressure and room temperature (Green et al 1989). Hence it is more
appropriate to use .16 as the value of Y, rather than ¥y, in (19) and (20). A room-temperature
value of Oy is not well established, but we will evaluate Eq. (20) using the assumption y1/01 = 4.
This is consistent with lattice-parameter data quoted by Green et al (1989, p.220) for monoclinic
ZrQ, at 956°C and tetragonal ZrO,at 1152°C, which indicate 61~.03, rather than the usually
assumed value .04,

Table I shows the magnitudes of (dydo)~! and (dy/dt)~! thereby given by (19) and (20),
together with the values (for our coordinate system) derived from the measurements of Nevitt et al
and the atomic estimates of Cohen et al.

TABLE I
Monoclinic Moduli (GPa)
(6.=—2.8 GPa, Ac=.6 GPa, ¥0=.16, ¥1/01 = 4)
modulus | Egs. (18-20) | Nevistetal | Cohen etal
(dy/do)-! 121 - 680 400, 260
(dy/dt)-! 78 65 90, 64

The two sets of numbers in the last column correspond to two different atomic structures that were
assumed by Cohen et al for monoclinic zirconia.

Not too much significance should be attached to the absolute magnitudes of our numibers,
because our model is so primitive. But the difference in sign between our result for the cross-
modulus and Nevitt's experimental value is disappointing, because it is hard to see how our model
could easily be modified to change the sign of dy/dc. Of course, the same sign difference between
the Nevitt and Cohen results do suggest that final judgement may be premature. In this
connection, we have scrutinized the elastic constants tabulated by Simmons and Wang (1971) for
21 different monoclinic materials, and we find that dy/do is positive for 12 of these, and negative
for the rest. Perhaps our model and variants thereof could make sense only for some kinds of
monoclinic materials and not others. (Also, we remain uneasy about the consistency of the sign
conventions for monoclinic crystals used by various authors.)

Although our zirconia model has failed to pass the experimental credibility check we
sought, we will stay with it a little longer, and explore some of its consequences concerning phase
changes of inclusions from tetragonal to monoclinic, and back.

Elasticall ined |

We contemplate next an isolated, single tetragonal crystal embedded in an infinite matrix of

non-transforming, isotropic, linearly elastic material, and seek to determine critical combinations of
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stress at infinity that will cause its transformation to a monoclinic phase. We restrict ourselves to
the application of just two stress types at infinity, namely hydrostatic stress 0™ and a single shear
stress t=, the latter aligned with the a-c axes (Fig. 3) of the tetragonal inclusion. In this
exploratory study, we will make some simplifying assumptions, as follows:

(i) the inclusion will be assumed to be spherical;

(ii) strains will be assumed homogenous in the inclusion; specifically, twinning will be
presumed not 1o occur,;

(iii) we will continue to apply the single crystal relations (9a) and (13) connecting G, 1, 6,
and Y10 the inclusion, with © reinterpreted as the mean normal stress. This represents an extra
simplifying assumption, because the constrained crystal will suffer stress states that are more
complex than the combination of pure hydrostatic loading and simple shear which we contemplated
in our study of the unconstrained crystal;

(iv) the bulk modulus of the matrix will be set equal to the tetragonal bulk modulus K of the
inclusion.

Assumption (ii) is drastic. Constrained tetragonal zirconia inclusions generally do display
multiple twinned monoclinic bands when they transform. It seems nevertheless worthwhile to
pursue the idealized constrained-crystal model we have set, to see how the calculations go, in
preparation for the considerably more sophisticated analysis that would be needed to take twinning
into account; and to gain some insight into the magnitudes of stresses and strains that would be
involved in a hypothetical twin-free transformation.

The exact Eshelby-Hill relations (Eshelby 1959; Hill 1965) for a homogeneous spherical
inclusion can be written as

0" ~o=K(a"-1k8-6")
T —1= GM(B—l ~ 1)(7-7")
in terms of the bulk modulus K and shear modulus Gy of the matrix, and the Eshelby parameters

@n

- 1+v =2(4--5v)
®=2i-v) P=Tsa-w @)

The strains at infinity are 6~ =6" /K and Y™ =1"/K. With Gy =K[3(1-2W)]N2(1 - V)),
Egs. (21) together with the inclusion relations (13) may be used to eliminate 6 and 1, and get the
connections

2
0-0" _ .1.)
6r 1T (220)
[o--o“ww"r)z]l“ *(l)2+(i)4]7 LNl )
Ac YT Tt Tr JYT 28

A= X1-2vX7-5v)

where
4(1+ vX4-5v)

(23)
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and c=l-w(l-a)/d4 (24)
It now follows from (22b) that for t==0, the tetragonal inclusion strains remain equal to 6 =6~
and vy = Ountil 0™ reaches the bifurcation stress

o7 =0, + AwAG(YT /61)?

=0, +AKy3 /6, (25)
The inclusion strains will then have finite jumps only if ¢>0, with magnitudes
¥r=eyr, Gp=achy (26)
During reverse loading the jump back to the tetragonal state will occur at 6 = o - Ac™, where
Ac™ =c?(Ac) @7

is the hysteresis in 6*. The relations (22) may now be rewritten 10 look very much like those in
(13) for the unconstrained crystal, as follows:

- 2
-6 _[y) (28a)

sl -
where z;—(—Ii) 29

Accordingly, for ¢>0, all of the results plotted in Figs. 5-6 become applicable to the constrained
crystal, simply by substituting 6™, o, Ac™ for 0, o, and Ao, respectively, and replacing vr,
Or.and zby ¥r, 8y, and Z. For the special case v=.2, Eqgs. (22) give a=P=.5, and the analogy
between Eqs. (13-14) and Eqgs. (28-29) becomes perfect. For this choice of v, we get A=3/8 and
c=1-a/8.

For c¢<0, Eqgs. (22) show that even with t*=0 the inclusion would undergo a smooth
transition to a monoclinic-like state as the remote hydrostatic tension is increased beyond its critical
value. This corresponds to the case called "subcritical” by Budiansky et al (1983); their
"supercritical” case, in which the constrained inclusion transforms abruptly at a critical stress,
corresponds to ¢>0.

A rough estimate of O via Eq. (25), with A=3/8, K=150 GPa, 6.=—3 GPa, yr=.12, and
61=.03, gives 0. =24 Gpa. This seems much too high; working backwards from measured
oughnesses of ransformation-toughened materials suggests values of 7 around 1/2 GPa. Some
reduction of the elastic constraint on inclusions can be attributed to inclusion interaction, but the
chief culprit invalidating the calculation of G must be twinning. Finally, we note that for v=.2,
the supercritical transformation criterion ¢>0 requires w=K61/A0 < 8; with Ac=.6, we get the
estimate =10 -- too high for supercriticality.
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Twin bands and twinni

There are at least two distinct ways in which twinned configurations could occur in
transforming crystals (Chen and Chiao 1983), thereby invalidating our calculations. First of all,
cven an unconstrained tetragonal crystal can be expected to suffer twinning as it transforms 1o the
monoclinic state, as a consequence of habit-plane compatibility requirements when a phase-change
interface sweeps across the crystal (Wayman 1964). Second, minimum-energy requirements
associated with the phase change of an elastically constrained embedded single crystal may induce
bands of monoclinic variants, as has generally been observed in all but very small inclusions. At
least qualitatively, this kind of twin-band development, and the dependence of the number of twin
bands on crystal size, may be understood (c. g., Evans et al, 1981) on the basis of a trade-off
between the reduced elastic strain energy provoked by multiply twinned configurations of
transforming embedded inclusions and the band interface surface energies. A quantitative
mechanical analysis of these twinning issues and their interactions, in the spirit of the present
approach, remains to be executed. Not least of the difficulties in such a task is the stipulation of
the required twin-band interface energies, the magnitudes of which are not known.

CONCLUDING REMARKS

Subject to the admittedly drastic simplification of permitting only homogeneous states in
both constrained and unconstrained crystals, we have presented a model for tetragonal-to-
monoclinic transformation in zirconia, and the reverse phase change, under a simple state of
combined hydrostatic tension © and shear t. The nature of the combined G- stress conditions for
phase change has been explored, albeit speculatively, as have several other implications of the
model. Similar studies involving more complex stress states of loading can be undertaken, and
the more challenging problem of incorporating twinning effects remains to be met.
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Fig. 1. Tetragonal and monoclinic axes.
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Introduction

Cobalt-tungsten carbide cermets are prototypical dual-phase composites wherein the metal is the minor
phase (volume fraction, £, =0.1-0.2), but is continuous, because of capillarity effects at the interphase interfaces
during sintering. The refinement of such composites into the nanometer size scale regime is of interest and
indeed, has been achieved [1], with the expectation that nanoscale refinement will enhance such properties as
hardness and tensile strength. The role of plastic flow in the metal phase on the stress/strain curve of these
composites is addressed in this article. The emphasis of most previous analyses of dual-phase metal/ceramic
composites has been on the flow strength of systems with dispersed particles, in the £, >0.5 range. The results
have been interpreted either by using a dislocation pile-up approach [2] or (for £, > 0.8) by considering dislocation
loops bowing around particles [3]. Here, we suggest that neither of these models is appropriate for cermets with
small mezal fraction (f,,<0.2) ai size scales in the nanometer regime. Instead, flow in the metal is related to
single dislocations moving in the metal channels, controlled by an Orowan-type relation. Furthermore, the
constraint of the less deformable WC is shown to provide strong flow strength elevation. The latter effect has
previously been evaluated for structures in the micrometer (or greater) regime in terms of a continuum approach

(4]

The flow properties are expected to be sensitive to microstructural details, especially the morphotogy of
the metal phase. Two bounds are analyzed (Fig. 1): i) both phases are continuous, with the metal as a cylindrical
network along the three-grain interface of the ceramic, it) only the metal is continuous and thus serves as a
"matrix” with embedded ceramic particles. In all cases, it is assumed that the stress is below that at which cracks
form in the ceramic, that the interfaces are "strong” (do not debond) and that the ceramic is elastic. Analysis
of the latter morphology is approached from two perspectives: one based strictly on continuum plasticity,
wherein there are no size effects, and the other using dislocation models. Comparison of these two approaches
provides important insight about nanoscale issues.
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Analysis
Both Phases Continuous

When both the metal and ceramic are continuous, the stress/strain behavior without cracking should be
bilinear (Fig. 2a) and essentially the same as that fornd for either a metal matrix composite with continuous
ceramic fibers [S] or a ceramic with a dispersed metal phase [6]. The initial modulus, E,. is governed by that
for the composite E, and the slope, E,, beyond the "knee” is related to modulus of the composite with all of the
stress borne by the ceramic. The intermediate behavior around the "knee” is governed by the flow properties
of the metal, through the evolution of load shedding to the ceramic. The magnitude of E, depends on the precise
morphology of the metal, analogous to the strong effects of pore shape on the moduius of porous bodies. Two
extremes are of interest. When the metal has the morphology of rods aligned along the ioading axis, the "rule-of-
mixtures” applies, such that

EJE = (1-f) (la)

Conversely, when the metal occurs as an isolated spherical phase

EIE, = 1+[10/7-5v)}fJ(1-£.) (1b)

where v_ is Poisson’s ratio for the ceramic. The corresponding composite Poisson’s ratio is
v, = (1/2)-E{1-2v)2E (1c)

The location of the "knee” and the behavior in its vicinity are strongly influenced by the highly constrained
nature of the plastic flow in the metal. Consequently. there are major effects of morphology and of residual
stress caused by thermal expansion misfit. The details are not addressed in this article.

Continuous Metal Phase
Continuum Approach

Some basic continuum resuits [7.8] are reviewed first. The stress/strain curve for a thin metal layer
between elastic plates (Fig. 2b}, in the absence of work hardening in the metal, exhibits a non-linear transient
with high apparent work hardening of the composite, followed by a limit stress, a,, given by;

o,/c, = (3/4)+(1/4)d/h 2

where o, is the uniaxial yield strength of the metal, h is the metal thickness and d the plate width. This iimit
stress develops after strains in the metal layer of order €, where e is the uniaxial yield strain. If the metal layer
in the composite has uniform width everywhere, the initial value of d/h in Eqn. (2) is related 10 the metal volume
fraction, in approximate accordance with

£, = 3nd. (3a)

More generally,
J. = 3xhid (3b)

where x is dependent on the excess metal phase at three- and four-grain interfaces. The simplistic results
obtained by inserting Eqn. (3¢) into Eqn. (2) have several obvious limitations. The most important problems
are concerned with i) the metal phase morphology. ii) meal phase redistribution and iii) work hardening in the
metal. Even when the metal is perfectly plastic, g, is sensitive to x, which dictates the metal concentration at
which the ceramic phase becomes connected, f,,". This effect is illustrated in Fig. 2 for the case of a ceramic

phase having nominal "equiaxed” morphology. As expected, o,fo -« as f,-f,. Hence the definition of f, in
terms of the metal phase morphology is crtical. In addition, conservation of volume in the metal (assuming no
debonding and no cavitalion) requires metal redistribution, such that the meial phase thickness h along the
transverse interfaces diminishes as the composite deforms. In the limit, h can reach zero, leading 1o contact of

11
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cerumic grains and a decrease in the effective value of the area fraction £ in some regions. Thi eftect further
efevates the flow strength as the composite detorms und obviates the evstence of u limit loud. Finadls. work
hardening in the metal increases the flow strength. Some typical effects for power iaw hardening with equiaxed
particles (when f,=0.8) are illustrated i Fig. 3.

In summary, the dramatic effects of morpnology and of work hardening in the metai on the siress/strin
curve establish that predictions are only meuaningful when complete experimental information iv availuble
concerning these factors. Without this information, the utility of the continuum description cannot be evaluited
However. it is emphasized that the continuum approach does not give a particle size effect in the shsence of
cracking. debonding and cavitation, at least when the morphology i1s size independent. Cleur expernimental
information that particle size is important. in some cases. indicates the need for a distocation-based approach
to address certain aspects of the flow behavior.

isl ion roach

In the nanometer size regime. two issues are important. Dislocations can neither bow around the ceramic
particies. because of geometric constraints, nor can they be sustained in a pileup array, because the stress 1o
sustain two dislocattons (the minimum size pileup) exceeds that to move a single loop. Instead. loops nucleate
and deposit at the interface, as shown in Fig, 4a. The segment of these loops remaining in the metal phase can
then move in the z direction as represented in Fig. 4b. In the case depicted. the dislocations in the interface ure
considered to be edge dislocations and the moving segments screw dislocations. The structure is analogous to
that within i) persisient slip bands in fatigued metais [9): ii) heavily deformed pearlite {10]; and iii) strained
multilayer structures (strained superlattices) [11]. When the modulus of the ceramic exceeds that of the metal,
the dislocations encounter an image repulsion and stand off a distance v, from the interfuce [12,13). For an
extreme case of Al,O,/Nb, with a shear modulus ratio of 6, the stand-off distance is y,=0.09h. Hence. for most
cases, this image effect can be neglected®

The resolved effective shear stress to move the dislocation segment is
t = pbcosdlh (4

where u is the shear modulus. b is the Bucgers length and ¢ is defined in Fig. 4c. The angle ¢ is dictated by
the line energy of the moving (screw) segment,

(W,IL) = (pb*4n)In(h/b) (Sa)

relative to that of the edge segment deposited at the interface
W_IL = [ubY4x (1-W]In(A/b) (5b)

Here, 4 is the mean dislocation spacing in the interface. Usually. as soon as microstrain is imposed on the
system, A decreases with strain to a limiting value , 2-3b [14). The relation among the above gquantities is:
cose=W,/W,.. Consequently, since W, depends weakly on h, the power dependence of r on h deviates only
slightly from -1 "[15).

The resolved effective shear stress must equal the resolved flow strength, such that,
0,~0, = t/m = pbcosd/mh (6)

where m is the Schmid factor for the active glide plane. The relationship between o,, and o,, depends on the
constraint thal develops in the thin meztal jayers. This, in turn, depends on the plastic flow that occurs around
the corners of the ceramic particulate, between the transverse and normal layers. If such flow in inhibited, the
system behaves in a strictly elastic manner. Conversely. if this process occurs readily, the composite flow strength

it is significant, the cffeetive Orowan scgment fength becomes h-2y instead of h.

Usually, scatter in data is such that it is difficult (o discern dewiations from -1 power.
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is dictated by a constraint factor, analogous 1o that for the continuum phenomenon, Eqn. (1). Furthermore,
composite flow is controlled by the fransverse layer thickness, which decreases as the composite deforms, leading
to geometric hardening. Specifically, since the plastic strain is limited to the metal phase, the transverse plastic
strain is

&L =2 = -ah2d (72)
whereupon the transverse layer thickness reduces to
Wd = (h,jd)+el, (Tb)

where h, is the initial metal layer thickness. The ratio h,/d is, in turn, related to the metal volume fraction,
subject 1o the metal phase morphology parameter x. Eqn. (3b). The plated dislocations in Fig. 4a provide load
shedding to the ceramic phase just as in the continuum amalysis. Hence, Eqn. (2) applies to this case with

o,=1/m, Eqn. (6). The limit flow strength for nanoscale structure thus becomes,

o - Scosbr’bidu ,,é{l_flf'g]} (8a)
amff QP | x| Y
= [Scosdx’(Bid)u/dmy,) [1+3x€,lf,) (8b)

Consequently, when f,, is small and the metal phase morphology dictates that x > 1, constraint becomes a dominant
factor, leading to linear hardening. Furthermore, there is a nanoscale size effect, associated with the term b/d.
Note that the linearity in the hardening is qualitatively similar i0 the flow behavior expected when the ceramic
phase is continuous.
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Fig.1l. Ceramic-metal composites with (a), the metallic
phase continuous and (b), both phases continuous.

' - Ceramic

- Metal

€,

|

Fig. 2. Typical stress-strain curves for ceramic-metal
composites with (a), both phases continuocus and (b),
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Fig. 4. Dislocations formed in a phase and (a), deposited
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bowing out and moving (view perpendicular to (a). (c) shows
the geometry of the bowed segment.




