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EXECUTIVE SUMMARY

1. GENERAL STRATEGY

The overall program embraces property profiles, manufact•- ing. design

and sensor development (Fig. 1) consistent with a concurrent engineering

philosophy. For this purpose, the program has created networks with the

other composites activities. Manufacturing research on MMCs is strongly

coupled with the 3M Model Factory and with the DARPA consolidation team.

Major links with Corning and SEP are being established for CMC

manufacturing. Design Team activities are coordinated by exchange visits, in

February/March. to Pratt and Whitney, General Electric, McDonnell

Douglas and Coming. Other visits and exchanges are being discussed.

These visits serve both as a critique of the research plan and as a means of

disseminating the knowledge acquired in 1992.

The program strategy concerned with design attempts to provide a

balance of effort between properties and design by having studies of

mechanisms and property profiles, which intersect with a focused activity

devoted to design problems (Fig. 2). The latter includes two foci, one on

MMCs and one on CMCs. Each focus reflects differences in the property

emphases required for design. The intersections with the mechanism

studies ensure that comrmonalties in behavior continue to be identified, and

also facilitate the efficient transfer of models between MMCs and CMCs.
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2. PROPERTY PROFILES

Each research activity concerned with properties begins with

experiments that identify the principal property-controlling phenomena.

Models are then developed that relate the physical response to constituent

properties. These models, when validated, provide the constitutive laws

required for calculating stress redistribution, failure and damage

progression. They also provide a solid physics and mechanics

understanding, which can be used to judge the effectiveness of the

simplified procedures needed for design purposes.

2.1 Fatigue

Studies of the propagation of dominant mode I fatigue cracks from

notches in MMCs, including the role of fiber bridging and fiber failure, have

been comprehensively addressed (Zok, McMeeking). Software programs that

include these effects have been developed. These are being transferred to

Pratt and Whitney and KAMAN Sciences. The effects of thermal cycling on

crack growth in MMCs have also been modelled (McMeeking). The results

highlight the opposing effects of cycling on matrix crack growth and fiber

failure (the fatigue threshold), when thermal cycles are superposed onto load

cycles. Notably, matrix crack growth is enhanced by out-of-phase

thermomechanical cycling, but fiber failure is suppressed (and vice versa for

in-phase cycling). Experimental studies that examine these predictions are

planned (Zok).

Studies have also been conducted on systems that exhibit multiple

matrix cracking (Zok). The tensile stress-strain behavior of composites

containing such cracks is analogous to the behavior of unidirectional CMCs
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under monotonic tensile loading. As a result, models developed to describe

the tensile response of the CMCs have found utility in describing the MMCs.

However, two important differences in the two classes of composite have

been identified and are presently being addressed. The first deals with the

nature of the crack patterns. In the CMCs, the cracks are more or less

uniformly spaced and generally span across the entire composite section. In

contrast, the MMCs exhibit a broader distribution of crack sizes, many of

which are short compared with the specimen dimensions. Methodologies for

measurement and interpretation of crack densities in MMCs are being

developed. The second problem deals with degradation in the interfacial

sliding properties with cyclic sliding in the MMCs. Such degradation is

presently being studied using fiber push-out tests in fatigued specimens.

Thermal fatigue studies on MMCs subject to transverse loading have

been performed and have established the conditions that allow shakedown

(Leckie). The shakedown range is found to be strongly influenced by the

extent of matrix creep, which defines a temperature limitation on the use of

the material. The eventual outcome of this activity would be the

specification of parameters that ensure shakedown and avoid ratcheting.

The next challenge for MMCs concern the quantification of transitions

in fatigue behavior, especially those found at higher temperatures. These

include multiple matrix cracking and shear band formation. Experimental

studies are in progress which will be used to establish a mechanism map.

The map, when developed, would explicitly identify the transitions (Zok). The

analogous behavior found in CMCs will facilitate this development. Other

high temperature phenomena to be explored include changes in the

interfacial sliding behavior due to both relaxations in the thermal residual

stresses and the growth of reaction products near the fiber-matrix interface.
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Fatigue damage studies on 2-D CMCs will focus on interface and fiber

degradation phenomena, especially at elevated temperatures (Evans. Zok).

Cyclic loading into the stress range at which matrix cracks exist is known to

modify the interface sliding stress and may weaken the fibers. These

degradation effects can be distinguished, because they change the

hysteresis loop and reduce the UTS, respectively. Experiments that probe

these material responses are planned. In addition, models that include the

influence of cyclic fiber failure and pull-out on fatigue damage will be

developed (Suo).

2.2 Matrix Cracking

Models of the plastic strain and modulus changes caused by various

modes of matrix cracking have been developed. These solutions have

provided a rationale for experimental studies on the tensile and shear

behavior of CMCs and on the fatigue of MMCs (Hutchinson, Zok. Evans,

Suo, Budiansky, McMeeking). The information has been used in two distinct

ways. (i) Test methodologies have been devised that relate

stress/displacement measurements to constituent properties (Table I).

(ii) Stress/strain curves and matrix crack evolution have been simulated for

specific combinations of constituent properties.

The development of the procedures and their implementation are still in

progress. Independent solutions have been established for matrix cracks in

0' plies and 90' plies upon tensile loading. The former has been

experimentally validated on l-D materials (SiC/SiC and SiC/CAS).

Measurements of plastic strain, hysteresis loops and crack densities have

been checked against the models for consistency.
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TABLE I

Relevant Constituent Properties and Measurement Methods

CONSTITUENT PROPERTY MEASUREMENT

"* Pull-Out Length, h

"* Saturation Crack Spacing, ls
Sliding Stress, T

"• Hysteresis Loop, 8 E 1/2

"* Unloading Modulus, EL

"* Fracture Mirrors
Characteristic Strength, So, m

"* Ultimate Strength, S

"• Bilayer Distortion

Misfit Strain, Q2 (q) * Permanent Strain, -p

"• Residual Crack Opening

* Monolithic Material

Matrix Fracture Energy, Fm Saturation Crack Spacing, TS

• Matrix Cracking Stress, rnc

"* Permanent Strain. Cp
Debond Energy. ri

"• Residual Crack Opening
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The next challenge is to couple the models together in order to simulate

the evolution of matrix cracks in 2-D materials, subject to tensile loading

(Hutchinson, Budiansky). Related effects on the ultimate tensile strength

caused by stress concentrations in the fibers in the presence of matrix

cracks, would also be evaluated. Experimental measurements of

stress/strain behavior in 2-D CMCs, with concurrent observations of matrix

crack evolution, would be used to guide and validate such models (Evans,

Kedward).

2.3 Constitutive Equations

Constitutive equations provide the link between material behavior at

the meso-scale and the performance of engineering components. The

equations can be established from the results of uniaxial and transverse

tensile tests together with in-plane shear loading. For a complete

formulation, which describes accurately the growth of failure mechanisms

and the conditions of failure at the meso-scale, it is also necessary to

perform calculations which are valid at the micro-scale.

These procedures have been completed for metal-matrix composites

(Jansson, Leckie), and the resulting constitutive equations are operational

in the ABAQUS finite element code. The behavior of simple panels

penetrated by circular holes have been studied and the results await

comparison with experiments which are planned for the coming year. The

constitutive equations are formulated in terms of state variables which

include the hardening tensors and damage state variables which describe

debonding at the interface and void growth in the matrix. The format is

sufficiently general to allow the inclusion of failure mechanisms such as

environmental attack as the appropriate understanding is available. For
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example. the effect of matrix and fiber creep mechanisms (Aravas) have also

been introduced into ABAQUS. and it is proposed to extend the creep

conditions t. Include the effects of variable loading and temperature.

A similar approach has been taken towards the modulus of CMCs. In

this case, efforts have been made to include the influence of matrix

cracking, in-plane shearing and fiber breakage. The latter consideration is

based on the global load sharing model (Hayhurst). The equations are also

available in ABAQUS. At present, matrix cracking is introduced by

assuming a matrix stress accompanied by an increase of strain. However.

based on the more recent understanding of the growth of matrix cracks

(above) it is intended to introduce these mechanisms into the constitutive

equations for CMCs.

2.4 Creep

The emphases of the creep investigations have been on the anisotropic

characteristics of unidirectional layers in which the fibers are elastic, but

the matrix creeps. Experiments and models of the longitudinal creep

properties of such materials have been initiated (McMeeking, Leckie, Evans,

Zok, Aravas). The critical issues in this orientation concern the incidence of

fiber failure and the subsequent sliding response of the interface. A

modelling effort has established an approach that allows the stochastic

evolution of fiber failure to occur as stress is transferred onto the fibers by

matrix creep (McMeeking). This approach leads to creep rates with a large

power law exponent. Various attempts are underway to incorporate the

interface sliding initiated by fiber breaks and to introduce sliding into the

creep rate formulation. Experiments being performed on unidirectional Ti

matrix materials are examining the incidence of fiber failures on the creep
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deformation (Evans, Leckie. Zok). These results will guide the modelling

effort concerned with interface sliding effects. Insight will also be gained

about fiber failure stochastics during creep, especially differences from room

temperature behavior.

The transverse creep properties are expected to have direct analogies

with composite deformation for a power law hardening matrix (Section 2.3).

In particular, the same effects of debonding and matrix damages arise and

can be incorporated in an equivalent manner (Leckie. Aravas). Testing is

being performed on Ti MMCs and on SiC/CAS to validate the models.

Experiments on Ti-matrix 00/90° cross-ply composites are planned.

Creep models appropriate to cross-ply materials will be developed by

combining those corresponding to the unidirectional iidaterials in the

longitudinal and transverse orientations, using a rule-of-mixtures approach.

Such an approach is expected to be adequate for loadings in which the

principal stresses coincide with the fiber axes. Alternate approaches will be

sought to describe the material response in other orientations.

Some CMCs contain fibers that creep more extensively than the matrix.

This creep deformation has been found to elevate the stress in the matrix

and cause time dependent evolution of matrix cracks. This coupled process

results in continuous creep deformation with relatively low creep ductility.

Experiments on such materials are continuing (Evans, Leckie) and a

modelling effort will be initiated (Suo). The models would include load

transfer into the matrix by creeping fibers, with sliding interfaces, leading to

enhanced matrix cracking.
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2.5 Tensile Strength

The ultimate strength (UTS) of both CMCs and MMCs (as well as fatigue

and creep thresholds) is dominated by fiber failure. With the global load

sharing (GLS) conceit of fiber failure now well established, the recent

emphasis has been on defining the constituent properties needed to ensure

GLS. The approach has been to perform local load sharing calculations and

then compare experimental UTS data with the GLS predictions (Curtin,

Evans, Leckie). The situation is unresolved. However, initial calculations on

CMCs (Curtin) and MMCs (Evans) have provided some insight. Two key

remaining issues concern the magnitude of the stress concentration in

intact fibers caused by matrix cracks and the role of fiber pull-out in

alleviating those stresses. Calculations of these effects are planned

(Budiansky, Suo).

Degradation of the fiber strength upon either high temperature (creep)

testing, atmospheric exposure, or fatigue are other topics of interest.

Rupture testing performed under these conditions will be assessed in terms

of degradation in fiber properties.

3. DESIGN TEAMS

3.1 The Approach

The overall philosophy of the design effort is to eventually combine

material models, with a materials selector, and a data base, within a unified

software package (Prinz). One example of a composites data base is that

developed for MMCs by KAMAN Sciences, which forms the basis for a

potential collaboration. The materials selector has already been developed
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for monolithic materials (Ashby) and is available for purchase. This selector

requires expansion to incorporate phenomena that have special significance

for high temperature composites, including creep and thermal fatigue. These

new features will be developed and included in the advanced selector

software (Ashby).

The modelling approach is illustrated in Table II. Failure mechanisms

and their effect on material behavior have been introduced into constitutive

equations. The stress, strain and damage fields which develop in

components during the cycles of loading and temperature can then be

computed. Experiments shall be performed on simple components such as

holes in plates, and comparison made with the computational predictions.

Since constitutive equations are modeled using the results of coupon tests,

it is likely that additional failure modes shall come to light during

component testing. These mechanisms shall be studied and the appropriate

mechanics developed so that their influence is correctly factored into the

constitutive equations. In this way, increased confidence in the reliability of

the constitutive equations can be established in a systematic way.

In practice, it is most probable that the constitutive equations are too

complex for application at the creative level of the design process. It is then

that simple but reliable procedures are of greater use. Some success has

been achieved in this regard for MMCs subjected to cyclic mechanical and

thermal loading (Jansson, Ponter, Leckie), as well as for strength

calculations of CMC panels penetrated by holes (Suo) and the fatigue of

MMCs (Zok, McMeeking). In all cases simplifications are introduced after a

complete and reliable analysis has been completed which provides a

standard against which the effects of simplification can be assessed.
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3.2 Ceramic Matrix Composite Design

The design effort on CMCs will have its major focus on pin-loaded holes

used for attachments (Fig. 3). A smaller activity, expected to expand in

1994, will address delamination cracking. The hole design includes several

related topics. Each topic is concerned with aspects of constitutive law

development (Table Il1). highlighted during the study group. Combined

experimental and modelling efforts on the tensile properties of CMCs have

established that the plastic strains are dominated by matrix cracks in the 0'

plies. The matrix cracking models developed in the program demonstrate

that these stra- is are governed by four independent constituent properties

[(Table 1) T, Fi, QŽ and Fimn which combine and interrelate through five non-

dimensional parameters (Table IV). This modelling background suggests a

concept for using model-based knowledge to develop constitutive laws. The

following steps are involved (Table Ill). (i) A model-based methodology for

inferring the constituent properties of unidirectional CMCs from

macroscopic stress/strain behavior has been devised and is being

experimentally tested on a range of materials (Evans). (ii) Upon validation,

the models would allow stress/strain curves to be simulated (Hutchinson).

This capability would facilitate a sensitivity study to be performed. in order

to determine the minimum number of independent parameters that

adequately represent the constitutive law. A strictly empirical law would

require 3 parameters (yield strength. hardening rate and unloading

modulus). Consequently, the objective might be to seek 3 combinations of

the 4 constituent properties. (iii) Experiments would be performed and

models developed that establish the matrix cracking sequence in 2-D

materials (Hutchinson, Evans, Kedward). These would be conducted on

14
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TABLE IV

Summary of Non-Dimensional Coefficients

S= [f/(1 - f)] 2 (Ef EL /Em)(aD T/RSu), Flaw Index for Bridging

Ap = (ao /fh) (Sp /EL), Flaw Index for Pull-Out

D = Fm(1-f)2 EfEn/ft 2 ELR, CrackSpacingIndex

H = b 2 (1-a 1f)2 RU/4d¶lEm f 2 , Hysteresis Index

I = ap /Em Q, Misfit Index

6M = 6Tm f 2 Ef/(l-f)E2 REL, Matrix Cracking Index

Q = Epf •/EL(l-v), Residual Stress Index

Ai = (1/cifŽ)VFi/EmR, Debond Index
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CMCs with a range of different constituent properties and fiber

architectures. The plastic strains would be related to constituent properties

by adapting the 1-D models.

The in-plane shear behavior will be characterized by performing

experiments and developing models of matrix cracking that govern the

plastic shear strain in 2-D CMC (Evans, Hutchinson, Bao). The information

will be used to establish the constitutive laws for in-plane shear, as well as

interlaminar shear. For continuity of interpolation between tension and

shear, the shear models will include the same constituent properties as

those used to represent the tensile behavior.

The model-based constitutive laws, based on matrix damage, will be

built into a CDM (continuum damage mechanics) formulation, compatible

with finite element codes (Hayhurst). Computations will be performed to

explore stress redistribution around holes and other strain concentration

sites. The calculations will establish visualizations of stress evolution that

can be compared with experimental measurements performed using the

SPATE method, as well as by Moir6 interferometry (Mackin, Evans). These

experiments will be on specimens with notches and holes, loaded in tension.

The comparisons between the measured and calculated stress patterns will

represent the ultimate validation of the constitutive law. The composite

codes, when validated, will be made available to industry.

Some preliminary experimental work will be performed on pin-loaded

holes. Damage patterns will be monitored and stress redistribution effects

assessed using SPATE (Kedward, Evans, Mackin). These experiments will be

conducted on SiC/CAS and SiC/C. The results will provide the focus for

future CDM computations, based on the constitutive law for the material.
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Smaller scale activities will involve basic aspects of stress redistribution

around holes caused by fatigue and creep damage, using the experience

gained from the matrix cracking studies. Some experimental measurements

of these effects will be performed using SPATE (Zok. Evans).

Some delamination crack growth measurements and calculations are

also envisaged (Ashby, Kedward, Hutchinson). Cantilever beam and

C-specimens will be used for this purpose (Fig. 4). During such tests, crack

growth, multiple cracking and stiffness changes will be addressed. Models of

bridging by inclined fibers will be developed (Ashby) and used for

interpretation.

3.3 Metal Matrix Composite Design

The 3D constitutive equations for MMCs are now available for use in

the ABAQUS finite element code, and the immediate task is to use these

equations to predict the behavior of representative components (Leckie). One

such system is a ring-type structure which is being studied together with

Pratt and Whitney. Clearly no experimental verification is possible with a

component of this scale, but the experience of Pratt and Whitney shall

provide invaluable input on the effectiveness of the calculations. A

component sufficiently simple to be tested is the panel penetrated by holes.

The holes shall be both unloaded and loaded (Jansson), and it is expected to

include the effects of cyclic mechanical and thermal loading.

It is proposed to develop simplified procedures which are based on

shakedown procedures (Jansson, Leckie). Demonstrations have already

been made of the effectiveness of the Gohfeld method (which uses only

simple calculations) in representing the behavior of MMCs subjected to

cyclic thermal loading.
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During the complex histories of stress and temperature, it is known

that the matrix-fiber interface properties change. Fatigue loading VZok) is

know to decrease the interface sliding stress. Transverse creep appears to

cause matrix-fiber debonding (Jansson), which might result in loss of the

ability to transfer stress between matrix and fiber. It is intended to study

this effect of transverse creep on the integrity of the longitudinal strength of

the material by performing tests on panels which shall allow rotation of the

stress fields. A good understanding now exists of the fatigue properties of

MMCs fZok). It is intended to extend the ideas developed from earlier

theoretical studies (McMeeking, Evans) to include cyclic thermal effects and

experimental programs on holes in plates.

4. MANUFACTURING

The activities in processing and manufacturing have had the following

foci:

"* Matrix development to address specific requirements identified by the

design problems, particularly first matrix cracking in CMCs (Lange)

and creep strengthening in MMC/IMCs (Levi. Lucas).

" Hybrid architectures which offer possible solutions to environmental

degradation and thermal shock problems (Evans, Lange, Leckie. Levi,

Yang, Zok).

" Software development that predicts and controls fiber damage and

interface properties during densification (Wadley).

" Processing techniques to generate model MMC sub-elements (Leckie,

Levi, Yang).
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4.1 Metal Matrix Composites

Work on MMC matrix development has focused on dispersion

strengthening approaches to increase the transverse tensile and creep

strength of 1-D and 2-D fiber architectures. The initial work has emphasized

a model system, Cu/A12 0 3 , wherein dispersoids are produced by internal

ýýidation of a dilute Cu-Al alloy deposited by PVD onto sapphire fibers.

These are subsequently consolidated by HIP'ing. Specimens with fiber

volume fractions of 0.3 < f < 0.5 and 2-3% y-AI2 0 3 dispersoids (- 20 nm in

size) have been produced in this manner and will be tested to assess their

transverse creep behavior. The new emphasis will be on higher temperature

matrices based on TiB dispersoids in Ti-(Cr/Mo)-B alloys (Levi). Initial

solidification studies have demonstrated the potential of these materials as

in-situ composites. Efforts are underway to develop sputtering capabilities to

implement this concept.

Fiber damage during densification of composite prepregs generated by

plasma-spray (GE) and PVD (3M) have also been emphasized (Wadley).

Interdiffusion studies coupled with push-out tests have been used to study

the evolution of reaction layers in Ti/SiC composites and their effect on the

relevant interfacial properties as a function of process parameters.

Additional efforts under other programs have focused on developing

predictive models for fiber breakage during densification. The interdiffusion

and breakage models are being incorporated into software that predicts

pressure-temperature paths, which simultaneously minimize fiber damage

and control the interface properties.

The feasibility of producing MMC sub-elements consisting of fiber

reinforced rings (I-D) and tubes (2-D) has been demonstrated by using
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liquid metal infiltration of Al alloy matrices (Levi). These are presently

undergoing testing in combined tension/torsion modes. Future efforts will

be directed toward extending the technique to other shapes (e.g., plates with

reinforced holes), as well as devising methods to modify the (currently

strong) interfaces. The identification of methods that provide the appropriate

interfacial debonding/sliding characteristics should enable the use of these

composites as model systems for higher temperature MMCs. such as Ti.

4.2 Intermetallic Matrix Composites

The focus of the IMC processing activities has been on the synthesis of

MoSi2 /&-SiCp composites by solidification processing. These materials are of

interest as potential matrices for fiber composites. Significant progress was

made in the elucidation of the relevant Mo-Si-C phase equilibria, the growth

mechanisms of SiC from the melt and their impact on reinforcement

morphology, as well as the orientation relationships between matrix and

reinforcements, and the interfacial structure. An amorphous C layer, <5 nm

thick, was found at the MoSi2 /SiC Interface in the as cast condition, and

persisted after 12 h heat treatments at 15000C. This interfacial layer has

been reproduced in ax-SiCp/(MoSi 2 + C) composites produced by powder

metallurgy techniques and was found to exhibit promising debonding and

pull-out behavior during fracture (Levi). Future efforts are aimed at

implementing this in-situ coating concept in a-SiC fiber composites.

4.3 Ceramic Matrix Composites

The processing issues for creating CMCs with high matrix strength

continue to be explored (Lange, Evans). The basic concept is to create a

strong ceramic matrix framework within a fiber preform, by means of slurry
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infiltration followed by heat treatment. This strong framework would then be

infiltrated by a polymer precursor and pyrolyzed to further densify the

matrix. It has been demonstrated that strong matrices of S13 N 4 can be

produced using this approach (Lange). Further work wilt address

relationships between matrix strength and microstructure (Lange. Evans).

4.4 Hybrids

These activities cover materials consisting of thin monolithic ceramic

layers alternating with layers containing high strength fibers bonded by a

glass or metallic binder. The primary motivation behind this concept is the

potential for manufacturing shapes that have a high resistance to

environmental degradation and also have good thermal shock resistance.

The concept has been demonstrated using alumina plates and graphite

reinforced polymer prepregs (Lange). The availability of glass-ceramic

bonded SiCf prepregs and tape-cast SiC plates has facilitated the extension

of this technique to high temperature systems (Lange). Future assessment

will address new crack control concepts. These concepts would prevent

damage from propagating into the fiber reinforced layers, especially upon

thermal loading (Zok. Lange). If successful, this concept would allow the

development of hybrid CMCs which impart resistance to environmental

degradation, as well as high thermal strain tolerance.

Preliminary work has been performed on laminates consisting of

alumina plates and sapphire-fiber reinforced Cu monotapes (Levi). The latter

are produced by deposition of Cu on individual fibers which are

subsequently aligned and bonded by hot pressing between two Cu foils.

After suitable surface preparation, the alumina/monotape assemblies are
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bonded by hot pressing. Future work is aimed at implementing the concept

with Ni based alloys.

5. SENSORS

The principal challenge being addressed is the non-destructive and

non-evasive measurement of stresses in composites (Clarke, Wadley). The

motivation is to make detailed measurements of stresses in components for

incorporation into evolving design models, as well as validation of the stress

distributions computed by finite element methods. A major emphasis has

been placed on measuring the residual stresses in sapphire fibers in various

matrices, using the recently developed technique of optical fluorescence

spectroscopy. These measurements have provided data on the distribution

of residual thermal stresses in the fiber reinforcement, as a function of

depth below the surface. This approach will be extended, in conjunction

with finite element modelling (Hutchinson), to measure the stresses during

the process of fiber pull-out from a variety of metal and ceramic matrices.

Initial experiments indicate that such in-situ measurements are feasible.

The technique will also be applied to the measurement of the stresses

in sapphire fibers located in the vicinity of pin-loaded holes in order to

understand the manner in which the stresses redistribute during loading. It

is anticipated that this measurement will provide information about the

detailed fiber loadings and also about the stresses that cause debonding of

the fibers from the matrix. Moreover, in support of the activities on thermal

ratcheting, the redistribution of stresses with thermal cycling will be

established. This will be accomplished by using the fluorescence technique

as well as Moire interferometry, based on lithographically defined features.
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ABSTRACT

A microcomposite test procedure for evaluating the constituent properties of

CMCs produced by chemical vapor infiltration is described. The analysis and

experimental results demonstrate that the interface sliding resistance To can be obtained

from the unload/reload hysteresis, after one (or more) matrix crack has been induced.

The non-linear strain can also be used to provide an independent determination of ro, as

well as give values for the misfit strain and the interface debond energy. Results

obtained on SiC/C/SiC and SiC/BN/SiC materials are evaluated.
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1. INTRODUCTION

The critical importance of interface properties for the thermostructural

performance of ceramic matrix composites (CMC) 1-6 dictates the need for

straightforward and convenient test methods. Tests that involve the tensile deformation

of a single fiber within a specified matrix are preferred, 7,8 since the interpretation of

results is direct and unequivocal. 9 For composites reinforced with relatively large

diameter fibers (100-150 gtm), this has been achieved both in tension (pull-out)7'$ and by

push-in.10-14 The former is preferable since it duplicates all of the features that occur

upon tensile loading of an actual composite. The single fiber tension experiments on

materials with large diameter fibers have been performed by using careful se%.tioning

and etching procedures. These procedures leave one intact fiber within the test

configuration. 8 However, for the much smaller diameter fibers (10-20 g.Lm) typically

used with CMCs, an equivalent test methodology has been lacking. Various push-

through13,14 and push-in15 procedures have been devised and have provided useful

information. The limitation of these procedures concerns (i) either the need to have a

matrix that can be preferentially dissolved15 or (ii) the use of a sharp indentor which

penetrates the fiber. 13,14 Consequently, it is difficult to obtain unequivocal interface

information on CMCs having either chemically durable matrices (such as SiC) or

relatively high debond/sliding resistance. A test procedure that addresses these

limitations is proposed. The procedure is particularly appropriate for CMCs produced

by chemical vapor infiltration (CVI)16 . The test configuration is referred to as a

'microcomposite.' 17 It consists of a concentric cylinder element containing a single fiber,

with a coating, plus a matrix annulus. It is representative of the constituents in the

actual composite, fabricated by using identical vapor deposition conditions. The

appliL ibility of this procedure is analyzed in this article. This is achieved by conducting
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several critical experiments and by using analytical solutions for interface debonding

and sliding7' 9 to interpret the results.

2. METHODOLOGY AND ANALYSIS

2.1 Background

Composite cylinders produced by chemical vapor deposition (Fig. 1) are tested in

tension, using conventional single fiber test procedures. The loads and the axial strain in

the gauge sections are monitored. An acoustic emission transducer attached to the

system is used to detect the incidence of matrix cracks. By testing in situ, in the scanning

electron microscope (SEM), it is also possible to measure the opening displacement of

matrix cracks, once formed. Follow ig the formation of one (or more) matrix cracks, an

unload/reload cycle is performed. Repetitive cycling is used when the fatigue behavior

of the interface requires characterization. A schematic of a typical experimental result

(Fig. 2) indicates the experimental quantities that can be measured and used to evaluate

the constituent properties of the composites. These include: (i) the non-linear

displacement following matrix cracking, Ai, (ii) the width of the hysteresis loop, BA, and

(iii) the permanent displacement, Ap. These parameters provide information about the

interface debond energy, "i, the frictional sliding resistance along the debonded

interface, Tro, and the residual stress. Interpretation of the results can be performed,

provided that values for the Young's Moduli, Ej and Em, (subscripts f for fiber and m

for matrix) and Poisson's ratio, V1 and Vm, are known. The analysiL is restricted to

materials wherein the debonding energy is small enough that the reverse slip zone does

not reach the end of the debond zone upon full unloading.7 ,9 The corresponding

solution when ri is large is described elsewhere. 18

The test method recognizes the following factors. Upon unloading and reloading,

only interface sliding occurs (no debonding).7 Consequently, when Ti is small, the
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hysteresis 8A may be used to evaluate To, without the need for independent

information about either the debond energy, Fi, or the misfit strain ET. The loading non-

linearity Ai and the permanent deformation Ap both contain combined information

about To, I"i and Er. 9 However, it will be shown that, it is still possible to evaluate t, ET

and Fi from both Ai and Ap. In practice, there may be problems with measurement

precision and it is preferable to evaluate the residual strain, independently. Then, -i can

be obtained from Ai and Ap.

2.2 Analytical Relationships

Consistent with previous approaches for characterizing the interface, 9 it is

assumed that debonding precedes frictional sliding. Furthermore, when the interface is

in residual compression, debonding is considered to be a strictly mode II phenomenon. It

occurs with a debond energy Fi. Following debonding, frictional sliding occurs subject

to a shear resistance -T given by:

S= 'T - l.ar (1)

where arr is the radial stress at the interface, gt is a Coulomb friction coefficient and To is

a 'constant' shear resistance attributed to fiber roughness. Most experimental results

indicate that E is dominated by to, because of the inherent roughness of most

commercial fibers. 8-11 For simplicity, it will also be assumed here that the T:o term is

dominant. Then, if the experimental results identify discrepancies, solutions available

for the additional Coulomb term can be included. 9

When the interface is in residual tension, debonding occurs subject to mixed mode

I/II displacements. 19 Nevertheless, a small frictional resistance can still arise, because of

fiber roughness, as exemplified by the SiC/LAS system. 20,2 1 In such cases, the results

KJS 3,11'93 5



are analyzed in the same manner as composites with interfaces subject to residual

compression.

2.1.1 The Hysteresis Loop

The opening displacement of the crack, u, upon unloading is given by 7

u.= Up ((b2+b)(1-a Rf)21R(-au (2)

where R is the fiber radius, f is the area fraction of the element occupied by the fiber, E

is the stress on the composite element, the subscript p refers to the peak stress reached

before unloading, while the subscript u refers to the actual value during the unloading

phase: the constants ai, bi are the same as those originally defined by Hutchinson and

Jensen 9 (as summarized in Table I). A convenient non-dimensional form of Eqn. (2) is

UU UP -U'( - S"), (3)

where

U= u/R
s. =

U' = [(b 2 +b 3)(1-a.f)2 U/4% E Pf2].

The corresponding result for reloading is7

UR = Uo+U'SR (4)

KJS 311 SQ3 6



where

SR = U/OP

dR is the stress reached on unloading and

Uo = u./R

with uo being the residual crack opening at zero load. Note that, when the results are

expressed in terms of measured values of up, uo and dp, there is no influence of the

residual stress on the hysteresis formulae. Consequently, experimental data for d (u) can

be matched directly with Eqns. (3) and (4) to evaluate To. If the experimental results do

not match, a Coulomb friction term must be included. 9

Determination of To may be conveniently made by measuring the hysteresis loop

width, 8u (Fig. 2a). The non-dimensional form is

SU = UP-Uo-U'(1-2S+2S2) (5)

This loop has a maximum width (at S = 1/2), given by

8UM = UP-Uo-U'/2. (6)

Re-expressing Eqn. (6) in full form gives

't (b2 + b3) (1 - a, f)2U, RI8Emf2[up -u 0 - 8uj (7)

where
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I = | - i i

as illustrated on Fig. 2a.

When the crack opening displacements cannot be measured, the preceding results

can be re-expressed in terms of alternative displacement quantities. The tensile

displacement w along a gauge section (length Lo) when only one matrix crack exists in

that section consists of two terms,

w = wo+A (8)

One term, wo, is a,;sociated with the elastic stretching of the fiber and matrix. The other

term, A, represents the extra displacement caused by the existence of the crack (which

has induced debonding and sliding). The latter is related to the crack opening

displacement by9

A= [ b2 bu (9)Ib2 + b3J

At the same stress, wo (being an elastic term) has the same magnitude upon

unloading and reloading. Consequently, differences in the measured displacement are

entirely equivalent to differences in A. Re-expressing the above results in terms of

displacement differences at the same stress, gives:

= 2A/AJ + 2(U/Bp)'] (10a)
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or

b 2( - a,"E fI ''p R / P ) t 1- "6/ yP ]I (1 0 b )

where 3A is defined in Fig. 2b.

The -effect of matrix cracks on the elastic stiffness is needed before using tensile

displacements to evaluate t. Calculations, 22 summarized in Fig. 3, indicate that, for one

crack, the stiffness only changes significantly when the ratio of the gauge length to fiber

radius is low (< 10). Consequently, for a typical microcomposite, the elastic stiffness

when one crack exists should be the same as that determined upon initial loading. The

relevant magnitude of the displacement difference is thus obtained in the manner

indicated on Fig. 2b.

Larger displacements arise when multiple cracks have been induced upon loading.

In addition, stiffness changes occur when the crack spacing is small (Fig. 3). When the

latter can be neglected and when N matrix cracks have formed, Eqn. (10) may be re-

expressed in terms of To as:

b2N(l - a '-2 -R(U/-o)[l - w-pI
2Ef 28A (11)

-2Hf(U/up) [1 - m

2.1.2 The Loading Non-Linearity

During loading, matrix crack 'pop-in' occurs (Fig. 2) at a stress dictated by the

flaws present in the matrix material. The ensuing displacements are non-linear and

reflect the debonding and sliding processes occurring at the interface, as the matrix
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crack opens. In this case, both debonding and sliding must be included, as well as the

effect of the residual stress. For the constant friction case, with a single matrix crack, the

crack opening displacement is given by,9

u fE 2 4i.i/RE. (U, -5) (Up _1) 2

+ (12)
(b2 + b3)[(1- f)Ej CIT. 2EMTo

where

al = i1rn.[ r7REm -2

c1

with CT being the mismatch strain between the coated fiber and matrix annulus. The

extra displacement A (Fig. 2b) is related to the crack opening, u, by Eqn. (9). The

corresponding solution for the debond length, 1, is9

1/R = (1-f)(Up-U,)E./2frE (13)

Equation (12) has three unknowns, 'ro, ri and CT. Nevertheless it is possible to separate

o, rfi and Fr from the shape of the AO) curve. Re-expressing Eqn. (12) in the following

form suggests a procedure:

A/R = (b2E)( 
]E 2

To fE
2 (14a)

{(P/EmJ (cX +" 3 ý C Y 2-

or,
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A/R = Aid' + BU + C (14b)

where

y = r-F,/RE.

When multiple cracks have been created, A in Eqn. (14) becomes the displacement per

crack. Note that the coefficient A depends only on one unknown (to), the coefficient B

depends on two unknowns (To and ET) whereas C depends on all three unknowns (To,

ET and Fi). Consequently, by using a parabolic curve fitting routine to separately

evaluate A, B and C from the experimental data, the following interpretation may be

made. The sliding stress To is obtained from A and compared with that determined

from the hysteresis. Then, with To established, the misfit strain ST is determined from B.

This value may be compared with the independently measured magnitude in order to

check consistency. Finally, with To and ST known, the debond energy may be evaluated

from C.

3. ANALYSIS OF EXPERIMENTAL RESULTS

Experimental results have been obtained on various microcomposite test

specimens consisting of Nicalon fibers, with either C or BN coatings and an annular SiC

matrix. These specimens include a range in coating thickness and a variety of deposition

conditions. The procedures used for producing and testing these specimens have been

described elsewhere] 7 . The deformation behaviors found for BN coatings, having a

range of thicknesses, are summarized in Fig. 4. One result for a C coating, shown in

Fig. 5, illustrates the use of acoustic emission to obtain the number of cracks. The
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spectra of hysteresis curves are exemplified by results obtained for one BN coating

(Fig. 6a) and one C coating (Fig. 6b). Graphical representations of the analysis of these

curves are summarized in Figs. 7 and 8, with the number of cracks indicated on Table II.

For interpretation of the hysteresis loops, the quantity, 8A/U2, is plotted as a

function of d/Zbp (1 - d/•p) (Fig. 7), as suggested by Eqn. (11) and upon recalling that

BA is the loop width per crack. It is apparent from the linearity of the results (Fig. 7) that

To is both cycle and stress invariant, within experimental scatter. The standard deviation

is - 20%. Such behavior is found for all of the materials investigated in this study. The

average values of "t o, determined from the hysterisis loops, are summarized in Table II.

Analysis of the non-linear displacements by fitting the A(dp) data to Eqn. (14)

(Fig. 8), is also found to provide consistent information. However, there is a

propagation of errors in the consecutive determination of To, Cr and Fi. A fit that gives

the best correlation coefficient over the complete data range is used (Fig. 8). The values

obtained in this manner are summarized in Table I.

An internal consistency comparison of the constituent properties presented in

Table II provides a preliminary assessment of the merit of the microcomposite test

procedure. Both approaches for evaluating To (hysteresis and displacement) give

comparable values for each system, within the 20% standard deviation that seemingly

applies to these procedures (Fig. 7). Consequently, the range in tro between samples

reflects actual differences in coating thickness and in deposition conditions. 23 There is

one exception: SiC/BN/SiC sample 2. The problems with this sample are not clear.

However, it generated an unusually large number of cracks, N. It is likely that an error

was made in the measurement of N.23

Independent measurements of the thermal expansion coefficients of Nicalon fibers

and CVD SiC 2,16,17 indicate a mismatch strain, Er = - 1.6 x 10-3. This value lies within

the range found from the present displacement measurements [ET = (- 0.6 to

- 3.8) 10-3]. Again, there is one anomalous result: SiC/C/SiC, sample 4. The significance
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of changes in ET between coatings and the errors associated with this evaluation are not

apparent at this juncture, because there have not yet been independent determinations.

Actual sample-to-sample variation is expected as the coating thickness varies and the

deposition temperature is changed. 17,23 Further study of this issue is in progress. The

errors in To and, especially CT, propagate into determination of Fi. At this stage, the

values given in Table II are not assigned a high level of confidence. However, it is

expected that indeperder?. measurement of ET would allow -i determination with the

confidence needed to address differences between coatings, which can then be related

to coating microstructure, etc.

Among the problems with the microcomposite test are the difficulties in exact

measurement of the number of cracks, N, evaluation of the area fraction of matrix, and

the occasional incidence of longitudinal cracks, which modify the measured

displacement, A, and reduce the misfit strain, ET. A detailed assessment of these issues

is described elsewhere. 23

4. CONCLUDING REMARKS

A test methodology for obtaining the constituent properties of CMCs, by using

microcomposite test specimens, has been described. The method allows . 'e sliding

resistance, To, to be obtained from hysteresis loop measurements. Moreover, an

independent check on the magnitude of ro can be obtained from measurements of the

non-linear displacements, A, upon implementation of a parabolic curve fitting routine.

The A measurements may also be used, in principle, to evaluate both the misfit strain,

-T, and the debond energy, Fi. However, errors incurred in ro determination propagate

through the analysis. It is thus considered preferable to independently measure, ET, in

order to obtain ri with reasonable confidence. Further study is needed to establish the

magnitude of measurement errors and their principal origins, in order to specify levels

VJs all &93 13



of confidence that can be achieved in To, ET and Fi determination using the

niicrocomposite test methodology.23
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TABLE I

Summary of Constants For Composite Element

(Type I Boundary Conditions)

Isotropic Fiber (With V1 = Vm = V*)*

al = Ef/E

b2= ( + v)EE, + (1=- 2v)E
Ef[(1 + v)Ef + (1- v)E]

b = f(1 + v) [Ef (1- 2v)E]
(1-f)[(1 + v)E, +(1- v)E]

2 (1 + v) (1 - f)E4[Ef + (1- 2v)EI
4f 2EEf [(1 + v)Ef + (1- v)E]

2 (1- f)E,[(I+ v)E, + (1- v)E] [1+ 2vE 1
- 4(1 + v)E[(1 - 2v)E + Ef] L [I + v)E1 + (1 - v)EIJ

Analogous results for anisotropic fibers are given in Hutchinson and Jensen. 9
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FIGURE CAPTIONS

Fig. 1. A typical microcomposite specimen produced by CVD.

Fig. 2. Schematic of the non-linear behavior expected in a microcomposite with a

small debond energy.

Fig. 3. The change in elastic compliance caused by matrix cracks.22

Fig. 4. Deformation data obtained on seven different SiC/BN/SiC microcomposite

specimens with a range of BN coatings (0.3 to 0.7 gm thick). The stress refers to
that acting on the fiber at the location of matrix cracks.

Fig. 5. Deformation data obtained on a SiC/C/SiC microcomposite having a 1 P•m
thick interphase. Also shown are the acoustic emission signals used to assess
the number of matrix cracks.

Fig. 6. Example of hysterisis loops obtained on microcomposite test specimens
a) Multiple loops on a SiC/BN/SiC sample

b) A single loop on a SiC/C/SiC sample

Fig. 7. A plot of the loop width parameter, AS/Y, as a function of relative stress,

- obtained from a range of hysteresis loops, measured on a
SiC/ BN/SiC material. In this case, T. = 5 ± 1 MPa.

Fig. 8. A fit to Eqn. (14) of the non-linear displacements per crack measured on a
SiC/BN/SiC material. In this case, To = 4 MPa, ET 1-.2 x 10-3 and

1 i - 3Jm-2.
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Abstract-An improved fiber push-through test has been designed and used to obtain new information
about interfaces in composites consisting of matrices of a Ti alloy and a borosilicate glass, both reinforced
with SiC fibers. Interpretation of these results is accomplished through an analysis of coupled debonding
and push-through. followed by push-back. The sliding stress is found to vary with push-out distance and
to be substantially reduced in the vicinity of a fatigue crack in the Ti matrix composite. These effects are
attributed to asperity wear, matrix plasticity and fragmentation of the fiber coating around the debonded
interface. Reseating effects on push-back have been demonstrated, but have been found to diminish as
the relative fiber-matrix displacement increases. Fiber roughness has been identified as an important
aspect of interface sliding.

Risrn---Un essai amrliori d'enfoncement des fibres est propose et utilise pour obtenir de nouvelles
informations sur les interfaces dans des composites formis de matrices en alliage de titane et en verre au
borosilicate. toutes deux renforcees par de fibres de SiC. L'interpritation de ces resultats est effectu&e par
une analyse de la separation et de lenfoncement couples, suivi d'une poussee en sens inverse. On trouve
que la contrainte de glissement vane avec la distance d'enfoncement et qu'elle est reduite considerablement
au voisinage d'une fissure de fatigue dans le composite i mat:ice de titane. Ces effets sont aturibus a
l'usure des asporites, i Ia plasticite de la matrice et a la fragmentation du revitement des fibres autour
de la surface de separation. Des effets de remise en place lors de ]a pouss~e en sens inverse sont observes,
mais ils diminuent lorsque le deplacement relatif fibreinsatrice augmente. On montre que la rugosite de
la fibre est un aspect irmponant du glissement interfacial.

Zusammenfasasng-Ein verbesserter Faser-DurchstoB-Test wird entworfen und angewandt, urn neue
Informationen fiber Grenzflichen in Verbundwerkstoffen zu erhalten. deren Matrix entweder aus einer
Ti-Legierung oder einerm Borsilikat-Glas, beide verstirkt mit SiC-Fasern, besteht. Mit einer Analyse der
gekoppelten Prozesse Abl6sen und Durchsto~en, gefolgt von Zuruckschieben, werden diese Ergebnisse
interpretiert. Die Gleitungsspannung indert sich mit der Ausziehlinge und ist in der Nahe eines
Ermfidungsrisses in dem Werkstoff mit Ti-Matrix betriichtlich verringert, Diebe Einflisse werden dern
Abrieb, der Plastizitit in der Matrix und dent Bruch des Faser-berzugs im abgel6sten Grenzflichenbereich
zugeschrieben. Effekte der Wiedereinlagerung beim Zurfickschieben werden gefunden. sic verschwinden
aber mit steigender relativer Verschiebung zwischen Faser und Matrix. Es wird gezeigt, daB die
Faserrauhigkeit ein wichtiger Aspekt der Grenzflichengleitung ist.

1. INTRODUCTION second objective is to apply the technique to inter-
faces between SiC (SCS-6) fibers and a P-Ti (15-3-3)

Fiber push-through tests have been widely exploited alloy matrix, before and after fatigue crack growth
as an approach for measuring the sliding properties [7], as well as interfaces between SiC (SCS-6) fibers
of fiber-matrix interfaces in composite materials and a borosilicate-glass matrix.
(1-51. The advantages of this method include relative Previous studies on the push-through test have
simplicity in testing and a capability for conducting relied primarily on the peak load for initial push-
experiments at elevated temperatures [6]. The disad- through as a measure of "debonding. " Push-back has
vantages are concerned with interpretation of the been used to provide a measure of the sliding stress,
measurements, because of relatively complex defor- t, along the debonded interface. The magnitude of T
mations that occur during the loading and sliding has been calculated from the force, P. and displace-
processes. The first intent of the present study is to merit, d, from the expression
provide a further development of the push-through
test, in conjunction with an analysis that allows
determination of the interface sliding stress, T. The - = P/21rR(h - d) (I)

1243
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where R is the fiber radius and h is the section 2. PtSI- IIROLtGtl 1TSI
thickness. More comprehensive analysis of coupled
debonding and sliding [8.9] during push-through 2/. Dcs.•n
allows substantial additional information to be For fibers ha%in, either a rclati.el% largc diameter
gained from push-through and push-back tests when or large values of F and or -. substantll forces are
appropriately modified and instrumented. Solutions needed to displacc the fibers In such cases, the
for pull-out [8] and push-through [9] for coupled indenter design and the loading arrangemrent needed
debonding and sliding have been characterized b\ a to obtain useful information are paricularl\ import-
debond energy. F,. a shdtng stress. T. and a thermal ant. Many previous studies hawe used sharp indentors
expansion misfit strain. (. Some of the salient results that penetrate the fiber. Two problems arise wii at
are summarized, as needed to relate the push-through high loads, cracks are introduced into the fibers that
force. P. to the displacement. d. in terms of - and t. can influence the measurements* (1ii at moderate
The basic solutions are described in terms of a friction displacements. the indentor comes into contact ith
law the matrix, curtailing further measurements To obvi-

o= -,u(7, (21 ate these problems. cylindrical indentors, are prefkrred
and used in conjunction %kith the apparatus schemat-

where p is the friction coefficient and a, is the tcallx illustrated in Fig I. The test is perlfrmed hb
compressive stress normal to the interface. During preparing a thin section of the composite. This
initial push-through, stable debonding proceeds with section is located on an Al alloy base containing a
frictional sliding occurring behind the debond tip. 220 pm diameter hole. "ith the fiber of interc..:
This is followed by a load drop and push-out resisted placed over the hole. A small SiC" cd1inder. 10 0pm
by, friction. Results are presented for the following diameter, is emplaced on the fiber c.x satu in an optical
conditions: (i) the Poisson's ratio of the fiber and microscope. A small rod located within the hole is
matrix are the same. (ii) the misfit strain in the maintained in intimate contact vith the fiber and
axial and radial directions are the same and. (iii) the connected to a cantilever beam with an attached
radial stress is zero at the outer boundary (Type I strain gauge. This device measures the displacement
conditions) (8. 9]. at the bottom of the fiber during push-through

The load-displacement behavior during debonding Loads are applied to the indentor through a flat
is sensitive to the initial debond length which, in turn. AI.O0 plate connected to a load cell. which monitors
is affected by the sectioning process and the misfit the force. P. This system can be located within a
strain. However. after the debond has propagated furnace for high-temperature measurements. Two
completely along the interface, since there is no addiu,, ;! features of this design are noted. The use
contribution from debonding. the load. P. becomes ofa reiu..els small diameter hole minimizes bending

stresses. However. loads are limited to -40N.
= L[x(I -ffE, ]) - (3) because at larger loads, either cone cracks form in

I + exp( ' the SiC fibers or the SiC indentor fractures.

where 22. Materials and specimens

ErcT + T, EiEm Tests were conducted on composites consisting of

v p B(I-f) (SCS-6. CVD) SiC fibers in either a Ti alloy
(Ti-15V-3 Al) or a borosilicate glass (Corning 7741)

8 = vE'[(l + v)Ef+ (1- viE] matrices. The elastic and thermal properties of the

with E being Young's modulus, v Poisson's ratio and specimens are listed in Table I. In both cases, speci-

t = h - dt with the subscripts m and f referring to mens were ground and polished with a final I pm

matrix and fiber, respectively. For the special case, diamond finish. To different specimen thicknesses

p = 0. equation (4) reduces to equation (1) with
T = T,. whereupon P decreases linearly with d. How- E.,erl iooa
ever, when u -A 0. P is slightly non-linear. This gen-
cral ýclut:on has been implemented in a companion Flbel Corooste motero'

paper f101 to predict the effect of fiber roughness and P,,ton 5 b
of misfit on the push-out force. The results will be
invoked in this article to interpret some of the
experimental measurements.

"tit should be noted thai fin these formulae is not the fiber
volume fraction, but rather the ratio

area of fiber

total area of composite Fig I Schematic diagram of the fihber push-through

This implies that f is always small (typically 10 '1 apparatus
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Table I. Properties of the two matrices
".ii-15-3;SIC Glass StC

Modulus. E, ]15 GPa 70 GPa
Composite modulus, E 196GPa 70GPa
Poisson's ratio, t. 033 0.20
Thermal expansion coefficient, 2, 7.6 ý 10 - C 3 25 a 10oLC-
Thermal mismatch strain. IT 4.5 , 10-' ý.0 1
Radial thermal mismatch stress. cr - 300 MPa -60 MPa
Volume fraction of fibers. p 0,35 68 - 10"
Area of fiber area of specimen, f 45 . 10-' 6.8 . 10-1

Fiber properties
Modulus E, 360 GPa
Poisson's ratio. v, 0.17
Thermal expansion coefficient, a, 2.6 - 10"'C-'

were used for each composite: 210 and 410 pm for the load is found following pop-through. for the first
Ti alloy, 1.5 and 2.1 mm for the glass. Fibers were 2-3 ym of fiber displacement. This is followed by a
pushed out to a range of displacements up to 80 Hm load that usually diminishes as the push-through
and then pushed back. The loads and deflections were displacement increases. Upon push-back, the load at
continuously monitored. Some tests were conducted which fiber displacements resume, P, (Fig. 4), is
on the Ti alloy matrix composite which had been usually somewhat smaller than the termination
subjected to fatigue cracking at a stress amplitude load upon push-through, P,. Thereafter, the load
Au = 300 MPa and an R ratio = 0.1 (7]. This fatigue remains essentially constant until the fiber reaches
schedule lead to matrix crack-growth without fiber the original location. At that location, there is a
failure. A push-through specimen was prepared from small load drop, AP., associated with the fiber re-
a 450,pm thick section of material parallel to the seating into its initial position, as observed in pre-
matrix fatigue crack (Fig. 2). Tests were conducted on vious studies [3, 4]. The relative load drop, AtPa P,
fibers at different locations relative to the fatigue usually decreases as the initial push-through distance
crack front. increases (Table 2).

3. RESULTS 30 (a)
" d• Pash-out

elastic loadiang-*.
3.1. Pristine materials 25 1 e i..

A variety of experimental results have been
obtained. Typical results obtained on pristine ma- 20 P
terial are presented in Figs 3 and 4. An increase in fiber pushout -

load occurs associated with elastic bending and stable o
debonding. A load drop, AP, often accompanies 0 to
debond pop-through. The magnitude of AP increases
as the section thickness increases (Table 2). This load s -

drop may be used to estimate the intefacial dehond
energy (see Appendix). Frequently, an initial rise in 0-,

-10 0 10 20 30 40

iFiber displtciaeen (wwm

Ongial Fiber Locaton

(b)
30= prush~c i

25-

20-,
IThin

"sect ion •1

Matrix foIu ticQOO•I 2• - -

Ito

.60 -50 -40 .30 .20 0 1 tO
Faber dasplacemnena am,'

Fig. 2. Schematic of the fatigue specimen showing the notch

root and fatigue crack growing from the root. The fibers are Fig 3 Two examples of force-displacement results for
perpendicular to the fatigue crack, with a center--center push-through and push-back on the Ti-15-3'SiC material

spacing • 250,um. (specimen thickness 410Mum).
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7 reaction product %4hi¢h tori n a;i the interlace

6 [Fig 51a ,. w4hereas in the horosilicate matrIXs stem-
debonding and shding proceeds a' the fiber-coating

Sf mitrix, intertace [Fig c: hl

-4 .T2 Futt.ngued nawral('r

•0 3 The specimens prepared foihloAing latigue crack
Spropagation exhibited ditlerent push-out character-

-stics At fiber locations ahead of the latigue crack-tip
B in Fig 2. the push-through characteristics are

essenttall. the same as these on pristine specimens
Howeer. adjacent to the notch (A in Fig. 2. the

0 10 0 30 40 push-through force tiisplacement cur~es hae the
Fiber displacement, d I~m) form. depicted in Fig f, Subsequent to elastic deflec-

7ion and a small load drop, push-out commences

at a relativel\ lo" load but the push-through load
aincreases fot push-through displacements of the

Si order of 30 Am Thereafter. the load decrease, with
5 increasing displacement
4 i Push-back tests hase the same features exhibited h,

- pristine specimens. an essentiallk constant load, simi-/ 3 lar in magnitude to that reached upon termiaton of

-30 -20 -10 0 10

Fiber dispiacement, d (pnm)

Fig 4. Force-displacement results for push-through and
push-back of the glass SiC material (specimen thickness

1.5 mm)

A comparison of the results for the two different
matrices reveal important differences. The Ti matrx
composite exhibits, (i) consistently larger value of the Reoct,o, product

push-out force, (ii) a substantially larger push-
through load drop. AP, and (iii) greater differences in
the relative push-back force, P,/P,. Also, the relative
load decrease that occurs as the push-out process
proceeds is larger for the Ti matrix composite. Con-
versely, the relative reseating load drop. AP,,.'P, is
larger for the glass matrix system.

Observations of fibers following initial push-
through using scanning electron microscopy (SEM)
indicated that sliding in the Ti matrix system occurs
at the interface between the fiber coating and the ,

Table 2 la) Reseating load drop con',;

Relative load drop. AP,
(N,

Push-out distance

Intm) Ti mainx

5 055
1O 0 36

ili Push-through load drop

Load-drop. SP (Ni

,Secon thickness . .. [g SUEM micrographs of fiber' alter push-through. (a)the, Tý Is 3 Si( ,ompositc, ibi the glas, Si( composite--
410 - note the glass fragment, adhering to the ti•c. fc! fatigued
210 5 Ii mairr, sample note the toien,,se damage io the coating
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Fig. 6. Force-displacement results for push-through and push-back in the fatigued Ti-i 5-3 SIC material

push-through. However, there was no load drop Ti matrix system has a sliding stress about an order
associated with reseating. Observations of the sliding of magnitude larger than that for the glass matrix
interface indicate extensive fragmentation of the fiber material. Also, the decrease in r with sliding displace-
coating (Fig. 5(c)]. ment is much larger for the Ti system. Attempts to fit

the load-displacement results to equation (3) with
4. ANALYSIS consistent r, and p haxe yielded unacceptable corre-

lations. The problem is illustrated for the glass matrix

Preliminary representation of the sliding behavior system in Fig. 8. First. by using the misfit iT and the
is made using equation (I). as plotted on Fig. 7. The elastic properties for this composite (from Table 1).

(a) (b)
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0 so
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40 40
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Fig 71ecfl

Fig. 7. Values of the sliding stre.s r as a function on push-through and push-back aLhi Ti matrix
c'.mposae. itc.d) glass matrix composite, fe.f Ti matrix after fatigue

a fit of equation (3) to the initial push-through force ish. Direct measurements of asperity amplitudes
indicates that y z 0.2 and r,, 2 MPa, Then. b,, would be needed to xerif. this interpretation
maintaining p and r, at these levels, equation 13) The much larger reduction in . in the Ti matrix
predicts a substantially smaller load reduction upon system cannot be explained b% the same asperity wear
push-out than indicated b\ the experiments. This mechanism, because the extent of asperit, wear that
situation differs from that found when initial push- would be needed to correlate with the experiments is

through measurements are made as a function of unacceptably large 1101. The interpretation most con-
embedded lengths (Fig. 9). wherein all measurements sistent vith the measurements (Fig 7(alI. is a re-
involve smali displacements <2'im). The inference duction in misfit strain with push-out. probabl\
is that either M or -,, or both are diminishing as caused by plastic expansion of the matrix around the
push-out proceeds. An assessment of the degradation fiber, as asperities slide over each other.
is made (Fig. 10) by either regarding p as constant The large reduction in initial push-out stress in-
and evaluating the reduction in o,, or vice versa. Based duced upon fatigue crack growth (Fig. 6) has also
on an analysis elaborated in a companion paper (101. been related to a diminished misfit strain 1101 In this
the preferred interpretation is that %, decreases. This case. fragmentation and removal of the fiber coating
analysis relates -m to fiber roughness. It explains [Fig. 5(c)] is regarded as the major source of the
various unexpected phenomena. such as the fre- reduced misfit. The subsequent increase in push-out
quently found rise in initial push-out stress (Fig. 3) in load is qualitatively consistent with this interpret-
terms of a geometric decorrelation. It also demon- ation. but the magnitude is larger than this mechan-
strates that r0 decreases as the amplitude of the ism could predict. Further study is needed to

roughness decreases. The implication regarding the understand these details.
results presented for the glass matrix system in Fig. 10 The reseating effect on push-back has been noted
is that wear of the interface asperities occurs as the and explained 13. 41 in terms of aspenties on the
interface slides during push-out. causing T, to dimin- debonded interface. One notable addition provided

7, 25• . . .... . .. .. ...

7 25

ermme-,, -- ris

5 4 4 0- 1..2 N

Fig h A comparison of push-through measurements for the Fig 9 A comparison ol push-out data as a function of
glass matrix system Aith prediction based on equation (41 emhedded length &iih the prediciion of equation t0 151

with p and r, held constan I-, :t 0) p = t 2
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(a) Some of the changes are substantial and have
: oMr I" important implications for matrix cracking in com-

S.posites. subject to either monotonic or c,,chc loading
processes that have high sensiti itm, to : The details

- that govern the sliding induced changes in . have not
been elucidated and require further study
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Fig. 10. Change in sliding parameters with push-out for a
glass matrix system: (a) fixed, T., Ib) fixed . APPENDIX

Estimating the Interface Dehond Energy. F,

by the present study concerns the reduction in the Liang and Hutchinson {91 have shown that a load drop.
associated load drop with increase in the push- AP. occurs after the debond has propagated compietelsassciaed oa drp wthinceas i th puh-along the interface (for ":,=0).
through displacement in the Ti-I5-3 matrix material
(Table 2). This observation is consistent with the r feF-1/2,Bh'\

above speculations that the matrix in this material is R = [ 1 A 1 Tt' A (A 1)

being plastically deformed during push-through. where

5. CONCLUDING REMARKS A, = E
(I + v) (I - v)E E,

Based on the development of an improved push- 4EE.[(l - V)E, , (I - v)E]
through test, some important sliding characteristics A.4 = - - -E.(I-/()(I-+- OF`[E,(I - 20E]
of interfaces in metal and glass matrix composites
have been identified. In particular. changes in sliding In (Al). the first term in parentheses reflects the release of

residual stress %hen the debond propagates completely
behavior caused by monotonic and cyclic sliding along the interface while the second term reflects the contri-
displacements have been revealed. Qualitative com- button to the load induced b, the bond
parison with a sliding model based on fiber roughness Measurements of AP enable r, to be estimated provided
and friction [10] have provided some insight about that Iri s independently known As a first approximation, we
the origin of these effects. Changes in monotonic assume that the axial mismatch strain is entirel. relievedwhen the thin composite sections are sliced tI = 0 Values
sliding resistance r are larger for metal (MMC) than of F are then estimated for the Ti matix composite
glass (GMC) matrix composites. suggesting that re- in which debonding occurs wtthin the fiber coating For
lease of misfit by matrix plasticity is important for this case lFig 71a)J. T = 91) MPa and the mismatch stress
MMCs whereas asperity wear dominates for GMCs. a, 300) MPa (Table II giving = 0(3 With this value for

e. the measured push-through load drops (Table 21 give
The effects of fatigue seem to involve fragmentation 1 in the range 4 7Jm-: A more complete analysis
of the fiber coating that also reduces the thermal awaits a numerical solution that includes the influence of
expansion misfit and reduces r. sectioning presently under development 19)
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ABSTRACT

An experimental technique for the measurement of interfacial sliding

properties in fiber-reinforced materials is presented. The technique involves

pushing a bundle of fibers simultaneously through a thin section of the composite.

Using this technique, sample averages are immediately available, eliminating the

need for repeated single fiber tests. The technique is particularly useful for

composites that contain small diameter fibers. Salient features of the technique are

demonstrated through tests on a CAS/SiC composite.
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1. INTRODUCTION

It has been well established that the mechanical performance of fiber-reinforced

composites is strongly influenced by the debonding and sliding properties of the

fiber/matrix interface (or coating).1 Consequently, a number of experimental

techniques have been developed to measure such properties, including the single

fiber pull-out test, 2 the single fiber push-out test,3-5, and the slice compression test.6

The pull-out test provides the best simulation of the loading conditions that the

interface experiences during matrix cracking, but requires meticulous sample

preparation, alignment and fixturing. As a result, fiber push-out tests are more

widely used and have essentially supplanted the pull-out technique.

The push-out technique most widely used involves nanoindentation. 3 This

technique is limited to low loads (several grams) and is thus restricted to materials

with small diameter fibers and relatively weak interfaces, and test specimens which

are very thin. An alternative push-out technique was recently developed for use on

materials with large diameter fibers and relatively strong interfaces.7- 1 1 The

technique utilizes a cylindrical ceramic push-rod with a diameter slightly less than

that of the fibers. The push-rod diameter is typically - 100 p.m, and the fiber

diameter - 140 gim. The technique is not, however, amenable to testing composites

with small diameter fibers (- 10 to 20 gtm), since suitable indentors are not available.

Furthermore, it would be exceedingly difficult to position such an indentor onto an

individual fiber. The present article describes a modification to the existing

technique which allows bundles of small diameter fibers to be pushed out of a thin

composite section. The modified technique provides average values of the interface

sliding stress over a relatively large number of fibers (- 10 to 20) with each push-out

test. The results obtained here are compared with values inferred from other

micromechanical measurements.

7E:MS23(August 19, 1992)2:10 PM/mef 3



2. EXPERIMENTAL METHODS

The fiber bundle push-out technique employs the apparatus shown in Fig. 1.

The apparatus consists of a flat support base, a strain-gauged cantilever beam, and a

cylindrical ceramic push-rod. A 220 gm diameter hole in the middle of the support

base is fitted with a 200 gm diameter displacement piston. The piston measures fiber

displacements by pushing on the end of the cantilever beam. The remainder of this

paper describes the technique as explicitly applied to fiber bundle push-out:

additio il details of the apparatus can be found elsewhere. 7

The material used in this study was a calcium aluminosilicate (CAS) glass

ceramic reinforc~d with unidirectional Nicalon (SiC) fibers. The fiber diameter was

- 15 pm and the fiber volume fraction - 33%. Thin sections, - 800 gm, were cut

from the composite perpendicular to the fiber direction. The sections were then

polished to a 1 pm diamond finish using an automated polishing machine.

Approximately 75 ptm of material was removed from each side of the specimens,

essentially eliminating any damage introduced during cutting. After polishing, a

small portion of the glass matrix was etched from one of the polished surfaces using

a 49% HF acid solution. Matrix etching proceeded in a controlled manner by gently

swabbing in 30-sccond intervals. Following each interval, the sample was rinsed in

water and the etch depth measured using an optical microscope. The procedure was

continued until - 10 to 15 .tm of matrix was removed from the specimen, leaving

protruding fibers with an aspect ratio (height to diameter) of one (Fig. 2).

A small amount of vacuum grease was applied to the chosen b,,ndle of fibers

using a tailor's pin, and a 300 pm tall cylindrical push-rod then placed on top of the

bundle. The push-rods were machined from G-SiC fibers (100 p.m in diameter),

provided by British Petroleum. The purpose of the vacuum grease was to hold the

71:.Mý23,Ag',;,,- 10 'Q92)2:10 PM/mef 4
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push-rod in place during specimen alignment. Using an optical microscope, the

specimen was placed onto the support base such that the push-rod was centered

directly above the displacement piston. After alignment, the entire apparatus was

placed into an Instron loading frame, equipped with an 890 N load cell with a

precision of ± 0.01 N. An alumina hemisphere was then fitted into an adapter

attached to the load cell. The hemisphere was used to align the load cell with the top

plane of the specimen. Load was applied to the fibers by pushing the flat portion of

the hemisphere against the top of the push-rod. The number of fibers pushed in a

particular test was subsequently counted from either optical or SEM observations of

the bottom side of the specimen.

3. MEASUREMENTS AND OBSERVATIONS

A typical load-displacement trace during fiber bundle push-out is shown in

Fig. 3. The corresponding trend in the average interface shear stress, T, with

displacement is shown in Fig. 4. The average shear stress is taken to be

,r = P/2nR(h-u)N (1)

where P is the applied load, R is the average fiber radius, h is the specimen

thickness, u is the fiber displacement (taking into account the elastic displacement of

the specimen), and N is the number of pushed fibers. In all cases, there was an

initial elastic portion, followed by a small load drop (typically, - 10% of the peak

value). The load drop is believed to occur when the fibers debond completely from

the matrix. Once the fibers had debonded, further sliding occurred subject to a

constant sliding stress: t = 16 ± 2 MPa (see Table I for a summary of the results).
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The values of the interface sliding stress obtained from the push-out tests have

been compared with values inferred from other micromechanical measurements

made on the same material 12 (Table II). The present results are in good agreement

with values inferred from the matrix cracking stress and the fiber pull-out

distribution following tensile fracture (,I = 10 to 15 MPa). This consistency p: ides

confidence in the utility of both the fiber bundle push-out technique, as well as the

micromechanical models that describe damage and fracture in this class of

composite. The value of sliding stress obtained from the saturation crack spacing

measurements (1: = 25 to 28 MPa) is somewhat higher; the source of the discrepancy

is presently not understood.

SEM examination of the bottom and top sides of the tested specimens revealed

several features. Notably, the bottom side "footprint" of a pushed-out bundle did

not correspond exactly with the "footprint" of the push-rod, i.e., the shape of the

bundles was not circular. Figure 5 shows an example of one such bundle. This effect

is probably due to fiber misalignment through the thickness of the specimen.

Examinations of the top sides of the specimens also revealed occasional fractured

fibers around the perimeter of the pushed bundle, wherein only a portion of the

fiber was loaded by the push-rod (Fig. 6). Typically, there were 1 to 2 fractured fibers

in each pushed bundle. The relative uniformity of the fiber sliding distances

measured on the bottom side of the specimens suggests that fiber fracture occurs

early in the loading cycle (prior to the load drop) and thus does not influence the

computed sliding stress.

4. CONCLUSIONS

The fiber bundle push-out test provides a simple means for measuring the

interface sliding stress, provided the matrix can be preferentially etched, leaving the
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fibers protruding uniformly above the matrix surface. The test is particularly useful

for composites containing small diameter fibers which, heretofore, could only be

tested using nanoindentation. Furthermore, the bundle tests provide instant average

values for the sliding stress. Results of the bundle tests were shown to be in broad

agreement with values inferred from other micromechanical measurements.
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TABLE I

Summary of Measurements on the CAS/SiC Composite

Test Number Number of fibers Average sliding stress

(MPa)

1 13 14

2 11 17

3 19 19

4 16 14

5 21 18
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TABLE II

Comparison of Sliding Stresses Obtained from Various

Mit.romechanical Measurements on CAS/SiC

Interface Sliding Stress,
Method T (MPa)

Fiber bundle push-out test 14-19

Matrix cracking stress8  10-15

Fiber pull-out distribution following 10-15

tensile fracture8

Saturation crack spacing 8  25-28
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FIGURE CAPTIONS

Fig. 1. Schematic representation of tlhe apparatus used during fiber bundle push-

out.

Fig. 2. Micrograph showing the protruding portion of the fibers following matrix

dissolution.

Fig. 3. A typical load-displacement trace for a fiber bundle push-out test.

Fig. 4. Variation in the interface sliding stress with sliding distance. (The sliding

distance is the difference between the total measured displacement and the

elastic displacement, with the elastic component being calculated from the

slope of the initial (elastic) portion of the loading curve.)

Fig. 5. SEM view of pushed out fibers.

Fig. 6. SEM view of the top side of a tested specimen showing fractured fibers

(arrowed) at the periphery of the pushed bundle.
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Abstract

Model equations governing the debonding and the pushout phases of the fiber pushout test

are presented and are then evaluated for accuracy by comparing them with detailed numerical

analyses of some specific examples. It is assumed that a residual compressive stress acts across

the fiber/matrix interface and residual axial stress in the fiber is taken into account. The interface is

characterized by a mode 2 debond toughness r and is assumed to develop a frictional stress upon

sliding according to 'T=TO-,tr, corresponding to a constant stress contribution and a Coulomb

term. The model applies either to pushout of a single fiber embedded in a homogeneous matrix or

to a fiber selected for pushout from a specimen sliced from a fiber reinforced composite. The

effect of redistribution of residual stress due to slicing the composite in preparation of the specimen

is addressed in the numerical examples. The detailed numerical work establishes that the debond

crack advancing down the fiber becomes unstable and breaks through to the bottom of the

specimen when the debond tip reaches a distance about one and one half fiber radii from the

bottom. The model equations provide a reasonably accurate description of the dependence of the

pushout test on its many parameters.
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Notation

Rf fiber radius

R0 specimen radius
Rb inner radius of support base

p fiber area fraction for a specimen cut from a composite
I length of mode 2 debond crack

t specimen thickness
Ef,E Young's mod uli of fiber and outer region

El Modulus quantity for interface crack (Eq. 2.10)

Vf,V Poisson's ratios of fiber and outer region

nR residual compressive stress acting across fiber/ matrix interface
p compressive pushout stress applied to fiber end
Pi pushout stress to initiate debonding

PR residual compressive axial stress in fibers
G energy release rate of debond crack
F = Gc mode 2 debond toughness of int efface

K mode 2 stress intensity factor for debond crack

Kc= -A mode 2 debonding intensity toughness of interface

U load point displacement conjugate to p
u displacement of fiber end relative to specimen surface

1. Introduction
Fiber pushout tests are now commonly carried out with the purpose of measuring the

fiber/matrix interface debonding and frictional sliding characteristics for a wide variety of fiber
reinforced composite systems (see Kearns and Parthasarathy (1991) and Marshall (1992) for a
listing of references). To infer these interface characteristics it is necessary to make certain
assumptions about the nature of the laws governing debonding and friction and to then carry out a
mechanics analysis of the specimen subject to these assumptions. In this way, theoretical
predictions for the specimen can be fit to measured records of pushout load versus displacement
using the desired interface properties as fitting parameters. The number of geometric parameters
characterizing the specimen and material parameters characterizing the composite is quite large (see
the Notation list), and it is essential that the mechanics solution for the specimen be in closed form,
rather than numerically generated for each set of parameters, if it is to be broadly useful. At the

same time, it is essential that the analytical solution, which is of necessity of an approximate
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nature, be assessed for its accuracy. The approach taken in this paper is to present a closed form

analytical solution in Section 2, which contains all the parametric dependencies and which is valid

for a reasonably general friction law, and then in Sections 3 and 4 provide a full finite element

analysis of the specimen for some specific cases to assess the accuracy of the analytical model

results. The analytical model results coincide in almost all respects to solutions presented recentl%

by Kearns and Parthasarathy (1991) and Marshall (1992) for the special case of Coulomb friction

acting on the fiber/matrix interface.

The slicing process used to produce specimens from a composite is illustrated in Fig. 1,

and the geometry of the specimens also detailed in this figure. It is assumed that there are residual

compressive stresses PR and nR in the axial and radial directions, respectively, in the fibers in the

composite prior to slicing. The slicing process redistributes these residual stresses in the

vicinity of the fiber ends, and one of our objectives will be to assess the effect of this redistribution

on the pushout test with the aid of the numerical calculations. In many specimens, the thickness i

is chosen to be not more than, typically, 6 to 12 times the fiber radius Rf so that unduly large

pushout forces can be avoided. For such 'thin' specimens it is essential that the inner support

radius of the base, Rb, be small enough such that significant effects due to bending do not arise

(Kallas, ct al, 1991). If Rb is taken to be less than, say, 2Rf, then bending effects are negligible

and, moreover, Rb itself will have little influence on the pushout results. Similarly, the outer

radius of the specimen RO plays essentially no role as long as it is more than several times t. The

numerical results reported below also indicate that the details of the support conditions at the base

(e.g. zero friction versus clamped) have relatively little influence, and clamped conditions will be

used in most of the numerical calculations. Assumptions about the details of the fiber/matrix

interface will be detailed below. The ir',-rface is assumed to be characterized by a mode 2 debond

toughness (work of fracture) f or, equivalently, by a critical mode 2 interface intensity toughness

Kc. A generalized friction law whi;h combines the Coloumb law with a constant friction stress is

used to describe the tractions exerted across the debonded interface behind the advancing mode 2

debond crack tip.

2. Approximate model governing pushout

The results in this section are derived from the paper by Hutchinson and Jensen (1990)

wherein models for fiber pullout have been developed. The formulas below are converted to be

applicable to the present pushout specimen with due regard for certain sign changes. Moreover,

the separate results in that paper for cases of constant friction and Coulomb friction have been

combined here according to the law
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T = To -I.or (2.1)

where to is the constant friction contribution, Vt is the Coulomb friction coefficient, and -or is the

compressive stress acting across the sliding fiber/matrix interface. This relation has been

suggested by Mackin, Warren and Evans (1992) as a phenomenological characterization which
incorporates both a Coulomb component and a component independent of the compression across
the interface which is thought to arise from significant asperity interaction of the kind documented

in their paper and in earlier work by Jero and Kerans (1990).

2.1 Some basic equations

In specializing the results from Hutchinson and Jensen (hereafter referenced as H-J), it will
be assumed that (Rf/RO) 2 << 1 so that, in effect, the specimen in Fig. 1.1 has an infinite outer
radius R0, leading to a simplification of some formulas in the earlier reference. In addition, two

cases will be considered: Case (i), an isotropic fiber surrounded by an isotropic outer region, and
Case (ii), a transversely isotropic fiber surrounded by a transversely isotropic outer region, where

the outer region can be assigned the effective elastic properties of the composite from which the
specimen is sliced. The model of I-I-J, like that of Gao, Mai and Cotterell (1988), uses the Lame'

solution to characterize the radial dependence of the stress distribution in the fiber and the matrix at

each position z through the specimen. The approach is not accurate when the mode 2 debond crack
tip is within about one fiber radius from the top or bottom faces of the specimen, as will be clear in

the next section where comparisons with accurate numerical solutions will be made. However, the
approach is quite accurate when the crack tip is in the interior of the specimen, and it can be used to

analyze the most important aspects of pushout behavior.

There are two combinations of the elastic properties, Bj and B2 , which reappear

throughout the paper. These arise in the following relations from the Lame' solution (cf. H-J,

Eq.(22))
(o -G+) = B1(o- - o-) (2.1)

and

(c-f - eC) = B2(O" - o"_) / Ef (2.2)

where of and cf are the average axial stress and strain in the fiber, or is the radial stress acting

across the interface, and the '+' denotes values well below the debond crack tip while the '-' labels

values above the tip. These relations follow from the supposition that the changes in stress

distribution from one section along the fiber to another are characterized by the Lame' solution,
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together with imposition of continuity of normal displacement and normal traction across tht-
interface as discussed more fully in H-J. The formulas for B1 and B2 for the two cases are 2ive:-
as follows.

Case (i): Isotropic fiber and isotropic outer region.

Let Ef and vf denote the Young's modulus and Poisson's ratio of the fiber and let E and \

denote the corresponding quantities for the outer region. Then,

vfEB1 = (2.3,
(I- vf)E+ (I+ v)Ef

and

1 + vf)(1- 2vf)E + (1 +v)Ef
(l-vf)E+ (I +v)Ef

(In this paper B1 is the new notation for bj in H-J, while B2 replaces b2Ef/E, in each case for the
limit with Rf/R0 approaching zero. See the end of the Appendix for errata for the H&J paper.)

Case (ii): Transversely isotropic fiber and transversely isotropic outer region.
Let the 1-direction be aligned with the fiber axis. The relevant components of stress and

strain for an elastic material with transverse isotropy with respect to the 1-axis are related by

E 1 - 2 + 03)(2.a
E E

E2 =-jV51 +"•02 -Er3 (2.5b)

v V r I

£3 ~i -- T2 +CJ (Erc

With a subscript f denoting quantities associated with the fiber and unsubscripted quantities for the
outer region, the expressions for B I and B2 generalize to

B = vfEr (16)
(1- VI)(Ex / E[ )Er +(1+ vr)Ef

B2 = I-2vfB1  (2.7)

Of the two coefficients, B2 is generally about unity, while B 1 brings in the 'Poisson effect'
and is a much stronger function of the elastic properties than B2. For example for Case (i) with , f
=v=1/3, B1=0.167 and B2 --0.889 when Ef/E=I, and B1=0.0714 and B2-0.952 when Ef/E=3. To
see how Case (ii) differs from Case (i), consider an isotropic fiber surrounded by a composite

comprising the same fibers with area fraction p=0.3. Suppose the matrix of the composite is
isotropic such that Vm=Vf=l/ 3 and Ef/Em=3. A self-consistent theory determination of the
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transversely isotropic elastic properties of the composite needed to evaluate B1 and B2 in (2,6) and

(2.7) gives Ef/Er=2.215 and vr=0.351 leading to BI =0.0911 and B2--0.939. These values can be

compared with the second set of values quoted above for Case (i), and it is seen that B I is the more

sensitive of the two coefficients to the way in which the outer region is represented.

The central equations of the model are (2.1) and (2.2) along with the equation for axial

equilibrium of the fiber and the equation for the energy release rate of the debond crack. The axial

equilibrium equation for the fiber is
d.. = _. (2.8)
dz Rf

where z is the axial coordinate parallel to the fiber pointing upward, and the energy release rate at

the mode 2 crack tip is

G =I(B 2 Rf /Ef)(oT- -o+)2 (2.9)
4

This equation for G is an exact steady-state result for a free-sliding fiber (t = 0) in the interior of an

infinitely thick, homogeneous isotropic matrix. For a general elastic mismatch between the fiber

and the matrix in Case (i), the relation between the mode 2 interface stress intensity factor K and

the energy rele, - rate is

GK LK2 (2.10)

2\' Er E ) El

where P3 is the second plane strain Dundurs parameter and El is an interface cracking modulus

conveniently representing the collection of moduli quantities shown. ( See, for example,

Hutchinson and Suo (1991) for a background to the above equation and for the expression for (V

For most systems of interest in the present context, p2 is seldom larger than a few percent.)

22 Debonding phase

Let r denote the mode 2 toughness of the fiber/matrix interface, and let PR be the

compressive axial stress in the fiber prior to any debonding. (Expressions for PR and nR in terms

of the thermal mismatch strains and the elastic properties of the composite are given by H-J.) Then

imposition of the debonding criterion, G = F, with Of* =-PR and or =-Pi gives the compressive

pushout stress in the fiber needed to start the debond moving down the interface before any

appreciable frictional resistance develops,

Pi PR +'-2-FEf

IB 2Rf

In writing this equation it has been assumed that an initial debond region of length on the order of
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Rf pre-exists, otherwise a larger initiation pushout stress p, would be required. as will be made

clearer in Section 4.

Once debonding has started, the debond length I increases with pushout stress p according

to

I 1lF In _o + lnR + PBI(P -pR)
Rf 2LB1  LTo+ýLnR J-iB-(pl-PR)1

where nR is the compressive stress acting across the interface prior to any debonding. Alternative.

equivalent expressions to (2.12) are

"" f + p R 'to+anR[ -] 2
=PR+ B2Rf 4B V BRf + + 1 (2.13

where '=2_.tBj1/Rf. The limit to (2.12) and (2.13) for to=0 corresponding to Coulomb friction

coincides with the results given by Kearns and Parthasarathy (1991) and Marshall (1992) for Case
(i), although the form is somewhat different. In particular, the role of the residual axial
compression in the fiber PR is transparent in the first of the formulas in (2.13)--it simply adds to
the pushout stress. The second expression in (2.13) emphasizes how the debond toughness and
the friction combine to give the increment of pushout stress required over and above initiation. The
limit for constant friction (4=O) is the elementary result I/Rf = (p-pj)/(2"0). Note that the above
results hold for Case (ii) as well when (2.6) and (2.7) are used for B1 and B2.

Kearns and Parthasarathy and also Marshall introduce a reference tensile stress quantity,
ai0, which is the stress in the debonded portion of the fiber required to reduce the radial
component of the interface traction, (Tr', to zero. By (2.1), this quantity is related to the residual
stress quantities by nR=Bl(CO0" PR). If nR is eliminated from (2.13) in favor of OYf, then for the

Coulomb friction limit one obtains the form which these authors give, i.e.

p 1Yf+ -E :+PR + ?e(2.13a)

The sliding displacement of the top of the fiber relative to the matrix (see Fig. 1) is given

by

u p-pI (.to+4nR) £ (2.l4•

Rf 12.BIEf t.B1Ef RfJ

where p-pi may be expressed in terms of £/Rf using (2.11) and (2.13). Within the frame work of

the model, the displacement U through which p works can be approximated by u plus a

contribution due to the deformation of the specimen under p in the absence of debonding. Thus,
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U u - CPu= +c-L(2.l5

Rf Rf Ef

The constant C has been evaluated using the numerical procedures of the next section. For Cas.e i)

with vf "Vm =1/3 and Ef/E in the range 1 to 5, C is well approximated by 1.46(Ejf/E) 1/2 . The lirni

of (2.14) for constant friction (.t=O) is

u _2B2 1 1 Tr B32T0 ( 2
- _ _+ - - j(2.16~"-= Rf B2RfEf Ef ,Rf)

In the next section, where a full numerical analysis of the specimen under constant friction

conditions will be given, it will be seen that the debond crack advances stably until the crack tip

reaches a distance of about 1.5Rf from the bottom of the specimen where it becomes unstable and

breaks through to the bottom surface by dynamic advance. Let p* and U* denote the load and

displacement associated with the point where the debond crack loses stability. A good

approximation to these instability values can be obtained from the above equazioi,:, by taking I

be t-1.5Rf, i.e.

P +2 =P+r2 +g [eF (2.17)
P =PR -•B2Rf ;iB,

Rf + 2,.BIEf 9BIEf Rf (

Here C*=2ýiBj(t-l.5Rf)/Rf. These two equations contain the many parameters in the pushoui

problem. Moreover, the three contributions to the pushout stress at break-through are clearly

exposed in (2.17), respectively due to residual stress, debonding toughness and friction.

2.3 Pushout phase

After the debond tip has broken through to the bottom of the specimen the pushout force is

opposed only by friction. However, the axial stress in the fiber at the bottom is now relieved with

a redistribution of the compressive stress acting across the fiber/matrix interface. At the bottom

after break-through, this compressive stress becomes nR-BIPR; which is assumed to be positive in

what follows. With d as the remaining length of the fiber in the matrix (d=t-u), the pushout stress

is

w.--,o+ ti(nR -BIPRth e;d ) (2.R9)

where ýd23g/f In the limit g.-40, this reduces to the elementary result p=2xdIRf implying a
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linear drop-off of pushout load with displacement. The 1imat of Coloumb friction r'to = 0 ) gives :

nonlinear relation between the pushout force and displacement, i.e.

p =nR - 3BIpR (e;d (2 ,•.20(,

with the force dropping more rapidly in the beginning (da-t) than at the end (d=4)). With (nR-

BIPR) identified as the redistributed compressive stress normal to the fiber/matrix interface at the

bottom of the specimen, this formula agrees with that of Shetty (1988). who adapted the earlier

pullout results of Takaku and Arridge (1973). It also agrees with equivalent formulas of Kearns
and Parthasarathy (1991) and Marshall (1992), noting that the coefficient in (2.20) is just 0r'.

Recent detailed elasticity calculations of Meda, Hoysan and Steif (1992) have demonstrated the

accuracy of this formula.

The drop in the pushout stress Ap which occurs when the debond breaks through to the

bottom of the specimen is given by (2.17) minus (2.19) with d.=t.

3. Numerical analysis of the specimen with constant friction to (Case (i))

Attention will be restricted to pushout histories which are monotonic in the sense that the
average downward displacement of the end of the fiber U is increased monotonically. The debond

crack length also increases monotonically under these circumstances. An important consequence
of this monotonicity for the purpose of analyzing and presenting results for the specimen is that,

for a given debond crack length, the quantities K, U and u are linear functions of p, "tO and PR.

(The residual compression across the fiber/matrix interface nR plays no direct role in the constant

friction solution.) Specifically, this means it is possible to write

K / ;R= PfI (ý) - PRf2(0) - Itf3 (O ) (3.1)

ULEf / Rf = Pg()- PRg2(4)- t 0g 3(14) (3.2)

uEf / Rf = phl(ý) - pRh2 (A)-toh3 (A) (3.3)

The nine quantities fi, gi and hi are functions of the normalized interface crack length, ý=t /Rf, as
well as the other dimensionless geometric and material property parameters: t/Rf, Ef/E, vf and v.

In addition, as discussed in the Introduction, these functions also depend very weakly on RCVRf,

Rb/Rf and on the precise manner in which the specimen is supported on its base. The functions of

Sare plotted in Figs 2-4 for selected values of the nondimensional parameters. The fiber and outer
region are each isotropic (Case (i)) vf =v = 1/3, aWd Ef/E = I or 3. To provide a relatively severe

test for the model equations, a thin specimen has been chosen with t/Rf=6 but results for a thicker

specimen with t/Rf=12 have also been obtained and will be discussed. The results are calculated
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with completely clamped conditions along the base of the specimen and with Ro/Rf=5 and

Rb/Rf=l.5. Each of the three contributions will be discussed in turn, and the effects of varying

certain of the parameters will also be discussed. Some of the details of the finite element

procedures used to solve for these functions are discussed in the Appendix. Each contribution is

analyzed as a mode 2 crack problem with crack faces which slide relative to one another but whose

normal opening displacement is zero. Thus, when the individual contributions are summed, the

net result applies to a mode 2 problem.

The corresponding results from the model will be compared with the full numerical

calculations. The model results can be obtained in a straighL forward way from the basic equations

of Section 2.1. They are

K _~f= "E- 1 (P PR TOR(.4

uEffRf =B2 (P-PR) -to( - 21 (3.5)

with U=u+CpRf/Ef.

3.1 Contribution due to pushout stress p

The contributions to K, U and u from the pushout stress p as calculated using the finite

element program are shown in Figs 2. As just discussed, the crack is modelled as a mode 2 crack

in these calculations with closed, frictionless crack faces, as is consistent with the representation in

in (3.1)-(3.3). Included in each of these figures are the predictions from the simple model, (3.4)

and (3.5). The contribution of p to K in Fig. 2a increases sharply with crack length, reaching the
'steady-state' plateau at ý_l. This plateau regime persists until the crack approaches a distance of

about one and one half fiber radius from the bottom of the specimen, at which point the

nondimensional stress intensity factor increases dramatically as the crack breaks through to the

bottom of the specimen. These features are even clearer in Fig. 5 which compares results for two

specimen thicknesses, t=6Rf and t=12Rf. The contribution to K for the shortest cracks and for

cracks within the broad mid-region of the specimen are independent of specimen thickness.

Similarly, for crack tips within about 1.5Rf from the bottom, the contribution to K from p is

otherwise independent of specimen thickness. The result from the model obtained from (3.4)

clearly applies to the plateau regime.

The contributions to U and u due to p are shown in Figs. 2b and 2c where the model

predictions are also included. The corvtan: C appcar;.g ir, :he --ca a. - I's has been obtained
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from the numerical results of this section. As the crack length increases, the relative difference
between U and u diminishes. The agreement with the model equations improves for thicker
specimens as discussed below.

3.2 Contribution due to axial residual compression PR in the fiber, including the effect of stress

redistribution due t specimen preparation

There is a significant redistribution of residual stress near the fiber ends when the specimen
is sliced from the composite. Or, if a single fiber specimen is prepared with a homogeneous outer
matrix without slicing such that residual stresses develop in the fiber, then the stresses near the
fiber ends will also be different from what they are in the interior. Here attention will be focussed
on specimens sliced from a composite with fiber area fraction p. As discussed the Introduction,.

PR is the residual axial stress in the fibers of the composite prior to slicing , and the functions f2 .
g2, and h2 in (3.1)-(3.3) reflect the redistribution resulting from the slicing process. Finite element
results for the contributions due to PR to normalized K, U and u are shown in Figs. 3. The insert
in Fig. 3a shows the tractions applied to determine the contribution due PR- The residual stress
distribution in the unsliced composite 'cell' is modeled as having a compressive stress PR in the
fiber and a tensile stress ppR/(I-p) which acts over an area weighted to correspond to the the
appropriate area fraction of the matrix relative to the fiber such that the total force on each of the
potential top and bottom faces is zero. The slicing process then is equivalent to applying equal and
opposite tractions to remove these stresses, as indicated in the insert. Plots of the changes in the
normal and shear stresses acting on the fiber/matrix interface as calculated by this procedure are
shown in Fig. 6 for the set of parameters indicated in the figure caption. The changes constitute a
significant fraction of PR but they are confined to a region a few fiber radii from the ends of the

fiber.

The simplest way to compute K, U and u due to PR is by applying the tractions shown in
the insert of Fig. 3a to the specimen for each length of mode 2 crack. This is equivalent to
cancelling the shear tractions acting across the interface due to introduction of the mode 2 crack. In
presenting the contribution to U, g2(9), the very small displacement associated with ---O is

subtracted off such that g2(0)=O.

Included in Figs. 3 are the predictions from the model from (3.5) which are seen to provide
a reasonable approximation in the mid-region of the specimen. The redistribution due to slicing
gives rise to a peak contribution to K due to PR which exceeds the mid-region levels and which
occurs at a crack length of just over one half a fiber radius. Since the contribution due to PR is a
negative (see eq.(3. 1)), the effect of the redistribution is to require a larger pushout stress to start
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the debond crack moving down from the top surface of the specimen than would otheris• bc

predicted. The contribution to K falls to zero as the crack approaches the bottom surface of the

specimen since the axial residual stress is then largely relieved.

3-3 Contribution due to the constant friction stress r)

The contributions in (3.1)-(3.3) due to tO art shown in Fig. 4, where the predictions frmn

the model are also included. The model results for K in Fig. 4a underestimate somewhat the actual

contribution, but the slope of the the relation in the interior portion of the specimen is captured b%

the model. This same tendency was observed in the comparative study of pullout in Fig. 7 of I1-J.

where it is also seen that the accuracy of the model improves as the debond length grows

(assuming it is still well away from break-through). Thus, the discrepancies between the detailed

numerical results and the model seen in Fig. 4 diminish significantly in the interior of the specimen

for specimens thicker than the one considered in this example, as will now be discussed.

3.4 Dependence on other parameters and support conditions

The numerical results for the choice t/Rf =6 shown above provide a fairly severe test for the

model equations since end effects extend into the specimen a distance of between one to two fiber

radii, typically, from the free surfaces. The model equations do not incorporate end effects, vet

nevertheless the model captures the quantitative trends when the debond is in the interior of the

specimen. Fig. 5 illustrates the applicability of the model equations to the portion of the specimen

away from the ends. Generally speaking, the model predictions for K are the more accurate than

those for U, which in turn are more accurate than those for u. The calculations for t/Rf= 12 show a

systematic improvement in accuracy of the model equations for all three quantities over those for

t/Rf=6. For example with El=E. the error in the model predictions at 1=t/2 drops from 3.6 to

1.8% for K, from 9.0 to 6.7% for U, and from 27 to 17% for u. For El/E=3, the error

improvements for a specimen with t/Rf=12 rather than 6 are 14.7 to 4.0% for K, 22 to 13% for U.

and 55 to 26% for u.

Some of the calculations displayed above were repeated using free sliding boundary

conditions (rather than completely clamped) along the bottom surface of the specimen. This

alteration had virtually no effect on the numerical results for the functions in Figs. 2-4. Similarly,

reducing RyRf from 5 to 3 had virtually no effect-

4. Fracture analysis of the specimen with constant friction (Case (i))
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The equations (3.1) and (3.2) of the previous section will now be used to generate pushour

load-displacement relations during the debonding phase and, consequently, to identify the point

where the debond crack becomes unstable and dynamically breaks through to the bottom of the

specimen. Impose the condition K=Kc=-(EI 1"L1/2 on equation (3.1) to obtain the following relation

between p and the normalized debond length ":

p = 1 [I PR f2(ý)+ '0 f4 lr%!EIF/ Rf f If(lr) + E1F/Rf %!EIF / Rff3,)4.

Equation (3.2) with (4.1) supplies U as a function of according to

UEf - p P 1(r.)- PR gto

EERf ýEJIF/Rf g E(j) - g/R)f 9 \iEIF/Rf 93

Examples are shown in Fig. 7 where the fs and g's are those plotted in Figs. 2-4 for the case with

Ef =E, vf =v =1/3, and t/Rf =6. Fig. 7 isolates the effect of friction showing results for several

values of the nondimensional friction parameter, in every case with PR=0 . Plots a and b of this

figure display the dependence of p and U, respectively, on 1, while 4 has been eliminated in plot c

with p cross-plotted against U. The curves in these plots apply when the debond condition,

K=Kc, is met. The straight lines emanating from the origin have been added to indicate behavior

prior to any debond crack advance, as will be discussed below. Included in each of the three plots

of Fig. 7 are predictions of the model for precisely the same case. The model predictions are given

by (2.13) and (2.15) for the limit a--O. Equivalently, they can be obtained from (3.4) and (3.5)

after K=Kc is imposed.

Suppose for the purpose of discussion that the displacement U (rather than the load) is

prescribed by the pushout devise. Any loading devise compliance could be taken into account in

the following discussion, but a stiff devise is well modeled by prescribing U. The straight line

emanating from the origin in Fig. 7c is the load-displacement response of the system prior to

attaining the debonding condition K=Kc. If a debond crack of length greater than about one fiber

radius pre-exists, then the dashed line segment will intersect the the debonding curve at a point

such as A, and debonding will then progress smoothly as U is increased. If, however, the inital

debond flaw is shorter than about one fiber radius, debonding will start at a point such as B and

will advance dynamically arresting when the load drops to the lower value at B' associated with the

prescribed U. Subsequently debonding will progress smoothly with increasing U until the limit

point with respect to U is reached. Values at the limit point are denoted by (p*,U*), corresponding

to the point where the debond crack becomes unstable and breaks through to the bottom of the

specimen. The limit point is attained when the debond crack tip reaches a distance of about 1.5Rf
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from the bottom. (The values given by the model at which I=t- 1.5Rf is indicated by a solid dot in

Fig. 7c.) From Figs. 2a and 5, it can be seen that the instability point corresponds to the strong

up-turn in the dependence of K on p. Note further that the two cases shown with nonzero tC, are

stable under prescribed load almost to the same point as under prescribed U. In other .,words,.

friction stabilizes the debonding process until the point where the debond approaches the bottom of

the specimen such that there is very little dependence of the break-through values, p * and U*. on

the compliance of the loading device.

Plots of p and U as functions of ', and p versus U are shown in Fig. 8 for examples where

residual axial compression PR in the fiber is present as well as constant friction. In this case the

normalized value of P-PR has been used as the ordinate to bring to out the fact that the main effect

of residual axial compression is to simply require an extra push roughly equal to PR. The model

tends to underestimate p and overestimate U, but the errors in p* and U* are not more than about

ten percent. The range of the nondimensional residual stress parameter chosen in Fig. 8, from 0 to

2, covers the feasible range of this parameter. Using (3.4), one can readily show that the fiber will

debond by residual stress alone (i.e. poke out of the matrix) if

PR > 2 E1 f (4.3)
VEIr/Rf ýEIB 2

The collection of terms on the right side of this inequality is usually fairly close to 2.

S. Closing Remarks

The detailed numerical analysis of some specific examples in Sections 3 and 4 indicate that

the model equations provide a reasonably accurate characterization even for a specimen as thin as

t/Rf =6, with errors of about 10% being typical. The accuracy of the model predictions in the

vicinity of the instability point is seen in Figs. 7 and 8 to be somewhat better than in the beginning

stages of the debond process. As discussed in Section 3.4, the accuracy will be even better for

thicker specimens. The detailed analysis indicates that the instability point in the debonding phase

occurs when the debond reaches a distance of about 1.5Rf from the bottom of the specimen, and

the model equations (2.17) and (2.18) can be used to predict this point. Moreover, as long as there

is some friction, this instability point is not a strong function of the compliance of the pushout

device. The instability is primarily associated with the strong upturn in the relation of K versus

debond length seen in Figs. 2a and 5 as the debond crack approaches the bottom of the specimen.

A few remarks are in order in connection with use of the model equations of Section 2 to

infer interface properties such as r and frictional characteristics from experimental pushout
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records. Firstly, one should be cognizant of the approximate nature of the model equations in

making efforts to fit the model equations to expeiimental pushout data. The level of error reflected

by the examples in Figs. 7c and 8c is typical for relatively thin specimens. Secondly, one must be

aware that it may not be possible to distinguish between a constant friction characterization and a

Coulomb friction characterization if the specimen is relatively thin. To bec ,his. consider the

frictional contribution to the pushout stress in (2.13). If ý never exceeds 1/3, say, then el- I can be

approximated by ý and

TO + "'mR e - 1I 2 (to + jnR)- (5.1)
AB Rf

The combination ('to+±tnR) is equivalent to an effective constant friction. In other words, if 1<

1/3, there is negligible 'Poisson effect' and the Coulomb friction contribution remains essential]%

unchanged at gnR during the debonding phase. These remarks also apply to the pushout phase

governed by (2.19), although note that the term -913BPR does affect the Coulomb contribution

relative to the debonding phase (5.1) in a way which does distinguish it from constant friction,

Since the debond length is at most t, the condition that ý never exceed 1/3 is simply

t/Rf<l/(6ptBj), which, depending on specific values of the parameters of the system, could be as

large as 10 or more.

Equation (2.13) can be used to assess the relative importance of debonding toughness,

residual axial stress, and friction to the pushout stress during the debond phase. As emphasized

earlier, according to the model the residual compression in the fiber pR simply adds to the required

pushout stress. The terms

2 FEf and to + I.nR
B2Rf gB!

each have dimensions of stress and, respectively, govern the debonding and frictional

contributions. The nondimensional frictional parameter and residual stress parameter introduced in

Section 4 used the first of the above quantities in their normalization. Thus, the relative importance

of the contributions can be assessed from the relative magnitudes of these terms.

Finally, we wish to call attention to the fact that the relative slip u of fiber to matrix at the

top of the specimen is only a tiny fraction of the fiber radius at break-through in many systems.

This statement follows from inserting values for typical systems in (2.16) and from experimental

records of pushout tests published in the literature. Thus, for example, a thin specimen with a

fiber of radius 50 microns may undergo debonding with relative sliding u never exceeding a small

fraction of a micron. If the asperity roughness has a wavelength which is long compared u (which
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is the case for some fibers), then debonding does not involve the asperities sliding past onc

another. In fact, under these conditions, debonding will occur prior to the unseating. or unkeyvIn.

of the fiber asperity pattern from the matrix which surrounds it. The role of surface morphoi:\?

during debonding under these conditions is not well understood, and it is not at all clear thay a

phenomenological friction law such as (2. 1.), whether for constant or Coloumb friction or soric

combination, should apply both to the debonding phase and the pushout phase after sliding

distances on the order of the asperity wavelength have occurred. By the same token. frictional

characteristics inferred from pushout tests where 'large' amounts of sliding occur may not bc

relevant for debonding and sliding under pullout conditions experienced in cracking apphica'on.

for brittle matrix composites which involve small amounts of sliding.

Acknowledgement

The authors would iike to thank A.G. Evans and D.B. Marshall for helpful discussions

durii-g the course of this work. The work was supported in pan by the DARPA Universitr

Research Initiative (Sub-Agreement P. 0. #VB38639-0 with the University of California, Santa

Barbara, ONR Prime Contract N00014-86-K0753, the Materials Research Laboratory (Grant

NSF-DMR-89-20490) and the Division of Applied Sciences, Harvard University.

References

Gao, Y-C., Y-W. Mai and B Cotterell (1988), Fracture of fiber reinforced materials. J. Appl.

Math. and Phys. (ZAMP) 39, 550-572.

Hutchinson, J.W. and H.M. Jensen (1990), Models of fiber debonding and pullout in brittle

composites with friction, Mech. of Materials 9, 139-163.

Hutchinson, J.W. and Z. Suo (1991), Mixed mode cracking of layered materials, Ad%. Appl.

Mech. 29, (ed. by J.W. Hutchinson and T.Y. Wu) Academic Press, 63-191.

Jero, P.D. and R.J. Keams (1990), The contribution of interfacial roughness to sliding friction of

ceramic fibers in a glass matrix, Scripta. Met. 24, 2315-2318.

Kallas, M.N., D.A. Koss, H.T. Hahn and J.R. Hellmann (1991), On the interfacial stress state

present in a "thin-slice" fiber push-out test, to be published in J. Materials Sci.

Kearns, R.J. and T.A. Parthasarathy (1991), Theoretical analysis of the fiber pull-out and push-

out tests, J. Am. Ceram. Soc. 74, 1585.



-17-

Mackin, T.J., P.D. Warren and A.G. Evans (1992) Effects of fiber roughness on interface sIldinm

in composites, Materials Department Report, University of California, Santa Barbara. to be
published.

Marshall, D.B. (1992), Analysis of fiber debonding and sliding experiments in brittle matr\
composites. to be published in Acta Metall. Mater.

Meda. G., S.F. Hoysan and P.S. Steif (1991), The effect of fiber Poisson expansion in micro-
indentation tests, to be published.

Shett,, D.K. (1988). Shear-lag analysis of fiber pushout (indentation) test for estimating interfacial
friction stress in ceramic-matrix composites, J. Am. Ceram. Soc. 71. C-107 -C-109.

Takaku, A. and R.G.C. Arridge (1973), The effect of interfacial radial and shear stresses on fiber
pull-out in composite materials, J. Phys. D: Appl. Phys., 6, 2038-2047.

Appendix

The numerical results have been obtained using a finite element code ABAQUS (Hibbitt,
Karlsson & Sorensen, Inc., Providence, Rhode Island, USA) with eight-noded quadrilateral
axisymmetric elements. The finite-element mesh consists of 1169 to 1305 elements. Mode 2
cracks of length I are assumed to exist along the interface. Since there is a square root singularity
in the strain and stress fields at the crack tip, quarter-point elements are employed in the region
nearest to the tip. The radial length of the smallest and largest elements are 3.07x10"4 Rf and
1.35x 104 Rf, respectively. For each pre-selected 1, the energy release rate, G, is calculated using
a J-integral option in ABAQUS. The contour selected to calculate G lies within the immediate
vicinity of the tip, where the plane strain conditions are asymptotically approached. The calculation
is performed for debond ratios ranging from l< I/Rf < 6, with between twelve to twenty ratios
used for a given specimen. The stress intensity factor K and the average downward displacement
of the end of the fiber U are also calculated. The displacement U is obtained by averaging the
nodal axial displacement of the fiber end over the intersection area of the fiber, while the relative
displacement u is obtained by subtracting the average axial displacement of matrix from U. Since
the linear elastic behavior is assumed, the contributions to K and U from the applied compression
p, the residual axial stress PR and constant friction to along the interface could be calculated
separately as discussed in Section 3. The contribution due to axial residual compression PR in the
fiber is modeled by applying a uniform tension PR to the fiber ends, and a compressive stress

ppR/(1-p) acting over an annular region whose radius extends from Rr to Rf/N p on both the top
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and bottom faces of the specimen. The fIu:e-elemen: results fo- the cons~an, c,. ....
obtained Ly applying an appropriate concenrtra;ed shear forze to each noda:l po':n: aionz t•e c:ý:,
faces such that an equi% alent uniform shear stress c(; is achieved.

Errata for Hutchinson and Jensen (1990)

Eq. (24): c (b + b,

Eq. (47): ki should be replaced by k,./I+k):

Eq. (59): er in the numerator should be replaced by e-
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=>eb R,-

residual axial compression in
fiber in COMPasite=PR

residual compression acrwss
fiberlmatrix mnter~face=nR

Fig. I Residual stresses in composite and slicing to make a specimen. Definition of length
quantities for specimen.
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Fig. 5 Contributions to K in (3.1) due to p for two thicknesses of specimen. The parameters of
the specimen are otherwise the same as those in Fig. 2a.
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Fig 6a
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Fig. 6b

Fig. 6 Changes in normal and shear stress on the fiber/matrix interface due to slicing a specimen
from a composite with an axial residual compressive stress PR in the fiber. The insert displays the
tractions applied to the specimen to model the stress changes caused by slicing. The parameters of
the specimen are the same as those in Figs 2-4 with p=4/9, Ef=E and vf=v=l/3.
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EFFECTS OF FIBER ROUGHNESS ON INTERFACE
SLIDING IN COMPOSITES

T. J. MACKIN, P. D. WNARREN and A. G. EVANS

Materials Department. College of Engineering. tnisersit. of California. Santa Barbara
CA 93lt06. U S A

(R ei e'ited 7 O c to ber 191) j

Abstract-The presence of asperities at the fiber-matrix interface is noted experimentallh as a load rise
during the initial stages of push-out and as a reseating load drop during push-back. These effects are
modelled b\ considering the elastic deformation of asperities at the interface. During fiber sliding, the
decorrelation of initially matching fiber and matrix geometries results in an asperity pressure at the
interface. Fractal models of interface roughness are incorporated into an equation of fiber sliding that
is found to accuratel, reproduce experimental obserations Additional.ý an asperit \%ear mechanism
must be introduced to explain the effects of fatigue, the variation of fiber reseating \,ith sliding distance.
and the rapid deca\ in sliding stress during pristine fiber push-out.

Risume--La presence d'asperites a linerface fibre matrice est constatee experimentalement comme une
elevation de charge pendant les stades initiaux de la poussee et comme une chute de charge pendant la
poussee inverse. Ces effets sont modelises en considerant la deformation elasttque des asperitis a
l'interface. Pendant le glissement des fibres. la d&correlation des geometries initialement assorties des fibres
de la matrice conduisent a une pression d'aspenti a ]'interface. Des modeles fractaux de la rugosite de
I interface sont incorpores dans lequation du glissement des fibres qui reproduit avec precision les
observations explrimentales. De plus. un mecanisme d'usure des asperites doit itre introduit pour
expliquer les effets de la fatigue, la %ariation de remise en place de la fibre avec la distance de glissement,
et la rapide decroissance de la contrainte de glissement pendant la premiere poussee sur ]a fibre.

Zusammenfassung--Rauhigkeiten an der Grenzflche zwischen Faser und Matrix machen sich im
Experiment als Anstieg der Last %kihrend der Anfangsphase des Ausziehens und als Lastabfall durch
Wiedereinrasten wahrend des Zursickschiebens bemerkbar. Diese Effekte werden modellhaft besclhrieben.
indem die elastische Verformung der Rauhigkeiten an der GrenzfliAche beschricben werden. Wahrend des
Gleitens der Faser fuhri das "Ausrasten" der ursprunghch passenden Faser- und Matrixgeometrien zu
einem Druck durch die Rauhigkeiten an der Grenzfliiche. Fraktale Modclle der Grenzflichenrauhligkeit
werden in emne Gleichung der Fasergleitung eingebaut: es ergibi sich, daff diese die expenmentellen
Bcobachtungen genau wiedergibt. Zusatzlich muO win Rauhigkeits-Abriebmechanismus eingefiuhrt wet-
den. um die Effekte der Ermiidung, der Variation des Einrastens der Faser mit dem Gleitweg und den
raschen Abfall in der Gleitspannung wahrend des vorausgegangenen Ausziehens der Faser erklaren zu
k6nnen.

1. INTRODUCTION phenomenon which is also attributed to geometric
decorrelation during fiber displacement. Additional

Fiber-reinforced composites gain much of their evidence for roughness arises from effects associated
toughening from the frictional sliding of fibers [1-4]. with cyclic sliding during fatigue (Fig. 2) [111. This
Most descriptions of sliding have employed a sliding article develops a simple model of fiber sliding that
stress. T. that does not incorporate the microscopic incorporates fiber roughness, which may be used to
roughness of the sliding surfaces [5-7]. Recent simulate and interpret fiber push-out and pull-out
experimental evidence, however, has elevated the measurements. The model shows that the decorrela-
role of interface roughness. In particular, certain tion of initially matching fiber and matrix geometries
features of fiber push-out and pull-out cannot be is seemingly responsible for many of the observed
explained by the frictional sliding of smooth fibers. phenomena.
For example. after a fiber has been pushed through Jero et al. (8, 9] first noted the importance of fiber
[Fig. l(a)] or pulled out and returned to its original roughness and modelled its effect as an addition to
location, it experiences a reseating load drop the interfacial clamping pressure. They assumed that
[Fig. I(b)] 18-11]. This load drop arises from the the fiber and matrix geometries, once removed from

geometric memory of the fiber-matrix debond sur- their original position, would create a uniform asper-
face: the fiber and matrix geometries re-correlate in ity pressure that simply adds to any existing clamping
their original orientation. Furthermore. fiber push- pressure. A more detailed analysis of asperity inter-
out is often accompanied by an increasing load actions was presented by Carter er al. [10] wherein
during the early stages of sliding [Fig. I(a)] [7. 11]: a asperity roughness is modelled as Hertzian contacts,

1251
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Fig. I Fiber push-out (a) and push-back (b) in a Ti(I5-3l-SCS-6 composite During fiber push-out. there
is a notable increase in the sliding stress associated with the first few microns of fiber sliding. Note the

reseating load drop associated with fiber push-back (h = 410/um)

leading to a sinusoidal modulation of the sliding roughness, plays an important role in fiber sliding-
stress. Kerans and Parthasarathy 1121 include asperitN Additionally. Kerans and Parthasarathy 1121
pressure in a detailed treatment of fiber debonding introduce discussion of abrasion during fiber sliding
and sliding during both push-out and pull-out exper- that would have implications during the sliding of
iments. They note that asperitN pressure. due to fatigued fibers.
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Fig 2 Push-out for fatigued fibers PII = 45(1 im)

The present model considers an elastic asperit% respectively, and
mismatch akin to that of Jero et a/. 18. 9] but
includes a full spectrum of fiber roughness.
represented using fractal geometry. As such. , £
computer simulations using this model illustrate all of F= ( T E

the fundamental aspects of sliding along a rough. BL,( I

debonded interface, and directly demonstrate I =t - d
asperity effects during the sliding of both pristine and
fatigued fibers. with v being Poisson's ratio (assumed to be the same

for fiber and matrix). E is the composite modulus. h
is the specimen thickness and d is the sliding distance

2. SLIDING MECHANICS of the fiber.

Fiber sliding, in the absence of roughness, has been
analyzed using a generalized sliding law [5. 131

(1/

where is the sliding stress. p is a friction coefficient. ______

o, is the compressive stress normal to the interface.
and i, is a constant sliding stress. When -,, and rT' the
mismatch strain between fiber and matrix, are inde-
pendent of location along the fiber. - the push-out
stress on the fiber. rr,. is 15. 13]

7,,j exp (2 ,uB t R ) - 11 - f ) (2)

A IfE, E,)exp(2pBi R)+ I-]( 2

where f is the fiber area fraction. E is
Young's modulus. R the fiber radius. and r is the
embedded length of the fiber (Fig 3). with the Fig 3 Schematic of fiber sliding and thc associated
subscripts f and m referring to fiber and matrix. gcornetir



NI5A(CKJN I , NTFRI A(C SL IDIN( IN, ( (0 PO'()0I N I

3. S•ILt I .To'-,

Fi-ber push-out ýimul.•itwn, ,.i •O.i:i.' .

•ddres. the pu.,h- ,u ltortc; •: , a: a , , ;' :

;.drop The rou1 hnc.10! the d0bontSc.tf ,4 intiea., i.
modelled using Iractai ,loorithi-c,, \in th iocuti .

tract.l protil., a,,igncd to hoth ide., of trhw c`'n
Once a•,sneCd. the profitx ,rcCom:pared! aX caLh

- ..' slidinig disaince it decernrine .: i•uictr n:,'nt-r:.
o-i• . at incren..:nt, alon th;: tliber ieri:):- t 'IM.:

------- equation 161. the rcsultim puh-ou, strc,' i dct.;-

-- zee a- asre"' mined The simulation mrClhodoloc. 'A,!- tested bh

Fig 4 A sinusoidal interface surface results in a similar computing the push-out beha' or (oi o tibcr that ha,

modulation of the sliding stress a single v aselength, a\i,',mmctric, sinusoidal profilc
For such rouhness,. a inusoida! tform , demoin-

strated in a push-out simulAtion (Fie -4j \lorc

When the misfit is d'epndent upon z. because of realistic fiber protiles "ere simulated using a iract,

roughness along the debonded interface, the push-out geometric technique kno,%n as fractional Bro %niar
stress is modified. For this purpose. 'T is re-expressed motion ( 'Bm [lt-l'j. a technique that has lound
as widespread use in the simulation of natura! ge-

ometries Evidence for the uitdtn of BRi modelling is
presented in Fig 5. which compares the profile of an

where i, is the thermal expansion misfit and 6(:) is ISCS-6ISiC fiber, taken using a profilometer

the asperity mismatch between fiber and matrix along [Fig. tall )with a fractal representation [Fig. 5th)]

the embedded length of the fiber (Fig. 3). If the The use of fractal modelling enables controlled

asperities are axisymmetnc, the roughness leads to a simulation of fiber "roughness." and. consequentl\.
local misfit strain, 6(:) R. at locations where aspen- demonstrates the role of roughness in fiber sliding

ties in the fiber and matrix slide past each other. In The following simulations relate to push-out curxes

essence, the asperity induces an additional pressure. measured on Ti allo\ ISCS-6)SiC fiber metal-matrie

p. that determines r: mechanistically arising from the composite. These simulations, using known \alues of

geometric decorrelation of fiber and matrix during elastic moduli and roughness. are compared directl'

fiber sliding. As such. the interfacial shear stress with experimental results (iLI. The elastic constant. B

presented in equation (1) is entirelN Coulombic in equation 161 was computed from the formulae of
Hutchinson and Jensen [5] Fiber roughness simu-

T = P(Cr + p) (4) lations were based upon a fractal analysis of SCS-,
fiber profiles. providing a profile fractal dimension of

with. r. -,pp. (Note that. because p is compressive. D = 1.12. The fiber and matrix surfaces were mod-
T, iS positive.) elled as axisymmetric surfaces of re' olution. resulting

For sin-!,city of presentation. roughness effects in a fiber surface dimension of 2.12. Profilometrm of
are demon rted for the case of single fiber push-out (SCS-6)SiC fibers indicated a roughness with a maxi-
with vr= •,. and small f. such that equation (2) mum amplitude of tenths of microns [Fig. 51a)] and
reduces to the fractal representations were scaled accordingl.

a = ao exp(2puBt R - 1), (5) At the onset of fiber sliding, the fiber and matrix
geometries are in perfect registry. Consequentl\. the

The integral of the asperity mismatch over the roughness ter- vanishes from equation (6). resulting
embedded length of the fiber provides the asperity in an equatio !or smooth fiber push-out. Thus. a
pressure. Hence, the push-out stress given by coefficient ef iriction was determined b, matching
equation (5) becomes theorN and experiment at the point of initial sliding

This matching for the results on Ti SiC ISCS-t,

aj(d) = E" exp(2pBt R(I -d t))- 1] indicated that u = 0.26.
2B A typical set of simulations is illustrated in Fig 6

Vanous behaviors are apparent. dependent on the
roughness amplitude distribution sampled %kithin theS si specimen section thickness. Most relevant is the

x [exp(2PB:'R)]5(:)-d: (6) frequent appearance of rising load portions of the
push-out curve. This feature is observed experimen-

where d is the push-out distance (Fig. 3). tally (Fig. I) and is at variance with the behasior
Consequently. by specifying an interface roughness. expected for smooth fibers Furthermore. the extent
6(:), the push-out stress can ,• computed from of the rise is consistent with that found b\ exper-
equation (6). iment, as illustrated in Fig. 7 After rising to a
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(C) Mleosured :e e

Fie 5 (omparison ol actual ýa) and simulated hbi SCS-(6 fiber profiles

maximum, experimental push-outs experience a rapid ing and fatigue. As expected. fibers having an inter-
decrease in the applied load As shown in Fig. 7, face toughness amplitude greater than that for SCS-6
simulated push-outs are found to consistentI\ remain fibers exhibit push-out curves with larger oscillations
higher than experimental results. Such a rapid tFig. 8).
decrease in push-out load cannot be modelled Consistent with previous studies of push-out and
without the introduction of interface wear, a process pull-out. the push-out force is found to be strongly
that will be discussed in connection %ith fiber reseat- influenced b% the friction coefficient over the full

F Q0týý tDl de,Puqnes e •At-6-7n

"Rougnness ontuoe . 0 3ým

2 -.. ~
C5,

0'C 06 08 '0 0 02 04 06 08 10
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Fig 6 Push-out simulations exhibit the same quahitative Fig 8 An increase in roughness amplitude has a
beha-ior as expenmental push-outs Each cursc represents pronounced effect on fiber sliding

a random sampling from the roughness distribution
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z z
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'" C's50oce-•n ,n' Nomrezec fide' (it;iocene,

Fig Rough fiber push-out simulations resemble Fig. 9. An increase in the coefficient of friction. ;I. increases
experimeihal results (hf 10 Mum) fiber sliding stress

AM.M 40 f- - J



t2Se t.\ KIN.' N 1\[R! V\( Ft I WOPI)Istt I P

p~i-~ tiller it, cinincutc,.! ',1c-0

rceor.,trtm.ied u-one Is thk'u ssnsiejei!till t,: s :

cut-(t I t in ih:l onm lais- x ilt : tin.- %h r ''vi' ý I-0

snio, Ithed . lniidtc- %L 1 i pretere! tn l II I n, ' IU "'

sice of the interlaict ( oiC~eqLienfls. he nb L1 1I,
ntatri\ tit) I nier atlorki a perteIet nnatcht -iti strait

Fl 1 Ii0 A!_i ITICA 11,- irl, th F'oi-oci:jl nc tuihcr ca;ps fo rm h itcte n Ithe tibet and. i: tari \. -Asperit\
hd~in i re%ý- 1i I, at Voi-o'il 

1
. ' ixrti, e,4lii!-,,i ' i] tilterin:. lse r. did nt, 1"-imulCt the taItIl't-d tihCr

push-olit teat ure, t oun,! hs C\pcrimn1(Tl

pusti-out distaince (F-- Ili. bull onls niodcraticI de- .The s 'econd approach etittaii rreomos in a thin hefl
Penentoilflolsol"_rA10 a intia puh-iir u-- o;interface material from around' fihe tibet. tsllc\N hat!
pendnt o Poi~otc rato atnttt t puh-though alerit to relamizit the residual thermal stress. but

(f tv 101 The efleets of* thternal expansion timistlt are
of 'partteutar interest 11 ILII * \s expected. the permiting sinai] caops at the Itettrlace The frauenient,

Li"formed b\ c'clic: slidini: arc assumed to be remloted
push-out fortc ýs reduced beti theý nitsht is reduced. fronm :he Interface and beoerelocated betss ccv the

hL; isstil intc i 1-ct th nuta s edued o /ro nxitrtx crack surfaces,. The results ofl these sijmu-
For zero mistit, the push-out cur.Ic i, dependent lations i Fit. 121 exhihit correspondence %kith the
enrircir on Hi~t rougnC/im- di trrihztioin C-onseq Litlfl I. rdcini nef

the hapeof te cu~c hangs kken ciffeentexperimental curies (Fig 2iArdcin nitrac
the hap ofthecure chnee whn dffeent sliding stress upon cselic sliding c:!used b\ coating

scegments c~f the roughness dtstrtbutton are included-
- fragmentation thus appears to he the more plausible

in the spectmen section t tig l1t. The behavior. inl degradation mechanism.
essence, governs :, in equation tMI.

4. INTERFACE FATIGL F.5FIE SATN

Experiments. on interfaces subject to ecycitc siding tn Perhaps the most telling evidence of fiber geometr\

fatigue hake resealed push-out beh.%ior that departs i hto ie eetn ~ l.Ti cuswe
stamica~ikfro tht o ther pistne ounerprts fiber has been displaced within the matrix and then

si1] (igcns Irond tha ofTheiiirl pristine costrerpsof returned to its original location- As the tiher moves

fill Itig fibr and s m;uThe tntwea slidin strengssb of back into position, the reseating is accomp'rued bN a

pse-fqiuedt fibersut was muchlowed and dursaning sub- considerahle load drop. This phenomenon is been
sequnt ushout wasfolowe bysubsantal oad witnessed in a' least two mairices Containing ISCS-

increase. even thoughi the embedded fiber length is fIi iesTl1-1adgas h rsn iu
decreasing as push'-out proceeds. The low; initial 6SCfbr i 53 n ls.Tepeetsm

sliding stress is attributed to interface degradation lation procedure i. inhcrentlx reversible and alita-ts

during fatigue. while ~he subsequent increase in fiber produces fiber rexeating. Yet. experimental evidence
stres aisesfro an speitmismtchpre,;,;rc.suggests that t he fiber is worn during sliding and that

subsequent reseating is affected hk the e~tent of
Thus. in Addttion to roughness. the simulation of sldn[ljTiettcnbeimledbinrd-
fatigued fiber sliding requires interface wecar. siig( 1 hsefc a esmktdb nrdc

ing a %cear mechanism that relaxes the clanmptng

o 2t2,P

C 4 40 F F

t OýSp ace 5 4

Fi 11.t A Lhn mie in the iherimal nishii at identical roughnless i

change, h,'th th character in I magnitude ofI the sliding Fig 1-2 f dtiiue mrniui 'ted h - retaxin g the mislit retcrmhtes
streNs q is the therm-al expansion mnisit -ires,. (IqE ssP(crimcniai result.,



%I V( Is Is a. IN I IR1 A( f SL.IDING IN ( 0`sIPsl'l5 -

AlnotiC NsienlIticail rtndtne is the J-,iniez- idei

p ri-~ ju11 Li ia n u I ia n1 r 'C

I n i ot I h. r~ i ui ~T c i~ i T~lr I
tilerra cs a-ur;itk:'t 1,sc i~II

lal is i&' ln In i n strc-~ I.tIho

Oct~ ~~~R iisn Nl.A .I..l(i!i i i.

pressuirc or tIa thc i Sr.ie ic osi'p~ j inc ICdT 1, 11 1, so-, cir r I\~c~~ o

iný c tflelI !rS~t\p ui dfirý-.. proporrii'w to Ilk 1) ft5. \ ..hld jl, A 0 Fan 1 4". N. -

ti ber1 slidina d I tanThc -Sl !i ICjates n-sii-h.ýck cur, e- t 2r28 " ý(Iq~

S.1 HIutc:hi~r.s in, If \1 Jvnci. lb V!a', 9.
tvkil PUh-oilt isoe I teý I '\js:hbirv the sarre
Icatues botund Illn ,ha e\pc r: n-,n cs n , (,w,. N V.' Mtal anid [I -!!cc J' I-!

ioni ~/4 % f Po 39. ' ;li , 9

6.~~ ~ ~ StM A0 Brighit. S Danchamiito and, 1) K Shc-tis. I AIm
6. St%\ARiranr S '..74. 11 I 194!1

A model of fiber sfidin-, th.at jiiorporate, the effect Pr1 eri n rsJ!"',rI

of' interlace roughne'. ha, bectn presented The effect 4 P D Jero. R J Kerans and I A Pairtliasaraih\ . J 4n:
iý analocous to in elastic shrink-Itu due to geometric (Cram Sve In press
dlecorrelatuon of inital]\ mitchirt surtaces as aspet- 10 \VW (' arter. F P Butler and L R IFulter. Stnpr;e,4

tte~ sidepat ech thr Te shs~~int spci I I P D) Nk arren.- T J Mackin anti A 6, Fans 4i ra
pres.sureý contributes perturbation, to the clamping niclu! mtafer 44). 1243 b191'1
pressurc ait the interface and g'enerates shlidng 12 R J Kerans and T A Parthasaralh.\ J 4nm ( crani
phenomena in general accordance ssith esperimental -o '74. 1585 (19911

obsrs tios. ne mpotan phnomnonts he 13 J W Ffuichinson. prisate communication.obsr~tios.Oneimortntphý-nmenn ,, he 14 BB Mandeibrot. Thi Ira-e., (e o','' 0!\irur,
increase in Initial NlidjnL strcN.. after debonding. often ' rea.Sn rnic.Clit I ls)S3
encountered in the presence of interface roughness. 15 The Sciewnce of i-ractal Imrar.' iediied bN H .0 Petgen
This increase is influecnced hk the amplitude of" the and D) Saupei Springer- Berhn (19S
roughness, and its fractal characteristics. Such beha%- 16 M BarnsleN. Fractala EiLien ecrw Academic Press.

icr could hase a substantial cffect on the incidence Nc\ York t1988)
17JFeder. Fractals Plenum Pre~ss NeA Nork 1198k I

and location oh' fiber failure and hence. on the 18. D Walls. C, Ban and F. Zok. .Scripta merall mater 25.
frictional contribution to the fracture resistance. 911 (19911



MATERIALS

FIBER COATING CONCEPTS FOR

BRITTLE MATRIX COMPOSITES*

by

J. B. Davis, J. P. A. L6fvander and A. G. Evans
Materials Department
College of Engineering
University of California

Santa Barbara, California 93106-5050

E. Bischoff
Max-Planck-Institut fidr Metallforschung

SeestrajBe 92, D-7000 Stuttgart 1, Germany

M.L. Emiliani
Pratt and Whitney, Materials Engineering

P.O. Box 109600
West Palm Beach, Florida 33410

*Supported by the Defense Advanced Research Projects Agency
under Contract No. MDA 972-90-K-001

KJS-Evans-18-F-FI.TA-Fbr Cing 91/03/21-1026 AM-5/7/92



ABSTRACT

The current interest in tough, high-temperature materials has motivated fiber

coating development for brittle matrix composites with brittle reinforcements. The

system investigated in this study was sapphire fiber-reinforced alumina. This system is

thermochemically stable for severe use conditions, exhibits little thermnal expansion

mismatch and utilizes the excellent strength and creep resistance of sapphire

reinforcements. Porous oxide and refractory metal coatings which satisfy requirements

for toughness improvement in these composites were identified by employing a variety

of newly-developed mechanical testing techniques for determining the interfacial

fracture energies and sliding resistances.
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1. INTRODUCTION

The mechanical requirements for fiber coatings in brittle matrix composites are

reflected in two properties1 -3 : debonding and sliding. These properties are manifest as

an interface debond energy, ri, and a sliding stress along the debonded interface, 'r. A

prerequisite for good composite strength and toughness is that a debond criterion be

satisfied, wherein the debond energy relative to the fiber fracture energy, r", satisfy

i/ ft < 1/4.4 Control of sliding is needed to ensure a notch-resistant material, such that

T Z 100 MNa. Coatings of C and BN provide these properties, but both are susceptible to

oxidation. Consequently, when SiC fibers are used, and when matrix cracks are present,

oxidation embrittlement is encountered because the fiber oxidizes to form a silicate

layer that violates debonding requirements. 5 Other coatings are thus desirable for high

temperature applications. The present study examines some alternative fiber coating

concepts, with emphasis on coatings for oxide fibers, such as sapphire.

Debonding of sapphire fibers' requires coatings with a debond energy, ri Z 5 m-2.

Few high-temperature materials have intrinsic fracture energies small enough to satisfy

such a requirement. Potential options are oriented micas,7 t some amorphous oxides,8

and fugitive coatings which are removed after composite consolidation. 9 However, the

amorphous coatings have limitations governed by viscous flow at elevated

temperatures, plus reaction with A120 3 . Two alternative concepts are explored in this

article: i) porous oxide coatings and ii) coatings that form 'weak' interfaces with A120 3.

The first concept recognizes that porosity generally decreases the fracture energy of

brittle materials, such as oxides.10 Consequently, certain porous oxide coatings may be

able to satisfy debonding requirements for sapphire fibers, by allowing debonding

within the coating itself. The second concept is based on the expectation that certain non-

"F 12-20 Jm"2 , depending on the fracture plane.6

17 concept is being explored at Corning, by K. Chyung.
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oxide coatings may allow interface debonding.11 While most such interfaces have

relatively high fracture energies (ri > 10 jm-2),11 13 larger than that required for the

debonding of sapphire fibers, preliminary evidence has suggested that certain

refractory metals provide suitably low values. 11

An effective coating should have the attribute that it does not degrade the strength

of the fibers. Consequently, coatings that either react with or dissolve the fibers are

usually unaccer able. This thermochemical requirement further limits the potential set

of coating materials. Various refractory materials that exhibit known thermochemical

compatibility with A12 0 3 at 1500°C have been evaluated (Table I), plus C, Y20 3 and the

refractory metals, Mo, W, Cr and Zr.

2. APPROACH

The overall approach used to identify viable fiber coating concepts is illustrated in

Fig. 1. Planar geometries readily amenable to processing and testing are used to screen

candidate coating materials. The associated test procedures include a Hertzian

indentation technique14 and a mixed-mode flexure test15 (Figs. la, 1b). For coatings that

exhibit debonding, the fracture energy, ri, may also be determined from these tests. The

subset of coating materials that satisfy fiber debonding requirements is then used to

address composite performance. For this purpose, sapphire fibers are coated and

incorporated into a brittle matrix. Beam specimens are cut from the consolidated plate

(Fig. 1c), with the fibers oriented along the beam axis. Tensile and/or flexural tests are

then used to assess the interaction of a crack with the coated fibers and to obtain

information about the sliding stress, T. The magnitude of ot is ascertained from a

measurement of the crack opening displacement as a function of the applied load. 16

Such tests also permit measurer , of the fiber pull-out length, h, and the fiber fracture

mirror radii.1 7-19 The latter yield a direct estimate of the in situ strengths of fibers, S.19
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The magnitudes of S and h, in turn, give another estimate of T, and thus provide a

useful consistency check. In addition, t can be obtained from fiber push-through tests

(Fig. ld).2 0-22 In the present study, a combination of the above tests is used to assess

coating concepts for sapphire fibers in polycrystalline A120 3 .

3. EXPERIMENTAL PROCEDURES

3.1 Processing

The coatings were deposited either by evaporation, sputtering, chemical vapor

deposition or by sol gel methods. For the planar geometry, coatings were deposited on

two surfaces, each representing either the fiber or matrix component of the composite.

Bonding was then conducted by hot pressing at homologous temperatures (for the

coating material) in the range 0.4 < T/Tm < 0.7. Consequently, the system experienced a

thermal cycle analogous to that expected for composite processing. Specimens containing

fibers were produced by sputter or evaporation coating sapphire fibers and

incorporating them into matrices by powder processing, using either hot pressing or

HI•Ping to achieve consolidation.

3.1.1 Coating Deposition

Oxide "sol gel" coatings were produced from liquid precursor materials. A spin

coating apparatus was used to deposit the coatings onto the planar substrates used for

diffusion bonding. The coated substrates were then heat treated in air to temperatures

suitable for pyrolysis of the precursor, typically below 1000* C. During pyrolysis, the

film is converted to an oxide. Subsequent iterations were used to increase the thickness

of the coating.

Sputtered coatings were deposited onto sapphire discs and fibers in an R.F. diode

sputtering unit. The sputtering targets used in mast cases were high purity (a 99.9%):
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only the W target had a lower purity (- 99.5%). Oxide coatings were deposited by

reactive sputtering using a 50%-50% mixture of research grade argon and oxygen at a

total working gas pressure of 6 millitorr. The interrmetallic compounds were produced

from dual opposed targets of the pure elements. Both the refractory metal and

intermetallic coatings were deposited in an atmosphere comprised of research grade

argon at 6 millitorr working gas pressure. The top and bottom target voltages were

maintained at 3kV and 0.5kV, respectively. Fibers were rotated during coating at

-1rpm.

Submicron thick Mo coatings were deposited onto sapphire fibers using an

electron beam evaporator and a high purity target. A glow discharge cleaning

procedure was used prior to coating the fibers. Deposition was carried out at relatively

high vacuum (< 10-6 torr), with the fibers rotated at - 10 rpm.

The carbon coatings were produced by a low pressure chemical vapor deposition

technique in which methane was mixed with research grade argon carrier gas in a tube

furnace. Flow rates of 10 cc/min, for the methane, and 100 cc/min, for the argon, were

used. Throughout deposition, the furnace temperature was maintained at 120Y°C to

13000C.

3.1.2 Bonding and Consolidation

For experiments to be conducted with planar configurations, three different A120 3

materials were used: i) (0001) sapphire; ii) a high purity (99.5%) polycrystalline material;

and iii) a low purity (96%) material.' The test specimens were produced by diffusion

bonding, using a procedure described elsewhere. 14 Bonding at T/Tm - 0.5 allowed

coatings to be produced with relative density levels in the range 0.65 to 1.

"Coors AD-995 and Coors AD-96 Substrates.
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Tests on coated sapphire fibers were conducted after incorporating into a high-

purity (99.9%) polycrystalline A12 0 3 matrix. For this purpose, submicron A120 3

powder' was isostatically cold pressed into two thin discs - 5 cm in diameter. These

discs were then sintered in air at 1500' C for two hours. A row of coated fibers and loose

powder were placed between the discs, the assembly inserted between dies and

vacuum hot pressed at 1500*C for 2hr subject to an axial pressure of - 2 MPa. These

consolidation conditions resulted in an essentially fully dense matrix.

3.2 Testing and Analysis

3.2.1 Mechanical Behavior

The Hertzian indentation and mixed-mode flexure testing procedures used with

planar specimens have been described elsewhere.14- 15 The flexural tests required

precracking. This step was conducted in three-point flexure, using a row of Knoop

indentations along the tensile surface to control the crack pop-in load and hence, the

extent of the precrack along the interface.

The tests used with the specimens containing fibers have been performed using a

combination of fiber push-out and pull-out techniques. The fiber push-out technique

has been described previously.20 The fiber pull-out tests required that chevron notches

were machined into beams containing single fibers (Fig. 1). This notch geometry

ensured stable crack growth through the beam upon flexural loading. The crack was

grown until the crack front passed below the fiber. This occurred with a small crack

opening, which induced some fiber debonding and sliding. After precracking, the beam

was supported and the remaining matrix ligament mechanically removed. This

procedure created a specimen consisting of two blocks of matrix material bridged by a

single fiber, amenable to tensile testing. Tests were conducted in situ in a Hitachi 2100

" AKP-50 with a partide size - 0.5 Rim obtained from Surmtomo Chemical.

KJS-Evans-18-F-FI-TA-Fbr Ctng 91/03/21.1026 AM-5/7/92 7



scanning electron microscope (SEM) to permit measurement of the crack opening

displacement and the corresponding tensile loads. These measurements may be used to

evaluate the sliding resistance, "r .16

3.3 Analytical Techniques

Specimens for scanning electron microscopy were prepared using standard

metallographic techniques. Carbon-coated samples were examined in a

JEOL SM 848 SEM in secondary mode. The microscope was equipped with a Tracor

Northern TN 5500 system. Samples for transmission electron microscopy (TEM) were

prepared by grinding wafers to a final thickness of approximately 100 gm before

cutting 3 mm specimens. These were subsequently dimple-ground and ion milled to

electron transparency with Ar at 5kV and lmA at 140 incidence angle. The samples were

examined at 200kV in a JEOL 2000FX TEM equipped with a LINK eXL high take-off

angle energy dispersive spectroscopy system. Computer simulations and indexing of

selected area diffraction (SAD) patterns were facilitated by the Diffract software

package (Microdev Software, Hillsboro, Oregon 97124).

4. COATING CHARACTERIZATION

4.1 Oxides

For the oxide coatings, a range of porosities was generated, as illustrated in Fig. 2.

At the equivalent bonding cycle, the thinner, sol gel coatings had lower intracoating

porosity than the sputtered coatings, whereas the porosity at the interface was similar

for both. In all cases, the grain size was about equal to the coating thickness. The most

notable features found by TEM were bend contours in the sapphire caused by residual

strains23 (Fig. 3). For unstabilized ZrO2 coatings, extensive straining in the sapphire was

apparent, as well as microcracks within the coating (Fig. 3a). This effect diminished with
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decreasing coating thickness (Fig. 3b). Selected area diffraction indicated that the ZrO2

was monoclinic and the strains are attributed to the tetragonal to monoclinic phase

transformation. For ZrO 2 coatings partially stabilized with 3 mol % Y2 0 3 , the tetragonal

phase was retained and the intensity of the strain contours diminished (Fig. 3c).

However, some residual strain persisted, attd'ibuted to the thermal expansion mismatch

between ZrO 2 and A1203. Such strains appear to be an inherent problem with oxide

coatings, potentially leading to fiber strength degradation (Appendix).

4.2 Refractory Metals

For the refractory metal coatings, thin foil cross sections for TEM were difficult to

produce, because of debonding. However, for Mo, results have been obtained in two

cases: a) a thin (0.7 g.m) evaporated coating with the high purity A120 3 matrix and

b) a thicker (> 3 gm ) sputtered coating with the lower purity A120 3 matrix. For the

former, the coating appeared to have some discontinuity (Fig. 4a), but otherwise

survived the consolidation. These discontinuities, which are induced by diffusion, are

typical for thin, polycrystalline films. 24 EDS analysis was unable to detect either Mo in

the A12 0 3 or Al in the Mo. For the latter, a relatively thick (- 300 rnm) dense

polycrystalline MoO2 phase found at the sapphire interface (Fig. 4b). In addition, an

amorphous silicate phase was observed at the MoO2 /Mo interface that presumably

resulted from viscous flow of the silicate from the polycrystalline A120 3 into porosity at

this interface.

The Mo coatings were also investigated by SEM, after debonding. For sputtered

coatings, oxide particles (identified as MoO2) were found to be attached to the sapphire

in regions where debonding occurred between the Mo and sapphire. X-ray diffraction of

the debond surface confirmed the presence of MoO2 on the sapphire. Shallow ridges

were also apparent on the sapphire side of the debond surface, having spacings

comparable to the grain size in the metal (Fig. 5a). These ridges are believed to form at
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grain boundaries, by diffusion, during the bonding process, as equilibrium dihedral

angles are established. Small impressions were evident on the Mo side of the debonded

surface between Mo and the higher purity A12 0 3 (Fig. 6), having dimensions which

coincide with the A120 3 grain size. These are believed to have formed by deformation of

the Mo during diffusion bonding.

The sputtered Cr coatings exhibited similar features. A thin polycrystalline Cr oxide

(- 200 nn thick) was attached to the sapphire (Fig. 7), with the remainder of the coating

being Cr. Analysis by EDS indicated no Cr in the A120 3 and only trace amounts of Al in

the Cr oxide. Selected area diffraction patterns established that the Cr oxide was Cr20 3,

and significant porosity existed at the metal/oxide interface. Debonding was evident,

occurring between the metal and its oxide layer.

The sputtered W coatings on sapphire exhibited pronounced ridges on the sapphire

side of the debond surface (Fig. 5b). These have been associated with Fe and Cr rich

grain boundary impurity phases, originating in the sputtering target. The resulting

degradation of the sapphire, evident in Fig. 5b, illustrates the importance of selecting

chemically stable coatings. Similar features were observed at C/A120 3 interfaces

diffusion bonded at high temperatures (> 1400'C) in high vacuum (> 10-6 torr). For this

system the ridges are attributed to the formation of an A14C3 reaction product.

Studies of the as-sputtered Mo and Cr films, using WDS and X-ray diffraction,

revealed an oxide surface layer. In addition, there was an oxide layer adjacent to the

sapphire, identified by peeling the coatih. from the substrate. These findings indicate

that the oxide phase is initially deposited on the sapphire substrate during sputtering

and that a surface oxide forms subsequent to deposition, prior to diffusion bonding.
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5. MECHANICAL MEASUREMENTS

5.1 Debonding

Preliminary experiments conducted on planar specimens with a spherical indenter

provided information about the incidence of debonding at a 300 crack inclination to the

interface. From such experiments, it was established that most diffusion bonded

coatings formed high fracture energy interfaces. Only the coatings consisting of Mo, W,

Cr, Zr and C debonded consistently. Coatings of ZrO2 and Y3A150 12° were found to

exhibit variable debonding tendencies. Coatings of Nb, y -TiAI and NiAl did not

debond. Furthermore, from the list of promising coating materials, several were

observed to chemically react with the sapphire during diffusion bonding. The only

coating materials from this set which were found to be chemically stable with sapphire

above 13000C and to reliably debond were: Mo, Cr, porous ZrO2 and porous A12 0 3 .

Further studies were confined to these materials.

The debonding propensity of the refractory metal coatings was observed to vary

with the purity of the A120 3 . When either sapphire or sapphire plus high purity

polycrystalline A12 03 were used, debonding occurred consistently, with rli 4 Jm-2 for

Mo and 2-3 Jm-2 for Cr. Furthermore, as already noted, the debonding occurred at the

interfaces between either Mo/A120 3 or Mo/MoO2 and Cr/Cr20 3 . Conversely, when

the impure A12 0 3 was used, debonding was not observed in the Hertzian indentation

test, implying a lower bound for ri of - 16 jm-2 .t This behavior is attributed to the silicate

phase found at the Mo/MoO 2 interface, which seemingly forms a strong bond25, 26 and

increases ri for that interface. In addition, as already noted, MoO 2 appears to bond well

with sapphire.

Formed by chemical reaction during bonding with Y203 coatings.
• This lower bound is, ri = 0.8 rF , corresponding to a crack/interface inclination of 300, with

-J - 20Jm"2.
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The results for the oxide coatings were found to be sensitive to the coating porosity.

The dense coatings, which have a relatively high interfacial fracture energy, debond

along the interface. But debonding only occurred when the crack approached the

interface at a shallow inclination. Conversely, the coatings having the lowest relative

density (p - 0.65), exhibited a relatively low interfacial fracture energy, Fi M 5 Jm"2, and

debonded within the coating, at all crack inchlnations. Such debonds exhibit fracture

surface features typical of those for porous ceramics. 10 These debonding tendencies are

rationalized by using the coating density, p. - - plotting variable against the ratic of

the interfacial fracture energy to sapphire fracture energy ri/"r/, (Fig. 8a).

The debonding results obtained for all of the above coatings can be displayed on a

debond diagram, relevant to sapphire fiber-reinforced brittle matrix composites

(Fig. 8b).

5.2 Sliding Resistance

For porous oxide coatings on sapphire fibers in a polycrystalline A120 3 matrix, single

fiber tests revealed small fiber pull-out (Fig. 9). Debonding resulted in a monolayer of

the oxide particles attached to the fiber that remained throughout the sliding process

(Fig. 9). These particles are believed to act as asperities that resist sliding, resulting in a

relatively large sliding stress, t . This stress was estimated from the pull-out length and

the fracture 16-18 mirror radius to be - 140 MPa (Table II). A similar value was obtained

from fiber push-out measurements. This value of T is larger than that required for

optimum composite strength and toughness.

The refractory metal coatings debond readily during single fiber pull-out tests, but

the coating is plastically deformed. This deformation occurs because the coating

conforms to both the matrix and fiber during consolidation and results in prohibitively

high sliding resistances, such that little fiber pull-out occurs (Fig. 10). Similar behavior is
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found during push-out tests (Fig. 1la), which also indicate a high sliding resistance,

S-120 MPa (Fig. '3).

A reduction in the sliding resistance for Mo coated fibers has been achieved by

removing the coating, after composite consolidation, to leave a gap between the fiber and

matrix. This has been accomplished by heating the composite in air* (1000°C for

2 hours). The surface roughness of the fiber and the matrix then provide the sliding

resistance. For coatings somewhat thicker than the asperity amplitude on the fiber

(- 1 9tm), the sliding resistance obtained from crack opening displacement

measurements in single fiber pull-out tests is found to be small (T < 1 MPa), with 1, rge

associated pull-out lengths (Fig. 12). This sliding resistance is too low for the requisite

combination of strength and toughness in the composite. For thinner (- 0.7 }I.m)

coatings, push-out tests indicate a sliding resistance within the requisite range,

T 20 MPa (Fig. 13), with no evidence of wear mechanisms on the fiber surface

(Fig. 11b).

6. CONCLUDING REMARKS

The debonding and sliding properties of various coating materials on sapphire

fibers have been evatug:t4. In general, ,nost materials bonded well to sapphire. The

notable exceptions were certain refractory metals (such as Mo, Cr, and W) which formed

low fracture energy interfaces with sapphire. Several factors may be responsible for the

low debond energies: porosity at the interfaces, oxygen dissolved in the metal (that

suppresses plastic dissipation) 13 and the formation of a metal oxide (MoO 2 or

Cr203).27,28 A systematiL study would be needed to identify the critical factor(s).

"Because Mo forms volatile oxides.
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Oxide coatings, which form strong interfaces with sapphire, can also be useful

debond coatings, provided that they contain a significant amount of porosity

subsequent to composite consolidation. The porosity in these coatings provides a low

fracture energy path causing debonding within the coating.

The sliding characteristics of the various interfaces were also investigated. The

sliding resistances obtained on interfaces produced with refractory metal coatings is

apparently too high for significant fiber pull-out, because the coating deforms during

sliding. However, for coatings such as Mo, which form volatile oxides, the interfacial

sliding resistance can be significantly reduced through coating removal by heat

treatment in air. Fugitive carbon coatings also have this attribute,9 but were not used in

this study because the carbon reacted with the sapphire in the diffusion bonding

experiments. It is recognized, however, that altering the processing conditions could

eliminate this problem. Once the coating has been removed, the fiber surface and matrix

roughness provide the sliding resistance needed for load transfer. The resultant system

is also oxidatively stable. The coating thickness relative to the fiber and matrix

roughness amplitude is now a key parameter. 22 An optimization study is in progress.

The sliding resistances of oxide coatings examined in this study were also

unacceptably high, because of the undulating debond trajectory. It is believed that r can

be reduced if the grain size and porosity of the coating are carefully controlled. Further

studies of the effect of debond surface irregularities on the sliding behavior are needed

to address this issue.

Fiber strength degradation is another concern for oxide coatings. When reaction

products with the fiber coating are avoided, potential sources of fiber strength

degradation persist, including residual strain (Fig. 3) and undulations produced on the

fiber surface by diffusion (Fig. 5). Some basic characteristics are amenable to analysis

(Appendix). The predictions (Fig. 14) indicate that m-ZrO 2 coatings are unacceptable

because, for typical coating thicknesses (h - 0.1 - 1 Jim), the large mismatch stresses
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caused by the transformation lead to fiber strengths below the acceptable limit for high

performance applications (S < 1 GPa). Furthermore, coatings such as YAG with a

mismatch governed by thermal expansion are also predicted to cause an unacceptably

low fiber strength (S < 2 GPa), unless the coatings are thin (it < 3 4m). A general

implication is that oxide coatings, which typically bond well to sapphire, are a possible

source of fiber strength degradation. The extent of degradation is diminished by thin

coatings and small thermal expansion mismatch. Also, porosity in the coating tends to

alleviate the degradation problem.
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TABLE I

Some Materials Thermochemically Stable with A1 2 0 3 at 1500*C

Material References Remarks

7'-TiAl 29 A1203 dissolves

Nb 30 A120 3 dissolves

NiAl 31

ZrO2 32
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TABLE II

Sliding Stress with Porous Alumina Interface

Fracture Mirror In Situ Fiber Pullout Sliding
Radius, am Strength, S* Length, h stress, T #

(gm) (GPa) (gm) (MPa)

27 1.68 193 142

K S- 3.5 (. -•-Tw-F Kb is the fiber toughness (- 2.5 MPaA)17

# = S 2h) where r is the fiber sapphire radius17
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APPENDIX

FIBER DEGRADATION

When the coating is in residual tension caused by thermal expansion misfit, the

coating cracks prior to fiber failure and may cause a degradation in fiber strength. When

this crack penetrates into the fiber, the stress intensity factor, for a crack of depth, a,

associated with the residual field from the coating is33

KR = 1.1ECETh/lv'• (1 - v)

- I.Iaoh/1- (Al)

where E T is the misfit strain, h the coating thickness, Ec its Young's modulus and G•o the

misfit stress. The applied stress a also induces a stress intensity33

K = Y.1rn-' (A2)

By adding the K's and equating to the fracture resistance of the fiber, the stress/crack

length relation becomes

a=O0.9 9FLh
N 7ca na (A3)

Differentiating Eqn. (W3) and setting da/da = 0 for the maximum, amax, gives a fiber

strength,

S -- 0"z, = 0.2(E,rF,/o'h) (A4)
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This result applies when S is smaller than the strength So of the uncoated fibers. Fiber

strengths as a function of coating thickness for a range of dense and porous oxide

coatings are plotted on Fig. 14.
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FIGURE CAPTIONS

Fig. 1. The approach adopted to identify viable fiber coating concepts for brittle

matrix composites consisted of developing testing procedures to evaluate the
debonding and sliding propensities of various coatings on sapphire.

Fig. 2. ZrO2 coating/sapphire interfaces produced by the following diffusion
bonding schedules:

a) Sol gel coating diffusion bonded at 1300'C for 12 hours with an applied
load - 1 MPa

b) Sputtered coating diffusion bonded at 1300'C for 12 hours with an applied
load - 1 MPa

c) Sputtered coating diffusion bonded at 13001C for 48 hours with an applied
load - 3 MPa

Fig. 3. a) Extensive bend contours in the sapphire when unstabilized ZrO2

sputtered coatings were used. It is believed that the contours result from

strain in the fiber due to the t -. m ZrO2 phase transformation.
b) The bend contours in the sapphire decrease with coating thickness for the

unstabilized sol gel ZrO2 coating.

c) The extent of bend contours was further reduced when thin stabilized
sol gel ZrO2 coatings were used. The remaining stresses are believed to
result from CTE mismatch across the well-bonded interface.

Fig. 4. a) A TEM micrograph shows the discontinuous submicron Mo coating on a

sapphire fiber in the high purity A120 3 matrix.

b) TEM micrographs of a diffusion bonded Mo/sapphire interface with the
lower purity A120 3. A continuous MoO2 phase occurs adjacent to the
sapphire and an amorphous silicate phase exists within the interfacial
pores between Mo and the MoO2 phase.

Fig. 5. a) Shallow ridges were observed on the sapphire surface of a Mo/Sapphire

diffusion couple upon debonding.

b) Pronounced ridges on the debonded sapphire surface when an impure
W coating was used. The grain boundary impurity phase is composed of

Fe and Cr.
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Fig. 6. The Mo coating conforms to the surface features of a high-purity

polycrystalline A120 3 substrate during diffusion bonding.

Fig. 7. The Cr/sapphire diffusion bond was found to contain a Cr203 phase adjacent

to the interface.

Fig. 8. a) The relative density of oxide coatings plotted as a function of Iri/IFf

clarifies the role of coating porosity in the debonding process.

b) A summary of the interfacial fracture energy measurements for various

coatings on sapphire is presented on a "debond map." Coatings which fall
within the fiber debonding regime of the map have some potential for

sapphire fibers. However, coatings denoted by (*) were found to

chemically react with sapphire, these were precluded from further

consideration.

Fig. 9. A porous oxide interface led to fiber pull-out of a few fiber diameters. Oxide

particles were observed to sinter to the sapphire fiber and remained attached

during pull-out. The fracture mirror on the fiber is also visible.

Fig. 10. Short fiber pull-out lengths were observed when Mo coatings were used.

Fig. 11. The surface morphology of the pushed-out sapphire fibers was found to

change when the Mo coating was removed by oxidation: a) as-hot pressed
condition b) heat treated condition.

Fig. 12. Long fiber pull-out can result when thick (- 6 PM) Mo coatings are removed

by oxidation.

Fig. 13. Fiber push-out curves reveal that the interfacial sliding resistance was

decreased to an acceptable level by removing the submicron thick (0.7 Pim) Mo
coating from the interface.

Fig. 14. The predicted influence of oxide coatings on the strength of sapphire fiber: p is
the coating density. It is assumed that the uncoated fibers have a strength,

So = 2.5 GPa.
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ABSTRACT

The potential of mica as a fiber coating for SiC fibers in a ceramic matrix composite

has been explored. It has been shown that thermochemical effects are involved that

degrac.. a thin laver of the coating ipon consolidation. However, beyond the

reaction layer, the debonding properties of the mica are retained

1. INTRODUCTION

The mechanical properties of continuous fiber-reinforced ceramic matrix

composites are now known to depend on the interface or coating between the fiber

and the matrix 1-7. The key characteristics of the coating that impart totch tolerance

are the fracture ener-y, Fi, compared with that for the fiber, Ef, and the sliding

resistance, -r, along the debonded faces 4,6,7. Notably, it is required that Fi/Ff•_1/4 and

that the sliding stress be in the approximiate range 0_<,5100 MPa. This coating

characteristics have commonly been achieved using either C or BN coatings 7-10.

Both coatings have problems at high temperature, especially when SiC fibers (e.g.,

Nicalon) are used, leading to oxidation and embrittlement I'll. Various alternatives

that might obviate the problem have been proposed for oxide fibers 2, based on the

use of i) double coatings of oxides with either certain refractory metals (Mo,W,Cr) or

with C; and ii) porous or layered oxides. For non-oxide fibers, such as SiC or Si 3N 4 ,

the problem is more challenging because the fiber is susceptible to oxidation,

resulting in SiO 2 layer formation, with an associated volume expansion 11. One

proposal has been to use layered micaccous materials 12. The iritent of this study is

to provide a preliminary assessment of the viability of this concept for a SiC/SiC

composite.
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The study has two specific objectives. The first is to examine the thermochemical

compatibility between SiC and a common mica: phlogopite. The second is to

measure the fracture energy of a mica laver, diffusion bonded to SiC, subjected to a

mode mixitv equivalenr to that associated with debonding at a crack front 2,4

characterized bv a phase angle of IP - 50'.

"2. MATERIALS

A "high heat" grade phlogopite" 13 was used and cleaved into sheets of various

thicknesses (-65-100l.m). X-ray diffraction gave a c-spacing of 10.033 A, consistent

with the KMg 3 (Si 3 A101o)(OH)2 phlogopite, IM monoclinic polymorph. The

chemical composition, obtained by X-ray fluorescence", is summarized in Table I.

The thermal expansion coefficient was found to be non-linear, with an average of

9.8x10-6 /0 C, between 138 and 810'C. The in-plane Young's modulus was determined

as 154 GPa, obtained from load-strain measurements in four-point flexure with

precision strain gauges bonded to the faces of the specimen. This value compares

with 167 GPa calculated for the basal plane using the single crystal elastic constants

measured by Simmons et at 14 by assuming a hexagonal structure.

Argon sintered ca-SiC was used as the other material'. The thermal expansion

coefficient was determined to be approximately linear and equal to 4.5x10-6 /°C,

between room temperature and -1100°C. X-ray diffraction indicated a

predominantly Moissanite-6H hexagonal polytype.

from UNIMICA Corp., NY,

Na and K by flame photometry.

"- Hexoloy from Carborundum co., containing some B and C.
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Planar SiC/mica interfaces were prepared by sandwiching a thin mica sheet between

two lapped silicon carbide plates, followed by heat treatment subjected to unmaxial

compression. The heat treatments were conducted in air, at 1100'C for 12 h

(6"C/min heating rate, 3YC/min cooling rate), subjected to a stress of -130 kPa.

3. FRACTURE ENERGIES

Measurements of the fracture energy, IFi, have been made using three test

geometries (Fig. 1) having the approximate phase angles 15,16 -40, 0 and 450. The tests

performed by wedge loading require independent measurements of crack length 15.

A systematic error is inherent in these measurements, because of the small crack

opening displacements. Tests performed with the flexural specimen do not require

crack length measurements 16 and are, consequently, more precise. The results are

summarized in Fig. 2. Also shown are results obtained in mode I on muscovite 17,18.

The present measurements for phlogopite indicate significantly larger ri than for

muscovite.

4. CHARACTERIZATION

Micrographs of the cross-sectioned interface obtained by scanning electron

microscopy (Fig. 3) indicated that reaction between the SiC and the mica is limited to

a layer < 10 gm thick; otherwise, that the original mica structure is preserved.

Super-imposed EDS line scans for Mg, Al and K (Fig. 4) establish that these

distinctive mica elements did not diffuse into the SiC. Furthermore, semi-

quantitative EDS analysis carried out on interface fracture surfaces (Fig.5) revealed a

composition similar to the original mica prior to bonding (Table I). Ultrasonic

removal of the mica on either side of the fracture plane provided further details of
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the reaction laver (Fig. 6). A convoluted morphology several microns thick suggests

that a liquid phase has formed. Semi-Quantitative EDS analhsis carried out inside

the depressions indicates a SiC spectrum (Fig. 6), whereas, on the plateau, a mica-

type spectrum is obtained, but with much decreased Mg content. At higher

magnifications, bright white globular crystals are found on the contours of the

original mica flakes (Fig. 7): EDS analysis reveals a composition close to olivine,

(Mg,Fe) 2SiO 4 . This is one of the secondary phases expected from phlogopite

breakdown, presumably caused by Mg migration from the adjacent depleted laver

(the Mg does not diffuse into the SiC, Fig. 4). The reaction seemingly disrupts the

mica structure, locally, such that components interact as independent oxides. The

major oxide constituents are MgO, A120 3 and Si0 2 (Table I), and for this particular

composition, a liquid phase would develop at 1365°C 19, the two solid phases

remaining being enstatite (MgO.SiO2) and forsterite (2MgO.SiO 2). The presence of

the other mica constituents (especially iron oxide and K2 0) reduces the initial

melting temperature below the theoretical value of 1365°C.

5. IMPLICATIONS AND CONCLUSIONS

The thermochemical issues associated with the use of mica fiber coatings in SiC/SiC

composites, established by the present study, are as follows. A reaction occurs at

1100°C that results in a liquid phase which, in turn, facilitates diffusion bonding.

While the associated details have not been addressed, it is apparent that Mg

diffusion is involved, as well as dissociation of the mica into its constituent oxides.

The reaction layer is several microns thick. However, the integrity of the mica

structure appears to be retained beyond this reaction zone. Furthermore, at lower

processing temperatures, the reaction layer would undoubtedly be smaller. It is thus

concluded that mica coatings are viable, but that thermochemical compatibility
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dictates a fniniMUM coating thickness in order to retain a discrete mica laver for

debonding purposes.

The occurrence of debonding is examined by means of a debond diagram 4 (Fig. 8).

This diagram indicates that mica coatings in a SiC composite would allow

debonding, even if they had an isotropic fracture energy. The anisotropy in F, would

turther motivate debonding. However, the specifics cannot be addressed without

knowledge of the fracture energy normal to the basal plane.

In summary, mica appears to have potential as a debond coating in SiC/SiC

composites. Some reactions occur that lead to minimum requirements on coating

thickness. There are also potential concerns about fiber degradation caused by the

reactions. However, the key processing challenge is to orient the basal plane in the

mica coatings parallel to the fiber surfaces.
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FIGURE CAPTIONS

Figure 1. Test specimens used to measure the fracture energies at three different

phase angles.

Figure 2. Fracture energies of phlogopite as a function of phase angle. Also shown is

a literature result for muscovite 17,18.

Figure 3. SEM cross-section view of the SiC/mica/SiC sandwich, showing mica's

structural features still present in the mica layer.

Figure 4. EDS line scans for Mg, Al and K on SEM cross-section of the SiC/mica/SiC

sandwich.

Figure 5. EDS spectra of (A) phlogopite flakes, on open sandwich, (B) secondary

crystals grown on the edges of mica flakes at the interface, and (C) sintered SiC, as

seen through holes in the interface.

Figure 6. Reacted mica sheet on the SiC plate, from the mica side: (A) mica flake

over the reacted mica sheet; (B) detail of the reacted mica sheet, showing the SiC

through the holes in the film.

Figure 7. Reacted mica sheet on the SiC plate: (A) secondary phase crystals grown on

the edges of mica flakes; (B) same as A (EDS analysis reveals a composition close to

olivine, (Mg,Fe) 2SiO 4 ); (C) same as B, cross-section view.
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Figure 8. A debond diagram showing the location of the mica /SiC interface within

the debond regime: in this diagram, a is an elastic mismatch parameter 4.
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Table I. Chemical compositions (weight %)

A: natural phlogopite, as cleaved (determined by X-ray fluorescence)**

B: phlogopite from open SiC/mica/SiC sandwich, after heat treatment (semi-

quantitative EDS)

C SiC from open SiC/mica/SiC sandwich, after heat treatment (semi-

quantitative EDS)

D: secondary crystals grown on the edges of mica flakes at the SiC/mica interface,

after heat treatment (semi-quantitative EDS)

IMgO A1203 SiO2 CaO TiO2 Fe203* MnO Na20 K20) BaO ,,Loss onigni.

A 25.73 15.24 40-57 0.06 1.06 6.44 0.17 0.20 9.06 - 1.17

B 24.49 16.02 44.76 - - 6.15 - 6.84 1.74

C - - 99.94 - - 0.05 - - 0.01 -

D 52.60 0.22 46.18 - - 0.90 - - 0.08 0.03

*total iron

"**trace elements: Rb, Ba, Nb
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12.1 INTRODUCTION

\Ietal-nmatrix composites are excellent candidate material.,, for advanced enginer,'ikg SV:y-
tenis. However. one major shortcoming has limited the widespread use of these composites

a tendency to fracture easily. II nianv systems the low ductility or l)rittl'IIeeS'- I- caise(ld

by microfailure procetscs that invariably begin at the interfaces so that the inechaiiical be-

havior and the overall performance are not limited by the bulk properties and bulk phases,

but by interface properties and toughness. Theories on interface fracture are reviewcd iII this1
chapter. With a few exceptions. attention is limited to continuum mnechanics considherations.

Readers are referred to Rice ct al. (1989. 1990. 1992) and references therein for atoiistic and
thermodynamic aspects of the subject. This article is concerned with recent advancess within
the confines of small scle- inelasticity and loading conditions such that a major portion of

the crack faces remains open. We review works on relatively brittle interfaces where the i,-
elastic zone is small compared to the overall component. Large-scale bridging is reviewed by

Bao and Suo (1992). Large scale contact has been treated by Hutchinson and Jensen (1 j90)
within the context of fiber pullout against frictional sliding. The focus of this article is on
theories. For a broader coverage of topics, the reader is referred to Proceedings of symposia
on interfacial fracture. These include those edited by Suresh and Needleman (19S9), Riihle

et al. (1990) and Ashby et al. (1992). Experimental aspects of interface fracture and fatigue
are reviewed by Evans et al. (1990), Kim (1991) and Cannon et al. (1992). Several aspects
of fatigue are also discussed in a recent article (Woeltjen et al.; 1992).

Mechanics of interface fracture has its root in the earlier works of Griffith (1921) and
Irwin (1960) on the general theory of fracture, of Williams (1959) on the elastic stress distri-

bution around an interface crack, of England (1963), Erdogan (1963), Rice and Sih (1963) on

explicit solutions for interface cracks, and of many practicing engineers on ingenious methods
to measure adhesive strengthi of bonds. However, the subject did not tiýke off until the 19S0"s.

Advanced composites for high temperature engines and layered materials for microelectronic
and optical devices have been the main technical driving force for the new theoretical devel-
opment. Rapid advancement in high resolution microscopes, high speed computers. and the

general theory of fracture provide tools for solving these challenging technical problems.

The classical fracture mechanics, as advanced by Irwin (1960), Rice (1968) and Hutchin-
son (1979), and summarized in the textbook by Kanninen andl Popelar (19S5), is largely

phienomenological. It enables us to predict, without a detailed description of the crack tip
processes, crack growth in a structure by utilizing the observed crack growth behavior in a
fracture specimen. The approach relies on the existence of stress intensity factor, and on
fracture resistance measured by mechanical testing. Both the advantage and the deficiency of
this black-box approach originate from the same fact: the approach requires little, nor does
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it generate much, kuowledge of the physical process of fracture.

Meclianisnm-lased fracture mdchanics attempts to link the fracture resistanice to tle mi-

crostructural variables, providing guideline for processing better, newer materials. This ap-

proach is as old. if not as fully developed. as the phenomenological approach. Indeed, ill his

original paper, Griffith prescribed both a phenomenological fracture criterion. and a phliysical

mechanism of fracture resistance: rearranging atoms in a bulk into surfaces rcqu:'cs energy.

It was eminently clear to Irwin that any form of heat dissipation that accompanies fracture.

such as plastic flow in metals, contribute to fracture resistance. But just how the two ele-

ments, atomic separation and irreversible atomic movements, are interconnected remains an
open question even today. Partial theories, each valid for a particular mechanism at a partic-

ular length scale, have been devised, largely in the earlier works by Cottrell (1963) and Rice

and Johnson (1970) on hole growth, by Ritchie, Knott and Rice (1973) on cleavage of alloys.

and Iy Aveston et al. (1971) on fiber reinforced components. An example of the success
of the approach is the thorough understanding of advanced ceramics toughened by ductile

particles, or transforming particles, or strong fibers that has been achieved (Evans. 1990). As
a by-product of the mechanism-based approach, short cracks, small components and other

nagging questions in the framework of classical fracture mechanics can be addressed with a

unified, conceptually simple viewpoint (Stump and Budiansky, 19S9, Bao and Sno, 1992).

The dual approach, phenomenological and nmechanism-based, is kept in mind in writing this

review article.

The chapter is organized as follows. We review in Section 12.2 the energy consideration

for a traction-free interface crack under small-scale inelasticity conditions, leading to the

conc•,-ts of debond driving force, G, and debond resistance, F. Supplemented by elasticity

solt. .s of 9 for given components and loading conditions, and experimentally measured F

for g-, -a materials, this energy consideration is sufficient for most engineering applications.

Section 12.3 reviews VWilliams solution for an interface crack between two elastic half spaces.

The near-tip stress field lends itself to a precise definition of mode mixity; the near-tip

openi. I sets the condition for small-scale contact. Calibration of fracture specimen is also

discussed. Crack-tip plasticity is reviewed in Section 12.4. The relevant mode nmixity is the

ratio of shear over tension on the interface immediately outside of the plastic zone. The

plastic zone size is shown to depend on the mode mixity, so is the opening of the blunted
crack tip. An analysis of a metal foil sandwiched between two ceramic plates is included.

demonstrating the effect of constrained plastic flow on the fracture resistance. Section 12.5

reviews results on growing cracks and the concepts leading to a fundamental understanding

of fracture resistance. Included are growing crack in elastic-plastic materials, crack bridging

with or without background plasticity, and cleavage in the presence of plastic flow.



12.2 ENERGY BALANCE

The following energy arguments are essentially the same as those of Griffith (1921) and

Irwin (1960). Cracks often run when a test-piece is still predominantly elastic, inc'astic

deformation being localized in thin layers beneath the crack surfaces. Taking avl'anuiage of

this fact. one can partition the total energy suipplie(l by the applied work in to I ) 'las( ic energy
stored ili the test-piece and, 2) the heat dissip)ated by plastic flow and residual energy stored

in the thin layers. From the first part comes a definition of debond drivinlg force, 9, and from

the second debond resistance, r. Obviously, this partition becomes nieanlingless when the

inelastic deformation spreads over a large part of the test-piece. either lccause the test-liTCe
is small, or because the material is very ductile. These have been reviewed elsewhere (St u1iip

and Budianskv, 199S; Bao and Suo, 1992).

12.2.1 Debond Driving Force

Consider an interface crack extending over an area A (Fig. 1). Material near the crack
front undergoes inelastic deformation: the interface is usually ill-defined. containing nmisfit

dislocations, interdiffusion zone or reaction compounds. But these zones are typically small
compared to the overall dimension of the test-piece, so that the crack front can bc treated

as a mathematical line, and the interface a mathematical plane. In computing the elastic

energy stored in the test-piece, the two solids are taken to be (possibly nonlinearly) elastic.

That is, each solid can be described by a strain energy density function w(l .i(1, .... ) such

that stresses ci. are derived from

dw = aijdij. (2.1)

Coupled with equilibrium and compatibility equations, these considerations define an elastic-

ity problem. In particular, stress and strain are computed everywhere in the test-piece, down
to the crack front and the interface; likewise the energy density u, is computed everywhere.

The el-stic energy stored in the test-piece is an integral extended over the entire test-piece.

i.e..
U =j dV. (2.2)

The test-piece in Fig. 1 is loaded by displacement D, with work-conjugating force F. The
elastic energy U( depends on applied displacement and the crack size, i.e.

U = U(D,A). (2.3)

Note that U also depends on the geometry of the test-piece and elastic modhli, but they

remain coustant (Liring testing.

Upon loading, U varies as

dU = FdD - gdA. (2.4)
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With crack size h(el( fixed, i.e. (A = 0. the above equation simply state.s thal thle inergy

increment equals thl' work apjdlied. Since all the other tpiantitles are dlefind. (2.41 ,hfiiw.,-

the quantity . when t.A $ 0. Just as F i, thle driving force for D. C7 is the driviii forc, for
crack size A. Explicit l..G is the decrease of elastic energy associatetd with a unit increenit

of crack area:
OU-(D, A)

- 0.4

Note that C has dimension energy/area.

The above concepts can be explained graphically. Figure 2a shows a load-displaceinent

curve of the test-p)iece measured with fixed crack size (dA = 0). The curve should be straight

for linear elastic materials. From (2.4). U is the area under the load-distplaceinent curve.

Figure 21) shows two such load-displacenment curves, measured in two independent tests with

slightly different crack sizes, .4 and A + dA. The test-piece with the larger crack is more

compliant; the shaded area is the energy decrease, dU, associated with dA. In early days.

this graphical interpretation was employed to experimentally determine g (e.g. Rivlin and

Thomas,1953).

Standard thermodynamics manipulations apply to the present discussions. For load

controlled tests, for example, it is more convenient to work with the potential energy

Il = U - FD, (2.6)

which is indicated in Fig. 2a. The independent variables are now F and A. Upon loading.

(2.4) becomes

drI = -DdF - 9dA. (2,7)

An alternative definition of !9 is therefore

Ofl(F, A) (2.S)
0.4

The definitions (2.5) and (2.8) are of course equivalent.

For an interface along the T I-axis, and with displacement and traction continuous across

the interface. Rices J-integral (1968)

J = J(117,1 - n~aiuji )ds (29)

vanishes over contours not enclosing any singularity. For a traction-free crack on the interface.

g equals the .1-int egral over any path that begins at a point omi the lower crack face. and

ends at another point on the utpper crack face. This provides a tool for calculating 9 in finite

element analysis (e.g. Moran and Shih, 1987).
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Iln general, cal be computed with an elasticity analysis of a given test-piece. Several

illustrations requiring only elementary mechanics are given. Solutions to a wide range of

geometries can be found in Hutchinson and Suo (1992) and the references therein.

Consider a fiber being pulled out of a matrix (Fig. 3). The energy stored in the fiber

can be estimated by regarding the fiber as a tensile bar, clamped at the debond front. The

pullout displacement is D = La/E, so that U = (oq'/2E)(-rR 2 L). The potential energy is

2

IM(a.L) = rR2L. (2.10)
2E

Since the debond area is A = 2r-RL, the carrying out the differentiation in (2.8) gives

S= Ro,2/4E. (2.11)

The estimate, which ignores the compliance of the fiber-matrix junction, is accurate when
the debond length is large compared to the fiber diameter. Observe that g does not depend

on the debond length L. Once debond starts, it will run to the other end of the fiber without

any increase in load.

Thin film cracking of many patterns has inspired a new problem area, e.g. Evans et

al. (1988) and Hutchinson and Suo (1992). Figure 4 illustrates a circular interface crack

emanating from the edge of a hole in a thin film, driven by a residual tensile stress in the
film. The stress in the debonded film is partially relieved, leading to a reduction in the elastic

strain energy. The debonded film may be treated as a ring in plane stress, clamed at the

debond front. The energy release rate is found to be (Farris and Bauer, 1988)

V2 1e 1 +V (a )2] (2.12)

where co is the mismatch strain between the film and the substrate caused by thermal or

epitaxial mismatch, a0 is the hole radius, a is tie debond radius, and E and iv are the elastic

constants of the film. Observe that 9 decreases rapidly as a increases, so that the debond is

stable. Also note that 9 scales linearly with film thickness h: the thinner the film, the smaller

the decohesion area. Debond can be practically suppressed if the film is sufficiently thin.

12.2.2 Debond Resistance

The essential idea of Griffith and Irwin is illustrated in Fig. 5. Inelastic processes, such as

atomic separation, twinning, phase transformation and dislocation motion, require sufficiently

high stress to activate, so they are confined to a region close to the crack tip where the stress

is intensified. As the crack front extends, thin layers beneath the crack surface are left in the

wake in which the atoms have undergone irreversible mo., ments. The processes near the tip
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are complex and the quantification requires detailed knowledge of defoirmation mnechianiisiUs.

Nonetheless. an effectivelyuniforni deformation state along the YI-axis is attained iII the

wake. Consider two cylinders of unit cross-sectional area normal to the interface, one far

ahead of the crack front (A). and( the other far behind (B). Let F he the energy spent to

transform cylinder A to cylinder B. Obviously F depends on tile deformation history that

cylinder B underwent, including surface energy, heat dissipation and elastic energy trapped

in the wake.

The total energy variation, elastic as well as inelastic, is given by

FdD - _adA + FdA. (2.13)

When D is held fixed, no work is externally applied to the test-piece; the total energy remain.s

unchanged, so that

g7=r'. (2.14)

The driving force 9 depends on the test-piece and can be evaluated by an elastic stress

analysis. Fracture resistance r depends on the inelastic mechanisms. Equation (2.14) provides

a connection between the macroscopic loading condition of a test-piece and the microscopic

inelastic process associated with debonding.

Debond resistance can be measured phenomenologically. For example, this can be carried

out using fiber pullout experiment shown in Fig. 3. The stress required to drive debond is

measured, which can be translated to F using (2.11) and noting (2.14). This approach is

purely phenomenological-no detailed knowledge of physical pro .es is required, nor is

such knowledge generated. Nevertheless, the key quantity, debond resistance F, is measured

and this can be used in device design. Debond resistance has been measured for a range of

binmkaterials for applications to thin films and fiber/matrix composites (Evans Ct al.. 1990;

Cannon et al., 1992).

In principle, test-pieces of any geometry can be used to measure debond resistance.

Several convenient geometries are sketched in Fig. 6. It has been observed experiment ally that

debond resistance depends on the geometry of the test-piece. Specifically, debond resistance

depends on the ratio of the sliding to normal loading parameterized Iby 1:

r = (•,,). (2.15)

Mode mixity •, will be elaborated upon later. The trend of the curve is shown in Fig. 6.

The double cantilever b, am is predominantly opening mode (V', - 0°) and the mea-sured

debond resistance is low. The fiber pullout is shear dominant (0' - 70'), giving a high

debond resistance. The other two, four-point bend and micro-indentation, produce nearly

equal amount of opening and shear (t/' • 450), representative of the conditions ill thin film
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(lelarnination andl fiber/ia t rix lelboriling. Micro-indentation Is part icu~larly Co1NVenienlt for

smnall samp~les (Davis, et al. 1991). Other geomietrieis have also been uscd to nicasitre debotid

resistance (Argon et al.. 19S9; Kim,ý 1991; Liechti and Chai, 1992: O'Dowd di at,. 1992a:

Thouless 1990; Wang and Sito, 1990).

The depenidenice of r oil loading phase call be Undlerstood( oil the( b.asis of irk(la~t ic 1nech-

anisins. For exaniple. the fiber pullout exp~erimnent. is dIominatedl by slhearintg and the fric(t (ion

adds to the debOlid resistance. This mlechanlismn has been examlinedl qulantit atively by Hutehlt-

sonl and Evans (1989). In nietal/ceranuc interfaces, shear (lolininated loading produce larger

plastic zones which increase debond resistance (O'Dowd et al., 19921)).

12.3 WILLIAMIS SINGULARIITY

This section collects mathematical (letails that refine the concept of mtode niiixitNv. Thev
two solids are linearly elastic anid isotrop~ic, correspondling results for anisotropircelast irltv

have been reviewed elsewhere (Suo, 1990). The inelastic region is takent to be small romp]ar('d

to all other relevant (dimensions of the crack geometry, so that the crack front Is a mnathemtat-

ical line, the interface a inatheinatical plane. and the crack semii-infinite. The crack faces- are

traction-free. This eigenvalue problem was solved by Williams (1939). The essential features

of the solution, stress oscillation and crack face contact, are dlescrib~ed below. The following

interpretation is largely due to Rice (1988).

12.3.1 Slow Oscillation in Stress Field

The tractions at a distance r ahead of the crack tip, onl the interface, are found to be

Krie
6aY + I~ 0 =z (3.1)

In the above, x and y are Cartesian coordinates centered1 at the tip andl I = \/--. The

bimateria] constant E is defined by'

1= .hF( 3 - 4v' )/lp I± 1/1121 32
21r 1(3 - 4t,2)//,2 + /lit .1(32

Here v' is Poisson's ratio, it the shear mioduluts, and subscripts 1 andl 2 refer to material I and

2. respectively: the constant E is bounded, [C-I < (1/21r)103 - 0.175.

The complex-valued stress intensity factor, K, cannot be determined by the eigenvahie

p~roblem, but canl be determined by solving the full boundary-value problemn for a given test-

iple~c. The magnitude of K scales with the applhied stress, and( the p~hase angle of K represents

the relative amount of shear to tension. It canl be seen fromn (3.1) that K has dimnensions

A7 = [stress] [lenghl' 2 ~ (3.3)

7



Let L be an arbitrary length. and define c' by

A = Js tLexp(iw). (3.4)

The magnitude, IKI, has the dimension stress x lengh'/ 2 , which is independent of the choice

of L. because I.-[ = 1. Indeed. ]IA is related to G by (Malyshev and Salganik. 1965)

9 =1 ( - -'I+ 1- V2) jj1KV(-4(1-1 +1-12 .cosh 2,

Consequently, [K% and G are equivalent quantities characterizing the magnitude of the applied

load.

Next examine the significance of v'. Combining (3.1) and (3.4) yields

Y + Ioy - exp[!' + .-ln(r/L)I. (3.C)V'2-7rrr

The identity, (r/L)" E exp[iZln(r/L)], is used in the above. From (3.6) the ratio of shear

stress to tensile stress at a distance r ahead of the crack tip is given by

a'Y/o-•, = tan[1 + eln(r/t)]. (3.7)

Observe that the traction ratio varies with position r, and tan !, equals the ratio of the

shear stress to the tensile stress at r = L. This feature of interface cracks, caused by elastic

mismatch, does not exist in mixed mode fracture in homogeneous materials. The result

in (3.7) is commonly referred to as the oscillatory singularity, and E the oscillation index.

Contrary to a popular misconception, this oscillation is not rapid, since E is small, and

logarithm a slowly varying function. Thus, in specifying inode mixity, L need not be precisely

defined, so long as it is broadly representative of the length scale of interest.

Up to this point, L has not been given any physical identity. Since Williams elastic

solution describes the stress state outside of the inelastic zone, it is sensible to specify L to be

on the order of the inelastic zone size. For example, in discussing dislocation emission from

an atomistically sharp crack tip, a natural choice of L is atomic spacing, so that V, describe

the stress state over several atomic spacing (Rice et a[., 1990). For a metal/ceramic interface,

where dislocation motion prevails over distances many times of the lattice constants, L should

be chosen as the plastic zone size. Given two choices L and L, the corresponding loading

l)hases, ", and t^', shift by

- = eln(L/L). (3.S)

Debond resistance r should depend on stress state surrounding the inelastic zone, which

in turn is characterized by the local phase angle ,,. Consequently, (2.15) can be rewritten in

a more rigorous form:

r = r(3.9)
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Since the size of the inelastic zone is dependent on fracture mechanisms, ranging from nanome

ters to centimeters, it is meaningless to employ a single - for all biniaterials. For interfaces

with debond resistance sensitive to mode mixity, the value of t'. together with L. must be

reported together with the value of F. Moreover, a common L must be used in the definition

of t^' when comparing toughness values at different mode mixities.

12.3.2. Small-Scale Contact

In a homogeneous material, crack faces conic into contact under compression. By con-

trast, interface crack faces may come into contact regardless of loading condition. The size of

the contact zone depends on the mode mixity. In composites, the fiber and the matrix may

remain in contact due to the residual compression or asperities. sliding against friction during

pullout. This provides an example of large-scale contact (Hutchinson and Jensen, 1990). In

many other technical problems, such as thin film decohesion. contact zone is small compared

to the overall dimension. This section provides a criterion for small-scale contact.

Williams elastic solution shows that the displacement jump at a distance r behind the

crack tip is

(1- 11 o + 1 V2 ) Kr'c 2r (3.10)/I] P2 (I + 2iE)coshirF-rz

From the above, the crack opening is

6y = ,cos[V' + eln(L/r) - tan-'(2e)], (3.11)

where , = ( y + is the magnitude of the displacement jump. If L is interpreted

as the process zone size, and if the crack is required to remain open, i.e. 6. > 0, within

L < r < 100L, the mode mixity must be confined within

-7/2 + 21 <,, < 7r/2 + 2.6G for E > 0,
(3.12)

-7r/2-2.6f< ,< 7r/2+2c for c<0.

The number 100 is arbitrary, but the condition (3.12) is not sensitive to this number. When

S = 0, the condition in (3.12) simply states that contact will not occur under tension, which

is known for homogeneous materials.

12.3.3 Specimen Calibrations

For a given test-piece, the complex stress intensity factor K can be solved by an elastic

stress analysis. It has the generic form

K = Y T vT L-" exp(i',), (3.13)
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where T is a reI)rescl•tative stress magnitude. L a characteristic cra•k dimension: 1" and ,.'

are dimensionless real mnnl•ers which depend on elastic constalil•. geom,'trio tmramcter• and

loading. Note that •' is by definition the l•hase of NL'-'. Solutmns hay, i.ee/1 compil• q by

Hutchinson and Suo {1992).

As an examl)le, consider a GriI[ith craci< ,.)f length/_ on the interface }ntween two mate-

rials (Fig. 7). The complex stress int•.nsity fa,'tor is

i• = (1 + 2i•)v/r-•/2L-'"TexI,(i.,:) !3.!4,

where •., is tile remote loading angle. Driving force {7 is obtained by substituting (3.14)in
(3.5): tile loading angle consistent with (3.13; is t" = ¢ + tan-l(2:). The mode mixity at

r = f_ is given by

^•:" = •.' + tan-l(2-) + •In(L/Lb (3.I5)

For a mmaerical illustratiov "onsider an al-m:!:m/glass interface (• = -0.05). The crack -.:c
L = 1 ram, and the process zone size is of tile order ]• = 1 nm. Under remote tension. ," = •3°.

^

one finds vl, = 34°, that is, a large shear component exists near tile crack tip. Now change

the crack size to L = 1 cm, and everything else being the same. the new phase angle b• :omes

, = 40°.

12.4 CRACK TIP PLASTICITY

Plastic flow around the tip of an interface crack has been anal.vzed by Shih and Asaro

(1988), Shih et al. (1991), and Zywicz and Parks (1989, 1992). Plasticity aspects of in-

terface cracks are reviewed by Shih (1991). Consider a stationary interface crack between

two materials, at least one of which is plastically deformable (Fig. 7). Small-scale yielding

conditions prevail•that is, the plastic zone size rp is much smaller than the characteristic

specimen dimension, e.g. crack =ize L for a finite crack in an infinite body. Stress distrilmtion

over distances r >> rp is approximately determined by elasticity, as if liear-tip plasticity were

non-existent. In particular, tile stress field in the annulus, D, << r << L. is given by Williams

singular solution discussed in Section 12.3. The boundary value protAem therefore consists of

two semi-infinite materiais bonded over zl > 0, but unbonded over :rl < 0: V','illiams stress

distribution is applied as boundary conditions as r ---* •c, with complex stress intensity factor

1,2 = [l•[L-'%xp(iP). (4.1)

Ilere L is the crack size. mM t:' the load angle in the elasticity l•rot•hm of finite crack The

elastic-plastic response is characterized by .12 flow theory.

12.4.1 Plastic zone size
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The prol)enI contains t 'ngi hi seae,. L and (TA /! " cr 5t'hIl': tlit' h4wcr y'icld t rcv

of the two materials. Elementary consid,,ratins suggest that r.1, 'alt- wit &1 /ich

provides a natural length to define mode inixity. Define a dini(,n,)i,1ih,-> mniwi ,

C +. T 'u La) 44-2

According to the interpretation in Section 12.3.1. tan c broadly represents the ltract ion ratio

or,,/cry near r = (IK[/oy ) , or just outside of the plastic zone.

The plastic zone size is given by

rp = (!IC/ayY . {4.3!

The diiensionless factor R depends weakly on material conwtants. but is sensitive to mode

mixity, ranging from 0.15 to about 0.63 as jIci increases from 0 to -/2. Furthermore. the

shape of the plastic zone depends on the sign of ý, which may lead to different debond

resistance for loading with opposite shear directions. The above results are rigorously correct

for deformation plasticity: numerical calculations have shown that they are quite accurate for

flow theory.

12.4.2. Stress Distribution around a Blunted Crack Tip

Next consider the stress distribution within the plastic zone. The region of interest is

bounded by the plastic zone size rp, and the crack tip opening displacement 6(. The latter is

given by

6t = vj/ay. (4.4)

The pre-factor, V, ranges from 0.5 to 0.7 for _ : ir/6 when the metal has low strain hardening

(N < 0.1). The two lengths, r. and 3 t, differ by a factor comparable to the yield strain.

The traction ratio, or,//a~y, ahead of the blunted crack tip. within 61 < r < rp. is shown

in Fig. 8. Note that tan ý z a, y,' near r = (IKI/ay)2 . For the opening mode 1 1 0. the

traction ratio remains small over the range of distances shown. Under mixed mode loading

ý :# 0, moderate variation in the traction ratio is observed. The trends displayed in Fig. 8
are representative of metal/ceramic interfaces. Figure 9 shows the distribution of the hoop
stress ahead of the crack tip. Focus on the curve for ý = 0. The blunted crack tip relieves the

constraint, leading to a low stress within r < J/ay. The hoop stress reaches a maximum at

distance r - J/cry. The stiffer substrate provide additional constraint to plastic flow so that

the stress for ( = 0 is about 10'X higher than the level for the corresponding homogeneous

material (Shihi ct al., 1991). The constraint is partially relieved when the loading contains a

large shear component.
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III recent experimnents with niiobiunl diffuhion bondd to alminna. O'Dowd ct al. ( 1992! 1

found that d(,bond t?,i.talice varies significanitly witth illode ,, 1Xity: for exaiiphl. Ft 4(0i 1/ it 0° i

S10. An attempt was fiade to correlate nieled fliode ddehond rtesistai',, oni th le bais of a

cleavage stress at a charact eristic distalicc (e,.g. list }iiw'b t trih Ipilit jouctions in

Al2,03 ), as all e-XtesiSItIl of tile earlv work of Ritchie ct al. (1973! o% _l ,•tl I fac'roin, Mii iild

steels.

The evolution of cyclic ilear-tip fields ahe ad of a stationary interface crack has beev,

investigated by WoeltjCI3 ei al. (1992). Undler monotonic loading toi peak linsil, lhat i;in

essentially Mode I near-ti) field is observed over the major portlion of thw plastic zolle. ,iixilmxl

to the result in Fig. S for ý = 0. However, a inixed-mode fiel(d is gem'rat(ed near the ti upon

removal of the tensile load. The development of strong shear tractions ahlead of the interfac'

crack tip has important implications for fatigue fracture mechanisns aind fatigue life.

12.4.3. Constrained Plasticity

Reinianis ct al. (1991) have carried out fracture experiments with gold foils diffusion

bonded between sapphire plates. The foil thickness, li, is much smaller than the overall

dimension of the specimen. The plastic zone is comparable to or even larger than h1. blit

the total inelastic zone size is small compared to specimen dimensions so that the remote

load can be prescribed by a stress intensity facto;-. Upon loading. partial debond develops

at a distance several times the foil thickness ahead of the crack tip. These micro-debonds do

not connect with the crack tip. With furthur loading new debonds nucleate at a even larger

distance ahead of the crack tip (see Fig. 11d). The intact metal ligaments bridge the crack.

leading to a rapidly rising resistance curve (R-curve). Here we focus on the initiation of the

micro-debond, the precursor to bridging.

The above phenomenon is an extreme form of large-scale yielding (relative to the foil

thickness h) in which the metal foil is highly constrained by the sapphire plates. A finite

element analysis by Varias et al. (1991, 1992) reveals that the hydrostatic stress in the metal

foil increases steadily as the applied load increases; this is in contrast to the stress distribution

ahead of an interface crack between two substrates which cannot elevate al)ove three to four

times the yield stress. The behavior of the mean stress in the metal foil is shown in Fig. 10.

Near the tip (r/h << 1), the stress distribution is not affected by the constraint of the foil

thickness, so the mean stress is about three times the yield stress, similar to the distribution

in Fig. 9. At a distance several times of the foil thickness, the mean stress reaches the

maximum, which increases with applied load; the location of the maxima shifts ahead as the

load increases. These elevated stress maxima are responsible for nijcro-debonds.

12.5 GROWING CRACKS AND DEBOND RESISTANCE

12



Debond rearranges at ins that forIll thlie initerface init, 'wo frec ,1!f;ace,. ec(m,1u1ni11v the

Griffith energy

Fr; = •IL + -1 1 n.t

Here -,I and 12 are the surface energies of material I and 2. respectively, and -J is the

interface energy. The Griffith energy is small, since only a few layers of itom111s PArticpate in

irreversible movements. To increase debond resistance, more atoms must bh brought into the

inelastic process, through mechanisms activated by stress lower than that required for atomic

separation. For example, F < 10 j/m'" for Al 2,Oa. but even single crystal A1 203 has fracture

resistance exceeding 30 a/m 2 . Some heat-dissipating. atomic-scale snal ping proccesses might

exist, involving atoms off the crack plane (K.-S. Kim, private comnimunicatioll). The fracture

resistance of polycrystalline Al 2 03 is further increased by grain-scale dissipating mechanisms

such as pullout against friction (Vekinis et al., 1990).

Studies on crack growth resistance in metals was initiated by McClintock and Irwin
(1965) who used small scale yielding solutions for growing cracks in mode III. together with

a growth criterion based on the attainment of a critical strain at a characteristic distance

ahead of the tip. Later developments along this line has been given by Drugan, Rice and

Sham (1982). This approach has been extended by Drugan (199:). and Ponte Castafieda and

Mataga (1992) to cracks growing along bimaterial interfaces. Mechanism-based models to
relate debond resistance to micromechanisms have been developed recently, which provide a

focus for the subsequent presentation. We will limit our attention to predominantly opening

mode of fracture.

12.5.1 Crack-Bridging

A solid will fall apart unless something holds it together. A far reaching, unifying idea,
sufficiently rigorous for our purpose, is to represent the "binding" by a relation betwelen

attractive stress, a, and separation, 6. Such a relation is sketched in Fig. 5, and is written as

crIcr = x(61,06 ) (5.2)

The dimensionless function X describes the shape of the relation: the scale is set by 08 anld

68. The energy required to separate unit area of surfaces so bridged is

rB = CY8 j X(t)dt,. (5.3)

The dimensionless integral is of order unity. In practice, the shape function X is difficult

to determine precisely, but the qunatities aB and bB are readily related to microstructural

variables (Evans, 1990). One can therefore estimate fracture resistance by

"FB ' aHB. (5.4)
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TABLE 1

,Tu (N/rm2 ) I'tll) F- a•,1 (3./1m

atomic bond 101° 10 -10 1

ductile ligament 10 10-5 101

hole growth 109 10-4 10"

metal foil lo0 t0-1 102

Sketched in Fig. 11 are several bridging mechanisms: Table 1 lists the represeuntative

values of UB, 6B and FB for these mechanisms. Atomic bond has high strength but sinall

debond separation, resulting in a small fracture resistance. Ductile. crack-bridging ligaments

give rise to a substantially higher fracture resistance: these ligaments are believed to operate

in polycrystalline steels at lower shelf (Hoagland ct al. 1972), and iil 1, r-ramic matrix

containing metallic particles. In the latter, 6B scales with the diameter of the particles.

it remains unclear for polycrystalline steelc whelther qrý ir set by grain siz- or some h-r

microstructural lengths. Holes can nucleate in ductile alloys around hard inclusions, or on

metal/ceramic interface around pores or triple point junctions. Hole growth usually dissipates

large amounts of energy. Thin metallic foils sandwiched between two ceramic substrates

may debond along alternating interfaces, due to either periodic weak spots fabricated during

bonding (Oh et al. 1988), or constrained plastic flow (Reimanis ct al., 1991, Varias t al.,

1991, 1992). More detailed review on crack-bridging concepts can be found elsewhere (Bao

and Suo, 1992; Suo et al., 1992).

12.5.2 Crack-Bridging and Background Plasticity

It is assumed in the previous section that inleastic deformation can be fully represented

by a bridging law while the background material is elastic. In practice several inelastic

mechanisms can operate simultaneously. An interesting example involves a ceramic matrix

containing both ductile and transforming particles. The ductile particles form bridges, while

the transforming particles contribute to background dissipation. Bridging increases the height

of the wake, transforming more particles and thereby dissipating more energy; transformation

shields the bridging zone. Thus the synergism (Amazigo and Budiansky, 1988).

Consider the deformation history that a material distance y off the interface, experiences

as the crack tip passes by. The energy density variation for the entire process is

W(y) = ajdE,). (5.5)

The integral is carried over the entire history, including both heat dissipation when the particle

is in the active plastic zone, and the residual stress energy when the particle is in the wake.
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Denote H, and H2 a. the depths of the inelastic layers in the two) llht vi'd•. The total c]CWrgy

expended in the background for the steady-state crack to move unit (itatice is

["p = ] I ' y)dy. G5.6

The total fracture resistance, which icludes Griff ith energy, bridging energy 1dt .. re

work in the background. is given by

r = F(; + Fr + Fp. (5.7)

Since typically Fp anB FB are much larger than FG. it is Somnetiflies assumed that I(; is an
irrelevant parameter for fracture involving substantial plasticity. However, several authors

have pointed out that if cleavage is the basic fracture mechanism. r, or P1 must in soNIC

way depend on FG - that is, the small quantity FG serves as a "'valve'" for large dissipation

rB and rp (e.g. Jokl et al., 1980). For example, in transformation-toughened ceramics, the
matrix toughness sets the extent of the transformation zone and thereby Pp (.IcMeeking and

Evans, 1982; Budianskv et al., 1983).

A more familiar example is ductilc fracture of alloys, where the near-tip mechanism of

hole growth and coalescence serves as the valve for larger scale plastic dissipation. This

process has been analyzed by Needleman (1987, 1990), Varias et al. (1990), and Tvergaard

and Hutchinson (1992). Consider a pre-cut loaded remotely by a monotonically increasing

g. When G < rB, the bridging develops ahead of the crack tip, so does the plastic zone;

the crack remains stationary. The crack begins to grow or, rather, the bridges start to break

when G = FB. In this sense, background plasticity does not provide any shielding prior to

crack growth. This can be readily understood by the J-integral, and the fact that plastic

flow is proportional prior to crack growth. A reference length is defined by

1 F8
RB = T (5.8)

This reference length scales with the extent of the plastic zone size when g = FB.

As the crack grows, the bridging zone translates in the material: old bridges are broken in
the wake, and new bridges are formed in the front. The background material also experiences

elastic unloading and possibly reverse plastic loading. The complicated deformation shields

the crack. The shielding ratio, g/rB, increases with the crack increment An, as shown in

Fig. 12. It is evident that the steady-state is established when the crack growth is greater

than several times RB. The steady-state fracture resistance, Fss, depends on aB/Cy. The

trend can be better seen in Fig. 13. For a non-hardening material (N = 0), no contribution

is derived from the background plasticity if Cfl/aY < 2; on the other hand, the crack is "lock
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up", or has infinite fracture resistance when •q1 /ay > 3. Similar trends are observed for

strain-hardening materials.

12.5.3 Brittle Debonding in the Presence of Plastic Flow

It is known that a sharp, cleaving crack can propagate. slowly or dynamically. surrounded
by substantial dislocation motion. For example. a sharp crack caii grow slowly Ih ckeavage
along a gold/sapphire interface even though the gold deforms plastically: the measured frac-
ture energy is much larger than rG (Reimanis et al., 1991). Similar behavior is observed in
copper/glass (Oh et a., 19S7) . copper/sapphire (Beltz and Wang. 1992), niobium/alumina
(O'Dowd et al., 1992b), and copper bicrystals contaminated by bismuth (Wang and Ander-
son, 1991). This phenomenon cannot be explained by the models discussed in the previous
sections. Atomic cohesive strength, CB, is known to be orders of magnitude higher than

macroscopic yield strength. ary. When aid/cy exceeds about 4. crack-bridging models within
the framework of continuum plasticity predict that the crack blunts, hiniting the near-tip
stress to several times ary (Fig. 9). Consequently, cleavage cannot proceed from the crack

tip. Instead, one has to appeal to other fracture mechanisms, such as hole growth (Rice and
Johnson, 1970) and cleavage from a remote defect (Ritchie et al., 1973), both leading to rough

fracture surfaces not observed in experiments cited in the previous paragraph.

Figure 14 conveys the essentials of a theory proposed by Suo et al. (1992). The funda-
mental process for plastic flow is discrete, corsisting of at least two length scales: the Burgers
vector b - 10-" m, and dislocation spacing D , 10- 6 m. On one scale, atoms exhibit individ-
uality ultimately governed by Quantum Mechanics. On the other scale, dislocations interact
through Continuum Elasticity. Continuum Plasticity applies when stress variation over a
multiple of D is small compared to the macroscopic yield strength. The discreteness becomes
important for events occuring between lengths b and D.

The theory is based on a single premise: the crack front does not emit dislocations.
This happens, for example, for cleavable materials such as steel and silicon below the ductile-
brittle transition temperature, or contaminated grain boundaries, or interfaces subjected to
environmental degradation, or interfaces with a few atomic layers of brittle reaction com-
pounds. As illustrated in Fig. 14. so long as dislocation spacing D is much larger than the
lattice constant, the probability for a pre-existing dislocation to blunt a major portion of
the crack front should be extremely small. Consequently, a crack which does not emit dis-
location will remain nanoscopically-sharp, advancing by atomic decohesion. Within the cell
essentially free of dislocations which surrounds the crack front, the crystal is linearly elastic
down to a nanometer. Near the crack tip, nonlinearity arises from partial atomic separation
and nanoscopic shear bands. The size of the elastic cell, represented by D, is several orders
of magnitude larger than the nonlinear zone size. Consequently, information regarding the
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nanoscopic nonlinearity is transinittedl-to an observer ouitside thy (lzat ic cell--- through a

single quantity: the Griffith energy FG. The elastic cell provides a incdium through which

the stress decays rapidly, matching the high atomic debond stress oin one side. and the low

macroscopic yield stress on the other. For example, with b = aO- nd oi D = lO'in. the

stress decays approximately by a factor VýD-/b = 100 over a distaiwe of 1 pim. The dis-

location motion at the characteristic distance D away from the crack tip d(issipates plastic

energy, Pp, which is typically much larger than F>. In summary. atoms around a crack front

car, be divided into three regions: nanoscopic decohesion zone. microscopic elastic cell, and

macroscopic dislocation dissipative background.

The elastic cell is a Nanomechanics concept with imprecise. if any. continuum description.

The concept can be approximately understood in terms of spatially varying yield strengths.

Sketched in Fig. 15 is yield strength varying with the distance from a representative atom at

the crack tip. The theoretical shear strength is approached near the crack tip: the strengthi

decays to the macroscopic yield strength in the background. The shape of the decay function

has not been investigated; dislocation cell models may provide some insight (Lubarda et al.,

1992: !.,,bin et al., 1992). Nevertheless, the decay function mrust have a characteristic length

comparable to the dislocation spacing D.

Consider a cleavable, rate-independent material with Griffith energy rG, yield strength

Cy and yield strain Fy = ay/E, E being Young's Modulus. The crack tip energy release rate.

_Crip, is shielded by background dislocation motion from the remotely applied energy release

rate, g. Dimensional analysis dictates that

9/!tip = g(DeFvcy/9tip). (5.9)

The shielding ratio g also depends on crack increment and material constants such as .y,

Poisson's ratio v and in particular, the shape of the decay function in Fig. 15. For properties

representative of metals (e.g. D '- 1 tim, fy ,,_ 10-3, ay -- 10' N/1n 2 , PG ". 1 J/m1). the

parameter D)'OY*/rG range- from 10-2 to 10. The parameter can be understood in several

ways; e.g. all else being fixed, an increase in elastic cell size D reduces the total energy

dissipation. Under steady-state growth, gtip " PG and ! equals the measured fracture

energy P. The plastic dissipation rp is given by F = Pp + FG.

In the present theory, it is assumed that no low strength, long range bridges, such

as tearing caused by cleavage plane reorientation between neighbouring grains, operate in

the crack wake. These bridges are responsible for the large "cleavage energy" reported for

polycrystalline steels. When operating, the bridges may serve as a bigger valve than atomic

decohiesion. If this is the case, a bridging law may be used in the present model. Indeed,

when afla/y < 4, the present model should reduce to regular bridging model without an

elastic cell.
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Further simplifications are nee(i1d to make quantitative plred(ict ions (Fig. 1G). Thl"

decohesion zone is small compared to D so thatt hie square root singular elasticity so•ltit(jo

prevails in b K< 7- < D. Detailed atoniistic description of decoliesioxi is uneVessary ('xcI)T

for a prescription of a cleavage energy FG;. The shape of the (,lasl ic cell is uniniportant

since the plastic zone height is typically unuch larger than D: we( u, a strip to reprcsnt

the elastic cell. A disc translating with the crack tip can be anotither conivenielit chlice'. I lut

the difference is expected to he minor in so far as Q-ý/jip is concerned. The back-groutn

dislocation motion is represented by continulum plasticity. A refincinexit. if nceded. may

include individual dislocations or a dislocation network in the transition region bctweeen the

elastic cell and the continuum plastic flow.

The crack starts to grow when G Ž_ FG: more load is required to natinain the growth.

leading to a resistancp curve. The plastic zone also increases as the crack grows. attaixuing,

a steady-state height H. The energy release rate reaches a steady-state value FP.<. The

model geometry is analyzed in the steady-state using finite elements. Figure 17 shows that

the shielding ratio increases rapidly as D or ay. decrease. The influence of strain hardening

exponent, N, can also be seen. For non-hardening metals, the plastic dissipation completely

shields the crack tip at a finite Dcy'/!tip. In practice, D may be used as a fitting parameter

to correlate experimental data. For example, a metal with U). = 108 N/1 2 .I- = 10-' anld

Fa = 1 J/m 2 gives Fc/ayey = 10 jum. If the measured fracture energy Fss = 10 J/ni. one(

finds from Fig. 17 that D - 0.5 nm.

In an experiment with a single crystal of copper diffusion bonded to a sapphire disC

(Beltz and Wang, 1992), interface debonding was driven in two crystallographic directions

at slightly different energy release rates. The phenomenon was interpreted according to the

Rice-Thomson model (1974): dislocations emit from the crack tip in one direction but not

from the other. An alternative interpretation appears to be possible on the basis of the

present theory: both crack tips do not emit dislocations; the different debond energies result

from the different extent of background dislocation motion. Indeed, the micrographs show

much denser slip lines in one case than the other. Experiments at higher magnifications are

needed to ascertain which of the two interpretations is appropriate for the copper/sapphire

svsteni. Calculations within the framework of the present theory, taking into account of single

crystal plasticity, are in progress to facilitate a direct comparison with such experiments.

Obviously, the competition between atomic decohesion and dislocation emission (Rice

et al., 1992) cannot be addressed by the present theory; instead, the consequences of the

prmise that dislocations do not emit from the crack front can be explored. Included in Suo
et al. (1992) are slow cleavage cracking, stress-assisted corrosion, fast-running crack, fatigue

cracking, constraint effects. and mixed mode fracture along metal/ceramic interfaces.
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FIGURE CAPTIONS

Figure 1. A partially dehonded Iut erface is sul ject ed to aqppled loadl

Figure 2. Graphical interpretation of U , El and 9.

Figure 3. A fiber i.s beingpleiuifo arx

Figure 4. Thin filmn decohesion einanatt ilg from a. circulair hole.

Figure 5. Inelastic processes accomipanying d-looiid.

Figure G. C'onvenient geometriekS to measure debond resist ance.

Figure T. (a) A finite interfacc ('rack sulbjected to a remnote tension T zit angle t lw hLti

zoneC size is assumied to be smiall coniflar(ed to the crack size. (ba) A sniall-scalcd vieldlinv,

problem is posed.

Figure S. The ratio of shear over tension ahiewd of the crack tip. on the mi erface, in flhe

range r<r. Metal/ceramic blinaterial; metal lprolperties are A" = (0.1. fy=0.003. and

= 0.3.

Figure 9. Tensile stress ahead of the crack tip, on tile interface. Note that ýfJry
Metal/ceramic biniaterial: metal properties are 2V = 0.1. (y = 0.003, and 1, 0.3.

Figure 10. Inset: a metal foil bonded between two ceramic substraites, subjected to at remiote

Mode I stress intensity* factor. The mean stress distribution ahead of the crack tip is plotted

for several loading levels.

Figuie 11. Crack-bridging inecharusins: a) atomic adlhesion. b) ductile liganients c)hl

growth, d.) alternkating deboniding.

Figure 12. Fracture resistance curve resulting from background plasticity shielding (from

Tvergaard and Hlutchinson, 1992).

Figure 13. Steady-state shielding ratio as a function of bridging strength relative to yield

strength (from Tvergaard and Hutchinson, 1992).

Figure 14. A (lecohiesion trout in a network of pre-existing dislocations. The diameter of the

decohiesion core is about 1 rn;. the average dislocation spacing is more than 100 nin.

Figure 15. Yield strength as a function of the distance from an atomn at the center of an

elastic cell.

Figure 10. A model system with a step-funcrtion dlecay in yield strength

Figure 17. A fracture resistance curve. the fracture energy increases as the crack grows.

Comiput ed shieldling ratio) as, a func-tion of various parameters: N --- hardening explonent. D
elastic cell size.
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ABSTRACT

This paper concerns the analytical estimation of the macroscopic mode II fracture toughness of

a brittle adhesive layer sandwiched between and bonding together stiff substrates. The process of

failure involves the propagation and coalescence of microscopic tensile cracks ahead of the

macroscopic mode II crack tip. The basic problem at the heart of the analysis is the plane strain

problem for a layer subject to shear and containing a periodic array of micro-cracks which grow

and coalesce under the condition that their tips advance under pure mode I conditions. A numerical

solution to this basic problem is obtained and is then used to make detailed predictions for

conditions for tunneling of the micro-cracks and for the evolution of their shape and spacing.

These predictions are used in turn to develop the shearing traction-displacement relation for the

brittle adhesive layer. The work per unit length of layer needed to drive the microcracks to

coalescence can be identified with the macroscopic work of fracture in mode II, rnc, as is

discussed via a cohesive zone model. The macroscopic mode IH toughness is predicted to be

between 3 to 4 times the mode I fracture toughness, ric, depending on constraints provided by

substrates and very slightly on Poisson's ratio v. The theoretical predictions are compared with

experimental data reported in the literature. Also discussed are the consequences of the assumption

underlying the analysis that there exists an ample population of initial flaws whose largest

dimension is roughly comparable to the thickness of the layer.
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1. INTRODUCTION

Once initiated, cracks in homogeneous, isotropic brittle materials tend to advance under mode

I conditions, assuming continuously applied loads. Thus, for example, when a crack propagates

under plane strain conditions it selects a trajectory such that its mode II stress intensity factor, K11 ,

vanishes. This so-called "local symmetry" condition dictates many crack patterns found in brittle

thin films or substrates where cracking occurs. Recent studies have detailed a number of

interesting crack paths governed by this condition. Examples include studies of the development

of wing cracks under compressive loading by Ashby and Hallam (1986) and by Horii and Nemat-

Nasser (1986), of spiral cracking around a strained cylindrical inclusion by Freund and Kim

(1991), and of cracking behavior due to localized hot shock of a brittle substrate by rvergaard er al

(1993). The theoretical study most closely related to the present work is that of Fleck (1991) on

the growth of periodic echelon cracks in an infinite substrate under combined shear and tensile

loadings.

Macroscopic mode II crack growth is frequently observed in a very thin brittle adhesive layer

which bonds together two substrates which confine the cracking process to the layer. If the crack

does not follow one of the interfaces, one often observes scalloped fracture areas on the crack

surface and many sigmoidal microcracks ahead of the main crack tip (see, for example, Hibbs and

Bradley 1987, Smith and Grove 1987, Chai 1988, and Fleck 1992). Similar behavior takes in the

matrix material between closely spaced parallel fibers in a composite. The fracture process seems

to start with the initiation of sigmoidal tensile microcracks ahead of the crack tip and continue with

the spreading of this damage leading to a distribution of microcracks such as that depicted in

Fig. 1 a. Macroscopic shear crack growth is initiated by coalescence of the main tip with the tensile

microcracks just ahead of it. The experimentally measured work of fracture needed to advance

such a mode [1 crack is found to be greater than the mode I work of fracture, with r',r"Ic ranging

from 3 to 10 for brittle or moderately brittle materials (Bradley 1989, Hibbs and Bradley 1987, and

Fleck 1992).



-3-

The aim of this study is the analytical estimation of macroscopic mode II fracture toughness of

a brittle adhesive layer, F1 1c, in terms of the mode I toughness of the adhesive, rk. In mode I, the

work of fracture of the sandwiched brittle layer is the mode I toughness of the adhesive, Fk', if the

crack propagates in the interior of the layer and not along one of the interfaces between the

adhesive and substrates (Fleck, Hutchinson and Suo, 199 1). In developing the theoretical estimate

of TI-c it will be assumed that the spacing of the microcracks is small compared to the length of the

zone of microcracking ahead of the macroscopic mode II crack. In effect, we work at two scales:

the micro- and macroscales. On the microscale, we analyze the development of a periodic array of

identical tensile microcracks, as shown in Fig.lb, and use these results to obtain a traction-

displacement relation in shear, i'(u), governing the macroscale behavior of the layer. A cohesive

zone model of the mode 1I macrocrack is stipulated with t(u) as the shearing traction law in the

cohesive zone ahead of the macrocrack. Well known arguments employing the J-integral give the

desired connection

171c = fo I(u)du (1)

where uc is the shearing displacement at which the periodic microcracks coalesce and 't drops to

zero. The present study is the mode 11 counterpart to the modeling conducted by Ortiz (1988) of

the effect of microcracks ahead of a mode I macrocrack.

The sections of the paper leading to explicit results from (1) are organized as follows. Section

2 provides the solution to the basic plane strain problem shown in Fig. I b for a periodic army of

curved cracks, in a layer subject to remote shear loading, growing and coalescing under the

condition that the mode 1I stress intensity factors at each crack tip vanish. Three quantities from

this solution are needed to carry out the computation of 't(u) and the prediction of rnc: the energy

release rate for the in-plane growth of the plane strain cracks, Gps; the effective in-plane shear

modulus gi of the cracked layer, and the energy release rate, Gss, for each of the cracks when they

tunnel in a direction perpendicular to the trace plane shown in Fig. l b. Complete results for these

quantities are given in Section 2. The shearing traction-displacement relation, 't(u), is derived in

Section 3. This derivation has two steps. First, the evolution of the cracks' length and density as



-4-

a function of u is obtained using the basic results of Section 2. This step involves arguments as to

when the microcracks will advance in their plane and when they will tunnel. It also involves the

assumption that there exists a population of relatively large initial flaws in the adhesive from which

the microcracks develop. Then, with the evolution of the length, shape and density of the cracks in

hand, the traction-displacement law can be obtained from the results for .t. The final results for

Fllc are discussed in Section 4, along with a discussion of the implications of the assumption

concerning the initial flaw population. Experimental observations which have been reported in the

literature for mode U behavior of brittle adhesive layers are compared with the theory in this final

section.

2. A PERIODIC ARRAY OF MODE I CRACKS IN A BRITTLE ADHESIVE

LAYER SUBJECT TO SHEAR

2.1. The Plane Strain Problem

The plane strain problem is introduced in Fig. lb An adhesive layer of thickness 2H joins

two substrates. It is often the case that the substrates are much stiffer than the adhesive. For the

purpose of reducing the number of parameters in the problem and to simplify the analysis

somewhat, we shall regard the substrates as two rigid grips perfectly bonded at each interface to

the adhesive. The adhesive is taken to be isotropic, homogeneous and linearly elastic, with shear

modulus gi and Poisson's ratio v. The external loading is applied through prescribed relative

translations, u and v, of the two rigid grips. Two limiting shear loading cases are analyzed

corresponding to different constraints in the vertical direction. For a given prescribed tangential

displacement u, either: (1) the grips are allowed to move freely in the vertical direction (i.e., the

average normal traction exerted on the grips is zero), or (2) the grips are totally clamped in the

vertical direction (i.e., v=O).

The spacing separating the periodically distributed cracks in Fig. lb is taken as 2b, and the

curvilinear length of each crack in the current state is denoted by 2a. The solution procedure

adopted in this study is that of representing the cracks as superposition of continuously distributed
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dislocations chosen to cancel the tractions on the crack surfaces via solution of coupled integral

equations. The solution of a periodic array of dislocations in an elastic layer between rigid

substrates is given in the Appendix. The outline of the setup of the integral equations and the

numerical procedure for solving them can be found in Tvergaard et al (1993). The procedure for

advancing the crack tips such that pure mode I conditions always prevail at the tips is the same as

that employed by Fleck (1991). It is this part of the solution method which determines the shape

of the evolt fng cracks, as is now further described.

The process is started with an array of very short straight cracks with spacing 2b and inclined

at 450 to the x-axis such that they are normal to the maximum principal stress of the uncracked

layer. Since the cracks are very small initially, they behave almost like isolated cracks subject to

tension perpendicular to their plane, and thus can be regarded as pure mode I cracks. The method

for generating the subsequent crack trajectories is as follows. With the crack at its curTent length

having KI]=O, then the crack length is increased with the curvature of the next increment chosen

such that the advanced tip is also in a state of pure mode I. More details of calculation procedure

can be found in Fleck (1991). The plane strain energy release rate at the crack tips, Gps, is related

to the mode I stress intensity factor by the standard relation; the stress intensity factor is computed

directly as the amplitude of the inverse square root singularity of the dislocation distribution at the

ends of the crack.

When there are no cracks presented in the adhesive layer, the stress field is simply

g(2)

and all other components are zero. After introduction of the periodic array of cracks, the average

shear traction exerted at grips for a prescribed u is reduced below the value given by (2) and is

denoted by -t. The effective shear modulus of the adhesive is denoted by g and is defined as

- 2H2t (3)
u

The effective shear modulus is an important property which indicates the damage to the shear

strength of the adhesive layer when cracks are present. Its primary purpose in the present paper
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will be to generate the traction-displacement relation t(u).

For a given crack shape, gt is a function of the crack length/spacing ratio, a/b, the crack

density ratio, H/b, and which of the two normal constraint conditions is imposed. This functional

dependence can be determined from a direct computation of the average shear traction t when a

value of u is prescribed, or it can be computed using a basic connection between compliance

change and energy release rate derived as follows. Let s be the length of the evolving curved crack

which started with length 0 and has grown to its current length 2a. The elastic strain energy U

stored in the layer per crack (with spacing 2b) is

U = 1 u 2b= u2 b-2 "• (4)
2 2H

The plane strain energy release rate Gps at each tip at the current crack length 2a is given by

Gsa -1 2}U~a) (5)

2 aa

The combination of (4) and (5) gives, together with the initial condition St=g± when s--,

P.(a) = 4_4_H aG (s) ds (6)
u 0

As the crack length 2a approaches the critical length 2ac where the cracks coalesce, the effective

modulus g. must approach zero. This fact provides an additional consistency check on the

accuracy of the numerical calculations.

The numerical results for Gps, g. and for the shapes of the crack trajectories are shown in

Figs. 2-4 and will be explained in detail. The boundary value problems have displacement-type

conditions along the grip interfaces, and therefore the solutions do depend on Poisson's ratio. The

results shown in these figures were computed with v=l/3, but selected numerical checks indicated

there is little dependence on v for the normalized quantities employed. Recall that the solution

process starts with a prescribed value of crack density H/b and with very short straight cracks

oriented at 450 to the centerline of the layer. The cracks are then advanced under pure mode I

conditions. Two distinct behaviors are found, unlike the shapes discovered by Fleck (1991), who
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considered an infinitely thick layer subject to combinations of shear and normal loading. In the

case of the layer which has zero average normal traction, it is found that the cracks grow toward

the interfaces of the adhesive and the rigid grips when the crack density, H/b, is less than about

0.81 with final shapes typical of those shown in the insert of Fig. 2a. For crack densities, H/b,

greater than 0.81 the cracks do not impinge upon the rigid grips but instead turn toward their

neighbors and coalesce, as shown in the inserts in Figs. 2b and 2c (here, again, the complete crack

trajectories are shown). In the regime where the cracks coalesce, the shapes are relatively

independent of H/b and the pattern scales with the spacing b. This limiting behavior would have

been more evident had Gps been normalized by b rather than H in the ordinate of Figs.2b and c

(The choice of H rather than b for the normalization facilitates application of the results discussed

later). When H/b is large, the present results agree with those of Fleck (1991) for echelon crack

arrays in an infinitely thick slab. The transition in shapes in the second case, where the normal

separation of the rigid grips is constrained to be zero, occurs at about H/b=2.6. The three parts of

Fig. 2 display the dependence of the normalized Gps on the crack length/spacing ratio, a/b, for the

three values of the crack density parameter H/b, all for the case of no average normal traction. An

important feature of this dependence is the existence of a local maximum in the normalized energy

release rate which is attained when the cracks are still well away from coalescence. In the regime

where the cracks coalesce, the normalized Gps becomes unbounded as the tips approach the crack

surface of their neighbor. It is again worth emphasizing, the trajectories shown are pure mode I

trajectories, and at no point as the cracks are advanced do opposite points on the crack faces come

into contact (i.e., the cracks are fully open). Fig. 2 also contains results for the tunneling energy

release rate, Gss, which will be introduced in the next subsection.

The complete results for the normalized plane strain energy release rate are plotted in Fig. 3 for

the entire range of H/b needed in the present study for each of the two limiting normal constraint

cases. The companion curves for the normalized effective shear modulus of the layer, /9i, are

shown in Fig.4.



2.2. Steady-state Tunneling Cracks and Evaluation of Gss

Crack nucleation and growth in an adhesive layer is a very complicated process. It is a full

three dimensional problem in the sense that cracks will initiate from an existing population of flaws

and propagate both in the plane (i.e., in the (x,y) plane of Fig. I) and out of the plane (i.e., the z-

direction in Fig. 1) Extensive propagation out of the plane is referred to as tunnel cracking. This is

a form of cracking which is very common in thin brittle films and layers (Beuth 1992, Ye et al

1992, Hutchinson and Suo 1991, and Ho and Suo 1993). It is the primary mechanism by which

roughly equiaxed initial flaws become greatly extended cracks in the tunneling direction. This

mechanism is clearly expected to play a dominant role in establishing cracks in the brittle shear

layer which are very long in the out-of-plane direction compared to their in-plane length, i.e.,

essentially plane strain cracks. In steady-state, the crack propagates in the out-of-plane direction at

constant applied load with the tunnel front maintaining its shape as it advances. The steady-state

energy release rate, Gas, no longer depends on the tunneling length, nor on the initial flaw

geometry.

The steady-state energy release rate Gas along the tunneling front can be computed using

quantities from the 2D plane strain crack solution without resorting to a 3D analysis. Since the

energy released per unit length of tunneling in the z-direction equals the energy released to form the

plane strain crack traversing the layer (on a per crack basis), it readily follows that (e.g.,

Hutchinson and Suo, 1991)

1 aGss(a) = aoJGp s (s)ds (7)

a0

This is the relation wbi;h is used here to compute Gss. An additional interesting relation between

Gss and Gps noted by Beuth (1992), which will be of use later, is obtained by taking the derivative

of (7) with respect to a

dG-- =i(Gps - Gss) (8)

-~~~d a I I
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Thus Gss--Gps defines a condition at which Gss achieves a local maximum with respect to in-plane

crack length.

Numerical results for Gss can be generated using (7) and the results of Figs. 2 and 3. The

three plots of Fig. 2 include curves of normalized Gss illustrating the trends and the fact exnressed

by (8) that the maximum of Gss at a prescribed u occurs where the two energy release rates are

equal. Note that Gss exceeds Gps at crack lengths larger than those at the crossover point so that

the crack driving force for tunneling will exceed that for in-plane extension in that regime. The

results shown apply to a family of identical cracks spaced a distance 2b apart, all tunneling together

as illustrated in Fig. 5a. We now take one further step and derive the steady-state energy release

rate for a new set of tunnel cracks of identical cross-sectional shape which precisely bisect a pre-

existing set of fully tunneled cracks, as depicted in Fig. 5b. The steady-state energy release rate

for this new set of cracks is denoted by G ss.

2.3. Gss for Sequential Tunnel Cracking

Consider now the derivation of the steady-state energy release rate for the sequential cracking

process depicted in Fig. 5b, where a set of new cracks of spacing 2b tunnels, precisely bisecting a

pre-existing set of spacing 2b. Let Gss(b) denote the result of §2.2 for tunnel cracks of spacing b

and let Gss(2b) be the result for spacing 2b, both for the same prescribed value of u. Let 6 ss be

the energy release rate for the new set of tunneling cracks. Following the argument given by

Hutchinson and Suo (1991), one has precisely

k (b) = 2G.(b)- G.(2b) (9)

stating that the energy released by each new crack is the difference between the down-stream rate

(for two cracks per new crack ) and the up-stream rate. Thus, the steady-state energy release rate

for the sequential process can also be obtained from the results for Gps using (7) and (9). Curves

of normalized G ss as a function of a/b are plotted in Fig. 6 for various H/b for the two constraint
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cases. Note that these results apply to a new set with spacing 2b tunneling between an existing set

of spacing 2b, i.e. the situation depicted in Fig. 5b. In Section 3, results for G ss and Gps will be

used in an approximate way to predict the evolution of both the spacing and lengths of the cracks in

the layer as a function of u.

3. CRACK SPACING AND T(u)

As a crack grows from an initial flaw in a brittle isotropic material comprising the layer, its

crack front adjusts to a curved shape such that at every point it is in mode I with its energy release

rate equal to the mode I toughness of the material, r~c. Once it has tunneled a distance of about

two times its in-plane length the crack rapidly approaches the asymptotic steady-state condition

analyzed for periodically spaced cracks in the previous section. Crack propagation is entirely in the

out-of-plane direction, advancing under constant applied shear displacement u and leaving behind

an in-plane crack of fixed shape and length. A rigorous analysis of this three dimensional process

is extremely difficult and is not attempted for the present shear layer problem. (A three

dimensional analysis has been carried out for a thin film cracking problem by Nakamura and

Kamath (1992) demonstrating for that problem that steady-state conditions are essentially attained

once the crack has grown to a length of about twice the film thickness.) As noted in the discussion

of Fig. 2, except for very high crack densities, there is a range of a/b in which Gss exceeds Gps.

This implies that the three dimensional process of growth from a roughly equiaxed initial crack-like

flaw will involve both in-plane and out-of-plane growth until the crack reaches the point where out-

of-plane tunneling is favored. Once steady-state is achieved, tunneling will be completed in the

out-of-plane direction resulting in a set of plane strain cracks. Then, as u is further increased,

these cracks will uni•yo further in-plane extension until conditions are met for a new set of cracks

to begin tunneling between the present set. An approximate analysis of this sequential process is

now given.
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3.1. Evolution of Crack Density as a Function of u

Suppose a periodic anmy of fully tunneled plane strain cracks exists with spacing 2b. The

condition for a new set to tunnel between the existing set as depicted in Fig. 5b is obtained as

follows. When u r,..aches the level corresponding to G s,(b) = 1-c, steady-state tunneling of the

new set can occur with the outcome being a set of fully tunneled plane strain cracks of spacing b.

Setting G ss(b) = FIc and plotting the result in the form of up j/(FicH) as a function of a/b for

fixed values of H/b leads to curves such as those in Fig. 7. Note that for a given value of spacing

2b (i.e. a given value of H/b), there is a minimum value of u below which a set of new cracks

cannot tunnel. If it is assumed that the initialflaw population is sufficiently large andplentiful such

that the new set will initiate and tunnel when u reaches the minimum in Fig. 7 for the given H/b,

then the cr-ck spacing history lies along the trajectory of minima in Fig. 7. Given some initial

spacing 2bo, say, then the subsequent spacings must be b0 , bo/2, b0V4, etc., for the sequential

process envisioned, but a strict adherence to this sequence can be relaxed as described later. Fig. 8

displays the crack density parameter H/b detemined as just outlined as a function of the normalized

u for each of the two constraint cases. The threshold values correspond to the minimum values of

normalized u where tunneling of isolated cracks can frst occur. The crack density increases from

zero to a very high density (e.g., H/b=5 to 10 ) over a relatively small range of u, corresponding to

roughly only a 75% increase above threshold. Each curve in Fig.8 is terminated with a horizontal

dashed line at the crack density where the tunneling energy release rate no longer exceeds the plane

strain release rate at any crack length a (cf. Fig. 20). Exactly how new cracks develop in this

regime is not clear, but tunneling is not expected. In any case, by the point where the crack density

reaches these levels, all the important contributions to the macroscopic toughness have been made.

3.2 Traction-displacement Relation in Shear, r(u)

With the relation between H/b and u in hand, it is possible to generate the desired relation t'(u)

in the following straightforward manner. For a prescribed value of u, obtain H/b from Fig. 8.

This value characterizes the current spacing of the plane strain cracks. The in-plane length a of
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these cracks is then obtained from the ratio a/b using the results in Fig. 7. Once a/b is known, use

the curves of Fig. 4 to obtain pig. Then, by (3),

Ht - 1--u (10)

and it is this relation which is plotted for each of the constraint cases in Fig. 9. The peak values in

Fig. 9 are associated with the onset of tunneling of widely space-I microcracks. The steep

segments of the curves dropping from the peaks correspond to the range in which relatively widely

spaced cracks tunnel with the sequential process of new sets tunneling and bisecting existing sets.

The steep portion ends when the crack density reaches about H/b=2 for the case of zero average

normal traction and at aboot H/b=3 for the case of zero normal displacement. At higher densities

the interaction between tht. cracks becomes dominant and T falls gradually with increasing u. The

curves are terminated at the points labeled by (uc, c) beyond which higher densities of tunneling

cracks will not occur, i.e., at the density cutoffs indicated in Fig. 8.

Strictly speaking, the construction of the relation between c and u described above should start

with some initial wide spacing 2bo and then faithfully bisect the spacing according to the discrete

values b0, b0/2, etc., leading to curves in Fig. 9 which would be segmented. The curves in Fig. 9

are generated by applying the calculation described above continuously as a function of u, ignoring

the discrete nature of the sequential bisection process. The difference between the curves thus

obtained and any segmented curve generated using some initial wide spacing 2bo is not

appreciable. The procedure described above approximates the actual cracking process in another

sense. The . hape of the cracks in the (x,y) plane depends on the crack density H/b. Thus, in any

actual process the shapes of cracks which tunnel at one value of u will differ from those tunneling

at another value of u. The procedure used here takes the shapes of all the cracks to be the same and

to be that shape associated with the current value of u.
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4. MACROSCOPIC MODE II TOUGHNESS, Irlc

The results in Fig. 9 for T(u) enable one to calculate FrIc using (1). The final tail of '(u) has

not been determined, and we neglect a small contribution to the integral in (1) by terminating the

integration at uc as taken in Fig. 9. The results of the integration are

File = 3.1 TIc for zero average normal traction

File = 4.2 FIc for zero normal displacement

The numerical results in this paper have all been calculated with a Poisson's ratio of 1/3, but, as

mentioned earlier, the results are only weakly dependent on v.

The present results are corroborated by Fleck's (1991) result, FIic=2.7 Fie, obtained for a

single array of periodically spaced, tensile plane strain microcracks in an infinite solid subject to

pure shear at infinity. This result represents the work of fracture per unit area needed to drive the

sigmoidal echelon cracks to coalescence. More work is absorbed in the process envisioned in the

present paper because of the influence of the constraint of the substrates and the fact that new

cracks initiate and tunnel between existing cracks as u is increased. Nevertheless, the fact that the

two analyses give results which are not significantly different suggests that the sequential details of

the microcracking process may play a secondary role.

The cohesive zone model on which the above results are based also can be used to calculate the

length of the cohesive zone L (see Fig. la) in which the 'microscopic' traction-displacement

relation t(u) holds. We have not computed L for the precise relation 't(u) of Fig. 9, but a rough

estimate indicates that it is on the order of H. Thus, the extent of the microcracking zone ahead of

the macroscopic crack tip is only on the order of the most widely spaced cracks which make a

significant contribution in the analysis leading to r(u), i.e. b.H. This suggests that an analysis

which accounts for the interaction between the macrocrack and the individual microcracks in a

discrete manner may give somewhat different predictions. Further work along these lines may be
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needed, especially if initiation from smaller flaws is considered important, as will be discussed

below.

5. DISCUSSION

The results of present analysis are in general agreement with experimental dam reported in the

literature. In particular, Bradley (1989) presented his experimental results for the ratio of mode 11

delamination toughness to mode I delamination toughness for a variety of resin adhesives. The

ratio r',c/r'c for the brittle resins varies from 3 to 11. with most data in the range from 3 to 6. It

should be expected that the present theoretical results should tend to bound the experimental data

from below for two reasons. Firstly, the response of the adhesive has been assumed to be purely

elastic with no accounting for plasticity, and plasticity is expected to have more effect on the mode

II toughness than the mode I toughness. Secondly, it has been assumed that there exists an ample

population of initial flaws whose size is comparable to the thickness of the brittle adhesive layer. It

is from these flaws that the tunnel cracks spread. If the population of initial flaws was of a size

significantly smaller than the layer thickness (e.g., on the order of 1V5 ), then larger applied

stresses would be necessary to initiate the tunnel cracks than is predicted by the steady-state

tunneling analysis. The tunneling process would then involve the dynamic propagation of the

microcracks and the dissipation of more energy than is predicted by the present quasi-static

analysis. Assuming the microcracking process is brittle, we interpret the existence of

experimentally measured ratios of r17,0 17c well in excess of 3 to be indirect evidence of the fact that

those adhesives have initial flaws which are small compared to the layer thickness.

The present results for the mode II toughness are independent of the layer thickness 2H and do

not depend explicitly on any details of the initial flaw population. In this sense the present results

are similar to Fleck's result which is independent of the spacing of the periodically distributed

echelon cracks. In the present modeling, this independence is a consequence of the assumption of

an ample population of relatively large flaws. If, instead, there existed an ample population of

small flaws, then one would expect the size of the flaws to enter into the dependence of rFnc,
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primarily because an over-stress will be needed to initiate the tunnel cracking process. On the other

hand, if the flaw population were sparse and widely spaced compared to the layer thickness, then

one would expect the layer thickness as well as the spacing and, possibly, the size of the flaws to

influence FIjc. In either case, F11 c is expected to exceed the 3 or 4 times F1c predicted by the

present analysis.

Two constraint limiting constraint conditions have been considered leading to the two sets of

predictions presented above. In addition, to simplify the analysis and to reduce the number of

parameters in the problem, the compliance of the adjoining solids has been neglected compared to

that of the adhesive. This is probably a reasonable approximation for many systems based on

polymeric adhesives. For such systems, it would also seem that the second constraint assumption

of zero normal displacement to the layer would be the more reasonable one, but that may depend

on the details of the test specimen geometry. The main conclusion to be drawn from the results for

the two limiting constraints is that there is not an unduly large difference in the resulting

predictions.
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APPENDIX. AN ARRAY OF DISLOCATIONS IN A BRITTLE ADHESIVE

LAYER

The dislocation solution used to solve the plane strain problem is outlined here.

The plane strain elasticity problem is specified in Figure Ala. An array of edge dislocations

with Burger's vector b-(bx, by) lies along the x axis with uniform spacing it. The upper boundary

lies along y=d and the lower boundary along y=-c. The elastic material has shear modulus g± and

Poisson's ratio v. The thickness of the layer is c+d=2H. The boundaries are considered to be

rigid. The elastic solution to this problem is obtained by superimposing the solutions to the

following two problems:

(a). An array of same dislocations lies in an infinite elastic body; and

(b). A dislocation-free strip of thickness 2H, with prescribed displacements along both upper and

lower boundaries. The displacements are chosen to cancel that calculated from Problem a.

Problem a

The solution to this problem is given by the Muskhelishvili potentials

*(z) = Aln(Sinz), Q(z) = ýan(Sinz) (Al)

where
z M- x + iy, A = g•(by - ibX)

47t(l - v)

The stresses and displacements are given by
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OX + Uy = 2 [€(z) + q' (z) ](A2)

Gy - ox + 2iaxy = 2 [(i - z"(z) + ' (z) - ' (z)] (A3)

and

2g(ux + uy) = (3 - 4v)O(z) + (I - z '-(z) - TI(z) (A4)

The displacement along y=d and y=-c are periodic functions and thus can be expressed in term of

Fourier Sine and Cosine series.

Problem b

Consider a dislocation-free strip with prescribed displacements along boundaries as shown in

Figure AMc. Following Fleck et al (1991), we introduce two real potentials U(x,y) and X(xy)

satisfying

V4U(x,y) = 0, V2X(x,y) = 0, aX(x'Y) - 1V2U(xy) (A5)
a 'y 4

The stresses and displacements can be derived from

a2U alu D2Uoxy= ay- (A6)
oU 21 . YX a x 0 ax

2 =---x -WF4(1-v)-, 2guy =- W+4(1-v)--a (A7)
ax iWya ax

The general procedure is to represent U(x,y), X(x,y) as Fourier series in x. Solutions of

these two potentials can be derived by canceling the displacements Ux and Uy along boundaries y=a

and y=-c obtained from (A4). The details of solution procedure are omitted here. Helpful hints

can be found in Fleck et al (1991).
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Crack propagation direction
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Macrocrack'l Microcracks

Fig. la. A schematic of the fracture process.

Rigid Substrate v

Fig. I b. An array of curved tensile micwocracks in the adhesive layer.
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Fig. 3. Normalized Gps for various crack density parameter H/b.
(a) For zero average normal traction constraint.
(b) For zero normal displacement constaintn
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Fig. 4. Normalized effective shear modulus I.
(a) For zero average normal traction constraint.
(b) For zero normal displacement constraint.
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2b 2b

Fig. 5a. A set of tunneling cracks with spacing 2b in the adhesive layer.

Fig. 5b. A new set of tunneling cracks bisecting a pre-ex~isting set of fully tnmneled cracks.
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.2
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0
0 .5 1 1.5 2 2.5
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Fig. 6. Normalized 05 ss as a function of a/b for various H"b (cf. Fig. 5b).
(a) For zero average normal traction constraint.
(b) For zero normal displacement constraint.
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Fig. 7 Normalized u as a function of a/b with G ss identified as 1Ic.
(a) For zero average normal traction constraint
(b) For zero normal displacement constraint.
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15II~ [- r- I I

- constraint (a)

10 constraint (b)
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0 t -
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Fig. 8. Evolution of crack density H/b as a function of u.

2 1I"' I 1 ' ' I 1 I 1 1 11

constraint (a)
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1.5

II- -

.5

0 I i I I i I I ".

0 1 2 3 4 5
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Fig. 9. The shearing traction-displacement relation r (u).
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S•~Y ,, =(bx, by) d

(a) 0 -,e "e ---27r -n : n: 2ne c 2

II

(b) le X0

Prescribed displacements along y=d

(c) Ex 2H

Prescribed displacements along y=-c

Fig. Al. Stress distribution solution by a superposition scheme.
(a) An array of dislocations in an elastic strip.
(b) An array of dislocations in an infinite elastic body.
(c) A dislocation-free strip with prescribed displacements along edges.
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I INTRODLCTION

The two problems solved here are shown in Fig. 1. Both of the elastic plane strain problems
studied concern a single crack in an isotropic film (material I1 of thickness h. which is
bonded to a semi-infinite isotropic substrate (material 2)_ In the full\ cracked film problem
(Fig. Ia). the crack is oriented perpendicular to the film substrate interface and has length
h so that its tip touches the interface. The partially cracked film problem illustrated in Fig.
I b models a crack of identical geometry. but with length a. so that the crack tip is within
the film (i.e. a < hi. In both the fully cracked and partially cracked film problems. the crack
faces are subject to uniform pressure loading, a, which from a fracture mechanics standpoint
is equivalent to a traction-free crack in a film supporting a uniform tensile stress a prior to
introduction of the crack. The tensile stress a can be a residual stress in the film, such as a
residual thermal stress, or an applied stress. Fracture mechanics quantities obtained from
the solution of these two problems are used here to predict the cracking behavior of thin
films bonded to thick substrate materials.

The work of Gecit (1979), Lu and Erdogan (1983ab), Civilek (1985) and Suo and
Hutchinson (1989. 1990). which represents only a portion of that done in the field, has
served as the basis for obtaining the two problem solutions outlined in this study. Gecit
(1979) outlines solution procedures for problems that include the two analysed in the
current studN. and presents solution results for some representative material combinations.
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are aiven b%

E E-15 I v)-A1 -21.-pi 1X

11=~~ ~~ -11 Altl42 ,~I

,A here E = I - v) is thle material plane strain tensile modulus and p is the material shear
modulus. For material I hat ing the same properties as material 2. ) I)' = 0I. For dissimilar
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Table I (rack tip singularity exponent. ,, as a function of o( for 1% = 0 and Ji a 4

2 -1 4) -0.80 ) -0,60 0-40 -0.20 0O0
f = 0 4059 0,.4173 0.431h 0.4496 047lS, ;.5$UN

/1 = 1 4 0.3121 0.3504 0.3582 0.4249 0 461, 0.5"0o

0 0.20 040 060 0.80 ( )'
ji = 0 0.5364 0.5843 0.6495 0.7450 09-147

= 0.5421 0.5912 0.6515 0 7438 93 49•3

ci?'
o,(0. Y) = C, .... ( 2)

where C, is nondimensional and a function of 7 and /I onh. The stress singulart.\ exponent.
s. is a function of Y and fI and satisfies the following equation derived b\ Zak and WVilliam,
(1963):

cos (sir) -2 -_ S( -s)+ .

where a value ofs = 1 2 results for the case of identical film and substrate materials. Values
of s as a function of , for 13 = 0 and P = o,4 are given in Table I and plotted in Fig. 2. For
the geometry illustrated in Fig. Ia. the mode I stress intensity factor is defined in this stud\
as

K, - lir 21y)'a,,O. Y)]. (4)

where K, clearly has dimensions stress" (length)'. In the case of no elastic mismatch, this
generalized stress intensity factor simplifies to the conventional fracture mechanics definition
for K, with units stress' (length)' .

The fully cracked film solution obtained in this study is used to analyse thin film
cracking problems by introducing the following dimensionless quantities:

.75 -

0 _ O=ct!4U?

0

-r .s

-,25

- -. 5 0 .5

Fig. 2 Plot of crack tip singularity exponent. s. vs i for if = ((and Y$ = : 4
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tc•lh = 11) r,:• ; = r

The first quantity. /0% fl). is at nondimensionahlied stress intenstt\ factor- For a film sub-
strate combination ha ine no elastic mismatch. It((i. = 1.1215. the \aluc for an edge
crack in a homogeneous half-plane JTada er al.. 1985l. The third quantit%. (j*(7. #. is a
nondimensionalized crack opening displacement e~aluated at the t0p ede of the crack

= h). For no elastic mismatch. ,*(U.0f = 5.816 (Tada ci al19. ,985 The opening di•-
placement of the crack faces at v = h is a commonly measured experimental quantit\
Values of i* are extracted from the analy sis and presented here to allov correlation of the
analysis with experiments.

The second quantity given in (5) is a nondimensionali/ed integral of the crack opening
displacement. For the case of no elastic mismatch. y(0..0U = 1. I1. 15):. This result can be
obtained by noting that AE. the change in elastic energy per unit depth in the film substrate
system due to the introduction of the crack. must be gieen b\

AE= 6.(Y) d". (6)

Moreover. AE must satisfy the relation

AE= . da, (71

where ýf is the mode I energy release rate, which equals K1: E for the case of no elastic
mismatch. Substituting K, = 1.1215a\ 7ra into (7). equating with (6). and using the defi-
nition ofg(2, f) in (5) gives g(0.0) = (1.1215)'.

The dimensionless quantity g is introduced because of its relation to two physically
significant quantities. In the section on applications, it is shown that g(t,[l) can be related
to the change in curvature of a film/substrate wafer due to the introduction of a film crack.
The quantity to be discussed here is the steady-state energy release rate, W', of the 3-D crack
as it channels across the film (Fig. 3). This mode of crack extension is described in detail
by Hutchinson and Suo (1990). As the crack channels across the film, the crack front
assumes a curved shape so that the energy release rate, .. is the same at all points along it.

Fn h CRACK FRONT

Fig. 3. Stead.%-state crack channelling acros,, the film Ifor the full.% cracked film problem
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For short channel lengths. the crack front shape and .ý chang-e as the crack extends, H~o%%eer.

for SuLhe'iielltl long channelhing cracks. a -stead% state is achie~ed so that the Crack front

shape and f, %reain constant. For such channellinu cracks the CMax sat nr2%rles
rate along thle crack front. ',.can be obtained without ha\ nL, to resor! to -) a natk. si'
and w ithout huxincii to account for crack front shape. Ver\ recent x\ ork h\ \..tkJamuro anld

Kamnath ( 199 ) indicate~s that stcads -state condition-, are quicki'. achie\ --,I b\ hste 1 "

cracks, The\ present -Ifull '-D analvsis- of- crack channelling for the special case of at 11ni

bonded to at rivid ~ubsi ri,,e iýe. H -I. Their resuilts shox'. that in this hi mit uc .

stcad\ -state conditions are achiexed b\ channelling- cracks ha'. inL lenethsl ihout t\\ icc: III,

film thick ness.
For Ih I tcod\ -s'tat I :conIIditIoion, th e tota ILI. I\Ork release per UnIIIt len1gth1 of crack piopagi,.'iit~

can he arrix ed at h\. subtractine the enerL\ stored in a unit sIlce far behind thle crack Iront
from that IOf a unit IIS ice far ahead of thle crack front. This total I %N ork releatse PeY LilIt u cralck
propapat son sim ipl\ the quan U t\ AL' cix en In 61. The q uantity AE /I ihmust the~refore_ eqLIs 1

thle enere'. releasec rate of' thle channelline crack.', -:6 Using the delfinitio i(1 O al Y.. Vij In
Si. ilds tho 1~'o.'. inu formula for the mlodle I stead'.-state cncr-n ielease rate due to

channellingL

Table _2 gixes values of I (a i) ( . fl) and J*(y. fl) as a function oif, yfr thc fut'11.

cracked film problem. These values are also plotted in Fits. 4. 5 and 6. As' detailed in theL

Introduction. 7. canl var\ from - I to -+ I and in this paper f;is rcstricted to tile Practical
limits of f; = 0 and fl = 7 4. The definition of a given in ( I) and the designation of' thle film
as material I means that for a film that is stiff relative to the substrate. 2is posit'.e and for
Li compliant filnm -,.is negatixe.

Thc results plotted in Fig!. 4 showk that (2. /1) decreases as film stiffness increases.,
Values, for fare approximatel\ independent of fl for positive 7 \ alues (stiff film). There is-
a relatl~el% strong /,'dependence for the negatfive a values, howvever. The results plotted in
Fig. 5 show that q~i. fl) (and thus the likelihood for channelling to occur) increases as film
stiffness increases. The dependence of g on fl is weak over the full range of x. In Fig,. 6. the
plot of 6*. (x,5) as a function of a shows that 6* exhibits characteristics that are essentially
identical to those of g. Values for 63* increase with the relative stiffness of the film and 6;
shows little dependence on fl within the practical limits of# = 0 and ft : 4.

-3. PARTIALLY CRACKED FILM PROBlLEM

Pioblemn descriptioni and analitsis
Because the crack tip is fully within the film. the partially, cracked film problem exhibits

the ri- stress singularity associated with classical fracture mechanics problems. Thus. the
classical definition of stress intensit'. factor is used. with

K2lim - ~a 0 j.(9)

For (he partiaMl cracked film problem. the following ix'o dimensionless quantities anall-
ogo us to I and q for thle fllU11 cracked film problem are defined:

L.

Cornpatrison '.k Ith I(s) sho'.'s t ha it as a hi approaches 1. G.ft a h I m ust atpproach q(y fl (I
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4 -

-- 0
-- o 0/4

22

-1 -. 5 0 .5

Fig. 4- Plot off(2. fl) vs or for fl 0 and/3 = 2 4 for the full% cracked film problem

however, due to the different stress singularities. F(a. fl, ah) does not in general approach
f(o,( ). In the absence of elastic mismatch, F(OO, aih) = 1.1215V aih and G(O.O.ajh) =
(1.1215):(a'h).

For a partially cracked film, two modes of crack extension are possible. The 2-D plane
strain crack can extend toward the interface and the 3-D crack can channel across the film.
For the channelling crack, a steady-state argument analogous to that made for the fully
cracked problem gives that the total work release per unit crack extension must equal AE,
where

10

-- P=- a/4

6

4

-- - -. 5 0 .5

Fig. 5. Plot ofq(2. 1) vs 2 for P Oand ft= o4 for the fulk cracked film problem.
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F-ig. 6, Motf of S1,(. fl) vs x for/ 0 and fi= 4 for the futhý craicked himn problemn

AE 6 (y) dy, (I I

and now the extending crack front has a length a instead of hi. The steady-state energy
release rate of the channelling crack is thus given by V,, = AEia. Using the definition of
G(2, ft, a/h) yields the following equation for 5,:

• 2h .G"/ .a(12)

It is shown in the next section on numerical results that an existing flaw part-way through
a film that is compliant with respect to the substrate will not propagate all the way to the
film/substrate interface. In such cases. the 2-D plane strain crack will grow to a length. a.
whicii is less than the film thickness, h. and (12) can be applied to predict whether 3-D
channelling will occur.

Numerical results
Figures 7 and 8 provide plots of F(a. Pi. anh) as a function of ailk for select values of 7

and for # e 0 (Fig. 7) and /I =4 (Fig. 8). Although it is not obvious to the eye. there can.
in general, be a th-dependence in the results which is significant. The trends in K, (and thus
F) as a function of fow have been explored previousln in the literature by Gec:t (979) and
Lu and Erdogan (1983b). Regardless of the-values o or, and ft. F(2. 3. a hj) approaches the
homogeneous half plane value of u.12l15 rsh as tha approaches zero- For films that are
compliant with respect to the substrate, a maximum in F(3! ft. a-h) occurs within 0 < a h < I
and Fapproaches zero as a/lh approaches 1. Thus, given a flaw of a certain size in a compliant
film, once the critical stress intensity factor is reached, the crack will grow toward the
interface until K, = o(irh)' 2Fbccomes less than Kth at a value ofaa h close to. hut less than.
1. In principle, then. an existing flaw in a film that is compliant with respect to the substrate
will never propagate all the way to the interface. For films that are stiff relative to the
substrate. Fapproaches infinity as a/'h approaches I. As a result, for a given flaA size in a
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-- = -. 99 ' "

a=-.80

-- a= -80

01

0 .2 .4 .6 .B
a/h

Fig. 7, Plot of F(7.13.oh) vs ah (partially cracked film problem) for /? = 0.

stiff film, once K1, is reached the crack will propagate all the way to the interface, resulting
in the fully cracked film problem.

Figures 9 and 10 offer plots of G(r, f, a/h) analogous to the plots of F in Figs 7 and
8. The values for G generally exhibit a weaker ,l-dependence than the F values. As a/h
approaches zero. G(Y.,f,a/h) approaches the homogeneous half plane value of
(1.1215)-'(h) for all values of . and ft. The plots show that compliant films exhibit a
shallow maximum in G near a/h = 1. For stiff films, the maximum in G is at auh 1.

5s

PJ= a/4 ,

4
-a= +.99

-- a= +80
-a= 0.0-. 80_9

3 a= --99

2

0
0 .2 .4 .6 .8

a/h

Fig. 8. Plot of F(2. ft. ahi vs ah (partially cracked film problem) for ft 2 4.
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Fig. 9. Plot of G(2./Pa it) vsoa h (partially cracked film problem) for ft 0

Regardless of the stiffness of the film relative to the substrate. G (a.#,i a/h) approaches g(7.. fl)
as a-h approaches I

For a given compliant film/stiff substrate combination, the maxinvirm values of F and
G are of particular interest as design paranretcrs. If K,. for the film is greater than Ktm..
calculated from Fm,,. then no extension of the 2-D plane strain crack toward the interface
is possible. irrespective of the initial flaw length. Similarly. .(,, for the film is greater than

Scalculated from Gm then no channelling can occur. Approximate formulas for F

5F

"--0=- -"80

ct/4

4 7

2

0 .2 .4 .8 .81

Fig 10. Plot of G(2, 1a/h) vsa h (partially cracked film problemi for/1 2 4
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and G are 6ieen iII the next scCtion. An important relation exists, however, coupling Fand

(G at the loc.ation %% here (o i, , 1a l.\inlumT
Using the fiact that ,,, = AE a for the parfiall\ cracked film problem, and using a

relation analo.Iou\, to thal gi'en Ior the full\ cracked problem in (71. Nields the following
relation for .,';,

,<, do. (13)

Mherc the notlation .. ha&, been used in place of 4 to emphasize that it is the energy release
rate of the 2-D plane strain crack. Taking the derivative of(l13 with respect to o gives

d( 4 ,= I (1 4)
do. .d (4¢•,- 4.j. (14)

Thus. d a,, do = 0 for 4',. equal to 4-,. which defines a condition for the location of the
maximum of 6,, for the compliant film problem. Setting K,, equal to .4, and using the
relation between '/,, and Gt7.ji.a h) in (12). the relation between K, and F(!.fl,aih) in
(10). and the fact that 4, - K1 E-1. gives that F' = G 2 at the value of a where .V,, is a
maximum. Thus at the value of a h where F = G'2. it must be true that G(2. fl, ah) is
maximized.

Figure I I gives a typical plot of normalized values of ,, calculated from KI for the
plane strain cracking problem and normalized values of.;,, for the channelling crack, both
versus a h. The figure delineates the role of the normalized film toughness, f,'Xf,li•h, on
the likelihood for each type of film crack extension. Whether each type of cracking will
actually occur is. in general. dependent on the length of initial flaws in the film. However,
if a4 , a/h for the film is above the maximum of the normalized I.#, curve, no crack
extension of either kind can occur for any initial flaw size. For a value of El-•/l!aoh for the
film between the maximum of the S,, curve and the maximum of the S,, curve (located where
the curves intersect and F- = G 2). extension of a plane strain crack toward the interface
can occur, but channelling cannot. If the normalized .. of the film is below the maximum

2.5 I

a=-.80 1= a/4

2
No Cracking

S------------------------------------------------ --T .-1 ,

1.5 • Piane Strain Cracking
No Channeliing

F=92

'h Plane Strain Cracking

I I I and Channelling .

0 .. .. . .I 6,.,:

0
0 .2 .4 a/h .,,

ifi iI I P1t oi reciin, of plaine strain cracking and steadv-state channelling vs u h for - -0,80.

S 4
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Fig. 12. Plot of approximate formula fitting parameter 2 vs 2 for/ 0 and (' = 2 4

a) 2h l2/.+;.+ 2  (1l+4;.+3;.2)bG -,t = -- a- ( 12t5) f '
h a 2-2s 3- 2s

+ (2;.+3;.-_)h 2  _ b,-...
4-2s -52 I_(18)

Figure 12 provides a plot of,4 vs x for the two cases offl = Oand fl = x*4. Numerical
values are provided in Table 3. For the convenience of the reader, analogous data for s is
provided in Table I and plotted in Fig. 2. These plots and tables can be used in conjunction
with (15) and (18) to obtain approximate values of Fand G for the partially cracked film
problem. As indicated in Fig. 12. ;. is typically small in magnitude and equal to zero for
the case of identical film and substrate materials. Reasonable estimates can. in fact, be
obtained for Fand G by simply taking ,;. = 0.

Figures 13 and 14 provide comparisons of the approximate formulas for Fand G with
fully accurate numerical values which were plotted in Figs 8 and 10. In the figures. data
points are from the solution and lines are generated from the approximate formulas for F
and G. The plots clearly show that the approximate formulae are very accurate for the
compliant film cases. For example. the maximum error in the formula for F for the case of
S= -0.99, fl = -0.2475 (the bottom line in Fig. 13) is less than 2 percent. The formulae
can thus serve as powerful. simple representations of the dependence of F and G on 2. fl.
and a h for compliant film problems. The formulae for F and G show some disagreement
with the solution results for problems where the film is much stiffer than the substrate.
however, Although the approximate formula for F gives good agreement with the actual

Table 3. Fitting parameter. ;.. as a function of 7 for P = 0 and/f = 3A

2-0,99 -0.80 -0.60 -040 -0.20 0.0

fl =0 -0.1399 -0.1103 -0.0790 -00488 -0.0215 0.0
= 2,4 -0.0894 -0.0784 -0.0627 -0,0437 -0-0224 0.0

20 20 0.40 0.60 0.80 0.99
f/= 0 0.0125 0,0119 -0.0049 -0.0383 -0.0638
fi = 2i4 00215 0.0389 0.0465 0.0335 -0.0251

•SA 29: 11-
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Fit 13, Comparison of approximate formula for F and numencal solution daid for 7•=

values of F near u'h = 0 and ah = I. the approximation underestmates F near

0.40 -< a h I< 0.80. Values of G are thus underestimated for azh -> 0.40. Care should thus
be taken in using the formulas for Fand G for stiff problems within these ranges of a h.

4. APPLICATIONS OF THE RESULTS

Predicting thin flint cracking helharior
The results for the partially cracked film problem show that a flaw of a giXen size in a

film under residual tension will begin to propagate toward the interface when the stress

2.5 III

19= a/4

2
- 0 4=-80 "

-o= 0.0 ]
-a= -. 80

-.

S. /

0 .2 .4 .l . 8

*/h

Fig 14 Comparison of approximaic formula for 6 and numerical .olulion data foi fl .7 4
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intensity factor. K,. calculated from F(a.fl.a h) is greater than the K, of the film. When
this happens. the crack may or ma\ not propagate all the %ka, to the interface depending
on " hether the film is stiff or compliant Qith respeJt to the substrate. At the same time, for
a gi'en crack length there is a corresponding xalue of G6 t. 11 a II or f/(7. hili that IN related

to the energy release rate of a stead\-state crack channelling across the film. W When "

is greater than the '. of the film. crack channelling across the film will occur.
Hutchinson and Suo ( 1990) explore in detail these matters and others related to the

crackine of thin films in tension. Figure 15 gives an illustration of hos' the result, and
approximate formulas presented in this study can be applied bs a designer to determine
%hat type of cracking can or cannot occur for a given film substrate combination, film
thickness. h. and stress ;. Normalized values of - and 'b,, are plotted in Fie. 15 as a
function of 7. with/J = Y 4. for comparison with normalized values of1`4I, An initial flats
size of a h = 0.80 xwas used to calculate the plane strain energy release rate values. [-or stiff
film cases, as long as initial flaws are smaller than 0.80h, the plotted %/,, xalues represent
upper bounds to the actual values. For compliant film cases, because the maximum of 14,,,
typicallv occurs near a h = 0.80 (see Fig. I I). use of an initial flawk size of a h = (0.80 to
calculate ";. values roughly corresponds to the most severe flaw possible. Similarly. ox. 1;1
for the full\ cracked film problem was used to calculate the energy release rates for steady-
state channelling. For a stiff film. the maximum value of S_ occurs at a h = 1. As illustrated
in Fig. 11. for a compliant film the maximum in ý',, occurs ver, near a h = IL Because
compliant film %, curves are very flat in the region near a h = 1, use ofq x. fl) to calculate
4#, yields a value that is very close to the maximum. In Fig. 15. for a value of normalized
film toughness. Ee.gj, 62h. which is above both curves, no crack extension can occur. Fo-
normalized toughnesses in the region between the curves, only plane strain crack extension
toward the interface can occur. In the region below both curves, both plane strain extension
and steady-state crack channelling can occur.

Currature chanqe due to cracking( of a thin honded film
The quantity ,q(.fl) for the fully cracked film problem is used here to calculate the

change in curvature of a film substrate wafer when cracking occurs in the film. The change
in angular rotation of the wafer ends due to the introduction of a single plane strain crack

10 I ' ' I I I I ' I I

=c/4

8

- , (a/h=.8o) .. /
-- , (a/h= I),"

6 No Cracking

//

4
Plane Strain Cracking

No Channelling

2 - .--------- - Plane Strain Cracking

and Channelling

- -. 5 0 .5
a

Fig 15 Rcgions of plane strain cracking and sicady-state channelling vs 7 for fi = 4
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The problem to be soixed is that of a traction-free crack in a film supporting a tensile Ntress
a(y) prior to introduction of the crack. The equivalent fracture mechanics problem is that1
of a cracked wafer with pressure ta(.t, applied to the crack faces (Fig. Iba). The unknown
quantity to be solved for is AO~. The auxiliary problem. illustrated inl Fig. 16b. is" the same
cracked wafer subject to a unit bending moment per unit depth. M1. wAith crack opening
displacements. 6( 1-). Reciprocity requires that

Alf"AO'' (TO a(Va'IT ' di. 19)

If the film is thin with respect to the substrate (h <<H). the follow int! a1'vl uIIIpt 1on' are N Ald,

I 1) The stress in the film, (T. is uniform. Thus a for problcm I six -independent.
(2) For problem 2. the stress in the film prior to introduction oif the crack is

=6M" F,

H .t-. 
0

(3) For problem 2. 6i(,v) isequal to the crack opening displaencnr;il tfora fdilmsupporlinpg
at stress r, and attached to an infinitely deep substrate ito loý%est order inl h, //i

For the second assumption to be true. the film must not contribute sienllCificatl\ to the
bendine stiffness of the film substrate wafer Liih E.H -I ), Substitlitinev the abONe Hilo
( 19t and using the definition of gI (../;l results in the fisllom- incL formulai f'or AO. the chance
in anizular rotation of the film substrate end., due to the formation ol'a Niniele cratck

A(I = 67-Y. 1h 21)

This formula can also be used to estimate the change of cur~ature of the film %tibstrate
wafer due to the formation of multiple cracks. as long ats the cracks are far enough apart
to neglect interaction, Related calculations bN Thouless HI 990) -shlch neelect elastic mismatch
suggest that interaction only becomes significant \khlen the crack spacinge is less than 8 film
thicknesses. Ifs,, is designated as the average spacing bet.\een cracks In the film, then the
change in curvature, AK. of the wafer due to the formation of multiple cracks is given b\
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AK r, I fl22)
-. N ft2

The formulae civen in (-I1 and (2Jhave been derived assumning that an existin'e Ila"
or' IILM. fii the film %t ill propagate all the wka\ to the film substrate interface, even thoualh
in theors this can onix happen in a film %%hich isstill with respect to the substrate. However.
the results for 17(t f.. a h) for the partiall\ crac-ked film shows that cracks in films which arc
compliant %\ith respect to the substratc will ahnosi extend to meet the interface. This fact
an~d teatthat th1C plot'N Of 6117. fi. a hIf tar compliant filmns are \c r\ Ilat near a h=I
indICateC tha1t nok signi11ficant error is, introduced b\ assumningc all cracks in the filmi extend ito
the interface. The relation in (22) hlas been derived wvith a specific application in mind. An
e'.tablished experimlental technique for estimating residual stresses in bonded thin films
insolses measurnne the resultin,- chanue In curvature in the substrate due to application of
the film. -\ conici'.c description of the method. Ms ich assumnes that no film cracking has
occurred. is vixenl b\ Nix ( 1989). Lnfortunatel\. in man\ cases the thin bonded film does
crack due to the residual streiss. In such cases. (22) can be used to estimate the effect of film
cracking- onl the mea-sured curvature ch~ance. No other method of accountini! for film
crackinig i'. currentis aaiklable to experimienters using, the curvature method to Measure
residual stress,. in thin films bonded dissimilar elastic substrates. In recent \tork. howeser.
ThOUleSs, ella. ( 1991 ) hase developed, on conjunction with the anal,\sis presented here.
relations; for the curs~ature chanue for interacting cracks ti~e- spacing less than 8 filmn
thicknesses) for the case of no elastic mismatch.

5 CONCLUSIONS

Solutions have been obtained for two elastic fracture mechanics problems that have
been used to characterize the cracking of thin films bonded to thick substrate materials. A
dimensionless plane strain stress intensity factor and a dimensionless integral of the crack
opening displacement have been extracted from both solutions. The integral of the crack
oprning displacement has been related to the steady-state energy release rate for crack
channelling across the film for bothý problems studied. To facilitate comparison of the
analysis with experiments, a dimensionless crack opening displacement evaluated at the top
of the crack has been extracted from the solution for the fully cracked film problem. Solution
results have been presented for both problems and, for the partially cracked film problem.
approximate formulae have been given for the dimensionless quantities as a function of the
normalized crack length. The approximate formulae are most accurate when the film is
compliant with respect to the substrate. Applications of the results and approximate formulae
have been detailed. These include the roles of the nondimensional parameters in predicting
the crackina of thin films. In addition. the integral of the crack opening displacement for
the fulls cracked film problem has been related to the change in curvature in a film substrate
wafer due to film cracking. The result is a complete set of solution results and approximate
formulae for practical application in understanding the Cracking behavior of thin films
adhered to thick substrate materials.
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APPENDIX: PROBLEM SOLUTION

Smi/uli/li proitsd/ri(
Rice 119681 gives a gencral description of the dislocation formulation used b\ Ci' liek (198,51 and Suo ano

Hutchinson 11989. 1990) and used in this stud) to solve the lull\ cracked and partiall\ cracked him problems
Because of the similarit\ of the solution procedure used here with that detailed in preýious work. the flioowing
is only a brief outline of the steps insolved in solving the tiso cracked turn problems. Figure 17 illustrates the
superposition scheme used to solve the fulls cracked film and partiall% cracked film problems. Figure I 7c shovs
the fundamental problem that must be modelled, that of a semi-infinite bimatcrial Aith a single edge dislocation
atl( 0.. % ) with Burgers vector of magnitude h in the positive .x direction This problem is constructed bs
superimposing the problems of Figs 17a.b. Figure 17a shows an infinite bimatenal with a single dislocation in
material I located at ,v = 0. 1; 1. The stresses in each material are a function of the material parameters it and
1i and the coordinates x. y and 4. Methods of obtaining these stresses sia complex variable anal\ses are outlined
b) Suo and Hutchinson 11989. 1990. A real variable anailssis can also be applied, using methods similar to those
ofiCiilek (1985). Figure 17b shows a semi-infinite bimaterial with no dislocation, but skith tractions applied along
its top boundar\ The Fourier transform method for obtaining the solution for the problem in Fig I 7b is outlined
b) Civilek (19851 and Suo and Hutchinson 11989. 199(11. If these tractions are set equal to the negattve of the
tractions along y = hi for the problem in Fig. 17a. then the result upon superposition is the problem in Fig. 1

7
c.

with a free surface along y = It.

+ h

It 2

(a) Mb)

4 y

2

(I)Fig. I 7. Superpositon scheme used to solve the cracked film problems



Cracking in residual tension I i5

Once the problem of a single dislocation in a semi-infinite bimaterial is constructed. ihe crack problem iý
modelled i- a string of dislocations along the crack line. with a continuousl] .atiable Burgers ",color m.igniud.
h(-i The c:ruck face traction boundarN condition for the particular problems at hand i\ that r i 0 0. 1 j , -('

wshcrc a is a uniform pressure load applied to the crack faces. This loading contiguratihn i,. ironti ai racture
mcchanic, standpoint, equialent to a traction-free crack in a film supporting a unfýorm tcnic siress r prior 1o
introduction W1 the crack The crack face traction boundarv condition is enforced bh intceratioio of the stresse
alony 0 U aith rcspect to the dislocation variablce .. The resulting integral cquation lakes the lorm

r-/" (0- 1• j-F1,10. 10.1-F .i 1 d-, IUN1

vhrlrc a = (I for the lullý cracked film problem and o,. = (h-u) for the partiall\ crackcd lilm problem %s ioh cr[adk
icn-ith a The tirst term. wshich is integrated in the Cauch\ principal valuc sense. is Irorn the disloction fslution
for the problem in Fig, 17a. F,.s.i. l and F.(.. i.-) are known kernel functions extracted fronm the solutions
of the problcms illustrated in Fig 1

7
a and Fig. 17b. respectivelh.

The unknown hf.') is solted for b\ first introducing a change of .ariable

-I . .A-'

hcrc i can sar\ from - I to - I Then bit) is expressed as a Chebvshes polynomial series %ith .% unknoAn
coetlicients. C',"

h •t) C. T,_ (I). iAlibint =------- ,. ':"

where s is the stress singularity exponent which satisfies (3) for the fully cracked film problem and which equals
I 2 for the partiall] crackt I film problem. The T,(t) are the Chebyshe% polynomial functions given b\

Tý t) = cos (n arccos (i)). (A4)

An outline of Chebyshev approximati 3n methcds and numerical routines for their application are given by Press
et a/. (1986). The N values for the C. ,.., solved for by matching the traction boundar% condition at N, Gauss
Legende points along the crack faces, s'or the two problems solved in this stud. a value of A = 10 gives
satisfactory convergence of the results.

Qunmities solred for
Once the solution is obtained for each problem by solving for the unknown ht,). the fracture mechanics

quantities

K, = (2n)' ' I lim ()) (A5)

and

6ly) = fb(•)d' (A6)

are extracted. where K, is the mode I stress intensity factor and 6(y) is the crack opening displacement.
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THE DIRECTIONALITY O! INTERFACIAL CRACKING IN BIMATERIALS

JIAN-SHENG WANG AND GLENN E. BELTZ
Division of Applied Sciences, Harvard University, Cambridge, MA 02138

ABSTRACT

Directionality of interfacial cracking resistance in bicrystals has been predicted b\ a
modified Rice-Thomson model and supported by experimental results on 29 [1 101/(221) Cu
bicrystals in Wang and Anderson's recent work. With the intention of extending this vork to the
behavior of interfacial cracks in dissimilar materials, Rice, Suo and Wang predicted that this
directionality also occurs in bimaterials. Reported here are experimental results on Cn/szipphirc
specimens, which again support the prediction of the theory. A crack along the interface in a
Cu/sapphire bimaterial is brittle and decohesion of the interface occurs when the crack propagates
in the [I 14 ]Cu direction, whereas it is ductile and dislocation blunting operates if the crack is
intended to propagate in the [1 14 ]cu direction. This finding is significant theoretical'y and is of
helpful in understanding interfacial cracking in composites and film spalling in packaging
materials.

I NTRODUCTION

It has been well known that the cracking behavior of an interface between crystals depends
strongly on its structure. It has been shown only recently, however, that for the same interface
the cracking behavior depends also on the direction of the crack propagation. An interfacial crack
that propagates in a ductile manner in one direction may undergo cleavage leading to a brittle
decohesion in the opposite direction. Thus, the response of a stressed interfacial crack is not
only interface structure dependent, but also growth direction dependent.

Intuitively, the cracking directionality is easy to understand. Any process which involves
dislocation slip of Schmid type is dependent on the orientation of the active slip planes. For most
interfaces, the configuration of the active slip systems at a crack tip is different when the direction
of the crack propagation is reversed, leading to a directional dependence of the cracking
behavior.

The directionality of cracking in bicrystals has been predicted by the Rice-Thomson model
IlI and supported by experimental results on 19 11101/(221) Cu bicrystals in Wang and
Anderson's recent work [2]. With the intention of extending this work to the behavior of
interfacial cracks in dissimilar materials, Rice, Suo and Wang predicted that cracking
directionality occurs also in bimaterials [3J.

In the spirit of testing the idea that the competition between dislocation emission and
cleavage decohesion controls the ductile versus brittle behavior of a metal/ceramic interface and
that the cracking response is direction dependent, fracture behaviors of interfaces in bimaterials
were investigated, Reported here are experimental results on Cu/sapphire specimens.

EXPERIMENTAL PROCEDURE AND RESULTS

Single crystals of copper used in the experiments were grown by a vertical Bridgman
technique in an atmosphere of flowing argon gas. Rectangular pieces of 47.6x4.8x2.5 mm were
cut via spark-cutting. After mechanically and chemically polishing and cleaning the (221) surface
of the Cu single crystal was bonded to the basal plane of a commercially-obtained sapphire slide
(1 mm thick) by diffusion bonding. The diffusion bonding was carried out in an atmosphere of
flowing forming gas (a gas mixture of 20% hydrogen + 80% argon) at 1313 K for 72 hours
under a rigid graphite support clamp to maintain a compressive force during bonding. After

Mal. Res. Soc. Symp. Proc. Vol. 238. 1992 Materials Research Society
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(221"C"

Fig. 1. The diffusionally bonded interface of a Cu/sapphire specimen viewed through the
sapphire layer. Pores are seen, indicating small unbonded spots.

54.1; ,2 .3 -,2 ,Ji'i

/ / x N\ \\ 41

SAPPHIRE (0001) (I10] NOTCH INTERFACIAL CRACK

Fig.2. The geometry of the specimen and a schematic presentation of the slip plane
configurations at the crack tips of the opposite directions.

bonding the specimen was cyclically annealed to reduce the interfacial stress and remove small
grains which sometimes appeared near the interface during bonding. Observations through the
optically transparent sapphire layer showed that the quality of the bonding was adequate, the
interface was free of any potential reaction products and only a few pores were observed,
indicating small unbonded spots (Fig. 1).

A pre-notch was created at the midpoint of the sapphire layer and then the specimen was
subjected to a bend load so that an initial crack was produced and run to the Cu/sapphire
interface, along which it branched a small amount in both directions, i. e. the [114 1Cu and
1 14 )Cu directions. The geometry of the specimen and the slip plane configurations at the crack
fronts of the opposite directions are shown schematically in Fig. 2. The pre-cracked specimen
was loaded under four-point bending with a screw-driven Instron mechanical testinL, machine
until a nonlinear load versus deflection relation was noted, and then it was unloaded and reloaded
several times to enable stable crack propagation. Debonding of the interface at the crack tip,
whenever it occurred in either direction, was observed by an optical microscope through the
sapphire layer. The energy release rate for debonding, G, was obtained from the load-deflection
curve [3]. Slip traces, which indicate dislocation slip on active slip systems in the Cu single
crystal, were observed on the polished (110) side surface of the crystal with SEM or optical
microscopy.

Five identical specimens were tested in the same procedure. The average value of G was
measured to be 5.5±0.5 J/m 2. Observations showed that in all specimens tested the interfacial
crack propagated stably in the 11 14 lCu direction causing significant interfacial debonding:
whereas in thc I 114 ]Cu d.:ection plastic deformation occurred, causing crack tip blunting. An
example which demonstrates this kind of asymmetrical cracking behavior is shown in Fig. 3. In
one particular case the directional effect was profound: in the 1 -14]Cu direction the crack
propagated unstably all the way to the end of the specimen causing half of the sapphire layer to
detach entirely from the specimen; whereas in the fI 14 1Cu direction the crack propagated only a
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Fig. 3. The side view of a Cu/sapphire specimen after mechanical testing which shows that
the crack propagated only in the [I 14 ]Cu direction and crack tip blunting occurred in
the [1 14]Cu direction.

0.5 Min

Fig. 4. The dark field optical photograph shows the dense slip lines in the vicinity of the
crack which propagated in the [I 14]Cu direction.

small amount. Dense slip lines on the polished (1 10 )Cu side surface at the vicinity of the crack
appeared (Fig. 4), indicating a large amount ofyplastic deformation. It was identified from the
angle of the slip lines that in this case only the (I 11) slip planes, which make an angle of 125.3'
with the crack plane, were active. In the opposite direction the slip lines were much less dense,
and again, only the (1ll) system was active which, in this direction, makes an angle of 54-70
with the crack plane.

As we will see in the next section of the paper, calculations by the modified Rice-'i homson
model show that in the [I 1 4 ]Cu direction, dislocations are easier to nucleate on (ITl) planes; in
contrast, in the iTl 4 cu direction only (Ill) planes with the inclination angle of 164.20 may be
activated and dislocation nucleation on (Il1l) planes is very difficult. The slip lines observed in
this direction is thus not produced by the crack tip emitted dislocations. Rather, they are induced
by internal dislocations. The controlling process for the crack propagation in the lI 14 1Cu
direction is indeed interfacial debonding, while in the [1 14]C, direction the controlling process is
dislocation slip: a strong directionality of interfacial cracking in the Copper/sapphire interface as
that predicted by the modified Rice-Thomson model. Now, let us turn to the model.

DISCUSSION

The directionality of interfacial cracking might be partly understood in terms of the
competition between dislocation emission from the crack tip and cleavage, a concept quant•led
initially by Rice and Thomson [4] to deal with ductile versus brittle response in crystals. An
extended Rice-Thomson model was proposed by Rice, Suo and Wang 131 to treat the situation
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involvingi a straight edcc dislocation emanating from the tip of a crack Iyinu on a metal/cer:tnic
interface. In the model the energy release rate for dislocation emission from the crack tip, Gdý,,
and the energy release rate for debonding of the interface, G a. were compared It G , <

Gclcav, dislocation emission was assumed to occur before interfacial decohesion. blunting the ,iv
of the crack: the interface was predicted to be ductile. On the other hand, if GdL, > Gdc.a.. then
decohesion was assumed to occur before dislocation emission and the interface was said to be
intrinsically brittle. While Gcdeav is relatively insensitive to the structure of the interface 121.
Gdisl, being mainly determined by the resolved shear stress on the slip plane, may change
dramatically with the change of the inclination angle of the slip plane with respect to the craýck
plane. This occurs when changing the direction of crack growth in asymmetrical orientation like
in Fig. 2, causing the directionality of interfacial cracking.

There are two levels of approaches in deriving the energy release rate for dislocation
emission from a crack tip: an older approach following [I], which treats the dislocation as an
elastic line singularity in a continuum solid: and a new approach [51, where the dislocation is
treated in the Peierls-Nabarro sense. At present, both approaches can only treat the situation
where the crack front lies in a slip plane. One advantage of the Peierls-type approach is that n
avoids the use of a core cutoff parameter, a necessity in the singular dislocation line approach and
the vaguest parameter in elastic dislocation theory.

In the extension of the theory to the metal/ceramic interface, both approaches regard the
ceramic side of the interface as an elastic solid, in which no dislocation activity takes place: only
in the metal side is dislocation activity assumed to be possible. With this assumption, a treatment
similar to that for dislocation emission from a crack tip in single crystals may be adopted and the
only modification needed is to introduce a new parameter: the atomic scale local phase angle. V/,
a measure of the ratio of local mode II to mode I conditions on a distance of atomic length scale
from the crack tip, and is defined by

V/ = V1 - c. In(hib).(I)

Here V is the loading phase angle, depending on the loading conditions and also on the
elastic combination of the bimaterial, e is the oscillatory index characterizing the oscillatory
stress field near the tip of an interfacial crack, h represents a characteristic length scale of the
specimen and b, as usual, is the magnitude of the Burgers vector. Limited by the length of the
paper, we are not going to the details of the model; only the major conclusions are given below.
Readers who are interested in are referred to Rice, Suo and Wang [2] for the singular dislocation
line approach and Rice [51 and Beltz and Rice [6] for the Peierls approach.

Considering joined isotropic solids under in-plane loadings, so that K111=O and the near tip
field is fully characterized by a complex stress intensity factor K, Rice, Suo and Wang 121
derived the energy release rate needed for a straight edge dislocation emanating from the crack tip
in a metal/ceramic interface as

ulb 2  { cosO + ( l-vl)sinO tanO 2.
G I = (-v)( I-a)r 4i•cosh(rc ) (X,!o(9)cos +-..,o(O)sinv,)

Here r, is the dislocation core cutoff in the metal, p, is the shear modulus and v, the
Poisson ratio of the metal, a is the Dundurs parameter which characterizes the elastic
combination of the bimaterial. 1 is the inclination angle of the slip plane with respect to the
crack plane, 0 is the angle between the Burgers vector and the normal to the crack front.

1 '4,
"46(0) and r,0(6) are the angular functions given in 131, which correspond to traction across the
interface at "=0 of tensile and in-plane shear, respectively. Equation (2) reveals that Gd,,1 is a

strong function of the inclination angle 6 and the local phase angle V/.
Unlike the typical situation when the local phase angle is defined based on a 'laboratory"

length scale, the distinction between Vyand V/ in this context becomes important because the
oscillatory stress field can give rise to a significant shift in the ratio of mode II to mode I type
conditions when considering atomic-scale distances from the crack tip. For the Cu/sapphirc
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specimen shown in Fig. 2 under four-point bending conditions the loading phase angle y is
about -52', while the local phase angle V is about -79', indicating a significant mode II
component of loading. Under these conditions, equation (2) gives the Gdial against 0 as
plotted in Fig. 5._The model predicts that Gdj31 is about 0.86 J/m- for cracking in ýhe [ IT4_Cu
direction and (111) planes with the inclination angle of 125.30 are potentially active; the ( I 1)
planes with the inclination angle of 54.7' are inactive because an extremely high value of Gd1 ,S is
needed for dislocation nucleation on these planes. For the cracking direction of [114 1Cu, Gdl,1
is predicted to be 4.9 J/m 2 and the potentially active slip planes are (ITl) which inclined at
164.2'; the (Il1) planes, in this case the inclination angle is 15.80, are inactive. The parameter
Gceav, a measure of the coherenc,• of the interface, is assumed to be independent of the cracking
direction. As a reference, a lower bound of 0.475 j/m2 might be quoted from a measurement of
the adhesion of the Cu/A12 0 3 interface [71. Hence, dislocation emission is favored in the
11-'4 1Cu direction and brittle crack growth should be favored in the 11 14 1Cu direction, a
prediction supported by our experimental results.

12'.

7790

o 6 -

4- • 0 Cracking in 11Ii-41
0• 0 Crackingin 11141

L) 2 -Open: (iI ) plane
Closed: 0Fp(I plane

0 i ..... •.......•..... r ..... ... ,.. .

0 30 60 90 120 150 180
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Fig. 5. The energy release rate for dislocation emission, Gdis,, as a function of the
inclination angle, 0, for the Cu/sapphire specimen under four-point bending
conditions.

As a comparison, we quote here the calculations of the Peierls-approach by Beltz and Rice
[5], which give Gdi,1=0.505 J/m 2 for the ductile direction and Gdil,= 2 .76 J/m 2 for the brittle
direction. There is a factor of 6 difference in Gdhi~l for crack growth in the opposite directions
and indeed, dislocation emission is preferred in the [1 14 ]Cu direction and decohesion occurs in
the [TI 4 ]Cu direction as our experiments showed.

It is interesting to note that the ductile direction in Wang and Anderson's Cu bicrystals
under tension conditions is the brittle direction in our Cu/sapphire specimens under bending
conditions and vice versa, a result also predicted by Rice et.al [3]. This is attributable entirely to
the phase angle effect and is discussed in more detail in (81.

CONCLUSIONS

The ductile versus brittle response of a stressed interfacial crack is not only interface
structure dependent. but also direction dependent. An interfacial crack, which propagates in a
brittle manner in one direction, might be ductile in the opposite direction. The different fracture
behavior of bimaterial interfaces may be understood, at least qualitatively, by comparing the
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crack tip energy release rate for dislocation emission from the crack tip against that for cleavage
decohesion of the interface. The local phase angle exercises a strong influence upon the ductile
versus brittle response of an interfacial crack,
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ol sapphire: arc re 'pi't'cd At i'.suc here is the duc:tile cation. The compeitison is. shown schemnaticalls :n
%, riuttl respi n'c' of the inicrlaiciai 'crack If con- fig 1. if G,.~.,, G,,,,. then the crack is said

di tion, irt: fioj~ or thc oucie.iI 3.i- rind unstable to propagate in a brittle manner. and the interface
propac~ition it o1 d;Io-oiu. on frm an) ;- ý'.laiJCIJ 'rack is said ito he intrinsicall\ brittle, consersels it

tip. britntic k pro~pagation 'I lippre'.'.ed ' An earl ' (", 6'.G__. then a dislocation mocse iv aska from the
.J~'.Oiten Xi at'.i'.'.riLc I it, '.wuc'.Ion sk~i'. duc to Rice tip thus blunting and ",shieldingr the crack tip from
and! I homo .1.I! it,. '..h~ic hoi du'ctic %ersu'. brittle further increases, in applied loajding, and the interface
rc'.po(. .0i 1 nir-na l ir ý lr. a'.md .N'tirnaiti'. its saidI to he intrinsicall! Is ~dc' i The nios'. dramatic
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~~~ ~ respcctivel The pcni
mnode I loadin' of n'~

M-,n ki t h t he 11 t4'ý :rJua it ji , : n n,
kwicn ýht nixa:wu

ttiua ra~turi l

di r~ii c o it *Oion-

_____________ittonis anld o rt. 111 fl Ui

revion, At duictiL rý~ .

plastic t%:.rina,. an,: m,~
beoond the rchabl\

FgIAtcinii~icall% sha!rp intcriaci.6 crack or tht, irt. fract ure mec~hanit, Tht: on!,.Accth
5h uw cni the cornpc itior bo%%el cc c leaag Sd g d ecoticion w w~seicx ~tK r

ic ~IC orniefsion i M iLMn kli)

%&a, concluded that tltc di1rt:Tkr- t~ c,;''~\

dislocations c~ould bc nu ikcatec ot :.,hi. t, r ti-.
effect related to this competition is the directional the cause of this bch~csoktt
dependence of' the interfacial crack response in
svrmmetric tilt bicr~stals as predicted hi. the model ANALI 1J1 Ot SPt C1\ I~I
and experimentall\ observed [61.

The primarN purpose oif this paper is to test the idea The specimenN used in this %ýork iic ilic tour-
that the competition between dislocation emission point bend specimens coAnsisi~nn o! _s rneiali, ae
and cleavage decohesion controls the ductile versus bonded it) a thinner cerarnv Lie ' cT ~c I q:c This
brittle behaviour of a metal ceramic interface and type of specimen %tas orgn nail proposed h~l

that the crack response is direction-dependent. simi- Charalambides (it a/ [-I and Suc' and fluisrhin~on [SI
lar in spirit to the efforts of Wang and Anderson [6]. for the lc'sing of linear elasticý intcrta:ial fracture
In their work, symmetric tilt bicrN stals of copper with mechanics concepts. The usefulness of the specimen
different bismuth segregation levels were tested. The for a possible directional effect resultim- Iron, thc use
most dramatic effect relating to the directionality of an asi~mmetricalls aligned metal sinelecr tAlws
occurred in a Y-9[1 10] (2211 s\mmetric tilt copper pointed out in the \kork of Ricc I, u/ jr! -\,
bicrvstal. in which two specimens were cut and advantage of this t~pe of spectimecn is thot Mi en the
notched alonL the grain boundarý so that a crack crack is lonig compared with the: 0-mikncs- of the
would run in) the opposite directions [1141 and I114I notched layer hi. the compleic stress Intensii\ factor

CU I2 i-

Sappi~hre Noc

fiK ',it t,,r iitc of the specimen an~al s e(! a copper single cr% ial % ith its I i..c sonPc, i.
loaided, in bendling Aiti criktips pariitld it, the t1 W1j ouccwn
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has the follo"~n tmornt. ohi, i.Lp, ii oi 0-piLuV ice 1c~,c i ':. ~ .i' eneth

lenzth 1-1 th. s" .iht. ti: .ne'

%%here If Is thet applIed! 111011h:r17 per niTM W.5 h 111,id ' 'm, It 1is r"o'~" ':cnsderitn

) and P1 are dimens~iotile.. unction, o! the: thicknes' itomii, -,-11" oistince' ith' i ra, tip 'lIII,, 0o,ic;

ratio atd file DIIunIiir' P.!rn mtcr, an, tihi s hich itr; n~plt ine, nic 1. 1, 2 tel the

ii I ~ ~ ~~~~~~~~vll'ilL.lii [,, tesIccfw i~ti.sc.ri~i 5o,

Iin, I uidet these: L0111i'r1 11111 inc_ - Ricc Thonmor.n

14 1. hnd icih iid, beenm -pe~idwl4c tI htirvairi,,l
2 i t i1(irct~iLQ Ricý, 4: fŽJ rtieicted that 61. Is about

Hr Sr.iJ ine iii the [f 1141. direccton idislo.

where p and retesr ito the, shear ni Jlu nd c,11101 Ctnis'in i, easiest~ on the slip pli ne inclined at
Poisson's ratio. rcs;pcltitLiS Subscript Ireter, to the I`3 1and J' i, m ot Liacki,,Intru the [11141, direc:-
material on top. -xshich is tak.en to, he the Metal. anid t111 dis, c ý1iiioo t 11usi' dsCstici (in th slip pianec
subscript 2 refer, to the oceranhi, phase T he uncItion0, inclined ;T, I64 _'in this _t.ci 'The p.tr~tnieiter
Y and v' ma% be found In ["1 01 [q] B,. definitioin. u a, meas~ure ot the ioleicin,c o1 the' inelae is a-

is the phase angle of the coniples, quianitt Kh . and sunied to, he identical:, iii eitheit diuroetin. hence brittle
the quantit\ tan 4v is a rclati. e measure of the ratio Crhu, k crs hshould HL [i ttred in the 141', direC-
of loading modes on length scale, of order hi trom, tion. it is interesting to point out thait in the 'Aork (if
the tip. The parameter (is knossn a,, the oweillation Wane and Anderson on bicr\stals. the ductile crack-
index. and is given h'. ing direction lkas I 114) and the brittle direction was

I P 1141. the fqppoo;9 to that predicted here for the bend
I n( -() 3) specimen This i,, attributable entirel% to the phase

angle effect Here, the atomic scak phase angle a' ' is
The stress intensity factor K reduLcS to the familiar 9 .s\ hile for a mode I loadine (it a s% mmetric tilt

aI- K A- hen 0. bier) sial it is 1) Figure lim wshich gises G_ I's (I for
The intent of the four-point bend specimen is to copper sapphire interfaces loaded in such a manner

compare crack growth in two opposing directions. in as to gise an atomic: scale phase angle of -79
the sanme specimen during the sooti mechanical test. highlights the etiect of the slip plane inclination angle
The orientation of the copper in these experiments is, The phasev angle effect i, further illuminated bhs
the same as that in the Z9 bicr% stats tested bN \ Wang Fie 3(h), %khieh gises, 6_,%. wsu for the %arious slip
and Anderson;' the 122-1) face of the copper crystal is plane inclination angles of interest. The dashed lines
bonded to the sapphire sut face. with the short dimen- correspond to angles associated wsith the [11 4),.
sion of the specimen parallel to the [ 110) direction in direction, and the solid lines correspond to angles
the copper. Once a crack runs through the sapphire associated \kith the [11 41, direction. Companson of
and branches onto the interface in both directions., the curves at tp = and 0' - 79 showks that the
the crack fronts at both ends lie along the intersection favored direction for dislocation emission reverses
of a pair of 'IllI slip planes of the copper crystal when the phase angle is altered
with the interface. The crack growth directions. are
hence [1 141(, and 11141(,. Due to the asymmetry of DISLOCATION NUCLEATIO\ BASED 0%
the copper crystal, the crack ortented to run in the A. PUIERLS MO0DEL.
1114),, direction ncricunters slip planes wshich arc
aligned at 15 8 and 125.3 . respectively. while the The methods lir determining G,.as discussed in
crack oriented to run in the [1141,,, direction encoun- the previous discusion were based on a modified
ters slip planes Inclined at 54.7 and 164.2 (see Fig. 21. Rice Thotilson model [51. \,shich treats a dislocation

For the stud% of dislocation emission from the tip as an elastic singrularit¼ ss hich exists ahead of the
of an interfacial crack. a parameter known as, the crack tip prior to loadinig An unfortunate conse-
ataori ltralc plitoo autie. VY , has been Introduced [5). quencc oif this usaige is that a (ore cutoff paramceve
which is. the phase angle of the quanti\ Kh". and thus must be introduced into the anaKsis. wshich is, usuall\
is a measure of the ratio of local mode 11 ito mode I assumed to be ott the order of' one atomic spacing
conditions on atomic lenaith scales, front the crack tip. Argon [11[1 and, more reccntl\, Schocck 1ll] have
It is a simple exercise to shows that the twko angles are recogntized that I ftull dislocation is likely to emerge
related bý unstabl\ from an incomplete, incipient dislocation at

I n Ih h 14)the tip. hut a reasonaibl\ exact treatment has been
ni/i i 4 isen on]% rccnil% h\ Rice [121 Thai treatment.

where h' represents the magnitude of the Burgers, discusse-d in further detal , h*k10iad Rice [13. 141,
vector Unlike the 1\I ptcal sittuation " hen the local solves, the, elaxtltl\ problem ofl a traction free crack
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Fig. 3. (a) Plot of G,, vs the slip plane inclination angle, as predicted by the Rice Thomson model for
a copper ýsapphire interfacial crack: and (b) G4,,, vs the atomic scale phase angle. for various angles of
interest. The solid lines give the relevant angles for crack propagation in the t1141(, direction. and the

dashed hnes represent angles relevant to propagation in the [it 41, direction

%kith a Peierls-type stress versus displacement relation the newer theory. The approach requires a knowledge
being satisfied as a boundary condition along a slip of the Peierls-type shear stress r ( = q,,, on 0 = 0 in
plane ahead of a crack tip. Once this problem is the case now discussed) vs relative atomic displace-
solved for a suitable constitutive relation for material ment (denoted A,) relation such as the sinusoidal
sliding and perhaps opening along a slip plane, there representation in Fig. 4(a); A, denotes the shift of one
is no need for the core cutoff parameters. The advan- atomic plane relative to another at the slip surface.
tage of this method is that it allows for the existence This curve gives the shear stress needed to locally
of an extended dislocation core during nucleation, shear atoms with respect to one another on a given
and eliminates uncertainty in choosing the core par- slip plane. and is the fundamental input to the
ametcrs. Numerical work by Beltz and Rice [141 Peierls-Nabarro dislocation model 115. 161. The
agrees with the directional and phase angle effects initial slope of such a curve corresponds with an
given by the Rice-Thomsor. model [5] for the case of appropriate shear modulus, The parameter b is
a metal ceramic interface the magnitude of a Burgers vector and represents

The directional effects observed here and in 16] the periodicity of the stress-displacement relation.
are consistent with the fact that the ductile crack This type of data has been calculated through the use
tip orientation involves slip planes which arc more of pair potentials or the embedded atom method by
fasored for dislocation motion Oixe. they have a several researchers 117-20]. The integral of such a
higher resolved shear stress) than near the opposing curve from A. = 0 to the unstable equilibrium
crack tip. In light of the recent improvements in at which the shear stress next vanishes (at A, = b'2
the modeling of dislocation nucleation, we feel it is in simple cases) has been called 1121 the unsiable

appropriate to preview our experiments in terms of sacking energs. denoted ;,, An estimate of this solid
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kcý Cp and Poisson's ratio i As discussed beloA, 6_ maN

be calculated for more realistic SNltualion. inol'.n
inclined slip planes, mixed mode loading,. and

S5-• himaterial crack tip fields, hoscser, the ahose reul
illustrates a feature that pervades these complicated

- / cases the energY release rate for dislocation nucle-
- I- / ation scales with the recentl\ identitied solid state

parameter ,,
S/ Further complexities arise %hen we include in the

\/ model the effects of normal tractions and diiatant
openings across the slip plane. This situation occurs

C 02 04 06 0o 1o if a model I-type loading is added to the mode II
./ cc situation just discussed. or in more realistic cases

(01 when the slip plane is inclined with respect to the
0- crack plane. There are no reasons to assume that a

-, given T vs 6 , curve retains its shape if tension is

0o -superposed. hence the effect of superposed tension on
the "effective" y". must be insestigated Argon [10)
and Cheung et al. 122] have already noted the import-

o-- ance of softening in shear due to large tensile stresses
across a slip plane. In recent analyses by Beltz and
Rice [13. 14], more realistic configurations. including
ones involving slip planes inclined at the angles
125.3- and 164.2- have been treated. The effect of

.-1 o-tensionwcompression normal to the slip plane was
0 0.2 '4 06 0o 10 treated by assuming a tensile stress vs normala,/o

Fig. 4. Expected form of the shear stress r vs: (a) relative component of separation relation consistent with

atomicdisplacement A, and(b)displacementdiscontinuity&, the well-known fit, with energy proportional to
-(L +A 0)exp(-Ag/L). to the universal bonding
correlation of Ferrante et al, [23]. The parameter L i.

state parameter for copper, based on Frenkel theory the characteristic length associated with the decohe-
(which models the T vs Ar curve as a sine wave), gives sion process (the tensile stress reaches a maximum.
a value of about 0.22 Jimz. at A,= 0, when Ap = L ).

Define 6, as the displacement discontinuity on a Results given in [14] for a simplified set of slip plane
mathematical cut coincident with the slip plane. We constitutive relations T(b,- &) and a!l,. A,) for
relate 6, to the displacement A, of the atomic planes copper are now summarized, In Fig. 5, the applied
at +h12 from the cut by energy release rate G!7,, is plotted as a function of

""h the crack tip opening displacement 6,r~h for the
6, = u-, - U',` (5) two angles of interest. Here b is the Burgers vector

of the partial (i.e. b,,.,,'_i3). When 0 = 125.3 (i.e.
where h is the interplanar spacing. This idealized crack growth in the [I l4]c, direction), unstable
cut represents the slip plane, and by adding to nucleation of a Shockley partial dislocation occurs at
the displacement discontinuity 6, across the cut Giy, = 1.839. When 0 = 164.2 (crack growth in the
(in what is othewise considered a linear elastic
continuum) the additional "elastic" displacement
hz/p, we simulate approximately the relative displace- 12 -
ment A, = 6, + hz /p between atomic planes a distance
h apart. If T is now plotted versus 6,. the curve o0 .1642.
becomes skewed so as to give an infinite slope at the
origin [see Fig. 4(b)]. The integral of T over half of a 8k

cycle remains equal to y.,, however.
A J-integral calculation may be used to denve the

following result for a mode II shear crack with a 4

coplanar slip plane (see [21] for details) 21 /125 3'

I - VGdW, = a • dtl2
(2p )=,.,. (6) 0 01 02 03 04 05 06 O C)8 09

With the exception of the nonlinear behavior along Fig. 5, The applied energy release rate versus the amount of
the slip plane, the material in this simple case is taken slip at the crack tip for the two angles of interest. a,
as an isotropic, linear elastic solid with shear modulus predicted by the Peierls-typc theor.

AM 46, -P
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1i141L direction). in,tabilits occurs at G ._, 12-55.
If we assume a value of 0.22 J m for the unstable
stacking energy. the rele\ant energý release rate valucs
are G_ = 0.405 i m: for the ductile direction and
G, = 2.76 J m- in the brittle direction, There ts more

than a factor of 6 difference in G,. for crack growth
in the opposing directons: hence. it is concluded that
dislocation nucleation is preferred in the [I 14],. direc-
tion. and blunting should be favored in this growth
direction.

(2i1I3u
EXPERIMENTAL(

The single crystals of copper used in these exper-
iments were grown by the vertical Bridgman technique

Fig 6 Vie%% through the sapphire la'er ol the copper
in a graphite mold in an atmosphere of flo, ing argon sapphire interface. which shous the presence of pores alter
gas. The crystal seeds were cut from pure copper the diffusion bonding
crystals also grown bv way ofthe Bridgman technique.
The orientations of the seeds and the bicrstals were
determined bh the back-reflection Laue method with sapphire layer, pores were observed on the interface.
an accuracy of approximately - 2 . The crystals used as shown in Fig. 6: this is not uncommon in
to make specimens were cut from the master ingot via metal ceramic interfaces involving a ductile metal and
spark-cutting, and were 47.6mm by 2.5mm by have been discussed in f26--28] and references therein.
4.8 mm. The copper pieces were diffusion bonded to We note that the atomistic models for dislocation
I mm thick, commercially-obtained sapphire slides on nucleation we utilize say nothing about the details of
the basal plane. at 1040'C. for 72 h. under a rigid the bonding process or conditions at the interface in
graphite support clamp. The atmosphere consisted of general. except that the interface be "atomically
a flowing hydrogen 80% argon (by volume) mixture. sharp." Effects relating to the interfacial strength enter
Several specimens were annealed after the bonding the Rice-Thomson model through the parameter
process in order to reduce the size and number of G,,,,. which we assume to be identical in the two
smaller grains which appeared near the copper. crack growth directions. As an estimate of the order
sapphire interface during diffusion bonding. of magnitude of G,,,,. we quote the result of

The surface of the sapphire layer in the specimens 0.475 Jim., for the work of adhesion of Cu Al1O,. as
was "pre-notched," either by use of a diamond scribe measured by Nicholas 129] at a temperature near that
or a diamond saw. The purpose of this was to insure of the melting temperature of copper. This value may
that the initial crack through the sapphire would start be interpreted as a lower bound approximate value to
at the midpoint of the specimen. The initial crack was the ideal work of fracture 2-i,., for the Cuasapphire
induced by subjecting the specimen to either three- or interface at room temperature.
four-point bending. After pre-cracking. the interfaces After an initial crack was introduced on to the
were observed through the sapphire layer to verify interface, crack growth occurred significanrti in all
that the initial crack had branched onto the cop- specimens upon further loading in only one direction
perisapphire interface in both directions. The speci- namely, the [I14¢1, direction with respect to the
mens were then loaded under four-point bending until copper crystal (see Fig. 7). In one case the effect was
a nonlinear load versus time relation was noted. The particularly dramatic: the crack propagating in the
specimens were unloaded and reloaded several times, [Tl4],, direction ran unstably all the way to the end
and the interfaces of some specimens were observed of the specimen, causing half of the sapphire layer to
after each unloading step. Five identical specimens become entirely detached. Figure 8(a) shows the
were tested. notched area of the latter specimen after the bend-test;

note that there was some crack growth in the ductile

RESULTS AND DISCUSSION direction in this case. No future growth was observed.
however, of the crack tips pointed in the [1 141

The copper sapphire interfaces appeared to be (ductile) direction. The crack fronts were typically
homogeneous, well-bonded, and free of any potential rounded as schematically shown in Fig 9. thus the
reaction products. This is consistent with the work of crack tip pointed in the ductile direction is not visible
Heidi and Heimke [24] and Mulder and Klomp [25]. from the side of most specimens (e.g Fig. 7) Table
which showed that the interdiffusion distance in the I gives an estimate of the critical energy release rate
copper sapphire system is negligible and that no for fracture of the brittle crack. as given by the
additional chemical products are formed, when the bimaterial Irwin-type expression associated with
interface is created under conditions similar to ours. equation (I) (as given, e.g. in [51): the values hover tn
When viewed via optical microscopy through the the range of 5-7J m-.
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rationalized h, at last one explanation the elastiect
solution of equatior (I i for this specimen assumes
that the crack leneth is much longer than the thick-
ness of the thin la.er inc. the thickness of the
sapphire,. W'hen the crack is short ft e. of a compar-

0 [able length scale to the sapphire thickness or shorter),
the phase angle dithl-rs as gtsen b% an analisss b. He
and Hutchinson [,1I The local pha.se ol t Ihe incipient
cracks i, less than the stead-sitatc %aluc of -74
""s hich leads to a condition \% here the \alue, of 6, at
the tis o crack tips are more similar

20 iSt _MARI

Predictions ofa modfied Rice-Thomson model for
the ductile scrsus brittle behaviour of cracks. -shich

Fig 10. Slip traces in the vicinity of the crack runninge

the t I-1J F .ductile) direction, as seen in this vivea of the takes into account a bimaterial crack-tip field. are in
interface. Note that slip lines are present for s.stems %hich general agreement tkith experimental observations of

do not intersect the crack front beam-type la. ered specimens consisting 'If copper

bonded on a :22_1 face to sapphire The agreement
indicates that the different fracture behaviour of these

macroscopic bending set in. these slip planes have bimatertal interfaces ma\ be understood, at least
been distorted somewhat within the plane. hence they quahtativel\. b.x comparing the crack tip energy
are tilted slightly curved. Slip traces corresponding to release rate for dislocation emission from the crack
the favored plane for dislocation emission from the tip against that for cleavage decohesion of the bound-
brittle crack tip, at 164.2 . were not observed; in fact, ar%, The observations here are also tn agreement with
the only system that appears to have been activated an improved method for calculating G•.,, which takes
of the slip systems that contain a slip plane coplanar into account the nonlinear core effects associated
with the crack front is the system which contains a with extended dislocations.
slip plane oriented at 125.3 with respect to the crack
running in the [t14kc, direction. It is evident from Acknowledgement.s-This research is supported by a Urn-
Fig. 10. however, that additional slip systems, having versit. Research Initiative (subcontract POAVB3g689-0

{f 11', type slip planes which are not coplanar with the from the Universit, of California. Santa Barbara. based on
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crack front, were active, and provided further means Materials Research Laborator% at Harvard (grant DMR-
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dissipation of energy. discussion, and to H. Cao, A. G. Evans. 1. Reimanis, and
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The assistance of Joseph Bell in the laboratory ir greatlytheories which have only taken into account the appreciated.

emission of a single Shocklev partial dislocation for
the copper crystal orientation considered. Whereas
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ABSTRACT
Matrix fracture in ceramic composites is analysed for ceramics which are reinforced by both

dilatantly transforming particles and fibers which are aligned in the direction perpendicular to the
crack surfaces. Numerical results for the matrix cracking strength are given in terms of parameters
associated with the individual reinforcing mechanisms, and coupling parameters that characterize
their interaction. An energy balance relation governing the steady state matrix cracking is
presented. The results suggest that transforming particles could increase the matrix cracking

strength of aligned-fiber composites by up to about a factor of two.

INTRODUCTION
Multiple matrix cracking is a distinctive tensile damage mechanism that is often observed in

brittle ceramics that are reinforced by unidirectionally aligned fibers. It plays a vital role in the
performance of these materials. Tension applied to the composite in the direction of the fibers
induces closely spaced matrix cracks normal to the fibers, and each crack completely traverses the
material, but the applied load continues to be supported by unbroken fibers that bridge each matrix
crack between its faccs. The tensile stress reqr ired for the steady-state propagation of a single
matrix crack, known as the matrix cracking, stress , has been recognized as an important
characterizing parameter of brittle-matrix fiber composites. The matrix cracking stress was first
evaluated in the work of Aveston et al. (1971) for the limits of large and small frictional shear
stresses at the fiber-matrix interfaces, and more recently by Budiansky et al. (1986) for
intermediate shear values, via energy methods.

Brittle ceramics can also be reinforced by phase-transforming particles. It was
discovered by Garvie et al (1975) that the apparent fracture toughness of ceramics may be
increased by the introduction of tetragonal zirconia (ZrO2) reinforcing particles. Experimental

observations reveal that a tetragonal-to-morochinic martensitic phase transformation takes place in
the zirconia particles near a crack tip, and a permanently transformed region is left behind the edge

of a growing crack. The tranrformation toughening of materials with very long initial cracks has



2

been studied theoretically (e.g. McMeeking and Evans, 1982; Budiansky et al 1983; Rose, 1986:

Amazigo and Budiansky, 1988), and the transient growth of cracks in the presence of phase

transformation has been analyzed by Stump and Budiansky (1989ab).

The aim of the present work is to see how phase transforming particles would affect the

steady-state matrix cracking stress. The basic problem analyzed is illustrated in Fig. 1. A semi-

infinite plane-strain matrix crack, driven by a uniform remote tension, is bridged by intact fibers

and surrounded by a zone of transformed material. The main body of the paper begins with a

concise review of the related results for each individual reinforcement, and then a novel analytical

formulation of the governing non-linear integral equations of the problem is presented in terms of
distributed dislocations and dilatations. An energy balance relation for the steady-state cracking is
also presented and a numerical solution of the problem is obtained and discussed. The details of the

numerical solution procedure, and the derivation of the energy relation, are presented in
Appendices.

MATRIX CRACKING IN FIBER REINFORCED CERAMICS
Matrix cracking in unidirectionally reinforced ceramic composite is subject to resistance due

to the effects of bridging fibers. For the limiting case of large scale matrix cracking with all fibers

intact behind the crack tip, i.e. steady state matrix cracking, the critical tensile stress needed to keep

the crack extending becomes independent of crack length. The studies by Aveston et al. (1971) and

by Budiansky et al. (1986) contain the following result for the steady state matrix cracking stress
ay. Under the assumptions that there is extensive interface slip between the matrix and bridging

fibers and that there are no initial stresses, of is given by
1

=[6c2(1_ 2)K2ncEf 1M _ E
SL 

(I-cf)R.E I EM 
(1)

where cf is the volume concentration of fibers, R is the fiber radius, -r is the interface slipping

shear resistance stress, and Km is the critical Mode-I matrix stress intensity factor. The Young's
moduli E, Ef and En are those of the composite, fiber, and matrix, respectively. A recent

experimental study (Cao et al., 1990) reveals that Equation (1) correlates well with measured

results for several materials.

TRANSFORMATION TOUGHENING
Transformation toughening, which results from the phase transformation of transforming

particles (notably ZrO2 ) that are embedded in a nontransforming ceramic matrix, was discovered

by Garvie et al. (1975). The unconstrained, "stress-free" strain associated with such a phase
transformation (i.e., the strain that would occur in the absence of surrounding material) consists of
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a dilatation of about 4% and a shear strain of about 16%. Transformation toughening phenomena

have usually been studied on the basis of a "supercritical" transformation model (see Budiansky et

al 1983 for details) in which the transformation occurs completely within each particle when the

mean stress am = okk/ 3 reaches the critical value om. With the simplifying assumption of

identical elastic moduli of particles and matrix, the composite may be modeled as an elastic

continuum within which the stress-free transformation dilatation, where it occurs, has magnitude
ctOT, where ct is the volume concentration of transforming particles and OT is the stress-free

particle dilatation. With some exceptions (e.g., Lambropoulos 1986; Sun et al 1991; Stump

1991), the effects of shear stress on triggering the transformation have usually not been

considered, and the possible toughening effects of transformation shear strains have also generally

been disregarded.

Growth of long cracks under a constant applied far-field KT has been studied under these
assumptions by McMeeking and Evans (1982) and Budiansky et al. (1983). In this work, the

crack was assumed to be growing in a steady-state fashion, with cracking of the matrix at the
crack tip at the critical matrix stress-intensity-factor Km,. A key transformation-toughening
parameter that emerges from these studies is

1 + v EcOT

I - v &M (2)

and results for the steady-state toughening ratio XT = KT/Km were found for a limited range of Co.

Amazigo and Budiansky (1988) extended this work and provided a complete solution for XT. The

results shown in Fig. 2, a plot of (%T)-1 versus the toughening parameter co, confirmed the

occurrence of "lock up" at o0=(oc = 30, first predicted by Rose (1986). More recently, Stump and

Budiansky (1989a) studied the transient growth of long cracks in ceramics. It was discovered that
K/KI reaches a peak value V.n which exceeds the steady-state level X.T at finite amounts of crack

growth. The full results for (T.) as a function of the parameter wo are given by the lower curve

of Fig. 2. It was found that the "lock-up" of the growing cracks occurs for the value w - 20.2.

Stump and Budiansky (1989b) also studied the transient & 'owth of finite cracks.

STEADY-STATE MATRIX CRACKING FOR COMBINED REINFORCEMENT
We now study the steady-state crack propagation of a fully bridged semi-infinite matrix

crack in a ceramic reinforced by both alig ied fibers and transforming particles. The supercritical
transformation model introduced previously is used exclusively throughout this study. It is also

assumed, for the sake of simplicity, that the fibers, transforming particles, and matrix all have the
same Young's modulus E and Poisson's ratio v, so that the composite is isotropic, and we
continue to neglect initial stresses. It is further assumed that the critical shear resistance t is not



affected by the presence of transforming particles. The critical matrix cracking stress oa of a

ceramic reinforced only by aligned fibers and the steady-state toughening ratio -T of a ceramic

reinforced only by transforming particles, which have been introduced in the previous sections, are

considered to be known parameters, and a natural coupling parameter

S= (+ v)CYfa'A (3r
which emerges from the analysis, is employed.

As the crack advances under steady-state conditions, "fresh" material undergoes phase
transformation as it is crossed by a curve C in the vicinity of the crack tip (see Fig. 3), while
previously transformed material remains in the wake of the tip, and new intact fibers bridge the
crack faces. The coordinates of the leading portion of the steady-state transformation boundary, as

shown in Fig. 3, are given by
z0(o) = x0 (c) + iy0 (a) = r0 (a)[coscz + isina] (0 _< a _< 6) (4)

where 6t is the polar angle at which the phase boundary C makes a tangential connection to the

horizontal wake boundary.
During the course of steady crack propagation the following conditions must be maintained:
(i) the mean stress must be equal to the critical transformation stress along the exterior of

the leading edge of the transformed region, i.e.

om (z) = Om for z on C (5)

(ii) the stress intensity factor at the crack tip should equal the critical value needed to

propagate the crack, i.e.
Ktip = Km-1- c (6)

where the factor FI-C comes from the fact that the critical crack-tip energy release rate in our

problem has to be modified by the factor (1 - cf) in order to simulate the reduction in the crack area

associated with the presence of fibers.

(iii) the crack-face tensions are
oy(x,O)=p(x) for--ox<0 (7)

where p(x) is the smeared-out stress on the crack faces induced by bridging fibers, and p(x) must

be connected appropriately to the crack-face displacements. Budiansky and Amazigo (1989)
modeled the effects of bridging fibers by continuously distributed non-linear springs via an energy

argument. Under the assumption that the fibers undergo large amounts of slipping inside the
matrix, they provided a non-linear relation between the stress due to the bridging springs and crack

opening displacement which governs the constitutive behaviour of the springs bridging the crack

surfaces as follows:

p) = Prv(X) (8)
where the spring constant P3 is
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-J (9Cf)(Eo'9

Under the present simplifying assumption Ef = Em = E. Eq. (9) simplifies to
1

RI _c Cf) (0
Now we proceed to satisfy the conditions (5),(6), and (8) by superposing three states of

plane-strain elasticity produced as follows:

(a) apply the remote plane strain loading ay f= ari, Oz = vclt , where o is the critical

matrix cracking stress in the presence of both fibers and transforming particles.

(b) subject the negative x-axis to the vertical displacement discontinuity gradient

ax Ch -S(x) for--- x:0 (11)

(c) impose the plane-strain transformation E in the horizontal strip S (see Fig. 3),

bounded on the right by the curve C. In plane strain, the connection between the area dilatation
TE. and the volumreuic dilatation CtOr is (Budiansky et al., 1983)

T ( = I(I + v)cO T (Ca (12)

For each problem, we shall calculate the mean-stress

CF. = JC~kki =10+(lV)(a + oF) (13)
and the crack-face tension oc(xO) for x < 0.

The trivial solution of problem (a) produces the mean stress

am = I(I + V)OGft (14)

everywhere, and gives the uniform crack-face stress

Y(xO) = af (15)

The solution of problem (b) can be written on the basis of the fundamental plane-strain

solution for a single edge dislocation. Note that over the interval dx' the gradient jumps in Eq. (11)

are equivalent to the vertical dislocation -B(x')dx', which is equal to 2 dv(x') dx' by symmetry. It
dx"

follows that the normal stresses due to the dislocations in (-*, 0) are
0

= (x - x' 3y2 + (x- x,)2l dv( x ' (16)
[II-Xf + 2f IIdx*
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0

ax(XY)=D X ly -(x-x''] 2 dx' (17)
x J [(x_,)2+y2I d,

E

where D E 2X(l-v2) (18)

Accordingly, the mean stress (13) produced by the dislocations is
0

okk (xy) 2D(1+ v x-x' dv(x".(S= 3 .- ) X _X,2 + -Y2 .. ...dx'/a (19)

3 f xx+ dx'

and the crack-face tension produced by the dislocations is
0

Gy(X,O)-DJx-x' d ' (-I d<x<O) (20)
x-*0

Problem (c) is readily handled by complex stress-potential methods (Muskhelishvili,
1963). We present only the final results for the potentials 0 and y, in terms of which the stresses

are given by
ex +e,, = 2(W'+F) (21)
cYi - X + 2ixy = 2(O" + V') (22)

Let an arbitrary 2D region A with boundary r in an isotropically elastic body undergo a uniform
volumetric strain J.; then, for z=x+iy outside A,

O=_ 7 2)(1 )frg( zc)dzo (23)
(3-v~ie1 6 lo(z -2v)1Lv j

= (3 - 2v)(( -vr) iogrz- Zo (24)
16xI 2)( -v216nt(l - 2v)(1 -V2)rz

For z inside A, the extra term
- ,z (23)

4(1-2v)(l+v)
must be added to , in order to preserve the validity of the relation (19).

For z outside A
V('••a 0 (24)

'(z)= 16ff(l- 2v)( - v2)Y - (4

which gives

am = 1(1+v(axx + oyy) = 0 (25)
3 V

For the transformed region S of Fig. 3, the crack-face stress produced by the phase transfornation
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reduces to
E(XO) R d for __-5•x:50 (26)

4n(1-v 2 ) Jcx-zo

where the integration along C proceeds from yO=-HT to y0=+HT.

Adding the contributions (14) and (19) gives the mean stress at points outside the

transformed region, and then imposing the condition (5) on this mean stress requires that
0

(l+v) C 2D(l+v) xO-x' dv(x')fr,=n(
3 Oft- 3 J(x-x')2-+y dx' for(XoYo)onC (27)

The sum of (15), (20), and (26) gives the crack-face stress p(x) to be substituted into the condition

(8), which becomes

S~0

Oc -Dr1dv(I+ E0T Reel dYIk0 = for-,'e5x 0 (28)
x-xv dxJcx-.o

Finally, the crack-tip requirement (6) may be prescribed as
E-vrYt v(x) Km• (29

im -K -- = (29)

The steady-state matrix cracking problem under combined reinforcement is governed by Eqs. (27-

29), which may be nondimensionalized by introducing the reference length

L= Doa/f3 2 , (30)

letting

+ ill = p(cos a + isin a) =(x + iy) L, (31)

and writing

g = (A (32)

YC

;=• 2k(32)

The resulting equations may be written as
0

1-2 4o- 4 dg(k) d4 - (33)
f- (to - 4), +.r102 dt

0

1:-f L W for e (34)

I I II I I i I I l I I I In l lý - 4ll + . .. . .
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li-rn 9R) =1 (35)

Here 40(a)=p 0(a)cosca and rlo(a)=po(a)sincz define the shape of the leading phase boundary C;

co is the transformation-toughening parameter given by Eq. (2); and s is the coupling parameter

defined in Eq. (3). Eqs. (33-35) constitute two integral equations and one scalar constraint for the
unknowns functions g(t), po(cx), and the scalar strengthening ratio 1, the combined-

reinforcement cracking strength normalized by the cracking strength in the absence of transforming

particles.

The numerical procedure used to solve these equations is described in Appendix A. Before
presenting the solutions, however, we exhibit another scalar, energy-based relation, derived in

Appendix B:

+ = 1-. (1 - S4)0(&) (36)6ns 2
where (see Fig. 3) 0lo(&) is the non-dimensional height HT/L of the transformed wake along each

crack face. This relation provides a check on the numerical solution of the governing equations, but
in addition it provides important restrictions on the values of the strengthening ratio 1 and the
coupling parameter s. Note that for M > 1, (36) implies

I < /s (37)

which therefore requires s<I. In other words, the steady-state matrix cracking stress can be
increased by the addition of transforming particles only if

CC v -TGC (38)

and (37) says that the increased cracking stress oc is also bounded by the right-hand side of (38).

These inequalities are consistent with the fact that an applied stress equal to or greater than the
upper bound would transform the entire space, and only if the phase-transformation dilatations are
constrained by surrounding untransformed material will they reduce the crack-tip stress intensity.

The calculations described in Appendix A led to the curves shown in Fig. 4 for 1: vs. 0

for various values of the coupling parameter s. The dotted lines show the bounds of Eq. (37). The

calculations were terminated slightly below these bounds, because, consistent with the energy

relation (36), it was found numerically that the size of the transformed region became very large as

these bounds were approached, and accurate calculations became increasingly tedious. Curiously,
the results for Z become multiple-valued for L near l/s; we suspect that only the lower branches
may be physically significant. Furthermore, it is likely that values of co greater than 30 -- the

"lock-up" value for transformation toughening of long cracks--are not meaningful. For a given
value of co, the enhanced matrix cracking stress increases for decreasing values of s, but is fairly

insensitive to s for a)<20.
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On the basis of the connection between the transformation-toughening ratio XT and w (Fig.
2), results for 1 are also shown in Fig. 5 for 2 vs. XT.- Up to what is probably the practical limit

of ).T=5, the results for 1 remain single-valued, and they suggest that the matrix cracking stress is

susceptible to improvement via transformation toughening by only factors of about two or less.
The results can also be exhibited in terms of an alternative interaction parameter defined by

t = o / (3s), or

t=- 'O (39)(I - E'

where 4 - of/E is the critical matrix cracking strain in the absence of transforming pantcles.*

Figs. 6 and 7, analogous to Figs. 4 and 5, show the matrix-cracking strength ratio for various
values of t. In Fig. 6, the hyperbolic curve segments given by 1=3t/w for each value of t

correspond to the bound (37).
For a given ceramic composite system, the coupling parameter t can be more readily

estimated than s. The measurements by Cao et al. (1990) of the cracking strains of several glass-
ceramic/Nicalon- fiber composites indicate, for example, that in such systems, with cf =.ct =.3, and
6T=.04, values of t in the range 10-15 would be appropriate.

An interesting question arises about the interpretation of the results in Fig. 7 if, for a given

value of the coupling parameter t, the known value of XT lies beyond the end of the appropriate
curve (e.g., t=10, •T= 4 ). Presumably, the transformed region will have already become very

large during the approach to steady state, the nearly unconstrained dilatations would no longer have
a strengthening effect, and we would have Z=-1 m steady state cracking. But the peak stress during

the transient stage of growth of an initially long matrix crack would attain a value close to the top of
the curve. Similar remarks apply to the terminating curves in Figs. 4 and 6.

CONCLUDING REMARKS

The possibility of improving the matrix cracking resistance of aligned-fiber ceramic

composites by the incorporation of phase-transforming particles has been demonstrated on the
basis of simple models for the individual reinforcement mechanisms and their interaction. An
energy balance equation for steady-state matrix cracking has been derived and the restrictions it
imposes on matrix cracking in ceramic composites with combined reinforcement have been
established. In particular, an upper bound was identified for the increase in the steady-state matrix
cracking resistance provided by transforming particles. Numerical results for the matrix cracking

"This classical critical strain (Aveston et al 1971) is based on the assumption of pure tension at infinity, whereas,
to simplify the formulation of the combined problem (for which plane strain near the crack tip is .,ppropriately

ashaumed) we posudlai• plane train everywhere; the inconsistency is not important.
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strength have been given in terms of parameters associated with the individual reinforcing
mechanisms, and coupling parameters that characterize their interaction. These results suggest that

transforming particles could increase the matrix cracking strength of aligned-fiber composites by

up to about factor of two.

A companion study by Cui (1992) showed that transforming particles and aligned fibers

could interact synergistically to increase the effective fracture toughness of a brittle ceramic
containing a long, initially unbridged crack. Thc_ present demonstration that phase transformation

can also increase the matrix cracking strength of fully bridged cracks provides an interesting
contrast with the effects of fiber-matrix interface friction. Increasing the frictional resistance raises
the matrix cracking strength, but lowers the small-scale bridging toughness; transforming particles
increase both.
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APPENDIX A

NUMERICAL ANALYSIS
This Appendix describes the procedure used to solve Eqs. (33-35) for g(4), po(a), and 1.

Let
dg(4..)_= h (4) (A])

and introduce the coordinate transformation
w-1 (-I < w < 1) (A2)
w+1

The substitution

h(W-= (I+W 2 f(w), W)w+1 7. <,.(3
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will n=n out to be useful. Eqs. (33-35) become
I

Z- t ( +W)C + I-w 0 W)f (w)d w (A4)

1-(1+w)f l+w' f(w') dw f(w') dw'w - w' Ti1 W,,2 f - 71- w7 w
-I -1

0i)(I + w)r (I+ w)po(a)cosa+ 1- w d[po(a)sina] da

9ns f[(I + w)p(a)cos• a + - W12 + [(I + w)po (a) sin a]2  d(0 (A5)

- itj'f (w)= I (A6)

Now write the finite-series approximations

i1o(a)=po(a)sin(cz)=Xansin (2 6)E a 0: <& (A7)
n=1

and
M M

f(w)= Ybk Tk-I (w) = b, co4(k - 1)cos-' w]
k=l k=1

(AS)

where Tk(w) is the Chebyshev polynomial of the first kind of degree k. For given values of wo and

s,the M+N coefficients an and bk, together with the additional two unknowns L and C, were

determined by collocation of Eqs. (A4) and (AS) at the M points

wr = cos( M"+. I (r = 1,2,...M) (AM)

and the N+1 points
aj = Mx Q = 0,1,....N) (AIO)

respectively, and enforcement of Eq. (A6). The definite integrals with respect to w in (A4) and

(AS) were evaluated by means of the general Cauchy-Chebyshev formula (Erdogan and Gupta

1972)
1f F(w)dw it M+I IF(wp) ( , M Al= ( F)) (r= ,2....M) (All)

a-ndW2 tpt1r Ga"s-iP
and the standard Gaussian integration formula
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!fF(w)dw M +1
-'- I" F(w) (A12)f 2 M+I p=l

-1p=

where

WP {2o> (I (p=1,2,..., M+1) (A13)w s[2(M+I).

The indefinite integral in (AS) is

f f(w') wI M bk I - T'2 , (w)fw') d w'=-bcos- w- Y-'k (A14)
Sk=2 k-

-1

Gaussian quadrature was used to evaluate the integrals with respect to a.
A Newton-Raphson iterative scheme was used to find solutions for the an's, bk's, Z, and

&, with convergence specified by a relative change of less than .01% in the values of each of the
unknowns in successive iterations. Solutions for Z based on M=15 and N=5 were judged to be
reasonably accurate, because they never differed by more than .15% from the values of 1; given by
the energy relation (36), when the values of 7i0(Ct) found from the numerical solutions were

substituted therein.

APPENDIX B
We will write an energy equation associated with a unit advance of the semi-infinite, plane-

strain crack in Fig. 3 during its steady-state propagation under the remote loading o. It will be

assumed that the phase transformation is critical, but the results also hold for supercritical
transformations (Budiansky et al 1983, denoted by BHL henceforth).

The equation is

0- Oi E(c1 T )2 1 + ID-[lrD (Bl)(1-t)m+occtT i~ter)"l9(1- v).J

where the first term, with !M = K2 (I _ V2) / E, is the energy released into the crack tip, and the

first bracketed term, derived in BHL, represents the energy dissipated into the irreversible phase

transformation. These two energy losses are balanced by the last bracketed term, which represents
the difference between the potential energies of vertical strips of unit width far upstream (U) and
downstream (D) of the crack tip. In our spring model, the upstream and downstream stresses ojI

and aP differ only in lyk<HT, where the corresponding uniform strains are

' I[(I+ V)CY - Va`8] (B2)

and ý'p =1 [0{ + V)D- VC D8 1] + 4ct8T84, (M3)
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with the usual (1,2,3) and (x,yz) correspondence. The plane-strain conditions E, = E, = 0 give
U(l+v)[a -UvauBI OU vU (134)

D + (1 +v YD __vaD 8 lad+ j (I + v)ci6OTS a D = VO D -JEcGTJ (BS5)
£CEO E A Y

for Greek subscripts equal to 1,2.
The potential-energy difference 7tD - itu may be written as

2HTI- a! C!?_ CT) - JOYEY } 21.a (E- U + 1061 p(S)dS _,,,S (B6)

The braced expression is the difference between the downstream and upstream recoverable strain

energy densities, and the next term comes from the change in the potential of the applied loading

a• due to the extra vertical displacement that accumulates in IYIHT because of the phase

transformation. The integral is the strain energy in the springs at the downstream crack opening
displacement 8D corresponding to the spring loading p=eon (Here p(S) represents the spring

constitutive relation p(8) = P34[7i consistent with Eq. (8)). The last term is the contribution of

the crack opening displacement to the applied-load potential. The last two terms combine to give
the complementary energy of the springs defined by

Q(a8) 8(p)dp f (B7)

The evaluation of the strain-energy terms is simplified by introducing dij = 0D - UP. Then, with

f -[(O + v)dij - Vbkkbij] (B8)

the braced term in (B6) may be written as

AT. +iij ÷ iiJU (B9)
Equilibrium gives -a=,D = cc , 0 =0, (B 8) is just

AE= (0 + 6i,.) + 8,,e (BI0)

Compatibility of strain at y--=-HT requires ED = 4U. With ru = 0, Eqs. (B4-B5, B8) then imply

that

.D- EcDOT U _ v(1+V) C, = = t 9T (BI1)
3(1 - v) E 3

and we get
As - E(c•ST) 2 + v(l + V)cIOT (B12)

9(1 - v) 3(1 - v)
Eqs. (B4-B5) also give

ED _.EU =(I+ V)c,9T (B 13)Y Y (1 -v)

and assembling the contributions of (B7), (B 12), and (B 13) to (B6) produces
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tD - U 2 HT E(cOT) 2  (+ V)O• c O, ft (B.14)
[-9(l-V) 3 j

Substitution into (B 1) gives

Q(of) = (1- c)Gm + 2HTC'OT[r -(I+ (B 15)

Now note that for matrix cracking with only fiber reinforcement, this reduces to the result

(Budiansky and Amazigo 1989)
Q(laF) = 01- C)Gn = (c (B 16)

and therefore

=1rct) + 3p2 Ji~acm CT 21 - (B 17)=+Q(Crc) (1... 1o)3 a'tT o.d B

Finally, introduction of the normalizing length L defined by Eq. (30). together with the parameters

o and s (Eqs. (2,3)), gives

in terms of the strengthening ratio I = of/af. This is the result (36) in the text.
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Alistact-A high-toughness , -TiAI with a lath microstructure has been characterized. The presence of
a laminated structure that consists of 2: plates between --laths has been shown to govern the toughness.
The lath miicrostructure promotes dissipation through a combination of process zone and crack bridging
mechanisms. Mechanical twinning in the -,,phase contributes to the toughness through the formation of
a twin process zone. while regions consisting of intact lath colonies act as bridging ligaments in the crack
wake. The measured steady-state toughness of - 215 MPa,, m is consistent with preliminary estimates of
dissipation; which indicate that similar contributions arise from deformation within the bridging ligaments
and from tsinning in the process zone-

Rkswn&6-On a caractirisi un alliage TiAI;, ii haute tenaciti a microstructure en lattes- On montre que
la presence d'une structure en lamelles qui consiste en plaquettes de phase z. sittees entre des Witts de
phase -, gouverne Is itenacite. La microstructure en lattes provoque une dissipation par une combinaison
dle zones de transformation et de micanismes de pontage de fissures. Le maclage mecanique dans Ia phase
ycontribue a Is tenacite par la formation dle zones de maclagte. tandis que Its re~gions formees de colonies

de lattes intactes agissent commne des liens de pontage dans l'ouverture de la fissure. La tenaciti mesuree
en regime permanent ( -. 25 MPa,,/ m) est en accord avec: des estimations priliminaires de 1A dissipation:
ceci indiqlue que des contributions semblables proviennent de la deformation ai I'intirieur des ligaments
de pontage et du maclage dans la zone de transformation.

ZmaimmafuuagHochzihes 7-TiAI mit Latten-Mikrostruktur wird charakterisiert. Die vorliegende
laminierte Struktur. bestehend aus a,- Platten zwischen ;-Latten, bestimmit die Zilhigkeit. Die Latteri-
Mikrostruktur f~rdert die Dissipation fiber tint Kombination von Prozefizonen- und
Rifllberbriuckungsmechanismen. Mechanische Zwillingsbildung in der T'-Phase trigt zur Zihifkeit fiber
die Bildung erner Zwillings-Prozrellone bei; dagegen wirken Bereiche. die aus intakten Lattenkolonien
bestehen. als Ouberbrickende Fasern in der Rildiffifung. Die gemessene stationire Zihigtkeii von - 25 MP&

,/-ist mit vorliuifigeii Abschitzungen der Dissipation vertrfiglich. Das weist darauf hin, daB ihnliche
Beitige von der Verformung innerbalb der fiberbrtsckendlen Fasern und von der Zwillingsbildung; in der
Prozefizone herriihmn.

1. INTODUCTION with crack extension and depends on such variables

The application of V-TiAI for high-temperature as the flow strength and ductility of the reinforce-
strutirl cmponntsis imitd b it reltivly ow nent, the extent of interface debonding, the friction

stoucturss. costmposreents in imtdicyats reanntatveyion at the interface, as well as the volume fraction,
toughness. Mosbot 8measurment inicte aini inctiasio the size and morphology of the reinforcement. The
toughesistoabotceMa./ with mrc tnionim1.arincrese highest toughness (Fig. 1) has been achieved with
inpressanches worithprackiextensione[shavarious laminates that exhibit appreciable interface debond-
appnsroaches, fhorg iproving tougnes hav beedgng ing 14). Such materials are anisotropic, with relatively
doemoestateds through prmosstzone and biridin poor through-thickness properties and, consequently.

structures that encourage mechanical twinning within areI lotapoadig.Dutle rifor cempoienubet touhng
a process zone have been shown to produce a material bixalodn.Dclernfcmntouhig
with a steady-state toughness of - 16 MPa,/'m concepts have also been used to develop tough
(Fig. 1) [2), but the strength of such materials Is isotropic intermetallics. One approach is to choose
relatively low. Ductile- phase reinforcement with Nb a material system that has a eutectic between the

and b aloyshas rovded ajorimpovemnts internictiallic of interest and a refractory metal,
in toughness, through plastic dissipation in the leading to a two-phase intermetallic '/metallic micro-

reinorcng has wihina brdgig zne 1, -71 structure. This concept has been demonstrated for
rein.forcIng phicase, wthin factr breistince increase the system NbSi~j'Nb (7). Another approach is

(Fi. ). n hiscaethefrctue esstaceinceaes addressed in this article, based on toughening

t~orerl wih: ateial Deartent Un -t of mechanisms promoted in laminate microstructures
California. Santa Barbara, CA 93106. U.S.A.vst bten-T lad ,TiA(81.Thrsp sbe

:Formerly with: General Electric Aircraft Engines, mechanisms are not explicitly known, but it has
I Neuman Way. Cincinnati, OH 45215. U.S.A. been demonstrated that the y-phase is susceptible to

1259
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*Twi To.•neng .3. %1IAt-L'RFAIF%TS AD OBSER%ATIO"S

* BdgtnC Noitates- 1. Tes' pro,(1ur'e,

30 The fracture resistance Mf thew, mAterial, ha,. been
obtained using a notched. three-poini bending spej-

IE men. Prccracking ha, been conducicd in monotonni
20 * * loading in a ser%oh~drauhc machine subiect to con-

0 * trol from the displacement on the compressed lace
a. a= con,*Almni 1 opposite the notch Subsequent loading was con-

10-.A ducted tit situ in the scanning. electron micros:opi:
. .(SEML) as needed to monitor the sequence of events

that accompan. crack extension For this purpose.
t _... prior to testing. the side faceo of the specimen Aserc
0 2 3 given an optical quahty. metallographic pohlsh fol-

Crack Extension, a iamm) lowed b eclectropolishing Prior io and following

Fig. I- The effects of twinning and of Nb laminate layers on crack propagation. the surfaces %ere characterized
the resistance curves for '-TiAI. in the scanning electron microscope using back-

scattered electron imaging in order to obtain a strong

twinning and dislocation activity 18]. whereas the 2:compositional contrast that reseA the lath structure

is essentially dislocation free.

2. MATERIALS AND MICROSTRUCTURES Tyr
Three different materials have been investigated [8). t•

Material A is a single phase y-TiAl having compo- .

sition Ti-52A1. This material has an equiaxed grain ,

structure with a grain size of - 100 pm. The other
two materials both have composition Ti-48A1--
2Cr-2Nb, but heat treated to produce different
microstructures. Material B has an equiaxed duplex,
microstructure consisting of primary , -TiAI grains of
size 15 pm and lamellar grains, 25 pm in diameter,
that consist of y -TiAI and a. -Ti3 Al laths. Material C
has a fully transformed lath microstructure (Fig. 2)
with a prior-o grain size z I mm. Transmission elec-
tron microscopy of this material [Fig. 2(b)] has '
revealed that the laths consist, on average, of thin
(,-,0.1/zm) layers of a, between y layers - I pm in
thickness. The i layers also contain annealing twins,
,,T The laminates may thus be regarded as colonies
of ,, 7,T and .2 laths. The orientation relationships
between a, and y' are

10001} 1 Jý' { I 't

The standard crystallographic elements characteriz-
ing the annealing and mechanical twin systems in L 1,
structure are 121

The primary laminate colonies inside the prior- 200n
grains are often intersected by secondary colonies (b.
located in the center of the grains [Fig. 2(a)). The
secondary colonies often have an important role Fit, 2. The transformed lath microstruciure in material C.

(a) SEM of polished and etched surface Note the presence
as bridging ligaments (or crack nucleation sites), as of pnmary and secondary laminate colonies (b) TEM
elaborated later. showing the at and twinned -, layers.
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Unfortunately. this imaging technique does not 1

distinguish the strong compositional contrast of the F,. Tras~c'•,e=

lath structure from the weak topographic contrast c
produced by shear events such as mechanical twin- T 6

ning. Therefore. complementary observation of slip a- ." Pa
and shear features was done using Nomarski T Ar , .
imaging in an optical microscope. Additional infor-
mation characterizing the non-linear behavior of the •,
materials was obtained by measuring the compressive s"

stress-strain curves. a(i ). using standard specimens. 500

3.2. Results

The fracture resistance information obtained on
the three materials is summarized in Fig. 3. The equi- 00 0, 02 03

axed duplex microstructure of Ti-48AI-2Cr-2Nb True Strain
gave a fracture resistance comparable to single phase Fig. 4. Compressive stress- strain response of materials B
7-TiAI (10 MPaf / m or 500 Jm - 2). The materials with and C compared to the stress -strain response of a similar
transformed lath microstructure exhibited initial single phase --TiAI that exhibits twinning [21

crack pop-in at a similar resistance. However, further
crack occurred at a substantially._higher resistance, of mechanical twins in the process zone varies as a
which increased to -25 MPa,'m (or -.-3 kJm-2) function of the distance from the crack plane. Within
after crack extensions of - I mm. consistent with the resolution limit of the optical microscope. there is
previous measurements [9, 10]. The increase in a high twin density in a 10pum zone around the crack
toughness over that of single-phase 7-TiA! is thus and a much weaker twin activity in a zone up to
-~2.5 kJm- 2. 200 ,m wide. [Fig. 5(b)]. Continued crack extension

The compressive stress-strain behavior of occurs with a relatively complex three-dimensional
materials B and C (Fig. 4) indicates a yield strength,
a0 - 400 MPa, followed by extensive strain harden-
ing. Comparison with a single-phase 7-TiAl (Fig. 4)
that deforms by mechanical twinning suggests that
the presence of the non-deformable o, laths strength-
ens the material. This phenomenon is qualitatively
consistent with the influence of high-aspect ratio
elastic discs on the flow strength 1iI].

In the tough, laminated material, several key obser-
vations have been made in the scanning electron and
optical microscopes. Those colonies having laminate
planes within about 45' to the mode I crack plane
initially exhibit low resistance to crack propagation.
comparable to that for -1-TiAI [Fig. 5(a)]. Crack
extension is associated with the formation of slip
events, presumably mechanical twins, in the 7-layers
parallel to the laminate planes [Fig. 5(b)]. The density

300

:2 20 '- a//'•

00

] , Fig. 5. (a) Scanning electron microscope of a crack props-
0 IM , gating parallel to the lath structure. Note the presence of

Pra** 0 2 bridgpng ligaments, at B. lb) Nomarski imaging of stress

Cack Extension, ~a& (mm) induced shearing events that form in a process zone around
the crack. Note that the main crack arrested at point A in

Fig. 3. Resistance curves measured for the three materials, an intense twin process zone. A secondary crack, C, has
A. B and C. formed parallel to the primary crack.
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T

B

. /-" -mm

.1MM

Fig. 6. Optical micrograph of a two phase TiA intermetallic that exhibits a combination of process zone
and bridging mechanismis. The shear traces associated with mechanical twinning in a process zone are

exemplified by the trace marked T. while bridging ligaments are marked B.

morphology, involving a twin process zone (Fig. 6). sumnably twins, parallel to the lathes. The cracks
coupled with bridging (Fig. 7), with a mix of multiple seemingly renucleate ahead of the main crack. prefer-
cracking along laminate planes, and shearing of entially in regions containing mechanical twins.t
bridging ligaments (Fig. 7). The basic elements of the at the intersections of primary and secondary lath
fracture process are summarized in the schematic colonies. This process generates intact ligaments
presented in Fig. 8. The crack front proceeds by bridging the main crack. Upon further crack opening.

brittle fracture, seeking those colonies having planes the bridging ligaments deform by shearing mechan-
oriented close to the mode I path through the isms, presumably by twinning in the y.TiAl phase.
material. Such crack advance is accompanied by the and eventually fail by debonding parallel to the
formation of a process zone around the crack faces, laminate plates. leading to a bridging zone length,
as witnessed by the formation of shear traces. pre- L :t 200 Pm.

This general view of the fracture process is
t~ecanial win intheLlýstrctue podue a consistent with SEM observations of the fracture

" "ehncltisi h LI5 stucur prdc a sufc Fg 0. hs eela ss"ilycniu

shear strain. 0.749. It is conceivable that this strain sufc(Fg10.Teervaansetilyotn-
could induce microcracking due to incompatibility of ous cleavage path with colony-sized islands subject to
deformation at twin boundaries, distortions in the form of deformed ligaments [9, 10].
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The associated area fractior of bridging ligaments on (a) Actual Geometry
the fracture surface is.I :t0.2.

,Measurements of the shear strain of conjugate /Primary Laminate Colonies

traces istihin the figurnennir [Fig. 8(b)] provide ad- ( -Seconoar'i Laminate Coronies
ditional information of interest. The conjugate traces
reveal that the shear strain in bridging ligaments is
about 0-7. similar to the twtnning strain for -' -TiAI
(0.749), The average ligament thickness. d :t50,pm.
Ligament deformation is _4governed bN the angle 0). Cracrr-
between the shear planes and the mode I crack plane
(Fig. 9) and the debond length. I. The angle 9 is found
to be in the range. 60 < 0 < 30 and the debond
length I ý:d.

Bridging

4. AN*ALVSIS CJLigament

The model of the fracture process in the lath (IMdlGoer
microstructure [Fig. 8(b)) allows a rationalization of
the improvement in fracture resistance. with the uTi
following basic features. Crack extension initiates v- Zone
at an energy release rate governed by the fracture
resistance of the brittle constituent. As the crack --

/ ~IF". Fig. S. Schematic indicating the dominant features of the
- ,L~ ,fcracking process.

/ /~ ~L1I *~extends, dissipation occurs, governed by the non-
~ / linear deformation associated with th.- shearing

evnsalong the laminate planes through process
zn: and bridging mechanisms. A comparison of
the measured steady-state toughening I it 3 Urn
with predictions for each mechanism provides a
preliminary assessment of their relative importance in

* / accordance with

r. F, +r, + )

A 4

a) ritseo" wne

-~' ~ A -i , A' bi) Ligament FormaijoeI . ~X/ Shoo"n Pius Deisonclurg

Fig. 7. la) Example of a bridging ligaments. (b) SEM image Fig. 9. Schematic of the bridging and debonding
of the shear traces within the ligament, mechanisms.
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Table I A summary of laminate characteristic5

Average width of bndging higaments. %•: 3•jwm
Area fraction of bridging colonctv :t 0.2
Twin shear strain. -,, - 074
Twin shear stress. r, 7& 200 MPa
Volume fraction of twins in the bndinng cOlonei. 1 z 0 4
Fracture energy of : -TiAM twin interfaces. 1,. = 300-500 Jm :
Young's modulus. E a 200 GPa
Process zone width. h /t 2

0
0#m

Yield strength. a. t 400 MPa

the measured toughening. However. prediction of
trends in toughness with microstructure requires
additional analysis and insight.

5, CONCLUDING REMARKS

Fig. 10. SEM micrograph showing the fracture surface of a The relatively high toughness provided by the
bridging ligament, laminate microstructure is consistent with dissipation

governed by twinning of the -,-phase. The twinning
where F,, is the brittle fracture resistance of the twin occurs within a process zone. as well as within crack
planes that govern the crack path. Th is the dissipa- bridging ligaments, with about equal contributions
tion in the bridging ligaments and FP the dissipation arising from the process and bridging zones. Process
in the twin process zone. zone twin toughening has been identified with other.

Before proceeding. a consistency check is made predominantly -j-TiAI. microstructures [2]. The lami-
based on the width, h. of the the twin process zone. nate microstructures appear to provide an additional
In steady-state. this zone is predicted to be [12, 13] contribution to the toughness by allowing the

h = 1312Yr)(Er.,t,2). (2) formation of bridging ligaments, which experience
1 () extensive deformation between the crack faces as the

Based on the measured values of F, and a, (Table I), crack extends. The ability of the laminates to locally
h is predicted to be - 200,pm. consistent with exper- deflect cracks appear to be central to the incidence of
imental observations (Fig. 6). This zone is similar in appreciable bridging, leading to the large local strains
width to that found in a ;--TiAi that exhibits twin and the dissipation that occurs by twinning within the

toughening [21. for which TV % I kUm -. Also. the bridging ligaments, once formed.
ratio of the hardening H to the modulus E is Further research of a basic nature on shear
similar (Fig. 4). Since h and H1E appear to be the deformation by twinning (and associated dislocation
important quantities affecting the twin toughening mechanisms) in laminated structures is needed to
12). it seems reasonable to suppose that the process address the above features of the toughening process
zone toughening in the present material is also and to provide a predictive model. Specifically, a
TV tlkJm-,. rigorous model that incorporates the constitutive

The bridging zone dissipation is usually dominated behavior of the twinning material is required to relate
by plastic deformation within the ligamentst which the toughening to aspects of the twin process zone,
can occur in accordance with the schematic indicated comparable to that for transformation toughening
on Fig. II. wherein debonding in conjunction with [12, 131. A basic mechanics of the microstructural
a twinning shear allows the crack to open. as the features that govern the formation and the response
ligament deforms. The plastic dissipation per unit of bridging ligaments also needs to be developed,
area of crack is approximately along the lines established for debonding and

b fhO;ofT(3) dissipation in fiber composites (14J.

where To and y, are, respectively. the shear stress REFERENCES
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ABSTRACT

Some consequences of a simple theoretical model for the stress-induced, isothermal phase

transformation of an isolated tetragonal zirconia crystal are studied. The transformation to a

monoclinic state is viewed as mechanical buckling from one homogeneous geometrical

configuration to another. The model is used to predict the manner in which an applied shear stress

should interact with hydrostatic stress in causing the transformation, and also the reverse

monocinic-to-tetragonal phase change. An isolated tetragonal inclusion in an elastic matrix is also

considered, and its response to a far-field combination of shear and hydrostatic stress is analyzed.

INTRODUCTIO:

The discovery by Garvie et al (1975) of the transformation-toughening effects of zirconia

(ZrO2) particles embedded in a brittle matrix has spawned a large literature on the subject (see

Evans and Heuer 1980, Evans and Cannon 1986, Green et al 1989, RUble and Evans 1989 for

reviews), and research continues apace. Early theoretical analyses of transformation toughening

were based on the assumption that a tetragonal-to-monoclinic phase transformation of zirconia

inclusions is provoked by a critical hydrostatic tension ( McMeeking and Evans 1982, Budiansky

et al 1983), and the same basis was used in several later studies (e.g. Rose 1986, Amazigo and

Budiansky 1988, Stump and Budiansky 1989ab). But in several theoretical studies (e.g., Evans

and Cannon 1986; Lambropoulos 1986; Chen and Reyes Morel 1987; Sun et &1 1990; Stump

1991) shear-stress effects on transformation toughening have been explored, and found to be

substantial (and in Stump's work, startling). Furthermore, experiments on composites (Chen and

Reyes Morel 1986) have shown that shear and hydrostatic stress may interact significantly in

triggering the m--t transformation.

In this paper we explore some consequences of a simple theoretical model for the stress-

induced, isothermal phase transformation of an isolated tetragonal zirconia crystal. The
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transformation is viewed as mechanical buckling from one homogeneous geometrical configuration

to another. The analytical formulation is based on the most elementary polynomial strain-energy

functonal that is sufficiently rich to itrply the t--m transformation at a critical pressure. A similar

functional has been written for zirconia by Chan (1988), but we explore its implications in rather

different directions her. The model is used to predict the manner in which an applied shear stress

should interact with hydrostatic stress in causing the transformation, and also the reverse m-+t

transformation. The theory also implies constraints on the signs and ratios of some of the elastic

constants in the monoclinic phase. These results will be confronted with those of recent acoustic

experiments by Nevitt et al (1988) and atomic ab inido calculations by Cohen et al (1988).

On the basis of an idealized, approximate version of the model, we also look briefty at an

isolated tetragonal inclusion i, an elastic matrix, and study its response to a far-field combination

of shear and hydrostatic stress vis-a-vis that of an unconstrained crystal.

MODELING GOALS

Guided by various experimental observations (particularly those of Block et a] 1985), we

shall postulate several basic phenomenological features of the phase transformations of zirconia,

and atte!,ipt to build a mathematical mechanical model that is consistent with these c'mracteristics

anA- permits the prediction of others. We will assume that (i) aw a fixed temtperature a single crystal

of zirconia is stable in a tetragonal configuration for sufficiently high pressures*; (ii) under

decreasing pressure, the zirconia suddenly snaps into a homogerneous monoclinic phase (ste Fig.
1) at a critical pressure p=pc ; and (iii) under subsequent reapplication of increasing pressure, a

sudden reverse transformation back to the tetragonal phase occurs at p=pc >pc. The data of Block

et al show room-temperature values of pc - 2.8 GPa and p' = p, + AP," 3.4 GPa during such

pressure cycles, and also indicate that for increasing temperature both critical pressures decrease
linearly, with Apc remaining constant. This hysteretic behavior is illustrated schematically by the

phase diagram in pressure-temperature space sketched in Fig. 2, wherein the solid line represents

the tetragonal-to-monoclinic (t-+m) transformation under decreasinr pressure at constant

temperature or decreasing temperature at fixed pressure, and th-. dashed line is the m--t boundary
for increasing pressure or increasing temperature. The obvious analogous interpretations of these

boundaries are presumed to apply for curved paths in pressure-temperature space, but in the rest of

this paper we will restrict ourselves to consideration of isothermal phase changes.

* At room tenperaure, the high-pressure phase may really be slighdy onholdmbic ruha than tetragonal (Arashi et

a] 1988; Chiso and Chen 1990), but our elementary analysis remains applicable.
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The current lore of zirconia has it that at room temperature, and under purely hydrostatic
loading, a dilatational strain 0T of about .04 should occur during the tetragonal-to-monoclinic

phase transformation. The magnitude of the accompanying shear strain Yr with respect to one of
the two original pairs of a-c axes (see Fig. 1) is believed to be about .16, while the a-a axes, as
well as the other a-c pair, remain orthogonal as they transform into the a-b and b-c axes in the

monoclinic phase. Clearly, the transformation shear strain may be positive or negative

(corresponding to symmetry related variants of the monoclinic configuration) and so the sudden
martensitic t-to-m phase change induced by decreasing pressure has the earmarks of a symmetry-
breaking, mechanical instability akin to the buckling of an imperfection-sensitive structure. (The
general theory of buckling and post-buckling behavior of elastic structures is due to Koiter 1945;
see Budiansky 1974 for a review.) Following up on this point of view, we propose to regard the
t-to-m phase change under hydrostatic pressure as the result of a buckling instability at a critical
pressure Pc that follows from an appropriately invented strain-energy functional of the dilatation 0
and the shear strain 'y in the a-c axes. The formulation should also be consistent with the
hysteresis in critical press. '- associated with the reverse transformation. The main goal of the

exercise will then be to see -- without further assumptions or the introduction of additional

adjustable parameters -- what the model would predict about the simultaneous effects of applied
shear stress and pressure in provoking the t-to-m phase change and its reversal. Other implications

of the model will also be deduced and assessed.
While this program contemplates an unconstrained zirconia single crystal, it can also be

imagined applicable to a partially stabilized zirconia crystal containing a dopant (e.g., CaO, MgO,
CeO 2 , Y20 3) by adjustment of the magnitudes of pc, p,, and if necessary, OT and yr.

However, stabilization of a zirconia inclusion by surrounding elastic material is another matter, and

we will use the Eshelby (1958) equations to make a preliminary study of the phase change of an
isolated spherical zirconia inclusion in an elastic medium subjected to combined hydrostatic stress
and shear. Here twinning becomes important, and we will make a few remarks about this.

MODEL ASSUMPTIONS AND CALCULATIONS
Strain-enerev. potential energy. and equilibrium

We contemplate a tetragonal crystal subjected to an applied stress, but restrict ourselves to

external loading that consists only of hydrostatic stress o=-p and shear stress t in a pair of a-c
axes (Fig. 3), and assume that the isothermal elastic strain energy density at room temperature may
be written as a smooth function F(O,y) of the associated dilatation and shear strain. Thus we

suppress the possibility that a shear strain with respect to the other pair of a-c tetragonal axes will

occur. Also, for convenience, we assume that F(0,0)--O, and that 0 is measured from the
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ti -agonal state corresponding to "tf-.-z=O. The following polynomial choice for F(0,1) is the

simplest one that will have the modeling consequences that we seek:

F(Oy) -K 2 + Gy2 -C _y 2 + By 4 +*Ejy(

In the conventional small-strain approximation, the specific potential energy (i.e., the Gibbs free

energy) of the loaded system is then defined by

*=F(eY)-oe-Oy (2)

and equilibrium states (O,) are governed by the conditions

"I 0-1 = 0(3)aey

of stationary potential energy. These equilibrium states need not, of course, be stable.
Hydrotatic loadinf (1•=0)

With 't dropped, we get the equilibrium equations

Ke - Cy2 =a (4a)

(G - 2CO)y + BR- + Dy5 = 0 (4b)

Theb fwdam l solution is
Oo=a/K, yoO (5)

which identifies K as the tetragonal bulk modulus, which we assume to be positive. But we

require that for increasing a (i.e., decreasing p) this solution change from stable to unstable at

some critical value of a. Since e *0/ly2 = G- 2Ca/K is positive when the fundamental state is

stable, we must have C>A, and so the tetragonal configuration becomes unstable for ao>a where

PC = KG (6)
2C

is the critical hydrostatic stress for phase transformation. Note the parameter G will be negative if

the tetragonal phase is unstable in the stress-free state.

An alternative solution of (4) with ysO is specified by

,9 =. .Ey2(7a)
K K

,_0_ CrBK 2 1 DK14(b
-o 2C- J" +L-jfy ([b)

which provide a and 0 explicitly in terms of 72. This solution bifurcates from the fundamental

one (5) at ofa-. These equations can be put into an illuminating nondimensional form. For T>O,

we demand that the relation between a and y implied by Eq. (7b) have the form sketched in Fig. 4,

with a minimum at oc = a- Aa; and Eqs. (7) should have the solutions eOa/K+OT and yTyr at

aWyc, corresponding to the monoclinic-phase strains. (There is, of course, a symmetrical

solution with y<).) If we eliminate the constants in Eqs. (7) in favor of K, Or,yr, and Aa, we

get
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B = 2

YT

and we can write Eqs. (7) as

OT YT

where Oo is the linear function of o given in (5). These equations provide the nondimensional

relations between load and distortion shown by the solid curves in Figs. 5ab. We review the
behavior these curves rnflect Starting out from the tetragonal phase (y-=0) with O<co, increasing

o simply induces elastic dilatation changes until the martensitic phase transformation into the

monoclinic state occurs as a consequence of the buckling instability at o-a.. Then yjumps to -r

and 0 increases suddenly by the amount Or. Under subsequent stress reversal, the material snaps
back to the tetragonal shape when a reaches ac - bo.

An immediate consequence of our simple model is that the instantaweous strain reducions
"y!T and 0r during the reverse m.-n transformation are given by y•. =,fT/T and 9• = O.r12,

substantially smaller than the jumps of the t-+m phase change. Clearly, such special elations can
not have any basic significance, and are not to be regaded as predictions. Rather, they emphasize
the likely need for more elaborate energy functionals in order to achieve consistency with the
details of actual relations between direct and reverse ransformation strains, Such experimental

data for presure cycling am not known to us.
CombindW loading: hydrostati stress and er

It is convenient to work with the reduced energy functional 4 -4 o, where ON defined as

the potential energy of the fundamental tetragonal state (5) under pure hydrostatic stress, is given

by

i0 o =4Ko-oe (10)
Then Eqs. (1), (2), (6) and (8) provide a nondimensional reduced energy %p that may be written as
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TO ) AOOT 2L IYT) I YT(11)

where

CO= KO (12)AC

The equilibrium equations- = - = 0iveae ayS'Y)

(J =t( 2 (13a)

a_ . J -- (13b)

where wo have introduced the nondimensional shear stress parameter

ZVI . TYT (13c)

(The 6-y relation (13a) is the same as it was for c=.) Eqs. (13) provide the dashed curves in

Figs. 5ab, which show how the application of a constant shear stress, represented by several
values of z, affects the relations between hydrostatic stress and strain. The impomnt thing to note

is that in the presence of shear the t-.m phase transformation under increasing o is no longer

associated with a bifurcation instability, as it was for t=O. Instead, for a range of non-zero V's,
the phase change reflects linma-poimt buckling at the local maximum in the a-y (or o-0) relation,

and the critical stress macr for the t--m jump may be reduced substantially below Oa by the
presence of shear. For small values of t, the snapping stress o. implied by Eq. (13) is given

asymptotically by
S._ ,2/3

°c- 3(&r)1 /3 20 (14)

The reverse m--t transformation stress omin is also lowere by shear stress (linearly for small r),
and the hysteresis [a.~-amJ is less than the original Am. Further, for sufficiently large values

of shear stress, namely

25 10 YT (15)

the tetragonal-to-monoclinic transition under increasing F becomes gradual, losing its buckling

character, and under reverse loading the trip back follows the same continuous path. All of this is



7

qualitatively consistent with the buckling behavior of imperfection-sensitive structures, in which

small initial displacements lead to catastrophic collpse at loads significantly lower than the critical

bifurcation load.
Stress-mspce phas dia twam

Eq. (13b) implies that for =omau or a-amin, the variables I, a, and t must satisfy the

relations

Z = 2(.T1I-.a@-- - + (

a =- - (16b)

where Eq. (16b) follows from the condition, for fixed t, (i/y) 1 = 0 applied to (16a). Hence

Eqs. (16) provide a parametric representation, via Ityr, for the t-+m and mi-t phase boundaries
shown in Fig. 6. The range 0:5 Y/IT s43r710 gives amn and the lower boundary, for min.,

corresponds to 43 / :5 7 / y/IT 4112. These curves intersect tangentially at the critical point

Z=(48/25)43- -/0, corsponding to (a=oay 2) 0. Note the vertical slope at

t=O of the t--m boundary, consistent with Eq. (15). (The reflection of these curves about the a-
axis provides the stress-space phase boundaries for t<0.) The long arows in Fig. 6 emphasize
the directions of stress change that provoke t--m and m-4t phase changes, and the distance

between the two curves represents the hysteresis. But the phase diagram is also valid for arbitrary
stress paths in Y-t stress space that cross the boundaries from the inside to the outside of the
region they bound. Finally, we note that stress paths that remain outside this region induce only

continuous strain changes, like those shown by the botm curves of Fig. 5.
The t-.m curve can be imagined analogous to a "yield" locus of plasticity theoy, and then

the associated jumps in 0 and y are like plastic strains. But in conventional plasticity theory a
"normality" rule constrains the plastic strain ratios. In our problem, the condition of normality
means that at each point on the t-4m phase boundary, the t--m jumps 80 and by, and increments

do and d& along the curve, would have to satisfy the relation 8Odko+c&O=O. This is clearly not
so; indeed, at r-o, normality would imply W )!

It may be of interest to note that normality would hold if the phase jumps were arbitrarily
required to occur (reversibly) on a phase boundary in a-0 space corresponding to the Maxwell
condition of equal Gibbs energy in the two phases, rather than at the states of limit-point
instability. Since the energy is

(0Y) (C.t)
F= J(ad8+'rdy)-o0-'y= J(6do +ydr) (17)

(0.0) (0.0)
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we have dF---do+ydcr along any curve in 0-?r space. The energy jump WF=O therefore implies

8[dF] = 80da+8ydir=O along the Maxwell locus. (This kind of argument was used by Rice

(1971) to make normality plausible in plasticity.) But we emphasize that there is no apparent
reason to impose the Maxwell condition on martensitic phase changes that display stress
hysteresis.

Monoclinic elastic moduh

A credibility check on our model can be made by calculating the pedicted cross-compliance
dy /do a (dy /)o)., of the stable monoclinic phase at zero pressure and shear, and comparing with

available experimental data (Nevitt et al 1988) and atomic-theory estimates (Cohen et al 1988).

From Eq.(9b), the shear strain It at O---t=O (and room temperature) is given by

igT 1+1 2d ' (18)

and the cross-compliance d'1da follows from (9b) by differentiation. The reciprocal of this
compliance is the monoclinic cross-modulus given by

G .To ATTJL k'T

= AYT V-Aa(19b)

This is the slope of the o-I curve (Fig. 4) at o=0, y Similarly, by differentiation of Eq. (13),
we get the monoclinic shear modulus at a--t=O as

(~if=1~xO!TTTTJ(20)I 0 YT A~•) o

The sign of the predicted value of (dy/do)-' is of particular interest. Our model says it is
positive, which means that incremental hydrostatic tension applied to room-temperature,
monoclinic zirconia should increase the shear angle y defined in Figs. (1) and (2). Careful

attention to sign convention is clearly crucial in the assessment of this prediction vis-a-vis the

measurements of Nevitn at al and the atomic calculations of Cohen et al. Telephone communication
with both Nevitt and Cohen has confirmed that they used conventional monoclinic axes (Nye
1957), for which the Is-angle between the a and c axes (Fig. 1) is greater than 90', whereas we

adopted the twinned configuration having an acute angle between the a and c axes. This means that
we have to change the signs of their reported tension-shear cross-compliances when we use them

to make comparisons with the predictions of Eq. (19). (More precisely, in terms of the standard

crystallographic compliances Sij, our dy/do is equal to [-S15s-S2--S3s].)

Guided by the measurements of Block et al (1985) for room-temperature zirconia we

assume Gc=-2.8 GPa and Ao=.6 GPa in Eq. (18) to get yo/T-=1.30. Although the
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transformation strain yr has usually been presumed equal to about .16, this is evidently based on

the value of (V--•/2), where A-%9* is the reported magnitude of the angular lattice parameter of

monoclinic zirconia at zero pressure and room temperature (Green et al 1989). Hence it is more

appropriate to use .16 as the value of o0, rather than yr, in (19) and (20). A room-temperature

value of OT is not well established, but we will evaluate Eq. (20) using the assumption yr/or = 4.

This is consistent with lattice-parameter data quoted by Green et al (1989, p.220) for monoclinic

ZrO2at 9560C and tetragonal ZrO2 at 11520C, which indicate or,.03, rather than the usually

assumed value .04.

Table I shows the magnitudes of (dyfda)-1 and (dy/d1)-' thereby given by (19) and (20),
together with the values (for our coordinate system) derived from the measurements of Nevitt et al
and the atomic estimates of Cohen et al.

TABLE I
Monoclinic Moduli (GPa)

(oa=-2.8 GPa, Ao=.6 OPa, -09=.16, 1 r/0T = 4 )

modulus Eqs. (18-20) Nevittetal Cohenetal

(dl/do)-' 121 -680 400. 260

(d1/d)j-1 78 65 90,64

The two sets of numbers in the last column correspond to two different atomic structures that were

assumed by Cohen et al for monoclinic zirconia.
Not too much significance should be attached to the absolute magnitudes of our nibers,

because our model is so primitive. But the difference in sign between our result for the cross-
modulus and Nevitt's experimental value is disappointing, because it is hard to see how our model

could easily be modified to change the sign of Oyda. Of course, the same sign difference between
the Nevitt and Cohen results do suggest that final judgement may be premature. In this
connection, we have scrutinized the elastic constants tabulated by Simmons and Wang (1971) for

21 different monoclinic materials, and we find that dl/do is positive for 12 of these, and negative

for the rest. Perhaps our model and variants thereof could make sense only for some kinds of
monoclinic materials and not others. (Also, we remain uneasy about the consistency of the sign
conventions for monoclinic crystals used by various authors.)

Although our zirconia model has failed to pass the experimental credibility check we
sought, we will stay with it a little longer, and explore some of its consequences concerning phase

changes of inclusions from tetragonal to monoclinic, and back.
Elastically costrained cr-ystals

We contemplate next an isolated, single tetragonal crystal embedded in an infinite matrix of

non-transforming, isotropic, linearly elastic material, and seek to determine critical combinations of
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stress at infinity that will cause its transformation to a monoclinic phase. We restrict ourselves to

the application of just two stress types at infinity, namely hydrostatic stress o- and a single shear

stress t-, the latter aligned with the a-c axes (Fig. 3) of the tetragonal inclusion. In this

exploratory study, we will make some simplifying assumptions, as follows:

(i) the inclusion will be assumed to be spherical;
(ii) strains will be assumed homogenous in the inclusion; specifically, twinning will be

Presumed not to occur,
(iii) we will continue to apply the single crystal relations (9a) and (13) connecting o, %, 0,

and y to the inclusion, with a reinterpreted as the mean normal stress. This represents an extra

simplifying assumption, because the constrained crystal will suffer stress states that are more

complex than the combination of pure hydrostatic loading and simple shear which we contemplated

in our study of the unconstrained crystal;

(iv) the bulk modulus of the matrix will be set equal to the tetragonal bulk modulus K of the

inclusion.

Assumption (ii) is drastic. Constrained tetragonal zirconia inclusions generally do display

multiple twinned monoclinic bands when they transform. It seems nevertheless worthwhile to

pursue the idealized constrained-crystal model we have set, to see how the calculations go, in

preparation for the considerably more sophisticated analysis that would be needed to take twinning

into account; and to gain some insight into the magnitudes of stresses and strains that would be

involved in a hypothetical twin-free transformation.

The exact Eshelby-Hill relations (Eshelby 1959; Hill 1965) for a homogeneous spherical

inclusion can be written as

a - a = a - l1 y- * -a ) (2 1)

in terms of the bulk modulus K and shear modulus GM of the matrix, and the Eshelby parameters
l+v 2(4-5v) (22)= =---, (22

3(l - v) 15(I-v)
The strains at infinity are 6 = o/ iK and Y* = f"/K. With GM = K[3(1 - 2v)]/[2(l - v)],

Eqs. (21) together with the inclusion relations (13) may be used to eliminate a and t, and get the

connections

[Am - -l !,,' f I . ...T 2 T) (22b)

[ A ~ lTu/YT [(Y ) kYTJYT 2
where k=3(l- 2vX7- 5v) (23)

4(1 + vX(4- 5v)
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and c =I -a)(1 -ct)/4 (24)

It now follows from (22b) that for Tr-O, the tetragonal inclusion strains remain equal to 0 = 0'
and y = 0until - reaches the bifurcation stress

"= Cc + XOAC(YT /9T)2

C oc + W /OT (25)

The inclusion strains will then have finite jumps only if c>O, with magnitudes

?T==4FTT. r=aCCT (26)
During reverse loading the jump back to the tetragonal state will occur at a" = ac - Ac", where

AC" = c2(AC) (27)

is the hysteresis in c-. The relations (22) may now be rewritten to look very much like those in

(13) for the unconstrained crystal, as follows:

-e =k•(29a)

-aJ_ -4 --= (28b)L Ao J'TIT •T ^(T 2

where (29)

Accordingly, for c>O, all of the results plotted in Figs. 5-6 become applicable to the constrained
crystal, simply by substituting a, a•, Ac" for a, Oa, and Aa, respectively, and replacing yr,

Or, and Z by IT, 4r, and I. For the special case v-.2, Eqs. (22) give a-1=.5, and the analogy
between Eqs. (13-14) and Eqs. (28-29) becomes perfect For this choice of v, we get X,=3/8 and

cI -W)/8.
For c<0, Eqs. (22) show that even with T-=O the inclusion would undergo a smooth

transition to a monoclinic-like state as the remote hydrostatic tension is increased beyond its critical

value. This corresponds to the case called "subcritical" by Budiansky et al (1983); their
"supercritical" case, in which the constrained inclusion transforms abruptly at a critical stress,

corresponds to c>O.
A rough estimate of a*, via Eq. (25), with X=3/8, K-I15 GPa, c=--3 GPa, yr=.12, and

OT=.03, gives <c=24 Gpa. This seems much too high; working backwards from measured

toughnesses of transformation-toughened materials suggests values of ao" around 1/2 GPa. Some

reduction of the elastic constraint on inclusions can be attributed to inclusion interaction, but the

chief culprit invalidating the calculaWn of CO must be twinning. Finally, we note that for v=.2,

the supercritical transformation criterion c>O requires w-Ker/Au < 8; with Ao,-.6, we get the

estimate to=10 - too high for supercriticality.
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Twin bands and twinnin*
There arm at least two distinct ways in which twinned configurations could occur in

transforming crystals (Chen and Chiao 1983), thereby invalidating our calculations. First of all,
even an unconstrained tetragonal crystal can be expected to suffer twinning as it transforms to the
monoclinic state, as a consequence of habit-plane compatibility requirements when a phase-change
interface sweeps across the crystal (Wayman 1964). Second, minimum-energy requirements
associated with the phase change of an elastically constrained embedded single crystal may induce
bands of monoclinic variants, as has generally been observed in all but very small inclusions. At
least qualitatively, this kind of twin-band development, and the dependence of the number of twin
bands on crystal size, may be understood (e. g., Evans et al, 1981) on the basis of a trade-off
between the reduced elastic strain energy provoked by multiply twinned configurations of
transforming embedded inclusions and the band interface surface energies. A quantitative
mechanical analysis of these twinning issues and their interactions, in the spirit of the present
approach, remains to be executed. Not least of the difficulties in such a task is the stipulation of
the required twin-band interface energies, the magnitudes of which are not known.

CONCLUDING REMARKS

Subject to the admittedly drastic simplification of permitting only homogeneous states in
both constrained and unconstrained crystals, we have presented a model for tetragonal-to-
monoclinic transformation in zirconia, and the reverse phase change, under a simple state of
combined hydrostatic tension a and shear . The nature of the combined a-c stress conditions for
phase change has been explored, albeit speculatively, as have several other implications of the
model. Similar studies involving more complex stress states of loading can be undertaken, and
the more challenging problem of incorporating twinning effects remains to be met.
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Introduction

Cobalt-tungsten carbide cermets are prototypical dual-phase composites wherein the metal is the minor
phase (volume fraction, fm,=0.1-. 2), but is continuous, because of capillarity effects at the interphase interfaces
during sintering. The refinement of such composites into the nanometer size scale regime is of interest and
indeed, has been achieved [1], with the expectation that nanoscale refinement will enhance such properties as
hardness and tensile strength. The role of plastic flow in the metal phase on the stress/strain curve of these
composites is addressed in this article. The emphasis of most previous analyses of dual-phase metal/ceramic
composites has been on the flow strength of systems with dispersed particles, in the fm > 0.5 range. The results
have been interpreted either by using a dislocation pile-up approach [2) or (for f > 0.8) by considering dislocation
loops bowing around particles (3]. Here, we suggest that neither of these models is appropriate for cermets with
small metal fraction (f.<0.2) at size scales in the nanometer regime. Instead, flow in the metal is related to
single dislocations moving in the metal channels, controlled by an Orowan-type relation. Furthermore, the
constraint of the less deformable WC is shown to provide strong flow strength elevation. The latter effect has
previously been evaluated for structures in the micrometer (or greater) regime in terms of a continuum approach
[41.

The flow properties are expected to be sensitive to microstructural details, especially the morphology of
the metal phase. Two bounds are analyzed (Fig. 1): i) both phases are continuous, with the metal as a cylindrical
network along the three-grain interface of the ceramic, ii) only the metal is continuous and thus serves as a
"matrix" with embedded ceramic particles. In all cases, it is assumed that the stress is below that at which cracks
form in the ceramic, that the interfaces are "strong" (do not debond) and that the ceramic is elastic. Analysis
of the latter morphology is approached from two perspectives: one based strictly on continuum plasticity,
wherein there are no size effects, and the other using dislocation models. Comparison of these two approaches
provides important insight about nanoscale issues.
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Both Phases Continuous

When both the metal and ceramic are continuous, the stress/strain behavior without cracking should be
bilinear (Fig. 2a) and essentially the same as that rotind for either a metal matrix composite with continuous
ceramic fibers (51 or a ceramic with a dispersed metal phase (6]. The initial modulus. E.. is governed b,. that

for the composite E, and the slope, E,. beyond the "knee" is related to modulus of the composite with all of the
stress borne by the ceramic. The intermediate behavior around the "knee" is governed by the flow properties

of the metal, through the evolution of load shedding to the ceramic. The magnitude of E, depends on the precise
morphology of the metal, analogous to the strong effects of pore shape on the modulus of porous bodies. Two
extremes are of interest. When the metal has the morphology of rods aligned along the loading axis. the "rule-of-
mixtures" applies, such that

E,I E = (l -f.) (la)

Conversely, when the metal occurs as an isolated spherical phase

-.E, - l Ij0/(7-5vý)1,fj( -I.) (lb)

where v, is Poisson's ratio for the ceramic. The corresponding composite Poisson's ratio is
v, - (0/2)-E,(1-2v,)/2E (1c)

"The location of the "knee" and the behavior in its vicinity are strongly influenced by the highly constrained
nature of the plastic flow in the metal. Consequently. there are major effects of morphology and of residual
stress caused by thermal expansion misfit. The details are not addressed in this article.

Continuous Metal Phase

Continuum Approach

Some basic continuum results [7.8] are reviewed first. The stress/strain curve for a thin metal layer
between elastic plates (Fig. 2b), in the absence of work hardening in the metal, exhibits a non-linear transient
with high apparent work hardening of the composite, followed by a limit stress, o,, given by;

0,/ - (314)t(l/4)dlh (2)

where oa is the uniaxial yield strength of the metal, h is the metal thickness and d the plate width. This limit
stress develops after strains in the metal layer of order e., where e. is the uniaxial yield strain. If the metal layer
in the composite has uniform width everywhere, the initial value of d/h in Eqn. (2) is related to the metal volume
fraction, in approximate accordance with

3h/d. (3a)

More generally,

!U. 3Zh/d (3b)

where X is dependent on the excess metal phase at three- and four-grain interfaces. The simplistic results
obtained by inserting Eqn. (3c) into Eqn. (2) have several obvious limitations. The most important problems
are concerned with i) the metal phase morphology, ii) metal phase redistribution and iii) work hardening in the
metal. Even when the metal is perfectly plastic, a, is sensitive to X, which dictates the metal concentration at
which the ceramic phase becomes connected, fi'. This effect is illustrated in Fig. 2 for the case of a ceramic

phase having nominal "equiaxed" morphology. As expected, o,/o.-- as f.-f2. Hence the definition of fi" in

terms of the metal phase morphology is critical. In addition, conservation of volume in the metal (assuming no
debonding and no cavitation) requires metal redistribution, such that the metal phase thickness h along the
transverse interfaces diminishes as the composite deforms. In the limit. h can reach zero, leading to contact of
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ceramic grains and a decrease in the eftecrive valoe of the area fraction f, in some regions. This eftect tur:her
elevates the flow strength as the composite deform, and obviatce the existence of a limit load. Fianall. '.,ork

hardening in the metal increases the floA strength. Some typical effects for poAer lasA hardening w ith equiaxed
particles (when fJ=O.8) are illustrated in Fie. 3.

In summarN, the dramatic effects of morpnolop and ot suirk hardening in the metai on the stressstrain
curve establish that predictions are onlh, meaningful when complete experimer!:dl inforrmnt-im' is av.aiable
concerning these factors. Without this information, the utility of the continuum description cannot be e~alu;'ed
However. it is emphasized that the continuum approach does not give a particle size effect in the absence of
cracking, dehonding and cavitation, at least %;hen the morphology is size independent. Clear experimental
information that particle size is important, in some cases, indicates the need for a disiocation-based approach
to address certain aspects of the flow behavior.

Dislocation ApDroach

In the nanometer size regime. two issues are important. Dislocations can neither bo- around the ceramic
particles, because of geometric constraints, nor can they be sustained in a pileup array. because the stress to
sustain two dislocations (the minimum size pileup) exceeds that to move a single loop. Instead, loops nucleate
and deposit at the interface, as shown in Fig. 4a. The segment of these loops remaining in the metal phase can
then move in the z direction as represented in Fig. 4b. In the case depicted. the dislocations in the interface are
considered to be edge dislocations and the moving segments screw dislocations. The structure is analogous to
that within i) persistent slip bands in fatigued metals 19]: ii) heavily deformed pearlite It0]; and iii) strained
multilayer structures (strained superlattices) [ 11]. When the modulus of the ceramic exceeds that of the metal.
the dislocations encounter an image repulsion and stand off a distance yo from the interface [12.13]. For an
extreme case of AI,0 3/Nb, with a shear modulus ratio of 6. the stand-off distance is y1 = 0.09h. Hence. for most
cases, this image effect can he neglected.'

The resolved effective shear stress to move the dislocation segment is

S= PbcosIJ/h (4)

where p is the shear modulus. h is the Burgers length and o is defined in Fig. 4c. The angle 0 is dictated by
the line energy of the moving (screw) segment.

(W1IL) = (gib214i)ln(hlb) (5a)

relative to that of the edge segment deposited at the interface

W, L = Isb 1j47t(l-v)]1n(X/b) (5b)

Here, I is the mean dislocation spacing in the interface. Usually. as soon as microstrain is imposed on the
system. A decreases with strain to a limiting value . 2-3b [14]. The relation among the above quantities is:
cosO=We/W,. Consequently. since W, depends weakly on h. the power dependence of r on h deviates only
slightly from -1 "[15].

The resolved effective shear stress must equal the resolved flow strength, such that.

a -a.,-o ?/m a Ikbcost/mh (6)

where m is the Schmid factor for the active glide plane. The relationship between oa and a. depends on the
constraint that develops in the thin metal layers. This, in turn, depends on the plastic flow that occurs around
the corners of the ceramic particulate, between the transverse and normal layers. If such flow in inhibited, the
system behaves in a strictly elastic manner. Conversely. if this process occurs readily, the composite flow strength

"tif it is significant, the effective Oriwan segment length becomes h-2, instead of h.

Usualtt. scatter in data is such that it is difficult to discern dcsiations from -1 power.
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is dictated by a constraint factor, analogous to that for the continuum phenomenon. Eqn. (1). Furthermore,

composite flow is controlled by the transverse layer thickness, which decreases as the composite deforms, leading
to geometric hardening. Specifically, since the plastic strain is limited to the metal phase, the transverse plastic

strain is
n 2 -Ah/2d (7a)

whereupon the transverse layer thickness reduces to

hd - (hoad)*e'= (7b)

where h. is the initial metal layer thickness. The ratio hjd is. in turn, related to the metal volume fraction,
subject to the metal phase morphology parameter Z, Eqn. (3b). The plated dislocations in Fig. 4a provide load
shedding to the ceramic phase just as in the continuum analysis. Hence, Eqn. (2) applies to this case with
O0 =-/m, Eqn. (6). The limit flow strength for nanoscale structure thus becomes,

= cis4xl.'(bdh {L.F1 I EXC}} (&a)
40' f -(3x/2)e?4 X 2f

- f9coS4X(ba'd)p/4m",, 11 3xfffJ (8b)

Consequently, when f. is small and the metal phase morphology dictates that x > 1, constraint becomes a dominant
factor, leading to linear hardening. Furthermore, there is a nanoscale size effect, associated with the term b/d.
Note that the linearity in the hardening is qualitatively similar to the flow behavior expected when the ceramic
phase is continuous.

The research was supported by the DARPA University Research Initiative at the University of California,
Santa Barbara, under ONR contract No. 00014-86-K-0753.
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Fig.l. ceramic-metal composites with (a), the metallic
phase continuous and (b), both phases continuous.
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Fig. 2. Typical stress-strain curves for ceramic-metal
composites with (a), both phases continuous and (b),
the metallic phase continuous
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Fig. 3. Effect of power law hardening exponent N on the
stress-strain behavior of a metal matrix-equiaxed ceramic
particulate composite with fm = 0.8 [7].
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Fig. 4. Dislocations formed in a phase and (a), deposited
at or near interface (view along dislocation line), (b),
bowing out and moving (view perpendicular to (a). (c) shows
the geometry of the bowed segment.


