
ELECTED 

&«<•'* 
'BliTnirwi 

TECHNICAL PAPERS 

PAG 
TECHNICAL CONFERENCE 

"Design of Experiments and 
Data Analysis in Plastics 

Engineering' j) 

SEPTEMBER  19-20,  1968 

Hermann Hall 
Illinois Institute of Technology 

Chicago, Illinois 

DEPARTMENT OF nccrvor- 
PUST.CS TECHNICAL WA?MTON c™™ 

PICATINNY ARSENAL, DOOERNJ
NTER 

i2SE?!S28S 

patEääiSaSI 

Büß SOCIETY OF PLASTICS ENGINEERS, INC. Polymer Structure and Properties 

"    Appwrad fea pnbiUi wfes$S| 

P- jHnäft WT# h';*«t*5«S^(^i[^y*j^**i*^*'.'i^^ **«r*---: * ■ 

19951107 113 
DTI© QUALITY INSPECTED 8 

5t>  SO 

» 

o 



*MSG 014 DR0L5 PROCESSING - LAST INPUT IGNORED 

1  OF   1 
««OTIC DOES NOT HAVE THIS ITEM«* 

-- 1 - AO NUM8ER: 0424099 
-- 5 - CORPORATE AUTHOR: SOCIETY OF PLASTICS ENGINEERS GREENWICH CONN* 
-- 6 - UNCLASSIFIED TITLE:   DESIGN OF EXPERIMENTS AND DATA ANALYSIS IN 

PLASTICS ENGINEERING. 
--U - REPORT DATE:    SEP 19, 1968 
--12 - PAGINATION:   50P 
-20 - REPORT CLASSIFICATION: UNCLASSIFIED 
-21 - SUPPLEMENTARY NOTE:   PROCEEDINGS: PAG TECHNICAL CONFERENCE, ' 

DESIGN OF EXPERIMENTS AND DATA ANALYSIS IN PLASTICS ENGINEERING', 
19-20 SEP 68, CHICAGO, IL. SPONSORED BY SOCIETY OF PLASTICS 
ENGINEERS, POLYMER STRUCTURE AND PROPERTIES PROFESSIONAL ACTIVITY 
GROUP. (SEE PL-27902 - PL-27904). 

-22 - LIMITATIONS (ALPHA):   APPROVED FOR PU8LIC RELEASE; DISTRIBUTION 
UNLIMITED. IIHIIIILI'IOILIH 30CICH Of PLAiTiCS CIIClllECnr| iiOii PUTIIAH 

OWt, i QMTHilitlli liTi Mm.' 
-33 - LIMITATION CODES: 1 ^f 

-  END        Y FOR NEXT ACCESSION END 

Alt-Z FOR HELP3 ANSI   3 HDX 3 3 LOG CLOSED 3 PRINT OFF 3 PARITY 

^£{^^ß%i?f^0^ ^ ^§gi$0j.^>)'<*H0^:*;'k&:s-xf?*\ ■lW^'^0 -t-''.'^!"i ^'WMK^ '■■W.' %;• 



"DESIGN OF EXPERIMENTS AND DATA ANALYSIS IN PLASTICS ENGINEERING' 

<C 

PAG Technical Conference 

Sponsored by 

Polymer Structure and Properties 

Professional Activity Group 

Society of Plastics Engineers, Inc. 

September 19-20, 1968 



"DESIGN OF EXPERIMENTS AND DATA ANALYSIS IN PLASTICS ENGINEERING" 

PAG Technical Conference of the Society of Plastics Engineers,, Ine 

Sponsored by 

POLYMER STRUCTURE AND PROPERTIES 

PROFESSIONAL ACTIVITY GROUP 

Chicago;, Illinois 

September 19-20, 1968 

Conference Committee 

Chairman Profo Lawrence J0 Broutman 

Program       Dr0 Shiro Matsuoka 

Registration   Dr„ Mitsu Shida 

Administrative 
Advisor      Leonard I» Nass 

Chairman - 
Polymer Structure 
and Properties 
PAG Dr. Thomas Wo Huseby 

Illinois Institute of Technology 

Bell Telephone Laboratories, Inc» 

Chemplex Company 

National Starch & Chemical Corp. 

Bell Telephone Laboratories, Inc 

Papers edited for publication by John Hyden» 

.iosesslon For 

I ISIS QRAkl 

.«-vJj; 

1 

ft'1 



TABLE OF CONTENTS 

^~l7 03- 
"Flow Properties of PVCs Reduction to Composition 
and Interaction Variables" 

PAGE 

"Molecular Characterization of Polymers" 
Drc Lo Ho Tung, Dow Chemical Company 1 

"Flow Properties of Polymer Melts" A 
Dr0 Ro A0 Mendelson, Monsanto Company 7 <-"' 

19 t?y r\X~\ P$°  Ho p° Schreiber, Canadian Industries Limited 

"Some Studies of Properties of Plastics at Bell 
Telephone Laboratories" 

Wc Po Slichter, S„ Matsuoka, T, W» Huseby, 
Ro S«, Moore, J« Ho Daane, H» E» Bair, 
To Ko Kwei, Lo Lo Blyler, Jr», and <*f 
Ro Salovey, Bell Telephone Laboratories 

"Nonlinear Viscoelastic Characterization of 
Polymeric Materials" 

Prof« Ro A» Schapery, Purdue University k2 

"Aspect of Ultimate Properties; Mechanical Fatigue" * 
George Po Koo, Allied Chemical Company 43 -^ & 



STATEMENT OF POLICY 

RELEASE FOR PUBLICATION 

OF 

REGIONAL TECHNICAL CONFERENCE PAPERS 

1. All papers submitted to and accepted by the Society for presentation 
at one of its Regional Technical Conferences become the property of 
the Society of Plastics Engineers, Inc., and all publication rights are 
reserved by the Society. 

2. The Society shall make known those papers it wishes to publish within 
two weeks after the close of the Regional Technical Conference at which 
each paper was presented. 

3. The Society shall not grant previous or simultaneous publishing rights 
to any of the papers it intends to publish. 

4. The Society shall, at the time it makes known the papers it intends to 
publish, release all other papers to the authors with the stipulation that, 
if published elsewhere, credit be given both the Society of Plastics 
Engineers and the specific Regional Technical Conference involved. 

5. The Society shall not be responsible for statements or opinions advanced 
in publications, reports, papers, or in discussion at its meetings unless 
specifically approved by Council. 

6. An abstract of any paper presented at a Regional Technical Conference may 
be published provided this abstract does not exceed one-third the length of 
the original paper as it appears in the Conference preprint.   Such abstract 
may be published without obtaining further permission from the Society 
provided credit is given to both the Society of Plastics Engineers and the 
specific Regional Technical Conference involved. 



MOLECULAR CHARACTERIZATION OF POLYMERS 

L. Ho Tung 

Physical Research Laboratory 

The Dow Chemical Company 

Midland, Michigan ^48640 

In the characterization of polymers, the chemical structure of the repeating 
monomeric units is usually known. The information of interest is the nature of the 
bonds linking them and the geometry of the chain structure„ 

Shown schematically in Figure 1 is a homopolymer, where all the repeating 
units are alike. For the homopolymers we would like to know the number of the re- 
peating units in an average chain, or the average molecular weight» The chains in 
a sample are usually not uniform in length» We would like to know the degree of 
non-uniformity or the polydispersity, also the distribution of chain lengths or 
the molecular weight distribution of the sample. The chains may contain branches. 
If so, what is the average number of branches per chain, and the length of an av- 
erage branch? Extensively branched chains may form crosslinked networks. What is 
the per cent of crosslinked networks (or gels) in a sample? What is the degree of 
crosslinking of the networks? In what manner are the chains linked in the network 
or what is the topological description of the network? 

Besides the geometry of the chains, the repeating monomeric units may be 
linked together in more than one way. A typical vinyl-monomer is shown in Figure 
2. When these monomers link together in a polymer, the carbon atom to which the 
group X is attached becomes asymmetrical. If the d and 1 configurations are ar- 
ranged alternately, the chain is said to be syndiotactic. If the chain consists 
of only one configuration then it is isotactic. If the d and 1 configurations are 
distributed randomly, the chain is atactic. 

As shown in Figure 3« the vinyl-monomers can also link up in a head-to-head 
configuration. For a diene type monomer there are the eis, trans and the vinyl 
configurations as shown in Figure ^o 

For the copolymers shown in Figure 5s> there are the random copolymer, the 
block copolymer and the graft copolymer. In a random copolymer we want to know 
whether the composition of all the chains is alike. In a block copolymer we want 
to know the block length, the number of blocks in a chain, and whether there is 
random copolymer mixed with the block copolymer. In a graft copolymer, we want to 
know the number of grafts per chain and the lengths of the grafts. The problem 
multiplies in complexity when we face a terpolymer. Fortunately no polymers of 
higher complexity than the terpolymers are of any importance in the plastics in- 
dustry. 

Of what have been listed above, there are some structural features which 
cannot be identified at the present and some others which can only be determined 
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approximately and with great difficulty« From a practical point of view one would 
like to ask whether it is necessary to know all these structural details„ True 
enough, today, few would care to know the topology of a crosslink-network» Twenty 
years ago, only the rubber chemists cared anything about chain branching,, The pro- 
liferation of polyethylene technology makes it a highly desirable parameter to know 
in the plastics industry today» In a like manner, the high-speed fabrication 
technique has brought forth the awareness of the importance of molecular weight 
distribution,, Thus, it is difficult to discharge any structural feature as unim- 
portant o 

Since many properties of polymers are functions of the structure, they can be 
used for the characterization of the structure» One important example is the vis- 
cosity which is a function of the average molecular weight„ If little or no varia- 
tion is expected for the molecular weight distribution of the polymer, the melt 
viscosity at a given shear stress is indeed an easy method to determine the weight 
average molecular weight,, Melt index is one such method,, The melt viscosity of a 
polymer depends strongly on the rate of shear» This dependence is a function of the 
distribution of molecular weight» Thms, if a variation of molecular weight dis= 
tribution is expected for the samples, a correlation of molecular weight with the 
zero shear viscosity must be used» A better method, however, is to use the correla- 
tion of the weight average molecular weight with the intrinsic viscosity of the 
polymer» Intrinsic viscosity is measured in very dilute solutions and is» there- 
fore, relatively insensitive to the rate of shear» It can be conducted at much 
lower temperatures and, therefore, the danger of thermal degradation is minimized» 
The intrinsic viscosity requires the measurement of the reduced specific viscosity 
at several concentrations and the extrapolation to zero concentration as shown in 
Figure 6» The specific viscosity is defined by the equation 

Isp =  ^r - x = (%/%)  " 1 U) 

where 7]Q  is the viscosity of the solution and 7j0 is the viscosity of the solvent 
and 7jr  is the relative viscosity» The reduced specific viscosity is the ratio, 
7jSp/c where c is the concentration in gm/100 ml» The extrapolation can also be 
done through the use of inherent viscosities which is given by the group (ln?7r/e)» 
For many polymers the variation of inherent viscosities with concentration is small 
and the inherent viscosity at a low concentration is often very close to the value 
of the intrinsic viscosity» For approximate determinations, measurement at one 
concentration is, therefore, sufficient» 

The correlation of the intrinsic viscosity with molecular weight is given by 
the Mark-Houwink equation 

& K Ma (2) 

The constants K and a for many polymer-solvent systems are listed in the Polymer 
Handbook»^ To calibrate these constants for an unknown polymer system, one re- 
quires the use of absolute methods of molecular weight determination, and the 
availability of narrow distribution polymer samples» The important methods are 
light scattering for the determination of weight average molecular weight, os= 
mometry, boiling point elevation and cryoscopy for the determination of number 
average molecular weight» These absolute methods are not used frequently for 
routine work because they are difficult to perform» 

Since shear rate dependence of melt viscosity depends on the distribution 
of molecular weight, melt indices measured at two or more shear stresses can be 



used to detect the differences in polydispersity of polymer samples» Polydis- 
persity is usually given by the ratio of weight average molecular weight to the 
number average molecular weight. Thus, a more direct number of polydispersity 
can be obtained by a measurement of the light-scattering or the intrinsic- 
viscosity molecular weight and another absolute measurement of the number average 
molecular weight. These measurements are more elaborate but the development of 
the high-speed membrane osmometers and the membrane-less vapor pressure os- 
mometer has made the task easier than it was several years ago» 

The polydispersity of a polymer is, of course, better characterized if the 
molecular weight distribution of the sample is known. The development of Gel 
Permeation Chromatography (GPC)2 has made the determination of molecular weight 
distribution relatively simple as compared to the various fractionation techniques 
which require several days for just one determination, In GPC the separation is 
accomplished in a set of columns packed with porous beads made of crosslinked poly- 
styrene or other materials. The sample is injected in the eluting solvent stream. 
The higher molecular weight species which penetrate the porous beads to a lesser 
degree are eluted out first» Today's commercial GPC units are capable of producing 
reliable chromatograms in about two hours» The samples can be injected at inter- 
vals shorter than the total elution time for a single sample. With the automatic 
sample injection device a person can often handle fifteen to twenty samples a day. 
The results, if interpreted correctly, are more reliable and precise than the more 
tedius fractionation methods. If the distribution of molecular weights is known 
then all the average molecular weights which are measurable through viscosity or 
the absolute methods of molecular weight determinations can be calculated. It 
appears from the reports on recent investigations3»^ of GPC that a still shorter 
analysis time is possible for the method» The instrument can also be further 
automated. Thus, it is not unlikely that in a few years we may have an instrument 
that can produce and automatically interpret a chromatogram in about fifteen to 
twenty minutes' time. An on-line instrument of GPC is in the realm of possibility. 

In today's GPC, depending upon the precision desired, we may use the results 
in perhaps three different ways. For example, in monitoring a polymerization re- 
action from a visual inspection of the chromatograms, we can learn whether one 
sample is higher or lower in molecular weight, or broader or narrower in distribu- 
tion than another sample. For a more quantitative interpretation of the chroma- 
tograms, we need an accurate calibration of the elution time with molecular 
weight by the use of standard samples of known molecular weights» With such a 
calibration we can convert the chromatograms to molecular weight distribution and 
compute the various average molecular weights. For the most accurate interpreta- 
tions, the effect of instrument spreading on the chromatograms must be considered. 
As in many other types of chromatography, GPC chromatograms of monomeric compounds 
are of finite widths» The bases of these chromatograms spread to elution volumes 
which correspond to both higher and lower molecular weight species. For a poly- 
dispersed sample the chromatogram is a sum of these overlapping chromatograms 
of the individual species in the sample» The mathematical correction of the over- 
lapping requires a sophisticated high-speed computer and a calibration of the 
instrument spreading at various elution volumes. Fortunately for broad distribu- 
tion samples the present available GPC instruments are capable of yielding 
chromatograms for which such correction is small. 

Another useful method for the determination of molecular weight distribution 
is the sedimentation velocity measurements^ by an ultracentrifuge. Initially 
ultra-centrifugation was developed for the characterization of biopolymers. When 
the centrifuge is run at a moderate speed after a certain length of time, a con- 
centration gradient is established in the solution cell» At this time the 

- 3 _ 



tendency for the solute to sediment is balanced by the tendency for it to diffuse« 
The latter tendency is caused by the concentration gradient. Such a technique is 
called equilibrium centrifugation. From it, the absolute z~average molecular 
weight can be calculated., If, on the other hand, centrifuge is run at a very high 
speed, then the solute will sediment to the bottom of the cell within a reason- 
able length of time. If the sample is polydispersed then the sedimentation 
velocity is different for the different species. From the transient concentration 
profile during the high speed centrifugation, the distribution of sedimentation 
constants may be calculated. If the relationship between the sedimentation 
constants and molecular weights are known, the results can be easily converted to 
the molecular weight distribution of the sample. The sedimentation velocity 
experiments require a slightly longer time to perform than GPC experiments; the 
requirement for the solvent is also more restrictive than that for GPC; but sedi- 
mentation velocity experiments require a slightly longer time to perform than GPC 
experiments; the requirement for the solvent is also more restrictive than that for 
GPC; but sedimentation velocity experiments do give a higher resolution than GPC 
for the very high molecular weight species. 

When there are branches in the polymer then all the calibration relationships 
with molecular weight break down, the relation of intrinsic viscosity with molecu- 
lar weight, the relation of elution time with molecular weight in GPC, and the 
relation of sedimentation constants with molecular weight in centrifugation. How- 
ever, by a combination of two different measurements the degree of branching can be 
determined. The combination of intrinsic viscosity and light scattering or the 
combination of intrinsic viscosity with ultra-centrifugation is used for the de- 
tection of branches for narrow distributing samples. Drott" has used a combination 
of GPC and intrinsic viscosity for the determination of the average degree of 
branching for broad distribution polyethylene samples. It may also be possible to 
measure the distribution of branches as a function of molecular weight by the 
combination of sedimentation velocity measurement and GPC. A theory for the last 
method has been published,' but experimental confirmation to prove whether it may 
be of practical value, is still lacking. 

All the above methods of branching detection are based on the fact that 
branching reduces the effective size of polymer chains in solution. The infrequent 
occurrences of long branches in the chains are significant for the rheological 
behavior of polymers but are untraceable by spectroscopic means. This type of 
branching can only be detected by these methods. The short branches which occur 
more frequently in low density polyethylene can be detected by infra-red spectro- 
scopy. 

Gel Permeation Chromatography and ultracentrifugation are also useful in the 
characterization of copolymers. For instance, Terry and Rodriquez° used an in- 
frared spectrophotometer as the concentration detector in GPC and analyzed the 
copolyraer of styrene and methyl-methyacrylate. Other concentration detectors, 
such as the ultraviolet-photometer and the flame ionization detector were men- 
tioned by them as possible means to augment the use of GPC. Ultraviolet optical 
system is available for use with the analytical ultra-centrifuges. The sedimenta- 
tion rate in ultracentrifugation depends on the difference in density between 
the solvent and the polymer. By  the proper choice of solvents or mixtures of two 
solvents, (density gradient centrifugation) many structural features of copolymers 
can be characterized. These ultra-centrifugation techniques are, however, still 
in the stage of development and are not yet used in routine characterization. 

For crosslinked networks, the degree of crosslinking can be characterized by 
the equilibrium swell of the network by a good solvent. When a good solvent is 
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in contact with the network there is a tendency for the network to expand. This 
expansion is counteracted by the retracting forces developed in the expanding net- 
work. From the thermodynamics of polymer solutions, the degree of crosslink can be 
calculated. Other features of the network such as the distribution of chain 
lengths between crosslink points and the topology of the network are not charac- 
terizable at the present. 

The characterization methods described so far were all developed specially 
for polymerso Several conventional analytical tools are also important in 
elucidating the structure of polymers. We have already mentioned that infrared 
spectroscopy can be used for the detection of branches if the number of branch 
points on the chains is high. Infrared spectroscopy can be used to detect the 
amounts of eis, trans, or vinyl double bond configurations in the chains. The tac- 
ticity of the chains can be characterized by NMR spectra. Spectra of NMR can be 
used to detect whether there are blocks in a copolymer chain. The proper inter- 
pretation of the data is, however, often involved and should be done by the spec- 
troscopists. 

In summary, we have shown the importance of GPC and ultracentrifugation in the 
characterization of polymers. We have also shown that the simple measurements of 
viscosity are still very much usable. The absolute methods of molecular weight 
determinations are used mostly in the characterization of standard samples. Many 
other physical-chemical methods such as differential thermal analysis, X-ray dif- 
fraction, electron microscopy, dynamic property measurements, too numerous to be 
included in this short report are useful for many specific structural problems. 
They can also be used to complement the results obtained from the methods dis- 
cussed above. For a survey of the current status of polymer characterization and 
the outlook for future development one may consult a report published by the 
Materials Advisory Board.9 
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FLOW PROPERTIES OF POLYMER MELTS 

Robert A. Mendelson 

Monsanto Company 

Texas City, Texas 77590 

The flow behavior of the polymer melt is a critical factor in determining the 
usefulness of a given plastics material or in determining the conditions under 
which that material is formed into a final product. As a consequence, both the 
plastics producer and the plastics engineer involved with processing resins, as 
well as the rheologist, have for some time concerned themselves with experiments 
designed to yield information about structure-melt flow relations or melt flow - 
extrinsic variables (e.g., temperature, flow rate, pressure, etc.) relations. 
A vast body of literature has, thus, developed concerning methods of measuring 
the melt rheological, or flow, properties of polymers and the results obtained 
(see, for example, the Bibliography and Special References.)^ It is not the pur- 
pose of, this article to attempt to summarize all of the aspects of this area, but 
ratherLtp examine two specific research problems in order to illustrate two dis- 
similar experimental programs involving melt rheologyT? 

LJThe first of these concerns the relationship of the melt viscosity of poly- 
ethylene with shear rate, or flow rate, and with temperature,J_7This program was 
initiated because it was desired to study the effect of shear refining of poly- 
ethylene in extrusion, and for this it was necessary to design a series of 
extruder screws which would provide a variety of shear stress levels in the 
metering sections for various shear rates. The shear rates could readily be ap- 
proximated as a function of screw speed and geometry. The problem was to predict 
the corresponding shear stresses generated at the various shear rates and tem- 
peratures for a large number of resins. 

The^sjscondy and quite different /^.experimental program involves the quanti- 
tative determination of the effect of long-chain branching (LCB) in low density 
polyethylene (LDPE) on melt viscosity and melt elasticity, independent of the 
effects of other molecular variablesj_yThis problem arises as a consequence of 
the fact that in tailoring the structure of polymeric materials to have optimum 
flow properties it is ultimately necessary to understand the dependence of melt 
viscosity and melt elasticity on individual molecular structural parameters. 

TEMPERATURE AND SHEAR RATE DEPENDENCE 

Two factors were significant in designing an experimental program to solve 
the problem of obtaining shear stress data as a function of shear rate and tem- 
perature for a large number of resins. First, the experiments would not be 
limited by available quantity of sample. This was in marked contrast to the 
considerations in solving the problem of the effect of LCB. Second, a result 
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having the broadest application, yet requiring the least amount of data for its use 
was desired. Thus, while various investigators2-6 had shown in general, that the 
temperature dependence of the viscosity of polyethylene could be expressed in terms 
of an Arrhenius equation 

?l=    A exp (E>f /RT) (D 

it was not clear at the time of this investigation what the shear rate or shear 
stress dependence of the flow activation energy, Efy was or how E7[ depended upon 
molecular structure. Moreover, the pre-expotential constant, A, is dependent 
upon shear rate and molecular considerations, so that these constants would have 
to be measured for each polymer to be tested if this means of predicting melt vis- 
cosity as a function of shear rate and temperature were to be employed. A more 
general result such as superposition of flow curves (to be discussed in detail 
later) was required. 

A. Experimental 

Melt viscosity data discussed in this investigation were obtained for 
commercial samples of six LDPEs and four high density polyethylenes 
(HDPE), as well as one experimentally polymerized LDPE. The LDPE 
resins, in particular, were chosen to have a broad range of molecular 
and physical test properties so that the results of the study would 
have the most general application. Number average molecular weights, 
Hjj, were determined by membrane osmometry in p-xylene at 105°C, while 
weight average molecular weights, Mw, were obtained by solution light 
scattering techniques using l,2,3>4-tetrahydronaphthalene (tetralin) 
as solvent. Light scattering measurements were made either at 8l.5°C 
with a Brice-Phoenix photometer using 4-36 mu unpolarized incident 
light or in a Sofica instrument at 105°C using 546 myU. unpolarized 
incident light. Values of dn/dc used were, respectively, -0.0887 
and -0.069.? Mws were calculated by both the Zimm and dissymmetry 
methods, and the molecular data along with melt index and room tem- 
perature density are given for the samples in Table I. These re- 
sults have been reported previously." 

All of the melt flow data reported here were obtained using an 
Instron Capillary Rheometer of Monsanto design.9-H This instrument 
consists of an electrically thermostatted barrel, or reservoir, in 
the bottom of which is inserted one of a number of interchangeable 
capillaries. A plunger coupled to the crosshead of the Instrom 
testing machine drives polymer melt through the capillary at a 
series of fixed velocities, and the force necessary to sustain this 
flow at each velocity is measured by means of a compression load 
cell. In all cases studied here a capillary with a large length-to- 
ratio (L/D) was used, eliminating the need for entrance-effect cor- 
rections to the shear stress, and in all cases but one the capil- 
laries used had the following nominal dimensions: 0.06 inch diameter, 
4-.0 inch length, and 90° included entry angle. The shear rate range 
covered was in general 0.17-1700 sec-1. The temperature ranges were 
120-300°C for LDPE and 150-300°C for HDPE.  Thus, the factor mentioned 
earlier, the availability of a sufficient quantity of sample in all 
cases but one (MAC-4-) made it possible to obtain experimental data 
over a very extensive range of shear rates and temperatures. 
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The basic quantities measured in such a capillary rheometer are the 
linear plunger velocities which are directly related to the volumetric 
flow rates, Q, through the capillary, and the driving forces, F. Shear 
stresses and shear rates at the wall may then be calculated from the 
measured flow data using the expressions for Newtonian flow in cylindri- 
cal capillaries: 

rw  = PR/2L (2) 

and ^w  = 4Q/7TR3 (3) 

where P is the pressure drop across the capillary of radius R and 
Length L, and is given by the force, F, per unit plunger (cross-sec- 
tional) area, A. It has already been noted that all experiments were 
performed using high L/D ratio capillaries such that end-effects were 
negligibly small, i.e., Tw  may be considered to be the true shear 
stress at the wall, and P calculated as indicated is the actual pres- 
sure drop in the capillary. In order to obtain the true shear rate at 
the capillary wall it is necessary to apply a correction^ for the non- 
Newtonian character of the flow. However, because of a desire to ap- 
ply as few curve-fitting procedures to the data before testing the 
validity of superposition as possible and because it can be shown that, 
where shear rate-temperature superposition applies, the Rabinowitsch 
correction to the shear rate does not alter the values of the shift 
factors obtained, the "apparent" shear rates calculated by Equation 3 
were used throughout this work. Thus, the apparent viscosity is given 
at each shear rate as 

?a  =  ^w/?w W 

Typical flow curves (log Tw vs. log^w) at temperatures from 120°C to 
300°C are shown in Figure 1 for LDPE Sample A. Similar curves were 
obtained for all samples. 

B. Results 

It was found that, for each sample, these flow curves at the various 
temperatures could be shifted along the shear rate axis, to super- 
impose on a single master curve for that sample, where the master 
curve corresponded to the flow curve for the arbitrarily chosen refer- 
ence temperature of 200°C. The amount by which each curve had to be 
shifted in order for it to superimpose on the 200°C curve is known as 
the shift factor. These horizontal shift factors aT were, in the case 
of each sample studied, obtained by choosing the shear stresses at 10 
and 30 sec--*- on the 200 C flow curve and shifting the corresponding 
(constant shear stress) points on the flow curves at the other tempera- 
tures T to coincide with these shear rates. The values of a-j were cal- 
culated from 

aT  =   /w(ref.)/^w(T)   (const. Tv) (5) 

and, for each temperature, the values of aT corresponding to 10 and 30 
sec-1 at the reference temperature were averaged to reduce errors due 
to reading of graphs. 
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Values for aT as a function of temperature are given in Tables 
II and III for three HDPE and five LDPE samples, respectively» It 
may be seen that, while a considerable amount of experimental er- 
ror exists, there is no dependence of shift factor on molecular 
weight or molecular weight distribution. Thus, it was possible to 
obtain an averaged unique set of shift factors for all HDPE samples 
and a second unique set for all LDPE samples. In order to test 
the applicability of these shear rate-temperature superposition 
shift factors, the averaged axs were used to construct master flow 
curves at 200°C utilizing Equation 5« A number of the resultant 
master curves are shown in Figures 2 and 3 and clearly illustrate 
the general validity of the superposition method. 

The temperature dependence of the shift factors was next investi- 
gated, and a simple exponential, or Arrhenius-type, equation of 
the form 

ap = B exp (Ea/RT) (6) 

where T is the absolute temperature and Ea is the "shift factor 
activation energy", was found to give an excellent fit for each 
of the polymer systems (i.e., HDPE and LDPE) over the appropriate 
temperature ranges covered, as shown in Figure 4. Values of Ea 
were found to be 6.3 kcal/mole for HDPE and 11.7 kcal/mole for 
LDPE. Substituting the constants derived from a least-squares 
fitting of the data, Equation 6 may be rewritten in logarithmic 
form for each type polymer as follows: 

(HDPE) log aT = -2.950 + 1.39 x 103 (l/T)      (6a) 
and _ 

(LDPE) log aT = -5-^15 + 2.55 x lO-* (l/T)      (6b) 

C. Flow Curve Prediction 

The foregoing experimental results provide the basis for a rather 
general technique for predicting melt viscosity flow curve data 
at various temperatures. It is apparent that Equation 5 may De re- 
written in terms of the shear rate at any temperature, T, as fol- 
lows 

/w(T) =  /yref.)/aT (7) 

where the corresponding shear stress is the same at the two shear 
rates. Thus, given a set of shear stress-shear rate data at the 
reference temperature and a knowledge of aT as a function of tem- 
perature, it is possible to construct sets of tw-^w-^a data at 
any desired temperature. Moreover, it is not even necessary that 
the known data set be available at the reference temperature 
since, assuming data to be known at Ti and desiring data at T2, 
elimination of ^hw(ref.) from Equation 5 yields 

/w(T2) =  aTl^w(Ti)/aT2 (8) 

Appropriate values of aT are obtained from Equations 6a or 6b. 
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As an illustration of the use of this technique in predicting 
flow curves, melt flow data were obtained at 150°C and 200°C for 
two LDPE samples (M and N) which had not been used in the 
studies developing the technique or the shift factor values. 
The 150°C flow curves for the two samples were calculated by- 
superposition from the 200°C data and are shown in Figure 5 along 
with the actually measured 150°C data. The agreement is seen to 
be excellent. It should be pointed out that this technique is 
ideally suited for computer utilization^ if data at large num- 

bers of temperatures are desired. 

DEPENDENCE OF VISCOSITY AND ELASTICITY ON LCB 

The problem of obtaining quantitative information about the effect of LCB on 
the melt viscosity and melt elasticity of LDPE has been compounded by the difficulty 
of determining the amount of LCB present in a given sample and by the extreme dif- 
ficulty of separating the effects of molecular weight, molecular weight distribu- 
tion, and LCB both for the determination of branching and for defining its effect 
on melt rheology. Thus, while some attempts^-l" have been made to establish the 

relationship between LCB and melt viscosity in LDPE, they have not been totally 
successful, and little is known experimentally about the effect on melt elasticity. 

The experimental problem here was quite different from the one described 
earlier. Here the important point was to separate the molecular structure vari- 
ables so that all but LCB could be held constant while LCB was varied in a sys- 
tematic fashion over a series of samples. This required that the samples be pre- 
pared either by careful fractionation of several different materials or by 
equally careful polymerization. In either case only relatively small amounts of 
polymer could be provided. Thus, the method of rheological investigation had to 
be adapted to small samples, as well.  In the experimental investigation des- 
cribed rather briefly here samples were provided by free radical polymerization 
of two polyethylenes in an isothermal, isobaric autoclave reactor such that both 
molecular weight level and molecular weight distribution were essentially the same 
for the two samples, but the degree of LCB was varied. Portions of these samples 
were then blended to make two additional samples so that, in all, four materials 
of differing branching level, but constant molecular weight parameters, were 
available. 

A. Experimental 

Mn and %j   values of the two polymerized samples were determined by 
high speed membrane osmometry (o-dichlorobenzene solvent, 135°C) and 
solution light scattering (Sofica instrument, 1-chloronaphthalene 
solvent, 125°C, 5^6 mi«.wave length, dn/dc = 0.195)»' respectively. 
Table IV shows the results for these samples, MAB-1112A_and MAB- 
1112D, to be essentially identical. Thus, the Mn and Mw values 
for the blended samples, MAB-1112B and MAB-1112C, are also shown 
in the table as equal to those of the A and D samples. Intrinsic 
viscosities were measured in p-xylene at 105°C for the A and D 
samples and were calculated from the relation 

M- 
for the B and C samples. 

- 11 

(9) 



The LCB of these samples were determined, by relating the intrinsic 
viscosity of the branched material to that of a linear material of 
the same molecular weight. Thus, a branching index, g, was cal- 
culated from 

Sl/2 = H br/[>?]l <10> 
where Qi] br is the measured intrinsic viscosity for the branched 
sample, and \fj] i for the linear polymer of the same molecular 
weight is derived from Tung's1? equation for linear polyethylene 
in tetralin at 130°Go 

tyl-L = 4,60 x icr\0°725 (ID 

(Previous unpublished work in this laboratory showed that [2p (p- 
xylene, 105°C) = )jj]  (tetralin, 130OC))o The branching index, g, 
was then related to the_weight average number of long-chain 
branches per molecule, nw, according to the theory of Zimm and 
Stockmayerl° by the equation 

1/2 n l(2 + ^
2+m^. 

<g3>w   = H; 

Values of nw so obtained are given in Table IV c 

(12) 

Melt viscosity and melt elasticity data were obtained using a 
Weissenberg Rheogoniometer.,19 Details of this commercially avail- 
able instrument and its operation will not be discussed here» 
However, the instrument is basically a cone-and-plate-rheometer 
capable of measuring the principal normal stress difference as 
well as the shear stress<, Thus, both viscous and elastic proper- 
ties of the molten sample may be evaluated in either mode of op- 
eration» This instrument, rather than a capillary rheometer, was 
chosen for this investigation because of this capability for 
measuring a number of rheological parameters and because it re- 
quires only relatively small samples (ca* 0„5 gram per measure- 
ment in our case). All samples were stabilized with Santonox R 
prior to testing, and all measurements were made at 150°C 
Values of shear stress, f , and normal stress difference, (pn - 
P22), were determined as a function of shear rate in the steady 
rotational experiments9  and values of the complex viscosity, 
1>1*1, the dynamic viscosity, ^'» and the elastic »'storage" modu- 
lus, G', were determined as a function of frequency in the os- 
cillatory experimentso 

Bo Results 

In this discussion, only a limited number of resulting flow 
parameters will be consideredo  (A more detailed account of this 
investigation will be presented elsewhere,,) The low shear New- 
tonian limiting viscosities of all four samples were obtained 
and were found to coincide with the limiting low frequency values 
of. the complex viscosity. The onset of non-Newtonian behavior, 
taken as the shear rate at which the apparent viscosity had de- 
creased to 95% of its Newtonian value,/1 (95$^0)» was observed 
as a measure of shear sensitivity of the viscosity, and the 
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elastic storage modulus, G;, measured at 10 rad/sec was 
taken as a measure of the melt elasticity of the materials. 
These quantities are given in Table V. Moreover, the 
limiting viscosity and the elastic storage modulus at 10 
rad/sec are shown as a function of the number of long-chain 
branches per molecule in Figure 6. 

The effect of LCB independent of molecular weight and 
molecular weight distribution may be clearly seen in Table 
V and Figure 6. Both limiting melt viscosity and melt 
elasticity decrease for these materials as the number of 
branches increases. Moreover, the viscosity becomes non- 
Newtonian, i.e., shear sensitive, at lower shear rates the 
greater the number of branches. To confirm the effect of 
branching on melt elasticity the elastic recoverable shear 
strain was calculated from the steady shear data according to 
the equation 

fr       = (Pll - Vzz)T (13) 

and smoothed curves of 2T^ vs"^' are shown in Figure 7» con- 
firming that a fixed shear rate the elasticity decreases with 
increasing branching. 

SUMMARY 

The foregoing discussion was meant to illustrate some of the factors which 
go into the design of experiments required to solve problems in the field of 
plastics. Two quite diverse problems were considered. In the first case a series 
of experiments were described which provided a very general technique for pre- 
dicting polyethylene flow behavior as a function of shear rate over a wide range 
of temperatures from a minimum of new data. In this case the experimentation con- 
cerned only the viscous aspect of flow and was not limited by the availability of 
special samples. In the second case it was desired to learn what the effect of a 
specific molecular structural variable was on the general melt rheological proper- 
ties of polyethylene. This required the polymerization of special samples fol- 
lowed by detailed characterization by both solution property and melt rheological 
techniques. 
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TABLE I 

POLYETHYLENE SAMPLE CHARACTERISTICS 

Sample MI Density Mn x 10-3 *!„ x 10-3 *Mw/Mn 

HDPE 

1 
2 
3 
4 

0.8 
0.2 
0.23 
0.24 

0.963 
0.962 
0.951 
0.948 

32.1 
39.4 
36.9 

200 
313 
253 

6.2 
7.9 
6.9 

LDPE 

A 
B 
C 
D 

6.9 
1.2 
0.23 
2.1 

0.918 
0.920 
0.918 
0.929 

27.4 
27.3 
34.2 
37.8 

730 
1240 
1580 
230 

27 
45 
46 
6.1 

MAC-4 
M 
N 

0.25 
1.3 

0.939 
0.918 
0.917 

28.6 55.6 1.9 

*Mw calculated by dissymmetry. 

TABLE II 

HDPE 

»SHIFT FACTOR VALUES FOR 200°C REFERENCE TEMPERATURE 

Temperature af 
°C Sample 1 

2.08 

Sample 2 

2.17 

Sample 3 

150 2.23 
175 1.37 1.46 1.47 
200 1.0.0 1.00 1.00 
225 0.679 0.706 0.738 
250 0.523 0.543 0.523 
275 O.368 0.430 0.399 
300 0.298 0.306 0.277 

♦Taken from Ref. (8) 
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TABLE III 

LDPE 

♦SHIFT FACTOR VALUES FOR 200°C REFERENCE TEMPERATURE 

Temperature a-p 

(°c) Sample A 

11.5 

Sample B 

11.1 

Sample C 

12.3 

Sample D 

11.9 

Sample MAC-4 

120 - 
125 __ -,- __ 9.73 __ 
130 —. — — __ 7.54 
150 4.16 3.79 3.91 3.81 4.05 
175 1.75 1.81 1.97 1.87 __ 
200 1.00 LOO 1.00 1.00 1.00 
250 0.289 0.277 O.323 0.317  . 
275 — — __ 0.179 —— ■ 

300 0.0979 0.0971 0.0967 0.0993 — 

♦Taken from Ref.  (8), 

TABLE IV 

MOLECULAR PROPERTIES OF LDPE BRANCHING STUDY SAMPLES 

M Mn             .    Mw 

Sample Composition (dl/g) x 10-3       x 10-3 Hw/Mri nw 

MAB-1112A 100$ A 0.627 27.3           42.5 1.6 13.0 
MAB-1112B 74.9$A; 25.I56D 0.708 27.0           43.O 1.6 8.3 
MAB-1112C 34.0$A;  66.0$D 0.841 27.0           43.0 1.6 4.0 
MAB-1112D 100$D 0.951 26.8           43.0 1.6 1.5 

TABLE V 

MELT RHOLOGICAL RESULTS OF BRANCHING STUDY 

7* ^PV+o fOSilo) G/ (10 rad/sec) 
Sample (poise) 

2„5 x 103 

(sec-1) 

2.0 x 101 

(c 

3.2 

ijnes/cm2) 

MAB-1112A 2.5 x 1<A x io3 
MAB-1112B 606 x 103 6.6 x io3 4.5 x loO 1.4 x 10^ 
MAB-1112C 2.45 x lO2»" 2.5 x 10^ 6.2 x 10-1 6.7 x 10^ 
MAB-1112D 6.3 x 10^ 6.3 x 104 3.0 x 10-1 1.4 x 105 
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FLOW PROPERTIES OF PLASTICIZED PVC: 

REDUCTION TO COMPOSITION AND INTERACTION VARIABLES 

H. P. Schreiber 

Central Research Laboratory 

Canadian Industries Limited 

McMasterville, Que., Canada 

INTRODUCTION 

ditlrres-niemali^aiis^'^ In this paper an attempt is made to 
rationalize the flow properties of model, plasticized PVC compounds, by applying 
widely recognized concepts of polymer rheology and polymer-diluent interaction. 
The approach can be regarded as a first step to a more general rationalization, per- 
mitting precalculation of the flow properties of given compounds over temperature 
and shear rate ranges of practical interest from a knowledge, principally, of plas- 
ticizer volume fraction and the value of a polymer-plasticizer interaction parame- 
ter. 7 ^ 
w   LJOUI 

EXPERIMENTAL 

This work used compounds made up from two PVC polymers having L^J values in 
tetrahydrofuran of 1,03 and 1.16 dl/gm., and diisooctyl phthalate (P series), 6-10 
adipate (A series) and a 50/50 mixture of these plasticizers (P/A series of com- 
pounds). An organo-tin stabilizer and calcium stearate lubricant were present in 
proportions shown in Table I, where 0i is the volume fraction of plasticizer pres- 
ent in the compounds. All the compounds were fused by roll-milling prior to ex- 
trusion, so as to eliminate particle boundaries recently discussed by Berens and 
Folt-^»2 anci thus simplify the flow behaviour. Flow data were obtained in the tem- 
perature range 150°-200°C, using the C-I-L High Shear Viscometer fitted with a die 
with L/R = 706^-. Typical flow curves are shown in Figure 1 for phthalate-plasti- 
cized compounds at 165°C. Similar sets of such curves were obtained for each 
plasticizer series at each melt temperature. The plots were used to construct cor- 
responding graphs of log melt viscosity vs. polymer volume fraction (02 = l-0l)» 
The resulting set of nearly linear functions was used to extrapolate the melt 
viscosity of unplasticized polymer (02 = 1). The resulting viscosity-shear rate 
diagram for one of the polymers is shown in Figure 2. Evidently, the very distinct 
flow curves of the variously plasticized polymer nicely define the behaviour of the 
unplasticized matrix at each of the experimental temperatures and over several 
decades of shear rate. 
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REDUCED VARIABLE TREATMENT 

The unique flow curves derived for unplasticized PVC from the flow data of 
plasticized compounds, indicated that master curves for various levels of plasti- 
cization could be constructed by a reduced variable treatment. The approach used 
was that of Kraus and Gruver,3 which applies concepts due to Bueche^ to dilute 
polymer mixtures, and which defines shift factors for the translation of points on 
the flow curves of plasticized compounds to points on the corresponding curve of 
the unplasticized polymer,, In theory the shift factor, a #  , equals the ratio of 
Newtonian (zero-shear) viscosities of plasticized and unplasticized polymer. The 
reduced variable treatment produced master flow curves of log ^ \a.tf   versus 
log F'Gplffa*    These closely define the rheology of compounds at given temperature 
over a broad shear rate range and for plasticization levels up to 60 phr. of each 
of the three plasticizer systems used. A typical master curve for polymer I is 
shown in Figure 3° 

RESULTS OF REDUCED VARIABLE TREATMENT 

The most apparent result is the demonstration that if the flow curve of a 
parent PVC polymer is known then knowledge of the volume fraction of polymer in a 
compound and of the corresponding GL0  is sufficient to precalculate a broad range 
of viscosity-shear rate data. It was further shown that for a given plasticizer at 
given temperature, the shift factor is a simple function of plasticizer volume 
fraction, following the equation 

log #/= - kT   (i y2) t1) 

where kT is a temperature dependent constant,, The same relationship applied to 
compounds of both PVC polymers using a given plasticizer. Thus, the relationship 
may apply generally to fused PVC compounds employing a specific plasticizer or 
plasticizer mixture» 

Analysis of the slopes of log CLfi vs. 0£ plots showed that these could be re- 
lated to the absolute temperature, T, via 

kT  = A + B (|) (2) 

The equation for each plasticizer system applies only in the investigated temper- 
ature span (150°-200°Co)9 but indicates the feasibility of applying temperature 
corrections for known <Z^  values within this practically useful range« Thus, for 
specific plasticizer systems» a generalized approach to plasticizer volume and 
melt temperature dependence of GC.M has been outlined. 

INFLUENCE OF POLYMER-DILUENT INTERACTION 

Inspection of shift factor values and of the kT slopes indicated a strong de- 
pendence on the type of plasticizer used. A path was, therefore, suggested for the 
correlation of actual values of these parameters with values of a polymer-plasti- 
cizer interaction parameter. The Flory-Huggins interaction parameter }L    for the 
phthalate9 adipate and mixed plasticizer systems was determined using the photo- 
graphic technique of Anagnostopoulos and coworkers„5»6 Because of the conditions 
employed by this method, the %  value is strictly valid only for high levels of 
plasticization and at temperatures near the reduced melt temperature of the highly 
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plasticized polymer - in general, lower than the range used for Theological 
measurements. Within this limitation, however, the existence of a correlation 
between the two sets of parameters was successfully demonstrated, as shown in 
Figure 4. The quotient ddl^     was used to represent the Theological factor 
since the magnitude of deviations from unity in this value best indicate the 
importance of polymer-diluent interactions.3 The correlation in Figure 4 shows 
that it is possible to precalculate Rvalues from literature or experimental 
values of % , and that for a given polymer the upper limit of X  can be defined 
at which daf ld^°   ~* 1» Plasticizers having % greater than this limit will, 
therefore, contribute only volume dilution effects to the viscosity of plasticized 
compounds. This work, therefore, shows that provided adequately accurate inter- 
action values are available {X is known to be a function both of temperature and 
diluent concentration), then precalculation of Ä^over wide temperature, shear 
and plasticization level ranges should be possible and hence also the corresponding 
prediction of flow curves for plasticized PVC compounds. The necessary specifica- 
tion of % values is worthy of serious consideration by industrial research units. 
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TABLE I 

COMPOSITION OF PVC SAMPLES USED IN FLOW STUDIES 

SAMPLE NO:      1       2       3        4     5_ 

Resin            (phr)                100                100              100                100 100 

Stabilizer (phr)                    3                    3                  3                    3 3 

Ca Stearate (phr)                 11111 

Plasticizer  (phr)                15                  25                40                  50 60 

C?     series 0.177 0*263 0.363 0.416 0.461 
A      series 0.188 0.278 0.382 0.435 0,481 
P/A series 0,182 0.271 0.372 0.426 0„471 
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SOME STUDIES OF PROPERTIES OF PLASTICS AT BELL TELEPHONE LABORATORIES 

INTRODUCTION - W. P. Slichter, Director, Chemical Laboratory 

Plastics are playing an ever increasing role in the Bell System. In terms 
of volume, they represent the largest category of materials used in manufacture 
by Western Electric; before too long they will also represent the largest in 
terms of tonnage. This commitment comes from the proven merit of modern plastics 
for a wide variety of applications. However, plastics differ tremendously in type 
and behavior, so it is important to be both imaginative and wise in their use. 
Bell Labs., therefore, has long been active in exploring the properties and be- 
havior of plastics, with special attention to understanding these materials so well 
that we can be confident of their performance. This has to be a continuing process, 
for plastics technology is growing rapidly and the Bell System's needs are expand- 
ing. 

The following articles give brief descriptions of some of the work at 
Bell Laboratories on the nature and properties of plastics in use by 
the Bell System. This collection is a review of only a fraction of 
the studies that have recently been in progress. However, they give 
examples of some modern methods of investigation and of the scope of 
activities in the field of plastics. Above all, these accounts show 
the power of fundamental studies to help in the practical use of mat- 
erials. 

I. ASPECTS OF RELATIONSHIP BETWEEN STRUCTURE AND PROPERTIES OF PLASTICS 

S. Matsuoka and T, W. Huseby 

There are two immediate goals for those who are conducting applied research 
in polymer physics or chemistry. The first is to understand the complex behavior 
of polymers in terms of structural variables, and the second is to apply the 
knowledge and the results of these studies to practical problems. Our applied re- 
search projects are almost invariably long range fundamental investigations, but 
the topics are often closely related, at least we hope, to important engineering 
problems within the Bell System. 

Many plastics crystallize when they are cooled from the molten state. Unlike 
inorganic crystals that we are familiar with, polymer crystals attain all levels 
of degrees of crystallinity depending upon the kind of molecules from which they 
are constructed (the molecular structure) and the way they are solidified (the pro- 
cessing condition). Studies on the process of crystallization are meant to yield 
information concerning the properties of the semi-crystalline plastics resulting 
from various crystallization conditions. Crystals of almost any substances 
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expand during the melting process, (Water is one of the few exceptions.) The 
crystallization process can thus be precisely traced by following the time 
dependence of the volume shrinkage starting from the liquid state (the 
melt) and ending in the crystalline or partially crystalline state. Figure 
1-1 represents experimental results from studies on the rate of crystal- 
lization of polyethylene. First the sample is melted, then is transferred 
to the bath at a specified temperature. The sample is small and thermally 
equilibrates in a matter of seconds, but the subsequent crystallization 
process proceeds with varying speed depending upon the temperature at which 
this bath is kept. It can be seen that this process is very sensitive to 
temperature. For example, it takes about 10,000 minutes or 7 days for this 
polyethylene to crystallize at 130°C, whereas crystallization is essentially 
over within 10 minutes at 120°C. 

The results from crystallization studies can be utilized in problems 
concerning the molding or other fabrication processes. For example, the 
data of Figure 1-1 were directly utilized to calculate the relationship 
between the "half-time" for solidification of polyethylene during injec- 
tion molding and the temperature of plastics for various injection 
pressures and cooling rates, as shown in Figure 1-2. These results have 
been found to be useful in designing or improving a mold eycle that would 
yield a property of the product that is suitable for a specific use. 

Figure 1-3 is another example of basic data. The frequency-dependent 
Young's modulus is plotted for high density polyethylene at various 
temperatures. For example, by studying how these time dependent 
mechanical properties depend on temperature, one reaches a better under- 
standing of an influence that the structural variables such as the mass 
fraction of crystals or the texture of the crystalline domains might 
have on the over-all properties of the polymeric solid. 

The data shown in Figure 1-3 have also been used in applied problems. 
Figure 1-4 is one such example. The data were utilized to calculate 
the maximum stress expected in a submarine cable seal. The fact that the 
mechanical properties are time-dependent makes it necessary to take into 
account a factor such as the rate of descent into the ocean (which deter- 
mines the rate of applying the stress in the plastics due to increasing 
pressure as cable is lowered in the ocean) as well as the temperature and 
pressure» 

II. DIMENSIONAL STABILITY AND CREEP IN GLASSY POLYMERS 

R. S. Moore 

In considering the dimensional stability of a plastics for long-term use, 
consideration should also be given to two factors involving creep of the mater- 
ial,, The first involves use of proper molding conditions in order to minimize 
recoverable strain in the molded product since appreciable recovery would cause 
shrinkage and/or distortion. These strains are produced by stresses present 
during molding, and if recovery is not completed at, or near, the molding tempera- 
ture an appreciable portion of the strain will remain "frozen in". While the 
material may undergo creep at a slow rate at low temperatures with little or no 
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immediate adverse effect, in-service use at relatively high temperatures could 
lead to fairly rapid recovery and distortion» The latter has been observed in at 
least one instance in a telephone handset wall terminal block in which a high am- 
bient temperature led to appreciable strain recovery and severe distortion» 
Elevated operating temperatures will probably occur with increasing frequency in 
future applications as the size and spacing of components become reduced duetto 
miniaturization of parts» Thus, recoverable strain is likely to increase in im» 
portance in design considerations» 

Quite apart from this is the problem of creep under an imposed load, which 
occurs even in the absence of recoverable strains» This is of extreme importance 
in cases in which relatively high temperatures, long times, and often high stresses 
are involved, as in certain components of standard and ESS miniature relays. 

In studying tensile creep (or deformation under a constant tensile force) in a 
nonerystalline polymeric material when the material is in the so-called rubbery 
state, the analysis is fairly straightforward» A time scale of the order of 10 or 
15 logarithmic decades can often be achieved by making measurements over a few 
decades in time at different temperatures, and employing a sort of principle of 
material corresponding states» When this procedure is valid, experiments at higher 
temperatures provide information on the equivalent material response at longer 
times and lower temperatures» Provided strains are fairly small, response is al- 
most always found to be independent of stress, i»e», the strain divided by the 
stress (defined as the creep compliance) is not itself a function of stress» 

Unfortunately» neither of the above assumptions is usually valid for glassy 
amorphous polymers» While the use of measurements at different temperatures to 
predict equivalent material response at different times may work over a limited 
time scale in this region, the total response of the material will not be sus- 
ceptible to such an analysis» This is due in part to the presence of molecular 
motions with widely different energy requirements» Thus, temperature becomes an 
additional variable in the study of creep in glassy polymers» 

In the glassy response region the creep compliance becomes a sensitive 
function of stress, even for relatively small deformations» This arises in part 
because the level of stress required to produce an appreciable velocity of creep 
is fairly high» It also arises because the energy necessary for material flow 
is much greater than the available thermal energy. Both of these factors lead to 
the result that the stress applied to a glassy polymer by virtue of doing work on 
it, adds the necessary energy and enables the material to undergo displacement 
to a new position» The results experimentally are often quite dramatic» In 
poly(methyl methacrylate) an increase in stress by a factor of 10 to a stress 
level of 4xl03 psi results in an increase in the velocity of creep at room tem- 

perature by a factor of 500! Thus, the level of stress is of extreme importance 
and becomes another variable to be considered in the study of creep in glassy 

polymers» 

Partly because of these considerations, studies of creep in acrylonitrile- 
butadiene-styrene (ABS) polymers have been undertaken at a series of temperatures 
at which the acrylonitrile-styrene matrix exhibits glassy response» From studies 
on Cycolac T-1000, one of the major ABS polymers used In telephones, it is clear 
that both temperature and stress must be considered as additional variables in 
the creep of this material, as well» As an example of the latter, an increase in 
stress by a factor of 3 results in an increase in creep velocity by a factor of 
20 for this polymer at 60°C, even at relatively short times after loading» In ad- 

dition, it appears that the temperature dependence of the compliance at short 
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times is reduced by application of a sufficiently high stress. This also 
probably occurs because of the energy supplied via the applied stress. 

To the influence of these variables on creep response must be added that due 
to the presence of additives of high and/or low molecular weight, as well as that 
due to any glass fiber reinforcing materials present. The presence of crystal- 
linity and the nature of the crystalline structure will also influence creep be- 
havior as will effects of humidity on hygroscopic materials. Such effects add to 
the already complicated response in creep but it is believed that investigations 
of such materials can provide insight into the nature of their influence. That 
these materials are of interest is clearly seen in the use of glass-filled nylon 
relay components containing M0S2 and teflon. 

HIGH SPEED TESTING 

One of the major problems in considering impact properties of materials is the 
detection of material deformation and response at high strain rates or at high 
rates of loading. The problem of merely detecting changes in sample shape via high 
speed photography poses a rather difficult task, so that relatively few data are 
available. Detection of contours of stress concentration through photoelastic 
techniques is likewise rather difficult and the simpler problem of measuring changes 
in birefringence (changes in refractive index parallel and perpendicular to the 
direction of tensile stress) is considered the more desirable experiment for initial 
investigations. This experiment still allows one to obtain information on molecular 
orientation occurring during deformation even though the detailed distribution of 
stresses is not obtained. Both this area and that using high speed photography are 
being investigated as to applicability to testing at rates up to 8700 inches per 
minute. It is anticipated that up to 12 photographs of 1 to 3 microseconds expo- 
sure can be obtained at intervals up to a few milliseconds. Use of transparent 
materials provides a distinct advantage and great simplification to the experi- 
mental set-up since the study of opaque polymers requires the bonding of photo- 
elastic materials to the substance under investigation. Techniques using holo- 
graphy in the detection of small deformations in opaque materials have also been 
considered and information on their application is also available. 

III. DYNAMIC MECHANICAL PROPERTIES OF PLASTICS 

Jo H. Daane 

In this section we present a brief description of dynamic mechanical testing 
and then illustrate, with an example, its usefulness in understanding macroscopic 
mechanical properties in terms of polymer microstructure. Dynamic mechanical 
tests measure the response of a material to periodic forces, usually sinusoidal in 
nature. A perfectly elastic body will respond in-phase, i.e., the potential 
energy stored in the body will be completely recoverable. Polymers are not per- 
fectly elastic, however, and possess an out-of-phase component which dissipates 
energy as heat. The ratio between the energy dissipated per cycle to the maximum 
energy stored per cycle is termed the loss tangent. This quantity may be de- 
termined directly on several commercially available instruments. Another quantity 
obtainable is modulus or the slope of the initial straight line portion of a 
stress-strain curve. From a knowledge of the specimen dimensions and the dynamic 
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force and loss tangent determined on the instrument, we may calculate a dynamic 
modulus of elasticity, i.e., the in-phase modulus and also an out-of-phase or loss 
modulus o 

In conducting these tests, either frequency or temperature of testing may be 
varied while holding the other constant«, We find it usually convenient to vary 
temperature. Observation of the loss tangent or loss modulus as temperature is 
varied will reveal, in the case of polymers, a loss maximum when the predominant 
or characteristic relaxation time of the polymer equals that of the reciprocal of 
the test frequency. In other words, the characteristic relaxation time of the 
polymer changes with temperature and will result in a loss maximum when it 
matches that of the test cycle. This maximum in loss occurs, for example, when a 
polymer changes from the glassy state to the rubbery state«, This temperature is 
called the glass transition temperature. 

Figure III-l illustrates the case for a composite material, ABS, which is an 
interpolymer of styrene-acrylonitrile copolymer grafted onto butadiene rubber par- 
ticles» ABS is the material currently used in telephone handsets. Loss moduli of 
a series of varying compositions are plotted versus temperature of testing at 138 
cpso The occurrence of two loss peaks, appearing at the characteristic relaxation 
times of the two respective components, indicates that each component is present 
as a discrete phase. If the material were mechanically homogeneous, only one broad 
loss peak would be expected to occur somewhere between the glass transition tem- 
peratures of the two components. Note the drop in the in-phase modulus as the 
butadiene rubber component changes from the glassy state into the rubbery state. 
Figure III-2, an electron micrograph of an ABS fracture surface broken at liquid 
nitrogen temperature, verifies the existence of separate phases. The spheroidal 
rubber (butadiene) particles, which range in size from 0.1 to 1.5 microns in 
diameter, are sufficiently large that both the butadiene rubber and the SAN 
components retain their inherent mechanical properties. Thus the dynamic mechanical 
properties of the interpolymer reveal the microstrueture of this material. 

Figure III-3 illustrates room temperature, low speed, stress-strain behavior 
of the SAN by itself and then after modification with the butadiene. The butadiene 
was added to improve the material's ability to absorb and dissipate energy which is 
represented by the area under the respective stress-strain curves. The large in- 
crease in area in going to the composite can be seen to result from the enhancing 
of the ability of the composite to yield and draw to high elongations before ulti- 
mate failure. Thus, the normally brittle matrix is induced, by the incorporation 
of the butadiene particles in the proper size and manner, to absorb much more en- 
ergy before failure. That the glassy matrix does indeed yield and draw on a local 
scale is illustrated in Figure III-4» This is another electron micrograph of an 
ABS fracture surface broken in the vicinity of the butadiene glass transition 
temperature. 

Results from high speed tensile tests (10,000 in/min), carried out over a 
large temperature range, are summarized in Figure III-5. An oscilloscope was used 
to record force-elongation curves whose areas were then measured and plotted versus 
the temperature of testing at constant cross-head speed. The upper line represents 
total area of the curves while the lower represents the area only up to the yield 
point. The total area is seen to increase with temperature while the area to yield 
remains essentially constant. Note that the two lines appear to converge in the 
vicinity of the butadiene glass transition temperature. Below this temperature the 
material would not yield and would fail brittlely as it does normally at room tem- 
perature without the butadiene present. 
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In summary, we have seen that a material (SAN), normally brittle up to its 
own glass transition temperature of 100°Cs, has been transformed into one that 
yields and draws down to the vicinity of the glass transition temperature of the 
added butadiene component» The interpretation of this macroscopic mechanical be- 
havior in terms of microscopic deformation has been possible through the use of 
dynamic mechanical tests„ 

IV. THERMAL ANALYSIS OF PLASTICS 

Ho Eo Bair 

During the past few years, modern electronic technology has been utilized suc- 
cessfully to develop instruments which are capable of detecting minute changes in 
the heat content of a system undergoing a chemical or physical process. These new 
calorimeters permit the determination of many thermodynamic properties of plastics 
which could not be measured on other types of differential thermal analyzers. The 
purpose of this paper is to report some calorimetric information which has been ob- 
tained on semi-crystalline and glassy plastics in our laboratory. The selected 
thermal studies which are shown here range from the determination of the degree of 
crystallinity of polyethylene to the quantitative analysis of the components of a 
blend of plastics. 

Figure IV-1 shows the response of the calorimeter at a heating rate of 
10°C/mino to the melting of polyethylene crystals which had been grown in solution 
at 85°Co It should be noted in this figure that the temperature is displayed along 
one axis and the amount of heat gained or liberated per unit time by the sample is 
represented along the axis which is perpendicular to the temperature scale. The 
latter quantity is proportional to the specific heat of the material, which is the 
amount of heat (usually expressed in calories) necessary to raise the temperature 
one degree centigrade per gram of material„ 

The apparent specific heat of the crystals rises sharply during the trans- 
formation of the solid crystals into a liquid or melt with almost ninety per cent 
of the crystals melting between 124°C and 127°C. In this special case, the highest 
observed melting temperature of the thin lamellae may be used to calculate the 
thickness of the crystal» X-ray measurements have indicated a lamellar thickness 
of 126 A! In addition, it may be concluded from the narrowness of the melting 
curve that most of the crystals have the same dimensions» From the area under the 
curve the latent heat of fusion or total amount of heat which was absorbed in or= 
der to melt all the crystals in this sample may be determined. In this case, 57 
calories per gram (cal/g) were gained during fusion. Independent measurements 
have shown that 68 cal/g would be required to melt a completely crystalline sample 
of polyethylene. Thus, the apparent degree of crystallinity of this particular 
sample is equal to the ratio of 57 to 68 or 0„84. Thus, the shape of the melting 
curve may give valuable information about the structure of polymer crystals. 

Recently9 a problem arose concerning the structural identity of the material 
being used to make cables. It was not known whether the material in use was the 
intended copolyaer of polyethylene and butene or by mistake was a linear homo- 
polymer of polyethylene. The problem was solved by making a thermal fingerprint 
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of the unkown material and comparing it with the melting behavior of materials 
whose molecular structures were known« 

Nearly identical weights of linear polyethylene (Marlex 6002* Natural), a 
copolymer of polyethylene and butene (Marlex 5003 and 0.75$ butene,, Natural), a 
c©polymer of polyethylene and butene with carbon black (this copolymer, Phillips 
P6402021, has the same molecular structure as the previous copolymer) and the 
unknown were melted to remove all previous thermal history. Then the samples 
were cooled from the melt at 10°C/min. to 30°C» The subsequent melting of each 
sample is shown in Figure IV-2« 

The linear homopolymer is more crystalline and has a final melting temperature 
10°C above the copolymer. As expected, the melting behavior of the natural and 
black copolymer are identical except for the slightly smaller amount of heat ab- 
sorbed by the carbon filled material» The similarity of the melting curves of the 
unknown plastics and the copolymer indicates that the material in question is a co- 
polymer and not linear polyethylene« 

There are presently many blends of plastics on the market. Unfortunately, 
many manufacturers will not reveal the phase content of these blends. Therefore, it 
is often necessary to determine ourselves the components which make up a blend and 
the amounts of each material in a blend» A thermal analytical technique is one 
convenient method for this purpose« 

At a particular temperature, which is dependent upon the molecular structure 
of the plastics and the heating rate of the experiment, the thermal response of a 
glassy plastics will change to liquid-like behavior. This temperature is called 
the glass transition temperature, Tg, and it is characterized thermally by an in- 
crease in the level of specific heat of the material» In principle, the type and 
amount of a plastics and a blend may be found by measuring the glass transition 
temperature and the magnitude of the increase in specific heat which occurs at this 
temperature» 

In Figure IV-3 the thermal response of two glassy resins is shown» Resin I 
is a copolymer of PVC and propylene with a small amount of "impact modifier" added. 
At approximately 80°C the transformation of the glassy PVC to liquid PVC occurs» 
The size of the change in specific heat at this temperature is about 95$ of the 
magnitude of the change for pure PVC. A small transition occurs at about 120°C 
which is probably due to the impact modifier which constitutes the remaining 5$ of 
the material» The transition temperature of the impact modifier suggests that it 
is probably an ABS type resin» 

Resin II (Figure IV-3) exhibits three separate glass transitions» This in- 
dicates that the blend is composed of three separate phases: a rubber (poly- 
butadiene) component (Tg = -75°C), a PVC component (Tg = 8l°C) and polystyrene- 
acrylonitrile (SAN) copolymer (Tg = 107°C)o From the magnitude of the specific 
heat changes accompanying these transformations it may be concluded that the blend 
is composed of 4 or 5$ rubber, 46$ PVC, and about 45$ SAN. From the thermal be- 
havior of the rubber it may be inferred that about 50$ of the SAN is free and the 
remainder is part of the ABS material» 
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V. ASPECTS OF ADHESIVE JOINTS 

T. K. Kwei 

During the last few years, we have been interested in the load-bearing 
ability of adhesive joints in a humid environment at moderately high temperatures. 
Many adhesives are sensitive to moisture, and, in the wet condition, the strength 
may decrease markedly, sometimes to less than half the strength in the dry state, 
usually the data used for design purposes are obtained at room temperature by a 
short-term strength test and the results may not reflect a complete picture of the 
permanence of an adhesive joint under constant load in a humid environment. 

Since the stress distribution in an adhesion joint is very complex, we have 
approached the problem, as a first step, by studying the load-bearing ability of 
the adhesive itself in a humid atmosphere. It is well known that if a load 
somewhat less than the ultimate strength of a material is applied to a sample, 
the sample will eventually break, after a period of time, under this stress. Ex- 
perimentally, we measure the time to break, t^, at a given load under a variety of 

temperature and humidity conditions. Typical results for an epoxy polymer are 
shown in Figure V-l. 

At each temperature there is a lower limit of stress shown as a dotted line, 
below which the breaking time exceeds 500 hours when the experiment is terminated. 
The epoxy polymer used in this study has a glass transition temperature of about 
52°Co It can be seen from the figure that a dry polymer is able to sustain a much 
higher stress over a long period of time at temperatures below the glass transition. 
As temperature increases the strength decreases and the breaking time becomes very 
short. In the presence of 100$ relative humidity the load-bearing capacity of the 
polymer decreases substantially even at low temperatures, and the polymer behaves 
almost like a different material. When similar epoxy polymers having higher glass 
temperatures (anhydride cured, for example) are tested in a similar manner, the ef- 
fect of humidity is less pronounced at low temperatures. Our data also suggest 
that if an epoxy adhesive with a low glass temperature is used, the moisture sen- 
sitivity may become very serious. This is indeed the case with adhesive joints 
using polyamide-polyamine epoxies and nylon-epoxies. 

An analysis of our results, according to current theories, leads to the con- 
clusion that absorbed water molecules act effectively as plasticizers. In order 
to understand the phenomenon better, we are in the process of setting up an ap- 
paratus to measure the rate and maximum amount of water absorption. An attempt 
to relate these measurements to mechanical properties will be carried out. In 
additionp a study of the effect of various curing agents and curing conditions is 
in progresso 

VI. SOME ASPECTS OF THE FLOW BEHAVIOR OF POLY» 
MER MELTS RELATED TO PROCESSING 

Lo L. Blyler, Jr. 
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INTRODUCTION 

The flow behavior of polymer melts is very different from that of more con- 
ventional liquids and a number of examples of unusual behavior can be cited: 

lo Polymer melts are non-Newtonian„ Newtonian fluids have constant vis- 
cosity at any given temperature and pressure. The viscosity of a 
polymer melt also depends upon the rate at which it is sheared. A 
typical plot of viscosity against shear rate (velocity gradient) for 
a high density polyethylene melt obtained from capillary extrusion 
rheometer measurements is shown in Figure VI-1. It may be seen that 
a 100-fold increase in shear rate results in a 10-fold decrease in 
viscosity. 

2. When a polymer melt is extruded through a die, the emerging ex- 
trudate is observed to swell, so that the diameter of the extrudate 
is larger than the diameter of the die itself. 

3. If a polymer melt is extruded through a die at increasing rates, a 
point is reached at which the surface of the extrudate begins to 
take on a rough appearance. As the rate is increased further, the 
roughness becomes more pronounced« This flow instability has been 
called "melt fracture". 

4. Experiments involving injection of dye traces into polymeric fluids 
flowing through tubes show clearly that these fluids recoil upon 
sudden stoppage of steady flow and, therefore, possess a recoverable 
strain» 

All of the aforementioned phenomena can be explained at least qualitatively by 
postulating that flowing polymer melts simultaneously possess both viscous and 
elastic properties„ This is a reasonable conclusion when one considers that a 
polymer melt consists of a collection of long chain molecules, existing in a ran- 
domly coiled condition when the melt is at rest. If the molecules are long enough, 
they can become entangled and intertwined with one another, as depicted in Figure 
VI-2. The longer the molecules are, the greater the number of entanglements in 
which each one can participate. Therefore, it is to be expected that the proper- 
ties of polymer melts will depend very strongly on such factors as molecular 
weight, molecular weight distribution, and whether or not long branch chains are 
present on the main molecular chain,, 

This mass of polymer molecules comprising a polymer melt may be considered 
to form a network in whieh the points of entanglement are the network junctions, 
also depicted in Figure VI-2, Of course, these junctions are not permanent be- 
cause the entanglements can slip. The links between the network junctions con- 
sist of randomly-coiled segments of the polymer chains» 

If the polymer melt is made to flow by imposing an external stress, the net- 
work will respond in two ways: 

lo The molecular segments connecting entanglement points uncoil and 
orient, resisting the deformation because a random configuration 
is preferred; this mechanism gives rise to elasticity, and is char- 
acterized by a modulus and an elastic strain» 

2o The molecules can disentangle and slip past one another into a new 
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configuration; this mechanism gives rise to flow and is characterized 
by a viscosity. 

When a polymer melt undergoes flow, both the viscous and elastic mechan- 
ism occur simultaneously. Consequently, when dealing with processing applications, 
elastic behavior, as well as viscous behavior, must be considered. For example, 
extrusion processes must be designed to accommodate extrudate swelling, "melt 
fracture" imposes an upper limit on extrusion speed, and care must be exercised to 
avoid freezing large elastic strains generated in the flowing melts into fabricated 
parts as residual strains, which might later lead to failure or lack of dimensional 
stability. 

VISCOUS BEHAVIOR 

Melt Index* is a widely used parameter for characterizing the viscous behavior 
of polymer melts. However, it represents only a single point on the viscosity 
curve of a polymer melt and difficulties may arise if melt index is used as the 
sole criterion of processability. 

To illustrate this point, Figure VI-3 depicts the flow curves (log shear 
stress against log shear rate) of two polymer melts at 190°C and 225°C, obtained 
with a capillary extrusion rheometer. Polymer A is a copolymer of ethylene and 
acrylic acid containing 15$ by weight acrylic acid. Polymer B is a high density 
polyethylene. Both materials have a melt index of 5« 

The 190°C flow, curves for Polymers A and B converge at low shear stresses. 
This behavior reflects the equivalence of the melt indices of the two materials, 
since melt index is/a low shear stress parameter. At higher stresses, however, 
the curves diverge widely. At a shear rate of 1000 sec.-l Polymer A is nearly 
three times more viscous than B, and, therefore, would be a great deal more diffi- 
cult to process. 

A 35°C increase in temperature produces a much greater shift in the flow curve 
for Polymer A than for Polymer B. The extreme temperature sensitivity of viscosity 
exhibited by Polymer A results in a decrease in the disparity between the flow 
curves at 225°C. At 1000 sec.-l Polymer A now has only twice the viscosity of B. 
Consequently, increasing temperature leads to greater relative gains in process- 
ability for Polymer A than for Polymer B» 

Another important implication of the flow curves in Figure VI-3 bears on the 
problem of discoloration and "burning" of injection molded parts. In the injec- 
tion molding machine there exist regions of high local shear. Since polymer 
melts are highly viscous, a great amount of energy dissipation occurs in these 
regions and the local temperature rises to levels at which degradation is ex- 
tremely rapid. Because viscous energy dissipation is directly proportional to vis- 
cosity, the 190°C flow curves in Figure VI-3 indicate that at 1000 sec.=l  Polymer 
A dissipates into heat three times more energy than Polymer B. Consequently, much 
larger local temperature rises will occur with Polymer A and degradation is a 
definite possibility. 

Summarizing, the details of the flow curves of polymer melts can have im- 
portant implications for processing which are not at all evident from simple index 
measurements.  

*Melt index is defined as the weight in grams of polymer melt extruded from a 
standard reservoir at 190°C under a load of 2160 grams through a capillary of 
specified dimensions during a 10-minute interval. 
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ELASTIC BEHAVIOR 

One of the important consequences of the elasticity exhibited by flowing 
polymer melts is that elastic strains can be frozen into fabricated parts. This 
situation is usually to be avoided since residual strains often lead to failure 
of parts» In order to approach this general problem in a systematic way, it is 
necessary to obtain measurements of the recoverable elastic strain in flowing 
polymer melts as a function of rate of shearing and temperature, and to understand 
how the strain depends upon the molecular structure of the polymer. Unfortunately, 
the recoverable strain is a rather difficult quantity to determine accurately. 
Some of the methods which have been employed to measure it are listed below: 

1• Measurement of recoil upon sudden stoppage of steady flow. This 
method is direct but rather inaccurate. 

2» Flow birefringence measurements. This method is very precise 
but requires highly specialized equipment. 

3° Measurement of tensile normal stresses»  Owing to their 
elasticity, polymer melts are capable of supporting a tensile 
stress; in fact, shearing a polymer melt induces the formation 
of tensile stresses» Equations resulting from a number of 
theories exist which relate these tensile stresses to the re- 
coverable strain» Tensile normal stresses can be measured 
with the Weissenberg rheogoniometer and with a capillary rheo- 
meter by determining capillary end corrections» 

4» Dynamic modulus measurements.  The use of correlations which 
exist in theory between the dynamic (oscillatory) behavior and 
steady flow properties enables the calculation of recoverable 
strain from dynamic shear modulus measurements. 

Some preliminary measurements of recoverable strain carried out using the lat- 
ter two methods are shown in Figure VT-4» This graph shows the recoverable strain, 
SR, as a function of shear rate for two high density polyethylene melts. Large 
discrepancies between the curves obtained by different methods are evident. The 
dynamic modulus method gives values for SR which are ridiculously high, while the 
tensile shear method yields much more reasonable values. Further work is being 
carried out to resolve the discrepancies so that a meaningful approach to the 
residual strain problem can be made» 

The flow behavior of polymer melts is extremely complex owing to their com- 
plicated molecular structure» Consequently, it is frequently necessary to 
understand the details of this behavior in order to carry out processing operations 
intelligently» 

VII. APPLICATION OF GEL PERMEATION CHROMATOGRAPHY TO 

MOLECULAR WEIGHT POLYDISPERSITY IN POLYMERS 

R«, Salovey 

Until a few years ago the determination of the molecular weight distribution 
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of a polymer was, at best, a tedious process. It involves dividing the polymer 
sample into cuts or fractions, each of which was rather homogeneous, and determining 
an absolute molecular weight for each fraction. Knowing the weight of each cut we 
reconstruct the molecular weight distribution. 

Table VII-1 illustrates the fractionation of polyethylene which has been 
packed into a column and eluted (extracted) with mixtures of increasing solvent 
power. The fractions come off the column in order of increasing molecular weight. 
The fractions were characterized by measuring the intrinsic viscosity - which is 
a measure of the capacity of a polymer molecule to enhance the viscosity (or rate 
of flow in a capillary tube) of a solvent and is related to the molecular weight. 
The number average molecular weight was determined by membrane osmometry. The 
column labeled elution volume refers to the new technique of gel permeation chroma- 
tog raphy. This fractionates in inverse order from the column fractionation. The 
advent of commercial gel permeation Chromatographie equipment has revolutionized 
measurements of molecular weight distribution for the polymer chemist. In gel per- 
meation chromatography, polymer molecules are separated by their ability to per- 
meate, or pass through, a porous gel. High molecular weight components cannot 
penetrate the gel network and elute first. The elution volume refers to the volume 
of solvent necessary to carry the polymer to a detector at the end of the column. 
Molecules of decreasing molecular weight find more available volume in the gel, 
that is, penetrate further into the gel, and require more solvent to elute. Thus, 
the elution volume in gel permeation increases with decreasing molecular weight. 
With suitable detection, gel permeation chromatography is a simple method of frac- 
tionating a polymer into component molecular weights. 

Figure VII-1 is an experimental chromatogram. Polymer emerging from the 
column at different elution volumes is detected by measuring changes in refractive 
index, which are proportional to concentration. In order to interpret such a curve 
in terms of molecular weight, it is necessary to calibrate the elution volume. 
Fractions of the polymer type considered may be obtained from a column fractiona- 
tion and the absolute molecular weight of each fraction is determined. These sam- 
ples are then injected into a gel permeation Chromatograph to yield a sharp peak. 
The elution volume at the maximum can then be associated with a given molecular 
weight. Figure VII-2 is a typical calibration curve. Distinct calibration curves 
are obtained for linear and for branched polyethylene. It is usually found that 
the logarithm of molecular weight is linear with elution volume. At the high 
molecular weight end of both curves, the elution volume becomes less sensitive to 
molecular weight as the very largest molecules do not penetrate the gel, but pass 
through the column around the spherical gel particles (through the interstitial 
volume). From a calibration curve and experimental gel permeation chromatograms 
it is possible to construct a differential distribution curve as shown in Figure 
VII-3« This is a plot of the weight fraction of molecules of given molecular 
weights. 
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TABLE VII-1 

FRACTIONATION OF BRANCHED POLYETHYLENE 

Fraction Weight Fraction Elution Volume 

1,2,3 0.0345 119.0 ml 

4 .0343 115.5 

5 .0501 112.5 

6 o0442 109.5 

7 „0241 108.0 

8 .0697 106.5 

9 .0722 103.5 

10 .0772 102.0 

11 .1186 IOO.75 

12 .0688 99.0 

13 .0938 96.5 

14 .1165 94.0 

15 .0886 93.0 

16 .0754 91.5 

17 .0315 91o0 

Mn 
x 10"3    &fl.dl/g« 

10 

13 

19 

22 

34 

37 

41 

53 

71 

160 

280 

900 

0.28 

0.51 

0.95 

1.00 

1.45 

1.95 

2.42 

2.90 

aIn decalin at 70°C. 
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ABSTRACT 

NONLINEAR VISCOELASTIC CHARACTERIZATION OF POLYMERIC MATERIALS 

R. A. Schapery 

School of Aeronautics, Astronautics and Engineering Sciences 

Purdue University- 

Lafayette, Indiana 

Nonlinear, viscoelastic response of hard and soft polymers is first reviewed 
in order to bring out certain common features of their creep (constant stress) and 
relaxation (constant strain) behavior. It is shown that the time-dependence of 
nonlinear behavior often can be expressed in terms of the same creep and relaxation 
functions that define response to small stresses and strains. 

When such behavior exists, thermodynamic principles lead to relatively 
simple, multiaxial stress-strain relations which are valid under constant or varying 
stresses, strains, and temperature. These equations are very similar to the Boltz- 
mann form in linear viscoelasticity theory. They provide, therefore, direct guide- 
lines for the design of experiments and data analysis needed to characterize poly- 
mers for stress analysis purposes. 

Using existing data on plastics and elastomers, including a glass fiber- 
reinforced phenolic, some example applications are made in order to illustrate 
methods of data reduction and accuracy of the method in predicting response to 
time-dependent loading. 
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ASPECT OF ULTIMATE PROPERTIES: MECHANICAL FATIGUE 

George P. Koo 

Plastics Division 

Allied Chemical Corp. 

Morristown, N. J. 

INTRODUCTION 

The inherent toughness of polymeric materials is manifested in two outstanding 
end-use properties; namely, the resistance to impact and to mechanical fatigue. 
Perhaps because the importance of impact resistance in pertinent applications is 
easily visualized and is an unequivocal design consideration, the necessity of im- 
pact testing is clear and impact tests have flourished. While current understanding 
of the phenomenon with respect to polymer structure and composition leaves much to 
be desired, at least the limitations of popularly used test methods are well known, 
and fruitful fundamental research via high speed testing and dynamic mechanical 
techniques are being done» 

On the other hand, although numerous applications take advantage of the re- 
sistance to repeated loading (e.g., bellows, couplings, and gears), the relation- 
ship of the application to a single property, fatigue resistance per se, is compli- 
cated and indirect and is not usually obvious. Hence, relatively less work has 
been done in the field to understand the fatigue behavior of polymers. In areas 
where specific objectives relative to end use is clear, such as reinforced lam- 
inates for aerospace applications, elastomers for tires and monofilaments of po- 
tential fibers, much experimental work has been done.  However, from the results 
of investigations so motivated, it is not always possible to separate out the ef- 
fects inherently due to the polymer. 

The purpose of this paper is to illustrate the complications when considering 
the fatigue behavior of polymers under conditions that simulate some applications, 
to describe some unusual behavior seemingly specific to p^lym01"0, anrl ^pW^ll y '" 

—-stimulate interest.AhaJL-wouM'-reiaal^ 

In order to establish a reference base for the discussion to follow, it is 
necessary to briefly describe some general aspects of fatigue testing. Except in 
one very important respect to be discussed, fatigue testing of polymers is 
similar to the established traditional techniques applied to older engineering 
materialso The cyclic loading is usually sinusoidal, in either reverse tension, 
compression, combination of tension and compression, bending or torsion. The 
peak stress or maximum strain amplitude is held constant as is the test temperature. 
The data are most frequently presented semilogarithmically as stress (or strain) 
versus decades of cyclic life to failure - the so-called S-N curves.  If an asymp- 
totic stress level is experimentally found below which the material will not fail, 
the material is said to have an endurance limit at that stress. (Examples for 
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polytetrafiuoroethylene and polychlorotrifluoroethylene are shown in Figure 1») 

Just as metals and alloys have crystalline imperfections and impurities, 
polymer samples also contain inhomogeneities0 If fatigue failure is a function 
of the very presence of inhomogeneities, then. from, the purely statistical nature, 
one can expect a great deal of scatter in the data» This inherent scatter, in 
spite of careful technique, can be as much as two decades in an S-N ploto Conse- 
quently, statistical treatment of the data is a frequent necessity; further dis- 
cussion of this aspect can be found in an excellent overall summary on fatigue 
by Richardsc1 

The point of emphasis is that metals for structural uses, heretofore the 
dominating engineering material, do by and large fail in fatigue catastrophically 
due to internal inhomogeneities,, The basic mechanistic explanation is that stress 
concentration about an imperfection leads to crack initiation which propagates 
until catastrophic fracture occurs» Various laws and theories formulated on the 
nature of fatigue damage and failure are based on this premise, namely, fatigue 
failure by fracture is dependent upon crack initiation and propagation., 

Under properly controlled conditions9  crack propagation of polymers under 
cyclic stress also follow the same behavior■„ Burns and co«workers2 conducted some 
interesting and careful studies of crack propagation of poly(methyl raethacrylate) 
under cyclic loads at low frequency and at room temperature0 Random crack initia- 
tion was obviated by prenotching large„ flat PMMA sheets and following the crack 
growth under reverse tensile load» Their data showed that under those conditions, 
crack growth is quite similar to metals„■ As shown by Equation (1), a simple re- 
lationship describes the crack growth rate 

%   =   C  (AK)» (1) 
■ UN 

where    a - crack length 
N - number of cycles 

AK - stress intensity'factor which is a function of stress, 
crack length and geometry of the specimen 

C,m - constants derived from the data 

However, above results are taken with temperature held constant. Under conditions 
where polymers are viscoelastic, significant heating may arise continuously, 
changing the temperature of the test specimen» Experimental results from such 
complications do not and cannot-follow analysis where temperature is assumed con- 
stant o A recent review3 makes the specific point that the damage that results 
from fatigue testing is of two non=rautually exclusive but distinct natures„ One 
stems from the strong time dependent nature of polymers, and the second is ef- 
fects directly attributable to some form of crack growth such as the work of 
Burns, et al02 . . 

The condition of some of current and future cyclic loading applications of 
plastics may be such that the extent of■heating actually controls performance» 
Therefore, it is important to consider'the effects of hysteretic heating of a 
polymer during cyclic loading, and is the central theme of the remainder of this 
paper» 
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ANALYSIS OF LINEAR VISCOELASTIC MODEL 

First, it is instructive to consider a linear viscoelastic model under dy- 
namic loading. The ensuing discussion modified from Vincent**- is worth repeating 
by virtue of its simplicity and clarity. 

Let us suppose that stress is the sinusoidal forcing function as represented 
by 

r(t) =  r0 sin ut (2) 

and is equivalently shown as a rotating vector on a stress-time diagram (Figure 
2a)o By definition, the strain of a linear viscoelastic material lags behind the 
stress by a constant phase angle, 6. As shown by Figure 2b, strain can be repre- 
sented by 

€(t) = €0  sin (OH -6) (3) 

It is obvious from the diagram that the stress vector can also be considered to be 
the sum of two separate components; one of which, Tr', is in phase with the strain, 
T = T0  cos 6, and the other out of phase component, T"= Tr'o s^-n &» 

Correspondingly, we can define two components to a "complex" modulus as, 

G«  = jL' = |£  cos S  = G* cos S                    (4a) 

G"  = £-   = G* sinS (4b) 

Then from above,        G* = (G,z    +    G"2)1/2 (5a) 

and                                tan $ =   C'/G1 (5b) 

A more sophisticated approach with complex variables is usually used to arrive 
at the preceding derivations. Whence G* is known as the complex modulus, G* as 
real modulus, and G" as imaginary modulus. However, it is probably more useful 
to retain the in-phase and out-of-phase designation so as not to lose the physical 
meaning of these terras. 

It is possible to calculate the energy dissipated under cyclic loads in terms 
of the quantities just derived. The energy dissipated per cycle is simply 

* Eeycle  =  y rde = Jt  ff dt 

Substituting Equation (2) for f% and differentiating Equation (3) for d€/dt and 
utilizing the trignometric identity, cos (<*>t -6) = cos cot cos 8 + sin Ot sin 
S,  Equation 6 becomes 

AEcycle = T0 Go^y   sin Cut  (cos Cut  cos £+ sin CJt  sin S) dt  (?) 

The first produet inside the integral is an odd function and is zero over the clos- 
ed integralo The second term yields (TC/cJ)  sin S  and the energy dissipated per 
cycle is given as 

AECycle  = *^o ^o s±nS (8) 
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Note that for an ideally elastic material, the corresponding integral would contain 
only an odd-function term, in agreement with the definition that all the energy is 
elastieally stored and none lost» 

Since usually either the maximum stress or strain is an experimentally inde- 
pendent variable, it would be desirable to eliminate one from the expression in 
Equation (8)0 For the case when stress is constant, substitute ^o = 2o/G* and 
get 

AT 
AEcycle  =  Ur sinS (9) 

By definition, the complex compliance is J* = l/G*, and correspondingly the loss 
compliance JM - J* sin 6 . We now have arrived at a more useful expressions, 
namely, 

AEcycie =   3m2 J" (10) 

Since this expression is for energy dissipated per cycle, the energy dissipation per 
unit time is simply, 

AE= (7Tr0
2J")f (11) 

where f is frequency in cycles/unit time. 

Let us now consider the implications of Equation (11). It is obvious that 
rate of energy dissipation increases rapidly with the square of peak stress and 
linear with the cyclic frequency«, Both are experimental parameters amenable to con- 
trol and measurement.. The interesting parameter is the loss compliance, which is 
the only parameter in the equation that is a property of the polymer. We know from 
linear viscoelastic analysis that JM increases with temperature, increasing rapidly 
when the temperature approaches the glass transition or some other major transition. 
Dynamic mechanical measurements provide direct experimental verification within the 
range of linear viscoelasticity» 

However, the derivation leading to Equation (11) is not strictly valid under 
high stress levels usually encountered in fatigue, since the response is no longer 
linear viscoelastic» The value of J" in the non-linear region is no longer inde- 
pendent of stress but increases with stress. In brief, we can only state that <JM 

of a polymer sample under fatigue is some complicated function of temperature, fre- 
quency and stress, and Equation (11) is only an approximation. 

EXPERIMENTAL RESULTS 

To our knowledge, careful dynamic mechanical characterization of polymers in 
the non-linear region has been rarely attempted. In particular, there are no 
reported data on non-linear loss compliance that would enable one to predict the 
extent of hysteretic heating in fatigue. In previous publications„5 we made a 
qualitative approach to the problem. We measured the surface temperature of speci- 
mens under fatigue and compared the data to the linear loss compliance over the 
same temperature range. Experimental details are fully described in aforementioned 
references^ and are not repeated here. 

Figure 3 on polytetrafluoroethylene (PTFE) shows the common characteristics of 
the data obtained. The lower figure shows that at a stress leading to failure, the 
surface temperature increases gradually and then quite suddenly "runs away" just be- 
fore failure. Plotting the linear dynamic loss compliance over the same tempera- 
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ture range in the upper figure, we find that the region where the temperature be- 
gins to run away is approximately where J" is increasing rapidly with slight 
changes in temperature and is approaching a transition. On the other hand, at a 
moderate stress level at or below the endurance limit, the surface temperature 
levels off to some steady-state value. 

Even though the data lack decisive quantitative proof, for we did not measure 
the actual heat evolved nor the actual non-linear J", the following generaliza- 
tions seem justified: 

1. At the experimental frequency of JO  cycles/sec, various polymers, 
including polymethyl methacrylate, nylon 6, polyethylene, poly- 
tetrafluoroethylene, polychlorotrifluoroethylene and polyvinyl- 
idene fluoride possess a significant loss compliance to result in 
appreciable hysteretic heating. Only unplasticized PVC failed by 
fracture without perceptible signs of heating. 

2. Failure occurs when hysteretic heating from internal damping is 
generated at a rate faster than the rate of heat transfer to the 
surrounding.  Since the loss compliance increases with tempera- 
ture9 the heating rate increases until the specimen is too soft 
to withstand the load and a thermal type of fatigue failure oc- 
curs o At low enough stress and/or frequency, the rate of hys- 
teretic heating is lessened and equilibrates with the external 
heat transfer to attain a stable condition. Changing the sur- 
rounding environment changes the heat transfer characteristics 
and would also change the steady state condition that corresponds 
to the endurance stress level. 

Hearle3 suggests that "true" fatigue failure in polymers be de- 
fined as fracture due to crack growth. While this would be con- 
sistent with the classical concepts of fatigue testing, the 
consideration excludes the viscoelastic effects which may be too 
important to be ignored in practical situations. 

Our experimental procedure does not separate the effects of 
elastic crack growth from that of hysteretic heating, and the 
end points reflect the combined effects. By  so doing we cannot 
measure true S-N curves where temperature is constant, but ob- 
tain only "apparent" S-N curves. This being the case, the ob- 
served behavior can be generally separated by four regions as 
illustrated by Figure 4. At the highest stress levels of the 
diagram (Region I) the specimens tend to fracture before the 
specimen temperature reaches very far into the "run away" region. 
At intermediate stress levels (Region II), softening due to 
heating and evidence of melting for crystalline polymers usually 
takes place along with partial breakage and visible signs of 
crazing and small cracks. At stress levels only slightly above 
the endurance limit (Region III) specimens generally soften dras- 
tically. Even though such specimens are permanently weakened 
even when cooled back to ambient conditions, visible signs of 
cracking and crazing are usually absent. In Region IV below the 
endurance limit, the temperature reaches steady state and 
failure of any kind does not occur. The generalization is rep- 
resentative of most of the semicrystalline polymers except for 
PTFE which do not show any physical damage apparent to visual 
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inspection at any stress level, i„e,, Regions I and II are not ob- 
served. The glassy PMMA, on the other hand, tend to show at least 
evidence of crazing even at stress levels just above the endurance 
limit, i.e., Region III is absent„ Note that if we include fatigue 
fractures without any perceptible heating as part of Region I, then 
Figure k encompasses all the possible modes of fatigue behavior of 
high polymers, Of course, as indicated by the data on PTFE and 
PMMAs, not all the regions are always observed for a given set of 
conditions. For example, at very low frequency fatigue, with no 
hysteretic heating, only Regions I and IV are likely to be seen. 

To further explore the importance of hysteretic heating to a 
polymer sample under cyclic load, we then conducted a series of 
tests^ where each test was discontinued when the speciment tempera- 
ture reached a certain prescribed level below the region when 
failure took place. We found that even at stress levels consider- 
ably above the endurance limit, the test specimens appear capable 
of withstanding the cyclic load indefinitely as long as the load- 
ing is stopped before the temperature approaches the level where, 
based on previous continuous test data, failure occurs. This be- 
ing the case, under certain practical situations where cyclic 
loads are applied intermittently rather than continuously, a given 
polymer can conceivably perform better than what the apparent S-N 
curves would predict» The implication is that internal structural 
damage within a polymer sample is c aused by a combination of 
mechanical cyclic stress and hysteretic heating; at each stress 
level, there exists a critical temperature specific to each polymer 
below which structural damage does not appear to take place. 

In order to arrive at some logical explanation for the effects ob- 
served, the next experimental phase is to conduct a microscopic 
examination of specimens under cyclic loads for structural and 
morphological changes and variations, Roldan° has done this for 
polytetrafluoroethylene using the optical microscope, the electron 
microscope, and x-ray diffraction, and is preparing the results for 
publication. One of the significant conclusions from his work is 
that crystalline bands are destroyed or at least disturbed by the 
combination of external stress and heating, and that cracks are 
initiated but are inhibited from propagating into macroscopic di- 
mensions that lead to fracture. 

If we assume that internal structural and morphological damage 
occurs only after the sample is at an internal state of increased 
molecular chain mobility, this required internal mobility would 
occur when the temperature of the polymer sample approached the 
glass transition due to hysteretic heating. It has been suggested 
by Andrews''7 and others that external stress can induce the transi- 
tion to occur at a lower temperature. The relationship appears to 
be monotonic, i,e„, greater the stress induces a greater drop in 
the transition temperature. Therefore, it is not necessary for the 
specimen under fatigue to heat up to the same temperature before 
internal damage takes place. Instead, damage occurs sooner, at a 
lower specimen temperature, for higher level of external stress as 
suggested by Figure 4, 
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A proposed explanation^ for the fact that damage in PTFE does not 
lead to fracture, is that apparently damage occurs in the crystal- 
line region. When the microcrack reaches the non-crystalline 
region, the stress concentration from the microcrack is relieved 
by the relaxation of the mobile chain segments. 

CONCLUSIONS 

Regardless of whether hysteretic heating is a legitimate part of the clas- 
sical fatigue failure or merely obscures the nature of fatigue fracture, we con- 
sider it an important consideration from a practical standpoint and cannot be ig- 
nored in many cyclic situations» A polymer with no internal damping capacity is 
too brittle to be a good fatigue resistant material. Polymers with sufficient 
damping though they may heat up are more likely to be fatigue resistant. The load 
bearing capability is somewhat inversely proportional to the extent of hysteretic 
heating, and maximum operating temperature under load is restricted to below the 
nearest major transition temperature above ambient - usually the glass transition 
temperature. External factors such as improving heat transfer, intermittent service 
with periods for cooling, all would tend to prolong the service life. 

The microscopic examination of PTFE suggests that the weakening and failure of 
polymer samples under cyclic load appears to correspond to the destruction of 
regions of crystalline order (for semi-crystalline polymers) due to the combined 
effects of external stress and internal friction. Exact mechanism that relates to 
structure and morphology and accounts for the fatigue behavior of glassy polymers 
as well as crystalline polymers is an area that requires elucidation. 

ACKNOLWEDGMENT 

The author wishes to acknowledge the helpful discussions and constructive 
comments from Drs. L. Roldan and D. Prevorsek and Mr. G. Toelke on the manuscript. 
Appreciation also goes to Allied Chemical Corporation, Plastics Division, for the 
support and permission to publish. 

REFERENCES 

1. Richards, C.Wo, Engineering Material Science, Wadsworth, Belmont, 
California (1961). '— "  ~ 

2. Watts, N.H. and Burns, D.J., Polymer Eng. & Sei., 7, 90 (196?). 
Borduas, H.F., Culver, L.E. and Burns, D.J., SPE ANTEC, Vol. 13, 
Detroit, Michigan (May, 1967). 

3. Hearle, J.W.S., J. Mtl. Sei., 2, tyk  (1967). 

k.    Vincent, P.I., Physics of Polymers, ed. P.D. Ritchie, p. 35ff, 
D. van Nostrand, Princeton, N.J. (1965). 

5° Riddell, M.N., Koo, G.P. and O'Toole, J.L., Polymer Eng. & Sei., 6, 
363 (1966). 
Koo, G.Po, Riddell, M.N. and OeToole, J.L., Polymer Eng. & Sei., 7, 
182 (1967). 

6. Roldan, L.G. and Koo, G.P„, to be published. 

7»    Andrews, R.D„ and Hammack, T„J„, Polymer Letters, 2*  &55  (1965)= 
Andrews, R.D„, J„ Polymer Sei., C14, 261 (1966). 
Andress, R.D., and Kazama, Y., JTTppl. Phys., 3_8, 4118 (1967).     -4-9- 



10° ioc 

CYCLES TO FAILURE   (N) 

FIGURE 1: Typical stress versus fatigue life, S-N 
curves given for polychlorotrifluoro- 
ethylene and polytetrafluoroethyl- 
ene at 30 cycles/sec. 

\ 

T= t/0sin ujt 

(a) (b) 

FIGURE 2: Relationship between stress, strain and phase 
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oidal oscillation. 
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and the variation in loss compliance over the 
same temperature range. Given for polytetra- 
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