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Preface 

This special volume contains the proceedings of the Fifth International Conference on the Formation of 
Semiconductor Interfaces (ICFSI-5). ICFSI had been previously held in Marseille, France (1985), Takarazuka, 
Japan (1988), Rome, Italy (1991) and Mich, Germany (1993). This fifth edition of the conference, aimed at 
providing a review of state-of-the-art experimental and theoretical research on structural and electronic 
properties of semiconductor interfaces, was held for the first time in the United States, on the campus of 
Princeton University, Princeton, New Jersey on June 26-30, 1995. 

The scientific program, organized in a traditional format of single oral session and poster presentations, 
focused on various aspects of semiconductor nanostructures, thin insulators on semiconductors, highly 
lattice-mismatched heterostructures, passivation and surfactants, atom manipulation on semiconductor surfaces, 
wide band gap semiconductors, interfaces of organic semiconductors, semiconductor heterojunctions, metal- 
semiconductor interfaces, as well as clean surfaces and adsorbates. A technical summary of the conference and 
its scientific highlights have been expertly outlined in the invited Conference Summary by Professor Hans Liith, 
the last paper of these proceedings. 

The conference was attended by 175 scientists from 21 countries. A total of 159 presentations were made, 
including 18 invited talks, 37 contributed talks and 104 poster presentations. The schedule of the oral and poster 
sessions was designed to maximize the time for discussions. These were extensive and often lively, and 
comments from the participants indicated that this goal was at least partially achieved at ICFSI-5, and should 
remain an overriding priority in future conferences. 

The composition of the program shows that traditional semiconductor surface and interface issues, such as 
clean surfaces and adsorbates or metal-semiconductor interfaces, still constitute an important fraction of the 
concerns and interest of our community. However, recent development in nanostructures, atom manipulation, 
organic semiconductors and wide band gap semiconductors are generating a large interest that will continue to 
expand the program of future conferences along these and yet-to-be identified new directions. To strike a proper 
balance between these various fields of interest will be a challenge for prospective organizers of this excellent 
series. 

The next meeting of this series will be held in June 1997 in Cardiff, United Kingdom, and will be chaired by 
Professor R.H. Williams and Dr. J.E. Macdonald. 

We wish to thank particularly Mrs. Emmalee Morrison who played an essential role in all aspects of the 
preparation and of the smooth running of the conference. Our deep appreciations also go to the members of the 
local organization committee for their dedication and hard work: V. Bulovic, J. Kahn, C. Kendrick, H. 
Manoharan, M. Mitchell, M. Petrov, S. Shukla, A.St. Amour, L. Xu. We also wish to thank Dean James Wei 
and Associate Dean Richard Golden of the School of Engineering and Applied Science for their early and strong 
support of the conference. Last, but not least, we would like to acknowledge our financial sponsors, without 
whom this conference would not have been possible. They are listed on page x. 

The Editors 
A. Kahn and R. Ludeke 
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Abstract 

In this brief review, structural and electronic properties of technologically important semiconductor surfaces are presented 
and discussed with particular emphasis on most recent ab initio results for semi-infinite and supercell geometries. Most of 
the results are based on the local density approximation of density functional theory but GW quasiparticle band structures 
and results of calculations incorporating self-interaction-corrections are included as well. A general picture of the surface 
reconstruction or relaxation behaviour is developed and the resulting electronic properties of prototype surfaces of diamond-, 
zincblende- and wurtzite-structure crystals are discussed. The systems addressed comprise reconstructed (001) surfaces of 
diamond, Si, Ge and SiC, the relaxed (110) surface of SiC and GaAs and nonpolar (1010) surfaces of wurtzite-structure SiC, 
ZnO and CdS. A comparing discussion of the relaxed surfaces of SiC, GaAs and of II-VI compound semiconductors allows 
to address the physical origins of the relaxation behaviour of these compounds and to identify characteristic differences and 
similarities in their relaxation behaviour related to the specific heteropolarity or ionicity of these systems. Our results show 
excellent agreement with a whole body of experimental data. 

1. Introduction 

Semiconductor surfaces continue to attract large 
interest both in fundamental and applied research. 
The wide range of their technological applications is 
a strong stimulus to fully understand their structural 
and electronic properties on a microscopic level. We 
have witnessed the developments and applications of 
quite a number of fascinating and pretentious surface 
sensitive experimental and theoretical methods and 
techniques. The field of electronic structure theory of 
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clean semiconductor surfaces has matured within the 
last decade and total energy minimization calcula- 
tions have become a very powerful tool for theoreti- 
cally determining equilibrium configurations of sur- 
faces. A most complete account on structural and 
electronic properties of semiconductor surfaces has 
been compiled in two recent volumes of Landolt- 
Börnstein [1,2]. Although semiconductor surfaces 
have been studied for decades, a number of systems 
remain under debate because of their complex struc- 
tural properties. While surfaces like GaAs(llO) or 
Si(lll) are well-understood, by now, other systems 
like the (001) surfaces of elemental semiconductors 
continue to attract large attention. In addition, new 
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systems like surfaces of SiC move into the focus of 
interest because of their paramount potential for 
microelectronic devices. Likewise, surfaces of cubic 
and hexagonal II-VI semiconductors attract increas- 
ing interest because of their importance for optoelec- 
tronic devices and heterogeneous catalysis. 

In this relatively short paper, we certainly can not 
review the whole field. For a fair account of by now 
'classical' results, we refer the reader to the review 
articles by Hansson and Uhrberg [3] and LaFemina 
[4], concerning extensive discussions of related ex- 
perimental and theoretical work, respectively. Here 
we rather focus on a brief discussion of most recent 
theoretical developments for prototypical systems that 
are under intensive study currently. We first address 
the 'backbone of semiconductor technology', i.e. the 
Si(OOl) surface, in connection with diamond (001) 
and Ge(001) and discuss the physical origin and 
quantitative nature of the dimer reconstruction of 
these surfaces. Next we address the surface structural 
and electronic properties that occur if one of the two 
Si atoms in each bulk unit cell is replaced by a C 
atom and the lattice constant concomitantly shrinks 
by some 20%, i.e. we discuss surface properties of 
SiC. The properties of the polar SiC(OOl) surfaces 
will be presented and discussed in comparison with 
those of Si(001) and C(001), respectively. We then 
move to the nonpolar (110) surface of cubic SiC. It 
is most revealing to discuss the respective results in 
comparison with those of the probably best well- 
known semiconductor surface, namely GaAs(llO). 
While in the above comparisons the changing ionic- 
ity is the main theme, in the systems to be discussed 
next, a change in crystal structure is important, as 
well. To highlight the related effects, we present the 
surface structure and band structure of the nonpolar 
(lOlO) surface of wurtzite-structure SiC and discuss 
the properties of a-SiC(lOlO) in comparison with 
those of jß-SiC(llO). Finally, we address wurtzite- 
crystal surfaces of prototypical II-VI semiconduc- 
tors. Here we discuss ZnO(lOlO) and CdS(lOlO) in 
comparison with SiC(lOlO). A systematic discussion 
of all of these systems allows to identify characteris- 
tic differences and similarities in the relaxation be- 
haviour, which are related to the specific types of 
heteropolarity or ionicity of these systems. 

The paper is organized as follows. In Section 2 
we briefly address the theoretical approach. In Sec- 

tion 3 we discuss characteristic results for prototype 
surfaces as outlined above. A short summary con- 
cludes the paper in Section 4. 

2. Theoretical approach 

The results reviewed in this paper have been 
calculated employing theoretical methods that have 
been described in detail elsewhere. Therefore, we 
refrain from repeating any equations here. Most of 
our ab initio calculations [5-8] have been carried out 
in the local density approximation (LDA) of density 
functional theory (DFT). We employ nonlocal, 
norm-conserving pseudopotentials in separable form, 
as suggested by Kleinman and Bylander [9]. We use 
the norm-conserving pseudopotentials of Sabisch [7] 
for C and for Si in SiC and those of Gonze, Stumpf 
and Scheffler [10] for Si, Ge, Ga, As, S and O. The 
Znl2+ and Cd12+ pseudopotentials have been used in 
separable form in Ref. [8] employing the Bachelet, 
Hamann and Schlüter potentials [11]. The 
exchange-correlation potential (XC) is taken into 
account in the Ceperley-Alder [12] form as parame- 
terized by Perdew and Zunger [13]. One distinctive 
technical aspect of our calculations, as compared to 
many others is, that we use linear combinations of 
Gaussian orbitals of s, p, d and s * type to represent 
the wave functions. In most LDA calculations of 
other groups plane wave basis sets are used. They 
are easier to handle but lead to much larger Hamilto- 
nian matrices when supercell geometries are used to 
describe surface systems. For semi-infinite systems 
that can be described by potential scattering theory 
and Green functions [5,14], plane waves are inade- 
quate. In that case the calculations can be carried out 
very efficiently with Gaussian orbital basis sets 
[5,14]. Total energies for the surface structure opti- 
mizations are calculated selfconsistently using the 
momentum-space formalism of Ihm, Zunger and 
Cohen [15]. Optimal surface relaxations or recon- 
structions are determined within the supercell ap- 
proach [16]. We optimize the structure by calculating 
the forces. When a Gaussian basis is employed, 
Pulay forces have to be taken into account in addi- 
tion to the Hellmann-Feynman forces [14,17]. Elimi- 
nating the forces iteratively is achieved by employ- 
ing the Broyden scheme [18]. We move all atoms in 
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the unit cell until all forces vanish to within 10~3 

Ry/au. For further details related to particular sys- 
tems the reader is referred to the respective literature 
[5-8,14]. 

Now it is well-known, that band gaps in semicon- 
ductors are underestimated by some 50% or more 
within LDA and that this shortcoming transfers to 
the surface electronic structure. To overcome these 
problems, quasiparticle bandstructure calculations 
have proven to be a very powerful tool [19,20]. 
Based on the formalism of Hedin [21] and Hedin and 
Lundqvist [22], presented some 30 years ago, they 
have been successfully carried out within the GW 
approximation for bulk solids (see, e.g., Refs. 
[19,20]), as well as, for a small number of surface 
systems (see, e.g., Refs. [23-26]). Our approach to 
calculate GW quasiparticle bandstructures has been 
described in detail elsewhere [20,26]. Here we will 
only use the respective results [26,27] for Si(001)-(2 
X 1) to highlight the self-energy shifts in the quasi- 
particle bandstructure with respect to the LDA re- 
sults and to assess and identify the character and the 
importance of these effects. 

In the case of II-VI semiconductor surfaces, LDA 
results suffer from a further deficiency in addition to 
the above mentioned shortcomings in that the occu- 
pied cationic d-bands result roughly 3 eV too high in 
energy as compared to experiment (see, e.g., Ref. 
[28]). This leads to an unphysically increased interac- 
tion between the cation d- and the anion-p valence 
bands closing the gap even further than is typical for 
the LDA. Due to the overestimated p-d interactions 
one could expect that prominent gap surface states 
[8] are strongly influenced by the inadequate d-band 
positions. To overcome this problem to a very large 
extent, we have developed an approximate approach 
to take dominant self-interaction-corrections into ac- 
count [29]. The lack of these corrections in standard 
LDA calculations is thought to be largely responsible 
for the above mentioned deficiencies [8,28]. We 
construct atomic self-interaction-corrected pseudopo- 
tentials (SIC-PP's) which are then transferred to the 
bulk solid and to the surface calculations. The reader 
is referred to Ref. [29] for more details of this 
approach. Using these SIC-PP's, the calculations can 
again be carried out along the lines indicated in the 
first paragraph of this section. 

We have applied the above mentioned theoretical 

techniques very recently for studying prototype sur- 
face systems which will be discussed in the next 
section. 

3. Electronic and structural properties of proto- 
type surfaces 

3.1. Diamond, Si and Ge(001) surfaces 

The origin and nature of dimer reconstructions at 
(001) surfaces of elemental semiconductors has been 
one of the most intensively discussed issues in semi- 
conductor surface physics. Large efforts have con- 
centrated on the Si(001) surface, since this is the 
technologically most important surface system and 
its surface reconstruction is the most subtle of the 
three systems (see, e.g., Ref. [6]). Very recently a 
consistent picture of the reconstruction of these three 
surfaces has emerged from a number of ab initio 
total energy minimization calculations, the results of 
which are in very good agreement with a whole body 
of experimental surface structure and surface spec- 
troscopy data. The investigations of the Ge(001)-(2 
X 1) surface (see, e.g., Refs. [6,30-34]) have rather 
quickly converged to the asymmetric dimer model 
(ADM) and those of C(001)-(2 X 1) surface (see, 
e.g., Refs. [6,35-37]) agreeingly find the symmetric 
dimer model (SDM) to be the equilibrium configura- 
tion of this surface. In the case of Si(001)-(2 X 1), 
there has been a long-standing discussion whether 
this surface reconstructs in the SDM or ADM. The 
original motivation for the introduction of asymmet- 
ric dimers by Chadi [38] was the finding that empiri- 
cal tight-binding band structure calculations which 
assumed a symmetric dimer reconstruction of 
Si(001)-(2 X 1) invariably resulted in a metallic sur- 
face in disagreement with the results of angle-re- 
solved photoelectron spectroscopy (ARPES) data 
[39]. The picture of asymmetric dimers was sup- 
ported, e.g., by core-level spectroscopy [40], 
surface-photo voltage [41], low-energy electron 
diffraction [42] (LEED) and ion-scattering experi- 
ments [43]. In scanning-tunnelling-microscopy 
(STM) studies [44], carried out later on, the dimers 
appeared to be symmetric. The most recent experi- 
mental data [45-53], however, show convincingly 
that the dimers are buckled. This is in agreement 
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with the results of well-converged ab initio total 
energy LDA calculations [6,30,54-58]. They provide 
agreeing evidence that, in the case of the SDM, the 
electronic surface bands deriving from the dangling 
bonds at the two atoms of each dimer overlap in 
energy at the Fermi level leading to a metallic 
surface. Buckling of the dimers leads to an energy 
gain of some 0.14 eV per unit cell by opening up a 
Jahn-Teller like gap between the surface-induced 
dangling bond states. Therefore a semiconducting 
Si(001)-(2 X 1) surface results for the ADM in 
agreement with experiment [39,47,52]. 

From a systematic comparative study [6] of the 
reconstructions of the three surfaces using our Green 
function technique for semi-infinite systems [5,14] 
we have obtained the electronic band structures 
shown in Fig. 1. The three panels on the left hand 
side show our results for the optimal SDM of each 
surface. In each case, we obtain a bonding IT band 
and an antibonding IT * band originating from sym- 
metric and antisymmetric linear combinations of the 
dangling bond orbitals at the dimer atoms. Obvi- 
ously, the SDM of C(001)-(2 X 1) yields a semicon- 
ducting surface while it yields metallic surfaces for 

C(001)-(2x1) 

Si(001)-(2x1) 

Ge(001)-(2x1) 

Fig. 2. Side views of energy-optimized configurations of the C-, 
Si-, and Ge(001 )-(2 X 1) surfaces. The bond lengths are given in 
A. 
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Fig. 1. Section of the surface band structure of C, Si, and Ge 
(001)-(2xl) as resulting from LDA Green function calculations 
for the symmetric dimer model (SDM) and the asymmetric dimer 
model (ADM) in comparison with experimental ARPES data of 
Ref. [59] (diamonds) and Ref. [60] (dots) for Si(001) and of Ref. 
[61] for Ge(001). 

Si and Ge(001)-(2 X 1). Tilting the dimers with re- 
spect to the surface plane raises the total energy for 
C(001)-(2 X 1) and leads to an energy gain of 0.14 
eV per unit cell for Si(001)-2 X l) and of 0.30 eV 
per unit cell for Ge(001)-(2 X 1). The optimal sur- 
face configurations of these three systems, as result- 
ing from our Green function calculations [6], are 
shown in Fig. 2. Our calculated dimer bond lengths 
and back bond lengths included in the figure are in 
excellent agreement with the results of other most 
recent ab initio calculations for the three systems 
(see Table 1 for that matter). Table 1 shows agreeing 
evidence from most recent ab initio calculations for 
these structural models. For C(001)-(2 X 1) there is 
beautiful agreement between the results of the four 
independent calculations [6,35-37]. So far, there are 
no experimental data in the literature on the structure 
of this surface, to our knowledge. For Si(001)-(2 X 1) 
we observe very good agreement between the results 
of most recent, well-converged calculations 
[6,24,30,58]. The experimental data show a relatively 
large scatter which might be related to surface im- 
perfections (dimer defects, etc.). For Ge(001)-(2 X 1) 
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Table 1 
Bond lengths and tilt angles at the (2X 1 )-reconstructed diamond, 
Si and Ge(OOl) surfaces from theoretical (T) and experimental (E) 
surface structure determinations (see Fig. 2 for the definition of 
d{ - d3) 

d] (Ä) d2(A) d} (Ä) if (deg) Ref. 

C(001)-(2X1) 1.37 1.50 1.50 0 [6]T 
1.37 0 [35] T 
1.37 1.50 1.50 0 [36] T 
1.38 0 [37] T 

Si(001)-(2X1) 2.21 7 [55] T 
2.25 8 [54] T 
2.25 2.33 2.28 19 [6,30] T 
2.26 2.34 2.29 18 [58] T 
2.27 14 

15 
[56] T 
[57] T 

2.20 5 [49] E 
2.25 19 [53] E 
2.34 7 [45] E 
2.36 14 [43] E 

Ge(001)-(2X1) 2.41 2.48 2.42 19 [6,30] T 
2.46 13 [31] T 
2.46 19 [32] T 
2.44 20 

21 
[33] E 
[34] E 

close agreement between the calculations and the 
experimental data is found. 

The calculated reconstruction-induced energy gain 
per surface dimer is very closely related to the 
cohesive energy per bulk bond in diamond, Si and 
Ge, as has been shown in Ref. [6]. These energies 
agree within some 0.3 eV in each case. This energy 
difference is surface-specific and is due to the back 
bond rotations accompanying the dimer formation. 

The surface electronic structure for the ADM of 
Si and Ge(001)-(2 X 1) is shown in the two panels 
on the right-hand side of Fig. 1. Both surfaces turn 
out to be semiconducting for the ADM in agreement 
with experiment. The calculated occupied dangling 
bond bands Dup are in good agreement with the 
ARPES data [59-61] for the ADM while the occu- 
pied 7r-bands for the SDM are hard to reconcile with 
the data. 

The origin of the different reconstruction be- 
haviour of the diamond surface as opposed to the Si 
and Ge surfaces can be traced back to the drastically 
different strengths in a- and 7r-bonding between the 
orbitals at the atoms of the symmetric dimers and to 

the fact that C 2p orbitals are more localized than C 
2s orbitals, while Si 3p (Ge 4p) orbitals are more 
extended than Si 3s (Ge 4s) orbitals. This occurs, 
since there are no p states in the C core, as opposed 
to Si and Ge. At C(001)-(2 X 1), neighbouring sur- 
face atoms form double-bonded dimers with a bond 

o 

length of 1.37 A, which is very close to the double- 
bond length of 1.34 A in, e.g., the C2H4 molecule. 
At the Ge(001)-(2 X 1) surface they form single- 
bonded dimers whose bond length of 2.41 A is close 
to the single-bond length of 2.40 A in Ge2H6 

molecules. The case of Si(001)-(2 X 1) resides in the 
middle of these two limiting cases [6]. In conse- 
quence of the short dimer bond, the 7r-interaction 
between the dangling bonds at the C(001)-(2 X 1) 
surface is strong enough to clearly separate the TT- 

and IT "-bands energetically. Thus the SDM of 
C(001)-(2 X 1) is already semiconducting and tilting 
the dimers does not lead to any additional energy 
gain. In contrast, in the SDM of Si and Ge(001)-(2 
X 1), the 7r-interactions are not strong enough to 
open up a surface gap (see the left panels of Fig. 1). 

While the surface band structures in the right 
panels of Fig. 1 nicely agree with the ARPES data 
[59-61], they fail to correctly describe the measured 
surface gaps [41,62,63]. This is, of course, related to 
the well-known shortcoming of the LDA which un- 
derestimates band gaps of bulk semiconductors and 
surfaces considerably. These problems can be over- 
come by carrying out quasiparticle bandstructure cal- 
culations as mentioned in Section 2. In Fig. 3 we 
show the quasiparticle bandstructures for the SDM 
and the ADM of Si(001)-(2 X 1) as obtained by our 
GW calculations employing Gaussian orbital basis 
sets [27]. The respective LDA results are given by 
dashed lines for comparison. It should be noted at 
this point, that the band structures in Fig. 3 have 
been calculated for a supercell geometry with 8 
atomic and 6 vacuum layers per supercell while 
those in Fig. 1 were calculated for semi-infinite 
geometries. The figure reveals two important results. 
First of all we note, that the SDM remains metallic, 
even if the quasiparticle band structure is considered. 
This result, together with the evidence from total 
energy minimization, convincingly rules out the 
SDM. Second we note, that the Dup band for the 
ADM hardly changes while the Ddown band strongly 
moves up in energy opening up the LDA gap of only 
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0.2 eV to the GWA gap of 0.65 eV. Our results in 
Fig. 3 have been obtained using a model dielectric 
matrix in the GW calculations [27]. They are very 
close to those of our full RPA calculation [26] 
yielding a surface gap of 0.7 eV. The calculated gap 
energies are well within the range of the experimen- 
tal values of 0.44 eV from optical absorption spec- 
troscopy [62], 0.64 eV from surface photovoltage 
measurements [41] and 0.9 eV from tunnelling spec- 
troscopy [63]. 

Concerning the comparison of the Dup band in the 
top right panel of Fig. 1 and the quasiparticle Dup 

band in the top panel of Fig. 3 with the data, it is 
obvious, that the calculated bandwidth is somewhat 
larger than the experimental bandwidth. In addition, 
there are further experimental features (open sym- 
bols) which can not be reconciled with the theoreti- 
cal bands resulting for the (2X1) surface. Northrup 
[24] has carried out GW calculations for the low 
temperature c(4 X 2) phase of Si(001). On the basis 
of a comparison of his results with ARPES data of 

ADM  of  Si(001)-(2xi; 

Si(001)c(4x2) 

SDM  of  Si(001)-(2x1) 

Fig. 3. Calculated dangling bond bands of Si(001)-(2X 1) for the 
asymmetric (ADM) and the symmetric dimer model (SDM). Solid 
lines display GWA results and dashed lines display LDA results 
in each figure. The symbols refer to photoemission data of Ref. 
[59] (diamonds) and Ref. [60] (dots). The shaded regions show the 
projected quasiparticle bulk band structure as resulting from our 
GWA calculations. 

> 

-                       4 
r-fj • 

6ÄL              \            Ä &' 

T       J     Y Y'       T J 

Fig. 4. Section of the calculated LDA surface band-structure of 
Si(001)-c(4x2) in comparison with photoemission data of Ref. 
[64] (triangles) and Ref. [65] (dots). The shaded region indicates 
the top of the projected bulk bands of Si. 

Landemark [64] it seems very likely that the above- 
mentioned features originate from c(4 X 2) islands at 
the nominal (2X1) room temperature surface. We 
note in passing that Northrup observes an opening of 
the surface gap by 0.48 eV for the c(4 X 2) surface 
due to quasiparticle corrections, while we observed 
0.50 eV, respectively, for the (2 X 1) surface. These 
results are convincingly close. Using the surface 
geometry as given by Northrup, we have carried out 
Green function LDA calculations to evaluate the 
surface band structure for the semi-infinite c(4 X 2) 
surface. A small section of the band structure near 
the top of the valence bands is compared in Fig. 4 
with ARPES data of Landemark [64] and Enta et al. 
[65]. There is a very good agreement to be noted 
between the occupied bands of our LDA surface 
band structure of the c(4 X 2) surface and the data. 

3.2. Polar (001) surfaces of ß-SiC 

While the (001) surfaces of diamond, Si and Ge 
have been studied by very many groups within the 
last decades, SiC(OOl) surfaces are moving into the 
focus of interest only recently. A number of different 
LEED patterns, depending sensitively on surface 
preparation techniques, have been observed [66]. The 
atomic structure of various reconstructions was in- 
vestigated by dynamical tensor LEED analyses 
[67,68]. Using their slab-MINDO approach, Craig 
and Smith [69] have investigated structural properties 
of (2 X 1)- and c(2 X 2)-reconstructed surfaces. The 
results to be presented in this subsection and those of 
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Käckell et al. [70] in these proceedings are the first 
ab initio results on structural and electronic proper- 
ties of SiC(OOl) surfaces, to our knowledge. 

SiC crystallizes in the zincblende-( /3-phase) and 
in the wurtzite-structure (a-phase). Cubic /3-SiC has 
one Si and one C atom per bulk unit cell. Si acts as 
cation and C as anion in this compound semiconduc- 
tor. Its ionicity (g = 0.475) has been discussed in 
detail in Ref. [7]. In consequence of the heteropolar- 
ity of SiC, the (001) surfaces are polar since they are 
either Si- or C-terminated. This heteropolarity stems 
from the very different covalent radii of the two 
atoms rather than from different valencies of the 
anion and cation as is the case in III-V or II-VI 
compound semiconductors. Nevertheless, the stronger 
C potential as compared to that of Si leads to a 
considerable charge transfer from the Si cations to 
the C anions. The charge density along the Si-C 
bonds is strongly asymmetric (see Ref. [7]). This has 
important consequences for the reconstruction of SiC 
surfaces. The /3-SiC lattice constant of 4.36 A is 
larger than that of diamond and smaller than that of 
Si. Thus in /3-SiC we will encounter physical proper- 
ties of Si orbitals on a lattice with a 20% smaller 
lattice constant than in bulk Si and physical proper- 
ties of C orbitals on a lattice with a 22% larger 
lattice constant than in bulk diamond. 

Considering the (001) surfaces of /3-SiC, one 
might expect that the Si- and C-terminated surfaces 
show a similar reconstruction behaviour as the re- 
spective Si or C(001)-(2 X 1) surfaces discussed in 
Section 3.1. It is very important to note, however, 
that the Si orbitals in the Si surface layer at the 
Si-terminated SiC(001)-(2 X 1) surface reside at a 
much smaller distance than at Si(001)-(2 X 1), while 
the C orbitals in the C surface layer at C-terminated 
SiC(001)-(2 X 1) reside at much larger relative dis- 
tance than at C(001)-(2 X 1). The atoms at the latter 
surface, therefore, are free to move and to form 
strong C dimer bonds, while those at the former are 
strongly hindered in their movement by the reduced 
lattice constant and the concomitantly increased 
Coulomb repulsions with the backbonds. In addition, 
the valence charge of Si and C is four in both 
elemental semiconductors, while it is larger than four 
at the C ion and smaller than four at the Si ion in 
SiC. 

We have carried out LDA structure optimizations 

Si-term. SiC(001)-(2xl) 

 rfi ^ 

C-term. SiC(001)-(2xl) 

Fig. 5. Side view of the energy-optimized configurations of Si- 
(top panel) and C-terminated (bottom panel) /3-SiC(001) surfaces. 
The actual values of the structure parameters are given in Table 2. 

and electronic structure calculations for these two 
surfaces using supercells with eight atomic layers 
and seven vacuum layers. The bonds on one side of 
the slabs have been saturated with adsorbed hydro- 
gen atoms. In the calculations discussed here we 
have only considered (2X1) reconstructions. 

The optimal structure of the Si- and the C- 
terminated SiC(001)-(2 X 1) surface is shown in Fig. 
5 and our structural data are compared with the 
Slab-MINDO results of Craig and Smith [69] in 
Table 2. The optimal reconstructions of the two 
(2X1) surfaces are vastly different. Contrary to the 
Si(001)-(2 X 1) surface, Si surface dimers are not 
stable at the Si-terminated SiC(001)-(2 X 1) surface. 
Only a very slight buckling of the Si atoms occurs 
(see the top panel of Fig. 5 for that matter). This is 
certainly related to both the reduced lattice constant 
and the decreased charge density at the Si cations in 
SiC, as compared to the case of Si (see Ref. [7]). The 
energy gain is only 2 meV per unit cell (but see also 
the note added in proof). The optimal (2X1) struc- 
ture of the C-terminated SiC(001)-(2 X 1) surface, on 
the contrary, forms very strong symmetric C surface 
dimers with an energy gain of 4.9 eV per unit cell 
(see bottom panel of Fig. 5). The large valence 
charge density at the C anions and the increased 
lattice constant as compared to C(001)-(2 X 1) easily 



J. Pollmcmn et cd. /Applied Surface Science 104 /105 (1996) 1-16 

Table 2 
Structural data for energy-optimized Si- and C-terminated 
SiC(001)-(2X 1) surfaces as resulting from our ab initio calcula- 
tions and the slab-MINDO calculations of Craig and Smith [69] 

rf, (Ä) d2 (Ä) d, (Ä) d4 (A) Ref. 

1.88      1.90     this work 
1.78      1.85     [69] 

1.86 this work 
1.86 [69] 

Si-terminated SiC(OOl) 2.73 0.08 
2.33 0.20 

C-terminated SiC(OOl)   1.36 1.86 
1.36 1.86 

For the definition of the parameters, see Fig. 5. 

allow dimer formation. Our structural parameters for 
the C-terminated surface in Table 2 are identical to 
those of Craig and Smith [69] while they are very 
different from the results of those authors for the 
Si-terminated surface. We believe that the large dif- 
ferences in the latter case could be due to the very 
subtle nature of the (2 X 1 ^reconstruction of the 
Si-terminated surface. In particular it might be diffi- 
cult to describe ionicity-induced charge transfer re- 
laxations by the slab-MINDO approach. In the case 
of the C-terminated surface, on the contrary, the 
reconstruction is extremely strong and local and can 
thus probably be described by that approach very 
well. It is interesting to note that at C-terminated 
SiC(001)-(2 X 1) double-bonded C dimers with a 
bond length of 1.36 A are formed as in the case of 
C(001)-(2 X 1) (see Tables 2 and 1, for comparison). 

Small sections of the surface band structures for 
both optimized configurations are shown in compari- 
son with the related bandstructures for the ideal 
surfaces in Fig. 6. The latter have been backfolded 
onto the (2X1) surface Brillouin zone for a more 
meaningful comparison. The bands Dt and D2 at the 
reconstructed Si-terminated surface originate from 
the backfolded dangling bond bands D and the bands 
D3 and D4 originate from the backfolded bridge 
bond bands Br at the ideal, unreconstructed surface 
(see the left panels of Fig. 6). The bridge and 
dangling bond bands of the ideal surface are split 
and shifted by the symmetry breaking due to the 
(2 X 1) reconstruction. Contrary to the case of the 
ideal Si(001) surface, the D and Br bands are ener- 
getically separated already at the ideal SiC surface 
(see upper left panel of Fig. 6) because of the 
stronger C potentials on the second layer, as com- 
pared to that of Si. The electronic structure for the 

reconstructed Si-terminated SiC surface is semicon- 
ducting, as well. As mentioned already, the energy 
gain per unit cell due to the reconstruction is only 2 
meV, in spite of the strong influence of the recon- 
struction on the D and Br bands yielding the bands 
D[-D4. This is related to the fact, that the center of 
gravity of the four bands hardly changes from the 
ideal to the reconstructed surface although each indi- 
vidual band shows large reconstruction-induced ef- 
fects. In view of the structural results of Craig and 
Smith [69] for this surface, we have imposed as a test 
the same buckling which is observed for the Si(001)- 
(2X1) surface (see Table 1) to this surface. A very 
strongly metallic surface results. Thus such a strong 
buckling has to be discarded for this reason and 
because of a concomitant increase of the total energy 
by 0.67 eV. The surface electronic structure of the 
C-terminated surface in the right panels of Fig. 6 
shows distinctly different features. First we note that 
the D and Br bands at the ideal surface strongly 
overlap in energy such that the ideal surface is 
metallic. Second, we observe that the TT and TT * 
bands originating from the symmetric C dimers at 

Si-terminated 

ideal 

C-terminated 

ideal 

|H\]              Br 
PI 

iii •I 
TJ KJ' rrj KJ' 

(2x1 (-reconstructed (2x1 (-reconstructed 

Fig. 6. Section of the surface band-structures of /3-SiC(001)-(2 X 1) 
for the ideal lattice structures (top panels) and the energy-opti- 
mized configurations (bottom panels) together with the projected 
bulk band structure. Salient bands of localized states are shown 
for the Si-terminated (left panels) and C-terminated (right panels) 
surfaces. A dashed line indicates the Fermi-level in each case. 
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the reconstructed surface are clearly separated in 
energy as was the case for C(001)-(2 X 1) (see upper 
left panel of Fig. 1). But now an additional p-like 
band (P) occurs in the gap. It is related to occupied C 
2p states that are perpendicular to the symmetric 
surface dimers. This P band is also to be observed at 
the ideal surface (see upper right panel of Fig. 6) 
where it resides lower in energy. It shifts into the gap 
at the reconstructed, C-terminated SiC(001)-(2 X 1) 
surface because of the reduced interaction with the 
Si sublayer, as compared to C(001)-(2 X 1). In con- 
sequence also the surface band structure for this 
(2 X l)-reconstructed surface remains slightly metal- 
lic. Actually, more complicated c(2 X 2) reconstruc- 
tions have been suggested for this surface [68]. We 
are currently studying such configurations by total 
energy minimization calculations (see the note added 
in proof). 

Most of the results of this section are theoretical 
predictions. No ARPES data on these surfaces have 
been published to date. Concerning the (2 X 1)- 
reconstructed Si-terminated surface we are only 
aware of a tensor LEED investigation [67] which 
favours Si dimers with a bond length of 2.3 A. This 
value is close to the dimer-bond length at Si(001)-(2 
XI) (see Table 1). For such a configuration we find, 
as mentioned above, an upward shift of the total 
energy by 0.67 eV and a strongly metallic surface 
band structure. Both findings do not favour such 
geometries. The tensor LEED results [67] might be 

explained by an additional Si adlayer at this polar 
SiC(OOl) surface. We are currently investigating this 
issue (see the note added in proof). 

3.3. Nonpolar surfaces of ß-SiC, a-SiC and GaAs 

Both the zincblende and the wurtzite modifica- 
tions of SiC exhibit nonpolar surfaces, i.e. jß- 
SiC(llO) and, e.g., a-SiC(lOlO). Both surfaces have 
been studied by empirical tight-binding calculations 
[71-73], as well as by ab initio LDA calculations 
[7,74]. Our supercell calculations [7] have been car- 
ried out with nine atomic layers and five vacuum 
layers in the unit cell using Gaussian orbital basis 
sets. The resulting optimal structures of the relaxed 
surfaces are shown in Fig. 7 and our structural data 
are compared with those of other calculations in 
Table 3. There is excellent agreement between the 
results of the two ab initio calculations [7,74] for the 
j8-SiC(110)-(l X 1) surface (see Table 3). Our calcu- 
lated energy gain due to relaxation is 0.64 eV per 
unit cell for j3-SiC(l 10) and 0.71 eV per unit cell for 
a-SiC(lOlO). Wenzien et al. [74] found for the jS-SiC 
(110) surface almost the same energy gain (0.63 eV) 
in their calculation. The top panel of Fig. 7 shows a 
rotation relaxation that is well-known, in general, 
from the (110) surfaces of III-V semiconductors, in 
particular for GaAs(llO). The relaxation angle w of 
about 17° for jS-SiC(HO) is considerably smaller 
than that of about 30° for GaAs(llO).  We will 

Table 3 
Structural data for energy-optimized, nonpolar /3-SiC(110)-(l X 1) and a-SiC(lOlO) surfaces 

SiC(llO) Ref. [7] Ref. [74] Ref. [73] SiC(lOlO) This work Ref. [71] Ref. [73] 

öb(Ä) 4.34 4.29 4.36 a (A) 3.07 3.08 3.08 

c(k) 5.03 5.05 5.05 

4.CÄ) 1.88 1.86 1.89 db(A) 1.88 1.88 1.88 

\x (db) 0.14 0.13 0.05 Ax Wb> 0.06 0.04 0.03 

\Adb) 1.86 1.82 1.86 dn(dh) 2.65 2.61 2.66 

dn.± (db) 0.65 0.67 0.71 dn± (db) 0.32 0.35 0.33 
dr x (db) 1.27 1.27 1.21 dm (db) 2.31 2.25 2.27 
Az± (dh) -0.02 -0.02 -0.01 4,x (db) -0.01 0.00 -0.03 

d0 (db) 0.37 0.39 0.38 
oi (deg) 16.9 15.4 6.0 <p (deg) 3.8 2.6 1.7 

Our results [7] are compared to literature data by Wenzien et al. [74], Lee and Joannopoulos [71], and Mehandru and Anderson [73], For the 
definition of the parameters, see Fig. 7. The atomic shifts with respect to their ideal positions, as given in Refs. [71] and [73], have been 
converted to the structural parameters used in this work. 
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SiC(110)-(lxl) 

-A, 

SiC(l010)-(lxl) 

A]XX 

Fig. 7. Side view of the relaxed /3-SiC(110)-(l X 1) surface (top 
panel) and the relaxed a-SiC(1010)-(l X 1) surface (bottom panel). 
The actual values of the structure parameters are given in Table 3. 

originates from the empty dangling bonds at the 
surface cations, i.e. the Si atoms. The surface band 
structure is semiconducting. The same result obtains 
for the a-SiC(lOlO) surface. Its band structure in the 
right panel of Fig. 8 is very similar to that of the 
relaxed /3-SiC(110) surface. Only the gap between 
the A5 and C3 band is more pronounced in this case 
since the bulk band gap of wurtzite a-SiC is already 
larger than that of cubic /3-SiC. These similarities 
and the very similar energy gain due to relaxation for 
the two systems is related to the fact that the 
nearest-neighbour configuration of Si and C atoms is 
the same in both modifications and only the second- 
nearest neighbour configurations discern the struc- 
tures. For the same reason, the different lattices give 
rise to similar charge densities for the pronounced 
A5 and C3 surface states. These are shown in Fig. 9 
for both optimally relaxed surfaces and the similari- 
ties are most obvious even for the C3 states if one 
takes the different spatial configurations of the ions 
into account. 

comment on this point in the next subsection where 
we also address the relatively small relaxation angle 
(o of 3.8° at the a-SiC(lOlO) surface. 

In Fig. 8 we compare the surface electronic struc- 
ture for the optimally relaxed configurations of these 
two nonpolar surfaces with that of GaAs(llO) from 
Ref. [7]. The band structure for the optimally relaxed 
jß-SiC(HO) surface in the middle panel is very simi- 
lar to that of GaAs(llO), in general. The A5 band 
originates from the occupied dangling bonds at the 
surface anions, i.e. the C atoms, and the C3 band 

3.4. Origin of the different surface relaxations 

In order to highlight the differences in the ob- 
served surface relaxations, we have summarized our 
results for the optimal structure of GaAs(llO), ß- 
SiC(llO) and a-SiC(lOlO) in Fig. 10 together with 
the structure of the ideal (110) surface of a zincblende 
semiconductor. There are at least three driving forces 
for the structural relaxation at these surfaces as has 
been discussed in great detail in Ref. [7]. First, the 
more electronegative ions tend to reside as far above 

GaAs(llO): relaxed 

^2 

Fig. 8. Salient bands of localized surface states of the relaxed GaAs(llO) (left), cubic SiC(llO) (middle) and wurtzite SiC(lOlO) (right) 
surfaces together with the respective projected bulk band structure. 
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dX 

11 

SiC(1010)-(lxl) : As at M 

O 

Si 

)    ?c" 
1 

k  ■+ 

Fig. 9. Charge densities of the C- and Si-derived dangling-bond 
states A5 and C3 at the M-point of cubic SiC(110)-(l X 1) (top 
panels) and of wurtzite SiC(1010)-(l X 1) (bottom panels) sur- 
faces. Bonds within (parallel to) the drawing plane are shown by 
full (dashed) lines. Bonds forming an angle with the drawing 
plane are indicated by dotted lines. 

di 

SiC(lOlO) 

db 

Fig. 10. Side views (drawn to scale) of the ideal GaAs(llO) 
surface and of the energy-optimized relaxed GaAsO 10), SiC(l 10), 
and SiC(lOlO) surfaces. The ideal surface plane is indicated by a 
dashed line in each case. Bonds that form an angle with the 
drawing plane are shown by dotted lines. Bonds which lie in the 
drawing plane or which are parallel to the drawing plane are 
shown by full lines. Small dots show anions while large dots show 
cations. The actual values of the structure parameters are given in 
Table 4. 

the surface as possible. This reduces the Coulomb 
repulsion between the electrons. Second, the changes 
in hybridization at the surfaces as compared to the 
bulk lead to p3 pyramidal configurations around the 
anions, while the cations tend to become sp2-like 
planar bonded at the surface. Therefore, anions tend 
to move above and cations below the ideal surface 
plane. This is a purely quantum mechanical driving 
force due to hybridization. Third, if the systems 
become more and more ionic, classical electrostatic 
interactions start to dominate and they have a ten- 
dency to form planar anion-cation arrays, maximiz- 
ing the electrostatic attraction and minimizing the 
total energy, thereby. The result of the combined 
effects of these three mechanisms is to be observed 
in Fig. 10. In particular, the electrostatic forces lead 
to a bond contraction at the surface with increasing 
asymmetry of the charge density along the cation- 
anion bonds and a concomitant lowering of the 
relaxation angle (see Table 4). It is obvious from the 
table that the quantum mechanical hybridization 
mechanism is still very strong in the case of CdS 

which behaves similar to III-V semiconductors in 
this respect. The asymmetry of its charge density is 
less pronounced than in SiC. In Table 4, we have 
summarized characteristic structural data resulting 
from our calculations for GaAs, SiC and CdS sur- 
faces. The data show the trends in the surface-layer 
bond lengths and in the relaxation angles as dis- 
cussed above. It should be noted at this point, that 
the relaxation angle co at the (110) surfaces of 
zincblende crystals results from a projection of the 
anion-cation bonds onto the drawing plane in Fig. 

Table 4 
Bulk (db) and surface (d{) bond-lengths as well as relaxation 
angles (to) and tilt angles (<p) as defined in Fig. 10 for GaAs, SiC 
and CdS surfaces (for details, see text) 

Ideal GaAs(llO) SiC(llO) SiC(lOlO) CdS(1010) 

db(A) «bV^/4 2.40 1.88 1.88 2.51 
dt (<*„) 1.00 0.99 0.94 0.91 0.96 
w(deg) 0 30.6 16.9 3.8 16.6 
<P (deg) 0 16.7 8.2 3.8 16.6 
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10 while the anion-cation bonds at the wurtzite 
(lOlO) surface lie in the drawing plane. In conse- 
quence, the tilt angle <p and the relaxation angle co 
are the same only in the latter case. In general, we 
observe that cations (Ga, Si, Cd) reside closer to the 
substrate than anions (As, C, S) and the surface 
bonds are contracted in ionic systems while they are 
almost conserved in covalent systems, e.g., in 
GaAs(llO). The different relaxation behaviour can 
very clearly be traced back to differences in the 
asymmetry of the charge density of the underlying 
bulk bonds as has been worked out in great detail in 
Ref. [7]. From these considerations it follows that the 
buckling angle w decreases with increasing ionicity 
due to increasing electrostatic forces, as is confirmed 
by the results in Table 4. Since the quantum mechan- 
ical hybridization mechanism dominates in the III-V 
semiconductors, the anions move above and the 
cations move below the ideal surface plane of these 
crystals (see Fig. 10 and, e.g., Refs. [7] and [75]). In 
the more ionic systems in Fig. 10, the electrostatic 
mechanism dominates so that not only the cations 
but also the anions move below the ideal surface 
plane. Yet the anions reside above the cations be- 
cause of the first mechanism mentioned above. 

3.5. Nonpolar (1010) surfaces of II-VI semiconduc- 
tors 

Electronic and structural properties of II-VI com- 
pound semiconductors and their surfaces are cur- 
rently moving into the focus of interest because of 
their technological potential in optoelectronics (e.g. 
blue lasers based on ZnSe) and heterogeneous catal- 
ysis (e.g. ZnO surfaces). A number of experimental 
and theoretical investigations has been carried out 
over the years. LEED studies of, e.g., ZnO(lOlO) 
have been carried out by Duke et al. [76,77]. Two 
different empirical tight-binding calculations for the 
surface electronic structure of ZnO(lOlO) lead to 
strikingly different results for the surface bands in 
the gap energy region. Ivanov and Pollmann [78], 
who used an empirical tight-binding Hamiltonian 
incorporating only Zn 4s and O 2p orbitals did not 
find dangling bond bands in the gap but only ionic 
resonances within the projected bulk bands. Wang 
and Duke [79], on the other hand, included Zn 4p 

CdS(l010) 
|i""-UI||l 

CD 
Q: 

Fig. 11. Surface bandstructure of ideal and relaxed CdS(lOlO). 
The localized surface states at the ideal surface are shown by 
dashed and at the relaxed surface by full lines. 

orbitals in their Hamiltonian and found a dangling 
bond band of occupied O 2p states near the top of 
the projected bulk valence bands. To resolve this 
discrepancy, Schröer et al. [8] have carried out the 
first ab initio calculations for CdS(lOlO) and 
ZnO(loTo) within LDA. They confirmed the results 
of Wang and Duke [79,80] and found anion-derived 
dangling bond bands near the top of the valence 
bands for both surfaces, as well. 

As an example, the LDA surface bandstructure 
for CdS(lOlO) is shown in Fig. 11. An anion-derived 
dangling bond band A5 and two bands A4 and A6 

are observed near the top of the valence bands for 
the relaxed surface. Wang and Duke [79,80] labeled 
their surface states S, to S„ (for surface bands), 
while Schröer et al. [8] labeled them P, to P„ in order 
to indicate the p-character of these anion-derived 
bands. For a more meaningful comparison with the 
results of SiC(l 10) and SiC(10l0), discussed in Sec- 
tion 3.3, we change the nomenclature here and label 
the anion-derived surface state bands accordingly as 
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CdS 

—~-----, —*r 

L    M r   A H 

Fig. 12. Bulk bandstructure of wurtzite CdS as calculated using 
our SIC-PP approach in comparison with ARPES data of Ref. 
[81]. The horizontal lines indicate the measured energy gap and 
the measured d-band width. 

A, to A5 (see Fig. 11). Except for the A4 and A5 

bands, the fundamental gap is free from surface 
states due to the large ionicity of this compound. 
Comparing the bandstructure in Fig. 11 with that of 
the relaxed a-SiC(lOlO) surface in the right panel of 
Fig. 8, we observe a number of distinct differences. 
First, the heteropolar gap between the anion-derived 
s- and p-bands in II-VI semiconductors is much 
larger than in SiC due to the increased ionicity. 
Second, there is no C3 band in the gap of ZnO(lOlO) 
(see Ref. [8] for that matter) or CdS(lOlO) and the 
A5 bands are somewhat closer to the projected va- 
lence bands than at a-SiC(lOlO). This is related to 
the larger ionicity and the concomitant smaller cova- 
lent character of CdS and ZnO, as compared to SiC. 
Third, there is a very specific additional feature in 
the II-VI semiconductors, that calls for particular 
attention. In these materials, there are occupied 
cationic d-states whose energies reside between those 

Fig. 13. Upper valence bands of wurtzite bulk CdS resulting from 
our SIC-PP calculations in comparison with polarization- and 
angle-resolved photoemission data of Ref. [82]. The experimental 
data refer to bands resulting from states that are even (triangles) or 
odd (squares) with respect to the mirror plane. The calculated 
bands 1 and 3 are even and the bands 2 and 4 are odd with respect 
to the mirror plane. 

of the anion s- and p-states. They give rise to 
d-bands between the anion p- and s-valence bands. 
The semi-core d-states, that are highly localized in 
space, have to be retained in the valence electron 
shell in order to arrive at accurate theoretical lattice 
constants (see, e.g., Ref. [8] for that matter). Inclu- 
sion of the d-orbitals, however, leads to further 
problems, in that the d bands result roughly 3 eV too 
high in energy, as compared to experiment. In conse- 
quence the cation-d-anion-p interaction is much too 
strong. The p bands are shifted up in energy and the 
gap is almost closed in ZnO (0.23 eV instead of 3.4 
eV, see Ref. [8]) and much too small in CdS (1.22 
eV instead of 2.6 eV). In particular, the question 
arises, whether the A5 dangling bond bands near the 
top of the projected valence bands of ZnO(lOlO) and 

Table 5 
Structural parameters of the nonpolar CdS(1010) surface as resulting from two theoretical surface structure determinations 

Au± (A) 4II (A) dn || (Ä) A21 (A) dl2± (A) dB(k) <P (deg) Ref. 

CdS doTo)        0.00 
0.74 
0.69 

4.19 
4.41 
4.40 

3.35 
3.86 
3.72 

0.00 
-0.08 
-0.15 

1.19 
0.62 
0.61 

1.19 
1.19 
1.15 

0 
17.9 
16.6 

id. surface 
[79] 
this work 

Our results are compared to literature data. For the definition of the parameters, see the lower panel of Fig. 7. 
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CdS(1010)-(1x1) 

Fig. 14. Section of the surface band-structure of relaxed 
CdS(10lO)-(l X 1) in comparison with ARPES data of Ref. [83], 
Salient bands of localized surface states resulting from our SIC-PP 
calculations are shown together with the respective projected bulk 
bandstructures (shaded regions). 

CdS (lOlO)-(lxl) 

Fig. 15. Charge densities for representative surface states of 
CdSQOlOMl X 1) at the X' point. Bonds that form an angle with 
the drawing plane are shown by dashed lines. The Cd (S) atoms 
are indicated as large (small) dots. 

CdS(lOlO) are artifacts of the calculations in conse- 
quence of the unphysically strong p-d interactions. 

To resolve this issue, we have developed an effi- 
cient approach to incorporate dominant self-interac- 
tion-corrections in our LDA calculation which is 
described in Ref. [29]. We construct appropriate 
self-interaction-corrected pseudopotentials (SIC- 
PP's). Using the SIC-PP's, we obtain bulk band 
structures in very good agreement with experiment 
(see Fig. 12). Compared to the standard LDA results, 
as given in Ref. [28], the d-bands are strongly down 
in energy, the gap is opened up almost to the experi- 
mental value and the bandwidth and dispersions of 
the S 3p valence bands are now in excellent agree- 
ment with ARPES data of Stoffel [81] and of Mag- 
nusson and Flodström [82], as can be seen in Fig. 12 
and Fig. 13. Using our SIC-PP approach, we have 
also calculated the structure and the electronic prop- 
erties of CdS(lOlO). The structural relaxation is simi- 
lar, in principle, to that of SiC(loTo) (see lower 
panel of Fig. 7). In our total energy minimization 
atomic relaxations of the first three layers are taken 
into account. With two atoms per layer unit cell, 
which are allowed to move only parallel to the c-axis 
and perpendicular to the (1010) surface, due to the 
symmetry of the system, there are twelve structural 
degrees of freedom. We have minimized all related 
forces until they are less than 10~3 Ry/a.u. Struc- 
tural data for CdS(lOlO) are given in Table 5. There 
is very good agreement between the two different 
sets of theoretical data. In Fig. 14 we compare a 
small section of the CdS(lOlO) surface band struc- 
ture as resulting from our modified LDA (using our 
SIC-PP's) with experimental data of Magnusson and 
Flodström [83]. The existence of an anion-p-derived 
dangling bond band A5 at the (1010) surface of 
II-VI semiconductors is thus firmly established (see 
also Ref. [8]). Furthermore we note that our results 
are in very good agreement with the data. This holds 
in particular for the A3, A4 and the A6 bands. The 
character of the most pronounced states A3, A4 and 
A 5 is shown by the respective charge densities at the 
X'-point in Fig. 15. It is obvious from the figure, that 
all three states have strong p,-contributions and 
should therefore be accessible to ARPES measure- 
ments. In view of these theoretical results the ques- 
tion remains why the A5 band does not seem to have 
been detected. A systematic comparing study of a 
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number of II-VI semiconductor surfaces is currently 
in progress in our group. The results will be given 
elsewhere. 

4. Summary 

In this paper we have briefly discussed structural 
and electronic properties of a number of prototype 
semiconductors. The results of well-converged ab 
initio total energy minimization and electronic struc- 
ture calculations were found to be in good agreement 
with the available experimental data of surface struc- 
ture determinations and high-resolution surface spec- 
troscopy results. In the other cases they yield most 
useful and important predictions. The resulting struc- 
tural and electronic properties have been analyzed 
and a general picture of the physical nature and 
origin of particular reconstruction or relaxation be- 
haviours has been developed. A clear physical pic- 
ture of a number of important surfaces has emerged. 
Shortcomings of LDA results have been identified 
and it has been exemplified in cases how they can be 
overcome by GW quasiparticle band structure calcu- 
lations or by LDA calculations that include most 
important self-interaction-corrections. The good 
agreement of the theoretical results with most recent 
experimental data on these surfaces once more con- 
firms the appropriateness and usefulness of most 
advanced 'state of the art' theoretical approaches for 
quantitative studies of well-ordered clean semicon- 
ductor surfaces. 

Note added in proof 

More recently, we have carried out very detailed 
additional structure optimization calculations for Si- 
and C-terminated SiC(OOl) surfaces. Our results for 
the C-terminated surface were fully confirmed while 
for the Si-terminated SiC(001)-(2 X 1) surface we 
have obtained a marginal refinement. As optimal 
surface geometry we find a symmetric configuration 
of the surface Si atoms with d, = 2.73 A, d0 = 0.00 
A, d3 = d4 = 1.89 A and a concomitant energy gain 
of 10 meV. For details, see M. Sabisch, P. Krüger, 
A. Mazur, M. Rohlfing and J. Pollmann, Phys. Rev. 
B 53 (1996), issue of May 15. 
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Abstract 

High resolution electron energy loss spectroscopy (HREELS) has been used to study the surface plasmon excitations on 
n-type InAs(OOl) surfaces prepared either by decapping a protective As layer or by argon ion bombardment and annealing 
(IBA) procedures. The plasmon frequency for heavily doped decapped samples indicates a free carrier concentration in good 
agreement with the nominal bulk doping level (n ~ 5.0 X 1018 cm"3). Subjecting the decapped sample to IBA results in a 
much higher carrier concentration (~ 1019 cm"3). Measurements from a lower doped InAs(OOl) sample (n ~ 2.0 X 1016 

cm 3) prepared by IBA also show an increased carrier concentration (~ 10l8 cm-3), suggesting the presence of additional 
free carriers as a consequence of the structural damage induced by the sputtering process. For both surface preparations, the 
plasmon frequency does not vary as a function of the incident electron beam energy and suggests a homogeneous free carrier 
profile. Measurements of the plasmon frequency as a function of the incident electron beam energy indicate that the depth of 
electronic damage extends at least 400 A into the material. The frequency of the surface plasmon is also strongly affected by 
the ion bombardment and annealing conditions. In particular, the use of high ion beam energies (> 2 keV) directed along the 
surface normal, gives rise to the highest residual carrier concentrations, consistent with the generation of higher degrees of 
structural damage in the material. 

1. Introduction 

Studies of III-V semiconductor materials have 
received considerable attention in recent years with 
the aim of using this knowledge in a variety of novel 
device applications [1,2]. To this end, several surface 
sensitive and bulk material analysis techniques have 
been applied to elucidate the physical and electronic 
structure of these compound semiconductor materi- 
als. Of the binary III-V semiconductor materials, 

* Corresponding author. Tel.:   +44-1203-524236; fax:   + 44- 
1203-692016; e-mail: spcm@spec.warwick.ac.uk. 

InAs is of particular interest for certain device appli- 
cations because of the natural electron accumulation 
layer formed at the (001) surface: a recent example 
is the use of InAs for inter sub-band infrared detec- 
tion [3]. The surface accumulation behaviour of InAs 
differs from that of other III-V materials such as 
GaAs, which forms a natural depletion layer at the 
surface. 

An important area of study in III-V semiconduc- 
tor materials is the preparation of clean, ordered 
substrates prior to epitaxial growth by techniques 
such as molecular beam epitaxy (MBE). To date 
there is limited information on MBE growth of 

0169-4332/96/S15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved 
PII S0169-4332(96)00115-8 
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homoepitaxial InAs(OOl) because of the small win- 
dow for epitaxial growth [4], and hence most pub- 
lished growth studies use InP(OOl) and GaAs(OOl) 
substrates [5]. Work has been published on the sub- 
strate preparation of InAs [6,7], primarily for epitax- 
ial growth of high In-content In vGa, _ v As alloys for 
optical modulators [8] and for the growth of lattice- 
matched InP,_.vSbv, a material used for quantum- 
well lasers and detectors in the 2.0-3.5 /im band [9]. 

Surface preparations of all III-V semiconductor 
materials basically fall into three categories: oxide 
desorption under a group V over-pressure, group V 
decapping in-vacuum and ion bombardment and an- 
nealing (IBA). Oxide desorption tends to produce 
rough surfaces (although quite adequate for epitaxial 
growth) which are free of contaminants and elec- 
tronic damage. Capped samples, which must first be 
grown by MBE and then decapped in vacuum, also 
produce crystalline surfaces free from contamination 
and damage. The third of these preparation tech- 
niques, IBA, again results in clean, ordered surfaces 
but always leaves residual damage in the near sur- 
face region that has a dramatic effect on the elec- 
tronic structure of the material. For example, in a 
previous study of InSb(OOl), the damage induced by 
IBA produced carrier concentrations in the near sur- 
face region much higher than the bulk doping level 
[10-12]. In contrast, decapping Sb from InSb(OOl) 
samples grown by MBE resulted in a near surface 
carrier concentration unchanged from the bulk value, 
apart from the presence of the natural depletion layer 
[13]. In both cases, high resolution electron energy 
loss spectroscopy (HREELS) was used to obtain the 
plasmon frequency, which is a direct measure of the 
carrier concentration [10-13]. 

HREELS is a sensitive probe of plasmon excita- 
tions in the near surface region of doped semicon- 
ductor materials [14]. In the dipole scattering pro- 
cess, which dominates the small angle electron scat- 
tering by these long-wavelength excitations, the ef- 
fective probing depth is not determined by the mean 
free path of the electrons in the solid, but is governed 
by the inverse of the wave-vector transfer parallel to 
the surface (<?„). By changing the kinetic energy of 
the incident electrons, it is possible to probe free 
carrier concentrations at different depths in the solid. 
In this paper, plasmon excitations in InAs(OOl) have 
been investigated to monitor changes in the near 

surface electronic structure (at depths up to ~ 500 
A) as a function of the surface preparation, in partic- 
ular the use of ion bombardment and annealing 
(IBA). The parameters associated with IBA were 
systematically varied for two different n-type bulk 
doping samples and the effect on the carrier concen- 
tration in the near surface region of InAs(OOl) sur- 
faces was monitored. 

2. Experimental 

The experiments were carried out in an ultra-high 
vacuum chamber (base pressure ~ 1 X 10~10 mbar) 
equipped with HREELS and low energy electron 
diffraction (LEED). Two n-type InAs(OOl) samples 
were used in this study. The first was bulk grown 
InAs (Si doped, n~2X 10lfl cnT3) and the second 
was grown by MBE with Si doping (n ~ 5 X 10IH 

cm"1) and an As cap to protect the surface during 
transfer from the MBE chamber to the HREELS 
system. The MBE grown sample was then decapped 
in the HREELS chamber by annealing to 650 K for 
15 min. The bulk grown samples were subjected to 
half-hour cycles of ion bombardment and annealing 
(IBA), varying the angle of ion incidence, the ion 
beam energy and the post-bombardment annealing 
temperature, the temperature being measured by a 
chromel-alumel thermocouple attached to the side of 
the samples. The maximum annealing temperature 
following bombardment was 600  K to minimise 
degradation of the sample surface by As-desorption 
and subsequent surface In-clustering. After comple- 
tion of the HREELS measurements the decapped 
samples were also prepared using IBA. The decap- 
ping procedure resulted in the appearance of a rather 
disordered (4X1) LEED pattern. Ion bombardment 
and annealing gave a much sharper (4X1) LEED 
pattern. 

The HREEL spectrometer consists of a fixed 
monochromator and rotatable analyser, both of a 
180° hemispherical deflector type with a four ele- 
ment entrance and exit lens system. Incident electron 
energies (£,) in the range 4-100 eV were used and 
all HREEL spectra were collected in specular scatter- 
ing geometry (0, = 0S = 45°) and at room tempera- 
ture. The instrumental resolution was typically 10 
meV as measured by the full width at half maximum 
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(FWHM) of the elastic peak, although this was often 
degraded to ~ 15 meV for some measurements to 
increase the count rates and reduce the scan times. 
Peak positions are accurate to + 1 meV. 

3. Results and discussion 

A series of HREEL spectra, recorded with E{ = 25 
eV from n-type (« ~ 5 X 1018 cm"3) InAs(OOl) 
samples following different surface preparation 
methods, are shown in Fig. 1. Decapping at 650 K to 
completely remove the As cap results in a strong 
surface plasmon feature at 96 meV (Fig. la). The 
resulting spectra after IBA cleaning procedures are 
strongly dependent on the sputtering conditions. For 
example, Fig. lb and c show the effects on the 
HREELS spectra of changing the angle of incidence 
of the 500 eV Ar ion beam, with the angle defined 
relative to the surface normal. Both spectra are again 
dominated by a characteristic surface plasmon exci- 
tation, however, the frequency of this feature shifts 
with changing angle of ion incidence. Incident angles 
of 10° and 50° give plasmon frequencies of 133 and 
120 meV respectively. 

The free carrier concentration (n) is related to the 
surface plasmon frequency (ws) by 

200 

<*} = 
ne 

s0(e;s + I) i 0) 

-100 -50    0    50   100 150 200 250 

Fig. 1. Specular (dt = 

Energy Loss (meV) 

9S = 45°) HREELS spectra recorded at 25 
eV for n-type (Si doped, n ~ 5 X 1018 cm"3) InAs(OOl) after (a) 
decapping a protective As capping layer by heating to 650 K, (b) 
ion bombardment with 500 eV Ar ions incident at 50° to the 
surface normal followed by annealing to 600 K and (c) ion 
bombardment with 500 eV Ar ions incident at 10° to the surface 
normal followed by annealing to 600 K. 

10 10"      io18     10 
Carrier Cone, (cm3) 

19 
10 

Fig. 2. The calculated surface plasmon frequency (meV) plotted as 
a function of free carrier concentration (cm-3) for InAs at room 
temperature. 

where m* is the conduction band electron effective 
mass [15,16], ea is the high frequency dielectric 
constant (12.25 for InAs) and s0 is the permittivity 
of free space. The calculated relationship between ws 

and n, obtained using Eq. (1), is plotted in Fig. 2. 
The plasmon frequency of 96 meV obtained for 

the decapped sample corresponds to a carrier concen- 
tration of 5.0 X 10'8 cm"3, a value consistent with 
the nominal bulk doping level. This indicates that 
decapping InAs samples does not lead to a measur- 
able change in the free carrier concentration in the 
near surface region of the material. This is consistent 
with previous HREELS studies of n-type InAs(OOl), 
also prepared by decapping methods [17], which 
showed that the choice of a higher bulk doping level 
(« ~ 8.0 X 1018 cm"3) results in essentially flat band 
behaviour, since the bulk Fermi level coincides with 
the surface state energy. 

In contrast, the plasmon frequencies observed in 
Fig. lb and c for the ion bombarded samples corre- 
spond to carrier concentrations of 1.0 X 1019 (120 
meV) and 1.5 X1019 cm"3 (133 meV). Both of 
these values are significantly higher than the bulk 
doping level of these samples (5.0 X 1018 cm"3) and 
indicate the presence of additional free carriers in the 
near surface region of the material. Similar effects 
have been seen on InSb(OOl) surfaces prepared by 
IBA [10-12]. The increase in the number of free 
carriers (electronic damage) is a direct consequence 
of the surface preparation procedure. 

The dominant plasmon wave-vector parallel to the 
surface (q^) depends strongly on the incident elec- 
tron energy, E-r The electric fields of the plasmon 
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normal to the surface decay exponentially from the 
plane of localisation of the plasmon with a decay 
length ~ <Z|j~', where 

ha>„ 
q,, = ki sin 0; 

2E: 
(2) 

and 

k-,= 
(2mE-) 

1/2 

is the wave-vector of the incident electrons. This 
means that electrons can be scattered by a plasmon 
localised deep within the sample even though they 
do not significantly penetrate the sample. Conse- 
quently, by simply varying the kinetic energy of the 
incident electrons it is possible to tune the effective 
probing depth. Measurements of the plasmon fre- 
quency as a function of Ei can therefore be used to 
determine the free carrier profile to a depth of sev- 
eral hundred Angstroms into the material [11,18]. 

A plot of the surface plasmon frequency as a 
function of E-x for both the decapped and ion bom- 
barded (500 eV, 45°) samples is shown in Fig. 3. For 
the decapped sample, the plasmon frequency remains 
at a constant value of 96 meV as EY is varied from 5 
to 100 eV. A similar trend is observed in the case of 
the ion bombarded sample, with the plasmon fre- 
quency remaining at the higher constant value of 124 
meV. This indicates that the free carrier profile is 
essentially homogeneous in both cases. The effective 

130 

§, 120 

s 
a 110 

100 

90 

ion bombarded 

decapped 

o 100 20       40       60       80 
Incident Energy (eV) 

Fig. 3. The experimental surface plasmon frequency (meV) plot- 
ted as a function of incident electron energy (eV) for n-type (Si 
doped, «~5X1018 cm-3) InAs(OOl) after either decapping a 
protective As capping layer by heating to 650 K or ion bombard- 
ment with 500 eV Ar ions incident at 45° to the surface normal 
followed by annealing to 600 K. 

probing depths for a 96 meV and a 124 meV excita- 
tion at Ei = 100 eV are 480 A and 360 A respec- 
tively. The depth of electronic damage induced by 
the IBA process therefore extends at least 400 A into 
the bulk of the material. 

Inhomogeneity in the carrier concentration profile 
near the surface is also caused by band bending due 
to Fermi level pinning at the surface. For InAs(OOl), 
intrinsic surface states in the conduction band cause 
an accumulation layer to be formed on samples 
doped to n < 8.0 X 1018 cm"3 [17]. The ion bom- 
barded samples show a carrier concentration of n ~ 
1.0 X1019 cm"3 resulting in a bulk Fermi level 
close to the surface state energy and displaying 
approximately flat band behaviour. In contrast, the 
decapped samples should form an accumulation layer 
less than 50 A thick, significantly less than the 
minimum probing depth in these experiments (~ 100 
A). Spatial dispersion of the plasmon also con- 
tributes to changes in the plasmon energy as a 
function of incident electron energy [17,18]. How- 
ever, in the range of q^ used in these experiments, 
the expected contribution to the plasmon energy due 
to spatial dispersion is less than 3 meV, based on a 
spatial dispersion parameter determined previously 
from HREELS measurements on decapped InAs 
samples [17]. Therefore the observed plasmon energy 
is effectively independent of the incident electron 
beam energy. 

The electronic damage resulting from the ion 
bombardment process is strongly dependent on the 
specific sputtering and annealing conditions used. 
The effects on the free carrier concentration of 
changing the ion beam energy are shown in Fig. 4 
for a sample having a bulk doping level of 2.0 X 1016 

cm"3. The carrier concentration was obtained from 
the surface plasmon frequency (Eq. (1)) for HREEL 
spectra recorded at 25 eV on samples cleaned at a 
fixed angle of incidence (45°) and subsequently an- 
nealed to 600 K for 2 h. The carrier concentration in 
all cases is well in excess of the nominal bulk doping 
level and rises dramatically with increasing ion beam 
energy up to a maximum value of 5.0 X 1018 cm"3 

at ~ 2.0 keV ion beam energy. 
As already indicated in Fig. lb and c, the angle of 

incidence of the Ar ions also has a dramatic effect on 
the surface plasmon frequency. Fig. 5 shows the free 
carrier concentration after ion bombardment of a 
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Fig. 4. The free carrier concentration plotted as a function of Ar 
ion beam energy for n-type (Si doped, «~2X1016 cm-3) 
InAs(OOl) after ion bombardment with Ar ions incident at 45° to 
the surface normal followed by annealing to 600 K. The carrier 
concentration was obtained from the experimentally determined 
surface plasmon frequency using Eq. (1). 

InAs(OOl) sample, having a bulk doping level of 
5.0 X 1018 cm^\ at different incident angles, with a 
fixed ion beam energy of 500 eV and after post- 
bombardment annealing at 600 K. As the angle of 
incidence is varied between 80° and 40° with respect 
to the surface normal, the free carrier concentration 
remains at a constant value of 1.0 X 1019 cm-3. For 
angles approaching the surface normal (0 = 0°), the 
carrier concentration rises to 2.0 X 1019 cm"3. Whilst 
the carrier concentration in all cases is significantly 
larger than the bulk doping level, these results indi- 
cate that the degree of electronic damage is higher 
for sputtering at close to normal incidence. 

S   1.6 

0  10 20 30 40 50 60 70 80 90 

Ion Incidence Angle 0 (°) 

Fig. 5. The free carrier concentration plotted as a function of the 
incident angle of 500 eV Ar ions during the ion bombardment of 
n-type (Si doped, n~5X1018 cm"3) InAs(OOl) followed by 
annealing to 600 K. The carrier concentration was obtained from 
the experimentally determined surface plasmon frequency using 
Eq. (1). 

It is well known from ion beam damage studies in 
bulk III-V semiconductor materials (using ions in 
the energy range 20-200 keV) that residual elec- 
tronic damage is detectable in amounts well below 
the detectability limits for structural damage [19]. 
The presence of significant electronic damage near 
the surface of these InAs samples, together with 
good crystalline order, as indicated by LEED, ex- 
tends this conclusion to the near-surface region 
where damage is caused by low energy ions (0.5-4 
keV). Bulk damage studies also indicate a close 
connection between the degrees of structural damage 
and electronic damage. The degree of structural dam- 
age in the near-surface case can be related to the 
sputtering yield, as a function of ion energy and 
angle. Although sputtering yield measurements from 
III-V semiconductor materials have concentrated al- 
most exclusively on GaAs and InP [19], similar 
trends should be apparent on InAs. In the range of 
ion energies from 500 eV to 5 keV, the sputtering 
yield from GaAs increases by a factor of three, 
saturating at a maximum around 10 keV. For InP, 
the sputtering yield approximately doubles between 
500 eV and a broad maximum at 1.5-2.0 keV. The 
measurements shown in Fig. 4 indicate that the 
residual electronic damage in InAs follows a similar 
pattern, with an increase in the sputter yield by a 
factor of 2.5 between 500 eV and 4 keV. The 
measured carrier concentration is entirely due to 
electronic damage in this case, since the bulk doping 
level is two orders of magnitude less. The measure- 
ments do not extend to sufficiently high ion energies 
to define a clear maximum. 

The sputtering yield for 300 eV Ar ions incident 
on GaAs approximately doubles between grazing ion 
incidence and normal ion incidence, with a maxi- 
mum at about 40° in some studies [19]. The preferen- 
tial sputtering of As from GaAs is not strongly 
angle-dependent. For 500 eV Ar ions incident on InP 
there is a smaller variation in sputtering yield, al- 
though the preferential sputtering of P is strongly 
angle-dependent [20], increasing markedly towards 
normal incidence. Fig. 5 indicates that the residual 
electronic damage in InAs is enhanced by a factor of 
3 at normal incidence compared with grazing inci- 
dence (note that the bulk doping level is comparable 
to the ion-induced carrier concentration in this case). 
Again, the behaviour of the residual electronic dam- 
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Fig. 6. The free carrier concentration plotted as a function of 
postbombardment annealing temperature after ion bombardment 
of n-type (Si doped, n ~ 2X 1016 cnT3) InAs(OOl). Ion bombard- 
ment was carried out with Ar ions of 1 keV (open circles) and 500 
eV (dark circles) incident at 45° to the surface normal. The carrier 
concentration was obtained from the experimentally determined 
surface plasmon frequency. The vertical line indicates the maxi- 
mum annealing temperature used (600 K). Points to the right of 
this line represent extended annealing times at 600 K (3 h for the 
point at the extreme right). 

age follows a similar pattern to that of the sputtering 
yield, indicating a correlation between structural 
damage and electronic damage. It is also likely that 
group V preferential sputtering is less significant in 
the case of InAs than for InP, but more so than for 
GaAs, influencing the level of residual damage [19]. 
The angular effects were fully reversible: it was 
possible to lower the carrier concentration in a sam- 
ple by re-bombarding at a more grazing angle fol- 
lowed by annealing. 

The influence of post bombardment annealing 
temperature in determining the free carrier concen- 
tration is shown in Fig. 6 for n-type (n ~ 2.0 X 1016 

cm-3) InAs(lOO) cleaned by ion bombardment with 
both 500 eV and 1 keV argon ions incident at 45°. In 
both cases the free carrier concentration rises to a 
maximum after annealing to ~ 550 K; n ~ 3.0 X 
1018 and 3.5 X 1019 cm-3 for 500 eV and 1 keV 
ions respectively. Higher annealing temperatures and 
extended annealing at 600 K results in a decrease in 
these values, although in both cases the free carrier 
concentration is always significantly higher than the 
bulk doping level. This suggests that the electronic 
damage induced by the structural damage cannot be 
repaired simply by annealing. Ordered LEED pat- 

terns appear at an annealing temperature of ~ 500 K 
indicating the removal of most of the structural 
damage. The behaviour of the free carrier concentra- 
tion with temperature is very similar to that observed 
for InSb(lOO) in a previous HREELS study [10,11], 
where the surface plasmon energy indicated substan- 
tial residual electronic damage even after extended 
annealing close to the melting point. 

4. Conclusions 

The surface plasmon excitations on n-type 
InAs(OOl) surfaces, prepared either by decapping a 
protective As capped layer from an MBE grown 
sample, or by specific argon ion bombardment and 
annealing procedures, have been studied using 
HREELS. The plasmon frequency for the As-de- 
capped samples indicates a free carrier concentration 
which is in agreement with the nominal bulk doping 
level, whereas the effects of ion bombardment and 
annealing result in much higher carrier concentra- 
tions (~ 1019 cirT3) suggesting the presence of ad- 
ditional free carriers arising as a consequence of the 
structural damage induced by the sputtering process. 
For both surface preparations, the plasmon frequency 
is independent of the incident electron beam energy, 
indicative of a homogeneous free carrier profile. The 
energy dependent studies indicate that the depth of 
electronic damage extends at least 400 A into the 
material. The frequency of the surface plasmon is 
also strongly affected by the ion bombardment and 
annealing conditions. In particular, the use of ion 
beams always results in additional carriers in the 
near surface region. The level of this electronic 
damage is correlated with the degree of structural 
damage caused by varying the IBA parameters, as 
indicated by comparison with sputtering yield data 
from InP and GaAs. 
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Abstract 

High-resolution electron energy-loss spectroscopy (HREELS) has been used in situ to investigate the space charge regime 
of homogeneously doped and delta-doped (Si) GaAs (100) samples, which were grown by molecular beam epitaxy (MBE). 
The simplest model we applied to fit the experimental energy-loss spectra of homogeneously doped samples is based on a 
step-like distribution of free electrons with the Drude dielectric response function. In this case, the spatial dispersion of 
plasmon excitations is neglected, whereas in the Thomas-Fermi (or Debye-Hückel) model it is considered. The results of 
the fitting carried out show that the Drude model gives the higher values for both the free-electron density and the plasmon 
damping when compared to the Thomas-Fermi model. It thus appeared to provide a more adequate description of the 
collective dynamic response of free electrons. Post-annealing of the homogeneously doped GaAs (100) samples reveals a 
significant reduction (compensation) of the free-electron density due to the localization of free electrons on defects diffused 
from the surface to the bulk. 

For the delta-doped samples the free-electron density profiles are calculated self-consistently in the 
effective-mass approximation. The profiles obtained are then approximated by a finite number of rectangles 
simulating sublayers to calculate the effective dielectric function by virtue of a continued-fraction expansion. 
The spatial dopant spreading is estimated from the best fit to experimental energy-loss spectra. The change of 
fitted plasmon damping with the primary electron-beam energy showing a significant decrease for the lowest 
primary energy applied, is briefly discussed. 

1. Introduction 

Detailed knowledge of the characteristics of the space charge layers like dopant spreading and free-carrier 
density profiles, barrier height, band bending, electron/hole mobility etc. are of great importance in order to 
control semiconductor devices [1-5]. This information can be provided by theoretical calculations of scattering 
cross sections and their comparison with data from high-resolution electron energy-loss spectroscopy (HREELS). 

* Corresponding author. 
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The application of HREELS is based on the observation of collective surface excitations (phonons and 
plasmons) in the scattering experiment of electrons impinging on the semiconductor surface. The transferred 
wave vector parallel to the surface is a measure for the spatial penetration of the polarization electric field of 
collective surface excitations into the solid. The value of the parallel wave vector q^ is usually in the range from 
10"3 to 10~2 A-1, which corresponds to a penetration depth of about a few hundred angstrom. As the 
free-electron density profile defines the surface plasmon excitations, space charge layer parameters can be 
extracted from HREELS. The basic concepts of HREELS and its application have been demonstrated in the past 
[5-10]. In this study we compare calculated energy-loss spectra with experimental spectra, taken at doped (Si) 
GaAs (100) surfaces. 

All samples were grown in a Perkin-Elmer molecular-beam epitaxy (MBE) system at a substrate temperature 
of 550°C and a Si-flux of 1 X 1011 cm-2 s"1. The crystal quality and surface reconstruction was checked by 
means of reflection high-energy electron diffraction (RHEED) during and after the growth. The MBE growth 
chamber is connected directly to an analysis chamber equipped with a HREELS spectrometer (Leybold-ELS-22), 
low-energy electron-diffraction (LEED) and photoelectron spectroscopy (XPS, UPS). HREELS spectra were 
measured in specular geometry with primary electron beam energies ranging from 0.5 to 20 eV at an incidence 
angle of 45°. The energy resolution was set at 8 meV. For the homogeneously doped samples post-annealing as 
an effective mechanism of free-electron compensation is investigated. 

The delta-doped samples consist of an undoped GaAs buffer layer of 0.4 /j,m thickness and one delta-layer in 
100 A or 200 A depth beneath the surface. Samples were grown with two doping levels NSi = 1.3 X 1013 cm-2 

and 6.0 X 1013 cm"2. For these samples we use a symmetric rectangular and asymmetric Gaussian dopant 
profile for our calculations for the low and high doping levels, respectively. Further, we discuss the significant 
change of the plasmon damping versus the primary electron-beam energy in terms of free-electron scattering on 
the optical phonons. 

The spatial dispersion of the quasi-two-dimensional plasmon excitations is taken into account as the 
long-wavelength limit of the Lindhard dielectric response function. 

The remainder of the paper is outlined as follows. In Section 2 we present different models used for fitting 
the experimental energy-loss spectra, taken at homogeneously doped GaAs (100). The main features of these 
models are discussed. Section 3 contains the fitting results of HREELS-spectra for delta-doped GaAs (100) 
samples with low and high doping levels. We discuss qualitatively the competition of different scattering 
mechanisms of the plasmon excitations. 

2. Homogeneously doped GaAs (100) 

For the energy-loss calculation a two-layer model was chosen, which consists of a semi-infinite substrate 
with a bulk free-electron density n and an overlayer depleted of free electrons [2,5,6]. This approach is justified 
by an abrupt decrease of the free-electron density from the unperturbed bulk value to zero towards the surface 
over a distance, estimated by the screening length in the Thomas-Fermi theory as 

ATF — 
£0£.F 

-11/2 

67re2n 

where E¥ is the Fermi energy, n the free-electron density and sQ the low-frequency dielectric constant [11]. 
This parameter is 45-60 A in the case of high-doped GaAs (n = 1018-1019 cm"3 in the present study). 

The general case of multi-layered structures was presented by Lambin et al. [8]. The effective surface 
dielectric function of such systems was approximated by virtue of the continued-fraction expansion 

%f(<?n> w)=ai : 75  C1) 

flj + a2 — 
a2 + a3 
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with at = st coth(<7||d() and bi = ^/sinn^d,), where st and dt are the dielectric function and the thickness of 
the /-th layer, respectively; #u = l<7||l is the parallel wave-vector transfer from impinging electrons to surface 
excitations. 

In the simplest case of a two-layer model the effective dielectric function (1) is rewritten as 

**(*,, -)=^(-)1_4(,||,w)eXp(-2^) (2) 

with 

and 

,, N *sub(?||.  W)-£ph(W) 4(9||. «0 = -, TT T~\ 

^ + ( £„ - £„) a)^0 

*ph( w) Wj0 — co2 — iyw 

where s0 and £„ are the low and the high frequency dielectric constants, respectively, coTO the transverse 
optical phonon frequency, and y the phonon damping [6]. 

In the Drude model the spatial dispersion of plasmon excitations is neglected [15-17] and the substrate 
dielectric function esuh(qp co) is given by 

gsub(g||>  W)=gsubO) =gphO) -   0)2 + irü) (3) 

with top =4ire2n/m*. Here r is the plasmon damping, m* the effective electron mass and cop the bulk 
plasmon frequency [6]. 

Taking into account the spatial dispersion of plasmons, the bulk dielectric function including the phonon 
contribution in the long-wavelength limit of the Lindhard dielectric function [10] of the electron gas is given by 

Wtfso, ») = evM - 0)2_D{g3D)+ir(0 (4) 

with D(q3D) = f u| q3D
2 in the Thomas-Fermi model, and vp the electron velocity at the Fermi level. 

For the evaluation of the substrate dielectric function ssab(q^, co), entering the formula (2), additional 
boundary conditions are applied [12,13], that results in 

1 2   ,«> q.. 1 
— - = -      Aqz-^-2  (5) 
gsub(«||> 0>) '

7TJ
0 «j| +qz   

gbulk(«3D- w) 

with q3D = {qv qz} and q^ = \q^. 
Multiple-scattering energy losses and gains for arbitrary temperature are accounted for through a suitable 

thermodynamic average [8]. 
In order to elucidate the main differences between the Drude and Thomas-Fermi models, we calculated the 

dispersion relations of plasmon modes, which are defined by the poles of the energy-loss function 

Im[l/(%f(«„,to) + l)], 

where the effective surface dielectric function set{(q^, co) is determined by Eqs. (2)-(5). It is obvious from Fig. 
1 that the Drude model predicts a downward dispersion (curve c) in the case of the presence of a depletion layer 
and no dispersion for the flat band conditions (not shown here). On the contrary, the Thomas-Fermi model 
(curve a in Fig. 1) shows a general trend to upward dispersion in both cases. The dispersion curve for the 
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Fig. 1. Calculated dispersion relations of the surface plasmon for n = 8.8Xl018 cm-3 and depletion layer thickness J=200 A: (a) 
Thomas-Fermi model; (b) Debye-Hiickel model; (c) Drude model. The dotted line indicates the low energy boundary of the domain for 
electron-hole pair excitations. The dash-dotted lines indicate parallel wave-vector transfer for different primary electron-beam energies 
(eV). 

Debye-Hiickel model (Fig. 1, curve b) runs between those of the two former models. From this observation it 
follows, that the bulk free-electron density in the Drude model has to be significantly higher than that in the 
Thomas-Fermi (or Debye-Hiickel) model in order to fit the same surface plasmon energy. Further analysis of 
the dispersion relations shows, that the Thomas-Fermi model predicts a decrease of the plasmon energy when a 
higher primary electron-beam energy is applied within a certain range, in contrast to the Drude model. 

The plasmon damping factor obtained from the best fit by the Drude model is higher than that estimated in 
the frame of the Thomas-Fermi model. This discrepancy is attributed to the absence of plasmon peak 
broadening due to the plasmon dispersion in the Drude model. Thus, the Thomas-Fermi model, which takes 
into account the spatial plasmon dispersion, allows a distinction between broadening caused by dispersion and 
intrinsic broadening by scattering of free electrons on ionized dopants and phonons. It is worth mentioning, that 
broadening of the plasmon peak due to dispersion is caused by the limited sizes of the acceptance aperture of 
the HREELS-system. 

We fitted the experimental energy-loss spectra for MBE-growth GaAs (100)-c(4 X 4) in the frame of the 
Thomas-Fermi (Fig. 2a), Debye-Hiickel and Drude (not shown here) models by varying the bulk free-electron 
density and depletion layer width to fit the plasmon peak position. Despite a good agreement between theory 
and experiment, the main parameters fitted are rather different (Table 1), in accordance with the discussion 
above. 

We analyzed in detail experimental data on high-doped GaAs (100) samples, which were post-annealed after 
the growth at elevated temperatures and/or exposed to atomic hydrogen. After annealing the sample at the 
temperature of 850 K, the free-electron density is reduced from 8.8 X 1018 to 2.9 X 1018 cm"3. This is indicated 
by a drastic downward shift of the plasmon energy from 106 meV (Fig. 2a) to 65 meV (Fig. 2b). 
Simultaneously, the As-rich c(4 X 4)-surface is converted to the Ga-rich c(8 X 2)-surface. We assume that this 
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GaAs (100), Si-doped (TF-model) 
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Fig. 2. (a) Calculated by Thomas-Fermi model (dashed line) and experimental (solid line) energy-loss spectra for GaAs (100)-c(4x4): 
E0 = 6.5 eV, #, = 45°. (b) Same as in (a), but for GaAs (100)-c(8x2). For further details see text, (c) Same as in (b), but after subsequent 
hydrogen exposure of 105 L (1 Langmuir = 1 Torr s). At this stage the LEED-pattern shows a (1 X l)-structure. 

strong free-electron compensation is caused by indiffusion of the native acceptor-like defects, formed at the 
surface during heating of the sample. Further details are discussed in [36]. After the annealing the sample was 
exposed to hydrogen up to 105 L. The hydrogenation of GaAs (100) is accompanied by effective indiffusion of 
hydrogen atoms, chemically bonding to silicon dopants [14]. Due to this process the free-electron density 
decreases, which results in a further downward shift of the plasmon energy from 65 to 60 meV (Fig. 2c). 

Table 1 
Parameters after fitting the HREELS spectrum from the homogeneously doped GaAs(100)-c(4x4) sample using different models: Drude, 
Debye-Hlickel, Thomas-Fermi. The values listed are: h(opl — measured plasmon energy, n — electron density, d — depletion layer 
width, r — plasmon damping constant, fj.B — electron mobility, Vbb — band bending, Qss — density of occupied surface states, m* — 
effective electron mass 

Parameter 

Äft)pI (meV) 
n(1018cm-3) 

d(A) 
r (meV) 
p„ (cm2/V-s) 
Vbb (meV) 
ßss(1012cm-2 

m" (m0) 

Drude model Debye-HUckel model Thomas-Fermi model 

:) 

106 
17.3 

75 
30 
340 
745 
13.5 
0.114 

106 
11.5 

60 
26 
460 
315 
7.0 
0.097 

106 
8.8 

45 
21 
630 
155 
4.0 
0.089 
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3. Delta-doped GaAs (100): dopant spreading estimation 

The present study of delta-doped GaAs (100) has been motivated by investigations of delta-doped 
semiconductors by virtue of different techniques as secondary-ion mass spectrometry (SIMS) [18-24], magneto- 
transport measurements [25], capacitance-voltage (C-V) profiling [26-28] and Raman spectroscopy [29]. First 
investigations by HREELS [17,30] demonstrated that this very surface-sensitive technique may provide 
information upon spatial donor spreading and free-carrier density profiles of delta-doped layers in the vicinity of 
the surface, whereas other techniques mentioned above are limited when applying to the near-surface region. 

To calculate theoretically HREELS-spectra for the delta-doped structures a knowledge of the electron-density 
profile is needed. In delta-doped n-type GaAs the silicon atoms are spread within the region from several tens to 
a few hundred angstrom centered in the vicinity of the intended ideal doping plane. The electrons released from 
silicon atoms experience the Coulomb interaction with their parent ionized donors. This leads to a confinement 
of electrons in the potential well formed by dopants. If the confining potential is strong enough, the electron de 
Broglie wavelength is comparable to the width of the potential well. As a result, the electron motion in a 
direction perpendicular to the surface is quantized and an energy subband structure is formed. In order to obtain 
the electron-density profile we adopt the effective-mass approximation in the slab geometry [31]. The positive 
background of ionized dopants is presented by two Gaussians or rectangles, placed at equal depths beneath both 
sides of the slab. 

The dopant distribution of the high-doped sample #17 is considered as Gaussian due to the expected wider 
spatial spreading. First, we assume an initial distribution at time t = 0 given by the delta-function 

nD(t, z)\,=o = ND8(z-z0), 

where ND is the total areal density of electrically active dopant atoms and z0 is a position of the doping plane. 
The solution of the diffusion equation in the presence of the non-transparent boundary at the surface for the 

diffusing dopants is given by 

nD(t, z) = 

4/Vn 

4Nn In 2 
exp 

(z-z0) 41n2 
for z > z 0' 

Wj + w2 

In 2 

77 
exp 

(z-z0)
241n2 

Wo 

+ exp 
(z + z0) 41n2 

(6) 

for0<z<z0. 

where w\ and w\ are the widths of the right and the left halves of the total asymmetric Gaussian distribution, 
respectively, considered in the absence of the boundary. These values are related to the diffusion coefficients in 
both directions from the initial doping plane as 

w i = 4/ln2ö[f    and w 2 = 4J\n2D2t 

where D2 and Dl are the diffusion coefficients in the growth direction and back from the initial doping plane, 
respectively. 

Since the surface boundary restricts the diffusion process in the growth direction, one obtains an accumula- 
tion of the dopants beneath the surface even in the case of the equality of the diffusion coefficients Dl and D2, 
when the doping plane is placed close to the surface. The Eq. (6) defines an asymmetric dopant distribution, 
used in the self-consistent calculation of the electron-density profile. 

At our growth temperature of 550°C (lower than the temperature explored by Lohe et al. [17] and subsequent 
thermal decapping of the As-passivation overlayer, which would cause an additional diffusion, was not 
necessary due to UHV transfer between growth chamber and HREELS spectrometer) we obtain the best ordered 
GaAs(100) layers as observed in our RHEED and LEED experiments when compared to lower growth 
temperatures. In addition Köhler et al. [37] reported a higher sheet carrier concentration for the same Si-doping 
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Fig. 3. The measured (solid lines) and the fitted (dotted lines) energy-loss spectra for primary beam energies E0 = 1, 3 and 15 eV for the 
low-doped sample #10 with the doping plane at a depth of 100 A. The rectangular-shaped dopant distribution with w = 40 A, the density of 
electrically active dopants ND = 8.0X 1012 cm-2, and the free-electron density NE = 1.5X 1012 cm"2 were estimated from the fitting. 

level than for lower growth temperatures, whereas the Si-spreading is decreasing with lower growth tempera- 
tures. For these reasons, when fitting the measured energy-loss spectra of the low-doped sample #10, based on 
the smooth electron-density profile (approximated by a set of 20 sublayers), a symmetric spreading of the 
dopant atoms near the intended doping plane was assumed. Both rectangular and Gaussian distributions of 
dopant atoms were used in the calculations and no notable difference was found. During the fitting, first for the 
primary beam energy 9 eV, we adjusted the areal density of the electrically active dopants ND, the width of the 
rectangular dopant spreading w, the surface trapped charge density Ns and the plasmon damping T. For the 
other primary beam energies only the plasmon damping was changed to obtain the best fits to the experimental 
data. The fitted energy-loss spectra for different primary energies are shown in Fig. 3. 

The same fitting scheme was applied for the low-doped sample #11 with the intended doping plane at 200 A 
depth (Fig. 4) and for the high-doped 100 A depth sample #17 (Fig. 5). In the latter case, we assumed the ratio 
w2/wl of 1.5, i.e. the ratio D2/Dl of 2.25 between the diffusion coefficients of dopants towards the surface 
and backward from the doping plane, respectively. In this fashion, we simulated the preferential diffusion in the 
growth direction (segregation) [32], which is expected to be strong in the case of high doping. This results in a 
strong asymmetric distribution of the dopants with respect to the initial doping plane. The calculated 
self-consistent electron-density profile for the high-doped 100 A depth sample #17 is shown in Fig. 6. It should 
be noted, that even an approximation of the dopant spreading by a Gaussian with equal diffusion coefficients in 
both directions from the doping plane (Eq. 6) can result in an appreciable asymmetry of the dopant distribution 
if a doping plane is positioned close to the surface. 
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GaAs (100) - c(4x4) #11 

-500        0 500      1000     1500 (cm"1) 

31 
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Fig. 4. The same as in Fig. 3, but for the low-doped sample #11 with the doping plane at a depth of 200 A. The parameters w = 80 A, 
ND = 8.0X I012 cm-2 and NE = 4.6X 1012 cm-2 were estimated from the fitting. 

The parameters of the dopant spreading and calculated electron-density profiles for all samples investigated 
are summarized in Table 2. 

The fitted plasmon damping factors for all samples studied are presented in Table 3, where the probing 
depths of the phonon mode CD0 are given too. The probing depth (effective spatial extent of the polarization 
electric field from the surface inward the bulk) can be roughly estimated [6] as l/^ with q^ = 
(2m0/h

2y/2[Ey2 - (E0 - w0y/2)sm 0.. 
The most striking feature of this data is the significant decrease of the plasmon damping at the low primary 

energies for the low-doped samples #10 and #11 (see Table 3). Such a decrease can be attributed to the spatial 
separation between the phonon mode, localized closely to the surface (for instance, the probing depth of the 

Table 2 
Summary of the dopant spreading parameters for the different delta-doped GaAs (100) samples (#10, #11 and #17). The values listed are: 
,:„ — depth of the initial doping plane, ND — areal density of the electrically active dopant atoms, NE — areal density of electrons in the 
conduction band, w — full width at a half maximum (FWHM) of the dopant distribution, (Ec — £F)surf — Schottky barrier height 

Sample =o (A) ND(cm-2) NF (cm-2) '(A) (Ec - £F)surf (eV) 

#10 100 8.0X1012 1.5X1012 40 (rectangle) 0.72 
#11 200 8.0X1012 4.6X1012 80 (rectangle) 0.73 
#17 100 1.5X1013 4.9X1012 w, = 100, w2 = 150 0.71 
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GaAs (100) - c(4x4) #17 

-500        0        500      1000     1500 (cm_1) 

0 100 200 

Energy loss (meV) 

Fig. 5. The same as in Fig. 3, but for the high-doped sample #17 with the doping plane at a depth of 100 A and for primary beam energies 
E0 = 1, 3, 9 and 20 eV. The asymmetric Gaussian-shaped dopant distribution with w, = 100 A and w2 = 150 A was estimated. 

800 

-200 

Conduction-band edge 

Electron density 
Dopant density (x 0.5) 

200 400 600 

Depth [A] 
800 

o 
4 H 

1000 

Fig. 6. The self-consistent electron-density profile (dotted line) and the conduction-band edge relative to the Fermi energy EF (solid line) are 
displayed. The asymmetric Gaussian-shaped dopant distribution (dashed line), used when solving the Schrödinger and the Poisson equations, 
is shown too. 



0.5 8.7 
1 6.0 
3 5.6 
6.5 31.0 
9 26.7 

12 19.8 
15 19.8 
20 13.6 

V.M. Polyakov et al. /Applied Surface Science 104/105 (1996) 24-34 33 

Table 3 
The dependence of the plasmon damping factor r on the primary electron-beam energy EQ for the different delta-doped GaAs (100) 
samples (#10, #11 and #17). The probing depths for the phonon mode ha>0 = 36 meV are shown too 

£0(eV)         Sample #10 T (meV)         Sample # 11 T (meV)         Sample #17 F (meV) Probing depth (Ä) for co0 = 36 meV 

9.9                                     18.6 89 
5.0                                     16.1 126 
8.7              12.4 220 

14.9              — 325 
21.1              21.1 382 
22.3              21.1 441 
27.3              17.4 493 
—               21.1 570 

phonon mode co0 is 126 A for E0 = 1 eV) and the plasmon mode, confined within the potential well, formed by 
ionized dopants at depths of 100 A and 200 A for these two samples, respectively. One can also conclude from 
this finding, that a scattering of plasmon excitations on the optical phonons at room temperature is dominant, if 
compared to the scattering on the ionized dopants. In the case of the high-doped samples the spatial separation 
mentioned above is less, and thus such a decrease of the plasmon damping was not observed. 

In summary of this section, we presented results of HREELS-investigations of the delta-doped GaAs (100) 
samples MBE-grown at 550°C with different doping levels and doping plane depths. From the comparison with 
the calculated spectra the dopant spreading has been estimated. It was shown that in low-doped samples the 
symmetric dopant distribution near the initial doping plane provides good fits to measured energy-loss spectra 
for the applied set of the primary electron-beam energies. In contrast, for high-doped samples the asymmetry in 
the dopant distribution was assumed to simulate a possible segregation process. This was done by virtue of the 
asymmetric Gaussian, which is a solution of the diffusion equation in the non-transparent surface boundary 
conditions for diffusing dopants. 

The significant decrease of the plasmon damping at low primary beam energies for the low-doped samples is 
ascribed to a spatial separation between the surface optical phonon mode, strongly localized near the surface and 
plasmon excitations, confined within the potential well, positioned at 100 A and 200 A from the surface for 
samples #10 and #11, respectively. This provides additional evidence that scattering of free electrons on the 
optical phonons is dominant at room temperature [33-35]. 
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Abstract 

We compare two different structure models proposed recently for the GaAs (311)A surface using kinematical calculations 
of their reflection high-energy electron diffraction (RHEED) patterns. Whereas for one structure the calculated pattern does 
not fit very well, the agreement between calculation and experimental pattern is excellent for the other and allows even 
structural refinement of the relaxation parameters. Consideration of only the topmost atoms of the surface in the calculation 
yields the best agreement with the RHEED pattern, which indicates a very small sampling depth of RHEED. Therefore, at 
least in special cases, the kinematical theory is a valid approximation to calculate RHEED patterns. 

Reflection high-energy electron diffraction 
(RHEED) is widely used as a sensitive technique for 
the in situ investigation of surface structures and 
growth processes in molecular beam epitaxy (MBE). 
The theoretical understanding and ability to model 
the observed phenomena, however, has not yet 
evolved to an accuracy comparable to other electron 
diffraction methods. In low electron diffraction 
(LEED) [1] or transmission electron microscopy 
(TEM), theoretical simulations can be used as reli- 
able tools for structure determination or chemical 
lattice imaging [2]. The situation encountered in the 
case of RHEED is more complicated, mainly due to 
the effects of the glancing incidence at low angles. 
The interaction volume is strongly elongated along 
the beam and comprises many scatterers. Multiple 

* Corresponding author. Tel: +49-30-20377356; fax: + 49-30- 
20377201; e-mail: braun@pdi.wias-berlin.de. 

scattering events thus cannot generally be neglected 
and only dynamical calculations are expected to be 
appropriate [3]. These calculations are complex and 
computationally intensive. Moreover, the iterative 
algorithms employed do in general not converge due 
to the artificial truncation of the unit cell, and special 
corrective measures need to be taken [4]. 

Since the input to RHEED calculations, like pos- 
sible surface unit cell configurations, already repre- 
sents a multi-dimensional parameter field and the 
calculation itself contains still more fitting parame- 
ters, a comparison of different surface structure mod- 
els with experiment is not straightforward. As a 
consequence of this inherent problem, there is an 
ongoing debate about the reliability of the obtained 
results [5,6]. For example, dynamical calculations 
showed good agreement with the three-dimer struc- 
ture for the ß(2 X 4) reconstruction of the GaAs 
(100) surface [7,8], but atomic resolution STM mea- 
surements revealed the two-dimer structure [9,10], 

0169-4332/96/$15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
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supported by recent first-principles calculations [11]. 
In this paper, we discuss two surface structure 

models for the GaAs (311)A surface proposed re- 
cently by comparing their kinematically calculated 
diffraction patterns to the observed RHEED intensity 
distribution. We assume that if the two structure 
models are sufficiently different, even kinematical 
theory should be sensitive enough to show distinct 
differences between the respective RHEED patterns. 
The obtained results indeed demonstrate that the 
kinematical theory is sufficient to describe most 
features of the experimental RHEED pattern and that 
the fit is even sensitive enough to perform structure 
refinement. 

The two different proposed structure models for 
the GaAs (311)A surface are shown in Fig. 1 with 
the viewing direction along the [233] azimuth. Green 
and blue spheres indicate As and Ga atoms, respec- 
tively. Fig. la represents the model proposed by 
Nötzel et al. [12,13], which is based on the assump- 
tion that the (311) surface reconstructs into two sets 
of (331) and (313) facets because of the lower 
surface energy of these facet Dianes compared to 
(311). Together with the 32 A periodicity along 
[Oil], this leads to a corrugation height of 10.2 A. 
We refer to this model as model A. The second 
model, proposed by Wassermeier et al. [14], is shown 
in Fig. lb. It is based on scanning tunnelling mi- 
croscopy (STM) observations and the requirement 
that both excess charge density and dangling bond 
density are minimized. The As atoms are assumed to 
dimerize along [OT1] similar to the (100) surface, as 
indicated by the oversized blue spheres in Fig. lb. 
Even and odd dimers along [233] are shifted towards 
each other in the [Oil] direction, creating zigzagging 
rows of As dimers. This structure will be referred to 
as model B. Whereas the lateral periodicities of both 
structures are identical, the depth modulation of 
model B is only 3.4 A, i.e., 1/3 of model A. 

Two experimental RHEED patterns of the GaAs 
(311)A structure are shown in Fig. 2 taken along the 
[233] azimuth with an acceleration voltage of 20 kV 
in both cases. For both samples, optimum growth 
conditions for GaAs (311)A were used, which we 
found to be at slightly less As pressure and about 
25°C higher sample temperature than the optimum 
for the GaAs (100) ß(2 X 4) reconstruction. The 
samples differ in the miscut angle, which is 0.9 
degrees towards the RHEED screen in (a) and negli- 
gible for the purposes of our study in (b). For 
comparison with the simulations, a length marker 
corresponding to the reciprocal lattice constant of 
bulk GaAs is included in the photograph. The con- 
struction of model A was based on samples uninten- 
tionally miscut by an angle similar to (a). These 
samples show a triple splitting of the (00) rod close 
to the X-shaped Kikuchi line crossing from which 
the corrugation amplitude was deduced. While even 
for on-axis substrates a dual splitting can be ob- 
served due to the cut of the Ewald sphere at finite 
angle, additional structure arises from misorientation. 
A detailed discussion of misorientation and defect 
structure effects leading to this additional modulation 
will be presented in a separate publication. 

The kinematic scattering theory is based on the 
assumption that multiple diffraction processes can be 
neglected. This is equivalent to the application of 
first-order perturbation theory. The diffracted inten- 
sity is proportional to \F(G)\2, where F(G) denotes 
the scattering amplitude for a pair of incident and 
scattered wave vectors differing by a reciprocal lat- 
tice vector G. The calculation of F(G) involves the 
summation of the phase factors of the waves scat- 
tered from the volume elements inside the interaction 
volume. Taking advantage of the crystal periodicity, 
the problem can be separated into the construction of 
the reciprocal lattice that determines the positions of 
the possible reflections and the calculation of the 

Fig. 1. Two proposed models for the GaAs (311)A surface reconstruction, (a) shows model A by Nötzel et al. [12] with a corrugation of 
10.2 Ä, (b) model B by Wassermeier et al. [14] The dark blue spheres represent Ga atoms, the green spheres As atoms. As dimers are 
indicated by large light blue spheres. 

Fig. 4. Surface of the B model in top view. The unit cell of the reconstruction is indicated by the rectangle. The red numbers denote the 
equivalent atoms included in the various calculations. Relaxation of the dimerized As atoms was modeled by the fitting parameters a and 

ß- 
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Fig. 2. Experimental RHEED patterns of the GaAs (311)A surface reconstruction. The observation direction is along the [233] azimuth with 
an acceleration voltage of 20 kV and an incidence angle of 1.4° for (a) and 1.5(2)° for (b) at a sample temperature of 605°C. The length of 
the marker corresponds to the reciprocal lattice constant of bulk GaAs. While (b) is exactly oriented, the sample used in (a) is miscut by 0.9° 
towards the RHEED screen. Samples unintentionally miscut by approximately the same angle were used in the study of Nötzel et al. [12]. 



W. Braun et al./Applied Surface Science 104/105 (1996) 35-44 39 

structure factor for every reciprocal lattice point, 
which determines the intensity of the respective re- 
flection. In the quasi-2D RHEED case, the reciprocal 
lattice consists of rods perpendicular to the surface. 
Therefore, the reciprocal lattice index perpendicular 
to the surface becomes a continuous variable. The 
scattering amplitude can then be written as 

F(G||,y,5') = Aj^ui(s)exp(-Bis
2) 

i 

Xexp[i(Gi|ri|| + yr,.1)] 

where the subscripts || and 1 denote the surface 
parallel and surface normal components of the re- 
spective vectors, r and G are discrete real-space and 
reciprocal-space vectors, y is the continuous recipro- 
cal space coordinate normal to the surface, and i is 
the summation index counting the scatterers inside 
the surface unit cell. The parameter s is defined as 
A = (sin 0)/A; A being the electron wavelength and 
6 denoting the angle between the incident and the 
scattered wave vector. For the scattering factors M;, 

the Doyle-Turner formula was used [15]. The De- 
bye-Waller factors [16] exp(-ß,s2) describe the 
loss of intensity due to the thermal vibration of the 
lattice. For our purpose, they turn out not to be very 
important since the constant A is normalized to the 
maximum intensity and the Doyle-Turner scattering 
factors have the same dependence on s as the De- 
bye-Waller attenuation. 

The experimentally observed RHEED pattern is 
not the reciprocal lattice plane obtained by the calcu- 
lations, but the intersection of this plane with the 
Ewald sphere. Within the approximations of our 
model, this intersection would yield a row of points 
on the Laue circle. In the experiment, however, both 
the reciprocal lattice rods and the Ewald sphere are 
broadened. Since at low angles the cut of the Ewald 
sphere through the reciprocal lattice plane is also 
almost parallel to this plane, the experimental image 

Fig. 3. Simulated RHEED patterns in the [233] azimuth (a) of 
model A, (b) model B and (c) 11 ML of bulk material. The 
markers represent the reciprocal lattice constant of GaAs, a hair 
cross marks the position of the specular spot for an incidence 
angle of 1.52°. The false colour conversion is given at the bottom 
of the squares with green and purple representing low and high 
intensities, respectively. 
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shows a wide region of the reciprocal lattice plane 
close to the origin instead of a row of points. The 
resulting two-dimensional intensity distribution in- 
cludes many more data points and therefore allows a 
much better fit to the theoretical pattern. We there- 
fore use the intensity distribution on the whole first- 
order plane for comparison with the experiment. One 
has to keep in mind, though, that intensities closer to 
the exact Laue circle position are higher when com- 
paring the experiment with the intensity distribution 
of the reciprocal lattice. Since we assume perfect 
periodicity parallel to the surface plane, the rods are 
truly one-dimensional. Their width in the simulated 
pictures is arbitrarily adjusted for good visibility, but 
has no physical significance. 

The calculation of a reciprocal lattice plane using 
the kinematical model takes a few min on a PC and 
therefore allows the fast inspection of a large number 
of possible unit cell configurations. Our starting 
point for comparing the two (311)A surface models 
are unrelaxed structures with both the surface As and 
Ga atoms at bulk positions. For simplicity, the 
Doyle-Turner factors were set to unity, since in first 
order they only introduce an intensity envelope de- 
caying exponentially with the radial distance from 
the primary beam (000) spot. Only the surface Ga 
and As atoms are included in this first approximation 
which are those visible on the top of the structures of 
Fig. 1. The results are shown in Fig. 3a for model A 
and in Fig. 3b for model B. Fig. 3c shows a simula- 
tion of 22 layers (11 As and 11 Ga) of bulk material 
for comparison. Incidence angle and scale of the 
simulations are matched to the experimental picture 
given in Fig. 2b. The simulated images show a 
higher dynamic range compared to the experiment 
due to the neglect of disorder in the calculations. To 
show as many levels as possible, we have used a 
false colour representation shown in the horizontal 
bar at the bottom of each picture. The green end of 
the scale corresponds to low intensity, high intensity 
is shown purple-white. Both simulations (a) and (b) 
include the bulk spots since they are subsets of (c). 
Model A (a) exhibits a splitting of all streaks with a 
period corresponding to 2TT/10.2 A as expected for 
a two-level system [17]. Although the facet planes 
are narrow, emerging facet streaks perpendicular to 
the (331) and (313) begin to form as a modulation of 
the reconstruction streaks. None of these features are 

present in the experimental intensity distribution of 
Fig. 2b. All streaks show a slowly varying intensity 
distribution normal to the surface. No clear evidence 
of the facet streaks can be seen. The X-shaped 
intensity enhancement centred about 0.5° above the 
specular spot is due to Kikuchi lines. Only streaks 
#8 to #13, counting from (00), resemble the simu- 
lated facet streaks, but they constitute a much lower 
angle towards the surface normal than expected for 
model A, rather resembling the angle present in 
model B. In addition, the simulation of Fig. 3a 
predicts dark areas opening on both sides next to the 
specular position as well as a strong reflection on the 
#8 streak close to the shadow edge. Both features 
are not seen in Fig. 2. The model B simulation of 
Fig. 3b is in closer agreement with the experimental 
pattern. The streak modulation is of about the same 
period, and there is some intensity adjacent to the 
specular beam position. Several streaks already show 
a staircase structure similar to streaks #8 through 
#13 in Fig. 2b. 

Whenever more bulk atoms are included in simu- 
lating either the Nötzel or the Wassermeier structure, 
the pattern approaches Fig. 3c. The reconstruction 
features weaken and the relative intensity of the bulk 
reflection increases. The experimental picture, how- 
ever, shows high intensity on the reconstruction re- 
flections which is comparable to the intensity on the 
bulk streaks. Also, the modulation of the streaks 
along the surface normal is lower in Fig. 3b and Fig. 
2b compared to the simulation of 22 bulk layers in 
Fig. 3c. This means that the intensity distribution 
present in Fig. 2b is dominated by the surface atoms 
of the reconstruction. Since the simulation of Fig. 3b 
is already closer to the bulk picture than the experi- 
mental pattern, we can conclude that less atoms 
participate in the formation of the experimental pat- 
tern and that the surface atoms relax from their bulk 
positions, thus redistributing intensity into the recon- 
struction streaks. In fitting the calculated pattern for 
model B to the observed one, we therefore employ 
two sets of fitting parameters, namely the number of 
scatterers and the relaxation of the surface atoms. 

A top view of model B is given in Fig. 4. The 
unit cell of the surface reconstruction is indicated by 
the black rectangle. The larger blue spheres, similar 
to Fig. 1, denote the top As atoms that are assumed 
to form dimers similar to the (100) surface. Since 
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these atoms are able to relax along [Oil], the two 
fitting parameters a and ß are introduced to de- 
scribe these displacements, a denoting the dimer 
bond length and ß describing the relative displace- 

ment of the two sub-rows along [233]. For the unre- 
laxed structure with the top As atoms at bulk posi- 
tions, a = 4 A and ß = 2 A. The simplest approxi- 
mation to the structure is to neglect the sub-structure 
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Fig. 5. Simulations obtained from (a) atoms 1 of Fig. 4 at unrelaxed positions and (b) atoms 1 and 2 of Fig. 4 with a = 2.7 Ä and ß = 0.7 
A. The central group of streaks is representative for model B and independent of relaxation and substructure for a wide range of parameters. 

Fig. 6. Optimum fit of the kinematical model to the experimental picture. The picture in (a) was calculated for constant isotropic scattering, 
while (b) includes the effect of the Doyle-Turner scattering and Debye-Waller factors for a temperature of 880 K. 
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of the units comprising atoms 1, 2 and 3 in Fig. 4 
and to use only the atoms 1. The resulting reciprocal 
lattice image is shown in Fig. 5a. Compared to Fig. 
3b, the result is closer to the experimentally observed 
pattern in that the intensity is more evenly dis- 
tributed in reciprocal space. Also, the intensity distri- 
bution on the individual rods is closer to the experi- 
ment. The calculation now correctly reproduces the 
first three streaks of the experimental pattern, count- 
ing from (00). This characteristic structure consists 
of alternating regions of high (h) intensity on streaks 
0 and 3 or 1 and 2 and low (1) intensity on the 
others. The alternating h-1-l-h-l-l-h and 1-h-h-l-h-h-l 
structure is characteristic for the GaAs (311)A recon- 
struction and can be found in any experimental 
RHEED pattern ofjhis surface showing the 8-fold 
periodicity along [Oil]. 

The calculated pattern deviates from the experi- 
mental one in Fig. 2b on the streaks further away 
from (00). These streaks are more sensitive to the 
fine structure of the reconstruction than the ones 
closer to (00). Including atoms 1 and 2 of Fig. 4 and 
optimizing a (2.7 A) and ß (0.7 A), one obtains the 
reciprocal space map of Fig. 5b. The value of a 
agrees well with estimates found by» STM for (100) 
GaAs [10]. The sub-row relaxation parameter ß is 
quite large, even if we consider a repulsive interac- 
tion of the empty-state dangling orbitals of the As 
dimers. Comparing Fig. 5a and b, the insensitivity of 
the streaks close to (00) to structure variation is 
evident. The dense reciprocal lattice of the (311)A 
reconstruction allows relatively easy fine-tuning of 
the relaxation parameters since any periodicity 
smaller than the unit cell size in real space shows up 
as an intensity variation larger than the streak separa- 
tion in reciprocal space. The dimer bond length a is 
about 1/10 of the real space unit cell size along 
[011]. It therefore shows up as an intensity variation 
with a period of about 10 reciprocal lattice rods in 
the simulation. The same behaviour holds for ß, 
with a still larger period in reciprocal space. The 
accuracy of the simulation can therefore be improved 
by including rods far away from the (00) rod. Since 
the experimental pattern is the intersection of the 
reciprocal lattice plane with the Ewald sphere, the 
truncation of the higher-order streaks limits the accu- 
racy of the simulation. This means that in our case 
ß, due to its small value, is a less reliable parameter 

in the fitting procedure than a. When comparing 
Fig. 5b with Fig. 2b, we find good semiquantitative 
agreement between the simulated and the experimen- 
tal pattern out to the 13th streak. The intensity 
distributions both along and normal to the shadow 
edge are correctly reproduced. This remarkable 
agreement constitutes strong evidence that the kine- 
matical approximation is valid approximation for this 
particular case. 

The good fit can be explained by the smoothness 
of the surface along the [233] direction. The low 
density of disorder steps revealed by STM [14] com- 
bined with the absence of depth modulation along 
[233] in the surface unit cell itself produces dense 
and linear rows of scatterers along the beam direc- 
tion. A modulated surface that exposes areas normal 
to the beam direction facilitates the entry as well as 
the exit of the high-energy electrons to and from the 
bulk. In our case, such modulation is not present and 
scattering is dominated by the surface atoms. This 
means that single scattering events dominate and 
therefore kinematical theory is adequate. 

The streaks #4 and #12 of Fig. 5 do not show 
any modulation and do not change on variation of a 
or ß. To obtain an intensity variation on these 
streaks, additional atoms need to be included in the 
simulation. It turns out, however, that even including 
only the Ga atoms, labelled 3 in Fig. 4, considerably 
worsens the agreement between theory and experi- 
ment. The Ga atoms located 1.27 A below the As 
positions introduce a large-period intensity modula- 
tion normal to the surface that degrades the correct 
intensity distribution of Fig. 5b. Therefore, the form 
factor of the Ga atoms at positions 3 in Fig. 4 has to 
be reduced by at least a factor of 4 with respect to 
the As atoms 1 and 2 to achieve a good fit. The same 
is true for the atoms between the dimerized rows 
labelled 4 in Fig. 4. In a simple picture, their smaller 
contribution to the RHEED image can be explained 
by a shadowing of part of their scattering solid angle 
close to the shadow edge by the neighbouring dimer- 
ized rows, therefore reducing their contribution to 
the pattern. A calculation including atoms 1 through 
4 of Fig. 4 is shown in Fig. 6a. The relative (still 
isotropic) form factors for the atoms at positions 1 
through 4 are u=\ for 1 and 2, u = 1/4 for 3, 
u = 1/2 for 4 As and u = 1/8 for 4 Ga. Rod 4 from 
the centre now shows some intensity variation that 
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matches the experimental distribution, although the 
Kikuchi line crossing in the experiment might 
overemphasize the intensity next to the specular spot 
on the 4th rod. The intensity on rod #12 is still too 
low, but the overall intensity distribution fits well 
with the experiment. 

Fig. 6b shows a simulation of the same structure 
with the same relative form factors, but now includ- 
ing the Doyle-Turner scattering distribution and the 
Debye-Waller factors for a temperature of 880 K. 
Intensities away from the reciprocal lattice centre are 
strongly damped, but retain their relative magnitudes 
if one moves along a circle around the reciprocal 
lattice centre. Except for this exponential damping in 
the radial direction, the pattern remains unchanged. 
This justifies our neglect of both the scattering po- 
tentials and Debye-Waller factors in the simulations. 
The next step from Fig. 6b would be to convolute 
this picture with some radial function that models the 
intersection of a broadened Ewald sphere with a 
broadened reciprocal lattice plane. This would re- 
move the excess intensity close to the origin and 
again cause it to approach the observed intensity 
distribution. We did not do this because it introduces 
two more fitting parameters in the calculation with- 
out significantly changing the pattern in comparison 
to Fig. 6a. 

In conclusion we have confirmed the surface re- 
construction model of Wassermeier et al. [14] for 
exactly oriented GaAs (311)A by simulating the 
RHEED intensity distributions using kinematical 
diffraction theory. Not only are we able to show 
distinct differences in the fit of the two models with 
experiment, but also to perform a refinement of the 
structural parameters of the surface reconstruction. 
The best agreement between simulation and experi- 
ment is achieved by including atoms at most 1.5 A 
beneath the surface for an incidence angle of 1.5 
degrees, where the contribution of the subsurface 
atoms is typically less by a factor of 4. The (311)A 
surface structure of GaAs in the [233] azimuth is 
particularly well suited for the kinematical analysis. 
Since the intensity distribution close to the (00) 
streak is insensitive to the details of a structure, we 
expect our model to work in general for the distinc- 
tion of different possible structure models. As the 
calculations are computationally economical, it seems 
feasible to use them also for the modelling of defect 

structures using very large supercells or even for the 
simulation of RHEED intensity oscillations in com- 
bination with Monte Carlo methods. 

The defect structure, especially for not exactly 
oriented surfaces, is expected to be of crucial impor- 
tance for the properties of heterostructures grown on 
the (311) surface. Large-scan STM images revealed 
a highly anisotropic surface roughness which typi- 
cally comprises five monolayers [14]. This meso- 
scopic surface modulation is very likely also present 
at the GaAs-AlAs heterointerfaces. Therefore the 
interface will be corrugated. The reconstruction is 
maintained on both sides of the heterointerface and 
since it contains two incomplete group III layers, a 
modulation of the interface due to the reconstruction 
can be expected. In real structures, however, this 
microscopic interface structure can be weakened or 
destroyed by segregation and mixing during het- 
erointerface formation. 
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Abstract 

We have performed ab initio DFT-LDA supercell calculations for several reconstructions of the (100) surface of cubic 
silicon carbide. For the computations we have applied the Vienna ab initio moleculardynamic program (VAMP). We use 
ultrasoft Vanderbilt pseudopotentials which allow the use of an extremely small plane-wave cutoff energy. Interactions due 
to an artificial electric field between the two inequivalent slab surfaces are avoided by saturating one (carbon terminated) 
side with hydrogens. We discuss the geometries and energetics for several silicon and carbon terminated configurations (e.g. 
silicon-rich c(2 X 2), 2 X 1). 

1. Introduction 

During the last years, the group-IV compound 
silicon carbide has received considerable interest be- 
cause of its attractive physical properties. Strong 
chemical bonding, physical stability and a rather 
large band-gap energy predestinate the material for 
applications in high-power devices at high tempera- 
tures. Furthermore, SiC crystallizes in more than two 
hundred different stable and long-range ordered 
modifications, called polytypes. The structural and 
electronic properties of the cubic and hexagonal bulk 
polytypes have been well investigated by first-princi- 
ples calculations [1-6]. On the other hand, there 
exist only a small number of theoretical ab initio 
studies of the surface properties for the SiC poly- 
types. In Refs. [7] and [8], results for the geometric 
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and electronic structure of the SiC(llO) surface of 
cubic silicon carbide are given, whereas in Ref. [6] a 
vacancy-induced (2 X 2) reconstruction of the 
SiC(lll) surface is discussed. To our knowledge the 
SiC(100) surface has not yet been calculated with 
first-principles methods. 

2. Method 

In this paper, we present the results of ab initio 
calculations for the (100) surface of SiC. The calcu- 
lations are performed within the framework of den- 
sity functional theory (DFT) in the local density 
approximation (LDA). Explicitly we use the 'Vienna 
ab initio moleculardynamic program' (VAMP) [9]. 
The electronic ground state is evaluated using a 
conjugate-gradient technique. For the description of 
the electron-ion interaction we use ultrasoft pseu- 
dopotentials for carbon and hydrogen. This allows a 
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remarkable reduction of the necessary number of 
plane waves compared to the use of normconserving 
ones for first-row elements. Nevertheless, we use 
normconserving pseudopotentials for the bigger sili- 
con atoms. An energy cutoff of 19 Ry is used for the 
plane-wave basis set. The k space integration is 
replaced by a summation over special k points ac- 
cording to the scheme of Chadi and Cohen [10]. In 
the case of a 2 X 1 supercell we use four special 
points in the irreducible part of the first Brillouin 
zone, whereas this number is reduced to one in the 
case of a 2 X 2 supercell. These are folded in the full 
Brillouin zone, which results in sixteen and four k 
points, respectively. 

For the simulation of the surface, a repeated-slab 
method is applied. The supercell has a length of four 
conventional fee cells, i.e. four times the cubic lat- 
tice constant. For the latter quantity we use a value 
of a0 = 4.33 A, the calculated equilibrium value for 
cubic SiC. Half of the slab is filled with silicon and 
carbon layers, in total eight layers. Such a slab 
configuration can cause several problems during the 
cycle of selfconsistency, since the two surfaces are 
inequivalent. At first, there might occur an artificial 
charge transfer, since the surface states of the cation 
(Si) dangling bonds lie above those of the anion (C) 
dangling bonds. Furthermore the surface states on 
both sides could interact which each other through 
the slab. Several possibilities exist to avoid these 
artificial effects. One way is to construct a slab 
containing a mirror plane. However, this slab would 
contain twice as many atoms, since the mirror plane 
had to lie in the 'bulk' part of the slab [6]. The 
approach we have taken is to saturate the dangling 
bonds at the carbon terminated surface with a hydro- 
gen atom each. The four outermost layers on the 
other side are allowed to relax. 

3. Results 

3.1. Clean silicon terminated surface 

We have performed calculations for silicon termi- 
nated clean and covered surfaces with p(2 X 1), c(2 
X 2) and p(2 X 2) symmetry. As a first step, we 
calculate the reconstruction of the hydrogen termi- 
nated surfaces to make them force-free. In the equi- 

a) 

Fig. 1. Reconstructed silicon terminated SiC(lOO) 2X1 surfaces. 
Silicon atoms are indicated by empty circles, carbon atoms are 
indicated by filled circles. View direction is towards [011]. (a) 
clean surface, (b) additional Si layer on top (1X2 cell). 

librium state, the carbon-hydrogen bonds have the 
same direction as they would have if two hydrogens 
were replaced by a silicon atom. In comparison to 
the C-Si bonds in cubic SiC (d = 1.89 A) the C-H 
bonds are shortened, they have a length of d = 1.08 
o 

A. 
Considering the clean silicon terminated surfaces 

(©= 1) with a full silicon layer on top, there exist 
detailed experimental data only for the p(2 X 1) sur- 
face, based on LEED measurements [11]. Powers et 
al. favour a buckled silicon dimer model as optimum 
structure. They find a Si-Si dimer bond length of 
2.31 A and a buckling of 0.20 A. Our result, shown 
in Fig. la, is quite different. Even if we take their 
results as starting configuration for the calculation, 
we end up in a system showing almost no dimeriza- 
tion and no buckling at all. The surface silicon atoms 
move towards each other by about 0.15 A each. This 
results in a distance of 2.75 A, which is about 0.4 A 
larger than the one measured by Powers et al. [11]. 
As a consequence, the energy gain per surface atom 
is almost negligible (~ 10 meV). The same rather 
weakly pronounced tendency to dimerize is found 
for all other starting configurations, including sym- 
metric and asymmetric buckled and nonbuckled c(2 
X 2) and p(2 X 2) configurations. A reason for this 
small changes compared to the unreconstructed but 
relaxed structure might be the strong bonding of the 
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Fig. 2. Band structure for the clean silicon terminated SiC(lOO) 
2 X 1 reconstruction of cubic silicon carbide. 

surface silicon atoms to the second layer of C atoms. 
The energy loss due to subsurface strains would be 
larger than the energy gain due to charge transfer 
and stronger dimerization. Since these calculations 
are performed for nearly zero temperature, this con- 
clusion might not hold at higher temperatures and a 
following annealing process where the energy barrier 
could be crossed more easily. 

We have also calculated the band structure for the 
p(2 X 1) surface, which is shown in Fig. 2. v- and 
7r*-like as well as a- and a *-like surface states 
appear in the fundamental gap region. The surface is 
nonmetallic. The indirect LDA surface band gap 
amounts to 0.26 eV. The occupied 7r-like band maxi- 
mum and the unoccupied ir '-like band minimum are 
located on the TJ line. Due to the small interaction 
of the surface wave functions the gap remains small. 

3.2. Non-stoichiometric silicon terminated surfaces 

Another possible explanation for the discrepancy 
between the theoretical and experimental results 
might be the stoichiometry of the surface. The strong 

dimerization found by tensor-LEED studies [11] 
could be interpreted to be performed for a SiC(lOO) 
surface with another layer of Si on top. Therefore, 
we have calculated the reconstruction of different 
p(2 X 1) and p(l X 2) geometries with a coverage of 
0=2, i.e. an additional Si layer on top. The energet- 
ically most favorable reconstruction is displayed in 
Fig. lb. Again, our preliminary results do not show a 
pronounced silicon dimer. The distance between the 
Si atoms on top amounts to 2.55 A. Moreover, there 
is a tendency to weaken the bonds to the second 
layer of silicon atoms. The corresponding bond length 
amounts to 2.49 A. The buckling is negligible. 

Considering possible c(2 X 2) reconstructions with 
a coverage of only half a monolayer of Si (6> = 1/2), 
we have performed calculations for silicon atoms at 
hollow (Fig. 3a) and bridge (Fig. 3b) sites. In both 
cases the reconstructions are more important than for 
the clean case (0 = 1). However, the energy gain is 
smaller for the case of silicon at hollow sites. The Si 
atoms on top build single bonds to the second layer 
with a length of 2.34 A and move inward by about 
0.11 A, whereas the second and third show a ten- 
dency to move outward. There are no lateral relax- 
ations, except for the second silicon layer, where the 
atoms move away from the silicons at the hollow 
sites by about 0.07 A each. 

a) 

b) 

Fig. 3. Top view on the half covered silicon terminated c(2 X 2) 
surface with silicon at (a) hollow and (b) bridge sites. 
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Placing the Si atoms at bridge sites causes rather 
large reconstructions. The Si atoms form strong bonds 
with the carbon atoms of the second layer with a 
bond length of 1.86 A, which is somewhat smaller 
than the bond length in cubic SiC (1.89 A). The Si 
top layer moves 0.47 A outward, whereas the second 
(carbon) layer moves 0.12 A inward, compared to 
the ideal slab positions. In addition, the carbon atoms 
of the second layer show also a lateral movement of 
0.79 A, which results in an elongation of the bond 
lengths to the third layer atoms (1.92 A). This might 
explain the inward movement of the carbon layer in 
spite of the strong Si-C bonds. However, as a 
consequence of the strong bonding the binding en- 
ergy per surface atom is lower by about 58 meV for 
the bridge-site structure compared to the hollow-site 
structure. 

4. Conclusions 

We have presented ab initio calculations for a 
variety of silicon terminated surfaces and for the 
carbon terminated c(2 X 2) surface with staggered 
dimers. In the case of the silicon terminated surfaces, 
no strong dimerization takes place, in contrast to the 
experimental data. Even taking into account a second 
Si layer on top, the experimental findings remain 
unexplained. Larger reconstructions occur for non- 
stoichiometric silicon terminated structures. On the 
other hand, there are C-C double bonded dimers 
formed at the carbon terminated surface. 

Acknowledgements 

3.3. Carbon terminated surface 

The work for these surfaces is in progress. Until 
now we have calculated only the analogon for the 
silicon terminated c(2 X 2) surface (0=1) with 
staggered dimers (Fig. 4). In contrast to our findings 
for the silicon terminated surface, on the carbon 
terminated surface real double bonded C-C dimers 
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are formed with a bond length of 1.38 A. It is only 
slightly larger than the value 1.31 A reported for 
aromatic carbon systems. No buckling occurs, but 
the first two layers move 0.21 A (C) inward and 0.08 
A (Si) outward, respectively. The energy gain per 
surface carbon atom is 2.18 eV compared to the 
clean carbon terminated, relaxed surface. 

Fig. 4. Top view on the carbon terminated c(2x2) surface with 
staggered C-C dimers. 
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Abstract 

We present the results of an AES, XPS, LEED and photoluminescence study of the reaction of oxide and contaminant 
overlayers on CdTe(lOO) and (110) surfaces with atomic hydrogen. For both surfaces exposure of an oxide overlayer to a 
flux of atomic hydrogen produced by 'cracking' ambient molecular hydrogen on a hot tungsten filament results, in contrast 
to the case of GaAs substrates, in a rapid, quantitative removal of the oxide overlayer at substrate temperatures as low as 300 
K. This process results in surfaces free of contaminants which have sufficient surface order to produce clear LEED patterns 
characteristic of well known reconstructions of these surfaces. Additionally in situ photoluminescence spectroscopy allows 
direct correlation of surface cleaning with reduced nonradiative carrier recombination. 

1. Introduction 

Surface preparation is a crucial consideration in 
the fabrication of modern semiconductor devices. 
Issues to be addressed in this regard for the realiza- 
tion of optimal device performance include chemical 
composition (particularly with respect to the elimina- 
tion of undesirable surface contaminants and impuri- 
ties), the elimination or passivation of surface defects 
and the maintenance and production of abrupt inter- 
faces in heterodevices. All of these considerations 
have become steadily more important as surface/area 
volume ratios have increased with progressive device 
miniaturization and have become especially impor- 
tant with the advent of nanostructure devices. 

Whilst the preparation of II-VI surfaces is a 
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relatively unexplored topic, the most commonly em- 
ployed technique for the preparation of III-V materi- 
als, particularly in 'practical' situations such as the 
preparation of substrates for epitaxial growth, is a 
simple thermal desorption or 'blow-off of oxide and 
contaminant overlayers under an overpressure of the 
more volatile substrate component (i.e. arsenic in the 
case of GaAs). However it is now well known [1,2] 
that this can lead both to incomplete oxide removal 
and to the development of a very significant degree 
of surface roughness which in turn necessitates the 
homoepitaxial growth of a 'smoothing' layer before, 
for example, heteroepitaxy can proceed. 

This, together with other potentially deleterious 
effects resulting from processes requiring high sub- 
strate temperatures, such as thermally activated 
dopant segregation and interdiffusion at pre-formed 
heterojunctions, have lead to a growing interest in 
chemical preparation techniques which are able to 
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operate at low temperatures and generally involve 
the use of highly reactive, radical species generated 
in situ. 

Early experiments [3-5] within this vein generally 
employed plasma discharges to generate such species. 
This approach however is less than ideal due to the 
inevitable generation of a flux of ionic species which 
can result in surface damage due to a variety of 
mechanisms. 

More recently it has been recognized that it is 
possible to form neutral, radical species effective in 
the cleaning process without the ion formation asso- 
ciated with the use of plasma discharges. Conse- 
quently a number of studies of the surface modifica- 
tion of III-V materials using atomic hydrogen species 
have appeared recently, dealing with the application 
of such techniques to the manipulation of GaAs 
surface chemistry [6,7], although applications to the 
case of InP [8] and Si [9] have also appeared. The 
potential importance of the atomic hydrogen aided 
removal of oxide overlayers has been shown re- 
cently, on GaAs, by Kolodziejski and coworkers [10] 
who have demonstrated, using photoluminescence, 
that oxide removal by hydrogen treatment followed 
by ZnSe epitaxial growth gives a superior interfacial 
quality to that produced by thermal 'blow off of 
substrate oxides followed by re-growth. 

In our recent investigations, work described be- 
low, we have attempted to extend this methodology 
to the processing of II-VI materials, specifically the 
CdTe(llO) and (100) surfaces. We have previously 
given a brief report of the hydrogen atom processing 
of CdTe(l 10) surfaces [11], thus here we concentrate 
on the more complex but technologically important 
(100) surface. 

2. Experimental 

The nominally undoped CdTe (110) and (100) 
oriented crystals used in this study (II-VI incorpo- 
rated) were supplied with surfaces which had been 
chemically polished. Before mounting in the ultra 
high vacuum (UHV) system the crystals were de- 
greased by washing in trichloroethane. No sample 
heating to remove adsorbed species was performed 
before H-atom processing. 

All experiments were performed in an UHV sys- 

tem which will be described in detail elsewhere [11]. 
Briefly the system is equipped with a fast sample 
entry system and consists of two chambers between 
which the sample may be transported in vacuum. 

The analysis chamber (base pressure < 5 X 10"'' 
mbar) is equipped with a hemispherical electrostatic 
energy analyzer for surface spectroscopy, an ion gun 
for sample sputter cleaning, a quadrupole mass spec- 
trometer for residual gas analysis and a tungsten 
filament placed ~ 20 mm from the sample (only 
small temperature rises (ca. 10°C) were observed 
even when this device was in operation for extended 
periods). This filament may be resistively heated to 
temperatures ca. 1500 K in order to dissociate ambi- 
ent molecular hydrogen and thus provide a source of 
atomic hydrogen. As no absolute measurement of the 
resulting flux of atomic hydrogen at the sample 
surface is available exposures are quoted in terms of 
the ambient hydrogen pressures. Analytical facilities 
include X-ray photoelectron spectroscopy (XPS) via 
a dual anode (Mg, Al) X-ray source, electron excited 
Auger electron spectroscopy (AES), ion scattering 
spectroscopy, low energy electron diffraction (LEED) 
and photoluminescence spectroscopy. An electron 
cyclotron resonance (ECR) plasma source is mounted 
in a second chamber (base pressure < 1 X 10~9 

mbar). 
All XPS spectra described below were obtained 

using unmonochromatized Mg Ka radiation. The 
sample is mounted on a thin molybdenum foil which 
can be both cooled and resistively heated allowing 
temperatures between 80 and 1000 K to be attained. 
Sample temperatures were measured using a 
chromel/alumel (K-type) thermocouple spot welded 
to the molybdenum foil as close as possible to the 
edge of the sample. Photoluminescence spectra were 
recorded at 80 K. 

In addition to experiments on native oxidized 
surfaces, as received from the supplier, experiments 
were conducted on oxide layers grown in situ. As 
oxidation of CdTe surfaces takes place only slowly 
under thermal conditions in an 02 ambient, oxide 
overlayers were conveniently and more rapidly 
formed by exposure of clean surfaces to oxygen 
plasmas generated using the ECR apparatus. In con- 
trast to the formation by ECR plasmas of oxide 
layers on GaAs surfaces [12] no species could be 
detected for overlayers produced in  this  manner 
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1. Auger electron spectra of 'as received' CdTe (110) and 
(100) crystals (a, c) and the following hydrogen atom processing 
at room temperature (b, d). 

which were not also observed for the case of the 
native oxide, i.e. the oxide chemistry appeared to be 
identical to that of the 'native' oxide. 

observed for such samples indicating the presence of 
a disordered, amorphous layer (on the order of ~ 20 
o 

A) at the surface, which was thick enough to sup- 
press the transmission of electrons diffracted by the 
underlying, ordered, substrate. Attempts to thermally 
desorb such an overlayer from a (110) surface indi- 
cate that a temperature ~ 600°C is required to 
achieve total oxide desorption and that such a proce- 
dure can result in a very gross roughening of the 
surface easily visible to the naked eye. 

Following H-atom processing with the substrate 
held at room temperature the removal from the spec- 
tra of the features at 510 and 181 eV indicates a 
reduction in surface oxygen and chlorine levels to 
below the AES detection limit (<K5% of a mono- 
layer). This facile production of an atomically clean 
surface at room temperature contrasts with the be- 
havior observed for GaAs surfaces where the forma- 
tion of the gallium suboxide Ga20 via reduction of 
Ga203-like oxides limits further reaction unless the 
substrate temperature is raised to effect desorption of 
the resultant Ga20 layer [3,6,7]. 

As we and others have previously shown [11,13- 
16] X-ray photoelectron spectroscopy can also pro- 
vide information on the composition of oxide layers 
on CdTe surfaces, both through the intensity of the O 
Is photoemission signal and a signal from strongly 
chemically shifted Te 3d peaks corresponding to 
Te4+ species. Representative spectra illustrating the 
H-atom stimulated removal of an oxide overlayer on 
CdTe(100) are shown in Fig. 2. These spectra clearly 

3. Results and discussion 

Representative Auger spectra of (110)- and 
(lOO)-oriented crystals 'as received' (a, c) and fol- 
lowing H-atom processing at room temperature (b, d) 
are shown in Fig. 1. In addition to large features due 
to cadmium (280, 320, 375 and 380 eV) and tel- 
lurium (408, 480, 490 eV) the spectrum of crystals 
'as received' also exhibits pronounced oxygen-de- 
rived features (512 eV) due to the presence of a 
surface oxide layer, large features (181 eV) due to 
chlorine contamination which were found to result 
from the degreasing procedure and occasional sulfur 
contamination (152 eV). No LEED pattern can be 

H Exposure 
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Kinetic Energy (eV) 

720  723  726 729  732 

Kinetic Energy (ev) 

Fig. 2. X-ray photoelectron spectra illustrating the progressive 
removal of an oxide overlayer from a CdTe(100) surface. 
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show oxygen-Is and oxide-induced, chemically 
shifted Te 3d photoemission features and their re- 
moval by H-atom processing. Although the resolu- 
tion of an unmonochromatic X-ray source does not 
allow the observation of distinct chemically shifted 
Cd species within the overlayer, our ability to grow 
rather thick oxide overlayers in situ has allowed us 
to show that such an overlayer does contain near 
stoichiometric quantities of Cd [11], a result which 
would be expected if the overlayer consists primarily 
of CdTe03 [17]. The detection of partially reduced 
intermediate species such as those implicated in the 
removal of oxides from GaAs substrates [3,6,7] would 
provide some insight into the microscopic mecha- 
nisms underlying the H-atom reduction process. We 
anticipate performing such experiments utilizing the 
higher resolution afforded by synchrotron radiation 
sources in the near future. 

This efficiency of oxide removal at room tempera- 
ture is further emphasized by the data of Fig. 3 
which shows the change in the ratio of Te derived 
XPS signals obtained from an oxide overlayer and 
the underlying substrate for a CdTe(lOO) surface as a 
function of hydrogen atom exposure at various sub- 
strate temperatures. Clearly an increase in the effi- 

ciency of oxide removal such as observed for GaAs 
substrates with increasing sample temperature is not 
found for CdTe. In fact the opposite effect, i.e. a 
decrease in the efficiency of oxide removal, is ob- 
served, suggesting that under these conditions ther- 
mally activated processes, arising, for example, from 
product desorption, are not rate limiting in the clean- 
ing process. This behavior also contrasts to that 
found for the removal of sulfur layers from InP(lOO) 
using H-atom processing where the rate was found to 
increase strongly with increasing substrate tempera- 
ture indicating the operation of a thermally activated 
reaction mechanism [8]. 

Also apparent following H-atom treatment at room 
temperature is a gross improvement in the order of 
the near surface atomic structure evidenced by the 
appearance, for both substrate orientations, of clear, 
albeit somewhat diffuse (1 X 1) LEED patterns with 
periodicity characteristic of the bulk material. An 
improvement of the 'sharpness' of the patterns which 
occurs on mild (ca. 350°C, 20 min for (110), 275°C, 
20 min for (100)) annealing following such a treat- 
ment indicates a further improvement in the near 
surface order. Additionally, for the case of the (100) 
oriented crystal, a change in the periodicity of the 
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LEED pattern from (1 X 1) to c(2 X 2) (or equiva- 
lently (\/2 X V^)R45) following annealing indicates 
the formation of a specific well known, surface layer 
reconstruction for this orientation. 

For the case of the (100) surface the c(2 X 2) 
pattern has been correlated with the occurrence of 
cadmium termination both during CdTe film growth 
by molecular beam epitaxy, and for CdTe substrates 
under 'static' conditions [18-20]. We have not ob- 
served the alternative tellurium termination, which is 
characterized by a (2 X 1) LEED pattern, following 
either H-cleaning and annealing or ion-sputter clean- 
ing followed by annealing at 275CC. This observation 
is compatible with the faster sublimation rates which 
have been reported for surface tellurium in compari- 
son to cadmium from the (100) surface in this tem- 
perature range [19]. Higher annealing temperatures 
do not in general result in an improvement in surface 
order. LEED in such cases frequently exhibits a 
marked reduction in microscopic surface planarity 
evinced by a diffuse c(2 X 2) pattern, superimposed 
upon which are a large number of extra features 
centered upon multiple new zeroth order diffraction 
features in directions non-normal to the (100) sur- 

face, indicating the existence of surfaces other than 
CdTe(lOO). This indicates that surface facetting has 
occurred. This effect was not found to be a problem, 
if sample temperatures were not allowed to exceed 
approximately 300°C, even after multiple 
oxidation/reduction cycles were performed on the 
same surface. 

A clear danger in the use of hydrogen atoms for 
surface chemical modification in a binary compound 
such as CdTe is that a preferential etching of one 
substrate component may occur producing a non- 
stoichiometric surface. Just such an effect has been 
observed in studies of hydrogen treatment of an 
InP(100) surface [8]. In that case hydrogen exposure 
at substrate temperatures in excess of 400 K were 
found to lead to a surface enriched in indium, pre- 
sumably through formation of PH3. Analogous pro- 
cesses are obviously possible for the case of CdTe, 
particularly with respect to the formation of a cad- 
mium rich surface due to etching of TeH2. This 
point is obviously of great importance to practical 
surface preparation procedures, especially given the 
propensity of excess metal to form three dimensional 
droplets on semiconductor surfaces [8]. 
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Fig. 4. Measured ratio of cadmium and tellurium signals following prolonged exposure of a clean, well ordered CdTe(100) surface to atomic 
hydrogen at room temperature and 200°C. 
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We have attempted to address this point in two 
ways. Firstly, comparisons of the relative intensities 
of Cd and Te Auger and XPS signals for a number 
of samples cleaned by sputter/annealing at 500 eV 
(an energy at which it has been shown that little 
preferential sputtering occurs [21]) and by atomic 
hydrogen suggests very similar stoichiometries are 
obtained using either technique. Secondly, we have 
studied the interaction of atomic hydrogen with clean 
surfaces in an attempt to observe preferential etch- 
ing. Fig. 4 illustrates the measured variation in the 
ratio of Cd and Te AES ratio as a function of 
exposure to hydrogen atoms at room temperature and 
200°C for a sputter/annealed surface (100) surface 
initially exhibiting a well defined c(2 X 2) recon- 
struction. Clearly little variation in stoichiometry is 
observed even for rather long exposures (compare 
with the exposures required for the removal of the 
rather thick oxide layers in Fig. 3). This is in contrast 
to results for H-plasma treatment of a somewhat less 
well defined CdTe(lOO) surface which indicates a 
very marked Te enrichment of the surface region 
[22]. 

Photoluminescence spectroscopy, though not an 
intrinsically surface sensitive technique, is expected 
to be, indirectly, extremely sensitive to the surface 
quality of the sample under investigation. This effect 

can arise in at least two distinct ways. Most obvi- 
ously the photoluminescence intensity obtained for 
radiative recombination at energies near the band 
gap might be expected to be strongly quenched both 
by the presence of surface 'defect' sites due either to 
crystallographic defects or impurity atoms which act 
to enhance the efficiency of non-radiative decay 
channels. Secondly modifications in surface band 
bending effects will effect the tendency of electrons 
and holes to become spatially separated in the near 
surface electric field responsible for the band bend- 
ing. This will, in turn, modify the radiative recom- 
bination rate. As the band bending phenomenon has 
its origins in the presence of surface states within the 
band gap, removal or passivation of such states 
during surface treatment will enhance the photolumi- 
nescence yield. 

Fig. 5(a) illustrates a typical photoluminescence 
spectrum obtained in situ from a cleaned CdTe(lOO) 
surface at 80 K. The spectrum is dominated by a 
broad near band gap envelope at 1.57 eV which 
clearly contains a number of distinct features as- 
signed to excitonic transitions. Smaller features are 
observed at energies of 1.53 and 1.515 eV which 
have been [23-25] previously attributed to the pres- 
ence of defects and impurities within the crystal. As 
might be expected from such an assignment, the 

Photon Energy (eV) 

Fig. 5. Photoluminescence spectra of a CdTe(lOO) surface (a) exhibiting a well formed c(2 X 2) LEED pattern and (b) the same surface after 
deliberate overannealing. 
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intensities of these features are found to be some- 
what dependent on the particular sample examined. 
This spectrum is in excellent agreement with previ- 
ously published spectra recorded at similar tempera- 
tures [26,27] and shows little photoluminescence in- 
tensity from states within the bandgap, though for 
this particular sample a broad peak is observed at 
around 1.4 eV (shown expanded in the inset to Fig. 
5). This is contrasted to spectrum (b) which was 
obtained from the same CdTe(lOO) surface following 
annealing to 400°C at which point it exhibited the 
'faceted' LEED pattern described above, indicating a 
gross change in surface morphology. Obviously a 
much lower intensity is observed for the near bandgap 
states and though the feature at 1.4 eV is relatively 
unchanged and now dominates the spectrum. The 
dramatically lower luminescent intensity observed 
illustrates dramatically the potential for surface 
preparation procedures to drastically effect the car- 
rier recombination properties of such a sample. 

In situ photoluminescence spectroscopy allows 
monitoring of the effect of the cleaning procedure on 
the carrier recombination properties of the surface. 
This is illustrated in Fig. 6 which correlates the 
variation of photoluminescence intensity from the 
main near bandgap envelope with the intensities of 

XPS signals from oxidized and unoxidized tellurium 
(and thus the thickness of an oxide overlayer) and 
with subsequent increasing annealing temperature. 
Clearly photoluminescence intensity is seen to in- 
crease as the oxide overlayer is reduced. The effect 
is most pronounced as the last trace of oxide contam- 
ination is removed to produce a clean surface and on 
annealing as crystallographic defects are removed. 

Surface band bending effects are assessed through 
the measured position of the Cd 3d and photoemis- 
sion features. Only small changes in peak position 
are observed (in contrast to peak shifts of up to 0.8 
eV which have been measured during plasma pro- 
cessing of clean CdTe(lOO) surface [22]) and the 
overall trend is of a smooth shift in position as a 
function of processing. Certainly no large discontinu- 
ity is observed during the final stages of oxide 
removal and subsequent annealing which mirrors 
that in the photoluminescence intensity. In view of 
this latter observation we tentatively suggest that, for 
this surface at least, the primary mechanism for the 
modification of the near-band-gap photolumines- 
cence yield is a reduction in non-radiative recom- 
bination, due to a removal of centers at which this 
process is enhanced, during the cleaning and anneal- 
ing of the surface. 
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4. Conclusions 

We have shown that hydrogen atom processing of 
both CdTe(lOO) and (110) substrates can produce 
atomically clean surfaces which appear to be very 
close to stoichiometric in composition. This facile 
cleaning at room temperature contrasts with the situ- 
ation encountered during the processing of oxide 
layers on III-V substrates using the same technique. 

The surfaces produced in this manner exhibit a 
high degree of surface and near-surface order which 
can be somewhat improved by a mild annealing 
process. The upper limit for thermal processing of 
the (100) surface however appears to be set by the 
propensity of this surface to facet. 

Monitoring of the cleaning process using in situ 
photoluminescence spectroscopy has allowed a direct 
correlation of the effect of this surface preparation 
procedure on the carrier recombination properties of 
the sample. 
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Abstract 

Photocarrier diffusivities of Si have been measured near a surface covered with naturally grown oxide layer and in the 
bulk using the transient grating technique in reflection and transmission geometries, respectively. Within experimental 
uncertainty, the surface diffusivity near the surface is found to be essentially the same as that in the bulk, indicating that in 
the medium-high carrier density regime there is no significant surface effects such as surface recombination, surface state 
trapping or band bending, affecting band edge carrier diffusion. 

PACS: 72.20.Jv; 73.50.Gr; 78.30.Fs 

1. Introduction 

It has been recently recognized that one of the 
most important mechanism for surface photo-chem- 
istry is induced by photoexcited electrons in the 
substrate [1-3]. In this mechanism, excited electrons 
which are generated within the collisional mean free 
path of the surface may survive relaxation collisions 
and reach surface adsorbate, inducing chemical reac- 
tions. A quantitative characterization of this mecha- 
nism requires knowledge of the relaxation and trans- 
portation dynamics of the excited electrons in the 
surface region, which may be influenced by surface 
conditions such as band bending, surface recombina- 

* Corresponding author. E-mail: dai@a.chem.upenn.edu. 
1 Present address: New Mexico State University, Las Cruces, 

NM 88003, USA. 

tion, and surface states. Furthermore, in recent stud- 
ies of light induced chemical processes on surfaces, 
the intensity of the light used often induces a high 
carrier density in the substrate. Accurate measure- 
ments of carrier diffusivity at high carrier density 
region and comparison of carrier diffusivities in the 
surface and bulk regions are thus necessary for un- 
derstanding and designing surface photo-chemistry. 

In this paper, we will address issues related to 
carrier diffusion in silicon; specifically the ambipolar 
diffusivity of band edge carriers near the surface and 
in the bulk regions. The band edge carriers are 
generated by photon (energy 1.91 eV) excitation of 
electron-hole pairs above the indirect band gap (1.1 
eV), which then rapidly relax to the band edge on 
subpicosecond timescale. Diffusivities in both the 
surface and bulk are measured around a carrier den- 
sity of2Xl018cm~3. The measurements are con- 
ducted on a Si(lll) surface as well as a thin (2-4 
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fim) silicon film so that a comparison of the diffu- 
sivities in the surface versus bulk regions can be 
made for the observation of any possible surface 
effects. 

For measuring the ambipolar diffusivity of band 
edge carriers in the surface and bulk regions, we 
have adopted the transient grating (TG) technique in 
reflection and transmission geometries, respectively. 
When performed in the reflection geometry where 
the first order diffraction beam is on the same side of 
the sample as the pump and probe beams, this tech- 
nique measures diffusivity of band edge carriers 
within a few hundred A of the Si surface region. 
This surface sensitivity of TG in reflection geometry 
has been shown by Fishman et al. [4]. In the reflec- 
tion geometry, the TG signal from the sample bulk is 
greatly reduced because of phase mis-matching. As a 
result the magnitude of the TG signal is equivalent to 
that from surface layers of a thickness of 
X/4ir\n2 + k2. The surface contribution to the TG 
signal, if exists, is not affected by this phase mis- 
matching and is now much more likely to be ob- 
served. In the case of silicon the probing depth of 
reflective transient grating is only ~ 140 A at the 
probe wavelength of 720 nm. 

When operated in the transmission geometry 
where the first order diffraction beam is detected on 
the other side of the sample, the TG signal arises 
from the entire bulk where the pump and probe light 
penetrate and overlap. Unlike the TG in reflection 
geometry, TG in transmission geometry measures the 
ambipolar diffusivity of carriers in the bulk [4]. By 
measuring and comparing the diffusivity in the bulk 
and near a surface with the same carrier density 
generated by excitation with the same pump power, 
surface effect on carrier diffusion, if any, will be 
revealed. 

2. Experimental 

In both the transient reflection grating (TRG) and 
transient transmission grating (TTG) experiments, a 
mode-locked Nd:YAG laser (Spectra Physics) is used 
to synchronously pump two dye lasers to generate 
5.3 ps, 652 nm pulses and 3.8 ps, 715 nm pulses 
both at 82 MHz repetition rate. The two pulse trains 

are amplified by a three-stage (Quanta-Ray) or a 
two-stage homemade dye amplifiers, respectively. 
Both amplifiers are pumped by the 532 nm output of 
a 20 Hz Q-switched Nd:YAG laser (Continuum). 
The maximum pulse energy of the pump beam is 
350 jiiJ/pulse while that of the probe beam is 80 
/uJ/pulse. The pulse energy of both beams can be 
adjusted with a half wave plate-polarizer combina- 
tion. The probe beam energy is always kept one 
order of magnitude smaller than the pump beam 
energy in all the experiments to prevent probe inter- 
ference. 

The TRG experimental principles and setup have 
been described in detail in Ref. [5]. Briefly, the 
pump beam is split into two and re-crossed onto the 
(111) surface of a 300 fxva thick Si sample in air 
with a crossing angle of 20 = 9.6°. In this geometry, 
a grating with a fringe period of A = A/2 sin 6 = 3.9 
yttm is formed (A = 652 nm). The probe pulse with a 
variable time-delay after the pump pulse is directed 
onto the sample surface at an arbitrary incident angle 
(~ 6°) and spatially overlapped with the pump beams 
of 2 mm in diameter. The first order diffraction 
signal at ~ 18° reflection passes through a Corning 
7-54 filter, which reduces the scattered light from the 
pump beams, and then a spatial filter with 200 jam 
pinhole, which reduces the probe beam scattered 
light and further enhances the signal to noise ratio. 
The diffracted light after the pinhole is detected by a 
photomultiplier tube and the signal is integrated by a 
gated CAMAC board interfaced with a micro-com- 
puter. A fraction of the probe beam is split off by a 
pellicle beam splitter and monitored by another 
photomultiplier tube after being attenuated by neutral 
density filters to provide a reference for laser inten- 
sity fluctuation correction. The zero time-delay posi- 
tion is determined by maximizing the sum frequency 
generation signal between the probe and either one 
of the pump beams on a 300 fxm thick KDP crystal 
placed at the same position as the silicon sample. 

In the TTG experiments, a 3 + 1 /j,m thick Si(100) 
wafer was used. The crossing angle of two pump 
beams is 20 = 10.4° and the grating fringe period is 
A = 3.58 fxm. The probe beam was directed onto the 
sample surface at the Bragg angle (5.7°). The pump 
and probe beams entered from one side of the sam- 
ple, while the first order scattering signal emerging 
at the Bragg angle from the other side was moni- 
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tored. The rest of the optical setup is exactly the 
same as the experiment in reflection geometry. 

3. Results and analysis 

As an example of the time-evolution of the TG 
signal, results from a TTG experiments are shown in 
Fig. 1. The TG signal is measured as a function of 
probe beam delay time. The pump and probe ener- 
gies were set at 100 and 10 /uJ/pulse, respectively. 
This pump pulse energy generates a photoexcited 
electron-hole pair density of 1.8 X 1019 cm"3 at the 
grating peak. Following a sharp rise (~ 6 ps), the 
TTG signal in Fig. 1 has a monotonous decay on 
sub-nanosecond time scale. 

The 1.9 eV photons excite electrons from the 
valence band into the conduction band through 
phonon mediation. The initially excited electron-hole 
pairs relax rapidly to the band edge through intra- 
band thermalization to form a band edge carrier 
grating. Heat released during this process may also 
form a thermal expansion grating and an acoustic 
wave grating. The band edge carriers will eventually 
decay through photoluminescence, carrier-carrier 
annihilation and carrier-phonon thermalization. 
Again, this decay process may induce a thermal 
grating. 

The generation and relaxation of the various grat- 

200 400 

Time Delay (ps) 

600 

Fig. 1. The TTG diffraction signal as a function of probe pulse 
time delay. The solid line is a fit to a TTG signal decay due to 
band edge carrier diffusion. The dashed line is the calculated 
leading edge if there is a TG signal caused by photothermal 
surface expansion and diffusion. 

ings happen on different time scales. Intraband ther- 
malization of hot carriers in semiconductors occurs 
on a time scale of ~ 1 ps which is within the pump 
laser pulse. A possible thermal grating would occur 
in the same time scale as that of the observed 
diffraction signal decays and should not be ignored 
before further analysis. For example, Pennington et 
al. [6] have detected such thermal grating on a 
GaAs(100) surface using transient reflective grating 
technique. The signal rise has a time scale of ~ 20 
ps and the signal decay has a time scale of ~ 150 ps. 
The signal rise and decay were well explained by 
surface expansion and thermal diffusivity. In order to 
decide if the thermal expansion grating is also pre- 
sent in the case of Si, we calculated the diffraction 
signal rise from a possible thermal grating using the 
same algorithm as described in Ref. [6]. The calcu- 
lated curve is shown in Fig. 1 as the dashed line. It 
appears that the curve is too slow to account for the 
observed sharp rise. This is a strong evidence for 
eliminating possible thermal grating contribution to 
the scattering signal. Thus, we conclude that the 
scattering signal must be attributed to the band edge 
carrier grating only. The reason that light scattering 
off a thermal grating is not observed here is because 
the light absorption coefficient is much less than 
GaAs. As described in detail in Ref. [6], the charac- 
teristic signal rising time from a thermal grating is 
roughly inversely proportional to the light absorption 
coefficient. A small absorption coefficient would 
result in a much weaker signal with a much longer 
rising time. 

The decaying part of the TG signal is analyzed by 
an ambipolar diffusion differential equation that in- 
cludes, single carrier decay channels, whose lifetime 
has been measured to be greater than 50 ns for Si [7], 
the radiative recombination channel with coefficient 
B reported to be 1.1 X 10~14 cm3 s"1 [8], and the 
Auger recombination channel with coefficient y at a 
generally accepted value of 3.8 X 10~31 cm6 s~' [9]. 
The ambipolar diffusivity Da is defined along the x 
direction defined parallel to the silicon surface and 
perpendicular to the grating and the z direction along 
the surface normal into the bulk. This equation is 
solved numerically in x-z dimensions using the 
finite difference method [10]. The band edge carrier 
density distribution can be calculated as a function of 
time following the grating generation with an as- 
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sumed Da value. The first order diffraction (TG) 
signal is calculated as the square of the first order 
component in the Fourier transform of the carrier 
density modulation along the x direction. The calcu- 
lated first order diffraction signal was then fitted to 
the experimental data in Fig. 1 to obtain a diffusion 
coefficient Da. 

The ambipolar diffusivity data (£>a) at a couple of 
carrier densities TV are shown in Table 1 for both the 
TRG measurements from the Si(lll) surface and the 
TTG measurements on this film water. 

4. Discussion and conclusion 

From Table 1, it appears that the near surface 
diffusivity points are slightly lower than those of the 
bulk ones. However, the difference is within the 
experimental uncertainty, which is about 10% of the 
diffusivity value. Therefore, we conclude that for Si 
covered with a naturally grown oxide layer there 
appears no significant surface effects, such as surface 
recombination or surface state trapping, affecting the 
carrier dynamics. One other consideration is the 
possible effect by band bending. Due to surface 
charge, the band bends upwards or downwards de- 
pending on the intrinsic doping of the semiconduc- 
tor. This band bending extends to ~ 1 /xm into the 
bulk. Thus, depending on how the band bends, the 
carrier velocity and mobility will be affected. How- 
ever, this seems to be a negligible effect at least in 
the carrier density range where our experiments were 
performed. When the injected carrier density is high, 
the injected carriers can neutralize the net surface 
charges associated with band bending and flattens 
the bending band within 1 ps. With a flattened band, 
diffusivity near the surface or in the bulk should be 
identical. 

Table 1 
Diffusivity near a Si(lll) surface versus diffusivity in the Si bulk 

Carrier density 
(cm-3) 

Surface diffusivity 
(cm2/s) 

Bulk diffusivity 
(cm2/s) 

Intrinsic 
1.8X1019 

2.8X1019 
4.6 
5.1 

18.8 a 

5.0 
5.7 

a See Ref. [11]. 

The overall low diffusivity near carrier density 
2 X 1019 cm-3 in comparison with the intrinsic dif- 
fusivity indicates that it is an optimal range for 
substrate electron mediated chemical processes. Be- 
cause at such carrier densities carriers diffuse slower 
they would stay in the surface area longer, and 
therefore may have more chances to tunnel to sur- 
face adsorbate to induce chemical reactions. This 
carrier density region coincidentally is close to those 
generated by present high power pulsed lasers. 

In conclusion, we have found from transient grat- 
ing experiments performed on Si samples with both 
reflection and transmission geometries that carrier 
diffusivity near the Si(lll) surface or in the Si bulk 
are identical with the experimental uncertainty (~ 
10%). This indicates that band bending near surface 
or effects due to surface defects/impurities do not 
influence carrier diffusion in the high carrier density 
region (1019 cm-3). 
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Abstract 

A simple method for in-situ distinction between the effect of dipole formation/annihilation and charge transfer to/from 
surface gap states on the semiconductor work function is described. The technique is based on simultaneous monitoring of 
the work function and photovoltage at the semiconductor surface. The approach is illustrated by experiments performed on 
single crystalline InP(lOO) surfaces and polycrystalline Cu(In,Ga)Se2. 

1. Introduction 

It is well known that chemical reactions at semi- 
conductor surfaces may change the semiconductor 
surface work function (defined as the amount of 
energy required to remove a surface electron from 
the Fermi level into the vacuum). Indeed, monitoring 
the surface work function so as to determine such a 
change is a well established experimental technique 
[1]. A surface chemical reaction may change the 
surface work function due to two distinctly different 
processes: These are a change in the surface dipole 
and a change in the surface band bending [2-5]. The 
distinction between the two mechanisms is usually 
based on measuring the change in the surface photo- 
voltage (which measures the band bending), in addi- 
tion to the change in the work function in the dark 

Corresponding author. 

(which measures both changes in the band bending 
and in the surface dipole) [6-9]. However, such 
measurements are not conducted in-situ because that 
would require simultaneous measurements in the dark 
and under illumination. In particular, monitoring the 
dynamics of a photo-induced chemical reaction is 
difficult [10,11], because typically the optical excita- 
tion which drives the reaction also excites carriers 
to/from the surface and changes the band bending 
[12]. 

In this article, we provide a simple technique 
which makes it possible to monitor changes in the 
surface dipole and in the band bending indepen- 
dently, simultaneously and in-situ. The technique is 
suitable for both photo-induced and non-photo-in- 
duced surface chemical reactions. Thus, our ap- 
proach may be a valuable tool in determining the 
dynamics of charge transfer electronic processes in 
surface chemical reactions. Such information is es- 
sential in studies of the initial stages of Schottky 

0169-4332/96/S15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
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barrier formation, studies of chemisorption and het- 
erogeneous catalysis at semiconductor surfaces, etc. 
[5]. 

2. Theoretical approach 

In order to understand the different possible con- 
tributions to the work function, let us inspect the 
electronic band structure at a semiconductor surface, 
which is shown schematically in Fig. 1. Using the 
figure, the work function at the semiconductor sur- 
face in equilibrium may be expressed in the form: 

-qvs + x*. (1) 

Here Ws is surface work function, (Ec— £F)b is the 
difference between the bottom of the conduction 
band and the Fermi level in the semiconductor bulk, 
q is the (absolute value of) the electron charge, Vs is 
the surface band bending (defined as positive when 
the bands bend downwards). x = Ej — Ec is the elec- 
tron affinity. £, is the local vacuum level, defined 
(following Marshak [13]) as the energy of an elec- 
tron at a given point if it were at rest and free from 
the influence of the crystal potential (which deter- 
mines the band structure). A<£s is the dipole at the 
semiconductor surface, which depends on surface 
ordering and adsorbed species [9,14]. We define A</>s 

as positive if its orientation increases the work func- 
tion (i.e., negative side pointing outwards). Note that 
the term 'surface dipole' means the additional dipole 
contribution to the surface work function. The sur- 
face dipole manifests itself as a potential step in the 
local vacuum level at the surface, x * — X + A </>s is 
the 'effective electron affinity', which is defined as 

Ws 
qVs Ec~ EF 

Ec 

EF 

Ev 

Fig. 1. Schematic diagram of the electronic band structure at a 
semiconductor surface. 

the total barrier a surface electron must overcome to 
be emitted from Ec into the vacuum. Note that 
according to our definition the electron affinity is an 
inherent material property which remains unchanged 
upon any surface treatment. Changes in the affinity 
referred to in the literature (e.g. Ref. [14]) should be 
taken as changes in x *. i-e- m A <£s in our nomen- 
clature. 

As mentioned above, when a chemical reaction 
takes place at the semiconductor surface, the surface 
work function may change as a result of changes in 
the surface band-bending and/or the surface dipole. 

The surface band-bending changes if the charge 
balance between the surface states and the semicon- 
ductor space charge region is modified due to the 
reaction. This may be a result of a change in surface 
state properties, e.g. density, energy position, etc. In 
the case of illumination-induced chemical reactions 
the change in band-bending may also be the result of 
excitation of carriers from a surface state into the 
conduction band (or from the valence band into a 
surface state) [15], or the result of trapping of excited 
carriers in surface states [16]. 

The surface dipole may change due to 
formation/annihilation of dipoles and/or a change 
in the ordering of the surface, which affects the net 
surface dipole [9]. Such a change does not entail 
charge transfer since the dipole is electrically neutral 
and hence does not affect the surface band-bending. 
When the surface work function is monitored one 
cannot, without additional measurements, determine 
the extent of the dipole and the surface band bending 
contributions. 

Many experimental investigations (Refs. [6-8] are 
but a few examples) have utilized measurements of 
the surface band-bending (using the photosaturation 
technique) and the work function in the dark before 
and after the surface reaction. This makes it possible 
to distinguish between the changes in the band-bend- 
ing and surface dipole ex-situ. The photosaturation 
technique involves applying illumination intensity 
which is strong enough to flatten the bands [7,8] 
while the surface dipole is unaffected: The small 
width of the dipole, which is about a lattice constant, 
and the strong bonding of its charge lead to its 
stability under external excitation. Also, the dipole 
may be considered as a neutral electrostatic system 
due to the weak dipole interaction [17]. 



E. Fefer et al. /Applied Surface Science 104 /105 (1996) 61-67 63 

Our approach is based on repeatedly exciting the 
semiconductor with an optical 'probe beam' for lim- 
ited durations of time while continuously monitoring 
the surface work function throughout the chemical 
reaction. A plot of the surface work function versus 
time should feature 'pulses' caused by the illumina- 
tion pulses. This is because during the 'probe beam' 
illumination (designed not to induce any chemical 
activity) the surface work function changes only due 
to changes in the band-bending (see Eq. (1)). If 
photosaturation is attained, the height of each 'pulse', 
or 'spike', would be exactly equal to the band-bend- 
ing. Hence, the dynamic behavior of the surface 
band-bending (and by subtraction, the surface dipole) 
is obtained. 

It is important to note that photosaturation is not 
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Fig. 2. Schematic work function versus time curves during a 
surface reaction: (a) change in surface dipole, no change in 
surface band bending; (b) no change in surface dipole, change in 
surface band bending; (c) change in both surface dipole and 
surface band bending. 

always experimentally obtainable: The bands may 
still be bent even at high illumination intensities due 
to the Dember effect, especially in low-doped semi- 
conductors [18]. Also, the intensity required to flat- 
ten the bands might be higher than the optical dam- 
age threshold, inducing 'parasitic' chemical effects. 
Therefore, photosaturation must be verified for each 
specific sample separately. Nevertheless, even if 
photosaturation is unattainable, the relative change in 
the height of the 'spikes' may continue to reflect the 
trends of the change in the surface band-bending. 
Indeed, it has been shown that in order to determine 
whether formation/annihilation of dipoles takes 
place it is sufficient to draw both the work function 
and the surface photovoltage on a normalized scale 
[9]. Thus, although the experiments to be discussed 
below have been conducted using (relatively high) 
laser illumination, no attempt to reach rigorous pho- 
tosaturation has been made. 

Fig. 2 schematically shows three surface work 
function curves as a function of time: In curve (a) 
the chemical reaction changes the surface dipole, but 
not the band bending. Hence, the dark value of the 
work function changes, but the height of the 'spikes' 
due to illumination does not. Visually, the 'spike 
envelope' (dashed curve) follows the 'dark' curve. In 
curve (b), the chemical reaction changes the band 
bending, but not the surface dipole. Hence, the change 
in the 'dark' work function is equal and opposite to 
the change in 'spike' heights. Visually, the 'spike 
envelope' is constant. Curve (c) depicts a general 
case where both dipole and band bending change. 

3. Experimental setup and illustrations 

Fig. 3 schematically shows the setup used in our 
experiments. Changes in the work function have 
been continuously monitored using a semi-trans- 
parent Kelvin probe [1] with a 1 mV sensitivity 
(Delta Phi Elektronik, Mich). The contact potential 
difference (CPD) between the surface under study 
and the Kelvin probe is continuously monitored. 
Changes in the surface work function are equal to 
changes in the CPD [1]. Illumination from either a 5 
mW HeNe laser or a 15 mW Ar+ laser was used as 
the 'probe beam'. For photochemical excitation: 
hvys> E   UV radiation from an Hg lamp was used. 



64 E. Fefer et al. /Applied Surface Science 104/105 (1996) 61-67 

ll.V   Ar 
l.;i«T 

Sample box 

limnlilr 

(iinliiinaM 

\ *t~ Kelvin )      * ;        / electronics 

IV lulu 

("fiinpuu-i- 

Fig. 3. Schematic diagram of the experimental setup. 

The following cases are given as brief illustrations of 
the power of the technique under various conditions 
without going into further elaboration of their scien- 
tific implications. 

We followed the in-air oxidation of the free sur- 
face of a 5 X 1016 cm"3 p-type InP(lOO) wafer, after 
its etching in 30% H202 solution for 30 s. Ar+ laser 
radiation was used as the 'probe beam'. We indepen- 
dently verified that the 'probe beam' does not induce 
surface chemical activity. The results are shown in 
Fig. 4. Analysis of the data shows that the height of 

600 

Fig. 4. CPD as a function of time at an InP(lOO) surface immedi- 
ately after etching in H202, with Ar+ laser periodic 'probe 
beam' illumination. Inset features a zoom on a typical Ar+ 

induced CPD 'spike'. 
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Fig. 5. CPD as a function of time at an InP(100) surface subject to 
UV irradiation and Ar+ laser periodic 'probe beam' illumination: 
(a) in air; (b) in N2. 

the 'spikes' and hence the surface band bending do 
not change with time (compare with Fig. 2a). This 
implies that all CPD changes are only due to dipole 
formation/annihilation. Since according to the pre- 
vious analysis no surface states are formed, it fol- 
lows that the change of about 75 mV in the CPD is 
due to a formation of a negative surface dipole (or 
the annihilation of a positive dipole). No significant 
change in band bending takes place. 

Another example is the UV-induced photochemi- 
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cal response at the same InP surface. Fig. 5a and b 
show both the 'UV on' and 'UV off parts of the 
work function curve, in air and in N2, respectively. 
Here, Ar+ laser light was used as the probe beam. 
Using Fig. 5 we note that as soon as the UV 
radiation is turned on, the CPD signal which is due 
to the UV only (observed by following the position 
of the 'bottom' of the spikes) changes considerably 
(by more than 100 mV) and abruptly. However, the 
CPD signal due to the combined UV and Ar+ laser 
illumination (observed by following the position of 
the 'spike envelope') changes by a few mV at most. 

After this initial response, the UV-induced CPD 
decreases while the UV + laser-induced CPD in- 
creases (compare with Fig. 2c). After about 50 s, 
both CPD signals increase in parallel for the remain- 
der of the 'UV on' part of the curve. During the 'UV 
off part of the response, the opposite processes take 
place. 

Analysis of the data shows that the initial re- 
sponse is consistent with a change of CPD only due 
to UV-induced band bending (compare with Fig. 2b). 
The following response shows that both the band- 
bending and the surface dipole change in this regime. 
Moreover, the height of the spikes increases. This 
means that the UV-induced charge transfer displays 
a decay from the initial overshoot, i.e., the amount of 
charge transferred between the surface and the bulk, 
immediately after the UV is switched on, is larger 
than its steady state value. Analysis of the response 
after about 50 s indicates a change in surface dipole 
only. This dipole change begins immediately after 
the UV irradiation is switched on, but occurs much 
more slowly than charge transfer processes (note the 
monotonously increasing 'spike envelope'). After the 
UV is turned off, the band bending increases imme- 
diately and the surface dipole slowly decreases. 

Analysis of these representative data of our tech- 
nique in comparison with a typical CPD experiment 
where only the UV-induced CPD behavior is fol- 
lowed, shows that much more information may be 
provided by the proposed technique. Moreover, Fig. 
5 shows that all the three cases schematically de- 
picted in Fig. 2 are obtained experimentally in one 
(apparently reversible) photochemical surface reac- 
tion. Also, the analysis permits a study the of the 
effect of the ambient. It is quite clear that the surface 
dipole increases more rapidly upon UV switch-on 

60 

40 

£ 
CO 

£  20 

o 
Ü 0 - 

^il_ ■ 

1000 2000 

Time [sec] 

3000 4000 

Fig. 6. CPD as a function of time at a Cu(In,Ga)Se2 polycrys- 
talline surface subject to UV irradiation and HeNe laser periodic 
'probe beam' illumination in air. 

and decreases more slowly upon UV switch-off in 
air than in N2. 

Our technique has also been applied to the study 
of UV-induced photochemical effects at the surface 
of polycrystalline Cu(In,Ga)Se2 (CIGS) samples 
(manufactured by Siemens AG, München). CIGS is 
a promising absorber material for high performance, 
low cost solar cells [19,20]. However, its chemistry 
is considerably more complicated and less well un- 
derstood than that of Si or III-V semiconductors. 
Fig. 6 shows both the 'UV on' and 'UV off parts of 
the work function curve. It is easily observed that the 
CPD, and hence the surface work function, increase 
upon exposure to the UV irradiation. However, the 
surface band-bending (as expressed by the heights of 
the 'spikes') does not change at all during the 'light 
on' part of the experiment. In the Tight off part of 
the response, the surface work function decreases, 
whereas the surface band-bending increases (by 6 
mV). The work function does not return to its initial 
value, but is 16 mV higher in its new steady state. 

The analysis of the results is as follows: A posi- 
tive surface dipole (according to the sign convention 
introduced above) is formed at the surface due to a 
photochemical reaction induced by the UV irradia- 
tion. Once the light is turned off, most of this dipole 
disappears. However, a 'residual' dipole remains. 
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Fig. 7. CPD as a function of time at a Cu(In,Ga)Se2 polycrys- 
talline surface subject to UV irradiation and HeNe laser periodic 
'probe beam' illumination in N2. 

4. Conclusions 

The combination of work function measurements 
(using a Kelvin probe) together with probing pulses 
of laser illumination seems to be an effective, inex- 
pensive and easy to use tool for in-situ independent 
monitoring of surface dipoles and surface charge 
transfer during chemical reactions. Moreover, the 
technique works equally well in any ambient, since 
the measurements are vacuum independent. This 
technique may be easily combined with surface pho- 
tovoltage spectroscopy (SPS), which yields direct 
and quantitative information about surface states 
[15,23], in order to obtain a complete picture of the 
evolution of the electronic surface structure. 
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Abstract 

Electronic structure of clean surfaces of single crystals of magnetic compounds of sulfides of gadolinium GdSx 

(x = 0.8-1.25) with NaCl and Th3P4 structures has been investigated by ultra-violet and X-ray photoelectron, Auger and 
electron energy loss spectroscopy. Clean surfaces of GdSx were obtained by cleavage in situ in ultra-high vacuum and by ion 
bombardment followed by annealing in vacuum. Photoelectron spectra of the valence band of GdSA. family have the similar 
structure with a maxima at 9 eV and 5 eV related to a photoemission from the 4f-states and valence band formed by 
3p-states of S anions respectively and features in the region 0-2 eV associated with 6s-5d conduction band of GdSx. An 
analysis of electron energy loss spectra has shown that the main features in loss spectra at high beam energy are associated 
with the 4d-4f giant resonance, 5p-5d resonance and plasmon excitation. At low incident energy a prominent multiplet 
structure is observed and interpreted in terms of the dipole-forbidden 4f -> 4f electron transitions. 

1. Introduction 

GdSv crystals (where x = 0.8-1.5) belong to a 
family of compounds with interesting physical prop- 
erties [1]. Although GdS is an antiferromagnetic (rN 

about 50 K) with the MnO (NaCl) structure, an 
increase of x leads to ferromagnetic ordering and 
transition to the Th3P4 structure for Gd3S4 and 
Gd2S3. Earlier ultra-violet photoelectron spec- 
troscopy studies [2] of GdS films have revealed the 
main features of electron spectra, associated with the 
conduction and valence bands, and position of the 
4f-states which play an important role and determine 
interesting physical properties. However, no such 
investigations have yet been performed for GdSx. In 
the present paper we report the first part of results of 
investigations of the electronic structure of GdSx by 

* Corresponding author. 

electron spectroscopy, namely, ultra-violet photo- 
electron spectroscopy (UPS), X-ray photoelectron 
spectroscopy (XPS), Auger electron spectroscopy 
(AES), low energy electron diffraction (LEED) and 
electron energy loss spectroscopy (EELS) on clean 
surfaces of single crystals of GdS^.. 

2. Experiment 

The single crystals of GdS08 and GdS125 (the 
composition close to Gd3S4) used in these experi- 
ments were grown by the Bridgman method in a 
sealed molybdenum crucible 10 mm in diameter and 
about 100 mm in length (polycrystalline GdS was 
prepared by annealing at 2100 K in vacuum 10~5 

Torr). Light 'golden' crystals of GdS have the NaCl 
structure with a = 5.560 A, display metallic conduc- 
tivity and are antiferromagnetic with  TN = 50 K. 

0169-4332/96/S15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
P1I S0169-4332(96)00122-5 
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'Black' crystals with the GdSL25 composition 
(according to electron micro-probe analysis) have the 
cubic Th3P4 structure with a = 8.35 A (checked by 
X-ray diffraction), display also metallic conductivity 
and are ferromagnetic with Tc about 25 K. The 
samples were cut from a boule and mounted mechan- 
ically on a special sample holder or glued by a 
conductive epoxy. Clean surfaces were obtained ei- 
ther by cleaving in UHV (about 10~10 Torr) or by 
the ion bombardment and annealing. 

All experiments were performed using the elec- 
tron spectrometer ESCALAB-5 with a spherical sec- 
tor analyzer (the resolution was 0.1 eV for UPS and 
low energy (10-100 eV) EELS, and 0.5 eV for 
higher energy loss spectroscopy). Photoemission ex- 
periments were carried out using He discharge lamp 
(hv=2l.2 and 40.8 eV) and Al Ka X-ray source 
(hv= 1486.6 eV). In the EELS measurements elec- 
tron guns with the primary electron beam energy 
10-100 eV (with a monochromator, FWHM 0.1 eV) 
and 400-2000 eV were used. Chemical composition 
of surfaces was checked by AES. 

3. Results and discussion 

Photoelectron spectra of rare earth (RE) com- 
pounds usually have a rather complicated structure 
due to the presence of 4f-states and their interaction 
with other electron shells [3,4]. The main electronic 

Fig. 1. 
dashed 
Gd3S4. 

15    12,5    10      7,5      5      2,5      0 
BINDING   ENERGY, eV EF 

UPS photoemission spectra of Gd3S4: solid line He I, 
line He II. Inset: XPS spectrum (Al Ka) of valence band 

BINDING ENERGY 

Fig. 2. Photoemission spectra (He II, hv = 40,8 eV) of Gd3S4, 
GdS08 and Gd (dashed line), normal emission. The spectra are 
normalized to the intensity of 4f peaks. 

configuration of gadolinium ions Gd3+ in chemical 
compounds is 4f75s25p6 [2,3] and the wave func- 
tions of 4f-electrons are strongly localized and 
screened by the 5s, 5p electrons. Our UPS and XPS 
results revealed that the valence electron spectra of 
GdSj have a comparatively simple structure (see 
Figs. 1 and 2) due to a stable half-filled 4f'-shell of 
the Gd3+ ion with the 8S7/2 configuration which 
transform to the 7F-term after the photoemission 
process. The spectra exhibit maxima at 9 eV and 
about 5 eV related to photoemission from the 4f-states 
and from the valence band formed by 3p-states of S 
anions. Features in the 0-2 eV region seem to be 
associated with the conduction band formed by 6s 
and 5d electrons of Gd. The peak at about 9 eV 
dominates in the XPS spectra, reflecting the fact that 
the photoionization cross-section increases for higher 
azimuthal quantum numbers with the growth of the 
excitation energy. The UPS and XPS (Fig. 1) spectra 
are similar to those reported in Ref. [2] for GdS 
(NaCl-type). It should be noted that the positions of 
the 4f and 5d features in our UPS spectra correlate 
not only with the GdS data [2] but even with Gd [5], 
except for the fact that the intensity of photoemission 
near Et is higher in GdS and Gd. A possible expla- 
nation of this fact is that the position of strongly 
localized 4f-states in gadolinium compounds is es- 
sentially determined by the stable 4f7 configuration 
of Gd and weakly dependent on the atomic environ- 
ment, and the variation of photoemission intensity 
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Fig. 3. LEED pattern for GdS08(001): E. = 138 eV, T = 300 K. 

near E{ reflects the fact that the density of 5d 
electrons in the conduction bands of more closely 
packed Gd and GdS is higher than that of GdS [ 25 

(Fig. 2). 
Preliminary investigations of atomic structure 

show that clean (001) surfaces of GdS0 8 cleaved in 
UHV are not reconstructed and exhibit a 1 X 1 LEED 
pattern (see Fig. 3). Our preliminary studies of (001) 
surfaces of GdS0 8 in the temperature range 30-300 
K did not reveal any important changes in the LEED 
picture and no superstructural spots below TN (see 
for comparison [6,7]). We plan to investigate the 
temperature behavior of the LEED pattern of antifer- 
romagnetic GdS near Neel temperature in more de- 
tail. It should be noted that all attempts to obtain a 
LEED patterns from cleaved or ion cleaned and 

270   170    7,0 
ENERGY LOSS , eV 

Fig. 5. The EELS spectra of Gd3S4, after ion bombardment, 
N'(E) mode £p = 3000 eV. Inset: N{E) mode, £p = 1000 eV. 

annealed (1100 K) in UHV surfaces of Gd3S4 were 
unsuccessful. 

The electron excitation spectrum structure on the 
clean surface of GdS^ were investigated by EELS 
(reflection mode) in the 10-100 eV and 400-2000 
eV incident energy ranges. The EELS spectra were 
obtained in the N(E) mode, after numerical differen- 
tiation N"(E) spectra (not shown on Figs. 4-6) were 
used for the precise identification of positions of the 
weak features in spectra. 

The EELS spectra from GdSx shows that the 
main features at higher incident beam energy are 
related to plasmon excitations, to a 4d-4f giant 
resonance and to the 5p-5d resonance (Figs. 4 and 

Gdso.a^/       \ 

5p~5d 

f\   \ riw8 \        \ 

Ep=1400eV 

i        ,        i 1       1       >       l       1 

50 30 20 

ENERGY LOSS , eV 

Fig. 4. Electron energy loss spectra of GdS08 and Gd3S4 after 
cleavage in UHV £p = 1100 eV. 
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Fig. 6. EELS spectrum of Gd3S4 at low incident energy. Inset: 
possible model of the band structure of GdS,. family. 
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5). At low incident beam energies a prominent multi- 
plet structure is observed (Fig. 6). 

The loss features in the 140-160 eV range are 
attributed to the giant 4d-4f resonance process: 
4d104f 7-4d94f8. A clearly observed peak at about 35 
eV may be associated with the 5p-5d resonance 
excitation. Both types of excitations are very charac- 
teristic of RE and are in good agreement with data 
reported in Ref. [8] for metallic Gd. The most promi- 
nent high incident energy peaks at about 18 and 13.8 
eV in the loss spectra of GdS, 25 and GdSog respec- 
tively becomes more clear as Ep is increased and 
may be associated with the bulk plasmon (see also a 
series of equally spaced features with decreasing 
intensity in Fig. 5, apparently due to creation of 
plasmons). It should be noted that the position of 
these peaks in EELS spectra depend on the surface 
composition. According to our Auger data, ion bom- 
bardment changes the surface composition of Gd3S4 

decreasing the sulfur content on the surface, and 
shifts this plasmon peak close to that of GdS08. A 
possible explanation of such a behavior of the plas- 
mon peak is that ion bombardment produces sulfur 
vacancies on the surface, and reduces the electron 
density in the valence band as a result the plasmon 
peak moves towards low loss energy (Fig. 5). 

The feature at about 2 eV (Fig. 4) observed in 
GdS and GdS08 (and appearing in GdS, 25 after ion 
bombardment) is not yet clearly identified, but is 
probably related to the collective excitation of con- 
duction electrons. 

Sharp electronic transitions in the 3-8 eV range 
are observed at low primary beam energy (10-100 
eV), in Fig. 6. Our data are in good agreement with 
the data reported for metallic Gd in Refs. [9,10], 
where similar losses were interpreted in terms of 
dipole-forbidden transitions between 4f" multiplets. 
In the case of Gd, the latter corresponds to 
4f7(8S7/2)->4f7(6X/) electron transitions. A clear 
multiplet structure with energies 4.0, 4.5, 5.0, 6.2, 
6.7 and 7.2 eV is observed in our case for GdS^, in 
good agreement with results reported in Refs. [7,8] 
and may be associated with the excitation from the 
ground state S7/2 to excited X • multiplet with the 
P,   I,   D,   G,   F, and   H components. 

Good agreement in energy position and intensity 
of 4f -> 4f losses for GdSx in our case, Gd and Gd 
suicide [9,10], their sharpness and insensitivity to 

chemical environment confirm the quasiatomic char- 
acter of 4f electrons in Gd compounds. A more 
detailed analysis of electron energy loss spectra will 
be published elsewhere. 

Thus, using the photoemission and loss spec- 
troscopy, one may propose the band structure of 
GdS, 25 (Th3P4-type crystal structure) which is quite 
similar to GdS (NaCl structure). Gd chalcogenides 
have deep localized 4f7 states (see Fig. 6, inset), 
wide valence band formed by 3p-states of chalco- 
gens, and a conduction band of the 6s-5d character 
near Ef. 

4. Conclusion 

Investigations of the electronic structure of the 
valence band of metallic conductor GdS^. with the 
Th3P4 structure by UPS, XPS, and EELS show that 
the band structure of Gd3S4 is similar to that of GdS 
and even Gd (with respect to the position of 4f-states 
and 6s-5d conduction band electrons) except for 
higher density of states near E{ for GdS and Gd. The 
later may probably be explained by higher concentra- 
tion of 5d electrons per cell for Gd and GdS. 

Analysis of electron excitations in the case of 
EELS has shown that the main features in the loss 
spectra are associated with the plasmon excitation, 
and 4d-4f and 5p-5d resonances. At low incident 
energy, prominent loss structures are observed and 
interpreted in terms of the quasiatomic dipole-forbi- 
dden 4f —> 4f electron transitions. 
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Abstract 

With the study of the formation of Sb/InAs interface by synchrotron radiation photoemission, we add a new piece of 
evidence that a two-dimensional free electron gas can be created at room temperature, on the (110) cleaved surface of In As 
upon adsorption of few metal atoms. In the case of Cs, we demonstrate that this very interesting feature results from 2D 
channels quantized in the direction normal to the surface. 

1. Introduction 

During the last few years it was proven in several 
experiments that upon deposition of minute amounts 
of noble metals at low temperature (= 20 K) [1,2] as 
well as alkali metals at room temperature (RT) [3-5] 
onto InAs(llO) surfaces one induces a large move- 
ment of the Fermi level (EF) high into the conduc- 
tion band. This Fermi level movement is accompa- 
nied by a large downward band bending which cre- 
ates an inversion and/or an accumulation layer at 
the surface. This property makes the study of the 
metal/InAs interfaces extremely attractive, espe- 
cially in comparison to other metal/III-V semicon- 

Corresponding author. 

ductor systems which have been widely investigated 
in recent years. 

Typically, alkali metals [6-8] and antimony [9-15] 
on large band gap III-V compounds have been 
considered as prototypical systems in these metal- 
semiconductor studies and models in the formation 
of Schottky barriers. However, for the large band 
gap semiconductors, the EF position is found to 
remain within the gap, at variance with the narrow 
band gap III-V semiconductors, i.e. InAs and InSb, 
where EF at the cleaved, almost bare, (110) surfaces 
can move, even at RT, to an extremely high pinning 
position above the conduction band minimum 
(CBM): up to 0.6 eV with ~ 0.03 monolayer (ML) 
coverage of cesium on InAs (110) [3,4]. 

The narrow band gap semiconductors present very 
interesting and rather unique properties, such as high 

0169-4332/96/$15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
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carrier densities, even at very low temperatures, and 
extremely high electron mobilities. This could lead 
to a new class of devices able to operate at very low 
temperatures, where the carriers for other semicon- 
ductors would already be frozen. Therefore the cre- 
ation of a two-dimensional (2D) electron channel, 
deduced from the measured band bending changes at 
the free InAs(llO) surface, is another striking feature 
of this semiconductor, which deserves further inves- 
tigations. 

The anomalously high EF pinning positions, as 
compared to the theoretical predictions from the 
metal induced gap state (MIGS) mechanism [16-18], 
has suggested instead that a metal adatom induced 
donor type surface state driving mechanism would 
play a crucial role [1,3-5] as shown recently [19] and 
described theoretically [20-22], as a matter of fact 
for s-electron adatoms on GaAs(l 10). The calculated 
energies of these pinning states at the GaAs(llO) 
surfaces are in excellent agreement with the experi- 
ments and correlate well with the first ionization 
energy of the free metal atoms. 

We had also found a very nice correlation for 
InAs with adsorbed Cs, Na, Cu and Ag. As we will 
show later, the adsorption of Sb follows the same 
simple trend. 

More strikingly we will present direct evidence of 
photoelectron emission in the normally empty con- 
duction band, arising from the 2D electron channel 
created by the adsorption of minute amounts of 
metal atoms at RT (cesium in this case). Besides, 
photoemission from an accumulation layer at the 
InAs(lll) and (100) surfaces has also been mea- 
sured recently by angle resolved photoelectron spec- 
troscopy (ARPES) [23], while few other examples of 
the creation of an inversion or an accumulation layer 
at a free InAs surface had been previously studied by 
high resolution electron energy loss spectroscopy 
[24,25]. Yet we present here, for the first time, 
discrete photoemission lines which result from quan- 
tization of the 2D electron gas in the direction 
normal to the surface. 

The paper is organized as follows: after a brief 
description of our synchrotron radiation experiments, 
we will present results on the formation of the 
Sb/InAs interface and corresponding band bending 
at RT and after annealing before showing the con- 
duction band electron distributions curves (EDC's) 

resulting from the Cs-induced quantized 2D electron 
channel at the free, nearly pristine, InAs(llO) sur- 
face. 

2. Experimental details 

The synchrotron radiation photoemission mea- 
surements were performed at RT, at two different 
places. The study of the Sb/InAs system was per- 
formed at the Synchrotron Radiation Center of the 
University of Wisconsin-Madison using the soft X- 
ray light emitted by the Aladdin 1 GeV storage ring 
and dispersed by the Mark II grasshopper monochro- 
mator. The photoelectron energies were analyzed by 
an angle integrated double-pass cylindrical mirror 
analyzer at a working pressure in the 10_n Torr 
range. The overall instrumental resolution was better 
than 200 meV. The Sb evaporation flux (8 A per 
min) was calibrated with a quartz microbalance. The 
Cs/InAs(110) system was studied at the Laboratoire 
pour l'Utilisation du Rayonnement Electromagne- 
tique (LURE, Orsay, France) using the UV light 
emitted by the SuperACO storage ring and dispersed 
by a high resolution toroidal grating monochromator 
at the SU 3 beam line. The photoelectron energies 
were analyzed by an angle resolved hemispherical 
energy analyzer with a maximum acceptance angle 
of 5°, and overall instrumental energy resolution 
better than 100 meV. The pressure in the experimen- 
tal chamber was below 7 X 10~n Torr during data 
acquisition. Using very severe standards, pure Cs 
was deposited at RT from a SAES getters source, 
carefully outgassed, without any pressure rise during 
deposition [26]; at RT the maximum Cs coverage 
attainable is one monolayer. 

Clean InAs (110) surfaces were obtained by 
cleaving in-situ InAs single crystal bars having dop- 
ing concentrations ~3X 10~17 cm-3 for both p- 
type (Zn doped) and n-type (S doped) samples. Only 
mirror-like cleaved surfaces have been used for data 
collection. To achieve the best accuracy in the band 
bending measurements, that is to avoid any potential 
problem with the photon energy reproducibility, we 
have always kept the same photon energy within a 
specific series of measurements; to have high surface 
sensitivity for both In 4d and As 3d substrate core 
lines we used a photon energy of 82 eV. The valance 
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band photoemission experiments were performed at 
LURE using the optimum energy of 14 eV. The 
Fermi level positions were determined accurately 
from thick evaporated noble metal films. At this 
point it is important to note that at RT, for narrow 
gap, highly doped, semiconductors, a surface photo- 
voltage effect is absolutely excluded. Further, we 
stress that we have shown earlier that for well-cleaved 
InAs samples, flat band conditions are realized for 
the (110) surfaces; therefore, with our doping con- 
centrations, the Fermi level positions are the same as 
in the bulk, that is EF practically coincides with the 
CBM for n-type samples, while it lies at 0.08 eV 
above the valence band maximum (VBM) for p-type 
ones [5]. 

3. Sb/InAs(110): band bending results 

To our knowledge, no experimental work had 
been performed so far on the growth of Sb on 
InAs(llO), although Sb is unreactive and forms or- 
dered first monolayers on GaAs, InP and GaP. Just 
very recently, the adsoption of Sb on n-type 
InAs(llO) was studied at RT deposition and subse- 
quent annealing, by core-level photoemission and 
photoelectron diffraction [27]. On n-type samples EF 

reaches its highest position at 0.3 eV above the CBM 
at about 2 ML coverage, thus leading to the forma- 
tion of an accumulation layer (see Fig. 1). The 
photoelectron diffraction study [28] reveals that the 
ordered monolayer (after annealing) has essentially 
the same 1 X 1 structure as that proposed heuristi- 

300 400 

Sb Coverage (ML)       Temperature (°C) 

Fig. 1. Fermi level positions at the InAs(llO) surfaces for p-type 
(squares) and n-type (circles) samples as a function of Sb cover- 
age at RT; filled symbols: £F positions derived from the In 4d 
shifts; open symbols: EF positions derived from the As 3d shifts. 
The data for the n-type samples are taken from [27]. 
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Fig. 2. Core-level spectra and their decompositions: (a) In 4d from 
the clean and 1 ML Sb covered p-type InAs(llO) surface at RT; 
(b) Sb 4d from 1 ML of Sb on this surface. 

cally by Goddard [29] and confirmed experimentally 
using low energy electron diffraction [30] and scan- 
ning tunneling microscopy [31]. 

At the same time, we have independantly per- 
formed a detailed photoemission study (valance band 
and core levels) on p-type samples. Fig. 1 shows 
also the Fermi level positions at the Sb/p-InAs 
interface as a function of the Sb coverage and an- 
nealing temperature, derived from the In 4d and As 
3d bend bending shifts. As a matter of fact, we have 
performed, as previously [1,13,27], a decomposition 
of these core levels to extract the positions of the 
bulk components (see Fig. 2); this allows to deter- 
mine with great accuracy the true band bending and 
accordingly the changes of the Fermi level position 
upon Sb deposition. 

The relevant point for our present study is that the 
Fermi level moves, once more, upon RT adsorption 
of Sb, into the conduction band: An inversion layer 
is thus created at the p-type InAs(l 10) surface, in the 
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same way as an accumulation layer was formed at 
the n-type one. Following the noble and alkali metal 
adsorption studies, these new Sb absorption results 
confirm that the creation of a 2D electron channel at 
the InAs(llO) surface upon metal adsorption is a 
general trend. We will see in the next section that 
eventually direct photoelectron emission from this 
channel inside the normally empty conduction band 
can be detected. 

4. Cs/n-InAs(110): discrete line photoemission 
from a quantized 2D electron channel 

By comparing in Fig. 3 the photoelectron spectra 
in the vicinity of the Fermi edge from the clean (a) 
and the 0.01 ML Cs covered (b) InAs(llO) surfaces 
at RT we prove the presence of discrete filled elec- 
tronic states inside the normally empty conduction 
band. These spectra were recorded at a polar emis- 
sion angle of 45° along the (100) surface direction. 
The intensity of the emission after adsorption of a 
few Cs atoms is one order of magnitude less than the 
emission intensity arising from the valence band. 

Two distinct features labeled E0 and El are 
clearly resolved; they point to discrete electronic 
levels arising from quantization, in the direction 
normal to the surface, of the 2D electron gas formed 
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Fig. 3. Photoemission spectra near the Fermi level of 
Cs/InAs(110) at RT: (a) clean cleaved surface; (b) after deposi- 
tion of = 0.01 ML Cs at RT; (c) metallic edge from a silver film. 

by the creation of the ~ 0.4 eV deep, potential well 
at the InAs(llO) surface as a consequence of the 
Fermi level movement above the CBM. Interestingly 
the positions of these two levels, respectively ~ 0.2 
and 0.3 eV above the CBM, qualitatively correspond 
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Fig. 4. (a) Direct and reciprocal surface cells of InAs(llO); (b, c) photoemission spectra recorded at different emission angles along the 
T-X' direction from the InAs(llO) surface after RT deposition of = 0.01 Cs monolayer. 
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to theoretical predictions : to this end self-consistent 
Hartree-calculations of the potential well shape and 
charge densities were performed using an approach 
similar to that developed by Streight and Mills [33]. 

As may be seen in Fig. 4, which displays EDC's 
recorded as a function of the polar emission angle 
along the T-X' direction of the surface Brillouin 
zone (SBZ), emission arises from the vicinities of the 
T the points of the first and second BZ. This local- 
ization is a proof of emission from the quantized 
energy levels of the 2D electron gas: as a matter of 
fact, emission from Cs valence electrons could be 
barely detectable at such a low coverage and would 
anyway be situated at a much deeper energy below 
EF [26]. Furthermore, the adsorbed Cs atoms at such 
a low coverage produce donor type surface states 
located at =0.6 eV above the CBM [3,4]; this 
position is = 0.2 eV above EF leading in practice to 
totally ionized Cs atoms, in other words this state is 
empty. Finally, we underline that in the absence of 
quantization, we should observe a continuous distri- 
bution of electrons from the bottom of the conduc- 
tion band (= 0.4 eV below EF) up to the Fermi level 
instead of discrete lines. Thus our experimental re- 
sults demonstrate for the first time the creation of a 
quantized electron channel, mediated by few Cs 
adsorbed atoms, at the free, almost bare InAs(llO) 
surface. 

semiconductor. Although the presence of such a 2D 
electron channel could be inferred from previous 
experiments, no direct proof of its existence, except 
at the (111) and (100) In As surfaces grown by 
molecular beam epitaxy [23], had been firmly estab- 
lished. Using angle-resolved high-resolution syn- 
chrotron radiation photoemission we have given the 
first direct evidence of this electron channel at the 
n-type InAs(l 10) surface, mediated by few Cs atoms. 
Furthermore, we could demonstrate that this two-di- 
mensional electron gas is quantized in the direction 
normal to the surface. 
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5. Summary 

We have shown that in addition to noble and 
alkali metals, adsorption of antimony on the 
InAs(llO) surface can move the Fermi level at room 
temperature well above the conduction band mini- 
mum. In previous studies, chlorine and oxygen ad- 
sorbates [34] had also lead to a similar behaviour. 
The formation of an inversion or an accumulation 
layer, that is the creation of a two-dimensional elec- 
tron channel at the free, almost pristine, surface is 
thus a general property of this narrow band gap 

A complete description of the calculation methodology and 
of the results for the energy levels obtained for different widths, 
depths and overall shape of some specific InAs channels is 
beyond the scope of the present paper; for more details see [32], 
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Abstract 

The room temperature interface formation of the Cs/carbon-rich and silicon-rich ß-SiC(lOO) single-domain surfaces is 
studied by core level and valence band photoemission spectroscopy using synchrotron radiation. For both surfaces, Cs 
deposition results in reactive interface formation. For the carbon-rich /3-SiC(100), the presence of a Cs monolayer leads to 
surface metallization as evident from asymmetric shape tail at the Cs 4d core level indicating the presence of a plasmon and 
from metal-induced gap state near the top of the valence band. In contrast, the silicon-rich j8-SiC(100) surface remains 
semiconducting in presence of a Cs overlayer at saturation coverage. This investigation stresses the central importance of 
initial surface composition. 

1. Introduction 

Silicon carbide belongs to the family of wide 
band gap semiconductors with gaps ranging from 2.3 
eV to 2.9 eV depending of the crystallographic phase 
(cubic or hexagonal). In addition, it is a IV-IV 
compound semiconductor having very interesting 
properties from both fundamental and applied as- 
pects. In fact, unlike silicon, silicon carbide is a 

* Corresponding author. 
1 Now at: Motorola, Inc., Austin, TX, USA. 

'refractory' semiconductor which, in its cubic ß 
phase, could operate at rather elevated temperatures 
(~ 600°C). This potentially makes it a very promis- 
ing material for electronic and opto-electronic de- 
vices working at high temperatures, high frequencies 
and high power [1]. Also, its chemical stability makes 
silicon carbide an attractive material able to operate 
in difficult environments, especially when compared 
to silicon and other compound semiconductors such 
as III-V [1], However, silicon carbide has not, so 
far, been very much investigated, especially when 
compared to other elemental or compound semicon- 
ductors. Doping, surface passivation and metalliza- 
tion are among the important problems to be solved 

0169-4332/96/$15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
PII S0169-4332(96)00124-9 
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in order to achieve practical device applications. 
There are few studies about surface passivation by 
native Si02 oxide growth using direct [2,3] or pro- 
moted oxidation [4,5]. In contrast, the formation of 
metal/silicon carbide interfaces has been more 
widely investigated primarily in the thin film regime 
using various metal (noble and transition metals) 
adsorbates having very different properties [6-11] in 
order to explore the thermal stability of metallic 
contacts. Theoretical calculations were also per- 
formed in the case of iron and aluminum/silicon 
carbide interfaces [12]. In most of the cases, the 
metal/SiC is reactive already at room temperature 
while the silicon carbide surface metallization was 
found to generally take place in the case of rather 
high metal coverages [6,7]. 

From a more basic aspect, ab-initio theoretical 
calculations have predicted that silicon carbide is a 
rather ionic semiconductor with a significant charge 
transfer from Si cation to C anion which makes it 
closer from III-V compound than from group IV 
semiconductors [12-16]. Depending on whether it is 
silicon-rich, stoichiometric or carbon-rich, the ß- 
SiC(lOO) surface presents various reconstructions in- 
cluding 3 X 2, 3 X 1, 2 X 1, c(2 X 2) and 1 X 1 when 
going from silicon-rich to carbon-rich surfaces re- 
spectively [2,10,11,17]. Among other metals, alkali 
metals, who could act as donors [18,19], are of 
special interest for such a metal/SiC surface/inter- 
face investigations. The first studies about alkali 
metal/SiC systems were performed only very re- 
cently [4,5,20]: we have shown that (i) Rb increases 
dramatically the oxidation rate of the stoichiometric 
j8-SiC(100) surface [4,5] and (ii) Na in the mono- 
layer range metallizes the carbon-rich-/3-SiC(100) 
surface [20]. In this view, it is interesting to study the 
effect of /3-SiC(100) surface composition upon alkali 
metal deposition in the monolayer range. 

In this paper, we investigate the Cs/carbon-rich 
/3-SiC(100) and Cs/silicon-rich /S-SiC(lOO) inter- 
faces by core level and valence band photoemission 
spectroscopies using synchrotron radiation, which 
has, so far, not been very much used to investigate 
silicon carbide. At saturation Cs coverage, both in- 
terfaces are found to be reactive. However, we also 
find striking differences between the two interfaces 
with clear evidence of Cs-induced surface metalliza- 
tion for the Cs/carbon-rich   jß-SiC(lOO) interface 

while the corresponding  silicon-rich interface re- 
mains semiconducting. 

2. Experimental details 

The experiments were performed at the Syn- 
chrotron Radiation Center, University of 
Wisconsin-Madison by valence band and core level 
photoemission spectroscopy techniques using the 
light emitted by the 'Aladdin' 1 GeV storage ring 
and dispersed by a grasshopper Mark II monochro- 
mator. A double-pass angle-integrating cylindrical 
mirror analyzer (CMA) was used to measure the 
photoelectron energy with an overall energy resolu- 
tion better than 0.3 eV at the Si 2p and Cs 4d core 
levels while it was estimated to be around 1.2 eV at 
the C Is core level. The data were taken at pressures 
better than 5X10-11 Torr in the experimental 
chamber with working pressure in the monochro- 
mator below 2 X 10"'' Torr during data acquisition. 
The single-domain n-type jß-SiC(lOO) (zinc-blende 
structure) sample was grown at LETI (Grenoble) by 
chemical vapor deposition (CVD) onto a Si(100) 
wafer miscut by 4°, yielding a layer thickness of 
about 1 /am [21]. The formation of single crystal 
silicon carbide was evidenced by conventional X-ray 
diffraction. The sample was heated by through cur- 
rent. We were able to achieve contaminant free 
silicon or carbon-rich y3-SiC(100) surfaces by ther- 
mal annealings treatments only at temperatures rang- 
ing from 1000°C to 1280°C. Additional thermal an- 
nealings induce Si surface depletion leaving carbon- 
rich jß-SiC(lOO) surfaces meaning that a new sample 
has to be introduced into the chamber to obtain again 
silicon-rich /3-SiC(100) surfaces. The Fermi edge 
was determined from a gold sample. Pure Cs deposi- 
tion on the carbon and/or silicon-rich ß-SiC(lOO) 
surfaces was performed at room temperature using a 
SAES Getters source outgassed to perfection with 
pressure increases remaining always below 2 X 10-'' 
Torr in order to avoid any problem related to the 
presence of low level impurities [22,23]. The present 
experiments have been performed at the Cs satura- 
tion coverage only. This amount of Cs corresponds 
to the amount necessary to achieve a coverage of one 
monolayer on the Si(100)2 X 1 surface. Other infor- 
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mation about the experimental details are provided 
elsewhere [4,5,20-23]. 

3. Results 

3.1. Clean surfaces 

Depending on the surface composition, the ß- 
SiC(lOO) surface could present several reconstruc- 
tions including (3 X 2), (5 X 2), c(4 X 2), (2X1), 
(1 X 1) and c(2 X 2). Surface models have been pro- 
posed for almost all the reconstructions [24-29]. 
Very recent photoemission spectroscopy experiments 
using synchrotron radiation for the /3-SiC(100) sur- 
faces have shown a clear correlation between surface 
reconstructions identified by low energy electron 
diffraction (LEED), and specific Si 2p core level 
shifts and valence band spectral features [17,30]. 
Therefore, a straightforward identification of the two 
clean surfaces used in this work, namely the Si 
terminated /3-SiC( 100)3 X 2 and C terminated ß- 
SiC( 100)1 X 1 surfaces, could be achieved using Si 
2p core level and valence band data only (Fig. la 
and b). 

Valence band for the clean surfaces (Fig. lb) 
exhibit five structures at 14.0, 9.6, 7.2, 5.0 and 3.2 
eV below the Fermi level (EF). We use for these 
peaks the same labeling A, B, C,, X and C2 as in 
former works [2,24]. The valence band is very sensi- 
tive to the surface composition. In particular, when 
the surface is silicon terminated, peak C2 is the 
dominant feature while peak X becomes more and 
more intense when the surface becomes more and 
more carbon-rich [2,17,24]. Therefore, peak C2 is 
related to surface silicon atoms while peak X is 
likely related to surface carbon atoms. From the 
energy position and line shape (including peak ra- 
tios) of the Si 2p core level (Fig. la) and from 
valence band spectral features (Fig. lb), one can 
conclude that the top Si 2p spectrum (Fig. la) and 
the top valence band spectrum (Fig. lb), correspond 
to a clean /3-SiC( 100)3 X 2 surface reconstruction 
[17,30]. On the other hand, the bottom Si 2p spec- 
trum (Fig. la) associated with the bottom valence 
band spectrum (Fig. lb) indicate a ß-SiC( 100)1 X 1 
surface reconstruction [17]. Even if the exact struc- 
ture of these surfaces is not perfectly known, there is 
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energy was 150 eV. (c) C Is core levels, the photon energy was 
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a general consensus that /3-SiC(100)3 X 2 and 1 X 1 
surface reconstructions are respectively Si and C 
terminated [17,24,26,30]. 

Additional information about clean surface com- 
position is provided by the C Is core level (Fig. lc) 
corresponding to the same surfaces than in Fig. la 
and b. The bottom spectrum indicates a C Is energy 
position at 282 eV with a full width at half maxi- 
mum (FWHM) of 2.5 eV while the top spectrum has 
a binding energy of 281 eV with a FWHM of 1.2 
eV. The broadening of the C Is core level is related 
to surface increasing stoichiometry in carbon atoms 
[17,24]. So, one can assign the bottom C Is spectrum 
to a surface richer in carbon than for the top C Is 
spectrum. This further supports the surface identifi- 
cation provided by the above Si 2p and valence band 
results. Therefore, using Si 2p and C Is core levels, 
and valence band results, one can clearly identify 
clean Si-rich and C-rich surfaces (/3-SiC( 100)3 X 2 
and /3-SiC(100)l X 1 respectively). 

3.2. Cs on ß-SiC(WO) 

We now look at the effect of one Cs monolayer 
(corresponding to the saturation coverage) deposition 
on carbon-rich and silicon-rich surfaces. Since this 
paper is primarily devoted to interface formation and 
not to band bending studies, all the spectra have been 
aligned to facilitate the identification of reactive 
components. This means that all rigid shifts ( — 0.16 
eV for the C-rich ß-SiC(lOO) surface and -0.65 eV 
for the Si-rich ß-SiC(lOO) surface) resulting from 
the band bending upon Cs deposition have been 
removed and are not presented in this paper. The 
important issue of Schottky barrier formation will be 
presented elsewhere [17]. 

3.2.1. Si 2p and C Is core levels 
We first look at the formation of Cs/carbon-rich 

/3-SiC(100) interface using the Si 2p and C Is core 
levels which are displayed in Fig. 2a and b respec- 
tively. As can be seen in Fig. 2a, a new component 
R, shifted by 1.3 eV to lower binding energy arises 
upon Cs deposition. This indicates a reactive inter- 
face formation. Also of interest, is the slightly asym- 
metric shape of the Si 2p core level on the high 
binding energy side upon Cs deposition. This tail is 
very likely to indicate the presence of a surface 

plasmon, suggesting surface metallization. The reac- 
tive component R is destroyed upon an oxygen 
exposure of 100 L while Si oxide formation results 
as evident from Si 2p core level shift and broadening 
on the high binding energy side (Fig. 2a). The 
behavior observed here for the Cs covered carbon- 
rich /3-SiC(100) surface is very similar to the one we 
reported recently for the corresponding Na/carbon- 
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Fig. 2. (a) Si 2p core level photoemission spectra for the clean 
carbon-rich /3-SiC(100) surface, the same surface covered by a Cs 
overlayer at saturation coverage and then exposed to 100 L 02. 
The photon energy was 150 eV. (b) C Is core level photoemission 
spectra for the clean carbon-rich /3-SiC(100) surface, the same 
surface covered by a Cs overlayer at saturation coverage and then 
exposed to 100 L O,. The photon energy was 340 eV. 
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rieh jß-SiC(lOO) interface [20]. However one should 
notice that the energy position of the plasmon loss 
feature observed in the present study is different 
from the one we observed for Na deposition, at 3 eV, 
which makes the plasmon clearly visible in the latter 
case [20]. This results from the large difference in 
the plasma frequency between Cs (1.5 eV) and Na (4 
eV) in the case of adsorption on metal surfaces 
[31-34]. 

Fig. 2b displays the C Is core level for the same 
sequence for the Cs/carbon-rich /3-SiC(100) inter- 
face which provides the additional insights about 
interface formation. As can be seen in Fig. 2b, the C 
Is core level clearly exhibits, upon the deposition of 
one Cs monolayer, a new component N, located at 1 
eV higher binding energy. Again, this is very similar 
to the behavior that we observed for the correspond- 
ing Na/carbon-rich /S-SiC(lOO) system [20]. Inter- 
estingly, the same shifted component is also ob- 
served upon thermal annealing of the clean ß- 
SiC(lOO) surface. This feature has been interpreted 
as resulting of graphitic bonding due to Si desorption 
[24]. Therefore, the presence of peak N would corre- 
spond to graphite formation. This behavior suggests 
that Cs deposition results in the breaking of Si-C 
bonds leaving C atoms on the surface forming proba- 
bly graphite clusters [9,24]. One can also imagine 
that, upon the deposition of Cs which has the lowest 
electronegativity, an important electronic charge re- 
distribution takes place between carbon, silicon and 
cesium atoms without any bond breaking as in the 
case of some III-V compound semiconductors 
[35,36]. Upon an oxygen exposure at 100 L, the 
intensity ratio N/M is significantly decreased. This 
could results from Cs-induced carbon/graphite oxi- 
dation leading to the formation of CO or C02 species 
desorbing into the vacuum as previously suggested 
elsewhere [2,5]. 

We now turn to the Cs/Si-rich /3-SiC(100) inter- 
face formation. Fig. 3a and b exhibit respectively the 
Si 2p and C Is core levels for a similar sequence as 
in Fig. 2a and b. As can be seen in Fig. 3a, the Si 2p 
core level shows a very large component (peak R) 
located at about 0.8 eV lower binding energy. It 
suggests that the Cs/Si-rich /3-SiC(100) interface is 
also reactive. However, in contrast to the carbon-rich 
surface, the Si 2p core level does not show any 
plasmon loss feature. The exposition to 100 L of 
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Fig. 3. (a) Si 2p core level photoemission spectra for the clean 
silicon-rich ;3-SiC(100) surface, the same surface covered by a Cs 
overlayer at saturation coverage and then exposed to 100 L 02. 
The photon energy was 150 eV. (b) C Is core level photoemission 
spectra for the clean silicon-rich /3-SiC(100) surface, the same 
surface covered by a Cs overlayer at saturation coverage and then 
exposed to 100 L 02. The photon energy was 340 eV. 

oxygen apparently destroys the reactive component 
and results in silicon oxide growth as evident from 
the spectral features developing on the high energy 
side of the Si 2p core level [37]. The Cls core level, 
shown in Fig. 3b, remains basically unaffected by Cs 
deposition and oxygen exposure. 

3.2.2. Cs 4d core level 
Additional insights about the process of surface 

metallization could be found by looking at the Cs 4d 
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Fig. 4. (a) Cs 4d core level photoemission spectra for the 
Cs/carbon-rich /S-SiC(lOO) surface and the same surface exposed 
to 100 L 02. The difference spectra (not on the same scale) is also 
presented below showing the Cs plasmon. The photon energy was 
120 eV. (b) Cs 4d core level photoemission spectra for the 
Cs/silicon-rich j8-SiC(100) surface and then exposed to various 
amount of 02. The photon energy was 120 eV. 

core levels for both carbon-rich and silicon-rich sur- 
faces. As can be seen in Fig. 4a for the carbon-rich 
Cs/ß-SiC(100) interface, the Cs 4d core level pre- 
sents a clear asymmetric shape with a pronounced 
tail at the higher binding energy side which is likely 
to result from the presence of a Cs plasmon [38,39]. 
This tail is removed by an oxygen exposure which 
could easily be interpreted by the fact that oxygen, 

an electron acceptor species is going to reduce the 
number of electrons involved in a collective process 
which would then destroy the plasmon. In order to 
better identify the presence of a Cs plasmon, we 
have performed a difference between these two spec- 
tra which basically give a similar spectrum shifted 
by 1.5 eV, corresponding exactly to the Cs plasmon, 
despite the fact that such an excellent agreement 
might be accidental. This feature further confirms the 
presence of a Cs plasmon at the Cs 4d core level as 
previously observed for other systems [38,39]. It is in 
excellent agreement with the picture of Cs-induced 
carbon-rich /3-SiC(100) surface metallization already 
suggested above with the Si 2p core level result. 
Therefore, similarly to the case of Na/carbon-rich 
jß-SiC(lOO) surface that we studied recently using 
the same technique [20], Cs induces surface metal- 
lization of the carbon-rich /3-SiC(100). 

We now turn to the effect of similar Cs deposition 
on the silicon-rich /3-SiC(100) surface. Fig. 4b dis- 
plays the Cs 4d core level for the clean and oxygen 
exposed Cs/silicon-rich /3-SiC(100) surfaces. In 
strong contrast to the carbon-rich surface, one can 
clearly see by a simple visual inspection that the Cs 
4d core level does not exhibit an asymmetric shape 
with a tail on the higher binding energy side result- 
ing from a plasmon-like feature which would sug- 
gests surface metallization. Furthermore, unlike the 
C-rich /3-SiC(100) surface, the shape of the Cs 4d 
remains basically not affected by oxygen exposures. 

3.2.3. Valence band 
We now examine the valence band spectra shown 

in Fig. 5a and b. The main feature resulting from Cs 
deposition onto the carbon-rich /3-SiC(100) surface 
can be seen in Fig. 5a where Cs atoms induce the 
growth of a new peak (D) located at the top valence 
band. Peak D is mostly located into the band gap and 
therefore results from an adsorbate-induced gap state. 
This interesting feature should play a major role in 
the surface metallization observed above, as previ- 
ously demonstrated for similar metal-induced gap 
states (MIGS) in the case of alkali metal/III-V 
compound semiconductor interfaces as GaAs and 
InP [35,36]. Also of interest is the change in the 
relative intensity of peaks X and C2. As mentioned 
above (Fig. lb) and shown previously, the two spec- 
tral features X and C2  are very  specific of the 
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Fig. 5. (a) Valence band spectra for the clean carbon-rich ß- 
SiC(lOO) surface, the same surface covered by a Cs overlayer at 
saturation coverage and then exposed to 100 L 02. The photon 
energy was 150 eV. (b) Valence band spectra for the clean 
silicon-rich /3-SiC(100) surface, the same surface covered by a Cs 
overlayer at saturation coverage and then exposed to 100 L 02- 
The photon energy was 150 eV. 

surface composition [17,24,30]. In agreement to what 
we observed at the C Is core level upon Cs deposi- 
tion, the change observed in the relative intensity of 
peaks X and C2 indicates the growth of carbon 
species at the surface and/or a change in the elec- 
tronic configuration of carbon surface atoms. Upon 
oxygen exposure, peak D is destroyed which could 
be correlated to the simultaneous removal of surface 

metallization observed from the disappearance of the 
plasmon losses at Si 2p and Cs 4d (Fig. 2a and Fig. 
4a). 

We now follow the effect of the same sequence 
on the valence band of the silicon-rich /3-SiC(100) 
surface. In contrast to the behavior of the C-rich 
surface, the deposition of Cs atoms does not induce 
any new feature above the valence band maximum 
(Fig. 5b) which seems to be consistent with the lack 
of surface metallization since we did not observed 
any plasmon at the Si 2p and Cs 4d (Fig. 3a and Fig. 
4b). It could suggest that, unlike the carbon-rich 
surface, the silicon-rich /3-SiC(100) surface remains 
semiconducting even when covered by Cs atoms. 
Interestingly, the intensity of peak S, which is likely 
related to Si dangling bonds, apparently increases 
upon Cs overlayer deposition. As observed for alkali 
metal covered silicon surfaces, this could result from 
the hybridization between surface dangling bonds 
and Cs valence electrons, giving rise to an electronic 
interface state [19,22,39]. However, one cannot to- 
tally rule out that the peak S intensity increase might 
result from the attenuation of peak C2 upon Cs 
deposition. Upon oxygen exposure, spectral features 
related to the O 2p electronic levels [37] appear 
around 5 and 7 eV binding energies. 

4. Discussion 

Together with our recent results for the 
Na/carbon-rich 0-SiC(lOO) interface [20], the above 
data for the Cs/carbon-rich /3-SiC(100) and 
Cs/silicon-rich /3-SiC(100) interfaces indicates that 
alkali metals form strongly reactive interfaces with 
jß-SiC(lOO) as evident from the reactive components 
observed at substrate core levels which suggest ad- 
sorbate-substrate charge transfer. It shows that the 
alkali metal/jß-SiC(100) interface formation is dif- 
ferent from that with silicon surfaces which are 
non-reactive (except with Li) [19]. In these views, 
the behavior of the )S-SiC(100) surface is much 
closer from the one taking place with III-V com- 
pound semiconductors like e.g. GaAs(llO), InP(llO) 
and GaSb(llO) [35,36,40]. Theoretical calculations 
[13,16] have concluded that a significant charge 
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transfer from the Si atom to the C atom is taking 
place which is exactly what could be expected by 
just considering the Pauling electronegativity differ- 
ence between Si and C atoms [41]. The ionic charac- 
ter of silicon carbide (Si acts as cation and C acts as 
anion) is likely to explain its very different behavior 
upon Cs (or Na) deposition when compared to cova- 
lent semiconductors as silicon or germanium [19]. 
Therefore, when adsorbing low electron affinity 
species such as alkali metals like Na [20] or Cs on 
the /3-SiC(100) surface, one can expect some impor- 
tant charge transfer from the alkali atoms to Si atoms 
resulting from the smaller charge density of Si atoms 
in silicon carbide. The large chemical shift observed 
at the Si 2p core level (peak R, in Fig. 2a and Fig. 
3 a) could in fact be taken as the signature of such a 
charge transfer, which would also influence signifi- 
cantly the C-Si bond. Concerning the possible inter- 
face state (peak S, Fig. lb) induced below the Fermi 
level by Cs deposition onto the silicon-rich ß- 
SiC(lOO) surface, it appears to be very similar to the 
one that we previously reported for the Cs/Si( 100)2 
X 1 interface [39] and would probably result also for 
the ß-SiC(lOO) surface, from hybridization between 
the Cs 6s orbital and surface dangling bonds. How- 
ever, this point requires a more detailed investigation 
which is actually in progress [17]. 

Another very important and striking feature of 
Cs/jß-SiC(100) interface formation is the effect of 
surface composition on alkali metal-induced metal- 
lization. The /3-SiC(100) carbon-rich system be- 
comes metallic upon Cs adsorption as evidenced by 
plasmon losses features taking place at the Cs 4d and 
Si 2p core levels (Fig. 4a and Fig. 2a) and metal-in- 
duced gap state formation above the valence band 
maximum (Fig. 5a). Also, one cannot totally rule out 
that graphite (which is a semi-metal) formation, as 
mentioned above, would result in Cs intercalation, as 
previously demonstrated [42-44]. This could ex- 
plain, at least in part, the observed surface metalliza- 
tion. On the other hand, the absence of plasmon loss 
features at the Cs 4d and Si 2p core levels (Fig. 4b 
and 3a) for the silicon-rich surface (which does not 
exhibits cluster/graphite formation), indicates that 
the latter remains semiconducting upon Cs deposi- 
tion. In addition, unlike the C-rich /3-SiC(100), we 
do not observe metal-induced gap state formation for 
the Si-rich surfaces upon Cs deposition. 

5. Conclusions 

Using valence band and core level photoemission 
spectroscopy, we have demonstrated that a Cs over- 
layer induces the metallization of the carbon-rich 
j8-SiC(100) surface while the corresponding silicon- 
rich interface remains semiconducting. This effect 
could result from metal induced gap states upon Cs 
deposition while carbon/graphite cluster formation 
might also play an important role. Both Cs/carbon- 
rich /3-SiC(100) and Cs/silicon-rich j8-SiC(100) 
systems were found to form very reactive interfaces 
with significant charge transfer from the adsorbate to 
the surface. For the carbon-rich surface, such a sur- 
face reaction could also result in C-Si bond breaking 
possibly leading to carbon/graphite cluster forma- 
tion as for the corresponding Na carbon-rich ß- 
SiC(lOO) surface. The more ionic character of this 
binary IV-IV compound semiconductor seems to be 
of relevance in the observed differences between 
silicon carbide and elemental covalent semiconduc- 
tors as silicon or germanium upon alkali metal depo- 
sition and interface formation. The very different 
behavior of Cs/Si-rich /3-SiC(100) and Cs/C-rich 
/3-SiC(100) interfaces switching from semiconduct- 
ing to metallic, stresses the crucial importance of the 
initial surface composition. 
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Abstract 

We have studied the arsenic-terminated Si(lll)-(1 X 1) surface with low energy photoelectron diffraction. On this ideally 
terminated surface, the Si 2p core-level consists of a bulk component and a single well separated surface component shifted 
to 0.75 eV higher binding energy compared to the bulk component. We have measured the intensities of the surface and bulk 
components of the Si 2p core-level, and the single component As 3d core-level, as functions of azimuthal angle. The 
recorded azimuthal scans for the Si 2p surface component showed extremely large intensity variations. For a photon energy 
of 130 eV and emission angle of 45° for example, the intensity of this component was found to vary by 400 percent upon an 
azimuthal rotation of the sample by 45°. The experimental data were compared to model calculations of the photoelectron 
diffraction utilizing a fully convergent multiple scattering formalism. The best fit to the data was consistently found in all the 
azimuthal scans for an outward relaxation of the As atoms from the Si bulk positions by 0.2 Ä. This is in good agreement 
with earlier structural determinations of this surface. 

1. Introduction 

Arsenic deposited onto a Si(lll)-(7 X 7) surface 
results in a nearly ideal (1 X 1) bulk termination with 
high passivity [1-11]. Since this surface was first 
reported by Olmstead et al. [1], several studies have 
confirmed their conclusion that As replaces the first 
half of the topmost Si double layer with each As 
atom bonding to three Si atoms and possessing two 
valence electrons in a nonbonding lone-pair state 
(see Fig.   1).  The remarkable consistency of the 

Corresponding author. 

results of these studies attests to the simplicity and 
high degree of order of this system. From the point 
of view of atomic structure, this simplicity reduces 
the number of geometric parameters of the ordered 
(1 X 1) phase essentially to one: the vertical interpla- 
nar distance between the As and uppermost Si layers. 
Measurement of this distance using both experimen- 
tal [3,6,7] and theoretical [2,8,10] methods have also 
been quite consistent yielding a relaxation of the As 
layer toward the vacuum of Az = 0.16 to 0.25 A 
when compared to the bulk Si(l 11) lattice spacing. 

Also reflecting the simplicity of this surface are 
the results  of core-level  photoemission  measure- 

0169-4332/96/S15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
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Fig. 1. Shown here is a side view in the [Oil] plane of the 1 ML 
As/Si(lll)-(1 X 1) surface. The As atoms replace the Si atoms in 
the upper layer of the topmost double layer. The structural param- 
eter Az is the movement of the As plane from the Si bulk position 
(shown with unfilled, broken circles). 

merits [1,2,4]. The Si 2p core-level shows two very 
well defined components separated by 0.75 eV. The 
component to high binding energy is a surface core- 
level shifted (SCLS) peak due to the Si atoms bonded 
directly to the As atoms (shown in gray in Fig. 1 and 
designated 'Surface Si') while the component to low 
binding energy results from emission from bulk Si in 
lower layers. The As 3d core-level shows a single 
component. This structural and spectroscopic sim- 
plicity makes this system an ideal one for studying 
photoelectron diffraction (PD) effects from each of 
the core-level components separately, as intrinsic 
effects in angle resolved core-level photoemission 
experiments. PD is manifested as changes in core- 
level intensities as functions of angle or excitation 
energy and is due to the interference between the 
part of the outgoing photoelectron wave which is 
unaffected by the surrounding atomic potentials (the 
direct wave) and the part which undergoes elastic 
scattering by atoms in the vicinity of the emitting 
atom (the scattered waves). These intensity modula- 
tions thus contain information on the positions of the 
atoms surrounding the emitting atom [12-17]. Isolat- 
ing the PD signal from SCLS peaks has recently 
been found to be a particularly sensitive method for 
obtaining the three dimensional geometry of clean 
surfaces when combined with multiple scattering 
calculations [16,17]. 

In this paper, we report azimuthal scanned PD 
measurements from the Si 2p SCLS peak for photon 
energies of hv= 130 and 150 eV and from the 
single component As 3d peak for hv= 72 eV. The 
Si 2p SCLS component shows very large intensity 
variations as functions of azimuthal angle. For hv = 
130 eV and an electron emission angle of 0 = 45° 
for example, the intensity of this component is found 
to vary by 400% upon an azimuthal rotation of 45°. 
This result indicates that PD effects can be very 
large in this important energy regime and that they 
must somehow be explicitly taken into consideration 
or averaged out to avoid potentially large errors in 
quantitative coverage determinations of surface or 
adsorbate atoms based on intensity variations be- 
tween different atomic layers, which are modeled by 
a single parameter: the electron escape depth. A 
comparison of the measurements to model calcula- 
tions using a fully convergent multiple scattering 
formalism is in good agreement with the accepted 
structure. 

2. Experimental details 

In order to perform these measurements, a preoxi- 
dized Si(lll) substrate (n-type, Sb doped, ~ 3 Q, 
cm) with a misorientation of < 0.3° was mounted 
onto a high precision manipulator capable of a 180° 
rotation in the azimuthal sense (around the sample 
normal) The misalignment of the sample normal and 
the azimuthal rotation axis was < 0.6°. After the 
preparation of the Si(l 11)-(7 X 7) surface using stan- 
dard procedures, As was deposited onto the surface 
by evaporation from a well outgassed GaAs wafer. 
During the evaporation, which lasted 14 minutes, the 
sample was cooled from 700°C to 600°C and the 
background pressure was in the 1-3 X 10~9 mbar 
range (compared with a base pressure of 2 X 10~10 

mbar). After the source was turned off, the sample 
was cooled slowly to room temperature and then 
annealed to 450°C for 5 minutes to remove any 
superfluous As. The resulting surface exhibited a 
sharp (1 X 1) low energy electron diffraction (LEED) 
pattern with no streaking and photoemission mea- 
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surements indicated sharp core-level profiles with no 
evidence of Ga or any other contaminant. The mea- 
surements were performed on beamline 41 of the 
MAX I storage ring in Lund, Sweden which is 
equipped with a toroidal grating monochromator 
(TGM) capable of delivering photons in the 15-200 
eV range. The angle resolving electron analyzer had 
an angular acceptance of ~ +2.0° in both the dis- 
persive and nondispersive directions and the total 
instrumental energy resolution was ~ 0.15 eV under 
the conditions of the experiment. 

3. Results and discussion 

At the top of Fig. 2 are shown two Si 2p spectra 
using hv= 130 eV and & = 45°. The light incidence 
angle (@hv) was along the sample normal. The well 
separated surface component is shown as the shaded 
spin-orbit doublet on the low kinetic energy side of 
the signal in each spectrum. For all Si 2p spectra in 
this study, the total signal was fit to two spin-orbit 
split Voigt functions. All the peak parameters, in- 
cluding the spin-orbit branching ratios were free 

0 = 45°; 0hv = O°; hv = 130eV 

€> = 30° 

® iooo 
c 

<D = 75C 

Kinetic Energy (eV) 

i 1 1 1 r 
24       25       26       27       28 
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0 
N 

O 
z 

[101] [211] 
Azimuthal Angle (°) 

Fig. 2. At the top of this figure are two Si 2p core-level spectra which have been decomposed into two spin-orbit split Voigt functions. The 
shaded peak is due to the surface Si directly below and bonded to the As atoms. The only difference between the two spectra is a 45° 
rotation of the sample in the azimuthal direction. At the bottom is the normalized integrated intensity of this Si 2p SCLS peak as a function 
of azimuthal angle. The horizontal line represent the bulk and surface azimuthal averaged intensities. 
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parameters in the fit, with the exception of the 
spin-orbit splitting which was fixed at 0.600 eV. 
The least squares fits were excellent for all spectra 
yielding a surface-bulk separation of 0.75 + 0.01 eV 
in agreement with previous work [1,2,4]. The fact 
that this separation is greater than the spin-orbit 
splitting allows one to rule out the possibility of 
additional components in the spectra and to deter- 
mine the integrated intensities of the surface and 
bulk components with a high degree of accuracy. In 
the spectra, the black dots are the experimental data 
after background subtraction and the smooth curves 
are the results of the fits. The differences between 
the experimental data and the fits are also shown. 
These two spectra were taken at the same electron 
emission angle of 0 = 45° with the only difference 
between them being a 45° azimuthal rotation of the 
sample with respect to the fixed light incidence and 
analyzer acceptance directions. It is clear upon in- 
spection of these spectra that large changes in peak 
shape occur upon this azimuthal rotation with the 
most noticeable change being a strong increase in the 
relative intensity of the surface component at an 
azimuthal angle of <P = 300° compared to <P = 75°. 
After normalization with respect to the background 
at a kinetic energy of 27.5 eV, this increase is found 
to be ~ 400%. Changes in peak intensity as a func- 
tion of azimuthal angle are not predicted using the 
single parameter electron escape depth model which 
is routinely used for determining surface atom or 
adsorbate atom coverages. As discussed below, this 
effect is due to diffraction of the outgoing Si 2p 
SCLS photoelectrons as they leave the crystalline 
surface. 

The bottom of Fig. 2 reports the integrated, back- 
ground normalized Si 2p SCLS peak intensity as a 
function of azimuthal angle over a 160° range using 
hv= 130 eV and 0 = 45°. Some crystallographic 
directions are indicated on the azimuthal angle scale. 
These data have not been symmetrized. Even so, the 
[112] and [2TT] mirror planes are very clear from the 
data with even some fine structure to ~ 13° on 
either side of the [2lT] direction being reproduced. 
The high quality of these data is due principally to 
the large surface-bulk component separation and 
consequent accuracy of the SCLS peak intensity 
determination. Here, the large fluctuations in peak 
intensity are readily visible with the normalized peak 

intensity varying from ~ 4 for <P = 30° to ~ 1 for 
<P = 75° with these two data points corresponding to 
the two spectra at the top of the figure. The bulk 
component exhibits weaker diffraction effects and its 
average value is indicated by a horizontal line. Also 
indicated by a horizontal line is the azimuthal aver- 
aged value of the surface component. 

Based on the one parameter electron escape depth 
model for relative peak intensities, the coverage in 
monolayers (ML), x, of the atoms giving rise to the 
surface Si peak for this system is given by the 
following equation: 

's[e 
fl|/(Accos0) 

+ 1] 
/B[e<" a2/(Accos0) 

1]' 

where /s and /B are the integrated surface and bulk 
peak intensities respectively extracted from the mea- 
surement, a{ = 0.78 A is the distance between the 
two layers of the double layer in bulk Si, a2 = 3.13 
A is the distance between two double layers in bulk 
Si, Ae is the electron mean free path, and 0 is the 
electron emission angle with respect to the surface 
normal. If one were to use this equation to determine 
the number of monolayers giving rise to the surface 
Si signal based on bulk and surface component 
intensities for the spectrum taken at <$> = 30° and 
assuming an electron mean free path of 4 A, the 
result would be 2.0 ML. On the other hand, if the 
same calculation were done using the spectrum taken 
at $ = 75°, the result would be 0.4 ML (these results 
differ by a factor of 5 rather than 4 since the 
measured bulk intensities were used in the calcula- 
tion rather than the azimuthal averaged value). It 
should be emphasized that this analysis is not in- 
tended to predict quantitatively the errors in cover- 
age determinations based on core-level intensities 
since the majority of such determinations are done 
using'angle integrated' instruments. These results in- 
stead serve as an indication of the magnitude of PD 
effects as an intrinsic part of angle resolved core-level 
photoemission measurements at energies near the 
minimum in the electron mean free path. However, 
angle integrated instruments generally accept elec- 
trons over a rather small fraction of the full 2-7T 
hemisphere above the surface. The large, long period 
PD oscillations observed in Fig. 2 suggest that such 
angle integrated measurements are still far from av- 
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eraging over diffraction effects in this energy regime 
for a general case. In addition, strong PD effects are 
known to occur as functions of energy, possibly 
further increasing the error introduced in coverage 
determinations based on core-levels measured at a 
single photon energy. Remarkably, PD effects are 
usually completely ignored in coverage determina- 
tions although Fadley in his review of PD and Auger 
electron diffraction (AED) [12] estimated that errors 
as high as ±50% may occur due to diffraction 
effects. The results of the present study, however, 
show that such effects may in fact be much greater 
than this value. 

Fig. 3 shows measurements identical to those of 
Fig. 2 except that here hv= 150 eV was used. As in 

Fig. 2, the diffraction curve shown at the bottom of 
the Figure is the raw data without any symmetriza- 
tion and the mirror symmetries are very well repro- 
duced. Again there are strong changes in relative 
peak intensities as functions of azimuthal angle al- 
though they are not as dramatic as the h v = 130 eV 
case. The Si 2p SCLS diffraction curve is noticeably 
different from the previous case both in its average 
value and its shape showing that the peak intensities 
are also functions of photon energy. In comparing 
Figs. 2 and 3, it is noted that the azimuthal averaged 
surface peak intensity is significantly closer to the 
azimuthal averaged bulk peak intensity in Fig. 3. 
This relative increase in the surface peak intensity 
indicates in a direct way that the electron mean free 
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Fig. 3. This figure shows data identical to Fig. 2 except that the photon energy used was hv — 150 eV rather than hv = 130 eV. 
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path is smaller for hv= 150 eV than for hv= 130 
eV. It is in fact possible to use the above equation 
and the azimuthal averaged values for the peak 
intensities to estimate the mean free path if one 
assumes that such azimuthal averaging effectively 
averages out PD effects. From the data in Figs. 2 and 
3, such calculations yield electron mean free paths of 
3.9 A for the hv= 130 eV case and 3.4 A for the 
hv = 150 eV case. Si 2p photoemission measure- 
ments are often performed at hv= 130 eV and the 
value of 3.9 A found here for the electron mean free 
path in Si agrees very well with previous determina- 
tions of this quantity [18,19]. Thus, it appears for the 

\ 
\      Si 2p; hv=130 eV       /   ~' 

I 

\y 

<—'—'—'—i—*—'—'—■—i—'—'—'—'—i 

0_ 50 100 150 
[011] [112] [101] [211] 

Azimuthal Angle (°) 
Fig. 4. Here, the photoelectron diffraction results from the Si 2p 
SCLS peak for hv = 130 eV (uppermost solid curve) hv = 150 
eV (middle solid curve), and the As 3d single component for 
hv = 12 eV (bottom solid curve) are superimposed on the results 
of multiple scattering simulations (dashed curves). For each set, 
the upper dashed curve represents the results of the calculation for 
A z = 0.3 A, the middle dashed curve for A z = 0.2 A and the 
lower dashed curve for A z = 0.1 A. 

hv= 130 eV case that averaging the Si 2p intensity 
over the full azimuthal range does effectively aver- 
age over PD effects although this cannot be expected 
to be true in general for the reasons given above. 

The Si 2p SCLS PD data as well as the As 3d 
single component PD measured using hv=12 eV 
have been modeled using a fully convergent multiple 
scattering formalism [20] with a complex Hedin- 
Lundqvist potential [21] for Az values of 0.1, 0.2, 
and 0.3 A. These numbers thus cover the range of 
values determined for this structural parameter by 
previous studies. The results of these calculations are 
shown in Fig. 4 as dashed lines with the upper curve 
in each set corresponding to Az = 0.3 A, the middle 
curve to 0.2 A, and the bottom curve to 0.1 A. The 
experimental data are shown as solid lines. In all 
three cases the calculations reproduce the experimen- 
tal data rather well showing that the strong changes 
in peak intensities as functions of azimuthal angle 
can be successfully predicted using an appropriate 
scattering formalism. A detailed analysis of the very 
strong effects present in the Si 2p SCLS PD curve 
taken using hv — 130 eV indicates that these are due 
principally to single scattering by nearest neighbor 
As atoms with the strong constructive interference 
effects (at <P = 30°) occurring for scattering angles 
considerably different from the forward scattering 
maxima which are prominent at much higher elec- 
tron kinetic energies [22]. 

4. Summary 

In conclusion, photoelectron diffraction measure- 
ments of the very well resolved Si 2p surface core- 
level shifted peak and the single component As 3d 
peak from 1 ML As/Si(lll)-(1 X 1) have been pre- 
sented. Because the Si 2p surface component is so 
well resolved, there is very little error introduced in 
the deconvolution of the Si 2p signal and the inten- 
sity oscillations of the signal coming from the Si 
layer bonded to the As atoms can be isolated with a 
high degree of accuracy. This fact, along with the 
structural simplicity of the system, makes it an ideal 
one for studying photoelectron diffraction effects as 
an intrinsic part of angle resolved core-level photoe- 
mission experiments. It was found that such diffrac- 
tion effects lead to differences of up to 500% in 
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coverage determinations of surface or adsorbate 
atoms based on relative peak intensities if a simple 
one parameter electron mean free path model is used. 
Azimuthal averaging of peak intensities appears to 
decrease this error so that angle integrated core-level 
measurements should be more appropriate for cover- 
age determinations. However, since diffraction ef- 
fects occur at all angles and angle integrated mea- 
surements sample only a relatively small part of the 
hemisphere above a surface, these measurements 
cannot be expected to average out diffraction effects 
completely. In addition relative peak intensities are 
also affected by energy dependent diffraction effects 
which may also introduce errors in quantitative cov- 
erage determinations. Simulations of the experiments 
using a fully convergent multiple scattering formal- 
ism successfully reproduce the experimental data for 
both the Si 2p and As 3d diffraction results when the 
accepted structure is used. 
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Abstract 

The interaction of XeF2 molecules with GaAs(llO) surfaces was investigated with high-resolution electron energy-loss 
(HREELS) and Auger electron spectroscopy (AES) in the exposure range between 1 and 1000 langmuir (L). The AES 
results show that up to XeF2 doses of approximately 100 L, fluorine atoms are mainly chemisorbed on GaAs(llO) surfaces. 
After XeF2 exposures above 100 L, etching of the GaAs(llO) surface occurs by removing arsenic atoms. Adsorbed xenon 
atoms were never detected. In the chemisorption range an energy-loss structure which is attributed to As-F valence 
vibrations is observed in the HREEL spectra. The excitation energy of the As-F vibration shifts from 670 cm-' (84 meV) at 
very low fluorine coverages to 720 cm~' (90 meV) at 0.3 monolayers. This finding may be explained by a mutual 
electrostatic interaction between As-F surface dipoles and their images. From that and by use of dielectric theory an 
effective dynamic charge of the vibrating As-F surface molecules is estimated. In the etching regime this As-F loss 
structure disappears and a broad feature at about 575 cm^1 (71.3 meV) is observed which may be due to vibrations of 
Ga-Fx groups. 

1. Introduction 

Fluorination of GaAs surfaces has attracted in- 
creasing attention as the chemical reaction produces 
a GaF3 film on the surface which exhibits promising 
qualities as an insulator suitable for microelectronic 
devices. Hence, a variety of studies was focused on 
GaF3/GaAs interfaces and fluorinated surfaces after 
large exposures to F2 [1,2], XeF2 [3], F+ ions [4] or 
excited fluorinated molecules ([3], and references 
therein). However, the low-exposure range is not 
well investigated. In case of XeF2 on GaAs(llO) 
X-ray photoemission spectroscopy (XPS) was ap- 

* Corresponding author. Fax: +49-203-3793163. 

plied [5]. From the chemically shifted components of 
Ga and As 3d core-levels XeF2 was found to adsorb 
dissociatively, leaving atomic F at both substrate 
atoms behind. After higher exposures GaF3 groups 
were detected. 

In the present study, the interaction of XeF2 

molecules with GaAs(l 10) surfaces has been investi- 
gated with Auger electron (AES) and high-resolution 
electron energy-loss spectroscopy (HREELS). The 
experiments characterize the adsorbate-substrate 
bonds by respective valence vibrations and deter- 
mine the onset of etching. They are motivated by 
recent HREELS results at chlorinated GaAs(llO) 
surfaces [6]. In the energy-loss spectra, only Ga-Cl 
vibrations were detected as long as the surface was 
not disrupted. This finding is surprising because 
chlorine is supposed to chemisorb at both substrate 

0169-4332/96/S15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
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atoms   as   it   is   also   expected   for   fluorine   on 
GaAs(llO). 

2. Experimental 

The experiments were performed in a two-cham- 
ber ultrahigh vacuum system. In the preparation 
chamber, clean GaAs(llO) surfaces were prepared in 
situ by cleaving single crystalline bars. During expo- 
sures, they were placed in front of a small tube 
through which XeF2 molecules were let in. For this, 
a leak valve was opened between the preparation 
chamber and a vessel in which XeF2 crystallites 
were sublimated. The dose was varied in the range of 
1 and 1000 L (1 L = 10"6 Torr s) and monitored by 
measuring the background pressure in the prepara- 
tion chamber with a cold-cathode ion gauge. Before 
any exposure, the whole dosing system was passi- 
vated with a large amount of XeF2. No carbon or 
metal contaminations were observed on the surface. 
Residual oxygen was only detected after highest 
exposures. 

In the analysis chamber, the Auger electron spec- 
tra were obtained by using a cylindrical mirror anal- 
yser. The primary electron beam with an energy of 3 
keV was scanned across the surface to avoid elec- 
tron-stimulated desorption (ESD) [7,8] of adsorbed 
fluorine. AES line intensities were measured as the 
peak-to-peak value of the first derivative signals. 

The electron energy-loss spectra were recorded at 
a primary energy Ep of typically 5 eV and an 
instrumental resolution of 30 cm"1 (3.7 meV). The 
incident electrons were specularly reflected from the 
surface with an angle of incidence of 55°. To provide 
a high resolution in the HREEL spectra, surfaces of 
semi-insulating material were investigated. Here, 
broadening of the loss peaks due to surface plasmon 
excitations of free charge carriers does not occur 
[9,10]. 

3. Results and discussion 

3.1. AES results 

After XeF2   exposures,  adsorbate-induced AES 
features corresponding to KLL lines of fluorine were 

observed. Xe atoms were never detected on the 
surface. The same was found in the XPS study 
mentioned above [5]. To investigate the fluorine 
uptake the intensity ratio between the F(KLL) line at 
a kinetic energy of 650 eV and the Ga(LMM) peak 
at 1070 eV was measured as a function of the XeF2 

dose N. The results recorded with p- and n-type 
samples are shown in Fig. 1. The scatter of the data 
is due to uncertainties of determining the dose. Ap- 
plying a simple layer model with calculated AES 
cross sections [11] an effective F-coverage 0 is 
deduced from the data. It is shown on the right-hand 
axis in Fig. 1. One monolayer (ML) is set equal to 
the number of possible adsorption sites per unit area 
on  the  GaAs(llO)   surface,   i.e.,   <T=8.86X10

14 

-2 cm    . 
Adsorption of fluorine atoms is first detected at a 

dose of approximately 10 L. After the highest XeF2 

exposures of 1000 L the coverage corresponds to 
0 = 0.75 ML. No saturation of the uptake is ob- 
served. For dissociative chemisorption of second or- 
der a relation 

0=0 
S0N 

saC + S0N 0) 

is expected [12]. The curve in Fig. 1 is a fit to the 
experimental data following Eq. (1) with the parame- 
ters 0S = 1.1 ML and S0 = 0.02. The latter might not 
be identified with the initial sticking coefficient as 
the values of exposure are too uncertain. The con- 
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1. Auger electron intensity-ratio /p/^Ga as a function of 
exposure. The coverage scale was calculated by use of a 
model. 



H. Nienhaus, W. Mönch / Applied Surface Science 104/105 (1996) 95-100 97 

o rr 

0> 

CO 
LU 
< 

1,5 

1.3 

XeF2:GaAs(110) 
E0=3keV 

Ieal1070eV) 
Ife(1228eV)     ^I_ 

0   1 10' L 103 

Dose  N 

Fig. 2. Auger electron intensity-ratio of the high-energy substrate 
lines as a function of XeF2 exposure. After doses above 100 L the 
GaAs(llO) surface is etched. 

stant  C = 6.58X10"15   L cm2  converts the unit 
cm-2 into L. 

To study the etching of the GaAs(llO) surface by 
XeF2, the intensity quotient of the high-energy 
Ga(l 070 eV) and As(1228 eV) AES lines is plotted 
with varying exposure in Fig. 2. The solid line just 
follows the trend of the data. Up to doses of 100 L 
the ratio remains almost constant at 1.23 but in- 
creases after higher exposures. The analysis of the 
Auger spectra reveals that the absolute AES intensi- 
ties of the As lines are significantly reduced while 
those of the Ga structures do not change. This find- 
ing implies a removal of arsenic atoms from the 
surface. It discriminates between the chemisorption 
range up to 100 L, which corresponds to a F-cover- 
age of about 0.3 ML, and the etching regime for 
larger exposures. 

3.2. HREELS results 

Two typical HREEL spectra obtained from semi- 
insulating GaAs(llO) surfaces after XeF2 doses of 
36 and 250 L are plotted in Fig. 3. The energy 
resolution is demonstrated by the width of the elastic 
peak at half maximum and varies between 32 and 38 
cm-1 (4 and 4.7 meV). The energy-loss and -gain 
features due to the excitation of one or more Fuchs- 
Kliewer surface phonons at an energy of 289 cm"1 

(35.8 meV) [13] are labeled as FK and FK, respec- 
tively. In the lower panel of Fig. 3, i.e., when 
fluorine atoms are chemisorbed on GaAs(llO), ad- 
sorbate-induced loss structures F, X,, X2 and the 
combined excitation  FK1 + F  are  observed.  The 

sharp peak F at a loss energy hcoF of about 700 
cm"^_ (86.8 meV) is also detected as an anti-Stokes 
line F. Its intensity varies with the energy E of the 
primary electrons following an £"' law which is 
expected for adsorbate vibrations. Since vibrational 
frequencies at surfaces are close to those known 
from infrared and Raman spectra of free molecules 
one may consider AsFH2 and AsF(CH3)2 to get a 
reference value for the energy of the As-F valence 
vibration. That was measured between 650 and 720 
cm"1 (80.6 and 89.3 meV) [14-16]. Infrared studies 
at gallium fluorine systems gave a Ga-F stretching 
frequency in the range from 590 to 620 cm"1 (64.5 
to 76.9 meV) [17,18]. Taking these data into account, 
the HREELS structure F may be attributed to As-F 
valence vibrations. The weak double loss feature X 
was only resolved after long measuring times. Its 
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Fig. 3. HREEL spectra recorded with GaAs(llO) surfaces after 
XeF, exposures of 36 and 250 L. FK: Fuchs-Kliewer phonon; F: 
As-F valence vibration; X: weak adsorbate-induced feature with 
uncertain origin. 
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origin is uncertain. It might be due to vibrations of 
fluorine atoms located in the substrate backbonds 
since in cyclic molecules Ga-F-Ga vibrations were 
found at energies between 420 and 500 cm-1 (52.1 
and 62 meV) [19]. 

XPS [5] and electron energy-loss spectroscopy at 
intermediate energies [20] have revealed that fluo- 
rine-gallium bonds already exist in the chemisorp- 
tion range although they are not detected with 
HREELS. From that, one may conclude that Ga-F 
bonds are oriented almost parallel to the surface and 
the respective adsorbate vibration cannot be effec- 
tively excited in dipole scattering geometry. 

After a XeF2 dose of 250 L, etching of the surface 
starts. As shown in the upper panel of Fig. 3, the 
total HREELS intensity is reduced by a factor of 40, 
the background signal is increased and the structures 
F and X almost disappear. Instead, a broad HREEL 
feature at 575 cm-1 (71.3 meV) is observed and 
overlaps the double loss FK2. The same was found 
in infrared spectra from thin GaF3 layers on 
GaAs(llO) [1] where this loss is attributed to GaFA 

vibrations. 
The loss intensity and the excitation energy of the 

As-F valence vibration were extracted from HREEL 
spectra in the XeF2 exposure range from 0 to 200 L, 
i.e., in the chemisorption regime. The results recorded 
with semi-insulating and n-doped samples are shown 
in Fig. 4. The solid lines are meant to guide the eye. 

The intensity I¥/Iel of the F-induced line relative 
to the signal of elastically scattered electrons is 
plotted in the upper panel. It grows by a factor of 
about 100 when the exposure is increased from 3 to 
100 L. With the disruption of the surface at higher 
doses, the relative intensity remains constant or be- 
comes even smaller. In the lower panel the signifi- 
cant frequency shift of the As-F vibration is shown. 
The loss energy at small and large F-coverages is 
difficult to determine due to the low intensity and the 
high background signal, respectively. The excitation 
energy hcoF increases from 670 to 720 cm-1 (83.1 
to 89.3 meV) in the chemisorption range. 

Frequency shifts as a function of coverage were 
reported for vibrations of molecules as CO on metal 
surfaces ([21-28], and references therein). The en- 
hanced vibrational polarizability was tried to be ex- 
plained by the electrostatic dipole-dipole interaction 
of neighboring molecules [23-25] and the strong 

response of the metal surface modeled by an image 
potential [26-28]. However, some experimental data 
were insufficiently described by these local field 
effects. Also in the present case where adsorbate- 
substrate vibrations are concerned, the large fre- 
quency shift and intensity increase may only be 
understood if a strong response of the substrate-elec- 
tron system is considered. To demonstrate that, an 
effective dynamic charge e* of the As-F surface 
molecule bond is deduced from the experimental 
data. A priori, one would expect that in a point- 
charge model e * is close to the static charge transfer 
from arsenic to fluorine which is estimated as 0.4 eQ 

from Pauling's electronegativity scale. 
The data in Fig. 4 may be analysed by applying 

dielectric theory for inelastic electron scattering in 
dipolar geometry. The cross section for exciting a 
surface mode is proportional to the loss function 
Im[-l/ea(w)] where ea(w) is a frequency-depen- 
dent dielectric constant (DC) of a thin surface layer 
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[22]. If the ensemble of the As-F surface molecules 
with reduced mass Mr is considered as a two-dimen- 
sional gas of harmonic oscillators interacting with 
each other via dipole fields, a DC 

6.(6,) = ! + 
"osOO 1 

Mren + A2 (2) 

may be assumed in a first approximation. An elec- 
tronic polarizability is neglected. In Eq. (2), nos = 
c@a/d denotes the spatial molecule density, d is the 
thickness of the adsorbate layer and c0 the As-F- 
coverage. The quantities w0 and y are the frequency 
and the damping constant of a single non-interacting 
oscillator, respectively. The factor a describes a 
possible enhancement of e * due to an image charge. 
The resonance frequency in Eq. (2) is shifted by 

Kcr 3/2 (ae*) 

4TT€0MT 

C0 (3) 

due to dipole-dipole interaction [20] if the molecules 
are randomly distributed on the surface [28]. The 
factor K~9 originates from the dipole sum. 
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Fig. 5. Linear dependences predicted by dielectric theory between 
the quantities ^&)F/F//el and (ha>F)2 and the F-coverage 0. 

If Eq. (2) is inserted into the loss function one 
finds that [(hcüF)2 — (h<o0)

2] and ÄwF/F//d are 
proportional to c&(ae*)2 [20]. In Fig. 5 these rela- 
tionships are illustrated. Within the limits of error the 
predicted linear dependences are confirmed. If equal 
probabilities for the existence of As-F and Ga-F 
bonds are assumed, i.e., c = 0.5, it follows from 
least-squares fits to the data plotted in Fig. 5 

e* =(l.0 + 0.3)e0/a. (4) 

If e * is close to the static charge transfer the factor 
a must be of the order of 2, i.e., the effective dipoles 
are doubled at the GaAs(llO) surface by an addi- 
tional image charge. Whether such a strong response 
of the semiconductor surface is reasonable can only 
be answered by a precise theoretical treatment of the 
coverage dependent dynamics of fluorine adsorbed 
on GaAs(llO). However, such calculations for ad- 
sorbed atoms do not exist, yet. They would give a 
deeper insight into the mechanisms of vibrational 
interactions and frequency shifts. 

4. Conclusion 

In the present study, the interaction of XeF2 with 
GaAs(llO) surfaces at room temperature was investi- 
gated with AES and HREELS. The AES results 
demonstrate that fluorine atoms chemisorb on the 
surface up to a coverage of 0.3 monolayers. Further 
fluorine uptake is accompanied with a removal of 
arsenic atoms from the surface. AES structures due 
to Xe are not observed. 

With HREELS an adsorbate-induced loss feature 
attributed to As-F valence vibrations is detected as 
long as the surface is not disrupted. This finding 
cannot rule out the existence of Ga-F bonds at low 
coverage which were reported before. The results 
indicate that those bonds are oriented almost parallel 
to the surface. At higher exposures the As-F loss 
structure disappears and a broad HREELS feature 
due to GaFA. groups is detected. 

With increasing coverage the observed excitation 
energy of the As-F vibration shifts significantly. 
From this and the intensity variation one may deduce 
an effective dynamic charge of about 0.5 e0 if an 
image potential is assumed. Further sophisticated 
theoretical work is necessary to reveal the physical 



100 H. Nienhaus, W. Mönch / Applied Surface Science 104/105 (1996) 95-100 

origin of such strong coverage dependent frequency 
shifts. 
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Abstract 

The room temperature adsorption of H2S on InP(110) may be understood as a cooperative dissociation in which H+ and 
SH~ bond to the surface anion and cation, respectively. Synchrotron radiation angle resolved ultraviolet photoelectron 
spectroscopy (ARUPS) and near edge X-ray absorption fine structure (NEXAFS) are used to probe the filled and vacant 
orbital levels of the adsorbate complex. The NEXAFS results are consistent with the location of the sulphur in the continued 
layer anion site in agreement with recent X-ray standing wave measurements. 

1. Introduction 

The adsorption of H2S on the (110) surface of 
indium phosphide appears paradoxical in many re- 
spects. For example, the adsorption occurs at room 
temperature [1,2] whereas it is necessary to cool the 
related GaAs(l 10) surface to 200 K for adsorption to 
occur [3,2]. Also, the adsorbate is easily removed by 
gentle annealing, yet the adsorption results in a 
relatively large surface anion core level shift more 
appropriate to strongly bound species [2]. These 
paradoxes may be understood in terms of a coopera- 
tive dissociation bonding of H+ and SH~ to surface 
anion and cation atoms; this is in effect a proton 
exchange between the H2S molecule and the surface 
anion dangling bond [4]. Recent normal incidence 
X-ray standing wave measurements [5] provide some 

Corresponding author. 

confirmation of this model, placing the sulphur atom 
at the location of a phosphorus atom in the continued 
layer structure. 

This paper presents the results of a combined 
angle resolved ultraviolet photoelectron spectroscopy 
(ARUPS) and near edge X-ray absorption fine struc- 
ture (NEXAFS) study using synchrotron radiation. 
These measurements probe the adsorbate filled and 
empty orbital levels, respectively, and the results are 
interpreted in terms of the dissociative adsorption 
model. 

2. Experimental details 

Pre-notched n-InP samples were cleaved in UHV 
at base pressures around 3 X 10~10 mbar. They were 
then dosed with 2-5 L of H2S (purity 99.6%). The 
ARUPS experiments were carried out at the TGM2 
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Fig. 1. Orientation of the surface unit cell and the surface Bril- 
louin zone. 

beamline of the Berlin electron synchrotron (BE- 
SSY). The electron spectrometer was an ADES 400 
hemispherical analyser operated in the retarding field 
mode. The combined resolution was typically 0.2 eV 
at 24 eV. Valence band spectra were taken before 
and after dosage between T and X and F and X' at 
photon energies of 24 and 32 eV and between X' and 
M at 24 eV. The surface unit cell and the surface 
Brillouin zone (SBZ) are shown in Fig. 1. 

The NEXAFS experiments were conducted at 
beamline 6.3 of the Daresbury Synchrotron Radia- 
tion Source. The UHV system contained an VSW 
HA100 hemispherical electron analyser; the com- 
bined resolution of beamline and analyser was about 
0.6 eV at 2600 eV photon energy. Absorption spec- 
tra of the sulphur K-edge at 2466 eV were taken at 
different excitation geometries. The absorption was 
monitored using the sulphur KLL Auger line at 2106 
eV kinetic energy. The separate contributions to the 
near edge structure were obtained by fitting a step 
function to the K-edge and then using a core level fit 
program to determine the peak areas. 

3. Results and discussion 

A sample set of polar angle dependent ARUPS 
spectra along F to X at 24 eV photon energy from 
the H2S dosed InP(llO) surface is shown in Fig. 2. 
Adsorption leads to pronounced changes, including 
the quenching of the clean surface states and the 
generation of adsorbate orbital features. As discussed 
previously for the high symmetry points [4], there are 
at least three adsorbate levels in the valence band 
spectra; a non-dispersing feature y at 6.8 eV binding 

16       18       20       22       24 
Electron kinetic energy in eV 

26 

Fig. 2. Valence band spectra from H2S dosed InP(llO) at a 
photon energy of 24 eV taken along the T to X direction of the 
SBZ. The angle of incidence was 45°. Adsorbate related features 
are labelled a, ß and y; adsorption enhances the bulk density of 
states emission from X3 and quenches the anion dangling bond 
peak. 

Fig. 3. Valence bandstructure of InP(l 10) dosed with 2 L of H2S, 
showing the dispersion of a, ß and y. Well defined features are 
represented by filled symbols, weaker structures are marked with 
open symbols. The surface projection of the bulk bandstructure is 
shown as the shaded area. 
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energy (relative to the valence band maximum), and Assignment of these features is not unique. Corn- 
two lower binding energy features ß and a dispers- parison with experimental and theoretical studies of 
ing downward from T to X. the dissociative adsorption of water on silicon sur- 

1 1  

Polar NEXAFS 
azimuth=90° 

2460 2470      2480 

Photon energy in eV 

2490 

Fig. 4. NEXAFS scans of the sulphur K-edge at normal, — 15° off normal and grazing incidence for azimuth = 90° (above) and 0° (below). 
The orientation of the surface unit cell and the polarisation are shown in the insets. Three features labeled 1, 2 and 3 can be identified in the 
near-edge region. There is an X-ray standing wave peak in the bottom spectrum. 
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faces [6,7] would suggest that a, ß and y are 
respectively the S-H IT non-bonding orbital, the 
S-H a bond and the In-S bond. A Hartree-Fock 

molecular orbital calculation using the GAMESS 
program was carried out. Although this reproduces 
the ordering for SiH3OH, a different ordering is 
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Fig. 5. Intensity of the first peak versus azimuth and polar angle. A cos2 function was fitted to both data sets. 
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obtained for InH3SH". a is still a sulphur lone pair, 
but ß and y are now the In-S and the S-H bond. 
There is also the issue of the P-H bond, but this has 
probably a less favourable cross section. 
_ The dispersion of these features along T -» X and 
T^>X' is shown in Fig. 3. The coincidence of 
valence band features for the two photon energies is 
an indication of their surface origin. Also shown are 
data along ]C->M for 24 eV only, except at M 
where there are data points for both photon energies. 

Both a and ß disperse between T and X (along 
the direction of the (110) surface zigzag-chains and 
the short side of the surface unit cell). The greater 
dispersion might be expected from states which can 
overlap along the chain direction. In the simple 
continued layer structure both the In-S and the S-H 
bonds are perpendicular to the chain while the S-H 
77 non-bonding orbital is parallel to the chain. This 
analysis would not be completely consistent with 
either of the binding energy orders considered above, 
where the greatest dispersion ß is attributed to either 
the S-H or the In-S bonding levels. One possible 
conclusion is that the single continued layer model is 
not appropriate. The NEXAFS data afford further 
comment on this point. 

A selection of sulphur K-edge near edge spectra is 
shown in Fig. 4. The geometry of the experiment 
limited the polar angle 6 variation between -15° 
and + 70° and the azimuthal angle variation between 
0° and 90°. The azimuthal orientations of 90° and 0° 
are shown in the upper and lower insets respectively. 
6 is the angle of incidence of the light with respect 
to the surface normal and therefore the angle be- 
tween the polarisation vector and the surface. Three 
features were found in the near-edge region spectra, 
which are labelled 1, 2 and 3 in Fig. 4. Feature 1 is 
most clearly seen at an azimuth of 90° and close to 
normal incidence and also at grazing incidence for 
an azimuth of 0°. Peak 2 can be seen most clearly at 
grazing incidence for an azimuth of 90° and peak 3 
for example at normal incidence at an azimuth of 
90°. 

The intensity of the first two features has been 
monitored in detail by taking spectra both at a fixed 
azimuth of 90°, varying the polar angle, and by 
varying the azimuth at a polar angle of -15°. The 
intensity variation of peaks 1 and 2 with polar 
angle/azimuth are shown in Fig. 5. For peak 1 both 

sets of data can be fitted with a cos2 function with 
the maximum in the azimuthal angle scans at about 
90° and the minimum in the polar angle scans at 36°. 
The second peak has a rather different profile, reach- 
ing maximum intensity at 0° in the azimuthal angle 
scans and minimum intensity at 0° in the polar angle 
scans. The third peak data were not good enough for 
any detailed evaluation. 

Assuming that SH~ bonds to the surface indium, 
this adsorbate has a similar configuration to meth- 
ylmercaptan (CH3SH). Gas phase NEXAFS data 
exist for this molecule [8,9]. The first two peaks in 
the NEXAFS spectrum were attributed to the S-C 
(here the S-In) and the S-H bond respectively; both 
have a symmetry. The NEXAFS profile of feature 1 
is fully consistent with the S-In bond in the contin- 
ued layer structure; the maximum in the 90° azimuth 
is consistent with the S-In bond being perpendicular 
to the surface chain, the minimum at a polar angle of 
36° corresponds to a geometry in which the polarisa- 
tion vector is perpendicular to the continued tetrahe- 
dral bond (i.e. 54° from the surface). By contrast the 
NEXAFS profile of feature 2 would suggest that the 
S-H bond lies in the azimuth of the chain, i.e. 
perpendicular to the continued layer orientation. Pos- 
sibly the HS molecule is rotated about the In-S bond 
axis. It is interesting to note that a possible effect of 
this is to overlap the S-H a levels along the chain 
direction, i.e. increase dispersion which would favour 
the Si-OH type assignment of ARUPS features. 
However, the quality of the data for feature 2 in the 
present measurement is limited and a further investi- 
gation is planned. 

4. Conclusions 

The adsorption of H2S on InP(llO) was studied 
with ARUPS and NEXAFS. The results are inter- 
preted within the model of dissociative adsorption of 
H+ and SH~ at the surface anion and cation dan- 
gling bonds. Three features, two of which show 
dispersion, were identified in the ARUPS spectra at 
binding energies (at D of -6.8 eV, -3.5 eV and 
- 2.2 eV relative to the VBM. A HF MO calculation 
would assign these to the S-H bond, the S-In bond 
and one sulphur lone pair. However, this assignment 
may not be correct. Further comment on the ob- 
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served dispersion requires a proper calculation. 
NEXAFS results were interpreted using CH3SH as a 
model compound. The results are in good agreement 
with the sulphur being located in phosphorus sites of 
the continued layer structure but there are indications 
that the adsorbate complex departs from the simple 
tetrahedral structure. A more detailed investigation 
of the near edge profiles is planned. 
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Abstract 

H-terminated n- and p-type Si(lll) surfaces are characterised by the large-signal field-modulated photovoltage technique 
(SPV) measuring the surface potential and the energetic distribution of surface states Dlt(E). Using aqueous HF acid (HF) 
and buffered HF solution (BHF), different methods of chemical preparation were carried out characterising the treated 
surfaces repeatedly during the preparation process. The ideal H-terminated surface displays a very low density of surface 
states, comparable to well thermally oxidised surface and a significant decrease of HF-induced positive surface charge. The 
absence of these extrinsic defects indicates the successful preparation of H-terminated surfaces characterised by a nearly 
intrinsic surface state distribution. The surface state density was found to be mainly influenced by three aspects of the 
preparation: the doping type and the surface morphology of the substrate, the kind of chemical treatment, and the clean-room 
conditions as well. Very low surface state density (5 X 1010 cm"2 eV"' and about 2X 1010 cm"2 eV"1 on n-type and 
p-type Si surfaces, respectively) were obtained using BHF as final etching solution, when the treatment was carried out in N2 

atmosphere. 

1. Introduction 

Wet chemical treatments are conventionally re- 
quired in semiconductor processing to remove parti- 
cles, organic and metallic contaminants. As a result 
of rapid advances in microelectronic device manu- 
facturing, the thickness of typical gate oxides de- 
creased to about 10 nm. The properties of thin oxide, 
epitaxial, and passivation layers are strongly influ- 
enced by the chemical integrity and morphological 
structure of the semiconductor surface prior to prepa- 
ration. Wet chemical methods used to clean and 

Corresponding author. 

passivate silicon surfaces prior to the processing can 
be classified into two groups according to the differ- 
ent passivation mechanism. Hydrophilic methods, 
e.g. the RCA standard clean process [1], are mainly 
based on H202 containing solutions which increase 
the silicon surface micro-roughness as a side effect 
to the H202 decomposition [2]. Moreover, the result- 
ing hydrophilic surfaces are contaminated by native 
oxide films and their impurities. To avoid both, 
micro-roughness and contamination by native oxides, 
various hydrophobic methods have been developed 
using HF and NH4F solutions to dissolve the native 
oxide completely and to passivate the surface with 
hydrogen [3,4]. For control and optimization of these 
cleaning procedures a variety of surface sensitive 

0169-4332/96/S15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
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spectroscopical and structural methods has been ap- 
plied to characterise the treated surfaces [5,6]. 

In this paper we report on investigations of sur- 
face Fermi level position and the surface state distri- 
bution of H-terminated surfaces carried out to achieve 
a better knowledge of the influence of the chemical 
treatment on electronic properties of the H-terminated 
surfaces. As recently reported we compared the sur- 
face electronic properties of electrolytically hydro- 
gen terminated Si(lll) surfaces after storage in ni- 
trogen and in air and after hot water treatment [7]. 
The electrochemical H-termination is a laborious 
method, applicable on single wafers only. The pre- 
sent paper for the first time demonstrates the optimi- 
sation of simple preparation methods, compatible to 
the wet chemical technological process, resulting in 
H-terminated surfaces characterised by a very low 
surface state density about 2 X 1010 cm-2 eV_1. 

2. Dangling bond model of the Si surface 

The electronic properties of Si-surfaces and inter- 
faces are determined by surface and interface states. 
Surface states on clean Si surfaces after chemical 
etching originate from extrinsic and intrinsic dan- 
gling bonds (DB) with different back-bond configu- 
rations. The saturation of dangling bonds by adatoms 
removes these surface states and replaces them by 
adsorbate-induced states influencing the surface 
band-bending. 

We utilised the large-signal field-modulated sur- 
face photovoltage technique (SPV) for contactless 
measurement of the surface band-bending and of the 
energetic distribution of surface states Dn(E). The 
continuous energetic distribution of surface states as 
determined by C(V) and SPV methods can be sepa- 
rated into several groups of states. Following the 
dangling bond model for the Si/Si02 interface [8] 
two groups of intrinsic states UT (resulting from 
strained Si-Si bonds) and UM (resulting from DB 
defects back-bonded only to silicon) give rise to 
U-shaped distributions while extrinsic states (corre- 
lated to Si atoms of lower state of oxidation, Si+I 

and Si + 2) form additionally Gaussian distributions 
of extrinsic states PL and PH, respectively. The 
defect groups UM and Ph are not only identified by 
the electronic model consideration but also by EPR 

measurements [9]. Here we use the dangling bond 
model for the interpretation of surface state distribu- 
tions obtained from SPV measurement on chemically 
treated and native oxidised Si surfaces. 

3. Experimental 

Polished thermally oxidised Si(lll) n-type (5 and 
70 ft-cm) and p-type (1, 190 and 270 ft • cm) 
samples were chemically cleaned by conventional 
SCI and SC2 processes [1]. After removing the 
thermal oxide in a HF solution pH = 5 the samples 
were chemically reoxidised in a boiling solution of 
H2S04 :H202 (1:1) for 10 min, rinsed and after- 
wards placed into the final etching solution. Concen- 
trated HF (48%, treatment time tHF = 30 s) were 
applied for conventional HF treatment. Pure NH4F 
(40%) solution pH = 7.8 (treatment time rBHF = 6.5 
and 10 min) was used for the H-termination process. 
To investigate the influence of the RCA cleaning 
process itself already H-terminated samples were 
again treated by conventional SCI and SC2 pro- 
cesses following the H-termination treatment. 

H-terminated surfaces were prepared under three 
different conditions: chemical laboratory (using lam- 
inar flow boxes), clean-room conditions (particle 
class 100) and dry nitrogen (using a closed inert- 
sphere). After short pure water rinse (?H 0 = 1 s) the 
samples were blown dry by pure nitrogen and char- 
acterised by SPV immediately after the treatment 
and repeatedly during the preparation process. To 
improve the chemical stability of the treated surfaces 
the samples have been stored in clean-room air 
(temperature 25°C, humidity about 50%). The reoxi- 
dation was examined by SPV measurements after 
exposure times ranging from 10 min to 15 months. 
We used the pulsed field modulated SPV for contact- 
less measurements of the surface potential using a 
mica foil dielectric spacer in the same experimental 
configuration as described in [10]. A pulsed laser 
diode (150 ns, wavelength A = 904 nm and power 
P=150 W) is used for flashing the sample. A 
dc-bias voltage source provides the field voltage UF 

to vary the surface band bending <£s. The electron- 
hole pairs generated by the incoming laser light 
decreases the built-in electrical field of the space- 
charge region near the semiconductor surface. Con- 
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sequently the surface potential (f>so is reduced to (f>s 

and a surface photovoltage U h can be measured: 

Uvh = 4>s-&S0 + UD. (1) 

The Dember voltage UD results from the different 
electron and hole mobility. With reasonable assump- 
tions for (f>so and UD, <£s can be obtained from U h 

[10]. The distribution of surface states Dh((f>so) is 
determined measuring Uph as function of the external 
bias voltages UF [11]. 

4. Results 

Representative U h(Up) plots measured on HF 
treated and H-terminated p-type samples (270 Ü • 
cm) are presented in Fig. la. Their shift to lower 
field voltage values indicates a significant decrease 
of the positive charge component with more efficient 
procedures for the preparation of H-terminated sur- 
faces. The reduced positive charge was found to be 
directly associated with a decrease of the surfaces 
state density (Fig. lb). 

Typical energetic distributions of the surface state 
density on p- and n-type Si are presented in Fig. lb 
and Fig. 2, characterised by a superposition of intrin- 
sic states forming the U-shaped background spec- 
trum and extrinsic states (PL) forming Gaussian 
distributions. While on p-type Si surfaces (Fig. lb) 
the generation of extrinsic defects can be avoided by 
a short HF (48%) dip, on n-type surfaces (Fig. 2) the 
conventional HF (48%) treatment results in a high 
concentration of extrinsic states below midgap. The 
concentration of these HF induced extrinsic states 

101 

101 

101 

101 

n-Si(lll) 

HF 4-8% 30 sec, clean-room 
lx (H2S04/H202, NH4F), clean-room 
2x (H2S04/H202, NH4F), clean-room 
2x (H2S04/H202, NH4F), N2 atmosphere 

-0.2 0 
E-E, (eV) 

0.2 

Fig. 2. Dit(E) for p-Si(lll) surfaces after different H-termination 
treatments. 

was significantly reduced by using BHF as final 
etching solution. A Dn(E) distribution dominated by 
only intrinsic states was observed when the chemical 
oxidation and the final etching step using NH4F was 
repeated. Using NH4F solution under clean-room 
conditions the concentration of intrinsic states was 
further reduced. Finally, performing the same treat- 
ment in N2 atmosphere again a significant decrease 
of the surface state density is obvious. 

Summarizing the results of these experiments we 
underline that the H-termination of Si(lll) surfaces 
in N2 atmosphere using NH4F as final etching solu- 
tion results in a minimum surface state density Dü min 

200        400        600 
UFIELD CV] 

■ HF 48% 30 sec Cchem. laboratory) 
■ H2S04: H202 10 min, NH4F 6.5 min, Cchem. laboratory) 
■ H2S04: H202 10 min, NH4F 6.5 min, (clean-room) 

Fig. 1 

E-E, (eV) 

SPV(C/F) curves (a) and Djt(E) (b) for p-Si(l 11) surfaces after different H-termination treatments. 
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Table 1 

Material 
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H-termination in N2 

atmosphere Ditmin 

(cm-2 eV"') 

p-Si 190 ft-cm 4X10'° 
p-Si 1 ft-cm 2X10'° 
n-Si70 ft-cm 5X10'° 
n-Si 5 ft-cm 6X10'° 

The H-terminated surfaces are characterised by a 
smaller surface charge directly after the treatment 
and a significantly longer initial phase. The logarith- 
mic decrease of surface charge during the following 
oxidation is equal for both types of treatments. 

5. Discussion 

0.4- 

0.3 
> 
ID 

0.2 

0.1 

o.o. 

—•— HF 48% , tHF = 30sec 

—A— H - termination ( NH4F) 

101 1(r 10J 104 10ö 

t ( min ) 

Fig. 3. Shift of surface Fermi level of HF (48%) treated (dots) and 
H-terminated (triangles) n-Si(lll) surfaces during storage in air. 

of 5X 1010 cm"2 eV_1 and about 2 X 1010 cm"2 

eV_1 on n-type and p-type samples, respectively 
(Table 1). The conventional RCA process gives in all 
cases a comparatively high surface state density 
Z)itmin of about 5 X 1012 cm-2 eV"1 (Table 2). 

After having studied the surface state distribution 
immediately after treatment we performed SPV mea- 
surements during the subsequent native oxide growth 
on H-terminated surfaces. In Fig. 3 the surface Fermi 
level positions of both, HF (48%, rHF = 30 s) treated 
and H-terminated n-type 70 ii • cm Si surfaces, are 
given as monitored during storage in clean-room air. 
In both cases after an initial phase a decrease of the 
positive surface charge component was observed. 

Our investigation of Si(l 11) surfaces H-terminated 
by different methods shows that the ideal H- 
terminated surface is characterised by a very low 
density of surface states, comparable to the well 
thermally oxidised surface and by a significant de- 
crease of HF-induced positive surface charge. The 
surface state distribution of chemically prepared 
samples was found to be mainly influenced by three 
aspects: the doping type and the surface roughness of 
the substrate, the kind of chemical preparation, and 
the clean-room conditions as well. 

These influences should be explained by the 
mechanism of chemical reactions governing the pro- 
cess of H-termination. It is well known that the 
initial surface after removal of oxide layers by HF- 
containing solutions is characterised by F-termina- 
tion of the Si dangling bonds yielding a strong 
polarisation of the Si-Si back-bonds. The H-termina- 
tion process is generally accepted to be due to the 
insertion of HF species into the polarised Si-Si 
bonds, leading to removal of the first Si atom layer 
as SiH4 and the hydrogenation of the second Si 
layer. The polarisation of Si-Si back-bonds, result- 
ing from the high electronegativity difference causes 
the selective attack of the nucleophilic HF compo- 
nents. 

Analogous reactions of other nucleophilic species 
in the solution namely OH, H20 or 02 we regard to 
be the reason for the generation of dangling bond 
defects back-bonded to O-atoms. The equilibrium of 
these reactions may be influenced by the composi- 

Table 2 

Material Dlt,min (cm"2 eV" 
H-termination 

') Dit,min(cm-2eV-') 
H-termination, SCI 

Oi,.min(cm-2eV-') 
H-termination, SCI, SC2 

p-Si 190 ft ■ cm 
n-Si 70 ft • cm 

4X 10'" 
5X 10'" 

4X 10'2 

5X10'2 
7X 1012 

1 X 1013 
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Fig. 4. £>;,(£) evolution of HF-treated and H-terminated n-Si(l 11) surfaces during storage in air. 

tion of the HF solution and the substrate properties 
as well. Using X-ray photoelectron spectroscopy 
(XPS) and high resolution electron energy loss spec- 
troscopy (HREELS) the resulting products of these 
surface reactions, for example Si-OH, were found to 
depend on the preparation conditions [5]. Our inves- 
tigations have clearly shown that the treatment time, 
the concentration and the pH value of HF containing 
solution influences strongly and in well defined man- 
ner the concentration of extrinsic dangling bond 
defects [12]. 

Recently the influence of dissolved 02 on the 
H-termination process was reported [13]. Because we 
obtained the best result when the preparation was 
carried out in N2 atmosphere (Table 1) a reduced 
concentration of dissolved 02 in the final etching 
solution and the rinsing water is assumed to be the 
reasons for these minimum surface state densities. 

The micro-roughness of conventionally cleaned 
surfaces is mainly caused by the decomposition of 
H202 in alkaline RCA solutions SCI [2], while the 
treatment in acid RCA solutions SC2 results in na- 
tive oxide layer [1]. A longer treatment in HF (48%) 
solution also increases the surface micro-roughness 
[6]. In all cases these treatments result in a high 
surface state density as can be seen in Table 2. The 
surface roughness and the associated concentration 
of surface states was found to be reduced when the 
chemical oxidation and the final etching process 
were repeated (Fig. 2). 

The treatment by concentrated HF (48%) solu- 
tions results in positive surface charge leading to 

strong inversion for p-type and to accumulation for 
n-type Si surfaces. The shift of t/ph (f/F) curves to 
lower field voltage seen in Fig. la indicates a signifi- 
cant reduction of the positive surface charge on well 
prepared H-terminated surfaces. The remaining posi- 
tive charge on ideally H-terminated Si(lll) surfaces 
is attributed to the polarisation of the electronic- 
charge distribution in the back-bonds of the top-layer 
Si atoms saturated by hydrogen. Due to the different 
electronegativities surface dipoles are formed leaving 
the Si atoms are positively charged. 

Our recently reported measurements have shown 
that the decrease of surface charge is related to the 
three phases of surface distribution changes during 
the native oxidation process [14]. The change of 
surface charge obtained by a surface charge analyzer 
(SCA) was also correlated to the native oxide growth 
detected by XPS and contact angle measurements 
[15]. The results presented in Fig. 3 and Fig. 4 
clearly indicates that the duration of the initial phase 
of oxidation in air is highly sensitive to the elec- 
tronic surface states induced by the H-termination 
treatment while the kinetics of the subsequent native 
oxidation process and the Dlt(E) distribution of the 
resulting native oxide interface are independent from 
the kind of HF pre-treatment. 

6. Conclusion 

We demonstrated that the ideally H-terminated 
surface is characterised by outstanding electronic 
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properties namely an intrinsic surface state distribu- 
tion and a very low density of surface states. It is 
comparable to well thermally oxidised surfaces and 
contains only a small positive surface charge. The 
surface state density was found to be mainly influ- 
enced by doping, surface morphology, the kind of 
chemical preparation, and the clean-room conditions 
as well. Applying a dangling bond model surface 
defects have seen correlated to Si surface atoms of 
different states of oxidation. It was shown that the 
SPV technique is highly sensitive to the remaining 
extrinsic surface states on H-terminated surfaces and 
can be used therefore to optimise the preparation 
process. 
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Abstract 

Co-adsorption of tin and potassium is found to induce a 3 X 1 reconstruction on the Ge(lll) surface. A very small 
amount of tin influences the Ge 3d core level spectra substantially compared to the Ge(lll)3 X 1:K reconstruction. This is 
interpreted as resulting from a relaxation of the strain in the rows Ge atoms running along the surface, as proposed for this 
structure. 

PACS: 73.40Qv; 79.60.E 

1. Introduction 

A vast number of metals are known to induce 
3X1 reconstructions on Si(lll) (Ag, Mg, Ca, Li, 
Na and Cs) and Ge(lll) (Li, Na, and K) (see e.g. 
Ref. [1]). The structural models proposed for these 
surfaces have also caused some debate during the 
past years. Fan and Ignatiev have shown, using I-V 
low energy electron diffraction (LEED), that the Ag, 
Li, Na, K and Cs induced 3X1 reconstructions on 
the Si(lll) surface all have a similar geometry [2,3]. 
They further showed that the Ge(lll)3 X l:Li, Na 
and K systems have analogous character in terms of 
atomic geometry [4]. 

* Corresponding author. 

The Ge(lll)3 X 1:K and Li structures were re- 
cently studied in detail by Grehk et al. [1]. Despite 
the similar geometries as seen with /V-LEED, 
marked differences between the two alkali induced 
surface structures were observed in the core level 
line shapes. The Ge(lll)3 X 1:K surface was pro- 
posed to be described by a structure comprising 
double rows of Ge separated by single rows of 
potassium. A general model was proposed by Weit- 
ering et al. [5], for metal induced 3 X 1 reconstruc- 
tions on the Si(lll) surface, based on a missing top 
layer reconstruction with 2/3 monolayers (ML) of 
Si (or Ge) atoms forming chains similar to the 
Si(lll)2 X 1 surface obtained after cleaving. 

In this work we present synchrotron radiation core 
level photoelectron spectroscopy (PES) results from 
the Ge(lll)3 X 1:K/Sn surface. A strong influence 

0169-4332/96/S15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
PII S0169-4332(96)00131-6 
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on the Ge 3d level is observed by co-evaporation of 
very small traces of tin, whereas the K 3p line shape 
is unaffected. This is interpreted as a partial Sn 
substitution in the top layer Ge chains which relieves 
the strain and inhibits the shift of the Ge 3d core 
level binding energy of the two topmost Ge layers. 

2. Experimental 

The experiments were performed at beamline 22 
at the Swedish National synchrotron radiation facil- 
ity MAXLAB in Lund [6]. An experimental resolu- 
tion better than 0.1 eV was used for the Ge 3d and K 
3p core levels and a slightly lower resolution for the 
Sn 4d level. All spectra were recorded at normal 
emission and at room temperature. 

The samples were cut from a Ga-doped (0.004- 
0.01 O cm) Ge(lll) wafer, prepared in situ by 
repeated cycles of Ar+ ion sputtering and resistive 
annealing at 700CC as measured by a pyrometer. The 
reconstruction was prepared by co-evaporation of the 
two metals and subsequent annealing. The amount of 
metal on the surface was estimated from wide scans 
including the Ge 3d, Sn 4d and K 3p core lines, 
where the amount of Sn was found to be around 0.05 
ML by taking the different cross-sections [7] into 
account and the amount of K was found to be 
roughly 20% lower here than on the nominal 
Ge(lll)3 X 1:K surface [1]. However, as mentioned 
by Weitering et al. [5], the 3 X 1 reconstructions are 
observed in a rather wide metal coverage range 
below 1/3 ML metal coverage. 

Ge(111):K/Sn(3x1) 

Ge 3d, hv=70 eV 

Ge 3d, hv=90 eV 

Ge3d, hv=110eV 

BINDING ENERGY (eV) 

Fig. 1. A set of high resolution Ge 3d core level spectra from the 
Ge(lll)3X 1:K/Sn surface reconstruction, recorded at 70, 90 and 
110 eV photon energy respectively, as indicated in the figure. 

for E2 are 0.59 eV and 0.68 eV. Furthermore, the 
bulk peak has shifted 0.40 eV to higher binding 
energy compared to the Ge(lll)3Xl:K surface, 

3. Results and discussion 

In Fig. 1 a set of Ge 3d core level spectra is 
shown, recorded at 70, 90 and 110 eV photon energy 
respectively as indicated in the figure. Two surface 
related components both shifted to lower binding 
energy were needed to fit the experimental spectra. 
This situation is the same as for the Ge(lll)3 X 1:K 
surface, see Fig. 2 where a Ge 3d spectrum from 
Ref. [1] is shown, although the binding energy shifts 
(£,-, i = 1 or 2) are slightly different for the two 
surfaces, El = 0.22 eV here and 0.24 eV for the 
Ge(lll):K surface, while the corresponding numbers 

Ge3d 

hv=90 eV 

31 30 29 28 

BINDING ENERGY (eV) 

Fig. 2. Ge 3d spectrum from the Ge(lll)3Xl:K surface (from 
Ref. [1]). 
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indicative of a change in the bandbending at the 
surface. 

However, a more obvious difference is the rela- 
tive intensity of the peaks. In the case of Ge(l 11)3 X 
1:K the surface peak Al was stronger than the bulk 
peak intensity, whereas here, the bulk peak has 
recovered and clearly dominates the present spectra 
in Fig. 1. The relative intensity of A2, which was 
related to second layer Ge directly below the K [1], 
has also decreased, about 27% as compared to the 
Ge(lll)3Xl:K surface where it corresponded to 
roughly 1/3 ML. Thus the decrease observed here 
would give a corresponding coverage equal to 0.24 
ML. 

Fig. 3(a) presents the deconvoluted K 3p core 
level spectra recorded at 70 eV photon energy. The 
line shape and curve fitting parameters used are the 
same as those used to fit the Ge(lll)3 X 1:K K 3p 
spectra [1], the only difference being that the peak as 
a whole has shifted 0.30 eV to higher binding en- 
ergy. In Fig. 3(b) the Sn 4d spectrum recorded from 
this surface is shown. Two contributions must be 
included in the synthesis to get a good fit. The 

Top view 

Side view 
o«0 Geatom 
® Metal atom 

Fig. 4. Structural model from Ref. [5], proposed to be valid for 
metal induced 3X1 reconstructions on the Si(lll) surface. The 
assignment of the different circles are indicated in the figure. 

a) . 
K 3p, hv=70 eV 

f/] 

a^in^.ma^järf^8^-—-—- 

\K^\ 

19 18 
BINDING ENERGY (eV) 

25 24 

BINDING ENERGY (eV) 

Fig. 3. K 3p (a) and Sn 4d (b) spectra from the reconstructed 
surface. 

binding energy separation of the two Sn 4d peaks is 
0.30 eV, whereas the K 3p components, Kl and K2, 
are 0.38 eV apart. The intensity ratios of the compo- 
nents are 1.47 for the K 3p line with the stronger 
peak being on the high binding energy side, while 
the ratio is 1.82 between the two Sn 4d components, 
but the low binding energy contribution is stronger. 

The Ge 3d Al peak, shown in Fig. 2, was as- 
signed to a contribution from the reconstructed 
selvedge [1]. If the structural model proposed by 
Weitering et al. [5], shown in Fig. 4, is supposed to 
be correct, this selvedge may be represented by the 
Ge atoms in the double rows and by the Ge atoms 
directly below these double rows which would corre- 
spond to a total coverage of 4/3 ML. From a 
comparison with results from the clean Ge(lll) c(2 
X 8) surface [8], assuming an electron mean free 
path of 4 A in an exponential attenuation model the 
intensity derived for the peak Al is in excellent 
agreement with the one actually obtained from the fit 
indeed taking into account the fact that 2/3 ML of 
the intensity originates from a layer beneath the 
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double row. The intensity of Al in the present case 
is clearly lower. By using the same argumentation as 
above this intensity corresponds roughly to 0.75 ML. 

The potassium core level is not very much af- 
fected by the presence of tin, neither the line shape 
nor the relative intensities change, the binding en- 
ergy shift between the two peaks is also the same. 
The only difference is the overall shift of the K 3p 
line by 0.30 eV to higher binding energy and the 
decrease of the total intensity as compared to the 
Ge(lll)3 X 1:K surface reconstruction. The de- 
creased K 3p intensity, together with the similar 
decrease of the Ge 3d A2 intensity, is in good 
agreement with the assignment of A2 to Ge below 
the adsorbed K atoms. The small disagreement be- 
tween the 27% Ge 3d A2 decrease and the 20% 
intensity drop for K 3p most probably arises from 
uncertainties in the cross section values. 

A plausible situation would be one where tin is 
substituting the Ge atoms in the chains in the top 
surface layer. The situation is depicted in Fig. 4 
where the structural model from Ref. [5] is shown. 
By substituting one of the Ge chain atoms, indicated 
by large open circles, as many as 6 Ge atoms are 
affected; firstly of course the one which has been 
substituted, but also the two neighboring chain atoms, 
and presumably the three Ge atoms below these two 
Ge and the substituting Sn atom itself. Again from 
the arguments used above, this would explain inten- 
sity drop for Al. 

A driving force for the substitution would be to 
release the strain inherent in the chains, since the tin 
atoms are larger than Ge. A similar behavior has 
been observed previously on the Ge(lll)-Sn sur- 
face, where two reconstructions; (7 X 7) and (5 X 5), 
are formed following tin deposition (see e.g. [9]). 
These structures are due to a dimer adatom stacking 
fault reconstruction. The substitution of tin in the 
dimer rows lower the strain and the elastic energy 
[10]. The changes seen on the Ge 3d core level line 
profile in the present case would then indicate that, 
because of the large number of atoms contributing to 
the shifted core level component, a substantial 
amount of strain is present not only in the top layer 
but also in the first layer below. Apparently this 
strain can be relaxed by introduction of a small 
amount of tin in the surface structure. 

This scenario assumes that all tin atoms occupy 

top layer chain positions, in some contradiction with 
the presence of two peaks in the Sn 4d spectrum, 
which indicates a second tin site in the structure, 
either subsurface or on the K sites. The K site would 
to some extent give an explanation to the lower K 
density on this surface than in the Ge(lll)3 X 1:K 
surface structure, and the related reduced intensity of 
the Ge 3d A2 peak. However, as mentioned in Ref. 
[5], the metal coverage may vary in the 3 X 1 recon- 
structions due to metal desorption. Thus, the lower K 
intensity is not necessarily linked to the presence of 
tin on the surface, but may be an effect of slightly 
different annealing conditions. We thus conclude to 
the probable presence of tin in the Ge chains as well 
as in a subsurface site, by which the strain in the 
structure is released. 

In the Ge(lll)3 X 1 K/Sn surface the Ge 3d A2 
component has shifted 0.09 eV towards the bulk 
peak, that is to higher binding energy, whereas the K 
3p peak is shifted 0.10 eV to lower binding energy, 
as compared to the Ge(lll)3 X 1:K surface. Thus, 
the presence of tin significantly influences the charge 
distribution in the K-Ge bond, via the relaxation of 
the chains. 

4. Summary 

We have presented core level photoelectron spec- 
troscopy results from the Ge(lll)3 X 1: K/Sn sur- 
face reconstruction. The drastic changes observed in 
the Ge 3d core level line shape were interpreted as a 
partial substitution of tin both in the Ge rows run- 
ning along the surface, as proposed in recent studies 
[1,5] on related surface structures, and in subsurface 
sites. These changes were proposed to be due to a 
relaxation of the strain inherent in these Ge chains. 
Furthermore, the results points to the importance of 
small traces of foreign species on the electronic 
properties of the interface formation during metal on 
semiconductor growth. 
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Abstract 

The electronic properties of clean Si(110)16X2 and Si(l 10)2 X 3-Sb surfaces have been studied by angle resolved 
ultraviolet photoelectron spectroscopy (ARUPS) and surface differential reflectivity (SDR). For the clean 16 X 2 surface four 
surface states have been recognized by ARUPS and their dispersions have been mapped along the main symmetry lines in 
the surface Brillouin zone. SDR experiments revealed transitions between filled and empty surface states at ~ 1.8, 2.4 and 
2.9 eV. Antimony has been subsequently evaporated (about one monolayer) thus obtaining a 2 X 3 reconstruction. The 
surface electronic structure resulted to be strongly modified with three surface state bands observed in ARUPS along the 
[Til] direction and no optical transitions detected by SDR in our energy range (1.3-3.5 eV). 

1. Introduction 

As compared to the (111) and (100) face of 
silicon, the Si(110) face has been less studied. The 
first low energy electron diffraction (LEED) study 
[1] of the Si(110) surface has shown the presence of 
several reconstructions, (4 X 5), (2 X 1) and (5 X 1) 
and several experiments [2-9] have been performed 
afterwards. However, with the help of auger electron 
spectroscopy (AES) and LEED, Ichinokawa et al. 
[10] proved that the Si(110)-(4 X 5), (2X1) and 
(5X1) phases are stabilized by Ni-contamination 
(2-7% of a monolayer). Experiments performed in 

Corresponding author. 

very clean conditions have shown that the clean 
Si(110) face is characterized by only one superstruc- 
ture, the '16 X 2'. These conclusions were confirmed 
by reflection high energy electron diffraction 
(RHEED) [11] and scanning tunneling microscopy 
(STM) [12,13] and some geometrical models have 
been proposed [7,8] to explain the experimental data. 
Due to this recent discovery and the experimental 
difficulties of the surface preparation, the electronic 
properties of the clean Si(110)16 X 2 phase are 
scarcely known. Photoemission yield spectroscopy 
[14] has revealed a filled band of electronic states 
near the valence band maximum with a width of 
approximately 1 eV, and field effect kinetics [15] 
experiments have shown that the (16X2) surface is 
semiconducting with a gap of 0.4 eV between filled 
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and empty surface states. Further optical transitions 
[16] were detected at 2.4, 3.2 and 3.8 eV by means 
of differential reflectivity experiments. 

The interaction of Sb atoms with Si(100) and 
Si(lll) surfaces has been the subject of much re- 
search in recent years because antimony is the most 
commonly used donor dopant in Si-MBE. Depending 
on Sb coverage several reconstructions can be ob- 
tained on the Si(l 11) face [17] while on the Si(100) 
face only a Sb-induced 2X1 superstructure is ob- 
served [18,19]. In contrast just few studies are de- 
voted to the study of the interaction of Sb atoms with 
the Si(llO) face [20,21]. In particular Rich et al. [20] 
have shown that 1 ML of Sb deposited onto the 
Si(l 10) substrate held at 350°C forms a 2 X 3 struc- 
ture. Different phases have been observed by Zotov 
et al. [21] as a function of Sb coverage. 

In this work we present a study of the electronic 
properties of the clean Sid 10)16 X 2 and of 
Sid 10)2 X 3-Sb surfaces with angle resolved ultravi- 
olet photoelectron spectroscopy (ARUPS) and sur- 
face differential reflectivity (SDR). On the clean 
surface ARUPS spectra showed the existence of four 
surface state bands whose dispersions have been 
mapped along the main symmetry lines in the sur- 
face Brillouin zone (SBZ) showing similarities with 
the Si(l 11)7 X 7 electronic properties [22]. SDR re- 
sults showed, in the energy range between 1.4 and 
3.3 eV, the presence of three optical transitions at 
1.8, 2.4 and 2.9 eV. The Si(110)2 X 3-Sb surface 
shows a semiconducting behavior with the highest 
occupied surface-state band observed around 1.7 eV 
below the Fermi level (EF) in normal emission. SDR 
experiments showed no optical transitions up to an 
energy of 3.5 eV indicating that the minimum energy 
position of the lowest empty band must be at least 
1.8 eV above EF. 

He I light was 100 meV and the angular resolution 
of the hemispherical analyzer was + 1°. 

The SDR experiment consists of shining light at 
normal incidence onto the surface of the Sid 10) in 
UHV conditions and measuring the intensity of the 
reflected light with an optical multichannel array; a 
dummy silicon sample is used as reference. The 
results are given in terms of AR/R, i.e., the change 
in sample reflectivity after gas adsorption [23,24]: 
AR/R = (/?clean - Ro)/R0. #clean corresponds to the 
clean surface and R0 to the surface after atomic 
hydrogen adsorption. For photon energies below the 
silicon direct bulk gap (3.5 eV), AR/R gives di- 
rectly the imaginary part of the surface dielectric 
function [25]. 

The samples (n-type, 1014 carriers/cm3) were 
mechanically polished and etched in the CP-type 
etchant [26]. They were thoroughly outgassed at 
500°C in ultrahigh vacuum and the final cleaning 
was performed by heatings with direct current 
(1000-1200°C, 10 min, slow cooling) in a vacuum 
of less than 3 X 10~9 Torr. Quite distinct two-do- 
main '16 X 2' LEED pattern was observed. 

Sb was evaporated from thoroughly outgassed 
Knudsen cell at a rate equivalent to 0.5 ML/min, as 
monitored with a quartz microbalance. 1 ML of Sb is 
defined as the site density for the unreconstructed 
surface which is 9.6 X 1014 atoms/cm2. Pressures 
during Sb deposition and sample heating did not 
exceed 1.0 X 10 ~9 Torr. The presented spectra for 
the Si(l 10)2 X 3-Sb surface were recorded from a 
surface obtained by evaporating 1.2 ML of Sb onto a 
clean 16x2 surface (prepared according to the pro- 
cedure described above) held at about 650°C. This 
produced a surface with a sharp 2X3 LEED pattern 
with very low background. All temperatures were 
measured with an infrared pyrometer. 

2. Experimental set-up 3. Experimental results 

ARUPS spectra were recorded in a Vacuum Gen- 
erators VG-450 ultrahigh-vacuum (UHV) chamber at 
a pressure of less than 2 X 10~I0 Torr. Unpolarized 
21.2 eV radiation from a helium discharge lamp was 
used. The estimated total energy resolution as deter- 
mined by the analyzer voltages and the width of the 

Fig. 1(a) is a scheme of the two-domain 
Si(l 10)16X2 LEED pattern showing the integer- 
order spots (large circles) and the fractional-order 
spots (small circles) together with the geometry of 
the Si(110) surface Brillouin zone (SBZ) with the 
main symmetry lines. Two families of equidistant 
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parallel lines drawn by the spots can be easily distin- 
guished on the diagram. This type of pattern is 
explained by the presence of two domains, each 
domain being associated to one family of parallel 
lines respectively oriented in the [111] and [TlT] 
directions. It is generally admitted that this recon- 
struction is named '16 X 2' according to the 16 spots 
along the two diagonals of the unit mesh in the 
reciprocal lattice in the [111] directions. Fig. 1(b) is a 
scheme of the Si(110)2 X 3-Sb LEED pattern show- 
ing the integer-order spots (large circles) and the 
fractional-order spots (small circles) together with 
the geometry of the Si(110) surface Brillouin zone 
(SBZ) with the main symmetry lines. 

Fig. 2 shows ARUPS spectra recorded from the 
clean Si(l 10)16x2 surface for various angles of 
emission along the [111] direction. They contained 
several distinct structures: the one (Sj) closest to the 
Fermi level has a binding energy of 0.9 eV at normal 
emission. The structure then moves towards E¥ for 
larger angles of emission with maximum energy of 
-0.30 eV for 0e = 25° and a total bandwidth of 0.6 
eV. We point out that a similar state with a larger 
bandwidth (1 eV) has been observed by photoemis- 
sion yield spectroscopy [14]. The structure S2  is 

to z 
LU 

V      .      Si(110)16x2 - two-domains 
'V^-     s3 •v ^  ,s4 

\ s2 

W ,      X  \  Si   e. 
/•    ^Sk       V»        <\    35° 

»^-"V. 

V>_-' I 

V' •• \ '">■  •   30° 

^v ...A •''. V     25" 

10° 

hv=21.2eV   0=47.5°   along [ill]         \ 5" 

 , , , , S_J1 

Fig. 2. 
various 
The am 

-10 -8-6-4-2 0 2 

ENERGY BELOW EF (eV) 

Photoemission spectra recorded from Si(110)-16x2 for 
angles of emission along the [111] azimuthal direction, 

rle of incidence is ©, = 47.5°. 

A [001] 

x<iY 

[111] 

[110] 

Fig. 1. Scheme of the LEED pattern showing the integer-order 
spots (large circles) and the fractional-order spots (small circles) 
together with the geometry of the Si(110) surface Brillouin zone 
with the main symmetry lines for the clean 16 X 2 (a) and Sb-2 X 3 
(b) surfaces. 

observed as a weak shoulder around 1.7-1.9 eV 
below EF. The feature S3 is observed around 2.8-2.9 
eV below EF at T point and shows a parabolic 
downward dispersion for larger angles of emission 
with a total bandwidth of 1.8 eV. Structure S4 is 
observed around 3.9-4.0 eV below E¥ at T point, 
then it shows un upward dispersion of 0.75 eV with 
maximum energy for ®e = 25°. 

The ARUPS spectra obtained along the [111] 
azimuth from the Si( 110)2 X 3-Sb surface are shown 
in Fig. 3 and present three Sb-induced structures, 
Sbj, Sb2 and Sb3. Sb, is identified in normal emis- 
sion at 1.7 eV below EF and it shows a downward 
dispersion (0.4 eV) with minimum energy at ©e = 10° 
and then an upward dispersion for larger angles of 
emission. A prominent peak (Sb2) is present at T 
around 2.1-2.2 eV below EF; the peak moves down- 
ward for larger angles of emission with minimum 
energy of - 4.9 eV for @e = 30° and a total band- 
width of 2.7 eV. The structure Sb3 is observed at 
6>e = 25° and disperses upwards 0.7 eV up to ©e = 
40°. 
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Fig. 3. Photoemission spectra recorded from Si(110)2x3-Sb for 
various angles of emission along the [111] azimuthal direction. 
The angle of incidence is 0t = 47.5°. 

The surface origin of the previous features is 
supported by their strong sensitivity to the surface 
ordering and contamination. In practice on the 
Si(110)l6X2 surface ten hours at a pressure of 
2X 10"10 Torr quenched all the structures around 
the bulk valence band maximum. For this reason we 
had to refresh the surface by mild annealing at 700°C 
every two hours. 

Similar results are obtained for the Si( 110)2 X 3- 
Sb surface: Fig. 4 shows ARUPS spectra taken in 
normal emission for a clean surface (Fig. 4(a)) and 
after 1000 L of excited molecular hydrogen (Fig. 
4(b)). 

Fig. 5 shows the experimental energy dispersions 
of the different structures reported in Figs. 2 and 3. 
Similar features with similar dispersion are observed 
along the [110] direction. It can be immediately 
noticed that the surface states S2, S3 and S4 present 
on the clean surface have their corresponding ones 
(Sbp  Sb2  and Sb3) on the 2 X 3-Sb surface. A 
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Fig. 4. Photoemission spectra for a clean (a) and contaminated (b) 
Si(l 10)2X3-Sb surface. 

structure corresponding to S; has not been observed 
on the 2 X 3-Sb surface. This can be explained by 
the fact that S, is presumably due to dangling bonds 
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states on the clean 16X2 surface; on the 2 X 3-Sb 
surface, if we take into account the trimer model by 
Zotov et al. [21], no dangling bonds are left unsatu- 
rated. 

It is worth to note that these surface states had 
distributions in £-space consistent with a 1 X 1 SBZ, 
i.e. a mirror symmetry around the Brillouin zone 
boundary. Similarly in the photoemission studies on 
the Ge(lll)c(2 X 8) [27] and Si(lll)7 X 7 surfaces 
[28], the surface state distributions have not been 
observed to show the periodicity of the small super- 
structure Brillouin zone. Rather the observed surface 
state bands have been found to correspond to (1 X 1) 
[27] or (2 X 2) [28] surface cells, indicating that the 
photoemission experiments, therefore, seem to be 
more sensitive to the short range ordering of the 
surface, in contrast to, e.g. LEED which reveals the 
long range periodicity of the surface geometry. 

The SDR spectrum for the Si( 110)16 X 2 surface 
is shown in Fig. 6. It contains rather broad (~ 0.5 
eV) but quite distinct peaks centered at ~ 1.8, 2.4 
and 2.9 eV. Peaks at 2.4 and 2.9 eV are in good 
agreement with previous data from Ref. [16] (2.4 and 
3.2 eV, respectively) while the peak at ~ 1.8 eV 
was not observed before. The interpretation of the 
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Fig. 6. Surface differential reflectivity spectrum for the clean 
16X2 structure. 

SDR results needs additional information on the 
empty electronic states and their dispersions. On the 
basis of energy conservation and excluding excitonic 
effects we can predict from our filled bands that the 
transition at 1.8 eV arises between the S, band and 
an empty final state located between 0.85 and 1.5 eV 
above the Fermi level. The transition at 2.4 eV could 
involve the same S; initial band and a final empty 
band between 1.45 and 2.1 eV above EF, or it could 
involves the S2 band with an empty final state 
around 0.6 above EF. The interpretation of the 2.9 
eV peak is more difficult since also the S3 band can 
be involved. 

SDR experiments did not show any optical transi- 
tion on the 2 X 3-Sb surface. From the ARUPS 
spectra of Fig. 3 and from energy considerations the 
minimum energy position of the lowest empty band 
must be at least 1.8 eV above EF. In this picture the 
empty band needs to be mapped all along the sym- 
metry lines. 

The interconnection between atomic and elec- 
tronic structures of semiconductor surfaces needs 
information on their geometry and according to gen- 
eral theoretical considerations [22] the presence of 
features in the ARUPS spectra of semiconductor 
surfaces is caused by several structural peculiarities. 
For example, the rich ARUPS-spectrum of the 
Si(lll)-(7 X 7) phase [22] is based on the variety of 
its structural elements (adatoms, dimers, rest atoms, 
stacking faults, corner holes) [29,30]. More or less 
detailed analysis have been performed on Si( 110)16 
X 2 surface [8] on the ground of experimental results 
available and semi-empirical tight-binding total en- 
ergy calculations for concrete structural elements. 
Structural measurements [12,13] have suggested that 
the 16X2 unit cell of terrace shape could be built 
with the help of silicon adatoms, dimers and rest 
atoms just as the well-known DAS-model [30] of the 
Si(lll)-(7X7) reconstruction. For the 2 X 3-Sb 
phase, Sb adatoms contributions based on the trimer 
model of Zotov et al. [21], must be taken into 
account. 

Detailed discussion of the surface electronic spec- 
trum of the Si(l 10)16X2 and of Si(l 10)2 X 3-Sb 
phases needs to be done on the ground of modern 
theoretical treatment. It could clarify the participa- 
tion of each structural element in the surface bands 
formation. 
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Abstract 

We have studied the atomic structure of the (2i/3 X 2v/3")R30° reconstruction induced by adsorption of about 1.1 
monolayers of Sn on Si(lll) using surface X-ray diffraction (SXRD) and scanning tunnelling microscopy (STM). The 
experimentally obtained structure factors in SXRD are in contradiction with existing models in the literature and we 
conclude the need for a new surface atomic structure model. We have been able to determine a number of properties of an 
appropriate surface model to allow a better fit to the experimental structure factors. 

1. Introduction 

One of the central aims of the surface science of 
semiconductors has been to understand the details of 
the origin of the Schottky barrier. Sn/Si(l 11) is an 
example of an abrupt metal-semiconductor inter- 
face, uncomplicated by interdiffusion or chemical 
reaction [1]. It can therefore be used to study the 
surface atomic and electronic structure of the initial 
stages of epitaxial Sn growth onto Si(lll). Sn is of 
particular interest since it belongs to the same group 

* Corresponding author. Present address: Fraunhofer-Technolo- 
gie Entwicklungsgruppe (TEG), Nobelstrasse 12, D-70569 
Stuttgart-Vaihingen, Germany. Tel.: +49 711 970-3654; fax: 
+ 49 711 970-3998; e-mail: ahl@teg.fhg.de. 

IV family in the periodic table as silicon and, like Si, 
(gray) a-Sn crystallises in the diamond structure. 
Also, Sn has recently been used to mediate surfactant 
epitaxy of Si on Si(lll) [2]. 

When Sn is deposited onto the atomically clean 
Si(lll)-(7 X 7) surface, three main reconstructions 
are formed, namely (7 X 7), (\Z3~ X \/3 )R30° and 
(2i/3" X 2\/3 )R30° [1] (the phase diagram of 
Sn/Si(lll) is given in Fig. l). Previous theoretical 
and experimental studies have shown that the Schott- 
ky barrier heights for the latter two reconstructions 
differ by 0.27 eV [3]. The atomic structure of the 
(i/3~ X A/3 )R30° phase (1/3 for short), first reported 
by Estrup and Morrison [4], is well known from an 
earlier surface X-ray diffraction (SXRD) study [5]. 
However, the detailed atomic structure of the (2v/3_ 
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860°C 

Path of sample preparation 

190°C 

Fig. 1. Phase diagram for the Sn/Si(lll)-system (after [1]). The 
path of sample preparation for the 2y3-reconstruction, as de- 
scribed in the text, is indicated. 

X 2\/3")R30o phase (2v^ for short) has not been 
previously determined. 

We have studied the atomic structure of the (2\/3" 
X 2v3 )R30° reconstruction induced by an adsorp- 
tion of about 1.1 monolayers of Sn on Si(lll) using 
SXRD supported by STM. We compare our data 
with a structural model that has been proposed ear- 
lier by Törnevik et al. [6]. This model has also been 
used as a starting point to perform a total energy 
minimisation in order to determine atomic positions 
more accurately in an improved structural model [3]. 

2. Experimental details 

The experiments were performed using the sur- 
face X-ray diffraction facility of the high-intensity, 
wiggler X-ray beamline Wl at HASYLAB (Ham- 
burg, Germany). The Au-coated, toroidal focusing 
mirror of beamline Wl collects several mrad of 
incoming radiation resulting in a focus size in the 
experimental hutch of ~ 1.6 X 6 mm2. The mono- 
chromator box of beamline Wl contains two Ge(l 11) 
crystals with an energy resolution AE/E of ~ 10~4. 
The incident beam was monochromated to a wave- 

o 

length of 1.3777 A. Before hitting the sample the 
beam is collimated with slits to 1 X 1 mm2. 

The diffractometer at beamline Wl allows a verti- 
cally mounted sample surface to be oriented by 
means of two translations and two tilts [7]. Total 
external reflection of the beam is used in order to 

make the position of the reflected beam independent 
of the sample rotation angle co by means of arc 
adjustments. By fixing the angle of incidence, mea- 
surements are made using &> and the diffracted angle 
20 only. 

For sample preparation Si-wafers were outgassed 
at ~ 750CC for 2 days and then flash-heated to 
~ 1100°C for 2 min. RHEED and LEED both showed 
a (7 X 7)-reconstruction of good quality. The follow- 
ing sample preparation procedure to obtain a (2y3 X 
2V3 )R30°-reconstruction is indicated in the phase 
diagram of the Sn/Si(lll) system (Fig. 1). The 
substrate was held at ~ 450°C during the deposition 
of Sn from a K-cell. After ~ 90 s a RHEED pattern 
corresponding to the v3-reconstruction appeared, 
suggesting a deposition rate of ~ 0.7 monolayers per 
minute. After another ~ 12 min the RHEED pattern 
showed a disappearing V^3~ reconstruction finally 
leaving a (1 X 1) pattern. At this point the deposition 
of Sn was stopped and the substrate heater was 
switched off shortly after. Following the vertical line 
on the right side of the phase diagram of Fig. 1 the 
sample was found to exhibit a lifi reconstruction 
(RHEED) after cooling down to a temperature below 
~ 200°C. LEED showed a small amount of at least 
two of the large reconstructions labelled A, B and C 
in Fig. 1, namely C/l33~ X 4/3~), (3i/7 X 
3/7~)R40.9° and (2V^T X 2v/91~)R33.0° [1]. How- 
ever, they were only found near to one of the edges 
of the sample. 

STM images of the sample, taken at bias voltages 
of + 1.7 V and — 1.7 V respectively, showed large 
areas of 2y3 of several thousand A2 with only 
occasional defects. 

After preparation the sample was transferred into 
a small UHV cell (designed by Johnson et al. [8]), 
which mounts on the diffractometer. Its components 
are a gate valve on the flange to the preparation 
chamber, an ion pump to keep the base pressure 
below 10~9 mbar and a beryllium window allowing 
the X-rays to enter and exit the sample area over the 
whole 360° range. 

3. Data acquisition and analysis 

All in-plane fractional order reflections were mea- 
sured with the incident and exit angles set to 1°, 
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Fig. 2. Schematic diagram of the measured, in-plane structure 
factors. The complete pattern is obtained by application of the 
symmetry operations of the hexagonal lattice with space group 
p3ml. The area of each circle represents the amplitude of the 
equivalent structure factor. The 2y3 X 2y3 and 1X1 unit cells 
are indicated. 

which is well above the critical angle for total reflec- 
tion of 0.20°. Refraction effects are thus avoided. 

In all, 162 in-plane reflections were measured, of 
which 89 were inequivalent. A map of the measured 
reflections in reciprocal space is shown in Fig. 2. 
The area of each circle represents the amplitude of 
the equivalent structure factor. The complete pattern 
is obtained by application of the symmetry opera- 
tions of the hexagonal lattice with space group p3ml. 
The 2v^T has twofold symmetry [9] and the different 
orientations of this structure on the surface are re- 
sponsible for a threefold symmetry in SXRD. Some 
reflections could not be measured due to obstructions 
by rods supporting the transfer chamber on the 
diffractometer. The integrated intensities were nor- 
malised to a beam monitor signal and determined by 
numerical summation. Errors attributed to each data 
value were derived from counting statistics and the 
reproducibility of equivalent reflections. 

The structure factors used for calculating Patter- 
son functions and performing fit routines were ob- 
tained after correcting the integrated intensities for 
the Lorentz factor and for different area sizes illumi- 
nated by the beam. For the calculation of our model 
Patterson maps the calculated structure factors were 
averaged according to the p3ml symmetry of the 
substrate unit cell. The intensity of the (most intense) 
(5/6, 5/6) reflection (referred to the Si(lll) unit 
cell) was regularly monitored and used to normalise 
for a degradation of the sample during the experi- 
ment. 

The analytical procedure involves fitting the struc- 
ture factors for specific models to the experimental 
values using a conventional least-squares minimisa- 
tion procedure. The reduced x2 value is used as an 
agreement criterion. 

4. Results and discussion 

In order to determine the in-plane atomic structure 
for the Si(lll)(2\/3 X 2^)R30°-Sn surface the 
models proposed earlier have been used as a starting 
point. The first of these models was introduced by 
Törnevik et al. [6] and derived from an STM study. 
The second model by Griffiths et al. [3] is a modifi- 
cation of the first one. It was obtained by minimising 
the total energy within a molecular dynamics frame- 
work using the Törnevik model as a starting point. A 
valence force field (VFF) potential model was used 
to determine the relaxed geometry by simulated an- 
nealing cycles. The main atomic features of both 
these proposed models are thus similar. Their main 
assumption is the existence of a (nearly) rectangular 
shape unit with an adatom at each corner as topmost 
layer, as seems to be visible in the empty state STM 
image. The second Sn layer mainly consists of a 
dimer within the rectangular arrangement and rows 
of atoms along the <TlO> direction. 

With a large in-plane data set from a grazing 
incidence X-ray diffraction experiment the electron 
density projected onto the surface plane can be deter- 
mined. Though direct Fourier inversion of the data is 
impossible due to lack of phase information, real 
space structural information can be obtained by 
analysing the structure factors \Fhk\ by means of the 
Patterson function P(r) [10,11], which is defined as 

^) = EEl^l2exp{i(«T)} 
h     k 

afp'(r')p'(r-r')dr'. 

In a contour map of P(r) a peak at r0 implies that 
at least two atoms are separated by an interatomic 
vector r0, the magnitude of the peak being propor- 
tional to the product of the electron densities of the 
pair of atoms [11]. 

Such Patterson contour plots were used to com- 
pare our experimental data with the above mentioned 
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Fig. 3. Contour maps of the Patterson function in the irreducible 
triangle (solid lines) as calculated for (a) the model proposed by 
Törnevik et al. [6], (b) the model proposed by Griffiths et al. [3] 
and (c) the experimental data we obtained. Equally spaced posi- 
tive contours are drawn. 

models proposed in the literature. We can immedi- 
ately recognise obvious disagreements between con- 
tour plots of the Patterson functions in the irre- 
ducible triangle as calculated for the models pro- 
posed by Törnevik et al. [6], Griffiths et al. [3] and 
the experimental data obtained (Fig. 3a, b and c). 

Fig. 3a and b generally show the same features 
for the two models with minor deviations in magni- 
tude and position. Fig. 3c however reveals a number 
of very strong interatomic vectors, derived from the 
SXRD data, for atomic difference vectors which are 
not at all recognisable in the Patterson functions of 
either of the two models. Of particular interest are 
strong maxima along the main crystallographic axes 

in distances of 1/5 of the unit cell length. Taking 
account of the surface symmetry group these peaks 
can be imagined to form a grid of intense spots 
within the unit cell on all fifth order fractional 
positions. Only two other strong features in the 
Patterson function do not correspond to the regular 
grid. This suggests an equally regular arrangement of 
Sn atoms with only few exceptions. 

Furthermore, a comparison between our data and 
the proposed models of Törnevik et al. and Griffiths 
et al. reveals bad agreement factors for our fitting 
procedures of x2 > 20. In particular some very high 
structure factors of our data set, for example that of 
the (5/6,5/6) peak (which is visible in Fig. 2), are 
not represented by these models. 

Strong support for the result that both suggested 
models in the literature to date are not likely to give 
a good description of the actual atomic surface struc- 
ture of the 2v/3~ reconstruction is provided by our 
STM study of the sample subsequently used for the 
SXRD-experiment. 

Fig. 4a and b show an empty (bias voltage + 1.7 
V) and filled state (bias voltage —1.7 V) image of 
the 2^ surface. Almost the same area of 95 X 95 
A is shown in both images. The visible structure 
and the corrugation of ~ 2 A are in agreement with 
[6] as are the separations between the different spots. 

Electronic band structure calculations using the 
self-consistent tight-binding method in the extended 
Hückel approximation have been applied to the mod- 
ified surface model [3]. There is a contribution to the 
density of states from the topmost Sn layer at both 
positive and negative bias, which is small compared 
with the contribution from the second layer. To 
account for the differences observed in STM images 
at positive and negative bias, respectively, one would 
have to assume that STM imaging at positive bias 
(empty states, Fig. 4a) does not 'see' the topmost 
layer of the proposed atomic structure of the Sn-layer. 
The second Sn-layer on the other hand does have a 
large DOS contribution above E¥ and should be 
visible at positive bias. However, the models pro- 
posed by Törnevik et al. and Griffiths et al. both 
derive the atomic structure of the topmost Sn layer 
(the rectangular shape unit mentioned above) from 
empty state STM images. As a result of the LDOS 
calculations this empty state image would be that of 
the second layer rather than the topmost Sn atoms. 
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This means that the calculated electronic structure of 
both models is not consistent with STM images from 
which the models themselves were originally de- 
duced. 

On these grounds we conclude the need for a new 
surface model, of which some properties have al- 

V= +1.7V l=  1.9nA 

Fig. 4. (95 X 95) A2 STM topographic images of roughly the same 
few unit cells of the Si(lll)-2i/?-Sn surface, acquired with bias 
voltages of (a) +1.7 V and (b) -1.7 V at a constant tunnel 
current of 1.9 nA. Corrugation heights in both images are ~ 2 A. 

Fig. 5. Si-2/T unit cell divided into 25 units by a superimposed 
grid. Possible positions of Sn atoms on mainly grid positions are 
indicated purely as an example of a structure having the essential 
features deduced from the X-ray data. The given atomic arrange- 
ment results in the Patterson function displayed in Fig. 6. 

ready been determined: the strong (5/6, 5/6) peak 
can be attributed to diffraction on a (220) plane of 
a-Sn, which (like Si) crystallises in the diamond 
structure, giving a perfect agreement between the 
calculated lattice constant and the one found in 
literature of 6.49 A. We therefore infer that the 
structure formed of Sn-atoms for the 2y3-recon- 
struction has some similarities with that of bulklike 
a-Sn. The problem, however, arises of how to fit an 
a-Sn structure into a 1/6 smaller Si unit cell. 

The right structural model of the 2-\fJ has to 
account for the indicated interatomic vectors of Fig. 
3c and at the same time the strong structure factor 
for the (5/6, 5/6)-related reflection. This can be 
achieved by placing a large number of Sn atoms on 
positions corresponding to the intersections of a grid 
superimposed on the Si unit cell, which divides it 
into 25 units of equal size and shape (an illustration 
is given in Fig. 5). We assume that no intermixing 
takes place between bulk Si and the Sn layer [12]. 
For the fitting of our data, a different number of 
atoms (10 to 19) has been moved around grid posi- 
tions only allowing for a few atoms to take non-grid 
positions. Atomic arrangements with interatomic dis- 
tances of 1/5 of the unit cell length along the main 
crystallographic axes gave the best results so far with 
X2 < 6 (one example of such an atomic arrangement 
is given in Fig. 5). The corresponding Patterson 
function is shown in Fig. 6. Most features of the 
experimentally obtained contour plot of Fig. 3c can 
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Fig. 6. Contour map of the Patterson function in the irreducible 
triangle (solid lines) as calculated for the atomic arrangement 
indicated in Fig. 5. Equally spaced positive contours are drawn. 

be found, indicating a reasonable agreement between 
the results from our experiments and the atomic 
arrangement described above. 

It should be emphasised that several variants of 
the atomic arrangement of Fig. 5 also give reason- 
able agreement with the experimental Patterson func- 
tion. We are not in a position to deduce a conclusive 
unique structural model at present. The experimental 
data to date are at / ~ 0 and hence no vertical 
displacements can be determined. We have, how- 
ever, been able to illustrate the kind of features and 
properties that are necessary within a new model of 
the surface in order to fit in with the most prominent 
characteristics of our experimentally obtained struc- 
ture factors in SXRD. 

5. Summary 

We   have   investigated   the   Si(lll)(2^ X 
2v^)R30° phase after the deposition of about 1.1 
monolayers of Sn onto the clean Si(l 11)(7 X 7) by 
surface X-ray diffraction (SXRD) supported by STM. 
Comparison of the two existing models in literature 

with our experimental structure factor data set has 
proven conclusively the need for a new surface 
model. Support is provided by disagreements be- 
tween the electronic structure of one of the proposed 
models with images obtained for STM images at 
different bias. Certain features and properties of a 
new appropriate model were determined by fitting 
our experimentally obtained structure factors to those 
derived for specific models. Although exact atomic 
positions are not yet known, the Sn layer is assumed 
to employ features of a bulklike a-Sn structure with 
a large number of atoms sitting on 0, 1/5, ..., 4/5 
positions along the main crystallographic axes as 
illustrated. 
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Abstract 

The effect of Ni and Co adsorption on Si surfaces with different orientations has been studied by LEED and AES. It has 
been established that the transport of Ni and Co atoms at Si surfaces is actually by their diffusion in the bulk of Si. There are 
two states of adsorbed Ni and Co atoms on Si surfaces. Nickel and cobalt adsorption may cause the reversible phase 
transitions on silicon surfaces at varying temperatures due to the change of their solubility in silicon and the redistribution of 
adsorbed atoms between the two possible states. The conditions for the existence of each of these states are different for Ni 
and Co atoms. 

1. Introduction 

The nature of atomic processes on crystal surfaces 
has been attracting much attention in surface science. 

At the end of the nineteen-seventies and early 
eighties we discovered a number of reversible 
order-order phase transitions on germanium and sili- 
con surfaces with different orientations by LEED in 
the Institute of Semiconductor Physics in Novosi- 
birsk [1-8]. We observed several types of such 
reversible transitions: (1) reconstruction of one sur- 
face plane structure to another (Si(110) surface); (2) 
reconstruction of atomically flat surface to faceted 
one (Ge(llO) and Si(320) surfaces); (3) reconstruc- 
tion of faceted surface to stepped one (vicinal 
Ge(110) surfaces); (4) reconstruction of one step-ter- 
race configuration to another (vicinal Si and Ge(l 11) 
surfaces). 

Later on Ichinokawa and coauthors had shown 
that the phase transitions on Si(110) surfaces discov- 
ered by us were due to the presence of nickel 
impurity and the variations of its surface concentra- 

tion with temperature [9,10]. This was one of the 
reasons, which prompted us to carry out a systemati- 
cal study of nickel surface heterodiffusion and of the 
effect of nickel adsorption on the structure and phase 
transitions on silicon surfaces with different orienta- 
tions. They were described in our papers [11-14], 
which contain also the references to the related 
studies carried out in other laboratories. 

As a result we have found some interesting pecu- 
liarities of nickel behaviour on silicon surfaces, 
which, in turn, led us on to study the adsorption of 
other transition metal atoms on silicon surfaces. It 
was reasonable to begin such studies with Co adsorp- 
tion, because the properties of Co atoms are close to 
those of Ni atoms. 

2. Experimental 

The silicon samples were of p-type with resistivi- 
ties between 5-10 ft cm and the dimensions of 

0169-4332/96/S15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
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20 X 5 X 0.4 mm. Samples were oriented using the 
Laue X-ray technique with the precision of +1°. The 
experiments were performed in an UHV system with 
the base pressure about 1 X 10"10 Torr. The surface 
cleaning procedure was carried out by heating in 
vacuum at 1200°C for 1-2 min. The sources of Ni 
and Co atoms consisted of a tantalum ribbon to 
which a piece of Ni or Co plate was welded. 

The surface structure and the surface chemical 
composition were studied by LEED and AES in situ. 
To measure the Ni and Co surface concentrations the 
Auger Ni LMM (848 eV) and Co LMM (775 eV) 
electron peaks were used. The spatial resolution of 
the Auger spectrometer was several tens of microns. 

C.% 

XMM 

Fig. 2. Concentration distributions C(x) of nickel on Si(lll) 
surface after annealing at 860°C for: (1) 15 s, (2) 60 s, (3) 240 s. 

3. Results and discussion 

3.1. Surface diffusion 

The unexpected outcome of our studies of the 
transition metals atoms adsorption on Si surfaces 
was the discovery of peculiarities of their transport 
along Si surfaces. 

In order to study surface diffusion of transition 
metals on silicon surfaces, a metal strips several 
nanometers thick were deposited perpendicular to the 
longer side of a sample (Fig. 1). In these experiments 
Co was evaporated from a BeO crucible. Then sam- 
ples were annealed at certain temperatures by pass- 
ing an alternating current. As it is known from 
literature, Ni and Co layers of several nanometer 
thickness fully react to the disilicides at 300-350cC. 
At about 960CC nickel disilicide strips melted and 
the films became uncontinuous. The same happened 
with Co disilicide strips at about 1240°C. 

LEED,   AES 

After annealing the concentration distributions of 
metal atoms along Si surfaces were measured by 
AES. Surface structures were studied by LEED. 

The examples of Ni concentration distributions 
measured in our experiments [11] are shown in Figs. 
2 and 3. 

It was commonly supposed, and we also ex- 
pected, that the surface diffusion coefficients are 
well in excess of those in the bulk, though there is a 
modest number of experimental data on surface dif- 
fusion in literature at present. It is known that the 
process of surface diffusion may depend on the 
surface orientation and structure, atomic steps, con- 
centration of adsorbed atoms and so on. However, 
we did not observe the relationship between the 
measured nickel diffusion coefficients and the fea- 
tures of silicon surfaces. 

10 

c,% 

3 \ ° Oo o O O o o o 0 o „ „ ^ 

'T*Q*«A 

.,MM 

Fig. 1. Schematic of experimental setup. (1) Ni strip; (2) nickel 
disilicide islands; (3) Ni induced surface structures; (4) Ni atoms. 

Fig. 3. Typical nickel C{x) distributions on silicon surfaces after 
annealing at 1050°C for 80 s: (1) (111); (2) (110); (3) (100). 
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If nickel concentration did not exceed a certain 
value for given surface orientation, the concentration 
distributions, which we measured along the speci- 
men, obeyed the equation 

C(x) = C0erfc(x/2tDt), 

where x is the distance from the edge of the disili- 
cide strip (the Ni concentration on the strip is not 
shown), D the diffusion coefficient and t the anneal- 
ing time (Fig. 2). 

Such distributions are typical for one-dimensional 
surface diffusion from the source of constant strength. 

At nickel concentrations exceeding certain values 
(different for different planes) the C(x) curves devi- 
ate from those which are typical for the diffusional 
distributions: they become either steady-state or non- 
monotonous and are badly reproducible [1]. As can 
be seen from Fig. 3, on Si(lll) surfaces it takes 
place with nickel concentrations above 6%, and on 
Si(100) and (110) surfaces it is observed with con- 
centrations above 1% and 2.5%, respectively. These 
deviations are due to the formation of three-dimen- 
sional silicide islands which could be observed by 
scanning electron microscope. The area occupied by 
three-dimensional islands of nickel silicide is much 
lower than that occupied by uniformly distributed 
nickel. And this causes either a decrease or a stabi- 
lization of the Auger signal from nickel on the 
surface with islands. 

However, the surprising thing was that nickel 
could not be detected at the surface by Auger spec- 
troscopy during the sample heating. Nickel concen- 
tration distributions appeared on surfaces only after 
the sample cooling. So we drew the conclusion that 
the nickel transport along silicon surfaces is not by 
way of surface diffusion, but by its diffusion through 
the bulk with subsequent segregation to the surface 
at sample cooling due to the decrease of nickel 
solubility in silicon (Fig. 1). This conclusion agrees 
with the absence of correlation between the nickel 
diffusion coefficients and the surface orientation and 
structure, which was mentioned before. Besides, the 
diffusion coefficients deduced from our data are 
close to those of interstitial nickel diffusion in silicon 
(l(T4-l(r5 cm2 s_1 at 1100°C [15,16]). 

The amount of Ni, diffusing through Si bulk, is 
limited by Ni solubility, which is 2 X 1017-6 X 1017 

cm"3 in the temperature range of 1000-1300°C [17]. 

That is why in the distributions, presented in Figs. 2 
and 3, Ni concentrations did not reach the values 
typical of the nickel disilicide. 

However, nickel diffusion on silicon surfaces does 
take place. It manifests itself by the formation of 
ordered surface structures and epitaxial disilicide 
islands. But the coefficients of nickel surface diffu- 
sion are by orders of magnitude less than those of 
interstitial nickel diffusion in silicon. 

We could not measure the temperature depen- 
dence of the Co diffusion coefficients on Si surfaces 
because of their small values and limited spatial 
resolution of the LEED and AES apparatus [18]. 
However, our estimates show that this coefficient is 
about 10~5 cm2/s at 1200°C. It is known from 
literature that the coefficients of Co diffusion in 
silicon bulk may range 10-8 —10"4 cm2/s at 1000- 
1300°C [19], and, specifically, at 1100°C this coeffi- 
cient approximates 10~5 cm2/s [20]. We can see 
that the Co diffusion coefficient deduced at Si sur- 
face is similar to that in Si bulk, like in the case of 
Ni diffusion. Thus, one can infer that the transport of 
Co atoms at Si surfaces is also by way of their 
diffusion through Si bulk. The solubility of Co in Si 
is 5 X 1014-3 X 1016 cm-3 in the temperature range 
of 1000-1300°C [17]. 

Thus, our finding is contrary to the existing no- 
tions that the activation energy of surface diffusion is 
much less than that of the diffusion through the body 
of solids and that the rate of surface atom migration 
is considerably greater than that in the bulk. 

3.2. Two states of adsorbed atoms 

Our results show that there are two states of Ni 
and Co atoms on Si surfaces. These states corre- 
spond to different minima of the surface system free 
energy. The atoms in the first state are likely to be 
regularly distributed on surfaces and they cause the 
formation of various surface structures (Fig. 1). Sev- 
eral structures can be formed on a Si surface of i 
given orientation, each corresponding to a certain 
concentration of Ni or Co atoms. The adsorbed i 
atoms in the second state are involved in the forma- 
tion of the epitaxial disilicide islands. This state of 
atoms is more stable. The conditions to fall in each 
of these states are different for Ni and Co adsorbed 
atoms. 
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In the case of Ni adsorption the first state of 
adsorbed atoms could be obtained by cooling a 
sample at a rate above 100°C/s. However, the Ni 
induced structures on Si surfaces are metastable. 
Slow cooling or annealing at 600-700°C of samples 
with adsorbed nickel causes formation of the epitax- 
ial disilicide islands, nickel atoms diffusing to these 
islands from the adjacent parts of surface and leaving 
them free of nickel impurity. The islands can be seen 
using scanning electron microscope. Their density 
was about 5 X 106 cm"2. The first state of adsorbed 
atoms is associated with the shallow minima and the 
disilicide phase — with the deep minimum of free 
energy. Disilicide islands started to grow also when 
Ni concentration exceeded the value, which was 
necessary for the formation of the surface structure 
with the maximum nickel content for a given surface 

plane. In this case on the free of islands parts of the 
surface the structure with the maximum nickel con- 
tent remained. 

Our explanation of this phenomenon is as follows. 
At sample cooling nickel atoms segregate to the 
surface. However, some time is needed for the for- 
mation of critical nuclei of the nickel disilicide phase 
and for their growth. During fast sample cooling (at 
the rates above 100cC/s) there is not enough time to 
do this and the outdiffused nickel atoms occupy the 
sites corresponding to the less deep minimum of 
energy. At slow sample cooling or low-temperature 
annealing (600-700°C) the stable phase has time to 
form. 

We did not observe the effect of sample cooling 
on the structure of cobalt adsorbed Si surfaces. In the 
case of Co adsorption a condition which determined 
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Fig. 4. Surface structures induced by Co versus Co coverage and sample temperature: (a) Si(100), SPE mode; (b) Si(100), MBE mode; (c) 
SKI 11), SPE mode; (d) Si(lll), MBE mode. 
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the state of adsorbed atoms was the coverage value. 
The epitaxial disilicide islands started to appear on 
Si surfaces, when Co concentrations exceeded a 
certain value at given temperature. For Si(100) sur- 
faces there is a certain Co concentration for any 
temperature, so that if a Co concentration is below 
this value then a uniform and ordered distribution of 
Co atoms is possible. If the Co concentrations ex- 
ceed this value, only disilicide phase forms, and Co 
atoms outgo from the parts of Si surfaces adjacent to 
the epitaxial islands (Fig. 4a and b). 

3.3. Surface structures 

Adsorption of Ni and Co leads to the formation of 
many surface structures on Si surfaces with different 
orientations, depending on the concentration of ad- 

sorbed atoms and causes the reversible order-order 
transitions at varying temperatures [1,12,13,18,21]. 

For the reasons discussed before, the Ni induced 
surface structures were studied at room temperature 
after sample cooling at the rate above 100°C/s 
(Table 1). One can see that Ni causes the formation 
of a great number of surface structures on Si and that 
the concentrations of Ni, at which they start to 
appear and form, are low. 

In the case of Co adsorption [18,21] the rates of 
sample cooling did not influence the state of the 
surface. However, surface structures depended on the 
conditions, at which Co atoms were deposited on Si 
surface. Because of this, the formation of Co induced 
surface structures were studied under the two operat- 
ing modes, which may be arbitrarily called as molec- 
ular beam epitaxy (MBE) mode and solid phase 
epitaxy (SPE) mode. The MBE mode means the 

Table 1 
Correlation between Ni concentrations and structures of Si surfaces 

Miller indices Surface structure Nickel con- Nickel con- Miller indices Surface structure Nickel con- Nickel con- 
centration centration centration centration 
C     a r   b c     a 

C    b 

Singular surfaces High index surfaces 
(100) 2X 1 <0.1% (511) stepped 

10X2^7X2 0.5% 1.0% 3X3 
(111) 7X7 <0.1% 3X 1 

i/nr xi/i9 0.5% 6.0% 7X 1 

(110) ("21) 
5X8 

<0.1% 

<0.1% 

(311) 3X 1 

3X2 
5X 1 <0.1% 0.8% 2X2 
5X1-»2X1 0.8% 1.4% 4X2 
4X5 1.4% 2.0% (211) 2X2 

Vicinal (111) surfaces X 
Inclined towards [211]: (331) 6X2 

Id,,, step bands and (111) terraces <0.1% c(13 X 2) 
i T 800°C c(17 X 2) 

ld„, regular steps Y 
2dm steps <0.1% 2.3% (510) stepped 

Win steps 2.3% 4.0% 1 X4 
Inclin ed towards [211]: 1 X2 

800°C 

< 0.2% 
0.3% 0.5% 
0.5% 1.0% 

1.3% 1.8% 

< 0.2% 

< 0.2% 0.3% 
0.3% 1.0% 
1.5% 2.5% 

< 0.2% 
1.5% 3.0% 

< 0.2% 
< 0.2% 0.4% 

0.4% 1.5% 
1.5% 3.0% 

< 0.2% 
0.3% 0.5% 
0.5% 1.3% 

3d,,j steps «2  ldul steps 

2d!|, steps 1.0% 

<0.1% 

2.8% 

(210) 

(320) 

1 X 1 

2X2 
(320) facets 
(23 15 3) facets 
2X 1 

0.4% 
1.0% 

0.2% 

< 0.2% 

1.0% 
2.0% 

< 0.2% 
2.0% 

The concentrations at which the surface structures start to appear. 
The concentrations at which the surface structures are completely developed. 
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formation of surface structures during the deposition 
process at the sample temperatures above 300°C. By 
the SPE mode we mean the Co deposition on the 
sample at room temperature with the subsequent 
annealing, which brings about the formation of sur- 
face structures. The duration of sample annealing at 
the SPE mode was determined by the time necessary 
for the completion of the surface reconstruction and 
was in the range of tens of minutes. Surface struc- 
tures induced by Co versus Co coverage and sample 
temperature are shown in Fig. 4. 

In most cases the nickel and cobalt concentrations 
measured by AES were significantly less than those 
calculated with the assumption that there is at last 
one metal atom per unit cell of the surface structure. 
This feature is more pronounced at nickel adsorption. 
In some cases Si surface reconstructions occur at the 
nickel concentrations which are near or below the 
threshold sensitivity of an Auger spectrometer. 

Two plausible explanations of this phenomena 
can be put forward: (l) the adsorbed atoms evoking 
surface reconstructions do not enter in the unit meshes 
of the induced surface structures but they are embed- 
ded at specific sites in the surface lattice and gener- 
ate strains, which lead to surface reconstruction; (2) 
the adsorbed atoms are located not on the surface 
atomic plane but at certain depth in subsurface layer, 
which must cause the corresponding weakening of 
AES signal. 

We believe that the second explanation is more 
realistic. 

3.4. Phase transitions 

One of the features of Si surfaces with adsorbed 
transition metals atoms is the possibility of reversible 
order-order phase transitions in surface region at 
temperature variations. 

It is accepted that the surface region of crystals 
may be treated as a special phase with its own 
thermodynamical criterion of equilibrium and its own 
set of the phase transitions. Order-disorder phase 
transitions take place on clean Si surfaces of almost 
all orientations at certain temperatures. The order- 
order transitions at temperature variations are known 
on clean vicinal Si(lll) surfaces [8,12,22,23]. 

In the case of transition metals adsorption on Si 
the phase transitions in surface structures are caused 

by reversible variations of surface concentrations of 
adsorbed atoms with the temperature. In its turn, the 
surface concentrations of adsorbed atoms change by 
two reasons. First, solubility in silicon depends on 
temperature. Because of this, with temperature rais- 
ing a certain portion of adsorbed atoms dissolves in 
silicon, and with the sample cooling it segregates to 
the surface. Second, the redistribution of the ad- 
sorbed atoms between the two possible states may 
take place, namely, between surface phase and the 
epitaxial disilicide islands. 

Reversible reconstructions of surface structures 
with the temperature are more inherent to Ni ad- 
sorbed Si surfaces of different orientations. In most 
cases the transitions occur between different two-di- 
mensional structures with the unit vectors, which lie 
in the same crystal plane. However, the morphologic 
transitions are also possible, as it takes place on 
Si(320) and (210) surfaces, where atomically flat 
surfaces reversibly reconstruct into faceted one, on 
Si(511) and (510) surfaces, where stepped surfaces 
reconstruct into flat ones, and on the vicinal Si(lll) 
surfaces, where transitions occur between regular 
steps of different heights. At Co adsorption we ob- 
served only the reversible reconstructions of Si(l 11)- 
7 X 7 to Si(lll)-1 X 1 structure at about 770°C. 

4. Conclusions 

Our studies have revealed some peculiarities of 
atomic processes on Si surfaces with adsorbed transi- 
tion metals. 

(1) The coefficients of nickel diffusion on Si 
surfaces are several orders of magnitude less than 
those in the bulk of silicon. Nickel transport along Si 
surfaces is provided by its diffusion through Si bulk. 
The estimated values of Co diffusion coefficients on 
Si surfaces do not exceed those in silicon known 
from literature. 

(2) Ni and Co adsorbed atoms on Si surfaces may 
be in two states which correspond to the different 
minima of free energy. 

(3) According to AES data Si surfaces reconstruc- 
tions may take place at the Ni and Co surface 
concentrations which are significantly less than those 
calculated with the assumption that there is at last 
one metal atom per unit cell of the surface structure. 
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(4) Ni and Co atoms may cause reversible order- 
order phase transitions on silicon surfaces at temper- 
ature variations, due to the redistribution of adsorbed 
atoms between the two possible states and the tem- 
perature dependence of their solubility in silicon. 
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Abstract 

We have investigated the effects of hydrogenation and oxidation on the surface-induced optical anisotropy (SIOA) of 
vicinal Si(001) as measured by reflectance-difference (-anisotropy) spectroscopy (RDS/RAS). By considering several 
vicinal Si(001) surfaces we better isolate terrace from step-induced contributions. For double-domain surfaces etched by HF 
or oxidized by H202, the RD response has an energy-derivative-like shape and can be characterized by three main features, 
the first near 3.4 eV and a second and third around 4.3 eV. These energies are near those of the (E'0, £,) and E2 interband 
critical points of bulk silicon. The magnitudes of these peaks vary strongly with offcut angle suggesting that there is a strong 
step-induced contribution to the SIOA. Two of these features are affected by a change of the surface species, which indicates 
that the species bonded to the steps are changing. The RD response obtained by exposing atomic H to a double-domain 
surface hydrogenated by HF is similar to that obtained by exposing a clean single-domain surface to atomic hydrogen. 

1. Introduction 

The hydrogen-passivated Si surface is of interest 
because it can withstand oxidation in air for ex- 
tended periods of time. Such surfaces are well suited 
for heteroepitaxy since the hydrogen can be desorbed 
at temperatures less than 530°C, which is relatively 
low compared to oxide desorption, which occurs at 
temperatures near 900°C. In addition, the need for 
ultrathin gate oxides (< 10 nm) has placed a demand 
on the determination and control of the properties of 
Si/Si02 interfaces [1]. 

We report RDS measurements of various Si sur- 
faces treated by hydrofluoric acid (HF) and hydrogen 
peroxide (H202), which yield hydrogenated and oxi- 

Corresponding   author.   Fax:    +49-30-314-21769;   e-mail: 
rossow@gift.physik.tu-berlin.de. 

dized surfaces, respectively. We include the ultra- 
high vacuum (UHV) RDS responses of a clean vici- 
nal (2 X 1) Si(OOl) 6° surface and an HF-etched 
surface exposed to atomic hydrogen. 

2. Experimental 

Surface-induced optical anisotropy (SIOA) mea- 
surements were made using an RDS spectrometer 
[2-4] that operates at near-normal incidence in the 
spectral range of 1.5 to 5.5 eV. The anisotropy of the 
complex reflectance is given by Ar/r =2(ra — 
rß)/(ra + rß) = Re(Ar/r) + iA0, where ra and rß 

are the complex reflectances along the directions a 
and ß, respectively. Here we report the_component 
Re(Ar/r) with a defined to be along [TlO] and ß 
to be orthogonal to the a direction and to the surface 

0169-4332/96/$15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
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normal. Wafer orientations were verified using low 
energy electron diffraction (LEED). The chemically 
treated samples were measured on a rotational stage 
where spectra were taken at two orthogonal orienta- 
tions and subtracted. This is done in order to mini- 
mize the contribution of nonidealities of the optical 
components to the anisotropy signal. 

We have measured a broad range of Si surfaces, 
specifically: (a) vicinal (001) surfaces cut 4°, 6°, and 
10° off (001) toward [110]; (b) the (113) surface. 
Wafers were lightly p-doped with resistivities from 1 
to 10 fl cm. The samples were chemically prepared 
by an RCA [5] (or slightly modified) clean. Further 
treatment included a 30 s dip in dilute HF followed 
by a deionized water rinse in order to obtain a 
hydrogenated surface or H202 to obtain an oxidized 
surface. Data were taken directly after treatment with 
the samples in air. To ensure that surfaces did not 
degrade during measurement, we also obtained data 
with a sample immersed in HF or H202 contained in 
a quartz beaker. 

For comparison, we also measured the evolution 
of the SIOA response of a single-domain surface 
exposed to atomic H. This sample was prepared by 
an RCA clean, then transferred to a UHV system 
where the residual oxide layer was desorbed and the 
surface reconstructed by annealing at 950°C for 2 
min. LEED patterns exhibited sharp, well-defined 
spots with splitting in the direction of the steps, 
which we define to be the [110] direction. We then 
measured the evolution of the RDS signal as the 
surface was exposed to atomic H, which was gener- 
ated by dissociating H2 in the 10~6 mbar range with 
a hot W filament. Auger spectroscopy showed mini- 
mal surface contamination by C and O. 

2 3 4 5 

ENERGY (eV) 

Fig. 1. RD spectra of hydrogenated vicinal Si(001) surfaces 
prepared by an HF dip. 

energy-derivative-like shape. In those cases the sig- 
nal is dominated by an energy derivative of the bulk 
dielectric function. For hydrogenated Si [8] it was 
found that the lineshape around 3.4 eV is given by 
the normalized energy derivative of the reflectance, 
l/R(dR/dE) (note that l/R(dR/dE) = 2/[fe(e 
— l)](de/d£)). Interestingly, the spectra of Fig. 1 
and Fig. 2 are all similar to the \/R(dR/dE) 
spectrum obtained from a local pseudopotential cal- 
culation generated from the bulk properties of Si [9], 
as shown in Fig. 3. However, the spectral positions 
are not accurately given by theory. 

It is important to note that the magnitude of the 
signal increases with offcut angle. Since the total 
area of the terraces decreases slightly with offcut 
angle and the areal density of steps increases, it 
follows that the RD signal in this case is dominated 
by step-induced contributions. As these surfaces were 
not heat treated, the surface contains double domains 
with single and double height steps. However, for 
vicinal Si(001) it is well known that one double step 

3. Results and discussion 

Fig. 1 and Fig. 2, respectively, show RD spectra 
obtained after HF hydrogenation and H202 oxida- 
tion. The lineshapes of the various spectra are quite 
similar, exhibiting three main features. The first is a 
derivative-type structure near 3.4 eV and the second 
and third form a double feature near 4.3 eV. These 
energies are near those of the (E'0, Ex) and E2 

interband critical points of bulk silicon. Previous 
work [6-8] has shown that RD spectra can have an 

CD 

2 3 4 5 

ENERGY (eV) 

Fig. 2. RD spectra of oxidized vicinal Si(001) surfaces prepared 
by H20, immersion. 
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or 

o 

ENERGY (eV) 

Fig. 3. Comparison between the normalized energy derivative of 
reflectance \/R AR/AE derived from a theoretical local pseu- 
dopotential calculation (data taken from [9]) and a spectrum for 
hydrogenated Si(113). 

has a lower energy than two single steps. Thus it is 
expected that the number of double steps increases 
with offcut angle while the number of single steps 
should not change significantly. Likewise, the signal 
obtained with RCA-cleaned surfaces also shows a 
strong dependence on offcut angle. Hence, it is likely 
that the signal is related to the presence of double 
steps on the surface. 

The lineshapes of the double spectral feature lo- 
cated near 4.3 eV depend on surface termination. We 
performed a lineshape analysis of the first energy 
derivative of the Si(113) spectra for the hydro- 
genated and oxidized surfaces. For the hydrogenated 
surface the data indicate a slightly larger separation, 
0.23 eV instead of 0.15 eV, and a 15% sharpening of 
both features compared to the oxidized surfaces. 

The difference between the RD spectra of the 
HF-etched and oxidized surfaces is shown in Fig. 4. 
The difference is small and the surface termination 

HE - oxidized 

t-,—-iW< 
.^ifX^S^CC~^\ //     V7 . 

--    10° 
—   ("3) 

or 

2 3 4 5 6 

ENERGY (eV) 

Fig. 4. Difference between RD spectra of hydrogen terminated 
and oxidized surfaces, taken from Figs. 1 and 2. 

mainly affects only two of the three features ob- 
served in the spectra. The spectra scale with offcut 
angle, which indicates that an exchange of species 
bonded to the step atoms occurs upon treating the 
surface with H202 and HF. However, the magnitude 
of the difference is small compared to the overall 
anisotropy signal, which further suggests that not all 
step atoms are affected by this HF/H202 treatment. 
As reported elsewhere, we have observed a lineshape 
similar to that of Fig. 4 by taking the difference 
between the RD spectrum for the clean (2X1) 
Si(00l) surface and that for the same surface ex- 
posed to oxygen [8]. We have also observed this 
lineshape for an oxidized (113) surface that has been 
thermally annealed [7]. This lineshape can be mod- 
eled by assuming that the anisotropy originates from 
a dichroism that is step-induced and localized at the 
surface [8]. We have obtained this RD lineshape 
independently on three separate surfaces and each 
strongly indicates that the origin is related to surface 
steps. 

The RD lineshape for a hydrogenated 6° vicinal 
Si(001) surface generated by HF etching is shown in 
the middle of Fig. 5. If the surface is then exposed to 
atomic hydrogen in a UHV environment, the signal 

Si(001) 6° toward [110] 

RCA clean / HF dip 

RCA clean / HF dip / atomic-H 

Energy (eV) 

Fig. 5. #1: RD spectrum of a clean (2X1) Si(001) 6° vicinal 
sample after exposure to atomic hydrogen. LEED shows a (1 X 1) 
reconstruction (dihydride phase). #2: RD spectrum of a Si(001) 6° 
vicinal sample after RCA cleaning and final HF dip. LEED shows 
(1X1). #3: RD spectrum after exposing the sample of #2 to 
atomic hydrogen. Notice that the double structure near 4.3 eV 
vanishes. This feature is (partially) step induced. 
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evolves to that shown at the bottom of Fig. 5. After 
exposure to atomic hydrogen the 3.4 eV feature 
remains but the structure at higher energy collapses. 
LEED data before and after exposure show a (1 X 1) 
diffraction pattern. To determine whether the same 
RD signal can be obtained for a clean surface ex- 
posed to atomic hydrogen, an RCA-cleaned sample 
was transferred into an UHV chamber and exposed 
to atomic hydrogen. The RD signal evolved toward 
the spectrum shown at the top of Fig. 5. The result- 
ing lineshape is surprising in that the full double 
feature is not observed in this case. Hence, atomic 
hydrogen must change the steps. The most likely 
explanation is that OH groups are initially bonded to 
the steps, which is known at least to be the case for 
defect sites [5,10,11]. Atomic hydrogen may break 
the Si-OH bond and form H20, which desorbs from 
the hydrophobic surface, and then saturates the Si 
dangling bond. This H replacement seems to be 
incomplete after the HF dip and subsequent water 
rinse. Another possibility is that a roughening of the 
steps takes place. However, the spectral lineshapes 
are reproducible with respect to repeated HF/H202 

cycles, and it is unlikely that either oxidation or HF 
treatment results in a significant smoothening of the 
steps. 

4. Summary and conclusion 

Chemically hydrogen terminated and oxidized sil- 
icon surfaces have been analyzed using RDS. The 
spectra for these two different surface terminations 
were found to be similar and to have an energy-de- 
rivative-like lineshape. Although the origin of these 
spectra has not been determined, we have been able 

to isolate step-induced features. Since the RD signal 
is sensitive to the step structure, it may be used to 
monitor the step evolution (roughness, bunching) 
during growth or surface treatment. In addition, RDS 
is capable of measuring surfaces in liquids or any 
other transparent media, which allows information 
about etching processes to be obtained in real time. 
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Abstract 

We present ab initio pseudopotential calculations of 3d core-level shifts of the surface atoms for clean and Se-deposited 
GaAs(l 10) surfaces. We are able to explain the experimental findings for the clean GaAsO 10) surface in the picture of the 
initial-state model. If relaxation effects are accounted for we find a distinct overestimation of the surface core-level shifts 
(SCLS) both for As and Ga atoms with respect to experimental results. We conclude that final-state effects play only a minor 
role in the dynamics of the photoemission process for the GaAsO 10) surface. In order to clarify the surface chemistry of the 
Se/GaAs(110) system we determine the SCLS of the species involved for a series of structural models. Only one of these 
models gives rise to a reasonable agreement between calculated and measured SCLS. Therefore we strongly support a 
geometry where each surface As atom is substituted by Se and one further Se binds to the surface Ga atom. 

1. Introduction 

Currently there is a growing interest in the sele- 
nium and other group-VI atom deposition on the 
III-V compound semiconductor surfaces because of 
their passivating properties. Whereas the passivating 
action of a group-VI treatment is well known, espe- 
cially for the polar GaAs(OOl) surface [1-3], the 
understanding of the actual formation process and 
the bonding of the adsorbate is far from being com- 
plete. The nonpolar GaAsO 10) 1 X 1 cleavage sur- 
face represents a model face for such studies because 
of its smoothness on an atomic scale and is therefore 
discussed in the following. Tu and Kahn [4] found 
that upon deposition of Se the GaAs(llO) IX 1 
low-energy electron diffraction (LEED) pattern is 

* Corresponding author. Tel.:   +49-3641-635910; fax:   +49- 
3641-635182; e-mail: kaeckell@ifto.physik.uni-jena.de. 

conserved, but degrades rapidly as a function of 
coverage. When the coverage reaches one monolayer 
(1 ML or 6> = 1, i.e. 2 Se atoms/1 X 1 unit cell) the 
LEED spots are sharpened, indicating either the for- 
mation of a stable monolayer or the saturation of the 
Se-As exchange in the first layer or first two layers 
of the substrate. The strong interaction between the 
GaAs(l 10) surface and deposited Se already for low 
coverages (©= \) has also been shown in electron 
energy loss spectroscopy (EELS) experiments [4,5]. 
Very recent experimental studies by Schröter et al. 
[6] reported the conservation of the 1 X 1 LEED 
structure after extensive Se treatment and subsequent 
annealing for the GaAsO 10) surface. Their core 
level studies indicate the existence of at least two 
distinct bonding sites for Se on the surface and As 
desorption upon annealing. The thickness of the 
reacted layer was roughly estimated to amount to 
1-2 atomic layers. By means of angle-resolved pho- 
toemission spectroscopy (ARPES) the authors found 

0169-4332/96/S15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
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Model I Model 

[110] 

Model III 

-> 
[001] 

Model IV 

Se   o Ga   • As 

Fig. 1. Side view of four models for atomic arrangements at Se 
reacted GaAs(llO) surfaces. 

several rather dispersionless bands of surface bound 
states and resonances. On the basis of these experi- 
mental data Schmidt and Bechstedt [7] performed ab 
initio pseudopotential calculations for a variety of 
surface stoichiometries and structural models. For 
the Se-deposited and annealed GaAs(llO) surface 
four structural models were investigated in more 
detail. These models can be seen in Fig. 1. On the 
grounds of their energetics and the agreement be- 
tween calculated and measured band structures mod- 
els I and IV were considered to be favourable. 
However, due to the existing difficulty with the 
correct choice of the appropriate chemical potentials 
and remaining discrepancies between calculated and 
measured band structures the question of the exact 
atomic surface structure could not be answered fully. 

In this paper we make a different approach to gain 
information about structural properties of the Se-re- 
acted GaAs(llO) surface. We present ab initio calcu- 
lations of the surface core-level shifts (SCLS) of the 
species involved in the surface reaction for the four 
structural models (Fig. 1). As a testing ground for 
the reliability of our calculations we use the free 
GaAs(llO) surface, where a number of experiments 
on the SCLS have been reported [8]. 

2. Method 

The ab initio pseudopotential approach which has 
been used for this work is described at some length 
in Ref. [7]. Therefore it may suffice to discuss here 
only the peculiarities which are connected with the 
calculation of SCLS. 

In the photoemission process the photon energy is 
transferred to a core electron, which thereby obtains 
an energy above the vacuum level and can be de- 
tected as a photoelectron. The SCLS is defined as the 
difference in kinetic energy of an electron that has 
been emitted from a surface atom compared to one 
originating from a bulk atom. Usually, SCLS are 
interpreted in terms of the initial-state picture. 
Thereby the SCLS is explained by the energy differ- 
ence of the core states localized at the surface and in 
the bulk, respectively. The single-particle energy 
eigenvalues of these core states depend on the chem- 
ical environment and therefore differ in general. The 
initial-state contributions to the SCLS are not di- 
rectly accessible in pseudopotential theory, but can 
be calculated via the self-consistent potential ex- 
tracted from a ground-state slab calculation [9]. The 
difference in the energy eigenvalues for the 3d states 
of surface and bulk atoms corresponds to the differ- 
ence of the matrix elements of the respective Hamil- 
tonians with the 3d orbitals localized at surface and 
bulk atoms. The initial-state SCLS is therefore given 
by: 

A£»d=<^d(|Äs-r|)|Veff(r)|^3d(|Ä8-r|)> 

-<MÄb-H)|Veff(r)|fM|Äb-r|)>. 
(1) 

The calculation of the SCLS in the initial-state 
picture as described above does not account for 
relaxation effects. In the photoemission experiment 
the initial state consists of a crystal in its ground 
state plus a photon, and the final state is a crystal 
with a core hole plus a photoelectron. If we assume 
the Fermi-level as a reservoir of electrons the crystal 
remains neutral. The charge of the core hole is 
compensated by a delocalized electron at the Fermi 
energy. The final-state SCLS can therefore be calcu- 
lated as an energy difference between neutral slabs 
containing screened core holes at the surface or in a 
bulk-like environment of neutral slabs. Thereby the 
relaxation of the crystal electrons in the presence of 
the electron-hole pair is fully accounted for. For the 
explicit calculation we generated 'excited' 
Bachelet-Hamann-Schlüter-like pseudopotentials 
[10] in Kleinman-Bylander form [11,12] with a 
screened 3d core hole, i.e. the occupation of the 3d 
level is decreased by one, and the number of the 4p 
electrons is increased accordingly. This procedure 
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has been suggested by Pehlke and Scheffler [13] and 
more or less successfully applied to Si(100) and 
Ge(100) surfaces. 

Our calculations were performed with periodic 
supercells, which contain 11 to 14 substrate(HO) and 
adatom layers and a vacuum region equivalent in 
thickness to at least 6 GaAs(l 10) layers. For calcula- 
tions of initial-state SCLS a 1 X 1 surface periodicity 
has been used whereas calculations of final-state 
SCLS have been done with 1 X 2 unit cells in order 
to minimize the interactions between the screened 
core holes in neighboured cells. In order to account 
for the electronic inequivalence of the two slab sides 
induced by the substitution of 'regular' by 'excited' 
atoms we apply a dipole correction to compensate 
for the artificial electrostatic field. All calculations 
were performed with an energy cutoff of 15 Ryd for 
the plane-wave basis set. The &-space integration 
was performed by a summation over 4 special points 
in the irreducible part of the surface Brillouin zone. 
We have performed a series of tests with larger unit 
cells, higher energy-cutoff and more ^-points to 
make sure that our results are reliable. 

3. Results and discussion 

The GaAs(llO) surface is probably the most in- 
tensively studied surface of binary semi-conductors. 
A series of experiments [8] arrived at quite similar 
results for the observed SCLS. The surface compo- 
nent of the Ga atom 3d photoelectrons is reported to 
have a 0.28 eV lower kinetic energy than the photo- 
electrons originating from bulk Ga atoms. For the As 
atoms a shift of about 0.37 eV in the opposite 
direction has been reported. In Fig. 2a we show our 
calculated results for the initial-state SCLS. These 
results were obtained for a relaxed surface geometry 
with geometrical details determined in perfect agree- 
ment with Ref. [14]. With respect to the innermost 
atoms we observe the surface components of the Ga 
(As) atoms to be shifted by -0.18 (0.36) eV. Thus 
our calculated values in the initial-state picture com- 
pare reasonably with experiment. If we consider the 
difference in binding energy between the first and 
second layer cation we observe a somewhat larger 
splitting of -0.22 eV which agrees slightly better 
with the experiment. It is interesting to note that the 

initial-state SCLS 

a) 

final-state SCLS 

b) 

Fig. 2. Calculated SCLS for GaAsO 10) in the initial and final-state 
picture. The energetic position of the 6th layer atoms has been 
chosen as energy zero. Ga (As) atoms are denoted by white 
(black) symbols. In case of final-state SCLS results for the 
electronic relaxation are denoted by circles whereas triangles are 
used for electronic and atomic relaxation. 

core-level shifts both for anions and cations alternate 
in each layer. Obviously the change of the surface 
electronic structure due to the relaxation of the up- 
permost atoms influences the effective potential even 
several layers underneath the surface. However, the 
agreement between measured and calculated SCLS is 
not perfect. In particular the negative shift for the 
surface Ga atom is underestimated by about 0.1 eV. 

One could assume that the remaining discrepan- 
cies are due to the complete neglect of relaxation 
effects. These effects are accounted for in the final- 
state picture. Our results for the final-state SCLS are 
shown in Fig. 2b. With black (white) circles the 
results for the SCLS of the anions (cations) in the 
frozen-lattice approximation are shown. In serious 
disagreement to experiment both surface components 
are now shifted to higher kinetic energies. If we 
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subtract the shifts due to initial-state effects we end 
up with the energies released upon the relaxation of 
the electronic wave functions. They amount to 0.40 
(anion) and 0.77 eV (cation). Both the sign and the 
magnitude of the relaxation induced shifts can be 
understood in a simple physical picture. The accom- 
modation of the screening electron is more easily 
done at the surface compared to the bulk, where the 
strong sp3 hybridisation has to be disturbed. In par- 
ticular the empty dangling bond at the surface Ga 
atom (the lowest unoccupied state in the GaAsO 10) 
surface band structure, see e.g. Ref. [14]) allows a 
very efficient screening of the core hole in a surface 
cation. Therefore the relaxation of the electronic 
wave functions releases a particularly high amount 
of energy in case of surface Ga atoms. One possible 
reason for the complete disagreement between the 
calculated SCLS in the final-state picture and experi- 
ment could be that in addition to the electronic 
relaxation also the lattice relaxation has (at least 
partly) to be taken into consideration. In order to 

check this possibility we also performed calculations 
where all atoms in the slab were allowed to relax 
until they occupied their equilibrium positions. The 
results are shown in Fig. 2b by means of black 
(white) triangles for the anions (cations). Obviously 
the overestimation of the relaxation effects with re- 
spect to the experimentally determined SCLS is 
somewhat smaller, but the results are still by no 
means comparable to the experimental findings. 
Summarizing the results for the SCLS in the initial 
and final-state picture we conclude that the initial- 
state effects are most important for the explanation 
of the experimental data, at least in case of the 
GaAs(llO) surface. The reason seems to be the 
dynamics of the photoemission process. Due to the 
relatively large band gap the screening is less com- 
plete and the relaxation of the electronic wave func- 
tions is too slow to have substantial influence on the 
kinetic energy of the photoelectrons. This interpreta- 
tion is also consistent with earlier model calculations 
which explain the SCLS for III-V( 110) surfaces 

Modell I 

Modell Modell IV 

Fig. 3. Calculated initial-state SCLS for four structural models for the Se reacted GaAsO 10) surface. Ga, As, and Se atoms are denoted by 
white circles, black circles and white diamonds. The energetic position of the innermost layer has been chosen as energy zero for Ga and As 
atoms. The energy zero for the Se atoms refers to a separate bulk calculation for Se in its trigonal modification. 
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solely on the ground of the different Madelung ener- 
gies for bulk and surface [8]. It is interesting to note 
that Pehlke and Scheffler [13] also find a shift to 
higher kinetic energies for the photoelectrons origi- 
nating from the surface atoms compared with the 
experimental findings for Si and Ge (100) surfaces. 
However, due to the smaller surface band gaps in 
these cases and the accordingly changed relaxation 
dynamics the explanation of the SCLS in the final- 
state picture is more satisfactory. 

On the basis of the experience gained with the 
free GaAs surface we will restrict ourselves to the 
initial-state picture in the following discussion of 
SCLS for Se/GaAs(110). Characteristic features of 
the core level spectra for Se-deposited surfaces have 
been described recently by Schröter et al. [6]. Due to 
the Se treatment three components were reported to 
be necessary to fit the As component. They originate 
from bulk GaAs, As bound to Se, and liberated 
elemental As. Upon annealing to 710 K the latter 
two components nearly disappear and there is only 
the GaAs bulk component left. The Se induced 
change in the lineshape of the Ga 3d emission was 
said to be more complicated to analyze. Probably the 
Ga surface component is replaced by a reacted chem- 
ically shifted component at almost the same energy. 
Two components were needed to describe the Se 
signal. Using the energy position of the elemental Se 
as a reference they were reported to be 0.4 and 1.0 
eV shifted to higher kinetic energy. As discussed 
above four structural models have been proposed to 
explain the experimental findings for the annealed 
Se/GaAs surface. These models are sketched in Fig. 
1. For the relaxed geometries of these models [7] we 
calculated the initial-state SCLS. The results are 
shown in Fig. 3. For all four models we observe only 
moderate shifts for the As components which is in 
agreement with experimental findings. However 
model I, II and III have Ga surface components 
which are shifted to higher kinetic energies in con- 
trast to the experimental statement. Model II and III 
can also be excluded since they show three Se 3d 
components with different energies (seperated by 0.5 
and 2.3 eV for model II and 0.4 and 0.7 eV for 
model III). Only model IV is consistent with the 
experimental findings. The two Se 3d components 
are separated by 0.6 eV. In order to approximate the 
chemical shift with respect to elemental Se we calcu- 

lated bulk selenium in its trigonal configuration. The 
two Se components of model IV are shifted by about 
0.9 and 1.5 eV towards higher kinetic energy. This 
shift is somewhat overestimated compared to the 
experiment. The sign of the Se shift with respect to 
elemental selenium agrees well with electronegativ- 
ity arguments and a detailed analysis of the elec- 
tronic structure [7]. Se is more electronegative than 
Ga and As [15] and therefore additional charge is 
accumulated around the Se atoms. The charge accu- 
mulation decreases the binding energy of the core 
electrons. The surface Ga components of model IV 
are placed at slightly higher energies than found 
experimentally. However, this overestimation should 
perhaps not be taken too seriously since the experi- 
mentalists had difficulty to resolve the Ga signal. In 
agreement with the experiment we observe nearly no 
shift in the As signal. 

4. Conclusions 

We performed ab initio calculations of the SCLS 
for free and Se-treated GaAs(llO) surfaces. For the 
free GaAs(l 10) surface we show that the experimen- 
tal results can be understood in the initial-state pic- 
ture. Inclusion of relaxation effects grossly deterio- 
rates the results, indicating the different time con- 
stants for photoemission and relaxation processes. 

On the basis of our calculated SCLS for different 
atomic configurations for Se/GaAs we can with 
certainty exclude three out of four discussed models. 
One model shows reasonable agreement in the calcu- 
lated and measured SCLS. We therefore strongly 
support an exchange geometry where the surface As 
atoms are substituted by Se and further Se atoms are 
bound to the surface Ga atoms. 

We have shown that the comparison of calculated 
and measured SCLS can be used as a powerful tool 
to determine surface chemistry and atomic structure. 
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Abstract 

The formation of the Si(100)/potassium interface has been studied by real-time surface reflectance spectroscopy, Auger 
electron spectroscopy and low energy electron diffraction. The changes of the Si optical reflectance have been followed as a 
function of the amount of K deposited at room temperature. The first step of adsorption gave rise to a phase transition which 
occurs at about 0.4 SML (where 1 SML corresponds to the saturation monolayer). The corresponding optical spectra 
displayed peculiar features which could be due to a symmetrization of the dimers at the silicon surface. Two growth 
processes could be distinguished, which yielded different equilibrium states: a 'dynamic' process observed during K 
evaporation (with a saturation larger than 1 SML) and a 'static' one which takes place after the evaporation has been stopped 
(saturation at 1 SML). The optical spectrum corresponding to the saturation of the dynamic process displays an absorption 
band which is interpreted as due to resonances in small K clusters, as observed in free K cluster experiments. 

1. Introduction 

Alkali metal adsorption on the Si(100)-2 X 1 sur- 
face has been widely studied for several years [1]. 
Among the main goals of the studies concerning the 
K/Si(100) are the determination of the metallic or 
semiconducting character of the interface, the exact 
mode of growth of the alkali film as a function of the 
experimental conditions, the saturation of the Si 
surface by K, etc. [2,3]. Although most of the surface 
sensitive techniques have been used for the investi- 
gation of the K/Si(100) interface, no or very few 
optical studies have been performed. We present in 
this paper results obtained by optical differential 
reflectivity spectroscopy (DRS), which has the ad- 

Corresponding author. 

vantage to be sensitive to changes of the surface or 
interface states, but also to plasmon-like resonances. 

2. Experimental conditions 

The Si samples were cut from intrinsic Si(100) 
wafers (p > 200 fi cm) with no disorientation. They 
were cleaned by in-situ heating during 5 min at 
about 1000°C, then slowly cooled down, in order to 
get a sharp 2X1 low energy electron diffraction 
(LEED) pattern. The potassium was evaporated at a 
low rate from a SAES getter source, which has been 
beforehand carefully degassed, on the Si sample 
maintained at room temperature. The base pressure 
was 1 X 10"10 Torr, and the increase of pressure 
during the evaporation was below 4X 10^n Torr. 
The amounts of K deposits were controlled by Auger 

0169-4332/96/S15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
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electron spectroscopy (AES), which was used also to 
check the cleanliness of the initial Si surface. The 
AES and LEED experiments were performed by 
means of a four-grid spectrometer. The energy of 
incident electrons in AES was fixed at 900 eV. 

The differential reflectivity spectroscopy is the 
measurement of the relative changes of reflectivity 
of the Si surface upon adsorption of K atoms. The 
measured quantity is the differential reflectivity (DR), 
given by: AR/R = (RK/Si- RSi)/RSi, where RSi 

and RK/Si are the reflectivities of the clean Si(100)- 
2X1 surface and of the K-covered Si surface re- 
spectively. The optical apparatus is based on a Si 
photodiode optical multichannel analyzer, which per- 
mits one to perform real-time measurements. The 
photon energy range, which was extending from 1.1 
to 5.5 eV, was provided by a quartz-halogen lamp 
and a deuterium lamp. A more detailed description 
of the apparatus can be found in Ref. [4]. 

3. Results and discussion 

Because of the high reactivity of K atoms, a low 
base pressure together with a low increase of pres- 
sure during K deposition are needed, in order to 
grow a continuous K layer on the Si surface, with no 
contamination an without any growth of additional K 
layer. When these conditions are not reached, multi- 
layer growth is observed [5]. Fig. 1 displays the ratio 
of the peak-to-peak K Auger signal at 252 eV and Si 
Auger signal at 92 eV, as a function of evaporation 
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Fig. 1. Auger peak ratio K(252 eV)/Si(92 eV) as a function of 
evaporation time. 
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Fig. 2. AR/R spectra obtained on K/Si(100) at room tempera- 
ture for different evaporation times: (a) 70 s; (b) 100 s; (c) 130 s; 
(d) 160 s. 

time. Attention has to be paid to the fact that the 
latent period between the time when the current is 
set in the source and the time when evaporation 
begins, which can be estimated to about 30 s, has 
been removed from the times indicated on Fig. 1; 
moreover, as the points have be obtained by succes- 
sive deposits on Si, the errors which are done from 
the estimation of the latent time are cumulative. In 
consequence, the absolute values for the times must 
be considered cautiously. Anyway, the shape of the 
curve is clear. The signal is first increasing up to 
about 300 s, then is saturating. This is the indication 
that only one K monolayer is formed on the Si(100) 
surface, without multilayer growth. The number of 
atoms which compose this monolayer cannot be 
determined from these experiments, and we will 
refer to it as the 'saturation monolayer' (SML). 

The DR spectra were registered on-line during the 
K deposition. Fig. 2 displays four spectra measured 
before the achievement of the saturation monolayer. 
Contrary to the case of AES measurements, the DR 
spectra were registered in real-time, each 30 s, avoid- 
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Fig. 3. Changes of AR/R from 100 to 130 s evaporation. 

ing the uncertainty on the effective time deposition, 
apart from a possible initial error of a few seconds 
which is the same for all spectra. It will be shown 
later that the evaporation time where the saturation 
monolayer is obtained can then be more precisely 
measured from the optical measurements, and is 
about 280 s. We will consider in these spectra only 
two features. A sharp minimum at 3.4 eV is increas- 
ing and reaches a maximum depth for about 100 s. 
Then, another broader minimum is growing as a 
shoulder at 2.5 eV in the 130 s spectrum and be- 
comes deeper in the 160 s spectrum. Although this is 

not seen straight from the figure, the 3.4 eV mini- 
mum stops increasing at about 100 s. This comes by 
considering the difference between the 100 s spec- 
trum and the 130 s one, drawn in Fig. 3. The 3.4 eV 
minimum is now no more visible, while the 2.5 eV 
shoulder appears as a clear minimum. A careful 
study of these spectra and of other ones obtained in 
experiments performed in the same conditions, show 
that the 3.4 eV minimum stops increasing at about 
100-110 s, while the 2.5 broad minimum starts to 
grow at this deposition time. This intermediate cov- 
erage, reported to the one for the saturation coverage 
(280 s, as seen later), corresponds to 0.36 to 0.38 
SML. This is precisely the coverage determined by 
[6] for the observation of a phase transition, from a 
poorly-ordered K-Si surface to a well-ordered one. 
The corresponding LEED patterns we obtained indi- 
cated indeed a better 2X1 ordered surface for 6 > 
0.4 SML. 

The 3.4 eV minimum is located at the E{ bulk 
transition of Si [7]. Such a feature in the DR spectra 
has been observed during the adsorption of other 
atoms on Si(100) (H [8], Ag [9]), which indicates 
that it originates from the Si substrate. Theoretical 
calculations of the optical response of Si(l00) with 
symmetric or asymmetric dimers [10] have shown 
that the corresponding spectra differ in particular by 
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a feature at this energy, and that the symmetrization 
of the dimers would result in a negative peak at 3.4 
eV. It is now generally accepted that, at room tem- 
perature, most of the dimers on the Si(100) surface 
are asymmetric [11-14]. We therefore interpret the 
observed minimum at 3.4 eV as the symmetrization 
of the Si dimers on the surface induced by the 
presence of the K atoms. The symmetrization would 
be complete before the completion of the saturation 
monolayer, which can be explained by the long-range 
interaction between the dimers. 

For larger amounts of K, the 2.5 eV minimum 
goes on becoming deeper (curve 1 of Fig. 4a, ob- 
tained at a deposition time of 280 s). Other experi- 
ments performed at higher temperature (80°C) have 
shown that there is no more change of the re- 
flectance spectrum after this deposition time, which 
therefore corresponds to the saturation ML. On the 
contrary, at room temperature, the spectra continue 
to change after this time, but return to the 280 s 
spectrum in about five minutes after the evaporation 
has been stopped. This is illustrated in Fig. 4b, 
where the curve 5, registered 900 s after the stop of 
the deposition, has recovered the same shape and 
intensity as the 280 s curve. This state can be 
considered as a 'static equilibrium' of the saturation 
ML of K on the Si(100) surface. On the other hand, 
at room temperature, the spectra changes after the 
saturation ML has been formed, up to a second 
equilibrium state, a 'dynamic equilibrium'. This is 
shown by curves 2 and 3 in Fig. 4a, corresponding to 
370 and 840 s of evaporation respectively. Almost 
no change is visible between curves 2 and 3, show- 
ing the saturation of the dynamic equilibrium. After 
the evaporation is stopped, a transition from the 
dynamic equilibrium to the static equilibrium is ob- 
served (spectra 4 and 5). 

Indications on the origin of the main minimum 
around 2.5 eV in the saturation ML spectrum (curve 
1), can be found by comparison with experiments 
obtained with atomic H adsorption on Si(100), which 
display similar features [8,15]. No specific state due 
to the H atoms themselves are expected, and the 
observed features can be interpreted as due to the 
changes or the removal of the Si(100) surface states 
because of the interaction with the H atoms. The 
theoretical results of Shkrebtii [10] for clean Si, 
which display a large feature between 1.5 eV and 3 

eV, due to the dimers states and the back-bond 
states, reinforce this interpretation in term of the 
modification of the surface states of Si due to their 
interaction with the K atoms. The possible explana- 
tion of the 2.5 eV feature, as due to the excitation of 
plasmon-like resonance in the K monolayer, can be 
excluded. The exposure to a small amount of oxygen 
would indeed have destroy this feature if due to a 
plasmon resonance, and curve 6 in Fig. 4b shows 
that almost no change is visible when exposing the 
K-saturated surface to 0.2 L of oxygen. 

Finally, the dynamic equilibrium should corre- 
spond to extra deposits of K on the saturation ML. 
The investigation of this film is not easy, as it is 
unstable at room temperature. The equilibrium is 
reached when the number of K atoms which are 
deposited on the surface from the source is the same 
as the number of K atoms which are subliming from 
the surface. The corresponding DR curves 2 and 3 in 
Fig. 4a, display now a deeper and narrower mini- 
mum close to 2 eV, and also positive values below 
1.5 eV. These features are typical of plasma reso- 
nances parallel and perpendicular to the surface in 
3D K clusters, which have grown dynamically upon 
the continuous saturation ML [15,16]. 
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Abstract 

The adsorption of tellurium on Si(100) has been studied using surface extended X-ray adsorption fine structure 
(SEXAFS) and X-ray standing wave spectroscopy (XSW). This particular system is of interest due to its potential 
applicability in the surfactant aided growth of CdHgTe-CdTe-Si(lOO) based infra-red detectors. The Te/Si(100) structure 
was generated by depositing a thick layer (~ 100 A) of CdTe onto a clean Si (2 X 1) double domain surface, and annealing 
the sample to 350°C. This resulted is a ~ 1 ML Te terminated surface where the (2X1) reconstruction was lost in favour of 
a (1 XI) symmetry. X-ray absorption of the Te L3 edge (E = 4341 eV), with a photon energy range of 4440-4700 eV, was 
probed using a total yield detection scheme. The SEXAFS results indicated that the Te atoms sat in 2-fold bridge sites 
directly above a fourth layer Si atom. The corresponding bond length was measured to be 2.52 + 0.05 A. The XSW 
measurements of the (400) reflection gave a coherent position of 1.63 + 0.03 A and a coherent fraction of 0.65. This is 
consistent with the breaking of the Si-Si dimers and thus could be an example of the phenomena of adsorbate-induced 
dereconstruction of the surface. These results are compared with those of Bennet et al. who examined a similar system using 
soft X-ray photoemission (SXPS) and the STM study of Yoshikawa et al. 

1. Introduction 

The use of tellurium as a surfactant to aid the 
growth of epitaxial germanium layers on Si(100) 
substrates is of great interest, as subsequent CdTe 
epilayers adopt a (100) orientation as opposed to the 
(111) orientation displayed when grown directly on 
Si(100) [1]. This system is particularly important for 
mercury cadmium telluride (MCT) devices on sili- 
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con, where the CdTe serves as a buffer layer for the 
growth of high quality MCT. Therefore, the technol- 
ogy developed for Si processing can be used for 
systems containing MCT devices. 

The 4.2% lattice mismatch between Si and Ge 
leads to a Stranski-Rrasanov growth mode, i.e. the 
first few monolayers are in layer by layer growth 
mode followed by the formation of Ge islands. Of- 
ten, by introducing a thin layer (< 1 ML) of surfac- 
tant (arsenic [2,3], antimony [4,5] or tellurium [6,7]), 
thick epitaxial Ge layers can be grown on Si sub- 
strates. Much attention has been devoted to the 
As/Si and Sb/Si systems but comparatively few 

1996 Elsevier Science B.V. All rights reserved. 
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techniques have been used to explore the Te termi- 
nated Si(100) substrates. Studies in the literature to 
date are (a) an STM study of various Te coverages in 
the range 0.25-3 ML [8], (b) an XPS study of Te on 
Si(100) [1]. 

Simple structural parameters, such as bond lengths 
and adsorption sites, are important prerequisites in 
order to understand the mechanisms of surfactant 
aided growth. In this work we present a structural 
study of the Te/Si(100) (1 X 1) phase using surface 
extended X-ray absorption fine structure (SEXAFS) 
and X-ray standing wave (XSW) spectroscopies. 

The SEXAFS process is essentially the absorption 
of a photon by a bound electron; this electron is then 
ejected. The outgoing electron wave is subsequently 
backscattered from surrounding near-neighbour 
atoms. The final state is a superposition of the 
outgoing and backscattered waves giving rise to an 
interference effect, the oscillatory part of which is 
the EXAFS. Thus, SEXAFS is a short range order 
probe since this scattering is usually only confined to 
a few near neighbours. The variation in the X-ray 
absorption coefficient may be modelled theoretically 
yielding information on bond lengths and co-ordina- 
tion numbers. 

The XSW method exploits the interference be- 
tween the incident X-ray wave vector E0 and the 
diffracted wave Eh from the substrate diffraction 
planes H; this sets up an interference wavefield 
inside, and to some extent, outside the crystal. This 
wavefield has a periodicity of the diffracting plane 
spacing and the nodal/antinodal planes are parallel 
to the diffracting planes. The phase, <p(9, E), be- 
tween the Eh and E0 changes from IT to almost 0 as 
the rocking curve of the reflection is passed and in 
doing so the interference field moves half a layer 
spacing in the opposite direction to the H vector. 
The functional form of (f>(9, E) can be calculated 
from the dynamical theory of X-ray diffraction. It is 
possible to predict the electric field intensity at a 
particular point in space. Likewise, if the electric 
field intensity about an emitting atom species is 
known, information about the local distribution of 
the emitting atom can be inferred. XSW measure- 
ments yield important structural parameters such as a 
coherent distance (D) from scattering planes, and 
also information on the order with respect to the 
scattering planes, coherent fraction (F). XSW mea- 

surements are, in general, more sensitive to the 
adsorbate substrate registry than SEXAFS measure- 
ments, however, a combination of these two compli- 
mentary techniques provides a powerful tool for 
structural analysis. 

2. Experimental 

The samples, thin Si wafers, were placed in an 
ultra-high vacuum (UHV) chamber having a base 
pressure of 5X10~" mbar. The silicon samples 
were held in a standard UHV manipulator, which 
incorporated an e-beam heating facility. This allowed 
the sample temperature to be elevated to that re- 
quired for thermal desorption of any surface contam- 
inants. The manipulator rotation axis allows the sam- 
ple to be rotated such that the sample surface can be 
parallel or perpendicular to the E vector of the 
incoming irradiating beam. 

The (2 X 1) Si surface was prepared by repeated 
cycles of mild Ar ion sputtering (E~2 kV and 
P ~ 10~5 mbar) followed by a thermal anneal to a 
temperature of 900°C. The resulting surface was 
checked for oxygen and carbon contamination by 
electron induced Auger electron spectroscopy (AES). 
No contamination was observed to within the detec- 
tion limit of the AES set up. The surface reconstruc- 
tion was examined by low energy electron diffrac- 
tion (LEED). On cooling below 100°C sharp (2 X 1) 
double domain LEED patterns were observed, in- 
dicative of a clean well ordered surface. 

Cadmium telluride was evaporated from a well 
outgassed tantalum filament and the deposition rate 
monitored with a standard quartz crystal oscillator. A 
CdTe overlayer (~ 50 A) was deposited onto the 
(2X1) surface at room temperature. The sample was 
subsequently annealed to « 350°C where the Cd 
was found to desorb ,leaving behind ~ 1 ML of Te. 
The resulting overlayer formed a sharp (1X1) LEED 
pattern. 

The SEXAFS and XSW experiments were carried 
out using the double crystal monochromator on 
beamline 6.3 Daresbury Laboratory, UK. For the Te 
L3 edge (4341 eV) the instrumental resolution of the 
monochromator, using the Ge(lll) crystals, was ap- 
proximately A E ~ 1.2 eV. This resolution is suffi- 
cient to perform the SEXAFS and XSW measure- 
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ments presented here. The full details of these tech- 
niques are published elsewhere    [10]. 

SEXAFS spectra were recorded for both near 
normal and grazing incidence with respect to the E 
vector, to give an indication of the adsorption site, 
using the strongly s-polarised synchrotron radiation. 
Normal incidence SEXAFS spectra contained a large 
extraneous feature due to the (400) Bragg reflection 
at 4565 eV, which severely shortened the usable 
EXAFS range available for analysis. However, by 
moving a few degrees off normal the signal from the 
(400) reflection increases in energy above that of the 
L2 edge, and is thus removed from the energy range 
of interest containing the SEXAFS oscillations. The 
X-ray absorption was monitored by measuring the 
total yield of electrons from the sample; this was 
achieved by earthing the sample through a Keithly 
current amplifier. The resulting signal was propor- 
tional to the X-ray absorption and, hence represents 
the EXAFS signal. The monochromatised incident 
X-rays were monitored by measuring the current 
output of a thin Al foil which served as a reference 
signal. All spectra were normalised to this signal in 
order to eliminate any structure due to the mono- 
chromator and any fluctuations in beam intensity. 
The raw data was background subtracted using 
EXBACK, and the oscillations fitted using EX- 
CUR V92 [11]. Phase shifts were calculated within 
the framework of EXCURV92. 

XSW lineshapes were recorded for the substrate 
and adsorbate (400) reflection at near normal inci- 
dence, as opposed to normal incidence, in order to 
avoid interference from the (220) reflection. Photo- 
electrons from the sample were collected with a 
hemispherical VSW HA 100 analyser. This detector 
was aligned in the plane of polarisation and at 45° to 
the incident X-ray beam. The absolute energy corre- 
sponding to the (400) reflection was 4565 eV. This 
energy was determined by monitoring the drain cur- 
rent, due to the diffracted beam, from a screen 
placed directly below the beam entrance to the 
chamber. For the (400) measurement the Si Auger 
electron (1610 eV) and sample drain current served 
as a substrate signals while Te 2p3/2 photoelectrons 

were used as an adsorbate specific signal. For the Si 
substrate Auger line signal to background (S/B) was 
6:1. For the Te adsorbate signal S/B = 2:1. Theo- 
retical XSW curves were generated by convolution 
of a Gaussian broadening function and calculated 
curves from the dynamical diffraction theory. Non 
structural parameters such as energy broadening and 
the Debye-Waller factor were obtained from the 
theoretical fit to the silicon substrate signal whilst 
constraining the coherent fraction F ~ 1 and the 
coherent distance D = 0. These parameters were then 
used to fit the adsorbate signal. 

3. Results and discussion 

SEXAFS spectra were recorded for both 81° and 
49° grazing incidence for the (1 X 1)-Te/Si(100) 
system Fig. 1. The total yield detection scheme was 
utilised and an edge jump of ~ 10% was observed 
in the raw SEXAFS data. Shown in Fig. 2 are 
background subtracted and edge step normalised EX- 
AFS ^(A:) for near normal incidence, weighted by 
£3 in order to emphasise higher energy data. The 
modulus of the corresponding Fourier transform is 
also shown together with the theoretical fit. In the 
analysis of both the grazing incidence and near 
normal incidence, the only parameters varied were 
the effective co-ordination number and the mean 

0.41 

0.39 

0.37 

0.35 

near normal incidence 

4300 4400 4500 4600 4700 

For a complete discussion of the EXAFS/SEXAFS data 
analysis and formalism see [9]. 

Photon energy (eV) 

Fig. 1. Total yield SEXAFS data for the Te L3 edge. Illustrated 
are both 81° and 49° grazing incidence spectra. 



S.R. Burgess et al./Applied Surface Science 104/105 (1996) 152-157 155 

ft < 
X 
B 

U.UDU 

\                            (a) 

0.025 1               />l 

1             /     \                r,'^< 

0.025 'Al  /; 

Radial distance (Ä) 

Fig. 2. (a) Total yield SEXAFS data x(k) after background 
subtraction and edge step normalisation weighted by k*. (b) 
Modulus of the corresponding Fourier transform. Dash-dot lines 
are the experimental data and the solid-dot lines are the theoreti- 
cal fits. 

bond length associated with each shell of atoms. In 
both cases excellent fits to the data were obtained. 

Distances of 2.53 + 0.05 Ä and 2.52 + 0.05 A 
were found for the first shell in near normal and 
grazing incidence respectively, giving an average 
bond length of 2.52 + 0.05 A. The principal contri- 
bution to the ±0.05 A error is the inherent uncer- 
tainty involved during the background subtraction 
processes. The amplitude ratio for near normal to 
grazing incidence was found to be 1.0 + 0.2. The 
fact that this result may indicate a disordered over- 
layer may be discounted due to the presence of the 

Fig. 3. Plan view of Te adsorbed on a (100) surface. Illustrated are 
the high symmetry sites considered in Table 1. Solid lines indicate 
the bond directions. White circles denote Te atoms and filled 
circles represent the Si substrate. 

sharp (1 X 1) LEED pattern. To identify the adsorp- 
tion site this experimental ratio is compared with the 
calculated ratio for several different high symmetry 
adsorption sites shown in Fig. 3. The effective co- 
ordination number (N*) was calculated using the 
expression from [9], where 0; • is the angle between a 
particular bond and the X-ray polarisation direction: 

N; = (0.5 + c)N; + (1.5 - 3c) £ cos20,7. 
7=1 

The parameter c is the ratio of-matrix elements for 
transitions from 1=1 to 1 = 0 and from I = 1 to 
/ = 2 angular momentum states: 

<okli> 

<2k|l> 
= 0.2. 

The calculated ratios for the various adsorption sites 
are shown in Table 1. The four-fold hollow site can 
be ruled out since the minimum bond length (corner 

o 

atom to centre of square) is 2.71 A and is clearly in 
excess of the experimentally determined bond length 

Table 1 
Table showing calculated versus experimental values of the effec- 
tive coordination number ratio for several high symmetry adsorp- 
tion sites 

Atop Bridge Hollow Anti-bridge Exp. 

AT (81) 

N" (49) 
0.71 0.91 ruled out 0.91 1.0 + 0.2 

N * is calculated assuming c = 0.2 and an unreconstructed Si(100) 
surface. 
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Te/Si(100) (400) XSW 
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Fig. 4. Te 2p3/2 photoelectron and total electron yield (TEY) 
spectra of Te/Si(100) at the (400) Bragg condition. The dashed 
lines are the normalised experimental data and the solid lines are 
from the theory. The substrate profile was fitted with a broadening 
of 1.19 eV and a Debye-Waller factor of 0.90. The best fit to the 
adsorbate profile yields D(Te) = 0.27 + 0.03 Ä and F(Te) = 0.65. 

RSi_Tt = 2.52 + 0.05 A. Only the bridge and anti- 
bridge sites are consistent with the data. The bridge 
site consists of a Te atom between two Si atoms 
above a fourth layer Si atom and is thus parallel to 
the original Si-Si dimers in the (2 X 1) formed by 
clean-on silicon. This adsorption site is effectively a 
Si substitutional geometry. The anti-bridge site lies 
above a second layer Si atom, perpendicular to the 
dangling bond direction. Due to close proximity of 
the second layer Si atom, if the anti-bridge site were 
occupied a second shell in the data, around ~ 2.9 A, 
would be observed. The SEXAFS results therefore 
indicate that the Te atoms are adsorbed in 2-fold 
bridge sites above fourth layer Si atoms with a 
Te-Si bond length of 2.52 + 0.05 A. However, al- 
though the data is of a high quality it is feasible that, 
in this case, the contribution to the SEXAFS signal 
from the second shell is not resolvable from the main 
Si-Te shell [9]. This point is addressed in the follow- 
ing section. 

In Fig. 4 the results of the XSW photon energy 
scans for the (400) reflection from silicon are shown 
together with theoretical fits. The XSW lineshape for 
the adsorbate had a similar profile to that of the 
substrate signal for the same reflection. This can be 
interpreted as the Te atom occupying the site where 

the next Si layer would have bonded, i.e. a substitu- 
tional site which in this case is the two-fold bridge 
site above a fourth layer Si atom. This is not consis- 
tent with the anti-bridge site postulated above. The 
results for the coherent fraction and coherent posi- 
tion are F = 0.65 and D = 0.27 + 0.03 A respec- 
tively. Any coherent distance measured using XSW 
is arbitrary to the addition of an integral number of 
scatter plane spacings. For the (400) direction the 
plane spacing is 1.36 A. Thus, the adsorbate atom 

o 

may be displaced 0.27 + 0.03 + 1.36« A, where n is 
an integer, from the bulk extended (400) planes. 
Assuming a 2-fold bridge site the SEXAFS results 
indicate that the Te atoms are 1.63 + 0.05 A above 
an unreconstructed Si surface. This is consistent with 
n = 1 for the XSW result which gives an coherent 
distance in the (400) direction of 1.63 + 0.03 A. In 
general, the coherent fraction is a measure of the 
overlayer order. Thus a coherent fraction close to 
unity is an indication that a single adsorption site is 
occupied in that direction. In this study, the low 
coherent fraction 0.65 may be interpreted in one of 
two ways: (a) more than one adsorption site is 
occupied by the Te atoms, or (b) there is in-diffusion 
at the interface leading to 35% of the Te atoms 
occupying disordered sites. 

One possible model for a multiple adsorption site, 
consistent with the data presented here, is where the 
Te overlayer is slightly 'rippled', that is, the alternat- 
ing Te atoms are displaced above and below a mean 
height of 1.63 A. In order to account for the coherent 
fraction of 0.65, each Te atom would need to be 
displaced +0.19 A about the mean. If this were the 
case the two shells would be present in the SEXAFS 
data, the shells being separated by 0.38 A. However, 
the contribution from two or more separate shells is 
only resolvable if the shells are separated by a 
distance greater than 0.6 A. Indiffusion of tellurium 
is also a plausible model as a soft X-ray photo- 
electron spectroscopy (SXPS) study of this system 
by Bennet et al. [1] observed migration of Te into the 
Si(100) substrate. 

Clearly the SEXAFS and XSW results presented 
here are, to a certain extent, in agreement with the 
photoemission study of Bennet et al. [1] and the 
STM study of Yoshikawa et al. [8] where both 
concluded that the Te adsorption site was the two-fold 
bridge site above a fourth layer Si atoms. In addition 
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the STM study revealed that the rows of Te lie 
perpendicular to the original Si-Si dimer row direc- 
tion with a missing row of Te atoms every 5-6 rows. 
They explained the missing row as a mechanism to 
relieve strain due to the size difference between Si 
and Te (covalent radii are 1.17 A and 1.32 A respec- 
tively). This gives rise to a un-dimerised Si surface 
where the Te atoms shift position across the missing 
row of atoms. The XSW results presented here for 
the (400) reflection were only sensitive to the adsor- 
bate position perpendicular to the surface and hence, 
these missing rows would not be detected. A similar 
XSW experiment, using the (220) or (111) Bragg 
reflections, would lead to the H vector having a 
component in the surface plane and thus give infor- 
mation on the missing row model. Indeed such a 
study is underway at present and will be published at 
a later date. 

Yoshikawa et al. [8] also noted the presence of 
three dimensional Te clusters located in the missing 
rows which contributed to a streaky (1 X 1) LEED 
pattern. In their work elemental Te was evaporated 
onto clean (2X1) Si surfaces. However, a sharp 
(1 X 1) LEED pattern was always observed for the 
study presented here, possibly due to the different 
method to produce the Te overlayer using CdTe 
evaporation. Again it is possible that such clustering 
in the missing rows would also lead to a reduction in 
the coherent fraction perpendicular to the surface. 

4. Conclusions 

We have studied the 1 ML (1 X 1) Te/Si(100) 
system with SEXAFS and XSW. At this coverage 
the tellurium atoms were found to occupy two-fold 
bridge sites above fourth layer Si atoms, the rows of 
Te being perpendicular to the original Si-Si dimer 
direction. The SEXAFS results give a bond length of 
2.52 + 0.05 A, which places the Te atoms 1.63 A 
above an un-dimerised Si surface. This is in excel- 
lent agreement with the XSW result, which places 

the Te layer 1.63 + 0.03 A above the bulk extended 
(400) planes. This in turn implies that there is no 
significant relaxation of the Si substrate and the 
results are thus consistent with the dereconstruction 
of the original (2X1) surface. The low coherent 
fraction of 0.65 for the (400) reflection could be due 
to a perfectly ordered 'rippled' Te overlayer. Alter- 
natively, there may be some in-diffusion of Te into 
the Si substrate or there is some degree of islands 
formation. Further XSW experiments using the (111) 
and (220) reflections from Si are planned to resolve 
the issue of the low coherent fraction observed for 
the (400) reflection. 
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Abstract 

Deposition of foreign atoms on silicon surfaces gives rise to a variety of phenomena, which are the subject of very active 
research. Fundamentally and technologically important, the chemisorption of hydrogen at Si(l 11)-7 X 7 surface is still under 
debate due to its complex structure, the existence of different adsorption sites and the etching in the process of adsorption. 
We present both experimental and theoretical optical spectroscopy results on the atomic hydrogen adsorption at the 
Si(lll)-7 X 7 surface. The real-time optical, namely differential reflectivity, measurements were performed by means of an 
in-situ spectrometer with 60° angle of incidence. Structural changes upon H adsorption have been monitored by LEED. 
Microscopical calculation of the optical properties of the full scale Si(lll)-7 X 7 DAS structure was done within a spV 
tight-binding approach. In order to model the structural changes due to H adsorption, we calculated the relative difference in 
reflectivity &.R/R between the clean Si(lll)-7 X 7 and hydrogenated Si(lll)-1 X 1:H surfaces. The surface optical 
response has been decomposed into the various components, due to surface-to-surface, surface-to-bulk, bulk-to-surface and 
bulk-to-bulk states transitions. The microscopic origin of the different contributions is discussed in detail. The comparison 
with the theoretical results allowed us to clarify the origin of the main optical peaks observed experimentally at the 
hydrogenated Si(lll)-7 X 7 surface. 

1. Introduction 

Process of hydrogen passivation and/or modifica- 
tion of the semiconductor surfaces is of both funda- 
mental and applied interest. 

Despite the Si(l 11) surface with hydrogen being 
an object of intensive investigation in the last decade 

* Corresponding author. Institut für Festkörperphysik, Technis- 
che Universität Berlin, Sekr. PN 6-1, Hardenbergs»-. 36, D-10623 
Berlin, Germany. 

[1-6], a lot of structural, electronic features of the 
hydrogenation are not clear yet: as it is generally 
accepted, atomic H does not only saturate the clean 
surface dangling bonds (DBs), it also etches the 
Si(lll)7 X 7 surface. The mechanisms of the 
Si(l 11)7X7 etching are complicated due to the 
variety of the dimer-adatom-stacking fault (DAS) 
structural units: adatoms (ADs), restatoms (RAs), 
stacking fault (SF), surface dimers (SD). These units 
are involved in the different stages of the interaction 
with H atoms. So, the process of the interaction 
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between Si(l 11)7X7 and H requires more careful 
investigation, especially in its intermediate states. 

We have addressed this problem by means of 
optical differential reflectivity (DR) measurements in 
combination with microscopical calculations for the 
full size (7 X 7) DAS structure. In this paper we will 
discuss the origin of the optical transition at the 
clean Si(lll)7 X 7 surface, analyzing its optical re- 
sponse versus H-terminated (1 X 1) and (7X1) 
Si(lll) surfaces. The correlation of the atomic mi- 
crostructure in the process of H adsorption and the 
electron band structure (coming from quantum- 
mechanical calculations) allows us not only to clarify 
the origin of the observed main optical peaks, but as 
we will demonstrate, to gain also important structural 
information. 

Two experiments are compared here. The first 
one is the adsorption of a small amount of H (570 L) 
onto the Si sample maintained at room temperature, 
which resulted in a 7 X 1 reconstruction observed by 
LEED [4]. The second one consists in the adsorption 
of a larger amount of H (20000 L) onto the Si 
sample heated at 800 K, which yielded a 1 X 1 
reconstruction. LEED and STM experiments have 
proved that such an hydrogenation of the Si(lll)-7 
X7 leads to an ideal hydrogenated Si(l 11)1 X 1 
surface, where each dangling bond of the surface Si 
atoms is bound to one H atom [9]. 

3. Theoretical details 

2. Experimental 

The samples were cut from intrinsic Si wafers, 
then chemically cleaned following Shiraki procedure 
[7]. The oxide layer was then removed by flashing 
the sample at 1120 K during 5 min in the ultra-high 
vacuum chamber, with a base pressure of 10~10 

Torr. The samples were then slowly cooled down in 
order to get a sharp 7X7 pattern observed by low- 
energy electron diffraction (LEED). Auger electron 
spectroscopy performed on samples prepared in the 
same way showed no, or very low, carbon contami- 
nation. Atomic hydrogen was produced by decompo- 
sition of H2 molecules by a hot tungsten filament at 
2070 K, previously heated at a higher temperature in 
order to eliminate any impurity. The real-time optical 
measurements were performed during the exposure 
to H, by means of an in-situ differential reflectance 
spectrometer, previously described [8]. The relative 
change of reflectance: AR/R = (/?<='"-Si - 
flH/Sl)/tfcleanSi, is measured as a function of the 
photon energies. Rc]eanS< and Ru/S' are the re- 
flectances of the clean and hydrogen-covered (7 X 1 
and 1 X 1) Si surfaces respectively. The incidence of 
the light beam was 60° and the light was p-polarized. 
An important property of the A R/R quantity is that 
it is directly related to the optical absorption at the 
surface of the sample, and therefore provides direct 
information on the surface electronic transitions of Si 
and their changes induced by H adsorption. 

In order to calculate the optical response of the 
Si(l 11)7 X 7 surface and of the hydrogenated 1 X 1 
surface, we applied the well probed sp3s* tight-bind- 
ing approach within the slab geometry (7 and 10 
layers thick for the 7X7 and the 1 X 1 surfaces 
respectively). Theoretical atomic geometries (which 
are very close to these experimental ones) have been 
used in the calculation structure of 7 X 7 and 1 X 1 
phases. Due to the fact that no experimental or 
theoretical structural data are present for the 7 X 1 
structure, we did not calculate the optical response of 
this hydrogenated surface. Other technical details are 
similar to that of Ref. [10]. One should also stress 
that this theoretical treatment permits one to separate 
the contribution to the optical spectra coming from 
surface-to-surface (s-s) states transitions, bulk-to- 
bulk (b-b), bulk-to-surface (b-s) and surface-to-bulk 
(s-b) states transitions, which provides an important 
tool for understanding the origin of the experimental 
optical peaks. 

The symmetry of the (7 X 7) DAS structure im- 
plies that the surface optical response is isotropic 
along the surface. Hence only differential reflectivity 
(DR) technique can be used to characterize experi- 
mentally the optical transitions at the Si(lll) sur- 
face, while another useful optical technique as the 
reflectance anisotropy spectroscopy cannot succeed. 
For a direct comparison to the experiments, the 
theoretical DR has been defined as the difference of 
the reflectivities of the two different slabs: (7 X 7) 
versus (1 X 1). It is given in the following equation: 



160 M. Roy et al./Applied Surface Science 104/105 (1996) 158-162 

n    -1 .. 

8 -1.5   - 

, ! 
■ 

Cb 

I k, 

2 

2.5 

i 

= AD ABS 

- AD DBS 

AD and CH DBS 
■ 

■ 

- AD and CH DBS 

1.5 Vb 

'  ' 

? 8 

. RADBs 

• AD BBS 

I               si»/ 
K 

M 

' 
j   AD BBS 

1 
f 

Fig. 1. The three special points in the irreducible SBZ, and the 
surface band structure at SP of the Si(l 11)-7 X 7. Dots and dashes 
denote bulk and surface states respectively. The zero energy is at 
the calculated Fermi level EF, the top of the valence band and the 
bottom of the conduction band are indicated by Vb and Cb 
respectively. The main transitions between filled and empty states 
are indicated by arrows, and their energies are given in eV. 
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where 6 is the angle of incidence, esi(w) is the bulk 
dielectric function, and Ae7x7(«) (resp. Ae7

L
x7(w)) 

and Ae""lxI(«) (resp. Ae""lxl(w)) are the calcu- 
lated surface dielectric functions parallel (resp. per- 
pendicular) to the surface plane, for the clean 7X7 
Si surface and the hydrogenated 1 X 1 Si surface 
respectively '. The imaginary part of the dielectric 
function was averaged at 3 special points [11] in the 
irreducible surface Brillouin zone (SBZ) (see Fig. 1). 
Transitions up to 13 eV were taken into account. 
Therefore, the calculated real part of the polarizabil- 
ity is accurate up to about 6 eV, after the Kramers- 
Kroenig transform [12]. 

4. Results and discussion 

The calculated surface band structure is shown in 
Fig. 1. Since it shows no significant dispersion (less 
than 0.1 eV) of surface states at different points in 
the irreducible SBZ, we will discuss the results at 
only one point, the special point SP shown in Fig. 1. 
Around EP there are filled and empty DB-like sur- 
face states, with a predominant pz character and 
mainly localized on ADs and CH atoms. In the 
following, the energies are referred to EF. There are 
two groups of occupied surface states at —0.65 eV 
and from -0.75 eV to - 1.25 eV. The former states 
(-0.65 eV) are DBs states located at RAs, while 
those with deeper energies are mainly backbonds 
(BBs) between ADs and first-layer atoms. Additional 
surface states are observed around —1.7 eV also 
with AD-first layer BBs character and a small dimer 
contribution. Above £F, there are two overlapping 
groups of empty states. The states at 0.5 eV are 
mainly DBs located at ADs mixed with some back- 
antibonds (BAs) between ADs and second-layer 
atoms positioned just below them. The states at 0.7 
eV are mostly AD back-antibonds with the atoms of 
the first layer. Further AD-first layer back-antibond- 
ing states are found at 1.3-1.5 eV. These states are 
not shown in Fig. 1, but they contribute to the optical 
response and are taken into account. 

Fig. 2 gives the result of the calculation following 
Eq. (1). As no surface state is present on the 
Si(lll)l X 1-H surface in the investigated energy 
range, the features displayed by the spectrum are 

The surface dielectric function is calculated subtracting the 
bulk dielectric constant (where the H covered layer is also in- 
cluded) from the slab dielectric function. 

12 3 4 5 

PHOTON ENERGY (eV) 

Fig. 2. AR/R theoretical spectrum obtained by subtracting the 
optical response of the Si(lll)-1X1H surface to the one of the 
Si(l 11)-7X7 surface, with p-polarized light. 
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Fig. 3. AR/R experimental spectrum measured with p-polarized 
light after having exposed a Si(lll)-7X7 surface maintained at 
800 K to 20000 L of atomic hydrogen. 

mainly due to electronic transitions involving the 
surface states and the surface-modified bulk states of 
the clean 7X7 surface, drawn in Fig. 1. An analysis 
of the spectrum shows that up to 2.0 eV, the re- 
sponse is dominated by surface to surface (s-s) 
transitions, and from 2.0 to 3.0 eV by surface to bulk 
(s-b) transitions. The bulk to surface (b-s) transi- 
tions are small as compared with the other contribu- 
tions. The states involved in the main s-s and s-b 
transitions are indicated by arrows in Fig. 1. The 
only s-s transition between 1 and 5.5 eV is a 
transition at 1.45 eV, from a AD-BB states to 
AD-DB states and AD-BA states, and from AD-DB 
just below EF to AD-BA at 1.4 eV (not shown in 
Fig. 1). The s-b component shows a broad structure 
from 2.0 eV to 3.5 eV mainly due to transitions 
between AD-BB and bulk states in the conduction 
band. From 3.0 eV, the spectrum is dominated by 

s-b and bulk to bulk (b-b) transitions. It shows a 
minimum at 3.2 eV, a structure with three maxima at 
3.5 eV, 3.8 eV and 4.2 eV, and a deep minimum at 
4.5 eV. 

This theoretical spectrum has to be compared to 
the result of the experiment shown in Fig. 3, which 
gives the DR spectrum obtained after exposing the 
7 X 7 Si surface to 20000 L of atomic H at high 
temperature, leading to the 1 X 1-H surface. Apart 
from a general shift of 0.2 eV of the theoretical 
curve with respect to the experimental one, the main 
features previously described are present in Fig. 3, 
although with different relative intensities than in the 
calculation. In particular the s-s peak at 1.45 eV is 
reduced to a shoulder around 1.7 eV in the broad 
experiment feature between 1 and 3.4 eV. As previ- 
ously shown [13], a very small H exposure permits 
us to clearly identify a peak at this energy, corre- 
sponding to H bound to the Si DB. 

The s-b transitions between 2 and 3.2 eV are 
observed, with larger intensity for the transition 
around 3 eV than in the calculation. The s-b and 
b-b transitions which have a 'structural' origin, i.e. 
which are due to the etching of the Si ADs and to the 
removing of the SDs and the SF, are present above 
3.2 eV: minimum at 3.5 eV, double peak at 3.7-4.1 
eV, and deep minimum at 4.7 eV. The different 
peaks and shoulders observed in the theoretical and 
experimental spectra are summarized in Table 1, 
which demonstrates the good agreement between 
both curves despite the 0.2 eV shift and the different 
intensities. 

Moreover, the effect of only structural change can 
be seen by comparing the DR spectrum in the Fig. 3 

Table 1 
Summary of the optical features observed both theoretically (Fig. 2) and experimentally (Fig. 3) 

Theory Experiment 

energy position (eV) nature of the feature energy position (eV) nature of the feature 

1.45 large peak 1.7 broad shoulder 
2.1-2.5 double peak 2.4-3.2 large and broad structure 
3 small broad peak 
3.25 minimum 3.5 minimum 
3.5 large narrow peak 3.7 shoulder 
3.9 peak 4.1 peak 
4.3 shoulder 4.4 shoulder 
4.5 negative minimum 4.7 negative minimum 
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Fig. 4. AR/R experimental spectrum measured with p-polarized 
light after having exposed a Si(lll)-7X7 surface to 570 L of 
atomic hydrogen at room temperature. 

and the one obtained for the 570 L of atomic hydro- 
gen exposure on Si at room temperature (Fig. 4). In 
this second case, the temperature and the amount of 
hydrogen are not high enough to remove the SF. The 
spectrum in Fig. 4 is almost similar to the one in Fig. 
3. The main difference is the absence of the negative 
values around 4.7 eV. The 4.7 eV minimum, well 
reproduced by the calculation (Fig. 2) can therefore 
be assigned to the bulk-to-bulk transition related to 
the stacking fault of the 7 X 7 reconstruction. 

5. Conclusions 

Both experimental and theoretical investigations 
of the hydrogen adsorption process of the Si(lll)7 

X 7 surface have been carried out. The process of 
the H saturation of the DBs leads to the evolution of 
the low energy part of the DR spectra, while the 
related structural changes have influence on the sur- 
face transition above the bulk optical continuum. At 
last, the negative DR at 4.5 eV is the optical signa- 
ture of the removing of the SF and the restoration of 
the (1 X 1) terminated surface. 

References 

[1] L. Ye, A.J. Freeman and B. Delley, Phys. Rev. B 48 (1993) 
11107. 

[2] T. Sakurai, Y. Hasegawa, T. Hashizume, I. Kamiya, T. Ide, 
I. Sumita, H.W. Pickering and S. Hyodo, J. Vac. Sei. Tech- 
nol. A 8 (1990) 259. 

[3] K. Mortensen, D.M. Chen, P.J. Bedrossian, J.A. Golovchenko 
and F. Besenbacher, Phys. Rev. B 43 (1991) 1816. 

[4] C.J. Karlsson, E. Landemark, L.S.O. Johansson, U.O. Karls- 
son and R.I.G. Uhrberg, Phys. Rev. B 41 (1990) 1521. 

[5] A. Ichimiya and S. Mizuno, Surf. Sei. 191 (1987) L765. 
[6] U. Jansson and K.J. Uram, J. Chem. Phys. 91 (1989) 7978. 
[7] A. Ishizaka and Y. Shiraki, J. Electrochem. Soc. 133 (1986) 

666. 
[8] Y. Borensztein, T. Lopez-Rios and G. Vuye, Appl. Surf. Sei. 

41/42(1989)439. 
[9] C.J. Karlsson, F. Owman, E. Landemark, Y.C. Chao, P. 

Martensson and R.I.G. Uhrberg, Phys. Rev. Lett. 72 (1994) 
4145. 

[10] C. Noguez, A.I. Shkrebtii and R. Del Sole, Surf. Sei. 331-333 
(1995) 1349. 

[11] DJ. Chadi and M.L. Cohen, Phys. Rev. B 8 (1973) 5745. 
[12] A. Selloni, P. Marsella and R. Del Sole, Phys. Rev. B 33 

(1986) 8885. 
[13] M. Roy and Y. Borensztein, Surf. Sei. 331-333 (1995) 453. 



applied 
surface science 

Applied Surface Science 104/105 (1996) 163-168 

Dissolution and segregation of monolayer Cu, Ni and Co atoms 
on the Si(l 11) - {3 X /3~-Ag surface induced by thermal annealing 

J. Yuhara *, R. Ishigami, D. Ishikawa, K. Morita 
Department of Crystalline Materials Science, School of Engineering, Nagoya University, Furo-cho, Chikusa-ku, Nagoya 464-01, Japan 

Received 28 June 1995; accepted 2 October 1995 

Abstract 

Concentration changes of monolayer Cu, Ni, and Co atoms on the Si(lll)-v3 X v3-Ag surface by isochronal annealing 
at temperatures from 150 to 700°C have been studied by means of LEED-AES-RBS techniques. It is shown that Cu atoms 
on the Si(lll)-v3 X v3 -Ag surface dissolve into the Si bulk at a temperature of 250°C, and segregate back to the surface 
when Ag atoms decay from the surface on annealing at temperatures higher than 400°C. It is also shown that Ni atoms, 
which have once dissolved into the bulk, segregate back to the surface on annealing above 400°C. In the case of the 
Co/SiOll)--/^ X V^-Ag surface, Co atoms preferentially dissolve into the bulk, a situation similar to that of Cu and Ni 
atoms on the Si(lll)-v3 X V3 -Ag surface; however, no segregation of Co atoms has been observed upon annealing at 
higher temperatures. These results are discussed in terms of the heats of mixing between the Ag atoms and the co-adsorbates 
and also between the co-adsorbates and the Si substrate. 

1. Introduction 

Recently, binary metal adsorbates on the Si(lll) 
surface have received intensive attention from funda- 
mental and technological points of view [1-13]. One 
of the reason for such studies is that the atomic 
interactions at the surface may take place not only 
between the metal adsorbates and the Si substrate but 
also between two different metal adsorbates. It is 
expected that the coexistence of binary adsorbates 
may modify the potential barrier height for dissolu- 
tion and sublimation of individual adsorbates. The 
modification of the potential barrier by adding the 

Corresponding author. 

foreign metal atom may produce a thermally more 
stable intermediate layer or may promote the thermal 
reaction at a lower temperature. Therefore, it is 
interesting to study the changes of the surface con- 
centrations and of the atomic structures of 2D binary 
metal adsorbates on the surface, and to look for 
correlations between the atomic structures of these 
2D binary metal adsorbates and the corresponding 
3D binary metal alloys. 

So far, the thermal behaviors of the binary metal 
adsorbates have been studied by several authors 
[2,3,6,7,9,12,13]. It has been shown that Au-Cu 
adsorbates form a SiOlD-vj X v3-(Au, Cu) struc- 
ture [2,6], which is a 2D ordered phase of Au4Cu [6]. 
In the case of Au-Ag adsorbates, it has been shown 
that Au-Ag binary adsorbates form a 2D solid solu- 
tion on the Si(lll) surface [7], which reflects the 
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bulk phase diagram. In contrast, it has been found 
that Ag and Cu atoms are separated from each other 
on the Si(lll) surface, which also reflects the bulk 
phase diagram [3,9]. Thus, these facts indicate that 
there is a similarity between the surface phases of 
the binary noble metals on the Si(lll) surface and 
their bulk alloy phases. 

The effects of foreign noble metals on the thermal 
stability of noble metal adsorbates at the Si(lll) 
surface have also been studied by the present authors 
[12]. They found that the thermal stability of Au 
atoms at the Si(lll) surface is not influenced by 
room temperature deposition of Ag or Cu atoms and 
post annealings. On the other hand, Ag atoms de- 
posited on the Au/Si(lll) surface are less stable 
than silver on the Si(lll)-7X7 surface upon post 
annealing, but the thermal stability of Ag is not 
influenced by the deposition of Cu atoms. Moreover, 
Cu atoms deposited on the Si(l 11)- v3 X V^-Ag and 
v3 X V3-Au surfaces become very unstable on post 
annealing. 

During isochronal annealings of the Cu/Si(lll)- 
v3 X v3 -Ag surface, it has been recently found that 
when a certain amount of Ag atoms leaves the 
surface, the same amount of Cu atoms, which had 
once dissolved into the bulk, segregates back to the 
surface [9,12], In order to understand such a segrega- 
tion phenomenon, the thermal behaviors of Ni and 
Co adsorbates on the Si(lll)-v3 X v3-Ag surface 
have also been studied similar to the Cu-Ag system, 
because the Ni-Ag and Co-Ag binary systems are 
mutually immiscible. We found that the Ni atoms 
that had once dissolved into the bulk at low tempera- 
ture will segregate back to the surface at a higher 
temperature [13]. 

In this paper, we discuss experimental results on 
the thermal behaviors of Cu, Ni and Co adsorbates 
deposited on the Si(lll)-V^ X V^-Ag surface with 
the aim to correlate the atomic interactions between 
two kinds of metal adsorbates to those between the 
metal adsorbates and the Si substrate. 

a conventional UHV chamber, which was evacuated 
to base pressures less than 3X10-10 Torr. The 
chamber was equipped with a 4 grid optics for 
LEED, a double pass cylindrical mirror analyzer for 
AES, a water-cooled solid state detector for RBS and 
two evaporation sources of metals (Ag and either Cu, 
Ni or Co). 

The specimen surface was cleaned by repeated 
direct current heatings, for 5 min at no less than 
1050°C at pressures below 5 X 10"10 Torr. After the 
cleaning process, a distinct 7X7 LEED pattern was 
observed, and the AES spectra did not show any 
traces of impurities such as C and O. Specimen 
temperatures higher than 600°C were measured with 
a radiation thermometer. Lower temperatures were 
measured with an alumel-chromel thermocouple. 

A metal film about 1 ML thick (1 ML for Si(l 11) 
face = 7.8 X 1014 atoms/cm2) was deposited onto 
the cleaned Si(lll)-7 X 7 surface at room tempera- 
ture. Then, the binary adsorbates on the Si(lll) 
surface were prepared by post deposition of Cu, Ni 
or Co at room temperature onto a \3 X i/3-Ag 
surface produced by annealing a silver film at 350°C 
during 5 min. Both single and binary noble metal 
adsorbates on the Si(lll) surfaces were isochronally 
annealed for 15 min at temperatures from 150°C to 
700°C; the surface structures and coverages were 
measured by means of LEED-AES-RBS techniques 
at several stages of the annealing to examine the 
effect of Cu, Ni and Co to Ag adsorbate. 

The amount of deposited metal atoms was mea- 
sured by RBS with an accuracy of about +0.05 ML 
using a 1.5 MeV He+ ion beam. A typical He+ ion 
fluence to obtain a RBS spectrum is 1 X 10l5/cm2. 
The effect of He+ beam damages on the surface 
coverages was carefully tested by comparing RBS 
spectra taken both at irradiated and non-irradiated 
positions after several repeated annealings. No visi- 
ble change due to beam damage was observed. 

2. Experimental 

The specimen used was a mirror-polished n-type 
Si(l 11) wafer, 3 fi cm, with a size of 25 X 3 X 0.5 
mm3. The specimen was placed on a manipulator in 

3. Experimental results 

Ag, Cu, Ni and Co films, about 0.6-0.8 ML 
thick, deposited on the Si(l 11)-7 X 7 surface were 
isochronally annealed at temperatures from 200°C to 
700CC.  The  surface  structures and the coverages 
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Fig. 1. Coverage changes versus temperature measured by AES and RBS on the Si(l 11) surface for (a) Ag; (b) Cu; (c) Ni; (d) Co. 

determined by LEED, AES, and RBS at each anneal- 
ing stage are shown in Fig. 1. 

One notices in Fig. 1(a) and (b) that the decay 
curves of Ag and Cu measured by RBS are almost 
the same as those measured by AES. The Ag and Cu 
coverages decrease with annealing temperatures re- 
spectively above 350°C and 450°C. LEED observa- 
tions showed a \/3 X ^3 pattern (T< 400°C) for the 
Ag/Si(lll) surface, and showed 1 X 1 (7<400°C) 
and quasi-5 X 5 (400°C < T < 510°C) for the 
Cu/Si(lll) surface. 

Fig. 1(c) shows that the Ni coverages measured 
by AES decay faster than those measured by RBS. 
Ni coverages measured both by AES and RBS in- 
crease for annealing temperatures above 400°C. The 
LEED pattern changed from a 1 X 1 to a mixed 
1 X 1 and vi9 X yl9 structure upon annealing at 
temperatures higher than 600°C. 

Fig. 1(d) shows that the Co coverages measured 
by AES decrease at annealing temperatures above 
300°C, yet the Co coverages measured by RBS 
almost do not change at all. The LEED patterns 
remained 1 X 1 on annealing at temperatures lower 
than 600°C. 

The Cu/Si(lll)-\/3~ X i/3~-Ag surface was 
isochronally annealed at temperatures from 150°C to 

v5xv5 lqSx5 7x7 

(a)     Cu on the Si(111 )-vJxVf-Ag 

Cu (MVV) 
Ag (MNN) 
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800 
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Fig. 2. Temperature variations of the Cu and Ag coverages on the 
Cu/Si(lll)-i/3 X^/3-Ag surface measured by AES (a) and RBS 
(b). The change of the LEED pattern is shown at the top of the 
figure. 
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520°C. The Cu and Ag coverages on the Cu/Si(l 11)- 
v3 X V3 -Ag surface measured both by AES and 
RBS are displayed as a function of annealing tem- 
peratures in Fig. 2. The LEED observations showed 
1/3X1/3" (T < 350°C), i/3Xi/3~ + quasi-5 X 5 (T 
= 400°C) and quasi-5 X 5 (450°C < T < 480°C) 
structures. Clearly the Cu coverage starts to decrease 
at a temperature of 200°C and increases again at a 
temperature of 400°C. When the sample was an- 
nealed at 350°C, the intensity of Cu inside the Si 
crystal measured by RBS decreased to the back- 
ground level, which corresponds to a Cu/Si concen- 
tration ratio of 0.02%. This result indicates that the 
Cu atoms migrate deeper than 3000 A into the bulk. 

Similarly, Ni and Ag coverages on the 
Ni/Si(lll)-i/3~ X i/3-Ag surface measured by AES 
and RBS as a function of annealing temperature are 
shown in Fig. 3. The LEED patterns displayed suc- 
cessively /3X1& (T< 350°C), 1/3" X i/3 + 3 X 1 
(r= 400°C), 1 X 1 (450°C < T< 600°C), and 1 X 1 
+ yT9~ X i/l9 (T> 600°C) structures. The Ni cover- 
age starts to decrease at a temperature of 200°C and 
increases again at temperatures higher than 400°C. 
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Fig. 4. Same as Fig. 2 but for Co. 
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The Co and Ag coverages on the Co/Si(lll)-v3 
X 1/3^-Ag surface measured by AES and RBS as a 
function of annealing temperature are also shown in 
Fig. 4. The LEED observation showed structures of 
V3 X i/3~ (T< 400°C) and 1 X 1 (500°C <T< 
600°C). The Co coverages measured by AES de- 
crease at temperatures higher than 200°C, yet those 
measured by RBS do not change at all. 

4. Discussion 

0 200 400 600 800 
TEMPERATURE (°C) 

Fig. 3. Same as Fig. 2 but for Ni. 

We have seen that the variations of the Ag and Cu 
coverages measured by RBS are particularly the 
same as those measured by AES. This means that the 
location of the Ag and Cu adsorbates at the Si(lll) 
surface do not change upon annealing, when the 
V3 X v3 -Ag and quasi-5 X 5 structures are formed, 
respectively. 

On the contrary, the Ni and Co coverages mea- 
sured by AES decay faster than those measured by 
RBS. Since the coverages measured by RBS measure 
the total amount of atoms both at the surface and in 



J. Yuhara et at. / Applied Surface Science 104/105 (1996) 163-168 167 

the sub-surface layers, the slow RBS decay curves of 
Ni and Co indicate that Ni and Co form the Ni- and 
the Co-silicides, respectively in the sub-surface lay- 
ers at low temperatures. The Ni atoms diffuse rapidly 
into the Si bulk at a temperature of 400°C, while the 
Co atoms are stable in the sub-surface layers up to 
700°C. This result is consistent with the fact that the 
Co-silicide is thermally more stable than the Ni-sili- 
cide [14]. The Co atoms do not make any superstruc- 
ture at the surface but form the Co-silicide in the Si 
bulk, which points to a higher stability of the Co 
atoms in the bulk than at the surface. 

Some of the Ni atoms, which have dissolved into 
the bulk, segregate back to the surface to form the 
J\9 X J\9 structure upon annealing above 600°C. 
The thermal behaviors of Au, Ag, Cu, Ni, and Co as 
single species on the Si(lll)-7X7 surface have 
been studied by isochronal annealing using LEED- 
AES-RBS techniques [12,13], and it has been ob- 
served so far that only the Ni atoms segregate back 
to the surface. 

The Cu atoms on the Si(lll)-\/3~ X v^-Ag sur- 
face start to dissolve into the Si crystal upon anneal- 
ing at a temperature of 150°C, but the Cu coverage 
on the clean Si(l 11)-7 X 7 surface does not decrease 
on annealings up to 450°C. These facts indicate that 
the thermal stability of the Cu atoms is strongly 
influenced by the co-existence of Ag atoms. On the 
contrary, the thermal stability of Ag on SiC 111) does 
not change, if Cu atoms co-exist. Further, the Cu 
atoms, which had once dissolved into the bulk, seg- 
regate back to the topmost surface, when the Ag 
atoms leave the surface upon annealings at tempera- 
tures higher than 400°C. We estimate from Fig. 2 
that about 80% of the Cu atoms, which had dissolved 
into the bulk, have segregated back to the surface. 
This behavior indicates that the Cu atom location in 
the quasi-5 X 5 structure at the surface is energeti- 
cally more favorable than the solute site in the bulk. 

The Ni atoms on the Si(lll)--/3 X \/3~-Ag sur- 
face start to dissolve into the bulk at 200°C and the 
Ni coverage measured by AES decreases to zero 
upon annealing at 250°C, while comparatively the Ni 
coverage on the Si(lll)-7 X 7 surface does not go 
down to zero for annealings up to 700°C. Hence the 
thermal stability of Ni atoms on the Si(lll) surface 
is also influenced by the co-existence of Ag atoms. 
On the contrary, the thermal  stability of Ag on 

Si(lll) is not influenced by the coexistence of Ni 
atoms. We also note that the Ni atoms segregate 
back to the surface for annealings above 400°C. 

The Co atoms on the Si(lll)-\/3 X V^-Ag sur- 
face start to dissolve into the Si crystal on annealing 
at 200°C, while the Co coverage on the Si(l 11)-7 X 7 
surface does not change at the same temperature. As 
for Ni, the thermal stability of Co atoms on the 
Si(lll) surface is strongly influenced by the co-ex- 
istence of Ag atoms, whereas the thermal stability of 
Ag on the Si(lll) surface is not influenced by Co 
atoms. Even when the Ag coverage has decreased to 
zero, the Co coverages measured by RBS do not 
change at all up to the highest temperature of anneal- 
ing; this is very similar to the case of Co/Si(l ll)-7 
X 7. Thus, we conclude that the Co atoms do not 
segregate at the Si(lll) surface regardless of the 
existence of Ag atoms. 

The Ag atoms always remain on the surface, 
while the Cu, Ni, and Co dissolve into the Si bulk 
upon annealing at temperatures lower than 350°C. 
This common trend may be explained in terms of 
heats of mixing; the values of the mixed enthalpies 
for Cu-Ag, Ni-Ag, and Co-Ag are all positive and 
0.08, 0.58, and 0.72 eV/atom respectively. This 
points to the presence of the repulsive forces against 
the mixing of these binary adsorbates. The value of 
the mixed enthalpy for Ag-Si is -0.15 eV/atom; it 
is much higher than the corresponding values of 
-0.35, -0.89, and -0.82 eV/atom for Cu-Si, 
Ni-Si, and Co-Si, respectively [15]. 

The segregation of Cu and Ni atoms in the ab- 
sence of Ag at the surface may be related to the facts 
that Cu and Ni form thermally stable superstructures 
on the surface at variance with Co. When Ag leaves 
the surface upon annealings above 400°C, vacant 
sites are available for the Cu and Ni atoms diffused 
into the bulk to create their superstructures. As a 
matter of fact, more than half of the Cu atoms, which 
had dissolved into the bulk, segregate back to the 
surface. 

5. Summary 

The changes of the atomic structures and compo- 
sitional ratios of Cu, Ni, and Co atoms on the 
SiOlD-v^ X V^-Ag surface induced by isochronal 
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annealings at temperatures from 150°C to 700°C 
have been studied by LEED, AES and RBS. As long 
as the Ag atoms remain on the surface that is below 
350°C, the Cu, Ni, and Co atoms dissolve into the Si 
bulk. The Cu and Ni atoms, which had dissolved into 
the Si bulk, segregate back to the surface, when the 
Ag atoms leave the surface upon annealing above 
400°C, while no segregation of Co atoms has been 
observed even for annealings at higher temperatures. 

The low temperature dissolution of Cu, Ni, and 
Co in the presence of Ag atoms at the surface has 
been reasonably explained in terms of heats of mix- 
ing between the Ag atom and its co-adsorbates and 
between the Si substrate and the co-adsorbates. The 
surface segregation behavior of the coadsorbates at 
the decay of Ag atoms at the surface is attributed to 
their specific surface properties. 
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Abstract 

The InP(lOO) surfaces cleaned by ion bombardment and annealing (IBA) are known to be In-rich. Exposure to atomic 
hydrogen gives rise to an even higher In surface content. The nature of these In atoms at the clean and at the passivated 
surface was characterized by the techniques of ultraviolet and X-ray photoelectron spectroscopy (UPS, XPS) as well as 
low-energy electron diffraction (LEED), scanning electron microscopy (SEM), energy dispersive X-ray spectroscopy (EDX), 
and high-resolution electron energy-loss spectroscopy (HREELS). The heavily hydrogenated surface is dominated by 
metallic droplets of In. Line shape analysis can separate the contributions from these droplets and the non-metallic area in 
between, giving new insight into band bending at this surface. It is argued that the clean surface consists of In atoms bound 
in dimers. HREELS-spectra exhibit an interface plasmon at 93 meV, from which the carrier concentration can be directly 
determined via dielectric theory. Passivation of InP with atomic hydrogen shifts the plasmon energy to lower values. Finally, 
hydrogenation makes it possible to create particles from nanometer- to micrometer-size. 

1. Introduction 

In recent years there has been considerable inter- 
est in indium phosphide and related alloys because 
of their applications in many electronic and photonic 
devices. The progress in preparation and processing 
of InP-related materials, together with the develop- 
ment of highly reliable devices, has pushed the 
frontiers of the optoelectronics technology to very 
high levels of sophistication. Therefore, there are 
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greater demands on growth, processing and surface 
or interface characterization [1]. 

We prepared an In-rich InP(lOO) 4X2 surface by 
conventional cleaning procedures, i.e. ion bombard- 
ment and annealing. It is assumed that this surface 
consists of groups of three In dimers and one miss- 
ing dimer [2]. In addition, it is possible that In is 
present in metallic form or not, which is crucial for 
the quality of an interface to be grown later. Ultravi- 
olet photoemission spectra (UPS) will give an an- 
swer to this question [3]. Furthermore, X-ray induced 
photoelectron spectroscopy (XPS) in combination 
with low energy electron diffraction (LEED), elec- 
tron energy loss spectroscopy (EELS), and scanning 
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electron microscopy (SEM) are used to elucidate the 
reaction of hydrogen with the InP surface [3]. High- 
resolution electron energy-loss spectroscopy 
(HREELS) provides some direct information on the 
stoichiometry at the surface by using hydrogen as a 
local probe [4]. In addition, the space charge regime 
can be probed by HREELS because we are able to 
observe an interface plasmon before and after hydro- 
gen interaction [5]. This communication gives a sum- 
mary of our present understanding about clean and 
hydrogenated InP(lOO) surfaces. 

2. Experimental 

The experiments were performed in three differ- 
ent chambers: (1) The UPS/XPS-system consists of 
a preparation chamber and an analysis chamber sepa- 
rated by a gate valve. The analysis chamber is 
equipped with a hemispherical twin X-ray anode 
(Al/Mg, hv= 1253.6 eV/1486.6 eV) for XPS and 
a gas discharge lamp (He I/He II, hv= 21.2/40.8 
eV) for UPS. The energy scale was referenced to the 
Fermi level of a clean polycrystalline indium sample. 
The XPS and UPS spectra were taken in normal 
emission. (2) The HREELS-system is equipped with 
LEED and XPS. In both systems the UHV cleaning 
of samples after bakeout consisted of Ne+ ion bom- 
bardment at 500 eV and heating to 650 K. This 
treatment results in a 4 X 2 LEED pattern. For sam- 
ple transfer to the scanning electron microscope 
(chamber 3) the samples were kept in a special 
container under inert gas. The In reference sample 
was etched in sulfuric acid and cleaned in vacuo by 
Ar+ ion bombardment. For hydrogen exposure 
molecular hydrogen was admitted to the chamber 
through a leak valve and activated by a hot tungsten 
filament (2100 + 100 K), which was in line of sight 
with the sample at a distance of about 5 cm. The 
values for the exposures are given in Langmuirs (1 
L= 10"6 Torr s) and represent the product of the 
uncorrected ion gauge reading and the time the 
filament was heated. 

3. Results and discussion 

Fig. 1 shows core level spectra of the In 4d level 
excited by He II (40.8 eV) radiation. The In 4d level 

at the clean surface (a) exhibits a doublet at 
17.5/18.4 eV as well as a shoulder at 16.9 eV. The 
intensity of this peak is increasing with increasing 
hydrogen exposure, while the intensity of the doublet 
at 17.5/18.4 eV is diminishing. This is demonstrated 
in Fig. lb-d. After exposure to 106 L (Fig. Id), the 
spectrum resembles that of the In reference sample. 
For studying the intensity behavior of the In 4d line 
for different hydrogen exposures, we used fitting 
routines given elsewhere [3]. Lorentzians were con- 
voluted by a Gaussian to take into account broaden- 
ing from the analyzer and other mechanisms. This 
procedure results in the line shapes shown in Fig. 1 

H 
i—i 
CO 

H 

H/InP(100) 4x2 In4d 

(a) clean 

-'—i—i—i—i—r 
(b) 103 L H:" 

BINDING ENERGY (eV) 
Fig. 1. UPS-spectra of the In 4d levels at the InP(100)surface: (a) 
clean (4X2), and after hydrogen exposure to (b) 103 L, (c) 104 L, 
(d) 106 L. Open circles are experimental data, the solid lines a fit 
to the experimental data, dash-dotted lines indicate the decomposi- 
tion into two doublets. 
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with the hydrogen exposure as a parameter. The 
measured data are displayed as circles and the ob- 
tained model function as a solid line; the broken 
lines give the contribution of each doublet. Visual 
inspection gives direct evidence that at least two 
doublets have to be used. In fact, one expects an In 
bulk component, an In surface dimer component, and 
the In metal component. The latter gives an asymme- 
try which is rather small (= 0.02) within the Do- 
niach-Sunjic function [3]. Therefore the asymmetry 
has been neglected in our fitting routines. This re- 
duces the number of parameters of the model func- 
tion, which increased the reliability of our fit. Fur- 
ther, we assume the energetic positions of the In 4d 
line of In in a dimer configuration or In in a metallic 
surrounding to be degenerate, and consequently only 
two doublets are used. The bonding character related 
to this doublet can be rather different as evidenced 
by the full width at half maximum (FWHM), which 
decreases with increasing hydrogen exposure [2]. 
With increasing hydrogen exposure the intensity ra- 
tio of the In-In to the In-P component stays con- 
stant up to a hydrogen exposure of 103 L. With 
higher exposure the intensity ratio increases strongly. 
As shown in Fig. 2, the FWHM of the In-In compo- 
nent changes drastically from 0.76 eV at the clean 
surface to 0.51 eV for an exposure of 103 L. As 
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Fig. 2. Full-width at half-maximum of the In-In component as a 
function of hydrogen exposure, obtained from the line-shape 
analysis displayed in Fig. 1. 
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Fig. 3. XPS spectra of In 3d- and P 2p-lines for the clean (4X2) 
and the hydrogen treated (106 L) surface. 

shown in the XPS-data (Fig. 4), the intensity ratio of 
the P 2p line to the In 3d line is almost unchanged 
up to this exposure as well. At this stage the surface 
reconstruction has already changed from a 4 X 2 to a 
1 X 1 structure with a 4 X 1 structure in between. 
For higher exposure the FWHM of the In reference 
sample is approached. Simultaneously a strong phos- 
phorous depletion can be observed in XPS as shown 
in Fig. 3, where the In 3d and the P 2p lines are 
displayed for the clean surface and after hydrogen 
exposure of 106 L. Furthermore, the shift of the In 
3d line to lower binding energies and the appearance 
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Fig. 4. Intensity ratio of the P 2p and the In 3d3,2 line, normal- 
ized to their initial values, as a function of hydrogen exposure. 
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Fig. 5. Valence band spectra of the InP(lOO) 4X2 surface with the 
hydrogen exposure as a parameter (hv = 21.2 eV). 

of the bulk plasmon (11.5 eV) of metallic In excited 
by photoelectrons from the In 3d line indicate a 
metallization of the sample. Fig. 4 gives the change 
in intensity ratio of the P 2p and the In 3d3/2 line. 
At higher exposure (103 L) there is a strong P 
depletion indicating an In surplus. Those changes are 
also reflected in the valence band spectra, as shown 
in Fig. 5. The peak at 1.0 eV which is attributed to a 
P dangling bond [6] is diminished drastically in 
intensity after a hydrogen exposure of 100 L. After 
104 L exposure this peak has disappeared and a 
distinct Fermi edge (dotted line) is observed. Further 
exposure leads to an intensity reduction of the bulk 
features of InP and the spectral shape approaches 
that of the metallic In reference sample (not shown 
here). The peaks at 2.6 and 3.8 eV have been 
identified as bulk band emissions, the one at 6.8 eV 
as a density of states transition [6]. All of them show 
a shift of 0.2 eV towards higher binding energy, 
which is expected from the band bending shown in 
Fig. 5. There the change in band bending results 
from the shift of the In-P contribution in our In 
4d-spectra (Fig. 1). If one would only evaluate the 
intensity maximum of the In 4d doublet and not take 
into account a distinction against other contributions, 
the band bending would actually increase drastically 
and not decrease, which is reasonable because of the 
In enrichment. 

Evaluating the onset of the secondary electron 
emission and the position of the Fermi edge, absolute 

values for the work function were determined. For 
the clean surface a value of 4.23 eV is obtained. 
Finally, after an exposure of 106 L the work function 
is 4.12 eV, a value identical to that of our metallic In 
reference sample. At this stage no pattern is observ- 
able anymore. 

Fig. 6 shows HREELS spectra of undoped (n = 1 
X 1016 cm"3), and high level doped (n = 1 X 1019 

cm"3, sulfur) InP(100) 4X2. Although the settings 
of the spectrometer were held constant, the full 
widths at half maximum (FWHM) are quite differ- 
ent: 19 meV for the undoped and 12 meV for the 
doped sample. Besides the commonly observed 
Fuchs-Kliewer phonons [7] at ±42 meV, for the 
doped sample we measured a feature at 93 meV. 
This 93 meV feature is assigned to conduction elec- 
tron surface plasmons [5,8-11] and is caused by high 
S-doping (« = 1 X 1019 crrT3). Taking into account 
a band bending of 0.4 eV [3,12], a plasmon energy 
of 108 meV, would result, if measured under flat 
band condition. This value is obtained by using 
measurements at a cleaved GaAsQ 10) surface 
slightly contaminated with hydrogen [13]. Then a 
carrier concentration of neff = 8.5 X 1018 cuT3 re- 
sults from (h ws)

2 = 4irne2/(ex + 1). The value de- 
termined in that way is close to the value given by 
the manufacturer. Therefore we have gained clear 
evidence that for preparing a clean and well ordered 
InP(100) 4X2 surface our experimental conditions 
play only a minor role in the creation of compensat- 
ing acceptor states. For the undoped sample (n = 1016 

cm"3) we measure no separate plasmon peak but a 
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Fig. 6. HREELS-spectra for undoped (n = 1016 cm   3) and doped 
(n = 1019 cm"3)InP(100)4x2. 
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broadening of the elastic peak, owing to the low 
carrier concentration [9]. Hydrogenation of InP shifts 
the plasmon energy to lower values, but in addition 

there is a very strong influence on the full width at 
half maximum (FWHM) of the quasielastically scat- 
tered electrons, as shown in Fig. 7. After a slight 
drop of the FWHM, there is first a strong increase of 
FWHM from 12 to 19 meV and 16 to 25 meV, and 
then after even higher hydrogen exposure (> 104 L) 
a strong decrease. The increase in FWHM of the 
quasielastically reflected electrons can be explained 
by a strong carrier compensation, its decrease by the 
simultaneous creation of metallic indium at the InP 
surface, which reflects predominantly the incident 
electrons at this stage of hydrogenation. HREELS- 
calculations based on a two layer model, similar to 
those for GaAs(lOO) [5], are in progress. 

Fig. 8 shows HREELS spectra for an undoped 
sample after gradual exposure of hydrogen up to 104 

L. The peak of the elastically reflected electrons 
decreases in intensity. The stretching intensities of 
the indium hydride and the phosphorous hydride 
vibrations increase initially and then drop with hy- 
drogen exposure. In the case of the indium hydride a 
complete disappearance of the signal is reached. First 
a passivation of dangling bonds up to an exposure of 

,-ii Energy Loss (cm"' 
0    1000   2000   3000 

T 
H/lnP(100) 

E0=12eV 
9 =50° 

—i n 

T=300K 

212 

Energy Loss (cm-1) 

0    1000   2000   3000 
 1 \~ 
H/lnP(100) 

0 =50° 

Fig 

O        100      200      300     4.00     500 O        100      200      300      400     500 

Enmrgy   Loss   (m«V) Ernrgy   Loss   (m«V) 
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100 L is observed. A ratio of about 0.2 is obtained 
between the intensity of the stretching vibration of 
the In-H and P-H. This reflects the situation of a 
4X2 surface with three In dimers and one missing 
dimer in the 4X2 unit cell. Further hydrogenation 
leads to a 4 X 1-surface, which is caused by a break- 
ing of In dimers. From Fig. 8 it can be directly 
deduced that the P-H/In-H intensity ratio is chang- 
ing from 0.2 to values higher than one. It is con- 
cluded from this result that there is a formation of 
indium hydrides, possibly InH3, which desorb into 
vacuum. Consequently, by the disruption of substrate 
surface bonds, the formation of phosphorous hy- 
drides is increased. It is obvious from the spectra that 
the latter species are more stable than indium hy- 
drides. It cannot be ruled out that phosphine also 
desorbs from the surface. We actually observe for an 
ion bombarded surface a decrease of the P-H 
stretching mode intensity with increasing hydrogen 
exposure. The structure around 360 meV is attributed 
to contamination by carbon hydrides, demonstrating 
the surface sensitivity of this method. The decrease 
in the indium hydride signal is also due to the 
formation of metallic indium clusters. Hydrogen ad- 
sorption at segregated metallic indium on InP cannot 
be investigated, because the surface optical phonons 
and their multiples cause a higher intensity than 
expected for the In (metallic)-H vibration in this 

x40 
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Fig. 9. EELS-spectra of InP(100) 4X2 after high hydrogen expo- 
sures (a) 104 L, (b) 105 L, (c) 106 L, (d) 107 L; primary beam 
energy: £ = 150 eV, normal emission. 

(b] 

Fig. 10. SEM pictures of the InP(100) surface before (a), and after 
medium hydrogen exposure (104 L) (b), and after high hydrogen 
exposure (106 L) (c). After hydrogen exposure the samples were 
annealed at 650 K for 5 min. A beam energy of 20 keV and an 
enlargement of 25000 have been used. 

case. As demonstrated before, at even higher hydro- 
gen exposures plasmons of metallic indium become 
visible in XPS (Fig. 3) or in electron energy loss 
spectroscopy (EELS) as shown in Fig. 9. There 
EELS spectra are shown for a primary beam energy 
of E = 150 eV after different hydrogen exposures. 
The surface and bulk plasmons of metallic indium 
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are clearly resolved in the EELS-spectra after high 
hydrogen exposures at 8.5 eV and 11.5 eV, respec- 
tively. 

The creation of metallic indium can be verified 
directly with scanning electron microscopy (SEM). 
The SEM picture of non hydrogenated InP(lOO) 
shows absolutely no contrast (Fig. 10). After an 
exposure of 104 L (b) or 106 L (c) and subsequent 
annealing, droplets with a diameter up to 0.2 fim are 
seen. At a hydrogen exposure of 106 L the droplets 
of metallic In have slightly increased in size, and 
their number has increased drastically. Energy dis- 
persive X-ray spectra (not shown here) clearly reveal 
the nature of the droplets as pure indium, whereas 
between the droplets there is almost no difference in 
the EDX spectra if compared to those of the un- 
treated surface [3]. The thickness of these droplets 
for high hydrogen exposure (106 L) is > 0.2 ^m, as 
evidenced by cleaving the wafers and viewing the 
droplets in cross section (not shown here). 

4. Summary 

We conclude from our measurements that we 
have clear evidence for In dimer formation at the 
clean 4X2 surface. We are able to distinguish be- 
tween In in a dimer configuration, In in a metallic 
environment and In in the InP matrix. We are able to 
monitor the space charge regime by the observation 
of carrier plasmons, which shift to lower energy by 
hydrogen diffusion into the bulk and subsequent 
carrier compensation. For low hydrogen exposures 
(100 L) there is first a passivation of the In-In 
dangling bonds and the phosphorous dangling bonds 
in the second layer of the 4X2 surface unit cell. 
Then, after further hydrogen exposures, the dimer 
bonds are broken and a 4 X 1 pattern results. Further 
hydrogenation leads to a 1 X 1 pattern, and finally to 
complete disorder. After higher exposures (103 L) 
the InP surface is indium rich owing to the build-up 
of phosphine and its subsequent desorption. By ap- 
plying a line shape analysis we are able to give 

results for the band bending in the areas between 
metallic segregations. The presence of metallic in- 
dium is directly and indirectly evidenced by different 
methods used in these experiments. 
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Abstract 

A systematic investigation of the structural, electronic and optical properties (by means of Raman spectroscopy and 
reflectance anisotropy spectroscopy (RAS)) has been done for clean and antimony-covered (110) GaAs, InP, InAs, and GaP 
surfaces. We present here the theoretical interpretation of the experimental reflectance anisotropy spectra for InAsO 10) and 
GaP(llO) surfaces, both clean and Sb covered. The different contributions to the optical spectra, originating from 
surface-to-surface (SS), bulk-to-bulk (BB) and mixed surface-to-bulk (SB) and bulk-to-surface (BS) state transitions, are 
discussed in detail on the base of microscopic calculations. Good agreement of the theoretical results and experimental data 
allows us to clarify the origin of the surface optical modification during Sb adsorption. The appearance of strong excitonic 
effects for clean and Sb-covered GaP(llO) surfaces is hypothised. 

1. Introduction 

The ordered adsorption of foreign atoms at a 
semiconductor does not only modify the surface 
atomic and electronic band structures, but a proper 
adsorbate choice even allows to passivate the chemi- 
cally active surface states. Antimony (Sb) is one of 
such interesting adsorbates at the (110) surfaces of a 
number of III-V compounds; a well-ordered epitax- 
ial (1 X 1) monolayer forms after deposition of sev- 
eral monolayers of Sb and subsequent soft thermal 
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treatment (see e.g. [1-10] and references therein). 
These ideally abrupt interfaces, the so-called 'epi- 
taxial continued layer structure' (ECLS), are of inter- 
est for fundamental research as well as for semicon- 
ductor surface passivation. The preparation of a 
well-defined Sb monolayer, however, requires to 
monitor both the modification of the overlayer struc- 
ture and the surface electronic properties in the 
process of Sb adsorption and subsequent ordering on 
the surfaces. For this purpose we carried out a 
systematic experimental and theoretical investigation 
of the process of antimony epitaxial layer formation 
at the cleaved surfaces of III-V compound semicon- 
ductors, namely GaAsO 10), InP(l 10), GaP(l 10), and 
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InAs(llO). The deposition and thermal treatment of 
antimony at InSb(llO) surface has also been studied, 
but we failed to get the well ordered Sb monolayer. 

To follow the process of Sb adsorption in-situ, we 
have applied two modern surface-sensitive and non- 
destructive techniques: reflectance anisotropy spec- 
troscopy (RAS) has been used to monitor the elec- 
tronic structure genesis in the process of the anti- 
mony ordering at the surface, while the structure of 
Sb overlayers on the (110) surfaces was controlled in 
parallel by means of Raman spectroscopy. We have 
measured the reflectance anisotropy and the Raman 
phonon signal for the clean surface, for disordered 
Sb layers as deposited and after subsequent ordering 
in the process of the annealing. To fully exploit the 
power of such techniques, the microscopical calcula- 
tions of the optical properties for the clean (110) and 
monolayer Sb covered surfaces have been performed 
within a sp3s* tight-binding approach. The surface 
optical response has been decomposed into the vari- 
ous components, due to surface-to-surface, surface- 
to-bulk, bulk-to-surface and bulk-to-bulk state transi- 
tions. Since part of the results for GaAs and InP 
(110) surfaces have been discussed in [6] ', in this 
paper we will focus on the Sb adsorption process at 
the InAs(llO) and GaP(llO) surfaces, referring the 
reader for a more comprehensive discussion also to a 
forthcoming paper [11]. 

We would like to stress that the present findings 
are not a simple extension of the previous results. 
The important difference between GaP and InAs 
with respect to the already discussed GaAs and InP 
consists of: (i) GaP is an indirect and comparatively 
wide band-gap (2.35 eV) semiconductor, having the 
smallest value of the bulk static dielectric constant es 

(10.0) (which is favorable for excitonic effects), 
while InAs is a direct and narrow gap (0.46 eV) 
semiconductor with the largest es value (14.5); (ii) 
concerning the surface properties, atomic positions 
for Sb-covered GaP and InAs (110) surfaces are not 
known as well as for the corresponding GaAs and 
InP surfaces. The InAs(110)/Sb surface structure 

has been only modeled theoretically [10], while ex- 
perimental structural data are not available. For 
GaP(110)/Sb both theoretical [10] and experimental 
(SEXAFS) structural data [12] are available. How- 
ever, they differ essentially with respect to the inter- 
atomic distances in the Sb overlay er (contrary to the 
case of the Sb covered GaAs and InP (110) surfaces, 
where both theoretical and experimental data are in 
good agreement). 

Hence it would be important to attack this prob- 
lem from the optical point of view, measuring RAS 
in comparison with the theoretical data. In our calcu- 
lation we used the ECLS theoretical data from [10] 
for Sb at InAs(l 10), while, due to the discrepancy in 
the structural details, both theoretical [10] and exper- 
imental [12] atomic geometries have been used for 
GaP(110)/Sb. Other experimental and computa- 
tional details are similar to those for GaAs and InP 
(110) [4-7]. 

2. Results and discussion 

Clean (110) III-V surfaces are similar both struc- 
turally and electronically [13]. Hence one should 
expect an overall similarity of the observed RAS 
spectra due to the same nature of their reconstruc- 
tion. Due to the same chemical bonding within the 
zig-zag Sb chains one should expect also similar 
optical features for the Antimony covered (110) sur- 
faces, whereas one should expect significantly differ- 
ent optical features, comparing the clean and Sb 
passivated surfaces, due to the large polarizability of 
Sb and the different type of wave functions. 

2.1. Preparation of the Sb monolayers 

After deposition of a few monolayers of antimony 
on the freshly cleaved GaP and InAs (110) surfaces 
and subsequent soft annealing to 640 K, Raman 
spectra and LEED [4,7-9] indicate the formation of 
very well ordered Sb epitaxial monolayers. 

One should stress, that in [6] the RA sign convention is 
opposite to the present one: there we plotted RA as (/fr001] — 
R,nm)/R, while in the present paper we use the more common A[110]- 
notation of RA as (R, [110] ^loonV^- 

2.2. Electron band structure 

In general our calculated surface band structures 
are similar to those of [1] for both clean and Sb 
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covered surfaces. Hence we will present here only 
the calculated surface band structure for clean and 
Sb covered InAs(llO), shown in Fig. 1(a) and (b), 
respectively. The main surface band features for 
GaP(llO) are similar to those of InAs(llO). One 
should stress, however, that the gap between surface 
states of Sb-covered GaP(llO), calculated for the 
experimental atomic structure, is larger than the one 
for the theoretical geometry by 0.2 eV [11]. 

The origin of the surface states of III-V com- 
pounds at the clean (110) surfaces is now well 
understood. The surface states (see InAs(llO) in Fig. 
1(a) in the vicinity of the bulk gap, mostly contribut- 
ing to the optical spectra up to transition energies of 
4 -T- 5 eV, arise from the empty cation (In, Ga) 
derived dangling bonds (DBs), C3, and the occupied 
anion (As, P) derived DBs, A5. (Standard notations, 
as in e.g. [1,13] have been used.) The filled state A4 

predominantly has As backbond character, while its 
antibonding partner, the empty resonance C4, is 
predominantly due to In (Ga) backbonds. 

The effect of an ordered monolayer of antimony 
on InAs(llO) (see Fig. 1(b)) is to change the origin 
of the surface states, their location in the gap and 
their symmetry with respect to the clean surface [1]. 
The occupied S3 and S4 surface states (S corre- 
sponds to the antimony-induced states), which are 
located at about 3 eV below the top of the valence 
band, are predominantly p2 bonding states in the 
plane of the Sb chains. S5 and S6, appearing within 1 
eV below the top of the valence band, are mainly 
derived from the Sb double occupied dangling bonds 
(lone pairs). The S7 and S8 states, located near and 
just above the bottom of the conduction band, re- 
spectively, have mainly back antibond character. 

Although the bulk gap of GaP is 2.3 eV, with 
respect to 0.46 eV for InAs(llO), the energy separa- 
tion between the highest occupied surface state S6 

and the lowest empty one S7 is similar for both Sb 
covered surfaces. This is due to the common Sb-de- 
termined origin of these states; the type of substrate 
(InAs or GaP) is not so significant for that value. In 
a naive way one should expect, in contrast, a large 
difference between the surface-state gaps at the clean 
GaP and InAs (110) surfaces. In spite of this expec- 
tation, practically the same surface state separation 
occurs at clean GaP(110) and InAs(llO) surfaces. In 
fact the surface gap at clean InAs(llO) is compara- 

Fig. 1. Band structure of InAs(llO) surfaces. Points correspond to 
the bulk continuum, stars to surface states; (a) clean surface, (b) 
surface covered by 1 ML of antimony. 
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tively larger due to the higher bond-rotation tilt angle 
with respect to the (110) surfaces of other III-V 
compounds [13]. 

2.3. Optical properties 

The experimental RAS spectra of clean GaAs(l 10) 
and InP(llO) [6,14,15], InAs(llO) (Fig. 2(a)) and 
GaP(llO) (Fig. 4(a)) demonstrate a few general fea- 
tures. (1) The reflectance of the clean surfaces for 
light polarized along the chains in the [110] direction 
dominates over that along the [001] direction, normal 
to the chains. We will call the corresponding signal 
'positive'. (2) A modulation of the RAS line shape 
appears in the vicinity of the bulk critical points: it is 
stronger at low temperatures [14,15], while room 
temperature RA curves are generally smoother. 

All these experimental features are described well 
in our theory. We begin with the clean InAs(llO) 
surface. Comparing the experimental (Fig. 2(a)) and 
theoretical (Fig. 3(a)) spectra, the weak experimental 
feature at 1.6 eV correlates with the weak theoretical 
structure at the same energy mainly due to BB 
transition. The calculated peak at 2.5 eV, related to 
the transitions between surface states (SS), corre- 
sponds to the experimental shoulder at the same 
energy. One should stress that a distinct optical peak 
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the clean (a) and Sb covered (b) InAs(l 10) surfaces. 

at this energy has been observed by Berkovits et al. 
[14] at low temperature (4 K). As it follows from our 
calculations, only this peak at the clean surface is 
clearly related to the transition between surface states 
in the energy range where spectra are taken. It is due 
to transitions between DB-like surface states, from 
A4 to C3, along the XM direction of the surface BZ. 
The initial and final wave-functions are even and 
odd, respectively, for reflection with respect to the 
[011] mirror plane. This fact makes transitions al- 
lowed only for [110] polarization. Hence the surface 
optical gap for all these surfaces does not correspond 
to the minimal gap (at D from the photoemission 
results [16]. Transitions at higher energy have mainly 
bulk-to-bulk (BB) origin (together with typically 
weak mixed contributions from surface to bulk (SB) 
and bulk to surface (BS) state transitions). 

The theoretical RAS minimum at 2.75 eV, due to 
the E] critical point, is seen in Fig. 3(a) as a dip at 
2.6 eV. This minimum has been more clearly ob- 
served at low temperature in [15] at 2.7 eV. Since the 
spin-orbital splitting is not accounted for in our 
approach, the weaker experimental shoulder at 2.8 
eV due to the Et + A critical point is out of our 
calculation. 

The experimental peak at 3.2 eV (seen also in 
[14]) has the theoretical BB-related counterpart at 3.0 



A.I. Shkrebtii et al. /Applied Surface Science 104/105 (1996) 176-182 

eV, while the calculated negative RA peak at 3.3 eV 
well fits the experimental minimum at 3.5 eV. (A 
difference of the order of few tenths of eV between 
theory and experiment is unavoidable due to approx- 
imations and accuracy of the calculations.) The ex- 
perimental peak at 3.95 eV should be related to the 
theoretical BB one at 3.65 eV. The experimental 
minimum at 4.15 eV could be related to the broad 
theoretical minimum from 3.8 to 4.2 eV. The posi- 
tive theoretical peak at 4.5 eV (out of the experimen- 
tal range) is due to BB, SB and SS transitions. The 
subsequent decrease in Fig. 3(a) occurs in the vicin- 
ity of the E'0 critical point. The theoretical peak at 
5.6 eV is due mainly to SS transitions. Finally, a 
possible window-anisotropy effect could explain why 
the RAS background continuously increases with 
frequency. The window anisotropy causes a non- 
structured positive background increasing with pho- 
ton energy. The features associated with optical tran- 
sitions can be identified as structures added to this 
background. The window anisotropy is present for 
both clean and Sb-covered InAs(llO). 

As it appears from this comparison and other 
results [5,6,11,17], the theory is able to describe well 
the main optical surface features observed experi- 
mentally. It is important to note the good agreement 
of the calculated RAS spectra with the sharper opti- 
cal peaks at 4 K [15], indicating that the structured 
lineshape of the theoretical spectra is not an artefact 
of the calculation, but reflects the physical reality at 
low temperatures. 

Termination of the surface by a Sb epitaxial 
monolayer essentially changes the optical response 
of the (110) surfaces, as is seen in the experimental 
Fig. 2(b) and Fig. 4(b) for InAs(110)/Sb and 
GaP(110)/Sb surfaces respectively. Also in this case 
we have good agreement with the calculated spectra 
for Sb covered InAs(llO), as shown in Fig. 3(b). 

The first experimental negative peak around 2 eV 
in the calculated spectrum appears at 1.8 eV and it is 
due to antimony-induced surface states; it is stronger 
for light polarized along [001], namely perpendicular 
to the chain direction, that is 'negative'. These tran- 
sitions are from the Sb dangling bonds to back 
antibonds (S6 to S7) near T (see Fig. 1(b)); because 
of the reflection symmetry with respect to the (UO) 
plane, such transitions are stronger for light polarized 
perpendicular to the chains. This negative peak is 

typical for Sb covered GaAs, InP, and In As (110) 
surfaces. (Only GaP(110)/Sb demonstrates an un- 
usual behavior at that energy, as it will be discussed 
below.) The broad theoretical BB peak at 2.5 eV 
should be related to the experimental one near 2.6 
eV. It has mainly BB origin, slightly reduced due to 
a negative BS contribution. The weak experimental 
minimum at 2.8 eV (broadened by temperature ef- 
fects) relates to the theoretical RAS minimum at 2.75 
eV. This BB related feature is due to the E, critical 
point, like for the clean InAs(llO). The next weak 
experimental maximum at 3 eV corresponds to the 
theoretical BB maximum at the same energy. To 
follow the comparison at higher energies, the theoret- 
ical minimum at 3.2 eV is probably not resolved 
experimentally, while the calculated minimum at 3.8 
eV and the next increase is seen in the experimental 
curves at the same energy. One should keep in mind, 
that possible differences between the real and the 
theoretical Sb overlayer geometry, used for the cal- 
culation, could be responsible for a shift in the order 
of few tenths of eV, although leaving the RAS 
spectra essentially unchanged. At the other hand, 
possible window anisotropy effects could also influ- 
ence the experimental optical features. The negative 
theoretical peak at 4.7 eV (outside of the experimen- 
tal energy range) is due to E'0 and E2 bulk critical 
points. Finally, the change of the sign near 4-5 eV at 
the antimony covered surface with respect to the 
clean one is a characteristic signature of the Sb 
overlayers at III-V (110) surfaces. 

Let us now consider the RAS spectra of the clean 
GaP(llO) surface. Looking at the experimental (Fig. 
4(a) and the theoretical (Fig. 5(a)) curves for clean 
GaP(llO) one could claim good agreement of the 
theoretical SS-related peak at 3.2 eV with the experi- 
mental shoulder at the same energy. The theoretical 
BB-related peak at 3.6 eV fits very well the experi- 
mental one at 3.5 eV. The negative theoretical struc- 
ture at 3.9 eV, in the vicinity of the theoretical bulk 
E[ critical point, corresponds to the experimental one 
at 3.7 eV, and the subsequent increase of experimen- 
tal anisotropy with the peak at 3.9 eV, observed also 
in [15], has the calculated BB related counterpart at 
4.2 eV. Supposing RT broadening, the theoretical 
maximum at 4.55 eV corresponds to the experimen- 
tal plateau between 4.2 -r- 4.7 eV. Finally, the strong 
peak of the experimental spectra at 5.2 eV has an 
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for the clean (a) and Sb covered (b) GaP(llO) surfaces. 

exact theoretical analogon at the same energy. The 
theoretical lineshape above 3 eV also fits in an 
excellent way the 4 K results of [15]. 

However, by no means we could reproduce theo- 
retically the experimental peak at 2.7 eV. From both 
theoretical and experimental [16] band structures one 
cannot expect strong optical transitions at 2.7 eV. If 
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the clean (a) and Sb covered (b) GaP(llO) surfaces. 
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one will try to relate the 2.7 eV peak to transitions 
between surface states near the T point, where the 
surface gap is 3.0 eV (experiment) or 3.1 eV (our 
calculations), such an optical peak should have the 
opposite polarization with respect to that observed 
experimentally. Beside this, it should be shifted by a 
few tenths of eV to higher energies. As it is dis- 
cussed in [17], a reasonable explanation of this peak 
is in terms of excitonic effects at the GaP(llO) 
surface. In fact, the small value of the static dielec- 
tric constant of GaP (as compared with the other 
III-V compounds of interest) is in favor of the 
occurrence of strong excitonic effects. 

We will discuss here the theoretical spectra (Fig. 
5(b)) for GaP(l 10)/Sb, calculated using the theoreti- 
cal [10] geometry. We will show in [11] that this 
geometry fits rather well the experimental spectra 
curve. As in the previous case of InAs (110)/Sb, the 
negative theoretical value at 2.2 eV is due to the 
transitions from the Sb dangling bonds to back anti- 
bonds (S6 to S7) near the T point. 

In the calculated spectrum many surface state 
related transitions appear from 2.5 to 3.3 eV; those 
from the dangling bonds S6 to the chain antibonds 
(higher in energy than S7 and S8) at T allowed for 
light polarized along the chains, and those from the 
dangling bonds S5 to back antibonds S7 and S8 at T 
and X allowed for light polarized perpendicular to 
the chains. As a consequence, the corresponding 
experimental peak at 2.65 eV is positive. The theo- 
retical minimum at 2.8 eV in the middle of a broad 
(mainly SS related) positive RAS structure should be 
due to the bulk E0 critical point. The theoretical BB 
related maximum at 3.7 eV is due to the E, critical 
point. The theoretical negative RAS after 3.8 eV is 
due to mainly SB transitions, which are stronger for 
the light polarization normal to the chains. 

Comparing the experimental (Fig. 4(b)) and theo- 
retical (Fig. 5(b)) spectra for GaP(110)/Sb in the 
energy range below 4 eV one should admit few 
discrepancies. The experimental spectra do not have 
the typical negative peak, seen for the other III-V 
compounds, while it is very well defined in the 
theoretical curve. As we already mentioned, the pre- 
dominance of the reflection of light polarized along 
the [001] direction at low energy is due to SS 
transitions near the T point, and there should be no 
reasons   for   the   absence   of   such   an   effect   at 
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GaP(110)/Sb. Hence, to explain the positive experi- 
mental feature at near 2 eV one should suppose the 
appearance of strong transitions, polarized in the 
opposite direction, and one could not relate them to 
the calculated surface band structure. Once more, the 
possibility of excitonic effects at Sb covered 
GaP(110) could be a plausible explanation of the 
positive experimental structure near 2 eV. 

Comparing the experimental and theoretical spec- 
tra for GaP(110)/Sb, one could relate the theoretical 
double peak between 2.4 and 3.4 eV with the single 
broad experimental maximum at 2.7 eV. In the the- 
ory the minimum between the 2.65 eV and 3.3 eV 
peaks is due to E0 critical point. In fact, at this 
critical energy one should expect also some experi- 
mental peculiarities like in the previous cases. Since 
in the experimental RAS such structures are not 
present, we would suggest the occurrence of exci- 
tonic effects, which might enhance the total response 
near 2.7 eV, as in the case of clean GaP(llO). 

At GaP(l 10) the typical effect of negative RA due 
to the Sb monolayer appears both in the experiment 
and in the theory. Whereas for clean GaP(l 10) below 
4 eV a positive RAS signal appears with the strong 
peak near 5 eV (Fig. 4(a), Fig. 5(a)), a completely 
different situation is realized at GaP(110)/Sb (Fig. 
4(b), Fig. 5(b)). A strong BB-related negative peak 
at 4.4 eV (experiment) and 4.7 eV (theory) is seen, 
and both theory and experiment show a subsequent 
sign change at higher energies. 

3. Conclusions 

We have interpreted the experimental reflectance 
anisotropy peaks at InAs(llO) and GaP(llO), both 
clean and antimony covered surfaces, on the ground 
of microscopic tight-binding calculations. The theory 
is able to reproduce the overall lineshape or the RA 
curves very well. This allows us to follow the changes 
in the surface electronic structure due to the Sb 
adsorption and its subsequent ordering. Discrepan- 
cies in some details are probably due to finite tem- 
perature effects, and to problems related to the accu- 

racy of the structural definition of the Sb covered 
surfaces. 

The comparison of the experimental RAS spec- 
trum with the theoretical one based upon the struc- 
tural data of Ref. [10] indicates that the theoretical 
atomic structure for Sb at GaP(llO) gives better fits 
to the experimental optical results than that based 
upon the experimental geometry. Strong excitonic 
effects may be hypothised at both clean and Sb- 
covered GaP(llO) surfaces to account for some 
structures of the observed RAS spectra. 
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Abstract 

Schottky-barrier heights can be modified by passivation of semiconductor surfaces and the resulting change in the 
metal-semiconductor interaction. We present theoretical calculations for two different semiconductors: Si and GaAs 
passivated with Sb. Passivation of GaAs(llO) surfaces introduces ohmic contacts, while Si(lll) presents smaller changes in 
its barrier height. These results are similar to the ones previously found for the same semiconductor surfaces passivated with 
H. 

1. Introduction 

Schottky-barrier heights, for free defect junctions, 
seem to be controlled by the local density of states 
induced at the interface [1,2]. As discussed in differ- 
ent references, when the metal is in contact with the 
semiconductor, interface states are induced at the 
energy gap around the charge neutrality level of the 
semiconductor, pinning the interface Fermi level at a 
position that only depends slightly on the metal 
properties [3]. 

It has been suggested by several authors [4,5] that 
the density of states at the interface can be modified 
by depositing an intralayer between the metal and 
the semiconductor. In particular, it is believed that 
semiconductor passivated surfaces  should interact 

Corresponding author. 

differently with the metal forming the junction: this 
might alter the Fermi level pinning and the 
Schottky-barrier formation. 

In this paper we present new theoretical results 
for Si(lll) and GaAs(llO) passivated with Sb. We 
analyze how the effect of passivation modifies their 
barrier heights for a K monolayer. We have studied 
in previous papers Si(lll) and GaAs(llO) H passi- 
vated surfaces [6]: our results show a consistent 
picture for the different covalent and ionic semicon- 
ductors and suggest a general pattern that will be 
discussed at the end of this paper. 

In our theoretical approach, first of all we study 
the semiconductor passivated surfaces: as GaAs(llO) 
Sb covered surfaces have been analyzed elsewhere 
[7,8], we present here the results for the Si(lll) Sb 
interface. In a second step, we consider the effect of 
a K-monolayer deposited on both passivated semi- 
conductor surfaces. Comparing with the ideal semi- 
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conductor-K interface we deduce the effect of passi- 
vation on the Schottky-barrier height. 

In Section 2 we present a brief summary of the 
theoretical approach used to calculate the electronic 
properties of the different interfaces. In Section 3, 
our results for the metal-semiconductor junctions 
are discussed and in Section 4 we present our con- 
clusions after comparing with the H-covered case. 

2. Formalism 

In order to analyze the chemisorption problem we 
find advantageous to adopt a LCAO approach. 
Tight-binding methods have been introduced in the 
past as a convenient parametrization of the electronic 
properties of solids. However, these methods bump 
into difficulties when quantities not closely related to 
the ones provided by the parametrization are re- 
quired. To overcome this limitation, we have in our 
previous work [9] introduced a self-consistent tight- 
binding method, extending the Hohenberg-Kohn 
theorem [10] for a LCAO Hamiltonian. In our for- 
malism, we find useful to analyze separately the 
one-body and the many-body contributions to the 
Hamiltonian, so we write the following equations: 

H = Hob+Hmb- 

where 

(1) 

#°b = LEian,a+ ZTl]a{c]acja + c]acia)     (2) 
ia ij;a 

defines the one-electron contribution and 

(3) 

defines the many-body part of the total Hamiltonian. 
In Eq. (2) Ef represent the different orbital levels 
and T? their hoppings interactions. We obtain these 
values using tabulated [11] atomic wavefunctions, 
i/f,-, for the independent atoms forming the system 
(note how our self-consistent procedure allows us to 
use as input for our calculations the atomic number 
of the different elements forming our system). In Eq. 

(3), t/,(0) and 7/;
0), j}f define the intrasite and 

intersite Coulomb interactions associated with the 
atomic wavefunctions, i/r,-. Solving the many-body 
part of the Hamiltonian is in general a difficult task, 
and we shall analyze it using a local density approxi- 
mation within a Kohn-Sham formalism [9]. Thus, 
the problem can be reduced to an effective one-elec- 
tron Hamiltonian where the following Hartree and 
exchange-correlation potentials associated with each 
/-orbital are introduced, 

VH = 
9£>,J 9£xckJ 

9ft; 6«, 
(4) 

£H[«,V] and Exc[nia.] are the Hartree and the ex- 
change-correlation energies related to the following 
Kohn-Sham Hamiltonian: 

H = H o.b. L[v£ + v*c]nia. (5) 

This effective one-electron Hamiltonian defines the 
electronic properties of our system as a superposition 
of localized bonds. Notice that the average orbital 
occupation numbers, nia, must be obtained selfcon- 
sistently, as the Hartree and exchange-correlation 
potentials depend on these values. 

The effective one-electron Hamiltonian is solved 
using Green function techniques [9]. In particular, 
the semi-infinite crystal is projected onto the last 
twelve layers, and the resulting film is joined to the 
adsorbed species. One of the advantages of using 
Green functions is that we can easily compute the 
single particle density of states associated with each 
orbital and their occupancies. 

3. Results 

In a first step, we study the chemisorption of Sb 
on the bulk-like terminated surfaces of Si(lll) and 
GaAs(llO) [7] (referred as the 1 X 1). To describe 
bulk properties of these two semiconductors we use 
well known parameters [12], and apply our formal- 
ism to compute the desired surface related properties 
(i.e. chemisorption). As a second step, we study the 
deposition of K on the Sb passivated surfaces. Re- 
sults for K on the clean Si(lll) surface have been 
reported elsewhere [6], and shall be used here to 
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deduce the effect of passivation on the Shottky-bar- 
rier formation by comparison of both cases. 

3.1. Si(lll) 

Sb is known to passivate silicon surfaces. Taking 
as a starting point the bulk terminated (111) silicon 
surface we study the deposition of one monolayer of 
Sb (i.e., one Sb atom per one Si atoms on the top 
layer). It is well known from LEED and STM studies 
[13] that this deposition results on a (\/3~ X \/3 )R30° 
overlayer, but up to the best of our knowledge there 
is not a reliable structural determination providing 
the relevant structural parameters. Therefore, we 
study the relative binding energies of Sb trimers 
located on two different points, the so-called: H3 and 
T4. Furthermore, STM results have suggested the 
existence of (2 X 1) chains (with the same coverage) 
and consequently we have studied a few different 
possible arrangements of these chains. In Fig. 1 we 
present a schematic of the geometry. Our calcula- 
tions result in very similar total energy values for 
each of them showing the possibility of coexistence 
at room temperature of different arrangements. How- 
ever, the T4 site is the one presenting a global 
marginal minimum for the total energy in our calcu- 
lations, and therefore it is the position we take to 
analyze the Sb/Si(lll) interface. We shall comment 
here that the approximations of our method can 

Sb (T4) on Si(lll) 

Fig. 1. Sb/Si(lll) schematic geometrical arrangement: y3 
X y3 R30° trimers on T4. Black dots represent Si atoms (in two 
planes), light dots represent Sb trimers, and letters A, B and C 
represent different adsorption positions for K atoms. 
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Fig.  2.  Total  density  of states  for (a)  Sb/Si(lll)  and  (b) 
K/Sb/Si(lll). 

introduce inaccuracies in our calculations that we 
estimate to be less than half an eV. Yet, we expect 
that errors in energy differences are around 0.1 eV, 
and plausible conclusions can be obtained from our 
approach. 

In a second step we want to study the deposition 
of K on the passivated surface. We have calculated 
chemisorption energies associated with different pos- 
sible sites labeled in Fig. 1 as A, B and C. The one 
preferred is A by ~ 0.2 eV, so we concentrate on 
this position. It is interesting to notice here that the 
total binding energy of —0.1 eV is quite small, and 
it might be taken as an indication of the difficulty to 
grow such a K layer (although the intrinsic uncer- 
tainties in our calculations should be considered 
here, as we have commented before). 

In Fig. 2 we present the density of states of the Sb 
passivated Si(lll) surface (a) to be compared with 
the corresponding to the K/Sb/Si(lll) (b). It is 
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observed that EF for the K-covered interface is 
slightly higher by 0.28 eV than the one found for 
K/Si(lll) [5]. This implies a corresponding reduc- 
tion on the Schottky barrier height for electrons (the 
origin to measure the Fermi level is taken from the 
semiconductor valence band top). 

3.2. GaAs(llO) 

We have already studied the deposition of Sb on 
GaAs(llO) in an earlier work [7] (for instance, see 
Fig. 4 in that reference). A simple comparison of 
Fig. 2 and Fig. 3 already shows the similar surface 
band gaps of the clean and passivated surfaces (1.1 
eV and 1.4 eV for silicon and gallium arsenide 
respectively, in good correspondence with the passi- 
vated ones: 0.7 eV and 1.0 eV respectively). How- 
ever, the Fermi energy position for the 
K/Sb/GaAs(110) interface (Fig. 3) is very different 
when compared with the K/Sb/Si(lll) case (1.7 
eV for GaAs and 0.8 eV for Si). This creates a new 
situation: the Fermi level lies in the conduction band 
for the K/Sb/GaAs(110) interface, producing an 
ohmic contact upon deposition of the metallic layer. 

The whole situation is rather similar to the one we 
have found when H is used to passivate these two 
surfaces [6], suggesting a general trend mainly asso- 
ciated with the semiconductor. This can be rational- 
ized by realizing that, although the metal produces a 
noticeable change in the electronic properties of the 
passivated surface, the LDOS seems to be dominated 
by the substrate semiconductor, much in similarity 

with   the   arguments   given   to   explain   the   ideal 
metal-semiconductor interface. 

4. Conclusions 

We present a self-consistent LCAO total energy 
calculation within a local density approximation for 
the systems Sb/Si(lll), K/Sb/Si(lll) and 
K/Sb/GaAs(110). For the geometry of adsorption 
of Sb on the (1 X 1) Si(l 11) surface our results show 
that the T4-site is energetically the favourable one; 
however, the difference in energy with the H3-site is 
very small. Upon deposition of a K layer we find the 
K atoms creating bonds with three surroundings Sb 
trimers at a position we have labeled A in Fig. 1. We 
have analyzed the Schottky-barrier formation using 
the T4 site, but results for the H3-site are very 
similar. The Schottky-barrier height is found to be 
0.28 eV smaller than the one calculated for the K/Si 
interface. 

For GaAs we find a more dramatic change due to 
the Sb passivation. Our results show that the 
K/Sb/GaAs(l 10) interface forms an ohmic contact. 
All these results are in close agreement with the ones 
found for Si and GaAs-H passivated surfaces. We 
conclude that the Schottky-barrier formation is con- 
trolled by the density of states created at the semi- 
conductor passivated surface. 
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Abstract 

We present detailed second-order nonlinear optical spectroscopic studies of the interface electronic structure in 
metalrGaAs thin films and interfaces. The interface spectra from Au:GaAs, Ga-rich n-type systems exhibit two resonance 
features in the near infrared at 0.715 eV and 0.731 eV. A single resonance feature at 0.715 eV is observed in Au:GaAs, 
As-rich n-type interfaces. Similar single resonance features at 0.715 eV were observed in As:GaAs n-type samples. No 
resonances however were observed in oxiderGaAs and metal:GaAs p-type systems. All of the spectral features are sharp 
one-photon resonances. They provide compelling evidence for the existence and symmetry of atomic displacement-induced 
defect states just below the buried interface. 

1. Introduction 

The physics of buried solid/solid interfaces is of 
interest from both fundamental and technological 
viewpoints. Although new methods have been devel- 
oped and used with limited success to reveal specific 
features about buried interfaces [1], a basic experi- 
mental problem still remains: traditional optical spec- 
troscopies lack interface specificity and traditional 
surface diagnostics have a limited penetration depth. 
Second-order nonlinear optical spectroscopy pos- 
sesses long penetration depths characteristic of most 
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optical methods and intrinsic interface specificity 
characteristic of second-order optical processes. 
These nonlinear optical techniques have been used 
recently to probe buried interfacial features associ- 
ated with new bonding [2], band profiles [3], and 
strain [4]. The experiments have helped us to under- 
stand better the microscopic role played by interfa- 
cial excitations in affecting nonlinear optical phe- 
nomena, and their elucidation has accelerated the 
development of second-order nonlinear optical spec- 
troscopy as a probe of these systems. 

In this paper second-order nonlinear optical spec- 
troscopy (second-harmonic generation (SHG) and 
sum-frequency generation (SFG) was used to probe 
the electronic structures of different GaAs based 

o 

interfaces, 80 A Au epitaxial films on n-type and 
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p-type GaAs(OOl) surfaces. We have also studied 80 
A As amorphous films on n-type and p-type 
GaAs(OOl) surfaces. In all cases the interfaces were 
either As-rich or Ga-rich as a result of different 
GaAs substrate growth conditions. Native oxide 
GaAs(OOl) samples were also studied in both n- and 
p-type. In Au:GaAs n-type systems, we have ob- 
served two resonance features at 0.715 eV and 0.731 
eV for the Ga-rich interface, and one resonance 
feature at 0.715 eV for the As-rich interface. Similar 
single resonance features at 0.715 eV were observed 
in the As:GaAs n-type samples, but were not present 
in oxide:GaAs and metahGaAs p-type systems. All 
resonance features were confirmed to be one-photon 
resonances. After consideration of various three-step 
optical processes, we suggest that the transitions 
originate from the midgap states. We further suggest 
that the interfacial resonance features are brought 
about by atomic displacement-induced defect states 
near the junction. 

There are a number of experimental observations 
consistent with the existence of midgap states in this 
system, however there are very few direct spectro- 
scopic measurements of interface energy levels. Some 
spectroscopic evidence for interface states has been 
derived from cathodoluminescence (CLS) in 
Au:GaAs(100) systems [5], inverse photoemission 
(IPS) in Ti:GaAs(110) systems [6], and ultraviolet- 
photoemission spectra (UPS) in Au:GaAs(l 10) sys- 
tems [7]. These spectra however, are very broad, and 
the measurements are not intrinsically sensitive to 
the buried interface. In contrast to the CLS, IPS and 
UPS measurements [5-7], sharp resonant features 
were observed in our SHG and SFG experiments. 
The intrinsic interface sensitivity of the second-order 
nonlinear optical spectroscopies enable us to sup- 
press spectral contributions from the adjoining bulk 
media, resulting in more specific assignments of the 
spectral features, and a narrowing of the features by 
comparison to those observed with competing spec- 
troscopies. 

The remainder of the paper is organized as fol- 
lows. We first describe the experimental set-up and 
our samples in Section 2. In Section 3, we present 
measurements of the SHG and SFG spectra from 
different GaAs based interfaces. Then the results of 
measurements are discussed in Section 4. In this 
section we critically examine the evidence and sug- 

gest that atomic displacement-induced defect states 
are responsible for these resonances. A brief conclu- 
sion is presented in Section 5. 

2. Experiment 

A schematic of the experimental apparatus is 
shown in Fig. 1. A 10 Hz ß-switched Nd:YAG 
pumped tunable optical parametric oscillator (OPO) 
or dye-laser was used as the fundamental SH gener- 
ating light source for the SHG measurements. The 
samples were irradiated at an incidence angle of 75°. 
The incident light pulses had a temporal duration of 
10 ns, and a fluence of ~ 1 mJ/cm2. The funda- 
mental (SH) photon energy range was from 0.68- 
0.78 eV (1.36-1.56 eV) (using the OPO), and from 
1.29-1.40 eV (2.58-2.80 eV) (using the dye-laser). 
The reflected SH power was measured as a function 
of output light wavelength. Unfortunately continuous 
scanning from the visible to infrared wavelength 
range (0.8-1.36 eV) was impossible with our light 
sources. Our KTP based OPO cut off when photon 
energies exceeded 0.85 eV. Additionally, as the fun- 
damental OPO photon energy was scanned towards 
the mid-infrared range (< 0.68 eV), we encountered 
several problems that made our spectroscopic mea- 
surements more difficult. For example, the very low 

P i--'-.i 
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1064 nm     Wedged -Quartz 
and 
532 nm 

BC 

BC 

A/D 

Computer 

1.4-4.5 nm 

Fig. 1. Schematic diagram of experimental setup. F, spectral filter; 
P, polarizer; PM, prism; S, beam splitter; T, telescope; D, photo- 
multiplier tube and monochromator; BC, boxcar averager; A/D, 
analog to digital converter. 
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quantum efficiency of photo-multiplier tubes limited 
our sensitivity to SH photons in near infrared (i.e. 
< 1.36 eV); also the fundamental probe light was 
strongly absorbed by water molecules in air for 
energy below ~ 0.65 eV. SFG spectra were obtained 
by irradiating the samples with the Nd:YAG beam at 
1064 nm, and the tunable infrared beam at the same 
incidence angle and with the same polarization. To 
compensate for intensity fluctuations of the input 
beam, SH or SF signals were simultaneously pro- 
duced and measured in a parallel (reference) optical 
path which contained a wedged quartz plate [3]. The 
maximum SHG or SFG output of the reference at 
each frequency was obtained by translating a wedged 
quartz plate along a direction perpendicular to the 
laser beam propagation vector. Sample intensities 
were normalized using this reference SHG or SFG 
signal. 

GaAs(OOl) has a zinc-blende crystal structure and 
carries a single nonzero bulk second-order suscepti- 
bility Xy2xZ' 

wnose contribution to the output SH 
radiation is highly anisotropic. Au bulk has an 
isotropic structure. Therefore it does not contribute 
SH radiation in the dipole approximation [8]. The 
interface signals from the metal:GaAs(00l) samples 
were separated from the bulk signals by proper 
choice of sample orientation and light polarization 
[3]. By setting 0 = 0 and employing the p-in/p-out 
polarization configuration, where cf> is the angle 
between the [100] direction and the plane of inci- 
dence, we were able to suppress the bulk signal, 
xfyV by > 104, thereby greatly enhancing our sensi- 
tivity to interface features. Results obtained in the 
p-in/p-out configuration with 0 = 0 will hereafter 
be referred to as interface signals. 

Our GaAs(OOl) samples were doped (~ 1 X 1016 

cm"3) with Si (n-type) and Be (p-type). They were 
grown on an undoped GaAs substrate by molecular- 
beam epitaxy (MBE) at temperatures around 580°C, 
and with background chamber pressures of ~ 3 X 
10"10 Torr. It is well known that GaAs(OOl) exhibits 
a wide variety of surface reconstructions. These re- 
constructions are often related to the relative Ga to 
As ratio at GaAs surface [9]. RHEED measurements 
were performed on all samples to determine the 
surface reconstructions before growth of the Au epi- 
taxial film. GaAs(OOl) samples were either As-rich 
(2X4 RHEED surface reconstruction) or Ga-rich 

(4X2 surface reconstruction) [10]. The ratio of 
As:Ga was 75%:25% (25%:75%) for the 2X4 
reconstruction (4X2 surface reconstruction). An 80 
A epitaxial Au film was then grown on the 
GaAs(OOl) surface with a surface temperature of 
~ 400°C. We confirmed the Au film was epitaxial 
by RHEED. We also grew amorphous, 80 A As 
metal films on GaAs. When such a sample is ex- 
posed to air, a fraction of the As film is converted 
into an oxide, but Auger spectroscopy confirmed that 
oxygen did not penetrate as far as the As:GaAs 
interface. Finally we studied GaAs(OOl) n- and p-type 
samples without metal films. In the air, a ~ 50 A 
oxide formed on the sample surface. 

3. Results 

Fig. 2 exhibits the full range of SHG spectra 
measurements from Au:GaAs n-type samples with 
different GaAs surface reconstructions (As-rich 2X4 
and Ga-rich 4 X 2). The full wavelength range used 
both the OPO and the dye-laser. There are no sharp 
resonance features within energies probed by the 
dye-laser. The increase in signal at higher energy 
occurs as the fundamental photon energy increases 
above the direct band-gap of GaAs. However, we see 
that the interface spectra possess a single sharp peak 
at one-photon energy 0.715 eV for the As-rich 
Au:GaAs n-type sample and two closely spaced peaks 
for the Ga-rich Au:GaAs n-type sample. Comparison 
measurements of interface SHG and SFG spectra 
from Au:GaAs n-type samples using OPO with dif- 
ferent GaAs surface reconstructions (As-rich 2X4 
and Ga-rich 4X2) are exhibited in Fig. 3. The solid 
lines in the spectra from the Ga-rich Au:GaAs n-type 
sample represent a best fit to the data using two 
Lorentzian lineshape functions. According to the fit- 
ting, the SH (SF) peak positions are 0.708 + 0.014 
eV (0.713 + 0.014 eV) and 0.731 + 0.014 eV (0.730 
+ 0.014 eV) respectively. We believe that the first 
peak in the SHG (SFG) spectra at -0.708 eV 
(0.713 eV), has the same origin as the single sharp 
peak in the As-rich Au:GaAs n-type system, while 
the latter peak is a new feature resulting from the 
different interface preparation. By comparison to 
SFG spectra, all resonance features were confirmed 
to be one-photon resonances. SHG and SFG experi- 
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ments were also performed on As:GaAs(001) n-type 
samples within the same photon energy range. A 
similar single resonance feature around 0.715 eV 
was observed (see Fig. 4(a)), and was confirmed to 
be a one photon resonance. Interestingly in contrast 
to previous spectroscopic experiments [5-7], all of 
the observed resonances are sharp, suggesting a nar- 
row distribution of states at or just below the buried 
interface. 

In Au:GaAs p-type and oxide:GaAs systems, the 
interface second-order nonlinear optical spectro- 
scopies have also been performed within the same 
spectral region. No resonance features were observed 
in either system (see Fig. 4(b) and (c)). These results 
are surprising at first glance, since one would expect 
that the energy levels at the interface will not be 
changed by variations in bulk doping and overlayer 
oxidation [11]. However, the carrier occupation den- 
sity in these states is modified, since the Fermi level 
can shift with respect to the midgap levels. In the 
p-type metal:GaAs system these midgap states will 
become empty, as the Fermi level shifts towards the 
valence band maximum [5]. The effects in the 
oxide:GaAs system are less clearly explained. How- 
ever the oxide is rarely well characterized, and it is 
possible that the midgap levels were shifted out of 
our probe range. 

In general the second order susceptibility for SHG, 
Xijl, can be written as [8] 

= N-IZ(8\n\n)(n\rj\n')(n'\rk\g)pgg 
"■    n,ri 

x[(2W-^ + i/;ig)-
1(W-^ + i^)"1 

+ (2a> + <ong + irngy
l(<o + con,s + irn,gy

1 

+ (a> + tong + irngy
l((o-conlg + irn,gy

1]. 

(1) 

Here \g) represents the ground state, and |«'> and 
I«) are two excited states of the medium. pgg is the 
occupied electron density of the ground states. Reso- 
nances can viewed to arise through particular terms 
in this sum over states. In our case, there are two 
probable excitation processes that can be invoked to 
explain the one photon resonance. In one case the 
three-step process starts from the top of valence 
band. Here the state | g > is at the valence band edge. 
In the other case the process starts from the interface 
midgap state. Here the state \g) is an interface 
midgap state. Our results suggest that the one photon 
resonances on metal :GaAs n-type samples are due to 
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The solid line is a guide for the eye. (b) SHG spectrum from 

Ga-rich Au:GaAs n-type sample. The two solid lines are fit using 

two Lorentzian line shape functions, and the dashed line is the 

combination of the above two lines. The peak positions are 

estimated to be 0.708 + 0.014 eV and 0.731+0.014 eV respec- 

tively, (c) SFG spectrum from the As-rich interface sample. The 

solid line is a guide for the eye. (d) SFG spectrum Ga-rich 

Au:GaAs n-type sample. The two solid lines are fit using two 

Lorentzian line shape functions, and the dashed line is the combi- 

nation of the above two lines. The peak positions are estimated to 

be 0.713 + 0.014 eV and 0.730 + 0.014 eV respectively. 

the resonant transition from the occupied midgap 
states to the conduction band minimum. This follows 
from consideration of observations in the p-type 
systems. In p-type systems the resonance process 
originating from the midgap states would be very 
weak as a result of their low occupation density. 
Indeed no resonance was observed in these systems 
(see Fig. 4). 

Additional measurements were performed to rule 
out several other possible origins for these features. 
Bulk SHG Xx% spectra measurements were per- 
formed in the p-in/s-out polarization configuration 
at (ft = 0. Using this configuration we maximized our 

sensitivity to the bulk nonlinearity [3]. Fig. 4(d) 
reveals no resonance features in the bulk signals. 

The interface signals in principle contain contribu- 
tions from the front metal surface, and higher-order 
bulk nonlinearities. To examine the contributions 
from the Au surface, we measured SFG and SHG 
spectra from a thick Au-epitaxial film (~ 5 fini) and 
found that SFG and SHG signals were below our 
noise level (see Fig. 4(a)). Also, since the bulk 
nonlinear response of the Au epitaxial layer on 
GaAs(OOl) is expected to contribute in the same way 
in both n- and p-type GaAs systems, the fact that no 
resonance features were observed in Au:GaAs p-type 
systems effectively rules out possible contributions 
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from bulk epitaxial Au films. The possibility of 
higher-order GaAs bulk contributions were also ex- 
amined in the s-in/s-out and s-in/p-out polarization 
configurations. The bulk anisotropic contribution (£) 
was below our noise level and the signal resulting 
from linear combinations of y and x««\ was at least 
two orders of magnitude smaller than the interface 
signal [3] (see Fig. 4(d)). In addition, the higher-order 
bulk terms contribute in the same way to metal:GaAs 
and oxide:GaAs systems, and no resonances in ox- 
ide:GaAs systems were observed. In total, these 
findings rule out higher-order bulk contributions as 
sources of the resonance features. The 0.715 and 
0.731 eV resonance features most likely originate 
from the buried interface. 

4. Discussion 

Our second-order nonlinear optical spectral mea- 
surements of As-rich Au:GaAs and As:GaAs n-type 
samples possess a similar resonance at 0.715 eV, 
suggesting that the common interface state may be 
related to As atoms. On the other hand, the interface 
state at ~ 0.731 eV was only found at the Ga-rich 
interface in Au:GaAs n-type systems. This suggests 
that this latter interface state is related to the pres- 
ence of excessive Ga atoms at the interface. 

These observations can be understood within a 
simple theoretical framework. A gradient in the 
chemical potential for As or Ga atoms can induce the 
migration of these atoms from the interface into the 
GaAs substrate. As a result of relative concentrations 
of As and Ga atoms during growth, we might expect 
the formation of high concentrations As atom dis- 
placement-induced defect states near the As-rich in- 
terface [11]. In this case the As atom sits in a Ga 
atom site in the interfacial region. Such As atom 
displacements are the first step in the production of 
several primary defect states in GaAs [11-13]. Two 
defect-associated, strongly bound energy levels with 
s-like and p-like symmetries respectively, are pre- 
dicted to lie near the middle of the band gap (see 
Fig. 5(c) and (d)) [141. We note that the calculated 
states are generally more complicated than the sim- 
ple atomic displacement described above; for exam- 
ple they may involve coupling of the antisite to a 
nearby vacancy [15]. Since vacancy concentrations 
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Ec (£v) denote conduction (valence) band energy minima (max- 

ima), Es denotes the Fermi-level in these systems, and £, denotes 

interface state energy. 

may be higher near the interface, it is also plausible 
that a higher density of these types of defect states 
may exist near interfaces. We note however, that on 
very general grounds one would expect the As anti- 
site midgap state overlap strongly with bulk |s>-like 
and |p>-like states [15]. 

Similarly a high concentration of Ga displace- 
ment-induced defect states are expected for the Ga- 
rich interface. In this case Ga atoms sit in As atom 
sites. A single strongly bound Ga displacement de- 
fect state has been theoretically predicted to have an 
p-like symmetry and an energy level near the middle 
of band gap [14]. Again on general theoretical 
grounds one would expect this state to be pulled 
from p-like bulk states below the valence band edge. 

Our observations can be explained quite neatly if 
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we assume that the theoretical assignment of defect 
state relative energies and symmetries is correct [14], 
and that Ga-rich interfaces still contain some As 
defect states near the interface. In this case the 
n-type GaAs systems will experience Fermi-level 
pinning by the p-like defect states, while the p-type 
GaAs system will experience Fermi-level pinning by 
the s-like defect states (see Fig. 5). (Note, in the 
former case it is not essential that the p-like states 
pin the Fermi level, only that their energy is equal to 
or less than the energies of states that pin the Fermi 
level.) The observed resonances are derived by 
three-step processes that progress from occupied p- 
like defect states, to the s-like conduction band, to 
the p-like valence band, and then back to the original 
defect state. The last step is allowed as a result of 
weak strain- or field-induced interfacial state symme- 
try breaking. In general the strain-induced symmetry 
breaking is strong, but is limited to a few monolayers 
near the interface [4]; on the other hand, the deple- 
tion field-induced symmetry breaking may occur 
through the depletion length range (i.e. ~ 0.1 ^im in 
our samples). In principle both effects could con- 
tribute to the nonlinear optical processes. The model 
explains the observation of two resonance peaks in 
the Ga-rich interface, and it predicts no transitions in 
p-type GaAs systems since p-like states will be 
unoccupied. Finally the model predicts new reso- 
nances in spectral regions not studied here, as a 
result of processes coupled to the s-like defect states. 

By comparison to broadened interface states ob- 
served in photoemission at very low Au coverages 
on GaAs surfaces [7], the very sharp observed spec- 
tra suggest that overlayer metal atoms displace the 
As or Ga, and that the detected atomic displacement 
defects occur in bulk GaAs just far enough from the 
interface so that their interaction with the metal 
overlayer free electron states is weak. Since the As 
displacement is among the most common defects in 
GaAs, the resonance state at 0.715 eV was still 
observed in the Ga-rich interfaces, albeit more weakly 
[12]. Signal sizes in our experiment suggest that the 
interface susceptibility ,Y

<2)
 < 10~16 esu. Model-de- 

pendent estimates of defect number densities may be 
derived using this nonlinearity. In the case of strain- 
induced effects, we might except x(2) ~ Na, here N 
is the surface defects density within a few monolay- 
ers of the junction and a is single defect second- 

order susceptibility. If we assume a ~ 10~29 esu, 
then N ~ 1013 cm-2. In the case of depletion field- 
induced effects, there are several hundred layers 
within the depletion region that can contribute to the 
signal. We may estimate the bulk antisite defect 
density N within this depletion region using simple 
models; it is of order N~ 1018 cm"3. In reality both 
effects coexist and may affect our second order 
nonlinear processes. Qualitatively our spectra also 
suggest that the ratio of the two resonance peaks 
(0.715 eV, 0.731 eV) can be related to the ratio of 
As and Ga displacements defect at the interface. For 
example, if we assume the single defect has the same 
order susceptibility coefficient, the relative peak 
heights ratio /Asa//G.Al ~ N^/N^. This may 
prove to be a useful methodology for in situ chemi- 
cal analysis during growth. 

5. Conclusion 

We have used second-order nonlinear optical 
spectroscopies (SHG and SFG) to probe the interface 
states at buried metakGaAs junctions. Sharp reso- 
nance interface spectra arise from transitions be- 
tween the midgap states and the conduction band 
minimum. Two interface resonances states at ~ 
0.715 eV and ~ 0.731 eV were observed and are 
associated respectively, with As and Ga atomic dis- 
placements just below the buried interface. 
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Abstract 

We studied the Pt/n-GaP buried Schottky junction by several spatially resolved techniques to correlate the chemical 
inhomogeneities of the interface with the spatial variations of the diode transport properties. The recombination rate 
fluctuations and small spatial variations (3-8 meV) of the Schottky barrier height were correlated with the local 
stoichiometry of the bare GaP surface and of the fully formed junction. We discovered regions with local segregation of 
metallic gallium. In these regions we measured a Schottky barrier height only 4 meV lower than in the stoichiometric areas. 
On the contrary these zones presented a more important electron-hole recombination rate. 

1. Introduction 

We used several experimental techniques to inves- 
tigate one of the major problems in today's solid-state 
physics: the lateral variations of buried interface 
properties. We performed a spatially resolved study 
of (80 A)Pt/n-GaP Schottky barrier by scanning 
near-field optics microscopy (SNOM) [1], spatially 
resolved internal photoemission (SRIPE) [2], X-ray 
secondary photoemission electron microscope 
(XPEEM) [3], and X-ray photoemission spectromi- 
croscopy (XPSM) [4]. These complementary tech- 
niques enabled us to correlate the spatial variations 
of the diode transport properties with the chemical 

Corresponding author. 

inhomogeneities of the GaP bare surface and of the 
buried metal-semiconductor interface. 

Lateral variations of interface properties such as 
energy barriers and recombination rates are critical 
for technological applications. They also affect our 
fundamental understanding of this class of solid sys- 
tems; for example, they can force us to re-think the 
very definition of parameters such as the Schottky 
barrier and of the corresponding interface physical 
properties [5,6]. In particular, it is very important to 
correlate these properties with the local stoichiom- 
etry of the 'clean' surface of the semiconductor 
substrate as well as with the local chemical proper- 
ties of the fully formed interface. 

The combination of internal photoemission (IPE) 
and of the scanning near-field optics microscopy 
(SNOM) enabled us to measure the interface pho- 

0169-4332/96/$15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
PII S0169-4332(96)00144-4 



C. Coluzza et al. /Applied Surface Science 104/105 (1996) 196-203 197 

tocurrent with high lateral resolution. In essence, our 
approach consists of measuring the photocurrent in- 
duced in a circuit including the interface under inves- 
tigation by a focused photon source. Interface energy 
barriers can be derived from thresholds in the pho- 
tocurrent versus photon energy spectra, and informa- 
tion on the recombination rates is provided by the 
photocurrent intensity [2,5]. The energy barriers are 
measured in real devices with high energy resolution 
of about 1 meV, and lateral variations less than 1 
/xm can be detected. 

Due to the escape depth of the secondary photo- 
electrons (around 100 A), the X-ray secondary pho- 
toemission electron microscopy measurements are 
able to supply chemical information from a buried 
interface. The lateral resolution is similar to that of 
SNOM-IPE allowing a direct correlation between the 
local phototransport properties and the local chemi- 
cal status at the interface of the same sample [3,6]. 

We observed large lateral variations in the pho- 
tocurrent properties which do not match topographic 
features of shear-force microimages, and reveal fluc- 
tuations in the electron-hole recombination rate that 
are crucial to the interface properties and applica- 
tions. With the same experimental setup we also 
detected equally lateral variations of the Pt/GaP 
Schottky barrier, of 3-8 meV on the scale of less 
than 1 /xm. These variations correspond to local Ga 
segregation induced by the GaP surface preparation. 

2. Experimental procedure 

The specific samples studied in this experiment 
were obtained by electron gun evaporation of 80 A 
of Pt on n-type GaP(OOl) sulfur doped substrates 
(n = 5 X 1017 cm-3). Prior to the deposition, the 
substrates were cleaned with hot organic solvents 
and in a 5% HC1 solution during 1 min and rinsed 
with deionized water. A 8 nm thick Pt films was 
deposited; the structure required for IPE measure- 
ments was completed by ohmic contacts consisting 
of a 62% Au-38% Sn alloy. 

Before the deposition of the metallic overlayer, 
we performed a chemical study of the semiconductor 
bare surface by X-ray photoemission spectromi- 
croscopy. Our ESCA-300 system was described in 

Ref. [4]. Briefly, we worked at an operating pressure 
better than 3 X 10~'° mbar, with energy resolution 
of 0.29 eV and lateral resolution of 12 fxm as 
determined by resolving lithographic microstruc- 
tures. 

On the fully formed metal-semiconductor junc- 
tion, XPEEM experiments were performed at the 
Sincrotrone Trieste SpA by an instrument similar to 
that described in Ref. [3], on a beamline connected 
directly to an undulator. The spatial resolution was 
~ 2 /xm, as determined by resolving lithographic 
microstructures. The beamline was not equipped with 
a monochromator and the photon energy was tuned 
by changing the gap of the undulator. The photon 
energy resolving power was ~ 33, sufficient to dis- 
criminate the absorption edges of Pt5p, Ga3p and 
P2p. 

We achieved high lateral resolution in the internal 
photoemission measurements by illuminating the 
sample with a small light source. This approach is 
based on the SNOM technique [7-9], i.e. on pulled 
and aluminum coated optical fibers which concen- 
trate the light on an open edge aperture of 50 nm. 
The light was injected through the tip into the 8 nm 
semitransparent Pt metallic layer. Piezoelectric feed- 
back-controlled oscillators provided the vertical ap- 
proach up to the near field condition as well as the 
X-Y scanning over an area ranging from 8-30 /im. 
The experiments were performed with a constant 10 
nm tip-to-sample distance; this resulted in a topo- 
graphic vertical resolution of about 1 nm. The tip- 
sample distance was controlled by a shear-force 
feedback system, as described in Ref. [8]. As light 
sources, we used a tunable dc Ti-Sapphire laser 
(1.35-1.5 eV) or a solid state laser diode (fixed 
photon energy at 1.518 eV). In the case of Ti-Sap- 
phire laser, the photon energy was tuned in the 
interval 1.319-1.53 eV, with an estimated resolution 
of about 1 meV, as determined by the FWHM of 
luminescence lines of test samples. 

Photocurrent microimages were obtained by de- 
tecting the photocurrent signal while scanning the 
beam over the sample. The photocurrent was re- 
vealed with a standard lock-in technique. Likewise, 
topographic images were obtained by measuring the 
shear-force signal with a synchronous detection in- 
cluding a piezoelectric oscillator and a lock-in ampli- 
fier [2,8,10]. Our present lateral resolution is already 
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close to, or better than, the classical limit of A/2 as 
estimated by resolving lithographic structures. 

3. Results and discussion 

In Fig. 1, we show ESCA-300 Ga3d core level 
spectra taken at different positions on the 'clean' 
GaP surface, immediately after the chemical etching. 
The analyzed area was 20 X 20 jam, as determined 
by the magnification factor and the size of the 
illuminated area on the multichannel plate and of the 
entrance slit of the electron analyzer. The spectra 
were shifted by aligning the Cls peak for each 
position at 284.6 eV. The raw data presented a 
relative shift of the Cls as high as 1 eV, indicating 
an inhomogeneous local charging. Even after the Cls 
normalization, the spectra presented a non perfect 
alignment (see, for example, curve 200-220 /xm and 
curve 100-120 /j,m), probably due to a difference in 
the potential energy between the carbon contaminant 
layer (at the surface) and the probed gallium atoms 
deeply located in the GaP bulk. From this figure, it is 
evident that in some regions (see curves 300-320 
yu,m and 400-420 /jum) the Ga3d presented a differ- 
ent peak shape. From a deconvolution of these peaks 
by Voight functions, we observed the presence of 

XPS of Pt/n-GaP 
hv=1486.7 eV 

20 18 16 

Binding Energy (eV) 

Fig. 1. ESCA-300 Ga3d core level spectra taken at different 
positions on the HC1 chemically etched GaP surface. The metallic 
Ga contribution is indicated by an arrow. 

two doublets relatively shifted by around 0.6 eV. 
These results indicate the presence of a metallic 
gallium phase which contributes to the spectrum 
with a peak located at lower binding energy and 
shifted by the same value that we found [11]. On the 
contrary, the P2p core level peaks were well fitted by 
only one doublet in all regions, further supporting 
the metallic gallium segregation. 

Fig. 2a shows XPEEM micrographs of a fully 
formed (80 A)Pt/GaP Schottky barrier. Bright re- 
gions correspond to areas of stronger emission. The 
chemical information is obtained by digital subtrac- 
tion of images taken at photon energies above and 
below the absorption edges of the elements (Pt5p, 
Ga3p, and P2p). Three main features are evident: (1) 
dark and bright areas, (2) few bright 'drops' (see 
squared zones in all images), (3) the presence of dark 
lines. 

In XPEEM measurements, the contrast comes 
from a local difference of the surface work function 
and/or from a local difference in the stoichiometry 
of the probed thickness (around 100 A). In our case, 
the surface is covered by a Pt layer of 80 A, so we 
can assume that the surface work function is quite 
homogeneous, as demonstrated also by the Pt5p and 
P2p microimages. On the contrary, in the Ga3p 
images large bright areas are evident (see, for exam- 
ple, the region near the small square). These regions 
could be assigned to Ga segregation in good agree- 
ment with the XPSM results. 

In Fig. 2b, we zoomed on the regions indicated in 
Fig. 2a by large squares ('drops' areas). The Ga 
segregation is clearly present (see in the right images 
the intensity plots along the dashed lines of the left 
images). In these zones, an increase of the Pt signal 
and a decrease of the P signal are also evident. This 
result indicates a local increase of the thicknesses of 
the metallic overlayer (platinum and gallium). 

Fig. 3 shows a typical set of SNOM-IPE microim- 
ages taken at the photon energy of 1.518 eV (laser 
diode source). On the left, we see the shear-force 
(topographic) image over a 32 X 32 /j,m area. The 
analyzed region presents clear lateral topographic 
variations on the scale of less than 1 /xm. Dark- 
bright zones of the micrograph reveal roughness 
variations of the sample surface of about 140 nm. In 
the center, we see the scanning IPE (photocurrent) 
micrograph of the same area. Brightest and darkest 
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XPEEM of Pt/n-GaP 
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Pt5p 

Ga3p 
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Fig. 2. (a) XPEEM micrographs of a fully formed (80 A)Pt/GaP Schottky barrier. Bright regions correspond to areas of stronger emission, 
(b) Zoom of the zone marked by the large white squares in (a). On the right are reported the intensity plots along the dashed lines of the left 



200 C. Coluzza et al. /Applied Surface Science 104/105 (1996) 196-203 

Ga3p 

P2p 

"***j 

I—I 10 [xm 

I—I 10)im 

Pt5p 255 

a.u. 

0 

Fig. 2 (continued). 

regions correspond to a photocurrent of 0.8 nA and 
less than 0.2 nA. On the right, we report the reflec- 
tion microimage. It is important to stress that the 
SNOM-IPE technique gives parallel information 
(topography, phototransport, and optic) on the same 
area. The lateral resolution is similar to that of 
XPEEM as demonstrated by the linear features cor- 
responding to the dark lines of Fig. 1. In the lower 
part of the figure, we show the intensity plots across 
the rectangular area indicated in the upper part. From 
these plots it is evident that the linear features could 
be explained as scratches on the GaP substrates 
created during the surface preparation. 

A comparison of topographic and IPE photocur- 
rent variations in Fig. 3 shows no one-to-one corre- 
spondence between them. There are dark and bright 
zones in the photocurrent microimage that do not 
correspond to any inhomogeneous area in the shear 
force microimage. Thus, the spatial variations in the 
photocurrent intensity are not — or rather not only 
— caused by the surface topography. 

Our approach allows us to explore locally what is 
perhaps the most important factor for heterostructure 
transport properties: the interface energy barriers — 
the Schottky barrier height in the present case. Typi- 
cal results are shown in Fig. 4. In the upper part we 
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SNOM-IPE of Pt/GaP 
hv=1.512 eV, 32x32 |am 

Shear Force       Photocurrent Reflection 

140 nm     0.2 0.8 nA 

W'J, 

J'   I 

.-,,r" 
'Jl,A* V%f    /VV -vA^y^W'-'' 

Fig. 3. Shear-force topography and corresponding photocurrent and reflection microimages of a 32 X 32 pirn region. In the lower part, we 
show the intensity plots across the rectangular area indicated in the upper part. 

show the topographic micrograph and the corre- 
sponding photocurrent intensity image taken at hv = 
1.465 eV. The correspondence between the features 
in both microimages is evident. These features corre- 
spond also to features indicated in Fig. 2 by small 
squares, where Ga segregation was found. In particu- 
lar, the bright spots in the topography are not dust 
particles on the device surface. Such particles corre- 
spond to bright zones in the photocurrent images. 

In the lower part of Fig. 4 we show the squareroot 
of the photocurrent versus photon energy (Fowler 
plot [12]) taken at points A and B of the photocurrent 

image, together with the spatially integrated IPE 
curve. The photocurrent threshold position corre- 
sponds to the Schottky barrier height. By a linear fit 
of the curve edge, we obtain a Schottky barrier of 
1.409 and 1.413 eV for point A and B, respectively. 
For the integrated case, we obtain 1.415 eV. If, as 
assumed, the thermoionic emission process is domi- 
nant in the I-V characteristics, a variation of 4 meV 
of the Schottky barrier height induces a photocurrent 
intensity variation of about 15%, which is too small 
to justify the intensity fluctuations in photocurrent 
microimages. The observed large intensity fluctua- 
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Fig. 4. (a) Shear-force topography and photocurrent microimages in a 8 X 8 /xm region taken at hv= 1.465 eV. This zone corresponds to 
the areas marked by the small white squares in Fig. 2a. (b) The square-root of the internal photoemission yield versus photon energy 
measured at 300 K in the 'bright' (A) and 'dark' (B) zone. The scaled (X0.1) spatially integrated IPE curve is also shown. 
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tions could be instead assigned to lateral variations 
of the recombination rate or of the metal thickness. 

In summary, we successfully tested a combination 
of different spatially resolved techniques to study 
different aspects of the lateral fluctuations in the 
properties of a buried metal-semiconductor inter- 
face. We detected four types of variations: topo- 
graphic effects, chemical effects, energy barrier vari- 
ations, and photocurrent intensity variations of non- 
topographic origin (recombination rate). In particular 
we found small variations of the Schottky barrier 
height value in zones where Ga segregation was 
detected. 
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Abstract 

The formation of epitaxially stabilized (pseudomorphic) Fe and Co suicides on Si(l 11) is reviewed. We show that, apart 
from the a-FeSi2 phase, which is also stable in bulk form at high temperatures, none of the pseudomorphic phases is ever 
likely to be the lowest energy phase, with the exception of FeSi with the CsCl structure. For FeSi, the positive contribution 
of the interface to the total energy of the bulk stable phase, e-FeSi, is sufficiently large to reverse the stability, i.e. 
(CsCl)FeSi is truly stable for thicknesses below Hc ~ 15 A. From the structural point of view, Fe and Co suicides are found 
to be more similar than believed heretofore. In particular, we find that, at low substrate temperatures and under particular 
conditions, CoSi2 may crystallize with a CsCl structure with random metal vacancies instead of the well known bulk stable 
CaF2 structure. 

1. Introduction 

Epitaxial suicides on silicon have been of great 
interest, both in view of their possible applications in 
microelectronics [1] and for fundamental research. 
Most metals in contact with a clean Si surface react 
to form one or several suicides, depending on the 
temperature. Such solid state reactions have been 
studied in great detail during the past two decades, 
and excellent review articles are available [2]. Most 
phases formed by this procedure are not epitaxial on 
a large scale, however, since only few of them have 
simple crystal structures and are well lattice-matched 
to the Si substrate. The same is true for other growth 
techniques, such as molecular beam epitaxy (MBE), 

Corresponding author. Tel.:   +41-1-6332261; 
6331072; e-mail: kaenel@solid.phys.ethz.ch. 
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even though in this case the problem of mass trans- 
port, i.e. the supply for Si from the substrate, does 
not exist. On the other hand, it is well known that, 
especially for bulk crystal structures characterized by 
a large misfit, a bulk metastable phase may be more 
favourable to grow epitaxially [3,4]. The physical 
mechanism responsible for the epitaxial stabilization 
of a bulk metastable phase is usually its lower elastic 
energy, compared to that of the bulk stable phase, 
when both are assumed to form coherent epitaxial 
interfaces. In other words, the epitaxially stabilized, 
or  pseudomorphic     [3,5]  phase  is  better  lattice 

-41-1- 

The expression 'pseudomorphic' is not a synonym for 'coher- 
ent' here. It rather describes a situation in which an epitaxial film 
adopts a crystal structure which differs from that of the corre- 
sponding bulk stable phase but is determined by the underlying 
substrate. See also [5]. 
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matched to the substrate than the bulk stable phase 
and therefore less strained. It is important to empha- 
size here that by epitaxial stabilization of a bulk 
metastable phase we refer to a situation in which this 
phase has the lower free energy when forced to the 
substrate lattice constant, and is therefore the ther- 
modynamically favoured phase. It is conceivable, 
and in fact examples will be shown below, that a 
bulk metastable phase may be favoured by epitaxy 
for kinetic reasons alone, whence it remains 
metastable even in contact with a suitable substrate. 
There have been occasional reports on the occur- 
rence of metastable epitaxial suicides in the past 
[6-9] but for a long time no systematic attempt was 
undertaken to put the observations on a quantitative 
basis. More recently, the study of epitaxially stabi- 
lized suicides has been stimulated by the discovery 
of an epitaxial FeSi2 phase with the fluorite struc- 
ture, designated with y-FeSi2 [10]. At first sight, the 
occurrence of this phase may not be very surprising, 
since the corresponding bulk stable phase, /3-FeSi2, 
may be considered to be related to it by a Jahn- 
Teller-like distortion, giving rise to a metal-semi- 
conductor transition [11]. The total energy of the 
y-phase turns out to be higher, however, than that of 
the /3-phase by as much as ~ 0.5 eV per formula 
unit [12]. It is out of the question that the elastic 
energies are sufficiently different to reverse this bal- 
ance. In other words, y-FeSi2 cannot be expected to 
be epitaxially stable as long as only the elastic 
energies associated with straining the lattices into 
coherency with the Si substrate are taken into ac- 
count. A similar situation pertains to a FeSi phase 
with the CsCl structure, which is epitaxially favoured 
over the bulk stable e-FeSi phase, even though its 
energy is higher by ~ 0.54 eV per formula unit [13]. 
A recently discovered CoSi phase with the same 
CsCl structure turns out to be even less stable, and 
yet it is preferred over the corresponding bulk stable 
phase when epitaxially grown on Si(lll). Yet an- 
other example considered in the following are struc- 
tures obtained by removing metal atoms from the 
CsCl lattice sites in a statistical manner [14]. The 
resulting CsCl defect phases are found to be surpris- 
ingly stable with respect to a phase transition to a 
bulk stable MSi2 phase, where M = Fe, Co. 

In all of these cases there must exist other factors 
contributing to the stability. As will be argued be- 

low, it is the energetics of the interface that plays a 
decisive role. 

2. Synthesis of bulk unstable epitaxial suicides 

Quite a few of the silicide phases discovered in 
the past few years can be synthesized by simply 
depositing the metal onto the clean Si substrate, 
followed by an annealing step, resulting in solid 
phase epitaxy (SPE). Especially the cubic FeSi2 

phases were grown on Si(lll) in this way and 
investigated by a variety of experimental techniques 
[15-26]. Since these phases are epitaxially stable 
only as long as the films remain very thin (typically 
a few monolayers), the identification of the structure 
becomes very difficult when the SPE technique is 
used for growth. In many studies the cubic phase 
was nevertheless 'identified' with y-FeSi2, without 
any real structure determination. It is therefore con- 
ceivable that at least in some of these cases the phase 
in question must be attributed to Fe^^Si which has 
the CsCl structure with randomly arranged Fe vacan- 
cies [14]. Phase identification is much simpler for 
MBE grown films, since they can be grown homoge- 
neously to larger thicknesses, by making use of the 
kinetic barriers preventing the transition to the bulk 
stable phases. Before discussing in more detail the 
results obtained on films grown by solid source 
MBE, it should be emphasized that the epitaxial 
stabilization of suicides, notably y-FeSi2, has been 
achieved by a number of other techniques, such as 
gas source MBE [27], liquid phase epitaxy [28,29] 
and ion beam synthesis [30]. In the latter case the 
phase was present in the form of precipitates in Si. 

As pointed out before, the great advantage of 
solid source MBE lies in the possibility to synthesize 
pseudomorphic films with thicknesses far above their 
stability range. This is particularly important for the 
pseudomorphic silicides considered here, since for 
all of them the true thermodynamic stability, if exis- 
tent at all, is limited to very small thicknesses. It is 
therefore highly desirable to have a low-temperature 
growth technique at one's disposal, which allows to 
grow films that are metastable. 

Fortunately, it turns out that by forming an epitax- 
ial template of the order of 10 A in thickness on 
Si(lll) before the actual MBE step, many of the 
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Fig. 1. HRTEM image and selected area diffraction pattern of a CoSi layer with the CsCl structure. The diffraction spots of the silicide are 
indexed with respect to the cubic Si unit cell. Parameters used for the image simulation: specimen thickness d = 3.8 nm; defocus A/= - 80 
nm; high voltage = 300 kV; spherical aberration constant Cs = 1.1 mm; focus spread = 8 nm; semi convergence angle a = 0.6 mrad. 
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Fig. 2. HRTEM image and SAD pattern of CoSi2 grains with the CsCl structure (a) and the CaF, structure (b), respectively. The SAD 
pattern due to the CsCl structure (indexed according to the Si unit cell) differs from that originating from the CaF2 structure by the absence 
of spots with odd indices. Parameters used for the simulation: identical to those in Fig. 1, except for rf = 6.1 nm, A/= -30 nm (a) and 
d = 4.6 nm; A/= -37 nm (b), respectively. 
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phases can be epitaxially grown at room temperature 
(RT). It does not seem to matter how the templates 
are exactly grown, since codeposition followed by 
annealing or deposition of the pure metal with or 
even without an annealing step [14] all result in 
epitaxial films during the subsequent codeposition. 
The quality of the films is, however, improved when 
annealed templates are used. This is exemplified by 
the improved ion channeling yields in Rutherford 
backscattering spectrometry [31]. In the case of the 
Fe suicides it could unambiguously be proven that 
the phases grown at RT are cubic in the whole 
stoichiometry range between FeSi2 and pure bcc Fe 
[32]. Moreover, if the unit cell of the CsCl structure 
is taken as the basic building block, then all these 
phases can be derived by arranging Fe and Si atoms 
or vacancies on the CsCl sites in the appropriate way 
[33]. 

While the pseudomorphic Fe suicide phases have 
been known for a number of years, the question, to 
what extent similarities with other metal suicides 
might exist, has been raised more recently. Follow- 
ing a suggestion of Mäder et al. [34], a new CoSi 
phase with the CsCl structure could indeed by syn- 
thesized, in a manner identical to that of FeSi [13,35]. 
As an illustration, a high-resolution transmission 
electron microscopy (HRTEM) image obtained from 
a cross-section of a (CsCl)CoSi sample is shown in 
Fig. 1. An image contrast calculation and a selected 
area diffraction (SAD) pattern is included in the 
figure. The silicide reflections are indexed with re- 
spect to the unit cell of Si. Other than in the CaF2 

structure, the reflections with odd indices are absent 
[14]. Since the corresponding bulk stable monosili- 
cides, e-FeSi and e-CoSi, crystallize with the same 
'FeSi' structure [36], it is interesting to compare the 
relative stability of the two pseudomorphic CsCl 
phases. This will be done in the next section. 

Let us have a look first, however, at the intriguing 
problem of Si-richer Co suicides, such as CoSi2. 
Work on epitaxial CoSi2 with the bulk stable fluorite 
structure dates back to the early eighties [37,38]. In 
these early studies and for many years thereafter 
CoSi2 films were either grown by SPE or MBE, 
with annealing or substrate temperatures far above 
RT (typically up to 600°C). The first report on CoSi2 

grown epitaxially at RT by coevaporation onto ultra- 
thin templates of pure Co appeared many years later 

and did not include any structure determination [39]. 
In view of the fact that thin pseudomorphic Fe 
suicides with the CsCl structure are epitaxially stable 
in the whole range of stoichiometries between that of 
FeSi and FeSi2, and taking into account the exis- 
tence of a CoSi phase with the same structure, the 
question naturally arises whether perhaps the anal- 
ogy might be extended to CoSi2. In other words, do 
we necessarily have to assume CoSi2 to crystallize 
with the CaF2 structure? That this may not be the 
case can indeed be seen in Fig. 2, displaying two 
HRTEM micrographs of the same CoSi2 film after 
annealing to ~ 550°C. The film was synthesized by 
using the same template technique as described above 
for the Fe suicides. The HRTEM image of the grain 
presented in Fig. 2a shows a striking similarity with 
the image of Fig. 1, as does the SAD pattern. The 
corresponding image of a CaF2 grain is shown in 
Fig. 2b. Also included in Fig. 2 are the simulations 
of the image contrast for the two assumed structures, 
leaving little doubt that our assignment is correct. In 
particular, it has to be pointed out that the adaman- 
tane structure of CoSi2, which may occur in CoSi2 

formation from Co/Ti bilayers [40], cannot be con- 
fused with the (CsCl)Co05Si structure, where half 
the Co atoms have been removed from their CsCl 
lattice sites in a random fashion. This has been 
proven by calculations of the image contrast ex- 
pected for the former structure. 

Preliminary results obtained by X-ray diffraction 
indicate, that as-grown films, i.e. films grown at RT 
onto a preformed CoSi2 template, may crystallize 
almost entirely with the proposed CsCl defect struc- 
ture. This happens despite of the CaF2 structure of 
the template itself. Annealed films grown without a 
template, i.e. by stoichiometric coevaporation onto 
the clean Si surface, rarely contain any grains of this 
phase, however. The growth kinetics of films code- 
posited on clean Si and on a template, respectively, 
have been known to be different for a long time [9], 
since in the former case the film starts out to be 
amorphous for substrate temperatures near RT, and 
becomes epitaxial only upon annealing. Our new 
results thus seem to indicate that CaF2 is the favoured 
phase when nucleation of epitaxial grains starts from 
the amorphous state, whereas, in the case of MBE 
growth on epitaxial templates, grains of the CsCl 
defect phase nucleate more easily. 
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3. Stability of pseudomorphic phases 

It has already been pointed out in the introduction 
that the observation of the pseudomorphic silicides 
discussed here can hardly be explained by simple 
elastic energy considerations, favouring them over 
their bulk stable counterparts. Let us nevertheless 
discuss briefly, what a behaviour should be expected, 
if it sufficed to take into account the elastic energy 
associated with straining each structure to the sub- 
strate lattice parameter [4]. We assume that for thin 
films the pseudomorphic phase is the one with the 
lowest energy. The energy per formula unit of the 
bulk stable and the pseudomorphic phase would then 
remain constant, up to a critical film thickness hc, 
where that of the bulk stable phase would start to 
decrease because of the formation of misfit disloca- 
tions. The pseudomorphic film would tend to remain 
coherent because of its lower misfit, whence its 
energy would keep on being constant. At the critical 
thickness Hc, at which the two energy curves cross, 
a phase transition to the bulk stable phase would 
therefore be expected to take place, since from then 
on it is the lowest energy phase. A scenario of the 
kind described may be expected whenever there 
exists a metastable bulk phase whose energy is so 
close to the one of the stable phase, that the elastic 
energy increase due to the misfit strain is sufficiently 
large to reverse the order of the energies of the two 
phases. This is particularly likely for systems exhibit- 
ing a structural phase transition at some critical 
temperature, as is the case, e.g. for many elemental 
metals. There are indeed numerous reports in the 
literature about the epitaxial stabilization of metals in 

a bulk metastable crystal structure (see, e.g. Refs. 
[3,4] and references therein). 

A structural phase transition from the semicon- 
ducting /3-phase, stable at low temperatures, to the 
metallic a-phase, stable above ~ 950°C, has long 
been known to take place in FeSi2. Ion implantation, 
followed by a high-temperature anneal [41,42], or 
alternatively the more recent technique of allotaxy 
[43], do indeed lead to the formation of buried 
epitaxial a-FeSi2. Even more important in the pre- 
sent context is the fact that the a-phase can be 
grown at temperatures around 500°C, i.e. well below 
the bulk phase transition [44-46]. In these cases the 
a-FeSi2 phase was found to be present in the form 
of small grains rather than continuous films. By 
annealing Fe suicide films with the CsCl defect 
structure around the same temperature, we have also 
observed the a-phase to form. Such films, despite of 
being characterized by extremely smooth interfaces 
and surfaces, always contain a mixture of a-FeSi2, 
-y-FeSi2 and Fe05Si grains. In HRTEM images, the 
transition between all of these phases appears to be 
gradual. Fig. 3 shows such a transition region be- 
tween an a-FeSi2 grain on the left and a grain of the 
Fe0 5 Si phase on the right, each one accompanied by 
a simulation of the image contrast. To our knowl- 
edge it has not been possible to synthesize, by any 
method, single crystalline films of the pure a-phase 
in the thickness range considered here, i.e. several 
nm. The closest approach to uniform a-FeSi2 may 
have been 20-40 A thick films overgrown epitaxi- 
ally with Si, since they could be annealed to higher 
temperatures without disrupting and/or transforming 
into /3-FeSi2 [47]. The rhombohedral distortion ob- 

Fig. 3. HRTEM image of a Fe silicide film, showing the transition region between a-FeSi2 (left side) and (CsCI)Fe05Si (right side). 
Specimen thickness d = 5.8 nm, defocus A/= —87 nm. For all other parameters, see Fig. 1. 
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served in these films is of the same sign and larger 
than that previously found for the CsCl defect phase 
[48], in accordance with the larger averaged misfit 
expected for the a-phase [46], i.e. -2.6% versus 
-0.55% [48]. Total energy calculations performed 
by Miglio and co-workers on the disordered CsCl 
[12] and the a-phase [49] yield a hierarchy with the 
/3-phase lying lowest, followed by the a-phase, ~ 50 
meV higher, and finally the CsCl-defect phase, ~ 
120 meV above the a-phase. Although better lattice 
matched to Si, the CsCl-defect phase is thus high 
enough in energy, in order to be eventually trans- 
formed into a-FeSi2 upon annealing. 

As pointed out before, the occurrence of grains of 
the y-FeSi2 phase cannot be explained in this frame- 
work, since its energy exceeds that of the other 
phases by too large an amount of almost ~ 0.5 eV 
with respect to /3-FeSi2 [12]. The only possibility to 
solve this puzzle, and to explain the observation, that 
homogeneous -y-films are invariably very thin (~ 20 
A), is to assume an extraordinarily favourable inter- 
face. The interface structure of B-type y- 
FeSi2/Si(lll) has indeed been shown to be identical 
with that of CoSi2/Si(l 11), i.e. it is characterized by 
an eightfold coordination of the interfacial metal 
atoms [50]. The bonding configuration is certainly 
far simpler at this interface, resulting in less strained 
bonds, compared to all epitaxial interfaces of the 
bulk stable phases. Intuitively it seems therefore 
reasonable to assume the formation of such an inter- 
face to be favoured. 

The contribution of the interface itself to the total 
energy may indeed even reverse the stability, as will 
now be shown for the example of the monosilicides. 
The atomic structure of these interfaces has not yet 
been determined. By looking simply at the geometry 
of the unit cells in the common epitaxial orientations 
[15], i.e.: 

• (CsCl)M Si(l 1 p  II Si(l 1 1 )     with 
(CsCl)MSi[l 12] || Si[l 12], 

• e-MSi(lll)||Si(lll) with e-MSi[011] ||Si[l 12], 
where M = Fe, Co, and taking into account the lower 
site symmetry in the e-phase, it becomes obvious, 
that the number of dangling bonds must be substan- 
tially larger for this phase. This may be seen in Fig. 
4 in which the atomic projections are compared for 
two possible interface structures of the e-phase (Fig. 
4a, b) and one of the CsCl-phase (Fig. 4c). Whatever 

a)     £-MSi plane A on Si( 111) 

8        o        o 

b)      E-MSiplaneBonSi(lll) 
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Fig. 4. Possible projections of the metal atom positions (filled 
diamonds) of (a) plane A of the e-structure, (b) plane B of the 
e-structure, and (c) the CsCl-structure, onto the unreconstructed 
SiC 111) surface (open circles). 

the exact arrangement is, it may be assumed that for 
the e-phase two out of three bonds are broken while 
for the CsCl-phase there is a perfect match of the 
atomic planes with those of Si. Let us now try to 
obtain a rough estimate for the bond energies in FeSi 
and CoSi. This can be achieved by comparing the 
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Fig. 5. (a) Left panel: total energy curves for FeSi with the NaCl, 
CsCl and e structure as a function of the lattice parameter, 
expressed in terms of the relative deviation from the lattice 
parameter of the Si substrate. For the e-phase, two curves are 
shown, with (open circles) and without (filled circles) taking into 
account the unfavourable interface contribution in the monolayer 
limit. Right panel: qualitative variation of the total energy per 
formula unit of the € and CsCl phases as a function of the film 
thickness h. Hc indicates the stability limit of (CsCl) FeSi, hc is 
the (experimental) critical thickness for strain relaxation at room 
temperature (RT), and HM is the (unknown) thickness to which 
(CsCl) remains metastable at RT. (b) Left panel: total energy 
curves of the CoSi phases corresponding to those in (a). Right 
panel: same as in (a) for CoSi. (CsCl)CoSi is never expected to be 
the stable phase for any thickness. Experimentally, metastable 
(CsCl)CoSi films with coherent interfaces have been grown, how- 
ever, up to a thickness of HM ~ 100 A (after Ref. [13]). 

total energy curves for the two compounds in the 
CsCl and the NaCl structure [13]. They are displayed 
on the left hand sides of Fig. 5a and Fig. 5b, as a 
function of the deviation from the Si lattice parame- 
ter. Notice that the rhombohedral distortion has been 
neglected in this calculation [13], i.e. strictly speak- 
ing the curves in Fig. 5 apply to the hydrostatic 

pressure case. We do not expect, however, this sim- 
plification to affect the qualitative conclusions drawn 
below. At the Si interatomic distance the NaCl curves 
are higher by 1.91 eV and 0.39 eV for FeSi and 
CoSi, respectively. Taking into account the coordina- 
tion number of eight for CsCl and six for NaCl, we 
see that the average energy per bond is just half this 
number, i.e. 0.96 eV for FeSi and 0.2 eV for CoSi. 
With two out of three bonds broken at the e-MSi/Si 
interface, the cohesive energy loss amounts to two 
thirds of these numbers, i.e. approximately 0.66 eV 
per formula unit in FeSi and 0.13 eV for CoSi. At 
the CsCl(MSi)/Si interface no bonds are broken, so 
we may set the cohesive energy loss to zero. The 
numbers just derived may be used to correct the total 
energy curves for the contribution of the interface in 
the monolayer limit. This has been done on the left 
panel of Fig. 5, where the lowest curves (filled 
circles) correspond to the energy of the e-phase 
without the interface contribution, while the open 
circles show the energy with the interface part in- 
cluded. As is evident from the figure, the interface 
contribution is substantial in the case of FeSi. It is 
even large enough to reverse the order of stability of 
the CsCl- and the e-phase, such that (CsCl)FeSi is 
expected to be thermodynamically stable in the 
monolayer limit. With increasing thickness h the 
contribution of the interface to the energy per for- 
mula unit will decrease as \/h, while the energy of 
the CsCl-phase remains constant as long as the cor- 
responding interface remains coherent. The energy 
curves plotted as a function of h are therefore ex- 
pected to cross at some critical value Hc (right hand 
side of Fig. 5). This is hence the thickness at which 
we expect the phase transition to the bulk stable 
phase to occur, unless it is kinetically hindered. 
Experimentally, the transition was indeed found to 
be absent even for the thickest films synthesized at 
RT (nearly 1000 A [33]). At such a film thickness 
the interface contribution to the total energy can 
clearly no longer play a role, such that the material is 
definitely in a metastable state. By studying the 
thermal stability as a function of the film thickness, 
we were in fact able to deduce an experimental value 
of Hc~\5 A for the stability limit [51]. When 
speaking about stability in this context, we mean that 
the (CsCl)FeSi phase is more stable than the bulk 
stable e-phase below a thickness of Hc. In practice it 
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has to be born in mind of course that the suicide is 
always in contact with a large reservoir of Si, such 
that below Hc the stoichiometry evolves towards that 
of FeSi2 upon annealing instead of staying constant 
[14]. Finally, it should be pointed out, that, according 
to Fig. 5, (CsCl)CoSi is never expected to be the 
lowest energy phase, even in the monolayer limit. Its 
occurrence must therefore be attributed to kinetic 
factors. This is in accordance with the lower transi- 
tion temperature observed for this material, com- 
pared with the Fe silicide case. Thus close to Hc 

FeSi was found to transform around 300°C, whereas 
all CoSi films investigated seemed to undergo the 
phase transition around 200°C already. As the mono- 
layer range is approached, it becomes increasingly 
difficult to identify the phase, however, so that we 
cannot tell for sure whether Hc is really zero for 
CoSi. The observation that the evolution of phases 
depends on details of the growth procedure for the 
more Si-rich CoSi2, is a clear hint that kinetics play 
the decisive role here as well. A more detailed 
understanding of the intriguing problem of nucleat- 
ing either the CsCl defect phase or the CaF2 phase 
will have to await further experimental and theoreti- 
cal work. 

4. Conclusions 

Recent studies on the epitaxial growth on Si(lll) 
of those Fe and Co silicides, which are unstable or 
metastable in bulk form, have revealed unexpected 
similarities between these two material systems. Most 
significantly, in the stoichiometry range between MSi 
and MSi2, with M = Fe, Co, both may occur with 
the CsCl-structure or with a structure closely related 
to it, where vacancies are randomly formed on the 
metal sites. The occurrence of these epitaxial phases 
is found to be a pure interface phenomenon, since 
their total energies, neglecting the interface, are un- 
favourably large, compared with their bulk stable 
counterparts. For FeSi the contribution of the inter- 
face to the energy is even large enough to render the 
CsCl-phase more stable than the bulk phase, e-FeSi, 
as long as films are below a critical thickness Hc ~ 15 
A. In the case of the CoSi, however, the e-phase 
remains more stable at all thicknesses, despite of its 
higher interfacial energy. The occurrence of CoSi2 

with the CsCl defect structure appears to be equally 
governed by kinetic phenomena. Here, however, the 
situation is less clear and will require more work, 
both theoretical and experimental. 
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Abstract 

This paper reports on the surface structure of Ni-induced '1 X 1' on Si(lll) and the dynamical nickel suicide formation 
observed by scanning tunneling microscopy (STM). The '1X1' surface consists of Si adatoms and two kinds of 
ring-clusters. The silicon adatoms form the local structure of 2 X 2 or c(4 X 2). One of the ring-clusters is found to form the 
well-known }fl9 X y[\9 structure. The other ring-cluster is observed to be smaller and brighter than the former ones, and 
forms a local y7 X V7 arrangement. The latter ring structure has never been reported yet. Islands of nickel silicide are 
formed after annealing the Ni-covered surface at elevated temperature. The surfaces of the islands show ]/3 X vT and 2X2 
periodicity for annealing temperatures of 400°C and 600°C, respectively. The transformation of the island structure seems to 
proceed through nickel diffusion from the surface into the bulk. 

1. Introduction 

It has been well known that a small amount of 
nickel causes a structural change to the silicon sur- 
face. One of the examples is a famous {\9 X ^[\9 
structure [1]. Its atomic structure has been investi- 
gated by many techniques such as scanning tunnel- 
ing microscopy [2] and diffraction methods [3-5], 
and some plausible structure models have been pro- 
posed [2,3]. However, its atomic configuration in- 
cluding the formation process remains unclear. Ac- 
cording to the LEED study [3-5], a diffused '1X1' 

Corresponding author. 

structure appears as a precursor of v 19 X y 19. Then 
the investigation of the '1 X 1' phase is indispens- 
able in order to know precisely the atomic configura- 
tion of -/\9 X ]/\9. However, the atomic geometry 
of the 'lXl' structure has so far received few 
attention because of a lack of appropriate techniques 
to observe the local structure. 

Nickel is also known for its high diffusion coeffi- 
cient in the silicon bulk crystal. Nickel atoms on the 
surface diffuse into the bulk during annealing, and 
some of them come back on the surface during 
cooling [3]. 

In this paper, firstly, we present a structural study 
of nickel-induced '1 X 1' on the Si(lll) surface by 
scanning tunneling microscopy (STM). It is found 
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that the surface consists of Si adatoms and two types 
of Ni-related ring-clusters. One of the ring-cluster is 
related to the well-known yl9 X yl9 structure. The 
other ring-cluster is a precursory structure of vl9 
X J\9, and forms a new structure /jx// locally. 
Secondly, a dynamical formation process of the 
nickel silicide has been presented. At 400CC anneal- 
ing, it shows V^" X V3 periodicity, while at 600°C, it 
shows 2X2 structure. The change in the periodicity 
might be related to the process of nickel diffusion 
from the surface into the bulk. 

2. Experimental 

The specimen we used in this study was cut from 
a Si(lll) wafer of 0.1-1 fl cm. After ultrasonic 
cleaning in acetone, it was introduced into the vac- 
uum chamber (< 2 X 10"8 Pa) and prebaked at ~ 
500°C overnight. Finally it was flashed at 1200°C to 
obtain a clean Si(l 11)-7 X 7 surface. Nickel of 99.9% 
purity was deposited on the clean surface at room 
temperature. Then the sample was annealed at ele- 
vated temperatures. The STM measurements were 
performed in constant current mode using an electro- 
chemically sharpened tungsten tip. 

3. Results and discussion 

3.1. 7X7' structure 

v--;. 

pfek^Ä Ji^life^iÄ''     Ä^^*
J
SäJ*L, ,%*M-4Sfe*iä,!-ä-   äl^r.-*;„.. 

Fig. 1. 

Fig. 2 shows an STM image of the surface after 
annealing at 800°C obtained at a sample bias of + 2 
V and a constant current of 0.20 nA. The Si-7 X 7 
domains and disordered regions due to Ni reaction 
coexist on the surface. The former and the latter are 
located at the higher and lower terrace of the surface 
step, respectively. The Ni-induced domains face the 
faulted halves of the 7 X 7 domain at the boundary, 
as was reported for the domain structure of 
Al/Si(lll) [9]. The nickel-induced domain shows 
complicated features, consisting of two kinds of 
ring-like clusters (B and C) and atom-like dots (A). 

Fig. 1 shows the surface after deposition of sub- 
monolayer nickel at room temperature. The sample 
bias is —2 V at a constant current of 0.20 nA. 
Brightly observed Ni atoms form clusters and adsorb 
preferentially on the faulted halves of the 7 X 7 DAS 
structure, and most of them are located at the rest 
atom sites. At this temperature and at this low cover- 
age, the 7 X 7 structure seems to be fully retained. 
Similar preferential adsorption on the faulted halves 
was reported for Cu/Si(l 11) [6] and Ag/Si(l 11) [7]. 
This is because the faulted half has a larger charge 
density on the surface than the unfaulted half, and 
among the surface atoms the restatom has the largest 
charge density because of charge transfer from 
neighboring adatoms [8]. Fig. 2. 
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We consider this structure to be corresponding to the 
'1X1' structure as observed previously by LEED 
[3-5], since each species distributes randomly in the 
domain, producing the 1 X 1 LEED pattern diffracted 
from the underlying Si(lll) substrate. On the as- 
sumption that the structure of the underlying silicon 
substrate changes from DAS to ideal 1 X 1 upon Ni 
reaction, we get insight into the local atomic arrange- 
ment of the observed structure. The atom-like dots A 
are located at T4 sites and form local arrangements 
such as 2 X 2 and c(4 X 2). The same surface recon- 
structions have been reported for the silicon surface 
prepared by laser annealing [10] and higher tempera- 
ture annealing at 1300°C [11]. In addition, their size, 
shape and the bias dependence of the image are very 
similar to the Si adatoms of Si(l 11)-7 X 7. Hence the 
dots A can be assigned to Si atoms adsorbed on the 
T4 sites. 

In contrast, the ring-clusters B and C are related 
to the impinging Ni atoms because the density of 
ring-clusters increases with the amount of evaporated 
Ni atoms. As shown in Fig. 2, the rings B are 
imaged larger in size and darker in contrast than the 
rings C. It is found that at both bias polarities the 
ring B is imaged 0.03 nm higher and the ring C is 
0.07 nm lower, relative to the Si adatom A. More- 
over, the centers of B and C are located at H3 sites 
and ontop sites, respectively. Fig. 3 shows an STM 
image of another sample area of the Ni-induced 

..4&   ft>4* 
Fig. 3. 

'1 X 1' surface, obtained at a sample voltage of 
- 0.94 V and a tunneling current of 0.2 nA. In this 
filled-state image, both the rings B and C split into 
three balls. In addition, it is found that the rings B 
and C form a short-range order of Vl9~ X )fl9-R23A° 
and V7 X /7~-R19.10. The ring B is responsible for 
the well-known 4\9 structure, since when we in- 
crease the amount of Ni the rings B are close-packed 
over all the surface and show the J\9 X \/T9 struc- 
ture. 

Although the /TO" X /TO" structure has been ex- 
tensively studied so far, the atomic geometry is still 
controversial. Wilson and Chiang proposed an atomic 
model for the VT9 X ]fl9 structure based on STM 
observations of /19 covered surfaces, where a Ni 
atom is located in the sixfold hollow site between the 
first and second Si layers and six Si adatoms are 
surrounding the Ni atom [2]. Another model was 
proposed by Ichinokawa et al. based on the LEED 
and AES measurements. Their model is a structure 
of NiSi2 clusters composed of three Ni atoms em- 
bedded in each in the topmost layers of Si(lll) [3]. 
In this situation, the center of the ring is located at 
the ontop sites. Our STM result reveals that the 
center position of the rings B is located at hollow 
sites, which supports the former model and excludes 
the latter model. 

As for the rings C, we observe that it forms a 
local structure of /7 X /7~, while some of the rings 
do not form complete unit cells of v7 X v/■ This is 
the first observation of /7 X /7 on the Ni/Si(lll) 
surface. A^7Xi/7 reconstruction was reported for 
the Co/Si(l 11) surface [12], which system also forms 
a silicide. The STM observation of the Si(l 11)- /7 X 
vT-Co revealed similar ring-cluster structures to the 
rings C, although the dependence of tunneling bias 
voltage on the STM image is slightly different. We 
didn't see ball-like structures at any tunneling volt- 
age, as was observed on the filled state image of the 
Co-/7" X ]/T structure. However, we consider that 
the atomic structure of the ring C can be explained 
by the same one as that proposed for Co-v7 X y7 , 
as shown in Fig. 4. In this figure, Ni atoms are 
located at lattice points of the framed /7 X /7 unit 
mesh, around which 6 Si adatoms are situated. Three 
of the six adatoms are situated higher than the others, 
and produce threefold maxima in the filled-state 
image. The Ni atom lies deeper than the silicon 
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o Ni atom 

First layer Si atom 

Second layer Si atom 

Si adatom 

Fig. 4. 

adatoms and seems difficult to be probed by the 
STM tip. 

3.2. Formation of nickel islands 

Fig. 5 shows an STM image after deposition 
above 1 ML at room temperature. The tunneling bias 
is +2 V and the current is 0.20 nA. Ni clusters 
adsorb preferentially on the center part of the half 
units of Si-7 X 7. Although the 7 X 7 units are still 

Fig. 5. 

Fig. 6. 

observed, a few of them are somewhat destroyed. 
This suggests that, at this coverage, Ni reaction 
already causes some structural change to the Si 
substrate even at room temperature. 

When the surface is annealed at elevated tempera- 
ture, the reaction proceeds to create the unique island 
structures. Fig. 6 shows an STM image after anneal- 
ing at 400°C. The sample voltage is - 2 V and the 
current is 0.20 nA. The islands are observed here and 
there, surrounded by the disordered ]f\9 X ]fl9 do- 
mains (ring B). The islands have no distinct shape 
but the atom-like dots are clearly observed inside it, 
showing )/3 X \/3"-R30 structure. Higher tempera- 
ture annealing to 600°C causes dynamical transfor- 
mation of the island structures. The size of the island 
becomes bigger, and the surface shows the 2X2 
structure. Neither surface structure has been reported 
so far. When the surface is annealed at 1000°C, the 
islands disappear and the 7X7 structure appears 
again showing the surface like Fig. 2. This indicates 
that in the process of annealing Ni atoms diffuse 
from the surface into the bulk. Then the transforma- 
tion of the island is considered to be related with Ni 
diffusion from the surface. Detailed analysis on the 
atomic models is in progress. 

4. Conclusion 

We have investigated the  surface structure of 
Ni-induced '1 X 1' on the Si(lll) by scanning tun- 
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neling microscopy. STM images of the Ni-induced 
'1 X 1' shows complicated features consisting of Si 
adatoms and two types of ring-clusters including Ni 
atoms. One ring-cluster (B) is imaged larger in size 
and darker in contrast than the other one (C). Further 
investigation of the coexisting area of '1 X 1' and 
Si-7 X 7 shows that the centers of the ring-clusters B 
and C are located at H3 and ontop sites of the 
underlying Si substrate, respectively. In addition, the 
rings B and C are observed to form ]fl9 X -/\9 and 
]/l X ]/l structure, respectively. The latter super- 
structure is observed for the first time. A possible 
structural model for the ff X V7 is proposed. 

Annealing the Ni-covered surface causes the for- 
mation of the islands. The surface shows the v3 
X yT and 2X2 structure for annealing temperatures 
of 400°C and 600°C, respectively. The transforma- 
tion of the surface structure can be related to the Ni 
diffusion from the surface into the bulk upon anneal- 
ing. 
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Abstract 

Interfacial reaction sequences of a Ti/Ni diffusion couple on Si were studied by cross-sectional TEM. At all stages of 
temperature treatment an amorphous interlayer was observed. There is a small window of annealing parameters where 
epitaxial growth of disconnected NiSi2 islands can be obtained. By further annealing NiSi forms. Principal component 
analysis (PCA) based AES depth profiling confirms these findings. High energy RBS with N4+ ions was successfully 
applied to study the interdiffusion processes taking place in the whole Ag/Ni/Ti metal multilayer system. 

1. Introduction 

Metallization schemes involving the formation of 
uniform submicron-size contact layers on silicon are 
of increasing significance for future silicon technol- 
ogy. So, epitaxially growing metal and silicide layers 
could be the ideal structure [1,2]. However, conven- 
tional formation of epitaxial suicides requires MBE 
preparation or implantation techniques. The key 
points are low deposition rate and ultraclean condi- 
tions. These layers have been intensively investi- 
gated since 1980 (e.g. [3] and references therein). 

It is of fundamental interest to predict and control 
material reactions. Obviously, by proper selection of 

* Corresponding author. Tel.: +49-30-67053360; fax: + 49-30- 
67053333; e-mail: fenske@hmi.de. 

the reacting components, reaction paths and products 
can be influenced when modifying atomic diffusivi- 
ties and interface reactivities. By exploring for alter- 
native growing methods for suicides promising re- 
sults have been obtained with bilayer systems, re- 
cently [4-8]. These methods use an intercalated thin 
Ti layer which controls the reaction between the 
silicide forming upper layer and Si. Similar results 
were reported for the NiCr/Si system, where a thin 
diffusion controlling amorphous interlayer forms 
during the reaction heat treatment [9]. Silicon reac- 
tions with alloys or multisandwich structures are also 
under discussion for producing shallow contacts 
[10,2]. 

This work describes detailed microstructural in- 
vestigations of the interfacial reactions in a Ni/Ti 
bilayer system on c-Si. The purpose is to clarify the 
solid-state reaction chain by analytical methods. 

0169-4332/96/S15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
PII S0169-4332(96)00147-X 
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2. Experimental 

The phosphorus doped Si(lll) samples were 
cleaned by a standard wet process, immediately be- 
fore they were loaded into the sputter deposition 
chamber, an HF dip was performed. The sequential 
deposition of first 50 nm Ti, then at least 200 nm Ni 
and, finally, an Ag top layer of more than 200 nm 
onto the unheated substrates was carried out by dc 
magnetron sputtering with 15Wcm"2 target power 
density in a commercial bell jar system. After evacu- 
ating to the base pressure of 2 X 10"4 Pa the cham- 
ber was backfilled with Ar to 0.5 Pa and the targets 
were presputter cleaned. Isochronal annealings were 
performed between 300 and 550°C in a conventional 
quartz tube furnace under forming gas atmosphere. 

Cross-sectional transmission electron microscopy 
(XTEM) was performed with a Philips CM 20 FEG 
to get microstructural information of interfacial reac- 
tions after etching away the upper Ag layer and the 
remaining unreacted Ni layer [11]. EDX analysis was 
carried out by means of a Voyager EDX system 
from Tracor Europa with an Explorer Ge-detector. 
AES depth profiles on the same samples were 
recorded on a PHI 590 spectrometer with the ana- 
lyzer running in the differentiated mode. 19 MeV 
high energy 15N4+ Rutherford backscattering was 
carried out with the beam of the CN injector at the 
Hahn-Meitner-Institut Berlin ion beam facilities. 

3. Results and discussion 

3.1. High energy RBS measurements 

14U0 

1200   as-sputtered                  Li 

1000 
  450 °C, 30 min (x0.9) fm 

■a  800 
01 
>-  600 IA - 

400 Si           Ti    /'    1  Ni Ag 

200 L AJ I    J 
0 , , 

10 

Energy (MeV) 

Fig. 1. High energy RBS spectra of the as-sputtered system and 
after annealing at 450°C for 30 min, recorded with 19 MeV 
"N4+ ions (backscattering angle 165°). 

Ag film during the annealing. Interface reactions 
with the Si substrate are not so well resolved by RBS 
with the higher mass projectile N4+. A detailed 
description of our findings will be published else- 
where. 

3.2. Cross-sectional TEM investigations 

Cross-sectional micrographs are made of the sili- 
con interface region to reveal interfacial reactions of 
silicide growth. For the as-deposited sample we also 
find an amorphous interlayer between the Ti layer 
and the c-Si substrate, in accordance with [14]. The 
detection of a-interlayers in solid-state reacted sys- 
tems has created much interest. Overviews on 
metal/a-Si and metal/c-Si reactions have been given 
in [15,16]. From the HRTEM lattice image in Fig. 2 
we estimated the a-interlayer thickness to be in the 
order of 1-2 nm, which corresponds to 3-6 atomic 

Ion beam backscattering spectra of the as-de- 
posited and annealed samples are shown in Fig. 1. 
These investigations give evidence of the interac- 
tions in the Ag/Ni/Ti multilayer metal system. For 
the as-sputtered sample the component peaks are 
clearly separated and permit the determination of the 
metal single layer thickness to be 350 nm Ag, 190 
nm Ni and 50 nm Ti. After the temperature treatment 
(450°C, 30 min), the interaction in the Ni-Ti diffu- 
sion couple is indicated, whereas the Ag layer does 
not change the shape, as expected [11]. The weak tail 
is due to a small degree of interface roughness, 
possibly caused by recrystallization processes in the 

10 nm 

Ti 

■ a-interl. 

Si(lll) 

Fig. 2. High resolution lattice image from the Ti/Si interface of 
the as-sputtered system. 
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planes with a lattice constant of 0.313 nm for the 
Si(lll). It has been shown, that the thickness of the 
built-up a-interlayers in as-deposited systems de- 
pends on the free energy of mixing, particularly on 
the electronegativity of the constituents, on their 
crystallinity and on the substrate surface preparation 
[15-17]. Following the argumentation of Clemens 
[15] for layer growth one has also to consider the 
type of deposition method, because in systems with a 
negative heat of mixing layer growth by species with 
high surface mobility will result in improved inter- 
face sharpness. Therefore, for sputtered Ti layers on 
Si, being systems with a relatively high heat of 
mixing [18], one would expect thinner a-interlayers 
than for thermally evaporated films. Additionally, 
interface contamination will probably influence this 
process of a-interlayer formation. By AES we de- 
tected in our samples at the Ti/Si interface small 
levels of C and O, which originate from residues of 
the chemical cleaning procedure and air adsorbates 
[11]. From these results and from published data 
[14-16] we conclude that this a-interlayer contains 
mainly Ti and Si with small amounts of oxygen and 
carbon, whereas Si is the dominant diffusion species 
at this time. Because of the difference in heat of 
formation for Ti02 (- 87.2 kcal/mol) and for Si02 

(-68.5 kcal/mol) [19] the oxygen in the a-layer is 
bonded to Ti. For increasing annealing temperature 
our studies revealed an a-interlayer growth asymptot- 
ically to a thickness of about 10-15 nm. 

There are small intervals of the annealing parame- 
ters temperature and time, where epitaxial silicide 
growth can be obtained. Depending on the tempera- 
ture, in the range between 450-500°C for an anneal- 
ing time of 15 min or longer, Ni has penetrated both 
the Ti layer and the a-interlayer and starts to react 
with the underlying Si(lll) to form silicide. From 
Fig. 3 epitaxial growth of disconnected silicide is- 
lands with atomically sharp interfaces can be ob- 
served. By EDX analysis we revealed the existence 
of NiSi2 (large grain) and of NiSi (dark spots). By 
means of XTEM studies on different samples it was 
verified, that NiSi starts to grow probably inside the 
NiSi2 grains. At this stage of interface reaction NiSi 
is not detected in all NiSi2 grains. Further annealing 
leads to the formation of a continuous NiSi layer 
with an undulated interface to Si (see Fig. 4). This 
figure of a Si02 contact window also clearly demon- 

.r    • 

100 nm 

- TiNi3 

• a-interl. 

-Si(lll) 

Fig. 3. XTEM image of the Si interface region after annealing at 
475°C for 15 min. 

strates the lateral NiSi growth. In this temperature 
range Ni becomes the dominant moving species, 
whereas the a-interlayer has been preserved. At tem- 
peratures higher than 525°C Si starts to penetrate the 
metal system [11]. 

AES depth profiling was performed on 2 selected 
samples. To avoid uncertainties caused by the matrix 
dependence of Auger sensitivity factors, principal 
component analysis (PCA) [12] rather than conven- 
tional quantitative AES was applied to detect the 
silicon compounds near the Si substrate up to the 
a-interlayer. This method has been modified to get 
more reliable results with respect to the number of 
chemical compounds and their depth distribution [13]. 
Fig. 5(a) and Fig. 6(a) show the AES peak height 
profiles (broken lines) and the depth distribution of 
silicon compounds obtained by PCA (solid lines) of 
the samples annealed at 450°C for 30 min and 45 
min, respectively. The AES spectra evaluation by the 
modified PCA method confirms our results from 

TiNi3 

Si02 

a-interl. 

NiSi 

Si(lll) 

100 nm 

Fig. 4. XTEM micrograph of a SiO, contact window after anneal- 
ing the system at 475°C for 60 min. 
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XTEM investigations, where first NiSi2 forms and 
then NiSi starts to grow. For comparison, XTEM 
micrographs of the same samples are shown in Fig. 
5(b) and Fig. 6(b). A compound analysis by this 
method of the a-interlayer and of the Ni-Ti inter- 
metallics is in progress. 

Published data on suicide growth with different 
systems suggest that the kinetic effects mainly deter- 
mine the sequence of compound formation [20]. For 
a Ni-Ti alloy there is no driving force to react with 
Si [21] until, at higher temperatures Si starts to 
diffuse into the alloy forming ternary silicides [22]. 
Therefore, in our case of a Ni/Ti bilayer system 
with Ni excess we assume a Ni diffusion from the Ni 
layer (source) through the intermetallic and the a-in- 
terlayer to the silicon. The velocity of Ni diffusion 
front motion previously determined to be about 0.5 
A/s [11] is as low as the Ni deposition rate by MBE 
techniques for preparing NiSi2 by direct reaction 
[23]. The results concerning epitaxial silicide islands 
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Fig. 6. (a) AES depth profile after annealing at 450°C for 45 min. 
Silicon compound distribution is shown by the continuous lines, 
(b) XTEM image. 

growth are strikingly similar. Instead of forming first 
metal rich nickel silicide phases as it is the rule for 
conventional Ni thin film interaction with Si [24] 
NiSi 2 starts to grow. First data of investigations on 
the cause of silicide nucleation sites have been re- 
ported recently [23,25]. The nature of the NiSi2 

nucleation mechanism cannot be deduced from our 
data. The NiSi probably starts to grow inside the 
NiSi 2 grains by subsequent delivery of Ni and prob- 
ably will consume all the disilicide at high annealing 
temperatures. The process of thermally induced NiSi2 

dissociation in contact with Ni was studied by Hung 
et al. in a Ni-Si system without an intercalated Ti 
layer [26]. Further slowing down of the Ni delivery 
rate will probably promote the NiSi2 growth and 
suppress the beginning of the undesirable metal rich 
NiSi phase. 

";'■ <-si(in) 

Fig. 5. (a) AES depth profile after annealing at 450°C for 30 min. 
Silicon compound distribution from the PCA analysis is shown by 
the continuous lines, (b) XTEM image. 

4. Conclusions 

High energy RBS, cross-sectional TEM and PCA 
based AES resulted in a more detailed description of 
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the interdiffusion and solid-state reaction processes 
in metal multilayer systems on Si. Our results on a 
Ni/Ti bilayer system on Si illustrate the significance 
of kinetics as the limiting factor for the compound 
formation sequence. On the other hand, the ultimate 
complexity of interaction processes in this multicom- 
ponent system has been demonstrated. Further work 
has to be done to clarify the initial stages of silicide 
growth. This will contribute to improve laterally 
homogeneous epitaxial silicide contacts which can 
be created in a simple manner by metal bilayer 
systems on Si. 
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Abstract 

Scanning tunneling spectroscopy (STS) measurements have been performed on Si(lllX2v^ X 2\/3)30°-Sn surface. 
Tunneling spectral analysis of the energy of the surface states around the Fermi-level (£f) indicates two filled and two 
empty states straddling Ef, showing a ~ 1.6 eV surface bandgap. As part of the identification of these surface states, STS 
spectra were also taken on a coexisting well-known ^Xi& surface, and the intrinsic nature of these surface states is 
discussed. 

1. Introduction 

The (2V3 X 2v3 )30° structure is one of two ma- 
jor surface reconstructions group-IV Sn displays on 
Si(lll) [1]. (Hereafter, we simply denote this struc- 
ture as 2y3 .) The atomic geometry and electronic 
structure of this surface reconstruction have been 
previously studied by various surface science tools 
[1-9]. However, there is still lot of controversy. 
Typically, photoemission studies by Kinoshita et al. 
[3] show that this surface exhibits a semiconductor 
character with at least two filled and one empty 
surface states located about the Fermi-level (E{); 
while the results from the same studies by Griffiths 
et al. [8] show uncertainties of this nonmetallic as- 
pect. As to the atomic geometries of this 2\/3~ phase, 
several different atomic structural models have been 
proposed based on different theoretical and experi- 
mental approaches. Using scanning tunneling mi- 
croscopy (STM) results [4-6], Tornevik et al. have 
introduced   the   first   three-dimensional   structural 

model for this phase. Later, Griffiths et al. [8] have 
calculated this model using the self-consistent tight- 
bonding method in the extended Huckel approxima- 
tion, and a slight disagreement has led them to 
modify this model. Recently, Levermann et al. [9] 
have conducted surface X-ray diffraction (SXRD) 
studies on the 2\/3~ surface and the results are in 
contradiction with these previous two models. 

In this paper, we report our scanning tunneling 
spectroscopy (STS) results on the l-fi surface re- 
construction. Leaving out the more controversial 
atomic structural models, we focus on the surface 
electronic states and the Fermi-level position in the 
surface-state band structure which are not well ad- 
dressed in previous studies. We also compare the 2 A/3 

STS spectra with these taken on a coexisting well- 
known IM X\/3 surface so as to possibly explore 
the origins of the 2\/3~ surface electronic states. This 
will be helpful in the understanding of the atomic 
geometric structures of this 2;/3~ surface. (Hereafter, 
we simply denote the ]/3 X 1/3 structure as \/3~\) 

0169-4332/96/$15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
PII S0169-4332(96)00148-l 
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2. Experimental 

All experiments were performed in an ultrahigh 
vacuum chamber with a base pressure 2X 10"'° 
Torr and equipped with an STM. Commercial n-type 
Si(l 11) samples were used, which have been cleaned 
and checked with STM. Keeping the sample at either 
~ 400°C or room-temperature (RT), tin was resis- 
tively evaporated from an evaporator. The metal flux 
was monitored by a crystal thickness monitor. The 
typical rate was 0.1 ML/min, where one monolayer 
(ML) is defined as 7.84 X 1014/cm2. A 2/3 and /3 
surface was obtained by annealing 0.5-1.3 ML of Sn 
to 350-500°C. STS measurements on several sam- 
ples with different tips were averaged to eliminate 
tip-induced effects. All STM and STS measurements 
were taken at RT. 

3. Results and discussion 

Fig. 1(a) is an empty-state topographic image 
(240 X 240 A), showing a 2/3 and a vT structural 
domain separated by a curved step-edge. The bottom 
section of this image shows the /3~ structure on a 
lower terrace; while the rest section is the 2V3 phase 
on a higher terrace, as they are labeled, respectively. 
In this empty-state image, on 2/3~ terrace two types 

W Tfe- v - 

■ >V- v :'l 

.    •    * 
Fig. I. An empty-state image shows 2y3 X2y3 area and an 
adjacent y/J X v^ area separated by a curved step-edge (/ = I. I 
nA, V=l.O V). 

of features are seen, with each of them having 
pairing structures. This is the same as that observed 
previously [5,6]. On the /3" area, a small amount of 
surface defects (black areas) induced by missing Sn 
atoms are observed. 

Along [772] direction at a partial step-edge, a 
distinctly structured domain-boundary separates the 
/3~ and 2/3" terraces; while roughly along a 45° 
angle away from [772] direction, a domain-boundary 
at the step-edge separating these two terraces is not 
seen with any ordered structure. The height of the 
step-edge in this empty-state image is measured to 
be l .2 A. The structured domain boundary only seen 
along [772] direction separating the /3~ and the 2V3 
terraces might function as to relieve the stronger 
surface strain arising from these two surface struc- 
tures especially along [HO] direction. The same ef- 
fects of the domain boundary on the surface have 
been reported in several other studies [I0,l ]]. 

To understand well the electronic properties of 
2/3 surface, we measure the electronic structures of 
the 2/3~ and the adjacent /3~ domain with STS. Fig. 
2 shows two sets of I-V curves (solid lines), differ- 
ential I-V curves (d//dV) (dash-dot lines), and 
normalized differential I-V curves (d//dV-V//) 
(dashed lines), averaged on both structural areas, 
respectively, where we normalize the differential 
I-V curves in a mode as suggested by Feenstra [12]. 
Curves in Fig. 2(a) are associated with the /T area 
and curves in (b) with the 2/3" area. The STS I-V 
measurements were taken with the feedback loop 
stabilized around +2.0 V. In the normalized I-V 
curves, the energy of the surface states is measured 
by the sample voltage relative to the Fermi level at 0 
V. 

We start with the well-known V3 surface. Nor- 
malized curve in (a) shows four surface states on 
filled-state and two on empty-state side. Like the 
Si(l 1 l)-simple metal (Al, Ga, In), the Si(l 11)/3-Sn 
surface has been shown to be simply composed of 
Sn atoms preferentially residing at the T4 sites on the 
ideal SKI 11) surface [3-8,13-15]. Fig. 3 shows /J 
surface atomic structural model of T4 sites, with (a) 
top view and (b) cross-section view. Each Sn adatom 
covalently bonds to the underlying Si three half-filled 
p_-like sp3  hybridized dangling bonds, producing 
two occupied surface states S2 (at 1.2 eV) and 
S3 (at 1.8 eV) due to the Sn adatom pv v-like 
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Fig. 2. STS /- V spectra taken on (aJv'Jxi^ and (b) 2^3" X iji 
surface area (see text for details). 

sp3 hybridized orbitals interacting with the Si adatom 
p_-like orbitals. It's not quite clear about the origins 
of a surface state (S4) located at 2.5 eV. A 
surface state with the same energetic position has 
been reported by Becker et al. [16] on the clean 

o 
Sn 

© 

1st layer Si 

2nd layer Si 

(a) 

(b) 

Fig. 3. A V3 X V3 atomic structural model, with (a) top-view and 
(b) cross-section view. 

Si(l 11) 7X7 surface, and it is assigned to be de- 
rived from the stacking-fault structures on the sur- 
face. 

Unlike the empty p_-like orbitals on the simple 
metal atoms, one more valence electron located in 
the p.-like sp3 hybridized orbital on the Sn adatoms 
at the T4 sites shows an unbonded dangling-bond 
state, and this half-filled bond produces the metallic 
surface states S, (at 0.5 eV) and U, (at ~ 0.4 
eV) crossing the Fermi-level (Et) [3,7,13], just like 
those on the clean Si(l 11)7X7 surface [17] and the 
Si(lll)\/3~-Si surface [18]. A small peak seen at 0 
eV position, we think, is due to the specific normal- 
ization procedure we used, representing a typical 
character of metallic surface. 

One unoccupied surface state U2 (at ~ 1.9 eV) 
above the £, represents an intrinsic contribution 
from the y^-Sn surface, and this intrinsic contribu- 
tion also overlaps with the surface states S2 and S3. 
The positions of these intrinsic surface states are 
consistent with those reported in photoemission stud- 
ies [3,8,13]. 

However, one issue we need to address is that, as 
previous STM studies shown [5], the surface behav- 
ior of Si(l 11) v^-Sn structure is quite dependent on 
both the metal coverage and the annealing tempera- 
ture. Specifically, annealing surface to higher tem- 
perature will produce a mosaic surface of Si atoms 
replacing the Sn surface atoms. This will signifi- 
cantly change the surface electronic properties. We 
will report the details of our STM and STS measure- 
ments on the changes of the surface electronic prop- 
erties with Sn coverage and the annealing tempera- 
ture in another publication. 

In curves Fig. 2(b) taken on the 2^-Sn area, on 
either side of the Fermi-level (E{) we see two occu- 
pied surface states and two unoccupied surface states, 
and these states are located about Ef, producing a 
surface bandgap. As marked by the surface valence- 
band maximum (£v) and conduction-band minimum 
(£c), the surface band gap is measured to be ~ 1.6 
eV. This indicates that the l4z structures exhibit a 
semiconducting a-Sn character. For comparison, in 
Fig. 4 we show schematic diagram of positions of 
surface states from photoemission results of Ki- 
noshita et al performed on Si(lll)2v/3~-Sn surface 
[3]. As one can see, the energetic positions of the 
surface states S',, S'2, UJ and U2 about the Ef seen in 
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Fig. 4. Schematics of photoemission results of Kinoshita et ai. on 

a2VJx2\/3~ surface. 

our STS I-V spectra are consistent with these of Ap 

A2, C,, and C2 observed in the photoemission stud- 
ies, except small shifts of the two filled surface 
states. Kinoshita et al. have not assigned these sur- 
face states to any particular origins in their studies. 

The surface states S', (at 1.0 eV) and U', (at 
~ 1.0 eV), we think, reflect the bonding and anti- 
bonding states arising from the Sn surface atoms 
themselves, since the same surface states are ob- 
served for Sn adatoms growing on a 7 X 7 recon- 
structed substrate Si surface at relatively high metal 
coverage [19], where covalent-like bonding formed 
within the 7X7 ordered Sn clusters maintains the 
surface nonmetallic character which is initially in- 
duced by Sn half-filled pz-like sp3 hybridized Or- 
bitals covalently bonding to the underlying Si par- 
tially filled prlike sp3 hybrids and saturating these 
Si dangling-bonds. 

There is no convincing evidence to assign the 
surface states S'2 (at 2.0 eV) and U2 (at ~ 2.5 
eV) to the specific origins. As seen from the STS 
spectral curves in Fig. 2(a) and 2(b) taken respec- 
tively on the v^-Sn and the 2^-Sn surface, the 
surface state S'2 has the similar energetic positions as 
the surface state S3 and the state S3 is contributed 
from the interactions between the Sn and Si atoms as 
we mentioned above. So it might be reasonable that 
the bonding between the interfacial Sn atoms and the 
underlying Si atoms plays a major role in the appear- 
ance of the surface state S2, assuming that there is 
no intermixing between Sn and Si atoms [2,7] and 
that at least two layers of Sn atoms exist on the 
substrate Si surface for the 2v^ structure. A small 
energy shift from S3 to S2 possibly associates with 
the Sn atoms locating on different positions of the 
substrate Si atoms within /3~ and 2^3 surfaces. The 
surface state U2 might be derived from the substrate 
Si bulk structure. 

One more point we want to mention is that, as 

seen in the curve in Fig. 2(b), on the 2^3 surface the 
Fermi-level position is located within a wide surface 
bandgap between the occupied and unoccupied sur- 
face states, which is ~ 0.8 eV above the top of 
surface valence band. These surface states derived 
from the ordered 2^3 -Sn overlayer themselves are 
not sufficient to pin the surface Fermi-level [20]. We 
find that the surface states arising from the edges of 
2^1 terrace or the surface defects induced by miss- 
ing Sn atoms possibly serve to determine the surface 
Fermi-level position, as will be discussed elsewhere. 

4. Conclusion 

In summary, scanning tunneling spectroscopy 
(STS) is used to examine the Si(l 11X2^3 X 
2v^)R30°-Sn surface. STS measurements show two 
occupied and two unoccupied surface states located 
about the Fermi-level (£f), producing a ~ 1.6 eV 
surface bandgap. An analysis indicates that the cova- 
lent-like bonding within the Sn atoms determines the 
top and bottom positions of surface valence and 
conduction bands. Compared with the STS spectra 
taken on a coexisting (\/3 X v/3_)R30°-Sn surface, 
the intrinsic nature of the other 2^ X 2^ surface 
states is possibly explored. 
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Abstract 

The preparation technique of (100)GaAs surface with unpinned electronic properties is further developed in this work. It 
was proved that the unpinned behavior of the Fermi level and surface photovoltage on p-(100)GaAs surface was facilitated 
by the deposition of cesium. The surface preparation technique included removal of oxides in the solution of HC1 in 
isopropanol and transfer to a UHV set-up in nitrogen atmosphere. The variations of band bending and surface photovoltage 
were measured by means of photoreflectance spectroscopy after anneals at successively increasing temperatures. Without Cs 
deposition, the band bending varied only by 50-100 meV as the annealing temperature increased from 300 to 600°C. 
Deposition of a monolayer of Cs, followed by annealing at 400°C, caused a pronounced decrease of band bending. The 
evolution of surface photovoltage, which depends both on band bending and on the rates of capture and recombination of the 
photogenerated carriers on the surface, was more diverse and sensitive to the details of surface treatment. Possible 
mechanisms of cesium influence on the electronic properties of the surface are discussed. 

1. Introduction 

Control of band bending and other electronic 
properties of clean and adsorbate-covered surfaces of 
(100)GaAs is a challenging problem both for funda- 
mental surface science and applications. Results of 
recent studies show that the behavior of electronic 
properties of (100)GaAs surface may be diverse and 
depend on the type and level of doping, surface 
preparation technique and chemical nature of adsor- 
bates [1-8]. It was found by Chen et al. [1] and 
Vitomirov et al. [2] that the Fermi level on the 

Corresponding author. E-mail: alper@ispht.nsk.su. 

surface of (lOO)GaAs grown by molecular beam 
epitaxy and protected by arsenic cap layer was close 
to the midgap and almost independent of the decap- 
ping temperature. On the other hand, a possibility to 
obtain the surface of p-(100)GaAs with the Fermi 
level close to the valence-band maximum (corre- 
sponding to small values of band bending of about 
0.15-0.3 eV) was demonstrated by Yin et al. [3], 
Pashley et al. [4], and Glembocki et al. [5]. Deposi- 
tion of various metals on decapped GaAs surface led 
to considerable variations of the band bending, which 
correlate with adsorbate electronegativity [6]. 

Large reversible variations of the band bending 
and surface photovoltage were observed recently on 
p-(100)GaAs(Cs, O) interface under alternate deposi- 
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tion of Cs and 02 at room temperature [7]. This 
interface is of particular interest because of wide- 
spread usage of GaAs(Cs,0) negative electron affin- 
ity photocathodes. In Ref. [7] the surface of GaAs 
was prepared by removal of oxides in alcohol solu- 
tion of HC1 and transfer to UHV chamber under 
nitrogen atmosphere, followed by annealing in UHV 
at relatively low temperature T = 400°C. Moreover, 
even without annealing one could observe substantial 
variations of band bending after a few cycles of 
Cs-0 deposition [8]. This indicates that some kind 
of 'cleaning' of the surface from residual products of 
chemical treatment takes place during the first Cs-0 
cycles. 

The aim of the present paper is further develop- 
ment of the technique, which is based on the HC1 
chemical treatment under nitrogen atmosphere [9,10], 
for the preparation of clean p-(100)GaAs surface 
with desired electronic properties. First, by means of 
photoreflectance spectroscopy [3,5,7,8,11-13] we 
measured the band bending and surface photovoltage 
on p-(100)GaAs surface as a function of annealing 
temperature. The band bending varied with annealing 
temperature within a narrow range of 0.33-0.42 eV. 
Second, it was shown that the deposition of a mono- 
layer of Cs followed by further anneals facilitated a 
substantial decrease of the band bending down to 
0.22 eV. Along with the variations of the band 
bending, the variations of the surface photovoltage 
by about one order of magnitude were observed. 
Possible mechanisms of the Cs-facilitated unpinned 
behavior of surface electronic properties are dis- 
cussed. 

2. Experimental technique 

MBE-grown undoped/p+-GaAs structures (the 
so-called UP+ structures) used in this study are 
designed specially for precise determination of the 
surface electric field and band bending by photore- 
flectance spectroscopy [12,13]. A UP+ structure con- 
sists of a Be-doped QV = 2X 1018 cm"3) 1000 nm 
thick p+-GaAs layer grown on a p+-(100)GaAs sub- 
strate and a thin (dc= 100 nm) undoped i-GaAs cap 
layer with uniform electric field. 

The surface preparation technique [9,10] included 
removal of oxides in isopropyl-alcohol solution of 

HC1 and transfer to UHV chamber under nitrogen 
atmosphere without air contact. It was shown earlier 
by Auger electron spectroscopy [10] that after such 
treatment the surface was enriched with 1-2 mono- 
layers (ML) of arsenic and covered by submonolayer 
amount of chlorine and carbon-contained species, 
which could be removed by the heat cleaning of the 
sample in UHV at relatively low temperature T~ 
400°C. In this study 10 min or one hour anneals of 
the samples at successively increasing temperatures 
were performed by passing electric current through 
the sample. The dependence of sample temperature 
versus heating power was calibrated using the near- 
bandgap features in reflectance spectra [14]. 

A chopped pump beam of a He-Ne laser with the 
wavelength of 632.8 nm and a monochromatic probe 
beam produced by a halogen lamp and a grating 
monochromator were used for the measurements of 
photoreflectance (PR) spectra [11]. PR measurements 
were done at room temperature. Surface electric field 
Fs was determined by the Fourier analysis of 
Franz-Keldysh oscillations observed in PR spectra, 
with the random error being less than 1% [15]. The 
systematic error in Fs related to surface photovoltage 
[13] was estimated to be about 10% in the present 
experiments. The band bending <ps was calculated 
from the measured values of the surface field. The 
effect of penetration of free carriers from the buffer 
into cap layer was treated rigorously by numerically 
solving the Poisson equation. The result is presented 
in Fig. 1. It is seen that for small surface fields 
Fs < 2 X 104 V/cm this effect yields a diffusion 
potential step of about 0.1 V at the abrupt buffer cap 
interface and, therefore, should be taken into ac- 
count. The magnitude of the step also increases with 
increasing doping level of the p+ buffer layer. 

Among various electronic properties of semicon- 
ductor surfaces, the Fermi level position (or surface 
band bending), which is determined by the charge of 
equilibrium (majority) carriers captured on the sur- 
face, is studied most extensively. To create a com- 
plete picture of surface electronic processes, it is 
important also to study capture and recombination of 
nonequilibrium charged carriers. To this end, to- 
gether with the band bending we studied the evolu- 
tion of the modulated surface photovoltage (SPV), 
which reflects these nonequilibrium processes and 
determines the amplitude of photoreflectance signal 
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Fig. 1. Calculated band bending <ps versus surface electric field Fs 

for the UP+ structure. Dashed line shows a simple linear depen- 
dence <ps = Fsd+ kT that neglects a diffusion potential step at the 
cap layer-buffer layer interface. Solid curve is calculated rigor- 
ously according to Poisson equation and includes the potential 
step at the interface. The diffusion potential step is seen on the 
energy band diagram shown in the upper left insert. This diagram 
corresponds to <ps = 0.22 eV. The lower right insert shows a 
typical measured PR spectrum of a UP+ structure. 

A [16]. On a clean or adsorbate-covered surface of a 
semiconductor, SPV originates from the screening of 
surface field by free photoexcited charged carriers 
and from the charge of nonequilibrium (minority) 
carriers captured by the surface states. The magni- 
tude of the former contribution to SPV depends 
mainly on the band bending. The latter contribution 
to SPV depends also on the concentration and cap- 
ture cross-sections of the respective surface states. 
Little is known about the evolution of these states 
during surface preparation. Experimental data pre- 
sented in this paper show considerable variations of 
SPV and, thus, the parameters of surface states dur- 
ing surface preparation. However, further work 
should be done to analyze the data on surface photo- 
voltage quantitatively. 

3. Results and discussion 

3.1. The influence of annealing temperature on the 
band bending 

In Fig. 2 the dependences of the band bending 
and amplitude of photoreflectance on the tempera- 
ture of anneals of a UP+ structure are shown for two 
experiments with different duration of the anneals. 
For 10 min anneals the band bending   <ps   varied 

nonmonotonically within a narrow range of 0.33- 
0.42 eV, with a trend for the increase of <ps at 
annealing temperature T > 500°C. For one hour an- 
neals the variations of <ps were even smaller (within 
the range of 0.37-0.42 eV). It should be noted that 
the observed variations are well above the random 
error, which is below 10 meV for PR spectroscopy 
of UP+ structures. 

Small (within 0.1 eV) variation of ^>s with anneal- 
ing temperature is in accordance with the results 
obtained by Chen et al. [1] and Vitomirov et al. [2] 
on MBE-grown GaAs layers decapped from protec- 
tive As overlayer. However, we observed smaller 
mean values of the band bending of approximately 
0.4 eV, as compared to 0.65 eV observed in [1] and 
0.55 eV observed in [2]. 

In the same two experiments the amplitude A of 
photoreflectance varied by one order of magnitude 
(see the bottom of Fig. 2). One can see the tempera- 
ture regions where SPV and band bending variations 
correlate (at T < 500°C) and anti-correlate (at T > 
500°C) with each other. This shows complicated 
nature of the surface photo voltage. Despite the in- 
crease of band bending as T rises from 500 to 
600°C, surface photovoltage decreases in this tem- 
perature region. This decrease of SPV may be due to 
the variations of the concentrations or cross-sections 
of electron and hole surface traps, or due to the 
increase of surface recombination velocity. 

0.6 '     "       '              '              '              ' 
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Fig. 2. The dependence of surface band bending <ps (top) and 
amplitude of photoreflectance A (bottom) on the successively 
increasing temperature of 10 min (circles) and one hour (squares) 
anneals of a UP+ structure in UHV. The position of a point on 
the temperature scale denotes the temperature of the preceding 
anneal. 
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Fig. 3. The evolution of surface band bending <ps (top) and 
amplitude of photoreflectance A (bottom) measured under the 
experimental conditions similar to those used in the previous 
experiment (see Fig. 2), but with the deposition of a monolayer of 
Cs after preliminary anneal at 350°C (As-rich surface, circles) or 
550°C (Ga-rich surface, triangles). The evolution of <ps under the 
deposition of Cs is shown by vertical segments of the lines. For 
convenience of comparison the dependences for Ga-rich surface 
start from room temperature, although the surface was preliminary 
annealed at T = 550°C. 

3.2. Unpinned behavior of band bending facilitated 
by Cs deposition 

In the next experiment we tried to find out whether 
it is possible to enlarge the band bending excursions 
on HCl-prepared p-GaAs surface by combining an- 
neals and deposition of cesium adsorbate layers. 
After preliminary anneal at T = 350°C, a monolayer 
of cesium was deposited at room temperature. Then 
the surface was annealed for 10 min at successively 
increasing temperatures. The evolution of the band 
bending and photoreflectance amplitude is shown by 
circles in Fig. 3. In this experiment the initial value 
of band bending after HC1 treatment was larger by 
approximately 70 meV then the values presented in 
Fig. 2. It should be noted that before annealing the 
initial value of band bending on chemically prepared 
surfaces of p-doped GaAs varied from one experi- 
ment to another in the range of 0.30-0.45 eV due to 
some possible variations of the surface composition 
and stoichiometry. 

The deposition of Cs led to an increase of the 
band bending up to 0.56 eV, while subsequent an- 
neal at 400°C yielded substantial decrease of  (ps 

down to 0.22 eV. Comparing Fig. 2 and Fig. 3, one 
can see that such a low value of <ps could not be 
achieved by simple annealing. Further anneals at 
elevated temperatures led to cps = 0.38 eV for T- 
600°C. It is seen from the bottom of Fig. 3 that in the 
experiment with Cs deposition, PR amplitude varied 
by more than one order of magnitude and correlated 
with the band bending. 

The increase of <ps under Cs deposition agrees 
well with a donorlike character of Cs-induced sur- 
face states [7,17-20]. However, the effect of Cs-in- 
duced decrease of <ps after annealing is not yet fully 
understood. Similar effect was observed on MBE- 
grown p-(100)GaAs surface and explained by Cs-in- 
duced desorption of arsenic [21]. One can also sug- 
gest that cesium atoms are bonded to chlorine, oxy- 
gen and other species, which may be present on the 
surface after chemical treatment. Thus, the residual 
contaminations are either neutralized, or more easily 
removed under low temperature annealing. This 
'cesium cleaning' results in the surface with lower 
concentration of donor-like surface states, which are 
responsible for the band bending on p-type semicon- 
ductor surfaces. 

Cesium-facilitated decrease of the band bending 
observed in the present study is in accordance with 
the results obtained in Refs. [7,8]. In particular, in 
Ref. [7] we observed large reversible variations of 
band bending from half-bandgap values to almost 
flat bands under alternate deposition of cesium and 
oxygen on clean p-(100)GaAs surfaces. The minimal 
values of band bending decreased with the increasing 
number of Cs-0 deposition cycle. Similar variations 
were observed on chemically prepared but unheated 
surface after a few cycles of Cs-0 deposition [8]. 
Therefore, together with earlier studies, the results of 
the present paper prove that adsorbate-facilitated un- 
pinned behavior of electronic properties is a general 
feature of carefully prepared p-GaAs surface. 

3.3. The influence of surface stoichiometry 

To check the mechanisms of Cs-facilitated un- 
pinned behavior of band bending and SPV, we per- 
formed experiments with Cs deposition on a p-GaAs 
surface that was preliminary subjected to a heat 
cleaning at 550°C for five minutes. As a result, the 
surface was enriched with gallium [1], in contrast to 
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the initial chemically prepared As-rich surface. Then 
PR spectra were measured before and after the depo- 
sition of a monolayer of Cs, and after 10 min anneals 
at successively increasing temperatures. The results 
are shown in Fig. 3 by triangles. The initial band 
bending on Ga-rich surface was equal to 0.41 eV and 
increased up to 0.56 eV after deposition of Cs due to 
creation of Cs-induced donorlike surface states. It is 
seen, however, that in contrast to As-rich surface, 
further anneals of Ga-rich surface did not lead to a 
substantial decrease of <ps below its initial value. The 
variation of PR amplitude for Ga-rich surface was 
also relatively small (see the bottom of Fig. 3). Note, 
however, that for this surface the variation of PR 
amplitude anti-correlate with that of the band bend- 
ing after the deposition of Cs and anneal at 400°C. 
This behavior shows again that the mechanisms of 
SPV are complicated and its magnitude is sensitive 
to details of surface treatment. 

The result for Ga-rich surface are compatible with 
the explanations of Cs-facilitated unpinned behavior 
discussed above. However, these experiments do not 
allow to distinguish between the effects of Cs-facili- 
tated desorption of excessive arsenic and 'cesium 
cleaning' from residual contaminations due to forma- 
tion of electrically inactive species. 

4. Conclusions 

In conclusion, the variations of the band bending 
with annealing temperature are found to be small 
(within 0.1 eV) on the surface of p-doped (100)GaAs 
prepared by HCl-treatment in nitrogen atmosphere. 
This observation agrees with the results of earlier 
studies, although the mean value of band bending is 
lower than for decapped MBE-grown surfaces. The 
deposition and subsequent desorption of a monolayer 
of cesium on the As-rich surface enlarge substan- 
tially the variations of the band bending. The reduc- 
tion of band bending down to 0.22 eV is observed 
after annealing the Cs-covered surface at 400°C. 
Cs-facilitated reduction of band bending is not ob- 
served for Ga-rich surface. The evolution of surface 
photovoltage is diverse, showing sensitivity to the 
variations of capture and recombination rates of 
nonequilibrium charged carriers on the surface. Pos- 
sible mechanisms of Cs-facilitated variations of the 

surface electronic properties are the effect of 'cesium 
cleaning' of the surface, or cesium-induced desorp- 
tion of excessive arsenic. 
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Abstract 

The alkali-metal/III-V semiconductor interface is a model system with which to study overlayer metallization and 
Schottky barrier development. Until now, typically the cleaved (110) surfaces of the semiconductor have been utilized in this 
respect, though in this work we have used the Ga-vacancy (2 X 2) reconstructed surface of GaAs(lll)A as the starting 
surface. This surface is known to exhibit many similarities with the cleaved (110) surface, due to the separation of empty 
and filled dangling bonds onto the Ga and As surface atoms respectively. We have found through using soft X-ray 
photoemission from both core-level and valence-band features that the interface is remarkably unreactive, with almost no 
change in the Ga 3d lineshape with Na deposition at low temperatures. With regard to the growth-mode, work-function 
variation and band-bending however, the behaviour is close to that found for the cleaved surface. The onset of the Na LVV 
Auger transition only occurs after metallization begins and is consistent with ionic bonding to the substrate, though the 
substrate core-level development points to a reduced charge transfer with respect to the (110) surface. 

1. Introduction 

In studies of Schottky barrier development at the 
metal/semiconductor interface considerable atten- 
tion has been focused on alkali-metal/semiconduc- 
tor interfacial systems [1]. This is because they offer 
the best approximation to an ideal system, where 
chemical reaction and interfacial interdiffusion have 
been found to be limited, especially in the case of Cs 

Corresponding author. 

on GaAs [2-4]. The Na/GaAs(l 10) system is partic- 
ularly interesting since its electronic structure is suf- 
ficiently simple to allow meaningful comparison with 
theoretical models [5] and a temperature dependent 
interface reactivity has been observed [2]. Theoreti- 
cal predictions have been made for the transfer of 
charge from the metal into the previously empty Ga 
surface state [5], which have been supported by 
experimental results [6]. 

Recent scanning tunnelling microscopy (STM) and 
photoemission studies have shown that the 
GaAs(lll)A Ga-vacancy (2 X 2) surface reconstruc- 
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tion bears many similarities with the cleaved (110) 
surface [7]. In the (lll)A surface bilayer, the Ga 
atoms are outermost, and with an annealing proce- 
dure it is possible to desorb 1/4 of the Ga, leaving 
vacancies with a (2X2) surface periodicity. Both 
theory and experiment agree that the surface rehy- 
bridizes, forming completely filled and completely 
empty dangling bonds on the As and Ga atoms 
respectively [7,8]. Another aspect of this rehybridiza- 
tion is that the surface bilayer collapses with the 
top-most Ga atoms relaxing downwards, becoming 
almost in-plane with the As atoms. In this condition, 
the surface closely resembles that from a cleaved 
(110) surface, with zig-zag chains of As and Ga 
atoms, each with a filled or empty dangling bond 
accordingly. Such a surface makes an interesting 
comparison with the (110) orientation, since no other 
GaAs surface is known to exhibit a similar spatial 
distinction of filled and empty states. This recon- 
struction therefore provides a useful alternative start- 
ing surface for a Schottky barrier investigation. 

This study investigates for the first time the devel- 
opment of a Na overlayer on a GaAs(lll)A Ga- 
vacancy (2 X 2) surface at both room and low tem- 
peratures using soft X-ray photoemission and makes 
comparison with that found for the cleaved (110) 
orientation. In particular, consideration is given to 
the variation in work function, the onset of both 
metallization and the LVV Auger transition, from 
which some insight into the nature of the initial 
Na-surface bond is gained. 

2. Experimental 

pies to be transferred between laboratories in air, and 
then be loaded into the experimental UHV systems 
through fast entry load-locks. The samples were 
mounted on previously outgassed Mo holders using 
In. Decapping was achieved by gently electron-beam 
heating the sample to ~ 315°C, at which the As 
desorbed as seen using a mass spectrometer. When 
the As 2 partial pressure dropped after about 10 min, 
and normal UHV was regained, the As cap could be 
seen to have desorbed as the mirror polish of the 
GaAs crystal surface was again visible. The sample 
was then ramped to 350°C and finally allowed to 
cool before examination with low energy electron 
diffraction (LEED) which revealed a sharp, low 
background (2 X 2) pattern. Some samples were then 
cooled using liquid nitrogen to a temperature of 100 
K, which was maintained throughout the remainder 
of the experiment. 

The photoemission experiments were performed 
at the synchrotron radiation source at Daresbury 
Laboratory (UK) using both the grazing incidence 
monochromator on beamline 6.1 and the 'Dragon' 
monochromator on the IRC beamline 4.1. These 
provided a photon flux in the energy range 50-170 
eV, with measurements made using 90-105 eV radi- 
ation. An HA 100 hemispherical analyzer (CHA) 
from VSW was used on the beamline 6.1 experi- 
ments, and a 54 mm radius hemispherical angle-re- 
solving analyzer on beamline 4.1. These provided a 
total instrumental resolution of ~ 150 meV and 
~ 100 meV respectively. Overlayers of Na were 
deposited using well outgassed getter sources (SAES) 
such that the UHV pressure never exceeded 2 X 
10"10 mbar during deposition. 

The samples used in this work were Zn-doped 
(P~ 1019 cm-3) on-axis GaAs(lll)A, prepared by 
molecular beam epitaxy (MBE). Following the ther- 
mal desorption of the oxide layer, a 0.1 /xm thick 
GaAs buffer layer was grown, which was doped 
p-type with Si to a concentration of ~ 1018 cm-3. 
Throughout growth, a sharp, clear (2 X 2) electron 
diffraction pattern (RHEED) was visible. At the 
cessation of growth each sample was cooled in the 
reactor growth chamber to a temperature between 
-40CC and -50°C, whereupon the surface was 
capped with a protective layer (several microns thick) 
of amorphous As. This preparation allowed the sam- 

3. Results and discussion 

Both the Ga and As 3d core-levels are shown as a 
function of Na coverage at low temperature in Fig. 1, 
and from the lack of change in peakshapes it is 
immediately clear that there is no large scale chemi- 
cal disruption of the surface. The peaks in Fig. 1 
have all been normalized to the same count-rate to 
assist comparison of their peakshape. The clean sur- 
face core-level peakshape is known to be very simi- 
lar to those found from the (110) surface due to the 
similarity of the surface bonding arrangements [7]. 
Each core-level may be decomposed into a peak 
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Fig. 1. The Ga and As 3d core-levels as a function of Na coverage 
in monolayers. Note the absence of satellite peaks on the Ga 3d, 
which would be expected to high kinetic energy on the (110) 
surface. An arrow marks the first signs of an extra component on 
the Ga 3d at 8 ML. Arrows also mark the Na-As reacted 
component from 4 ML on the As 3d. 

from the bulk emission, and a single satellite peak 
from the surface layer, where the Ga 3d satellite 
peak is to lower kinetic energy than the bulk peak, 
and that on the As 3d is to higher kinetic energy. In 
comparison with these data, further high kinetic en- 
ergy components are clearly seen on both core-levels 
on the (110) surface of GaAs under similar condi- 
tions, in particular on the Ga 3d indicating an inter- 
action between the Na adatom and the empty Ga 
dangling bond of the clean, relaxed surface at low 
coverages [6]. No such component appears in the Ga 
3d emission in this case, though at a coverage of 8 
ML the lineshape alters, appearing with a more 
distinct peak at high kinetic energy rather than a 
'flat-top' lineshape (Fig. 1). This suggests the onset 
of a small high kinetic energy component commen- 
surate with the high coverage Na-Ga bonding seen 
on the (110) surface [2,6]. With increased coverage, 
no significant change in the Ga 3d lineshape is seen, 
the bulk component dominating throughout. A high 
energy shoulder appears on the As 3d at coverages 
greater than 4 monolayers (ML) indicating the onset 
of Na-As interfacial bonding (Fig. 1). Prior to this 
coverage, the lack of change in lineshape is probably 
best explained by coincidence in energy of the clean 
surface SCLS and that from the initial surface As 
bonding with Na [2]. The intensity of this shoulder 
relative to that of the bulk increases with further 
coverage only slightly beyond the that of the clean 
surface core-level shift and then stabilizes, which 

confirms the limited nature of the interfacial disrup- 
tion. The onset of the shoulder only occurs after 
distinct emission at the Fermi energy is seen from 
the Na overlayer, which is suggestive that a mini- 
mum metal coverage needs to be attained prior to 
any reaction taking place. The onset also coincides 
with the first deviation of the core-level attenuation 
away from exponential, indicating a link between the 
metallization of the layer with interfacial reaction 
and three-dimensional growth. The lack of change in 
the lineshape of the Ga 3d is particularly interesting, 
in that a decrease in the clean surface core level 
shift, with the resulting overall peakshape change, 
might be expected regardless of the bonding scheme 
of the overlayer. Nevertheless, the observed be- 
haviour does show the lineshape to be almost invari- 
ant, which might be explained by any reacted interfa- 
cial components being low in intensity, and/or of 
identical energy shift to that of the clean SCLS. This 
is in variance to previous studies on the 
alkali/GaAs(110) interface, where some change is 
seen in the Ga 3d lineshape regardless of substrate 
temperature or alkali-metal used [2-4,6]. 

The intensity of both Ga and As 3d core-levels 
initially decreases exponentially with Na coverage at 
a sample temperature of 100 K, implying a uniform 
growth mode as shown in Fig. 2. A departure from 
this is seen above a coverage of 1 ML, which 
coincides with the onset of the As 3d lineshape 
change, linking the reaction with limited interface 
disruption. The change in attenuation rate is not 
dramatic, however, suggesting that the growth mode 
beyond this point is not significantly removed from 

0.0    0.5     1.0     1.5    2.0    2.5     3.0    3.5 

Na coverage / ML 

Fig. 2. A semi-logarithmic plot showing the decay of Ga and As 
core-level intensity relative to their clean surface values as a 
function of Na coverage. The growth is layer-by-layer until 1 ML 
when the attenuation departs from the exponential. 
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layer-by-layer and that large scale metal clustering is 
not occurring, though the Na 2p does begin to appear 
asymmetric at this point. This is due to the reduced 
surface mobility of the Na at low temperatures, 
which results in a growth mode sometimes described 
as 'statistical layered' once a critical surface rough- 
ness has been reached. This regime continued up the 
maximum Na coverage of ~ 16 ML, after which the 
substrate signal was almost undetectable. The linear 
region up until 1 ML is consistent with an electron 
escape depth of ~ 4.5 A (1 ML of Na) and is also 
consistent with the variation in the sample work 
function, which shows a minimum at this point. 

At room temperature, the intensity of the Ga and 
As core-levels remain almost constant as that for the 
Na 2p increases, showing that the Na is clustering 
strongly, leaving the GaAs largely uncovered, ex- 
actly as found for the cleaved (110) surface. In 
contrast with this, the peakshapes of the Ga and As 
core-levels also remain virtually unchanged, signify- 
ing a lack of any significant chemical reaction be- 
tween the Na clusters and the GaAs substrate. This is 
in marked contrast to the situation found on the 
cleaved (110) surface, where large Ga and As peak- 
shape changes occur after only ~ 1.5 ML Na cover- 
age [2,6]. This may be due to enhanced mobility of 
the Na on the (111)A-(2X2) surface, leading to 
stronger clustering, thereby minimizing the Na- 
surface interaction. 

The Na 2p core-level displays a number of changes 
with the development of the overlayer. At low cover- 
ages (~ 0.04 ML) the peak is clearly asymmetric 
due to the presence of two components separated by 
about 0.7 eV (Fig. 3). At this stage the component at 
lower kinetic energy dominates, but by 0.1 ML both 
are approximately equal in intensity. This appears 
very similar to the (110) case, where the two compo- 
nents have also been observed at low Na coverage. 
From this point on, the higher energy peak increases, 
appearing symmetric at a coverage of ~ 0.25 ML, 
and showing the initiation of an asymmetric Do- 
niach-Sunjic metallic lineshape at 1.0 ML. This is 
the coverage at which strictly uniform growth is 
departed from i.e. the onset of large scale Na cluster- 
ing. With further coverage, this shape becomes more 
asymmetric, characteristic of a fully metallic layer. 
This coincides with the onset of a distinct Fermi-edge 
in the Na valence band, which is not apparent at 1.0 

NaLVV 

67.0       69.0       71.0 22.0     24.0 

Kinetic Energy / eV 

26.0     28.0 

Fig. 3. A set of normalized Na 2p spectra with increasing Na 
coverage. Initially two components are present (arrowed) which 
merge and develop into an asymmetric lineshape indicative of 
metallic Na. The Na LVV Auger transition is also shown at its 
onset at a coverage of 2 ML with an arbitrary intensity. 

ML, when the peakshape is asymmetric, but not fully 
'metallic'. The two components found at low cover- 
age can be one of a number of possibilities. The 
most obvious would seem to be Na-Ga and Na-As 
bonding at the surface, though it is also possible that 
one could be due to Na-Na bonds in clusters [2,6]. It 
is possible however, that a similar situation to that 
reported in an STM study of Na/GaAs(l 10) may be 
occurring, where chains of Na form at low coverage 
[9]. In the case of Na-As and Na-Ga bonding, 
however, chemically shifted components on the sub- 
strate core-levels might also be expected, and yet we 
see no evidence for this at this low coverage. One 
possible explanation is that the shifts induced by the 
overlayer are small and occur coincident in energy 
with the surface core level shifts for the clean sur- 
face. This is a departure from the obvious and large 
shift seen on the (110) Ga 3d core-level [6] and 
suggests that no large charge transfer associated with 
ionic bonding is taking place. A smaller charge 
transfer cannot be ruled out on this evidence, though 
it does allow a covalent bonding scheme to warrant 
serious consideration. It must be remembered that 
the starting surface is only similar to the cleaved 
(110) due to significant rehybridization following the 
loss of 1 /4 of the surface Ga. The introduction of 
Na to this surface could be responsible for a new 
(de)relaxation or reconstruction which would make 
the core-levels appear quite different when compared 
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with previous studies on the (110) orientation. 
Against this, it seems unlikely that a large scale 
reconstruction could occur at the low temperatures 
used in these experiments since some surface mobil- 
ity would be required. Unfortunately, it was not 
possible to monitor the reconstruction using LEED 
during the experiments, as the electron beam would 
have caused contamination of the sample. A low 
temperature STM study of this interface would be 
most revealing and helpful in answering this ques- 
tion. 

At room temperature, the Na 2p peakshape is a 
symmetric Gaussian throughout the overlayer devel- 
opment, though it does increase in full-width half- 
maximum (FWHM) from 0.95 eV to 1.4 eV in the 
deposition range equivalent to 1-8 ML (layer-by- 
layer). This is to be expected considering the degree 
of oxidation of the surface, as seen by the presence 
of oxygen in the valence band. The Ga and As 
core-levels did not display any signs of oxidation 
however, and so it is believed that at room tempera- 
ture the Na clusters oxidize, not the surface as a 
whole at this initial stage of interface development. 
The clean GaAs(lll)A-(2 X 2) surface was found to 
be remarkably unreactive in a normal UHV environ- 
ment at room temperature, with no significant quan- 
tity of oxygen apparent in the valence band after a 
period of more than 12 h. 

The substrate material used was highly doped 
(~ 1018 cm""3) and p-type, so the finding that the 
Fermi-level was 0.6 eV above the valence band 
maximum (VBM) for the starting surface at low 
temperature indicates the existence of band-bending 
and pinning of the Fermi-level in the starting surface, 
unlike that found on well cleaved (110) oriented 
material [2]. At room temperature, the Fermi-level 
was found to be pinned 0.18 eV higher than this in 
the band-gap. This is thought to be largely due to 
disorder on the de-capped surface rather than a sur- 
face-photovoltage (SPV) effect, since the doping 
level is high, and the SPV is known to be small in 
p-type material at low temperatures [10]. Further- 
more, no difference in the Fermi-energies of the Na 
overlayer at higher coverages and spectra from the 
metal sample holder was found. Cooling the sample 
was also found to sharpen the Ga and As core-levels 
slightly, as the inhomogeneity of the pinning became 
reduced at low temperature. With the initial Na 

coverage, the Fermi-level rose sharply by ~ 0.5 eV, 
and then returned to a final pinning position of 
VBM + 0.84 eV after a coverage of 1 ML i.e. the 
Fermi-level is pinned by a large density of interface 
states at mid-gap, as found for the (110) orientation 
[2,6,10]. No further change in the position was seen 
beyond this coverage. This rise in the Fermi-level 
position, or overshoot, has been recorded on a num- 
ber of material systems, including alkali-metals on 
GaAs [6,10]. The final pinning position is also very 
similar to the cleaved (110) surface, where the 
Fermi-level is found to pin close to mid-gap under 
similar conditions due to the development of interfa- 
cial gap states [6,10]. It would be most instructive to 
perform similar experiments on n-type substrates in 
order to make comparison with the (110) surface, 
where the Na acts as a donor, causing markedly 
different Fermi-level movements between n- and p- 
type material [2,10]. Unfortunately, n-type (lll)A 
layers grown by MBE are not yet available, and so 
these experiments were not possible. 

Throughout the experiments, the change in work- 
function of the sample was measured with respect to 
the clean starting surface. This may be seen in Fig. 
4, which shows a dramatic drop followed by a 
minimum and a stable region beyond. This behaviour 
is indicative of the growth of metallic Na, since a 
minimum is not seen when a reaction occurs at room 
temperature. It is useful here to highlight the correla- 
tion between the observed behaviour of the work- 
function and the rest of the dataset. The initial sharp 
drop in work-function coincides with the Na adatom 
adsorption stage, when the two components in the 
Na 2p emission merge and develop into a single 
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Fig. 4. Variation of the work-function as a function of coverage, 
showing the sharp drop over the initial coverages, a minimum at 1 
ML, and a stabilization from 2 ML. 
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symmetric peak. No satellite peaks are seen on the 
Ga and As 3d core-levels at this stage. The minimum 
in the work-function occurs at 1 ML Na coverage, 
when the Na 2p first develops an initial asymmetric 
(metallic) lineshape, the growth mode departs from 
layer-by-layer and the As 3d displays a component 
due to Na-As bonding. From 1 ML the work-func- 
tion rises due to the mutual depolarization of dipoles 
in the Na overlayer, and from 2 ML is essentially 
constant, with the change reflecting the difference in 
the work-functions of the two materials. Some Na- 
Ga interaction is present here, the Na 2p has become 
more asymmetric and the onset of both the Na 
Fermi-edge and LVV Auger transition occurs (Fig. 
3). 

The onset of the LVV Auger peak is sudden, with 
no evidence for a gradual increase in intensity (tran- 
sition-rate) prior to this. In the Na atom, the 3s 
valence level is occupied by a single electron, and so 
the many-electron LVV Auger transition cannot take 
place. When Na is in a condensed environment, 
off-site screening can occur, where electron hopping 
involving neighbours allows the Auger transition to 
take place. It is interesting that the transition cannot 
occur earlier in the overlayer development, for in- 
stance when the depolarization of the overlayer re- 
sults in the increase of the work-function. At that 
stage, there is clear in-plane interaction between the 
Na atoms, which might be expected to prove suffi- 
ciently intimate for hopping to occur. Moreover, the 
degree of Na-Na interaction is emphasized by the 
initiation of an asymmetric metallic Na 2p lineshape 
at the same coverage. It would appear therefore, that 
the interaction between the substrate and the Na 
overlayer is the most important factor, rather than 
that in-plane between Na atoms, and that there must 
be significant localization of the charge away from 
the Na atom to reduce the hopping transition rate. 
This is consistent with an ionic bonding scheme, 
similar to that proposed for the Na/GaAs(110) inter- 
face [6]. 

4. Conclusions 

The adsorption of Na on the GaAs(lll)A Ga- 
vacancy (2 X 2) reconstructed surface has been in- 
vestigated both at room and low temperatures. In 

general, the comparison with similar experiments on 
the cleaved (110) surface is very close, with similari- 
ties in growth-mode, work-function, Fermi-level pin- 
ning and limited reaction at the interface. These 
studies have revealed, however, that the chemical 
reactivity of this interface is much lower than that on 
cleaved GaAs, with no large energy shifts observed 
on the Ga and As core-level emission during the 
initial stages of overlayer development. The LVV 
Auger transition is not seen to occur until a Na 
coverage of ~ 2 ML has been deposited which is 
suggestive of initially ionic bonding of the Na to the 
surface. The limited changes in the core-level line- 
shapes, however, suggests that any such charge 
transfer must be small, unlike the significant interac- 
tion between Na and the empty Ga dangling bond on 
the (110) surface. 

Acknowledgements 

We would like to thank A.W. Robinson, D. Col- 
lister and M.D. Jackson for their assistance in these 
experiments, T.P. Morrison and A.A. Cafolla for 
their development of analysis software and the EP- 
SRC for supporting these investigations. 

References 

[1] P. Soukiassian and H.I. Starnberg, Physics and Chemistry of 
Alkali Metal Adsorption, Eds. H.P. Bonzel, A.M. Bradshaw 
and G. Ertl (Elsevier, Amsterdam, 1989). 

[2] M. Prietsch, M. Domke, C. Laubschat, T. Mandel, C. Xue 
and G. Kaindl, Z. Phys. B 74 (1989) 21. 

[3] T. Kendelewicz, P. Soukiassian, M.H. Bakshi, Z. Hurych, I. 
Lindau and W.E. Spicer, Phys. Rev. B 38 (1988) 7568. 

[4] R. Cao, K. Miyano, T. Kendelewicz, I. Lindau and W.E. 
Spicer, J. Vac. Sei. Technol. B 7 (1989) 919. 

[5] J. Hebenstreit, M. Heinemann and M. Scheffler, Phys. Rev. 
Lett. 67 (1991) 1031. 

[6] D.A. Evans, G J. Lapeyre and K. Horn, J. Vac. Sei. Technol. 
B 11 (1993) 1492. 

[7] J.M.C. Thornton, P. Weightman, D.A. Woolf and C J. Dun- 
scombe, Phys. Rev. B 51 (1995) 14459. 

[8] E. Kaxiras, Y. Bar-Yam, J.D. Joannopoulos and K.C. Pandey, 
Phys. Rev. B 35 (1987) 9625. 

[9] C.L. Bai, T. Hashizume, D.R. Jeon and T. Sakurai, J. Vac. 
Sei. Technol. A 11 (1993)525. 

[10] A. Bauer, M. Prietsch, S. Molodtsov, C. Laubschat and G. 
Kaindl, J. Vac. Sei. Technol. B 9 (1991) 2108. 



applied 
surface science 

ELSEVIER Applied Surface Science 104/105 (1996) 240-247 

Metal overlayers on the MBE-grown ZnSe(OOl) surface 

D.A. Evans a *, D. Wolfframm a, D. Gnoth a, J. Caims a'\ A.C. Wrighta, M. Evans 
J. Riley D. Westwood d, D.A. Woolfd 

a
 AMRL, Athrofa Gogledd Ddwyrain Cymru (NEWI), Wrexham LLI1 2AW, UK 

Sincrotone Trieste, Trieste, Italy 
c La Trobe University, Bundoora, Australia 

University of Wales College of Cardiff, Cardiff, UK 

Received 26 June 1995; accepted 21 November 1995 

Abstract 

N-type ZnSe thin films have been grown by MBE on GaAs (001) surfaces and capped with an amorphous selenium layer. 
The Se cap was thermally desorbed under ultrahigh vacuum to recover the (2X1) and c(2 X 2) reconstructed surfaces. 
Selected metal contact formation was monitored using core and valence level photoelectron emission spectroscopy by in-situ 
exposure of the surface to heated sources of Au, Ag and Pb. In each case, lineshape analysis of emission spectra indicated a 
low level of interfacial mixing and provided an insight into the metal layer growth mode. Both Au and Ag were found to 
grow in closely spaced islands of approximately equal height. The morphology of Au and Ag layers was confirmed by 
cross-sectional transmission electron microscopy. Monitoring of core and valence level emission peak positions allowed the 
determination of the metal-n-ZnSe Schottky barrier height, for a sufficiently thick metallic layer. Measurements on this 
wide-gap semiconductor, even at 300 K, were influenced by the presence of a surface photovoltage, which could be 
identified and subtracted for a fully-formed metallic layer. The n-type ZnSe Schottky barrier heights inferred from the 
relative Fermi level shifts (<£BN(Au) = 1.74 eV, <£BN(Ag) = 1.47 eV and <£BN(Pb) = 1.25 eV), were found to scale with the 
metal work function for these three unreactive interfaces. 

1. Introduction 

The use of wide band gap II-VI semiconductor 
thin films in the fabrication of opto-electronic de- 
vices operating at the low wavelength end of the 
electromagnetic spectrum has fuelled the extensive 
study of this class of material. Most attention has 

* Corresponding   author.   Tel.:    +44-1978-293161;   e-mail: 
a.evans @ newi.ac.uk. 

1  present address: DRA Malvern, Worcs, UK. 

been focussed on ZnSe films grown on GaAs sub- 
strates for which the lattice mismatch is low [1]. 
However, realisation of practical devices has been 
hindered by the difficulty in controlling the conduc- 
tivity of the bulk material and metal contacts to the 
p-type material. Early electrical studies of metals on 
ZnSe suggested that rectifying Schottky contacts are 
normally formed with common metals at room tem- 
perature (RT) [2], as for group IV and III-V semi- 
conductors. With the larger band gap of this mate- 
rial, the formation of ohmic contacts is more diffi- 
cult, and is a particular problem for p-ZnSe [3]. Low 
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resistance contacts on n-ZnSe have been obtained 
using methods similar to GaAs involving annealing 
of In-alloys [4], but the corresponding method for 
p-GaAs using annealed Au-alloys has not been suc- 
cessful. For p-ZnSe, the highest quality low resis- 
tance contacts have required the growth of graded 
semiconductor structures [5] which adds consider- 
ably to the complexity of the fabrication process. 
Some success has however been reported using 
metallic layers based on high work function metals 
[4] and this is due to the observation that the Schot- 
tky barrier heights for II-VI semiconductors are 
much more strongly dependent on the metal work 
function [2]. In order to eliminate fabrication influ- 
ences, intrinsic barrier heights have been determined 
for III-V semiconductors, such as GaAs, InP and 
GaP [6-8], by growing intimate metal contacts under 
controlled ultrahigh vacuum (UHV) conditions. In 
each case, a very weak work function dependence 
has been observed. For GaAs [6], most metals con- 
form to a Fermi level pinning position near mid-gap. 
For GaP [7], all metal contacts yield barrier heights 
determined by an intrinsic level near mid-gap and a 
weak work function dependence. For InP [8], the 
precise interface chemistry is important, with low 
n-type barrier heights observed for contacts where 
interface reactivity leads to the presence of elemental 
indium [8]. This means that for p-type III-V semi- 
conductors, low resistance contacts can only be made 
using annealing methods involving the formation of 
highly doped near-surface layers and/or chemically 
graded interfaces [4]. In the current study, we have 
monitored the formation of the intimate ZnSe-metal 
interface under UHV conditions to provide further 
insights into the factors affecting the position of the 
interfacial Fermi level and hence the barrier height. 
The technique of soft X-ray photoelectron emission 
spectroscopy (PES) is chosen to provide a parallel 
probe of the development of the Fermi level and 
distribution of chemical species as the contact is 
grown on a known surface in a controlled environ- 
ment. The structure of the metal contact was further 
investigated using high resolution transmission elec- 
tron microscopy (TEM). As part of a wider pro- 
gramme, this initial study reports on three selected 
metals, Au, Ag and Pb which are chosen to give a 
range of metal work function, and are expected to be 
relatively inert, avoiding strong interfacial reactions. 

2. Experimental 

In order to achieve the high energy resolution and 
surface sensitivity required in such a study, syn- 
chrotron radiation was used to excite photoelectrons 
from the solid. Photon energies in the range (40-100) 
eV were used to probe valence band and shallow 
core level densities of states, and experiments were 
performed at the surface science beamline 6.2 at the 
Daresbury Laboratory. Photoelectrons were collected 
at normal emission in an angle-resolved hemispheri- 
cal analyser. ZnSe thin films (~ 2 fim, ND ~ 1016 

cm"3) were grown using molecular beam epitaxy 
(MBE) and capped with Se to protect the surface 
during transportation to the synchrotron source. The 
crystal structure of these layers was monitored dur- 
ing growth by reflection high energy electron diffrac- 
tion (RHEED) and examined after growth using high 
resolution transmission electron microscopy 
(HRTEM). The clean ZnSe (001) surfaces were re- 
covered in UHV by thermal desorption of the Se cap 
and the surface reconstructions were confirmed using 
low energy electron diffraction (LEED). Metal layers 
were deposited in stages from W-filament sources at 
submonolayer level and up to a thickness corre- 
sponding to the bulk metal. 

Transmission electron microscopy operated at a 
voltage of 300 kV was used to examine [110] cross- 
sectional samples. All specimens were prepared by 
mechanical polishing followed by low energy (4 kV) 
ion-milling using argon gas. A final ion-milling stage 
used iodine to reduce the ion-related damage that 
normally occurs with argon milling of II-VI com- 
pounds. 

3. Results and discussion 

3.1. The ZnSe surface 

Due to its technological relevance, the surface 
chosen for study is the polar (001) surface of the 
zincblende semiconductor, ZnSe. The surface recon- 
structions observed by RHEED during MBE growth 
indicate the dominance of a Se-rich 2X1 surface 
under conditions of high Se/Zn flux ratio and low 
surface temperature and a Zn-rich c(2 X 2) surface 
under conditions of low Se/Zn flux ratio and high 
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Fig. 1. Photoelectron emission spectra for the ZnSe(OOl) surface 
as a function of Au exposure shown at the right hand side in A. 
The relative changes in the intensities of the Zn 3d (at KE = 24 
eV) and Au 5d (at KE = 27-33 eV) peaks are represented in a 
semi-logarithmic plot in the inset. The evolving metallic nature of 
the overlayer above 1.5 A is accompanied by a broadening of the 
metal d-bands and the appearance of a Fermi edge. The surface 
and bulk components are shown for the clean surface Zn peak 
(bottom). 

surface temperature [9,10]. The samples used in the 
current study were grown under Se-rich conditions 
leading to high quality 2 X 1 RHEED patterns [10]. 
On mounting in the PES analysis chambers, the 
surface spectra for capped samples showed the ab- 
sence of a Zn signal and the dominance of a Se 3d 
split peak at a binding energy (BE) of around + 1 eV 
with respect to Se in ZnSe, in agreement with previ- 
ously reported data [11]. On heating to 170°C, the Se 
cap was desorbed and a Zn 3d emission peak ap- 
peared. Further annealing to 350°C resulted in a 
2X1 LEED pattern, and annealing above this tem- 
perature resulted in a more Zn-rich c(2 X 2) surface. 

The clean surface spectra shown at the bottom of 
Fig. 1 and Fig. 3 are deconvolved into two zinc 
components corresponding to surface and bulk atoms 
in the reconstructed ZnSe film. The bulk peak 
(dashed) appears at a binding energy of -9.2 eV 
with respect to the valence band maximum (VBM) 

in agreement with previous work [12] and the surface 
peak (dotted) was found to lie at a binding energy of 
-0.87 eV (Fig. 1) and -0.83 eV (Fig. 3) with 
respect to the bulk peak. The surface component is 
particularly clear in the clean surface spectrum in 
Fig. 1, and the relative magnitude of this component 
is indicative of a Zn-rich c(2 X 2) surface. The fitting 
of these band-like levels involves a higher degree of 
inaccuracy than the core-like 3d levels in GaAs and 
this leads to a spread in values for all surfaces 
studied of (0.8-0.9 eV), where the mean value of 
0.84 eV is slightly larger than that reported else- 
where [11]. However, this is believed to reflect the 
reliability of the fitting procedure rather than the 
quality of the ZnSe surface. 

3.2. Metal overlayer morphology 

Changes in the substrate electronic levels as a 
function of Au coverage at 300 K are illustrated in 
the series of spectra shown in Fig. 1. The photon 
energy of 40 eV ensures surface sensitivity and 
access to the substrate Zn 3d (at kinetic energy 
(KE) = 24 eV) and overlayer Au 5d levels (at KE = 
28-32 eV) as well as the remainder of the valence 
band. The clean surface spectrum (bottom) is domi- 
nated by the Zn 3d peak and the valence band 
structure is due to direct transitions consistent with 
the region of the bulk Brillouin zone studied at this 
energy at normal emission. The valence band maxi- 
mum can be determined from this data, and by 
comparison with a reference metal Fermi level, the 
initial surface Fermi level is found to lie around 2.0 
eV above the VBM. As the surface is exposed to Au, 
the substrate Zn peak is attenuated and the spectrum 
is dominated by the Au 5d emission intensity. 

The surface component (shown dotted for the 
clean surface) is rapidly attenuated relative to the 
bulk peak (shown dashed for the clean surface) and 
is completely absent at a coverage of 1.5 A. Since 
this corresponds to a coverage < 1 monolayer (ML), 
this provides confirmation that the initial surface Zn 
atom concentration is low and that the surface Zn 
atoms are covered by the Au film at this point. No 
further components are required to fit the Zn peak at 
higher coverage, although the increasing Au d-band 
emission may obscure small peaks at high kinetic 
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energy. However, the bulk peak is the dominant 
component of the Zn 3d emission throughout, con- 
firming the absence of large scale disruption of the 
ZnSe surface. Although the experimental set-up did 
not allow access to the Se 3d core levels, similar 
lineshape changes were observed for the Zn 3d level 
during Pb exposure [13] and in this case the absence 
of large chemically shifted components in the Se 3d 
emission confirms the inert nature of the interface. 
The intensity of the bulk peak can then be used to 
monitor the metal film growth mode and the inte- 
grated peak areas as a function of Au coverage are 
illustrated in the inset of Fig. 1 for Zn and Au peaks. 
The data are plotted semi-logarithmically and the 
attenuation predicted by a layered growth mode is 
shown as the broken line. The departure of the Zn 3d 
attenuation from this line indicates island formation, 
although the small departure from linearity indicates 
that strong clustering does not occur. 

In order to investigate the final metal layer mor- 
phology, samples were retained for study by high- 
resolution transmission electron microscopy. The 
cross-sectional image shown in Fig. 2 corresponds to 
an Au layer grown at room temperature on the ZnSe 
surface. This gives an insight into the metal film 
growth and interface diffusion as well as providing 
an estimate of film thickness. In this high resolution 
image, the ZnSe (111) planes and Au (002) planes 
can be resolved and the former are used to determine 
the distance scale. The coverages given for the PES 
spectra in Fig. 1 and Fig. 3 are estimated by compar- 
ing the total exposure time with the thickness esti- 
mated from the HRTEM data. It is clear from the 

AE Ag/ZnSe(001)at300K 

hv=40eV 

Kinetic Energy (eV) 

Fig. 3. Photoelectron emission spectra for the ZnSe(OOl) surface 
as a function of Ag exposure shown at the right-hand side in A. 
The relative changes in the intensities of the Zn 3d (at KE = 24 
eV) and Ag 4d (at KE = 26-31 eV) peaks are represented in a 
semi-logarithmic plot in the inset. The surface Zn component 
(dotted) is small for the Se-rich surface prior to metal exposure. 

cross-sectional image of Fig. 2 that the gold layer 
does not ' wet' the ZnSe surface and does not appear 
to have reacted with this surface. This is evidenced 
by the observation of amorphous material from the 
surrounding epoxy within the interfacial region. The 
absence of interface reaction is consistent with the 

rüi^MiiMir msm 
10 nm 

mm MMik 

Fig. 2. Cross-sectional transmission electron micrograph of the Au/ZnSe interface grown at 300 K. The polycrystalline metal layer is made 
up of large, closely-packed irregular islands of approximately equal height. Note the lack of reaction between Au and the ZnSe. 
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absence of extra components in the Zn emission 
spectra shown in Fig. 1. From this image and from 
an oblique view of the same surface (not shown) it 
can be concluded that the Au film is made up of 
closely-spaced polycrystalline Au islands of approxi- 
mately equal height which make up a broken, quasi- 
uniform film. 

The developing metallic character of the Au layer 
can be monitored by noting the broadening of the 
d-bands and the onset of emission at the Fermi level 
as previously reported for uniform Ag films grown 
on GaAs at 100 K [14]. The broadening of the Au 
d-bands (Fig. 1) commences at around 1.5 A cover- 
age and is complete at 6.2 A coverage. This corre- 
sponds to a coverage of 1-2 monolayers, and the 
point at which the Au intensity reaches its maximum 
value corresponds to around 4 monolayers. The 
broadening of the d-bands is accompanied by the 
appearance of a metallic Fermi edge which is fully 
established at 6.2 A. 

The combined PES and TEM data thus suggest 
that the growth of Au on ZnSe (001) is not strongly 
3D, in agreement with previous studies of this inter- 
face [11,15] and in contrast to Au on GaAs [16] and 
InP [17] where significant intermixing and metal 
clustering are observed at RT. The emission of pho- 
toelectrons from the Zn 3d and valence levels of 
ZnSe (001) as a function of Ag coverage is repre- 
sented in Fig. 3, and the overall development is 
similar to the growth of Au. The coverages shown 
were again estimated from the HRTEM images, 
although the latter were more difficult to obtain due 
to the even lower cohesion of the Ag film to the 
ZnSe substrate. In this case, the degree of clustering 
was however increased with a larger proportion of 
the surface exposed for a given coverage. The Zn 3d 
peak for the starting surface shown at the bottom of 
Fig. 3 has a lower intensity surface component at a 
binding energy —0.83 eV relative to the bulk peak. 
This is consistent with the observed 2 X 1 recon- 
struction which is Se-rich. Both of these components 
are attenuated with increasing coverage, but the sur- 
face peak is completely attenuated above 2.3 A 
coverage whereas the bulk peak persists up to 37 A. 
This suggests that although the surface Zn atoms are 
covered by the thin Ag film, there is evidence for 
overlayer island formation. As the surface is covered 
by Ag, no further components are needed to fit the 

Zn 3d peak, and this suggests that the substrate is not 
chemically reacted with Ag. The attenuation of the 
bulk Zn 3d peak, shown in the inset of Fig. 3, is 
similar to Au deposition and the departure from 
linearity is again not pronounced (although some- 
what greater than for Au on ZnSe). The growth does 
not therefore involve the formation of large 3D 
islands. The inert nature of the Ag/ZnSe interface is 
confirmed by the undisrupted ZnSe surface and loosly 
bound Ag film observed by HRTEM. The PES data 
of Fig. 3 again show the developing metallic charac- 
ter of the metal film, with the onset of high KE 
broadening of the 4d bands accompanied by the 
emergence of a Fermi level emission. This occurs 
between 1.2 and 4.6 A, and this suggests that a 
coverage of around 1 -2 monolayers marks the onset 
of metallicity. Above 9.2 A coverage, the emission 
spectrum is representative of bulk Ag, with a well- 
defined metallic edge at the Fermi level. Ag layers 
are thus morphologically similar to Au layers grown 
under the same conditions, although the degree of 
metal clustering for this inert interface is larger. 

The Pb/ZnSe(001) interface is also unreactive as 
inferred from the absence of dominant extra compo- 
nents in the Zn 3d and Se 3d spectra [13]. However, 
the metal layer is more clustered than both Au and 
Ag in this case. 

3.3. Schottky barriers on ZnSe (001) 

The Schottky barrier height for the Au/ZnSe(001) 
contact can be determined from the initial pinning 
position and the band bending during metal contact 
formation. The change in relative position of the 
surface Fermi level with respect to the band edges is 
shown in Fig. 4 for Au and Ag contacts. This band 
bending is inferred from the bulk Zn 3d data of Fig. 
1 and Fig. 3, and it appears that the Fermi level is 
fixed close to the pinned surface position up to a 
coverage of 6 A for Au and 18 A for Ag. 

Above these coverages, the Fermi level moves 
towards the VBM, which results in a different final 
pinning position, and hence Schottky barrier height, 
for Au and Ag. Such a step-like behaviour for metals 
on III-V semiconductors has been interpreted in 
terms of a coverage-dependent Fermi level pinning 
position [18], but an alternative explanation in terms 
of surface charging [19] is believed to be valid in this 
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Band bending at the n-ZnSe (001) surface 

VBM 
10 20 30 

Metal coverage (Ä) 

Fig. 4. Movement of the surface Fermi level with respect to the 
band edges as a function of metal coverage at 300 K. Au (circles) 
and Ag (squares) data are subject to a surface photovoltage (SPV) 
which breaks down above 6 A coverage for Au and 18 A for Ag, 
where the metal layer is fully formed. SPV corrections are shown 
as solid symbols, and the final barrier heights are indicated by the 
arrows (see Table 1 for values). Data for a Pb coverage of 24 A 
(triangles) are also shown. 

case. The photocurrent generated in the emission 
process can lead to the accumulation of charge at the 
surface, which results in a surface photovoltage 
(SPV). The magnitude of this SPV is determined by 
the efficiency of the charge flow from the semicon- 
ductor bulk to the surface to compensate the surface 
charging. At low doping levels (< 1018 cm"3), this 
compensating current is due to thermionic emission 
over the surface barrier which is reduced at high 
barriers and low temperatures [19]. In the absence of 
a SPV, the Fermi level at the clean surface ZnSe has 
been reported to lie within the band gap at VBM + 
1.45 eV [11]. This implies that the ZnSe surfaces in 
the current study are subject to surface charging 
although this is not sufficient to produce completely 
flat bands. Under the present conditions, a surface 
voltage of around 0.55 V is implied, and this value is 
in agreement with Chen et al. [11], Flat band condi- 
tions for low coverages of metals on GaAs [19] are 
observed only at reduced temperatures, and so the 
partial unpinning at RT for ZnSe is a consequence of 
the larger barrier heights in this case. The SPV effect 
has however been observed at RT for the larger band 
gap semiconductor, GaP [20]. The step-like change 

in Fermi level position is a commonly observed 
phenomenon, especially in metals on III-V's [19,20], 
and is a consequence of the breakdown of surface 
charging by conduction through the metal film [20]. 
This requires a relatively uniform metal film to 
provide the parallel leakage path and, above 6 A 
coverage, the conductivity of the gold film is suffi- 
cient to remove the surface charging. This is consis- 
tent with the absence of large 3D islands inferred 
from the peak intensity analysis. The situation is 
somewhat different for Ag which requires a higher 
exposure after the onset of metallicity to provide a 
parallel leakage path. This reflects the increased 
island separation in this case. For Pb layers [13], the 
stronger clustering results in a persistence of the 
SPV at higher coverages since the metal film is even 
less uniform and conducting in the surface plane. At 
Au and Ag coverages above 3 A, a metal Fermi level 
can be measured even though the conductivity is too 
low to compensate the surface charging. This Fermi 
level position is shifted from the equilibrium refer- 
ence Fermi level by an amount equal to the SPV, and 
hence the band bending can be corrected for SPV in 
this range. Corrected values are shown as solid 
symbols in Fig. 4, and it is seen that the step-like 
behaviour is removed. Therefore, the final pinning 
position for Au and Ag are attained for coverages 
above 3 A, and these values are used to derive the 
n-type barrier heights given in Table 1. Also shown 
in Fig. 4 and Table 1 is the value for the Pb contact 
corrected for SPV. The value for Au, <2>BN(Au) = 
1.74 + 0.12 eV, was obtained even where the initial 
surface composition corresponded to a different re- 
construction (more Se-rich). Since the Se 3d core 
level could not be accessed the error in this barrier 
height determination is large. However, these mea- 
surements were consistent during repetition of exper- 
iments and the likely errors do not affect the ob- 
served trend in values for the three metals. For Pb 
layers, where the Se 3d levels were accessible, the 

Table 1 

Metal Work function (eV) Schottky barrier (eV) 

Au 
Ag 
Pb 

5.10 
4.41 
4.25 

1.74 
1.47 
1.25 
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Zn and Se levels showed a similar shift of the bulk 
peaks [13]. 

The barrier height for the Au/ZnSe interface has 
been studied by several groups using a range of 
techniques under various conditions. Previous PES 
measurements, under similar conditions [11], report a 
lower value of 1.55 eV for n-ZnSe; I-V and C-V 
measurements on etched samples give values of 1.67 
eV [21] and around 1.5 eV [2]. These values are 
consistently lower than the present value, although 
the error margins for such measurements from pho- 
toemission data are large. Also, measurements on 
etched surfaces using ballistic electron emission 
spectroscopy [21] has revealed a range of barrier 
heights from 1.53 eV to 2.15 eV. It therefore appears 
that although the barrier height for Au/ZnSe appears 
to be linked to the metal work function, and is higher 
than that for the other metals, the precise fabrication 
method can lead to a small but significant variation 
in this value. The corrected Schottky barrier height 
for the Ag contact in the present study, <J>BN(Ag) = 
1.47 + 0.12 eV, is also insensitive to the starting 
composition of the surface. The barrier height is 
again larger than that measured on etched surfaces 
by electrical methods [2]. Data for the formation of 
Schottky contacts to II-VI semiconductors is more 
limited than for III-V semiconductors and early 
studies [2] suggested a dependence on metal work 
function for these materials. Although the values 
measured here for Au and Ag are larger than the I-V 
values [2], the difference between the two metals is 
similar (~0.3 eV). Since the two interfaces are 
morphologically similar, it appears that the barrier 
height increases with work function for these two 
metals (Table 1). For metal contacts grown under 
controlled UHV conditions on III-V semiconduc- 
tors, the low coverage values measured by PES agree 
with the I-V values, although for GaP [7], the 
n-type values measured by PES are consistently 
higher. However, unlike ZnSe, the barrier heights are 
insensitive to metal work function. The trend for Au 
and Ag on ZnSe appears to extend to the other 
unreactive metal Pb, where the lower work function 
metal yields a lower barrier height (Table 1), and 
also to the reactive metal, Al [11]. However, these 
values do not scale exactly with work function. In 
addition, as previously discussed, a wide range of 
values have been reported for Au/ZnSe by different 

techniques suggesting that preparation-induced fac- 
tors can influence the barrier height. For other II-VI 
materials such as CdTe [22], it has been reported that 
the surface stoichiometry has a large influence on the 
barrier height and that the observed values are deter- 
mined by Fermi level pinning due to semiconductor 
defect levels. It has been reported in a study of the 
Sb-ZnSe [23] interface using chemically etched sur- 
faces that the barrier height can be strongly influ- 
enced by surface preparation, and a study of the Au 
interface using PES [11] has also illustrated the 
influence of significant amounts (several ML) of 
elemental Se at the interface. However, the latter has 
been interpreted in terms of the electronegativity of 
the Se interlayer rather than the generation of semi- 
conductor defect states. It thus appears that for met- 
als on the untreated surface, the Schottky barrier 
heights show a clear work function dependence, 
although surface modification can induce changes in 
these values. Further studies are therefore needed to 
determine the overall behaviour of metal contacts on 
the clean surface and to understand the factors influ- 
encing changes in barrier heights for different sur- 
face preparation. 

4. Conclusion 

In conclusion, the growth and Schottky barrier 
heights for Au, Ag and Pb contacts to the ZnSe(OOl) 
surface have been investigated at room temperature 
using photoelectron emission spectroscopy and trans- 
mission electron microscopy. All three interfaces are 
chemically abrupt and, for Au and Ag, the metal 
islands are of uniform height and closely packed. 
The data are influenced by a surface photovoltage, 
and the corrected Schottky barrier heights are signifi- 
cantly different for each metal. The highest n-type 
barrier height is measured for the highest work func- 
tion metal, Au. 
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Abstract 

Recent LD-LCAO (local density-linear combination of atomic orbitals) calculations show that atoms deposited on the 
As-rich GaAs(100)-2 X 4 reconstructed surface tend to form quasi one-dimensional structures along the missing rows of the 
semiconductor surface. We show that the 'conduction' band associated with the K-orbitals may be described by an effective 
extended Hubbard Hamiltonian. Using Green functions techniques we study the metal-insulator transition within this model, 
which allows us to establish the metallic or insulating character of a given one-dimensional structure. We find that the 
transition into the metallic phase takes place when going from 5/8 to 7/8 monolayers. 

PACS: 68.35.Bs; 73.20.-r; 73.30.+ y 

1. Introduction 

The metal-semiconductor interface formation and 
its properties are intimately related to the chemical 
bonds formed between the metal adatoms and the 
semiconductor surface. A great deal of the research 
in this area has been performed for the deposition of 
alkali atoms on GaAs(llO), a system where the 
interplay between the experimental and theoretical 
information is enhanced due to the low reactivity of 
the interface and the simplicity of growth of the 
metal layer. In these interfaces the alkali atoms 
interact mainly with Ga-dangling bonds of the semi- 
conductor surface, forming ID and 2D structures that 
exhibit an insulating behavior in the low coverage 
regime [1]. For larger depositions, around 1 ML, a 
Mott metal-insulating transition appears [2]; then, 

Corresponding author. 

the Fermi level is pinned by the metallic density of 
states induced around the semiconductor charge neu- 
trality level [3]. 

Metal-GaAs(lOO) interfaces have not been ana- 
lyzed so thoroughly as the previously mentioned 
cases [4], the main reason being the complication 
introduced by the geometry of the GaAs(lOO) sur- 
face. In a recent work [5], we have analyzed the 
K/GaAs(100) interface formation, taking the As-rich 
GaAs(100)-2 X 4 surface reconstruction with three 
As-dimers [6] as our prototype system. In that work, 
the geometrical and electronic properties of the K- 
GaAs(lOO) interface have been analyzed using a 
selfconsistent LD-LCAO method [7,8], and consider- 
ing different metal coverages up to 1 ML. It was 
found that the alkali atoms interact strongly with the 
Ga-dangling bonds of the semiconductor second layer 
and form quasi ID chains along the missing rows of 
the semiconductor surface. For the specific recon- 
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Fig. 1. Surface geometry (top and side view) for an unrelaxed 
As-rich GaAs(lOO) 2X4 reconstruction. Different sites of adsorp- 
tion for progressive deposition of K-atoms are shown by labels 
(a), (b), (c) and (d) and (e). Notice that atoms (d) and (e) form a 
ID chain along the missing rows. 

struction we have analyzed, we also find an isolated 
K-atom linking the ID chains. 

Fig. 1 shows the geometry of deposition that we 
have obtained for a K-coverage of 0=5/8. The 
K-atoms located on the (a) and (b) sites form strong 
bonds with the Ga-dangling bonds, giving rise to 
two new occupied bands filled by 4 electrons. Then, 
we find a 'conduction' band (around 0.5 eV wide) 
associated with the atoms (d) and (e) having a 1/4 
occupancy (1 electron per unit cell). Increasing the 
alkali metal coverage completes the formation of the 
ID structures along the missing rows. On the other 
hand, for a larger coverage of 9 = 7/8, the addi- 
tional K-atoms are placed besides sites (d) and (e) 
thus forming a double chain along the missing rows. 
The conduction band associated with these double 
chains is filled up to 3/8. 

2. Effective Hamiltonian for the K-1D structures 

In this paper, our aim is addressed to understand- 
ing the metallic properties associated with the quasi 

linear chains created by the K-deposition on the 
GaAs(lOO) surface. We have analyzed these quasi- 
1D chains by means of the following Hamiltonian: 

H=  D£a«a(7+   E^l/.+ W + ^+l/aJ 

where a and ß refer to the Wannier-wavefunctions 
associated with the K-atoms forming the conduction 
band having a one-quarter band-filling; Ea is the 
energy level of each Wannier functions that, in our 
calculations appear as practically equivalent; t is the 
effective hopping between nearest neighbors that 
gives rise to a band-width of 0.5 eV (t — 0.12 eV); 
and U and Jaß are the intrasite and the intersite 
Coulomb interactions. In our calculations, using the 
Wannier functions of Hamiltonian (1), we have ob- 
tained f/=3.4 eV and 7,,+ 1 = 2.6 eV (this is the 
interaction between nearest neighbors); the intersite 
Coulomb interaction Jii+n for n> 1 is close to 
e2/(eldjJ+n), where diJ+n is the distance between 
sites i and i + n and e1 an effective interface dielec- 
tric constant (cj — 5). 

It is important to notice that in our model Hamil- 
tonian (1), we have introduced the off-diagonal 
Coulomb interactions Jaß; this is essential to de- 
scribe the metal-insulator transition. It is well known 
that the simplest 1D-Hubbard model, with Jaß = 0, 
does not exhibit a Mott transition at a one-quarter 
band filling. 

We show below that in order to analyze the 
metal-insulator transition for a one-quarter band fill- 
ing, we can replace the complete Hamiltonian (1) by 
an effective short-range one: 

"        =   2-1 banaiT~T~   2-1 t\CaaCa+\a~l~ Cct+l<TCatr) 
a,a a,<r 

+ LUe((fia,nai+    £   Je{{fia(rha+1(T,, 
a a,a,ar 

(2) 

where £/eff defines an effective intrasite Coulomb 
interaction and 7eff the one corresponding only to 
nearest-neighbor sites. 

The first point to notice is that we expect the 
insulating phase for a one-quarter band filling to 
show an electron localized every two K-sites. Then, 
we can establish the equivalence between Hamiltoni- 
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ans (1) and (2), by imposing that any kind of charge 
fluctuations between nearest-neighbor sites yield the 
same solution for both cases. This has been achieved 
by considering the local density solution presented in 
Ref. [8] for LCAO-Hamiltonians. 

In this regard, notice that the many-body terms of 
Hamiltonian (1) and (2), Uh^hi + Y.Jhaaha,CT,, can 
be replaced in the LD-approximation we are consid- 
ering by the following local potential: 

Vmh(na,) = Unal + Y,Jaßnß + V*c(na]),   (3) 

then 

Jl — I        = nm — rm 

YJa,a+\       J      ' 

(10) 

(11) 

where (1 + y)Ja<a+l = T,ßJaßnß defines for na + 
na+1 = 0 the Madelung potential crated on the a-site. 

Using for U and J the values given above, we 
obtain the effective Hamiltonian (2) with C/eff — 1.19 
eV and /eff - 0.39 eV. 

where V xc(n„ t) can be taken as: 

V \na T ) •'«,«+1\ 2        na T )• (4) 

Eq. (4) is defined using the equation Vxc(«at) 
= 3£xc(«aT)/9«aT and Exc(na t ) = 
- jJaia+ !«„ T (1 - na T). This exchange-correlation 
energy represents the interaction between the charge 
na T and its hole, 1 — na t, that is assumed to be 
localized in the nearest-neighbor sites. For Hamilto- 
nian (1) 

Vim\na,) = Unai + ZJaßnß 

ß 

~ •'a,a+ 1 (l ~ na T j' ("V 

while for Hamiltonian (2) 

V2
n'b(na,) = U*tnal+rtf(na+1+na) 

-Je%-na,). (6) 

The equivalence between the LD-solutions of both 
Hamiltonians is established by considering charge 
fluctuations such that 

or equivalently 

1 n at 'a i 

(7) 

(8) 

Eqs. (5) and (6) yield the following condition for 
the equivalence between the solutions of Hamiltoni- 
ans (1) and (2): 

(U-Ja.a+i)nai + 2-iJaß
n

ß       Ja,a+lna+l 

= (u*(-rtf)nal + [r«na_l], (9) 

3. Analysis of the metal-insulator transition 

The extended Hubbard model (Eq. (2)) at quarter 
filling is known to exhibit a metal-insulator transi- 
tion for sufficiently large interatomic Coulomb inter- 
action Jeff (for the following discussion we shall 
omit the superscript 'eff in U and J). This transi- 
tion has been analyzed by means of small cluster 
diagonalization in Ref. [9], which predicts a critical 
/ value of 2t almost independent of U (provided 
that U » t). 

In order to analyze the transition with more detail 
we have used a Green functions approach based on 
the introduction of an appropriate self-energy for 
describing correlation effects in Hamiltonian (2). In 
our solution, we allow for charge transfer between 
nearest-neighbors, with the condition ni + ni+1 = \. 
As U » J for the relevant parameter range we are 
interested in, the effect of the interatomic Coulomb 
repulsion is included within a mean field approxima- 
tion, while the correlation effects associated with the 
intraatomic repulsion are included in a local self-en- 
ergy. 

This self-energy is calculated as follows: first, we 
evaluate the second-order proper self-energy dia- 
gram, Xj-P(w), given by 

XP(w) = U2f° dco,f d^Gf^-c,) 
J — oc *' — oc 

XG«"(6,, + 6,2)G}?>(a,2). (12) 

In this diagram the one-electron propagators, 
G^Kco), are determined in a self-consistent way 
following a procedure introduced in Ref. [10] to 
study the metal-insulator transition in the half-filled 
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Hubbard model. In this procedure G^Kco) is calcu- 
lated from 

1 1 

G$K<»)      Gu(co) 
+ XP(o>), (13) 

where G„(w) is the completely dressed one-electron 
propagator given by 

G„(") = /do/ -±J-y (14) 

Pi being the noninteracting local density of states 
and e; is the mean field local level. 

In the half-filled case the second-order self-energy 
is known to describe correctly both the U -»0 and 
U -> o° limits providing an adequate approximation 
for the intermediate region [11]. However, for the 
case of a partially filled band the second-order self- 
energy does not yield the correct U -* °° limit. This 
failure can be corrected using an interpolative scheme 
as described in Refs. [11,12], in which Xjp is 
replaced by 

Xu(*>) = 
l-a2f?\o>)' 

(15) 

with 

a = 
(1-K,./2)E/-£,.(M) 

n,./2(l-«,/2)f/2 

The metal-insulator transition that takes place for 
increasing values of J is illustrated in Fig. 2 where 
the spectral density is plotted for a fixed value of U 
(U = 9t, which is close to the value estimated in 
section II) and three different values of J around the 
transition. As can be observed, when approaching 
the transition, the metallic phase is characterized by 
the appearance of a Kondo-like resonance around the 
Fermi energy. The transition is signaled by the weight 
of this resonance going to zero together with the 
opening of an energy gap of width ~ /. We obtain a 
critical value J~2t in agreement with the small 
cluster results [9]. 

4. Conclusions 

We therefore conclude that for the parameters 
estimated above for the 5K-atom case (which corre- 
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i 
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Fig. 2. Spectral density for the effective extended Hubbard model 
at quarter filling describing the K-1D chains. Results for three 
values of J around the metal-insulator transition are shown. The 
arrows indicate the position of the Fermi energy. 

spond to J = 3t), the system is clearly on the insulat- 
ing phase. On the other hand, when increasing the 
metal deposition we expect the transition into the 
metallic phase to take place. The reason for this is 
twofold: on the one hand there is an increase in the 
effective band-width due to the larger coordination 
number (for a coverage of 7/8 monolayers the K 
atoms form double chains along the missing rows of 
the (100) surface [5]); on the other hand for a band 
filling larger than 1/4 the charge density wave phase 
becomes energetically unfavorable. 

In conclusion we have presented a theoretical 
study for K deposited on the Ga-As (100) surface 
which suggests the appearance of a metal-insulator 
transition for coverages between 5/8 and 7/8 mono- 
layers. 
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Abstract 

In order to characterize the isolated defect clusters in Si crystal induced by single ion implantation (SII), a quantitative 
analysis of forward I-V characteristics of ion irradiated Schottky diodes was performed. A very good linearity was found 
between the number of single ions and the number of recombination centers. By a careful choice of SII condition, in order to 
get a linear response of a device function to the single ion dose, this quantitative analysis could be applied to the test of 
device immunity against ion irradiation and to the diagnosis of the process integrity. 

1. Introduction 

As the size of semiconductor devices is reduced 
to less than 0.1 /xm, fluctuation in the number of 
dopant atoms will seriously affect the device charac- 
teristics. In order to suppress the fluctuation, we are 
developing a novel ion implantation technique desig- 
nated as 'single ion implantation (SII)' [1]. Since, in 
the SII technology, we implant dopant ions one by 
one, the interval of single ion incidence in target 
materials is much longer than the conventional ion 
implantation and the crystal defects after SII would 
be much less in number and smaller in size than the 
ones after the conventional ion implantation. Hence 

* Corresponding author. 

the track of each ion would be isolated and the 
isolated defect clusters must be formed. For the 
electrical activation of implanted single ions heat 
treatment is essential, but the behavior of these 
'isolated defect clusters' after the SII is not known 
yet. 

It is expected that the isolated defect clusters 
would act as recombination centers for carriers and 
may affect the carrier lifetime in target materials [2]. 
The change in minority carrier lifetime in semicon- 
ductor substrate would change the I-V character- 
istics of Schottky diodes (SD's), because the genera- 
tion-recombination current is directly affected by 
the carrier lifetime. In this work, as a probe to detect 
a small number of isolated defect clusters, we have 
analyzed I-V characteristics of SD's implanted with 
MeV He single ions and clarified a relationship 
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between the exact number of implanted single ions 
and the amount of isolated defect clusters. 

2. Experimental 

The experimental procedure consists of three 
steps: (1) Schottky diodes (SD's) fabrication; (2) 
MeV He single ion irradiation and in-situ I-V mea- 
surement of SD's; (3) curve fitting of the measured 
I-V data. In order to fabricate SD's, we have used a 
thermally oxidized n-type Si(100) wafer with circu- 
lar openings of 50 /tm in diameter. The sample was 
degreased and etched in diluted HF solution for a 
few seconds to remove the native oxide on the 
specimens. After short rinsing in deionized water and 
brown drying with air, the sample was immediately 
placed into an UHV evaporation chamber for metal 
deposition. Platinum thin films were deposited to a 
thickness of 300 nm through the metal mask to 
define circular spots with a diameter of 800 jum over 
the oxide openings under a working pressure of 10~7 

Torr. The wafer was then annealed in a N2 ambient 
at 400°C to form PtSi. 

In order to find a quantitative relationship be- 
tween the number of implanted single ions and the 
amount of isolated defect clusters, it is important to 
implant a well defined number of ions into a well 
defined Schottky junction. For the precise control of 
the number of implanted ions, we took full advan- 
tage of the single ion microprobe (SIMP) at Waseda 
university [3] which enabled us to implant He single 
ions one by one until the necessary number was 
reached. For the high precision aiming of the defined 
area to be hit by the ions, the single ion beam 
induced charge (SIBIC) imaging [4] was used. The 
SIBIC imaging method which is based on the two- 
dimensional mapping of collected charges induced 
by single ion irradiation uses inherently non-destruc- 
tive only a few ions per pixel. A typical SIBIC 
image of the SD is shown in Fig. 1. 2 MeV He 
single ions were irradiated to the SD's at ion doses 
ranging from 102 to 105 ions. During ion irradiation 
and I-V measurement the sample temperature was 
kept at room temperature. 

After ion irradiation we have quantitatively ana- 
lyzed the I-V characteristics by the curve fitting. In 
the curve fitting we assumed that the forward current 

50 urn 
Fig. I. A typical SIBIC image of a PtSi/n-Si Schottky diode. The 
scanned area is I20X 120 pm2 and the diameter of the diode is 
50 pm. The blight area in this image corresponds to the SD 
depletion region. 

of a SD consists of two components: thermionic 
emission current and recombination current [5]. In 
fitting a theoretical I-V curve to an experimental 
one, the program finds by iteration a set of three 
parameters of real barrier height (</>bo), recombina- 
tion current density (/,.„), and series resistance (#s). 

3. Results and discussions 

Fig. 2 shows I-V characteristics of an SD with a 
diameter of 50 /urn irradiated with 1.2 X 105 He 
single ions. After ion irradiation, the current in- 
creased for both the reverse and the forward charac- 
teristics. This result clearly shows that ion irradiation 
induced defect clusters in which a number of genera- 
tion-recombination centers are accommodated. In 
order to perform a quantitative analysis of the re- 
sults, the curve fitting was carried out for the for- 
ward characteristics of the SD's. The set of parame- 
ters determined by the curve fitting is summarized in 
Table 1. The reproducibility of the real Schottky 
barrier height is excellent. 

In order to estimate the number of recombination 
centers in the SD induced by single ion irradiation 
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Fig. 2. The I-V characteristics of a PtSi/n-Si Schottky diode 
before and after ion irradiation. He single ions were irradiated at 
an acceleration energy of 2 MeV to a dose of 1.2 X 105 ions. 

o  4 
T—i 

X 

C 
CD 
O 

c 
o 

S  2 
X3 
E o o 
CD 

o 
v- 

z 

..©■" 

 <3' 

•"O 
Slope : 11.4 

Intercept : 1.31x106 

0 5 10 15 
Number of He single ions [Xl04ions] 

Fig. 3. The relation between the number of He single ions and the 
number of recombination centers. 

on the basis of the experimental results and the curve 
fitting, we derive the relation between the recom- 
bination center density (Nt) and the recombination 
current density (/ro). The recombination current (7r) 
of forward biased SD's can be written approximately 
as [6] 

Jr = Jmexp(qV/2kT){l - exp( -qV/kT)},      (1) 

where V is the applied voltage to SD's. In this 
equation, the recombination current density (7ro) is 
correlated with the recombination lifetime of carriers 
(rr): 

Jm = <lniw/2T
t> (2) 

Table 1 
The results of curve fitting for I-V curves of ion irradiated 
Schottky diodes. The recombination current density gradually 
increased with the increase in ion dose 

Ion dose (ions) Jm (A/cm2) <f>bo (eV) Rs(a) 
initial 2.6X10"7 0.84 5.4X103 

1.5X102 2.7X10"7 0.84 5.7X103 

2.6X103 2.9X1CT7 0.84 5.6X103 

2.3 X104 3.0X10"7 0.84 7.1 X103 

7.2X104 4.2X10"7 0.84 7.9X103 

1.2 X105 5.5X1CT7 0.84 6.1 X103 

where «; is the intrinsic carrier density and w the 
depletion region width, respectively. On the other 
hand, the recombination lifetime (rr) can be repre- 
sented by the recombination center density (Nr) as 
follows [7]: 

7"r= iAth0"^. (3) 

where vth is the thermal velocity of carriers and a 
the carrier capture cross section of recombination 
centers, respectively. It should be noted that Eq. (3) 
is valid only under the following two assumptions: 
firstly, the electron density in n-type Si is much 
larger than the hole density; secondly, the recom- 
bination center is at the midgap of Si. Substituting 
Eq. (3) in Eq. (2) we obtain the next equation for 
correlating 7ro with Nr: 

Nr = 2Jr0/
vth°r<lniW- (4) 

In the calculation of Nr from Jm, we have assumed 
vlh to be 107 cm/s and a 10~15 cm-2. 

Fig. 3 shows a relation between the number of 
implanted He single ions and the number of recom- 
bination centers (Afn) in the depletion region of the 
SD. The dotted line in this figure is the least square 
fit to the experimental plots. It is obvious that there 
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is a very good linearity between Nn and the number 
of He single ions. The slope of the dotted line, 11.4, 
means an average number of recombination centers 
induced by a He single ion at an energy of 2 MeV at 
room temperature. This value would depend on ion 
species, acceleration energies, and irradiation tem- 
perature. Especially the irradiation temperature must 
have played an important role in the relaxation pro- 
cess during and after the ion collision cascade. 
Therefore it is expected that by a careful choice of 
experimental conditions and by taking advantage of 
the simulation of ion collision cascade, we could 
shed a light on the behavior of recombination cen- 
ters. A more important aspect of Fig. 3 is that if we 
plot a quantity related to a process or device func- 
tion, the slope of the dotted line in Fig. 3 can be 
regarded as an index of the device immunity against 
ion irradiation, e.g. the slope would be high for a 
'fragile' device. 

The intercept, 1.31 X 106, found by extrapolating 
experimental plots in Fig. 3 to zero ions yields the 
number of recombination centers which exist at the 
initial M/S interface. The initial number was ob- 
tained directly from the I-V characteristic of the SD 
before ion irradiation was to be 1.27 X 106. The 
coincidence of the two values is quite good. This 
suggests that, even if the initial value is below the 
detection limit, the extrapolation to zero ions gives 
an alternative method to evaluate the initial value. 
Thus the slope and the intercept at the vertical axis 
in the linear relationship as shown in Fig. 3 can be a 
powerful tool for process and device diagnoses. 

Assumptions made in evaluating Nn might cause 
some ambiguity because of a not well defined carrier 
capture cross section (a) and defect energy levels 
(Zst). In addition, when the relatively heavy single 
ions such as As+ are to be implanted at lower 
energies, the nature of isolated defect clusters would 
be altered significantly, thus a simple assumption of 
a single Et and a may not hold. Therefore, for a 

more quantitative analysis the measurement of these 
quantities by DLTS or other independent analytical 
means would be necessary. 

4. Conclusion 

In order to develop the single ion implantation 
(SII) technique, we have tried to probe the nature of 
isolated defect clusters induced by the SII. A change 
in forward I-V characteristics of Schottky diodes 
before and after the SII has been analyzed quantita- 
tively. We found a very good linear correlation 
between the number of implanted He single ions and 
the number of recombination centers. This approach 
has turned out to be a powerful tool for process and 
device diagnoses. 
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Abstract 

A normal incidence X-ray standing wave (NIXSW) study of room temperature in-situ S adsorption on InP(110) is 
described. The S atom XSW profile was measured by detecting S Is photoemission yield for the (220) Bragg reflection. The 
average perpendicular distance of the S atoms from the InP(llO) surface was determined to be 1.95 + 0.02 A. The coherent 
fraction fc was found to be 0.67 + 0.02, which upon annealing to 270°C increased to 0.82 + 0.02. A (1 X 1) low energy 
diffraction (LEED) pattern was observed in all cases. Models for the adsorption geometry are discussed. 

1. Introduction 

The ability of chalcogens to modify III-V semi- 
conductor heteroj unction behaviour has been the sub- 
ject of scientific and technological interest in recent 
years. Improvements in electronic and optical charac- 
teristics of III-V semiconductor devices treated with 
sulphides has been extensively reported and at- 
tributed to the reduction in the density of interface 
states [1]. Surfactant behaviour of chalcogens on 
GaAs(OOl) substrates has enabled improvements in 
the growth mode of both metal [2] and semiconduc- 
tor [3] thin films and Schottky barrier heights of 

* Corresponding author. Fax:  +44-151-7080662; e-mail: mc- 
grath @ ssci.liv.ac.uk. 

Also at the Department of Physics, The University of Liver- 
pool, P.O. Box 147, Liverpool L69 3BX, UK. 

metal-semiconductor systems exhibit a greater sensi- 
tivity to the metal work functions when a chalcogen 
interlayer is incorporated [4]. 

Sulphur passivation of the III-V semiconductor 
surfaces arises from the modification of the surface 
electronic structure and can be explained in terms of 
the S/III-V semiconductor bonding geometry [5]. In 
this work the bonding geometry of the S/InP(110) 
system is investigated. 

A number of different approaches to the forma- 
tion of S/III-V overlay er systems have been taken. 
The S/InP(001) system, where the sulphur treatment 
has been achieved by a variety of ex-situ wet chemi- 
cal sulphide etchants [5-11] or by the in-situ expo- 
sure to H2S [12,13], has been studied extensively. 
Photoemission studies have shown that after room 
temperature treatment using a (NH4)2S;C solution S 
bonds only to In [9] and a (1X1) low energy 

0169-4332/96/$15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
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electron diffraction (LEED) pattern is observed [14]. 
Annealing in the temperature range 350°C-500°C 
leads to the formation of a (2 X 1) LEED pattern 
[11,14,15]. The H2S/InP(110) system has been stud- 
ied for low exposure of H2S (2 L) resulting in a 
weakly bound adsorbate which readily desorbs when 
annealed to 50°C [16] and for high exposures which 
upon annealing to temperatures in the range 200°C- 
300°C results in the formation of In-S bonding [17]. 

In this work the interaction of S emanating from a 
solid-state source in ultra high vacuum (UHV) condi- 
tions with the in-situ cleaved (110) surface of InP is 
studied. The advantages of studying the cleavage 
surface are that it is well-understood, has a known 
stoichiometry and is easily reproducible. 

The structural aspects of this system are investi- 
gated using NIXSW [18,19] and low energy electron 
diffraction (LEED). The NIXSW technique is based 
on the fact that when an X-ray impinges on a 
crystalline substrate near a Bragg condition the inci- 
dent beam is strongly reflected. The superposition of 
the incident and reflected beam forms an XSW 
which possesses the periodicity of the reflecting 
Bragg planes of the crystal. The electric field inten- 
sity of the XSW therefore exhibits a spatial modula- 
tion over an interplanar distance, and this makes the 
XSW technique sensitive to the atomic positions 
since the photoexcitation of the atoms is proportional 
to this spatial modulation. The pertinent task is to 
monitor the photoexcitation process and this can be 
achieved by detecting the emitted photoelectrons or 
the products of the subsequent decay processes such 
as Auger electrons or fluorescent photons. Analysis 
of the absorption yield as a function of the photon 
energy over the range of a Bragg reflection allows a 
precise determination of the vertical height of the 
adsorbate atom with respect to the reflecting Bragg 
plane. The structures of Sb/GaP(110) [20], 
Sb/GaAs(110) [21,22] and H2S/InP(l 10) [16] have 
been investigated using this technique. 

2. Experimental details 

NIXSW experiments were conducted at the IRC 
beamline 4.2 of the synchrotron radiation source 
(SRS) at the Daresbury Laboratory, UK. A Ge(lll) 
double-crystal monochromator provides monochro- 

matic light in the energy range ~ 1950-5000 eV 
[23]. A chromium-quartz mirror combination allows 
high-energy cut-off preventing contamination of the 
incident beam with third-order radiation. The UHV 
chamber was equipped with a concentric hemispheri- 
cal electron analyser (Vacuum Generators AX 100) 
and Omicron LEED optics. 

XSW profiles of the adsorbate and substrate atoms 
were measured using photoemission yield (S Is, P Is 
and In 3p3/2 core levels). The photoemission yield 
sits on a background consisting of inelastically scat- 
tered secondary electrons. This background was cor- 
rected for by subtracting XSW profiles measured at a 
kinetic energy ~ 10 eV above the photoemission 
peaks. 

The variation as a function of photon energy (E) 
in the total electron yield TEY(Zs) and the sample 
reflectivity R(E) were measured simultaneously with 
the photoemission yield Y(E) from the adsorbate 
atoms in the region of the Bragg reflection. These 
measurements provide information on the energy 
resolution and calibration of the incident beam. The 
TEY( E) was measured using the drain current of the 
sample. R(E) was measured via photocurrent yield 
using a 90% transmission copper grid. The measured 
photocurrent is composed of two signals, that of the 
back-reflected beam R( E) and that of the transmit- 
ted incident beam. R(E) is extracted from the total 
signal by subtracting a polynomial background rep- 
resenting the transmitted signal. 

Undoped InP samples (MCP Wafer Technology, 
UK) in the form of (110) orientated single crystal 
bars were used. These bars were notched and subse- 
quently cleaved in-situ. Sulphur deposition was 
achieved by decomposition of tin(IV)sulphide (SnS2) 
in a Knudsen-type evaporator. 

3. Results 

The emission yield Y(E) in the XSW field where 
extinction effects are negligible is given by [20] 

Y(E)/Y0 = 1 + R(E) + 2{kjE)fc cos(0(E) 

-2TT0C) (1) 

where YQ is the average yield away from the region 
of strong reflection, R( E) is the sample reflectivity, 
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Fig. I. (a) The (220) Bragg reflection of InP(l 10) as a function of 
photon energy. The data are fitted to the Darwin-Prins curve for 
reflectivity convoluted with a Gaussian of full width half maxi- 
mum (FWHM) = 0.64 + 0.01 cV. (b. c) The substrate In 3p,/2 

and P 1 s core level photoemission signals monitored as a function 
of photon energy in the region of the (220) Bragg reflection 
together with fits to Eq. (1). 

level photoemission yields are fc = 0.93, <2>c=1.0 
and fc = 0.93, <PC = 1.0 respectively. The departure 
of the values for fe from the expected value of unity 
may be due to the fact that the Debye-Waller factor 
is not independently determined and is therefore 
chosen to be unity in all fits. 

Fig. 2(a) shows the S Is XSW profile for the 
(220) Bragg reflection for a room temperature expo- 
sure of 0.5 L, together with the fit to the data using 
Eq. (1). A sharp 1 X 1 LEED pattern was observed 
before dosing, which exhibited only a reduction in 
spot intensity after dosing. The coherent fraction is 
/c = 0.67 + 0.02 and the coherent position is <3>c = 
0.94 + 0.01. The sample was then annealed. The 
annealing temperature was measured using a thermo- 
couple on the sample holder to be 270°C. This is 
therefore a maximum value for the sample surface 
temperature. The subsequent XSW profile for the S 
atoms is shown in Fig. 2(b). The fitting parameters 
are /c = 0.82 + 0.02 and <£c = 0.94 + 0.01. The in- 
crease in fc indicates that the annealing procedure 

0(E) is the phase factor relating the incident beam 
electric field to the reflected beam electric field, 4>c 

is the coherent distance, i.e. the adsorbate-substrate 
distance in units of the reflecting plane spacing 
(modulo nd, where d is the bulk interplanar spacing 
and n an integer), and fc is the coherent fraction 
which corresponds to the fraction of total contribut- 
ing atoms at $>c. /L. and <PC are the fitting parameters. 

The measured R(E) at the (220) Bragg reflection 
is shown in Fig. 1(a). By fitting this curve to the 
Darwin-Prins curve for reflectivity [24] convoluted 
with a Gaussian approximating the instrumental 
broadening, a value of 0.64 + 0.01 eV was obtained 
which is an indication of the photon energy resolu- 
tion. The photon energy calibration and broadening 
obtained from the reflectivity were then used in the 
subsequent analysis of the XSW profiles. Fig. 1(b) 
and (c) show the substrate In 3p1/2 and P Is core 
level photoemission signals monitored as a function 
of photon energy in the region of the (220) Bragg 
reflection together with fits to Eq. (1) using this 
procedure. The coherent fractions and distances ob- 
tained from the fits for the In 3p1/2 and P Is core 

1.6 

1.4 

&    1.2 

1.0 

Room temperature 

fc = 0.67 +/-0.02 
l\              — calculated 

<bc = 0.94 +/-0.01 
1   V       (a) 

Annealed to 270 °C 

fc = 0.82 +/-0.02 

4£ = 0.94 +/-0.01 V           (b) 

1              1 

2975 2980     2985 

Photon energy / eV 

2990 

Fig. 2. (a) Photon energy dependence of the background-sub- 
tracted and normalised S Is photoemission yield from approxi- 
mately 1 ML of S on InP(l 10) in the region of the (220) Bragg 
reflection. The fit to Eq. (1) yields fc = 0.65 + 0.05 and &c = 0.93 
+ 0.02. (b) Photon energy dependence of the background-sub- 
tracted and normalised S Is photoemission yield from approxi- 
mately 1 ML of S on InP(l 10) in the region of the (220) Bragg 
reflection after annealing the surface to 270°C. The fit to Eq. (1) 
yields /c = 0.84 + 0.05 and 0t. = 0.93 + 0.02.    > 
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increases the fraction of the S atoms at <PC = 0.94 + 
0.01. 

4. Discussion 

TOP VIEW SIDE VIEW 

(a) 

Room temperature S adsorption results in a mea- 
sured coherent fraction of 0.67 + 0.02. This value is 
low in comparison to a typical value of 0.8 obtained 
for a highly ordered S overlayer [18]; this may be 
explained in terms of the S adsorption occurring at 
multiple sites [25] or by the presence of disordered S. 

Annealing results in an increase in the coherent 
fraction (to 0.82 + 0.02) and no change in the coher- 
ent position. Annealing may cause an exchange reac- 
tion to occur between S and P atoms in the first 
atomic layers: S and P exchange has been observed 
by photoelectron diffraction from an (NH4)2S_V- 
treated InP(OOl) surface annealed to 350°C [15]. The 
exchange reaction is favoured thermodynamically 
and by the similarity of the P and S atomic sizes 
[15]. However S atoms diffused into the bulk would 
assume substitutional sites and since the position of 
the S atoms determined here is not that of the actual 
bulk lattice positions and there is no change in the 
coherent position upon annealing this is unlikely. 
The fact that the coherent fraction increases without 
a change in coherent position is consistent with a 
single adsorption site and the removal of kinetically 
limited disorder. Similar behaviour has been ob- 
served in an XSW study of S adsorption on 
GaAs(OOl) [26]. It seems probable that annealing to 
the higher temperature of 350°C is necessary to 
activate the exchange reaction. 

As a starting point for our discussion of possible 
adsorption geometries, we assume that the clean 
surface relaxation [27,28] is removed by the adsorp- 
tion process 2. Four possible high symmetry adsorp- 
tion sites (Fig. 3) are considered. These sites were 
chosen to be consistent with the observed absence of 
exchange reaction, the near bulk-like S distance from 
the surface and the observed (1 X 1) periodicity of 

Although there is no direct evidence for this in our study, 
complete or partial removal of the clean surface relaxation has 
been observed for other adsorbates, e.g. Cs/InP(110) [29], 
H2S/InP(110)[16], 

(b) 

(c) 

(d) 

®S    oln      »P 

Fig. 3. Schematic diagrams of possible surface geometries for a 
(1X1) overlayer of S on InP(l 10). (a) Epitaxial continued layer 
structure (ECLS), (b) interchain bridging structure, (c) modified 
epitaxial on-top structure (EOTS) with bonding only to In, (d) 
so-called 'defect' model. 

the overlayer. The sites are, following the notation of 
Refs. [30] and [31], the epitaxial continued layer 
structure (ECLS), Fig. 3(a), 6 = 1 ML; the inter- 
chain bridging structure, Fig. 3(b), 0 = 0.5 ML; a 
modified epitaxial on-top structure (EOTS) with 
bonding only to In, Fig. 3(c), 0 = 0.5 ML; and the 
so-called 'defect' model, Fig. 3(d), 0 = 0.5 ML, 
where the S atoms adopt the positions of P atoms in 
the next atomic layer. 

Since previous work on the InP(OOl) surface 
showed that S bonds only to In [9] and only the In-S 
bond persists after annealing the H2S/InP(110) sys- 
tem in the temperature range 200°C-300°C [17], the 
ECLS site and the interlayer bridging site which 
involve bonding to both In and P (Fig. 3(a) and (b)) 
can be ruled out. Assuming removal of the clean 
surface relaxation, the measured coherent position of 
0.94 + 0.01 corresponds to an average vertical dis- 
tance of 1.95 + 0.02 A for the S atoms from the InP 
surface. Within this context the In-S bond length for 
the modified EOTS would be 1.95 A which is very 
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much less than the sum of the covalent radii (2.48 A) 
[32] so this adsorption site can also be eliminated. 
Finally, the S atoms may assume P sites of the ideal 
bulk termination, Fig. 3(d). If the bond-length is 
assumed to be the sum of the covalent radii then the 
In-S-In bond angle would be 104 + 1° which is 
close to the bulk tetrahedral bond angle (109.6°) 
implying In-S bonding of covalent sp3 character. 
Our work points to this site as the most likely. 

5. Conclusions 

Room temperature in-situ adsorption of 0.5 L of S 
on the cleaved InP(l 10) surface results in a less than 
perfect overlayer. Subsequent annealing to < 270°C 
removes the kinetically limited disorder resulting in 
a high coherent fraction (0.82 + 0.02) which indi- 
cates a high degree of order and a single adsorption 
site. The S atoms are a vertical distance of 1.95 + 

o 

0.02 A from the surface. A model for the adsorption 
geometry is suggested where the S atoms assume 
positions close to the ideal bulk-termination P sites. 
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Abstract 

In this study, metal films of Co were deposited in situ on strained and unstrained SivGe,_v alloys, and the Schottky 
barrier (EF — Ew) was determined by angle resolved ultraviolet photoemission spectroscopy (ARUPS). Measurements were 
obtained as a function of Ge composition. Strained and unstrained epitaxial SivGe,_v alloys were grown on Si(100) wafers 
using electron beam evaporation in an ultra-high vacuum molecular beam epitaxy (UHV MBE) chamber. The ARUPS 
experiments were performed to measure the Schottky barrier heights of Co on a series of Si vGe, _, alloys, and to observe 
the surface states. The surface states of clean SixGe,_v alloys were observed and were extinguished as Co thickness 
increased to ~ 0.4 A. The p-type Schottky barrier of Co on Si was found to be 0.52 eV. The measured barrier heights of Co 
on strained Si^Gej _x alloys ranged from 0.33 eV to 0.46 eV as x increased from 0.40 to 0.80. The Schottky barrier of Co 
on unstrained Si^Ge,.^ alloys ranged from 0.23 eV to 0.41 eV as x increased from 0 to 0.60. In fact, the p-type Schottky 
barrier was essentially identical for strained and unstrained SiA.Ge,_v alloys of the same concentration. This indicates that 
the n-type Schottky barrier is substantially different for strained and unstrained alloys. ARUPS was also conducted to 
measure the electron affinities of the series of SiA.Ge|_v alloys and the work function of Co. The results show that the 
barrier does not follow the work function model. 

1. Introduction 

Recently, there has been interest in Si^Ge,_v 

alloys because of the potential applications in high- 
speed heterojunction devices [1-5] and in optoelec- 
tronics [6,7]. Metal/Si^Ge^^ contacts, however, 
have not been investigated extensively despite of the 
importance for device applications. Silicon and ger- 
manium  are  completely miscible  over the  entire 

* Corresponding author. Tel.: +1-919-5153225; fax: 
5157331; e-mail: robert_nemanich@ncsu.edu. 

-1-919- 

compositional range and give rise to alloys with the 
diamond crystal structure. Due to the lattice mis- 
match (4.17%) between silicon and germanium, two 
types of epitaxial growth of SivGe,_v alloys are 
possible on a bulk substrate, usually Si; strained or 
pseudomorphic, and unstrained or relaxed. The band 
gap of the SivGe,_v alloys decreases as the Ge 
content increases, and the strained SivGe,_v alloys 
exhibit a greater reduction in the band gap than 
unstrained SivGe,_v alloy [8]. To date, several at- 
tempts have been made to investigate the Schottky 
barrier of metals on SivGe,_v alloys. Kanaya et al. 
[9] studied the Schottky barrier heights of Pt(Pd) 

0169-4332/96/$ 15.00 Copyright © 1996 Published by Elsevier Science B.V. All rights reserved. 
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silicide/p-Si^Ge, _x using /- V techniques and found 
that the Schottky barrier heights decrease as the Ge 
content increases and that the Schottky barrier height 
of the strained SixGe,_^. sample is smaller than that 
of the relaxed one. Liou et al. [10] also performed an 
experiment about the interfacial reactions and Schot- 
tky barriers of Pt/n-Si0 sGe0 2 and Pd/n-Si08Ge0 2 

with I-V measurements. They found that the Schot- 
tky barrier heights are much smaller than those of 
n-Si. 

In this work, the Schottky barrier heights of cobalt 
(Co) on Si, strained Si/je^ alloys (x = 0.40, 0.60, 
and 0.80) and unstrained Si^Ge^^ alloys (x = 0, 
0.20, 0.40, and 0.60) were measured using angle 
resolved ultraviolet photoemission spectroscopy 
(ARUPS). With this technique, the barrier height not 
only can be measured for a submonolayer film but 
also can be directly deduced by determining the 
valence band edge and the Fermi level position. 
Surface reconstruction and contamination were mon- 
itored by means of in situ low energy electron 
diffraction (LEED) and Auger electron spectroscopy 
(AES). The purpose of this study is to examine the 
Schottky barrier heights of Co on a series of Si xGe [ _ x 

alloys as a function of Ge composition and the 
effects of strained and unstrained Si^Ge, _x alloys on 
the Schottky barrier heights. The Schottky barrier 
formation will also be discussed in comparison with 
existing models. 

2. Experimental procedures 

The samples were prepared and measured using 
an integrated ultra-high vacuum (UHV) system, 
which consists of molecular beam epitaxy (MBE), 
ARUPS, LEED, AES, and loadlock chambers linked 
by a UHV transfer line. The Si/Je^^ film growth, 
the Co deposition and the surface measurements 
were all made in UHV without exposure to ambient. 

The substrates used in this study were 25 mm 
diameter n-type Si(100) wafers with a resistivity of 
0.8-1.2 O, cm. The wafers were cleaned by expo- 
sure to UV/ozone for 5 min to remove hydrocarbon 
contaminants, an HF based spin etch 
(HF: H20: ethanol = 1:1:10) to remove the native 
oxide, and followed by in situ heat cleaning to 850°C 
for 10 min in the UHV MBE chamber to eliminate 

the residual contamination. The wafers were mounted 
with tantalum (Ta) wire on a molybdenum (Mo) 
sample holder. A 200 A homoepitaxial silicon buffer 
layer was deposited on the atomically clean Si(100) 
substrate to ensure a contamination free interface. A 
series of SixGe,_x alloys were epitaxially grown on 
top of the silicon buffer layers using electron beam 
evaporation in the UHV MBE chamber. The base 
pressure of the MBE chamber was better than 1 X 
10"10 Torr. The substrate temperature was held at 
550°C during all depositions. The parameters of 
samples used in this experiment were 300 A for pure 
Si and pure Ge, and 200 A, 120 A, and 40 A, which 
are far below the critical thicknesses [11], for strained 
Si08Ge02, Si06Ge04 and Si04Ge06 alloys, respec- 
tively. For unstrained Siß6Ge04, Si04Ge06, and 
Si02Ge08 samples, 8000 A, 5000 A, and 3000 A 
were chosen respectively, which are far above the 
critical thicknesses [11]. LEED images of these sam- 
ples exhibited a sharp double domain 2X1 surface 
reconstruction, and AES data indicated no detectable 
carbon or oxygen on the surface before or after 
Si/Je,^ alloy depositions. The Co was evaporated 
at a rate ~ 0.05 A/s using a tungsten filament under 
a pressure in the 10 ~9 Torr with the sample kept at 
room temperature in the UHV ARUPS chamber. The 
thickness of the Co layer was monitored by a quartz 
oscillator. 

ARUPS was employed to measure the Schottky 
barrier heights and to observe the surface states of 
the clean surface. The base pressure of the ARUPS 
chamber was less than 2 X 10"10 Torr with an oper- 
ating pressure of < 1 X 10"9 Torr. The ARUPS 
spectra were obtained with a differentially pumped 
He discharge lamp delivering the He I (21.2 eV) 
radiation. The UV light is incident on the sample at 
~ 45° from the surface normal in the analyzer rota- 
tion plane and at ~ 15° from the surface in the 
perpendicular plane to the analyzer rotation plane. 
The photoemitted electrons were analyzed with a 50 
mm mean radius hemispherical analyzer with an 
energy resolution of 0.25 eV and an angular resolu- 
tion of 2°. The analyzer is mounted on a two stage 
goniometer which allows angle dependent measure- 
ment and can be rotated in the plane which is 
perpendicular to the surface of the sample. All 
ARUPS experiments presented in this paper were 
performed at emission angles, ©e, along the [010] 
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crystal direction, since along the [010] direction, the 
surface Brillouin zones of the two domains are 
equivalent according to the crystal symmetry. The 
selection of angle for comparison in the spectra was 
chosen to emphasize features associated with the 
bulk states of Si, Ge, or Si^Ge,^ alloys. Each 
spectrum was acquired using a 0.005 eV step size 
and an integration time of 1 s at each energy. To 
improve the signal-to-noise ratio, each sample was 
scanned five times and the five spectra were summed. 
After summing, the spectra were subjected to a five 
point smooth to further distinguish the data from the 
random noise. The position of the Fermi level was 
determined by measuring either a spectrum of a thick 
Co layer on the semiconductor or a spectrum of the 
metallic (Mo) sample holder. Both techniques yielded 
the same values. 

3. Results and discussion 

Co on Si0 8Ge0 2 Strained Layer 

-8-6-4-2 EF 

Energy relative to the Fermi level (eV) 

Fig. 1. The ARUPS spectra of clean strained Si08Ge02 alloy, and 
Co on strained Si08Ge02 alloy obtained as a function of Co 
coverages. A and B indicate states due to bulk transition and S 
indicates a surface state attributed to dangling bond states. 

The Schottky barrier height of a metal on a p-type 
semiconductor is defined as the energy difference 
between the valence band edge of the semiconductor 
and the Fermi level of the metal at the interface. In 
order to determine the Schottky barrier height from 
ARUPS data, it is necessary to establish the position 
of the valence band edge in the spectra. The valence 
band position, which is distinguished by the onset of 
the spectra, can also be expressed relative to the bulk 
peaks. Experiments are therefore limited to thin metal 
films because photoemission from the metal over- 
layer tends to mask that from the underlayer, and it 
obscures features necessary to determine the valence 
band edge at higher metal coverage. 

An emission angle of 35° was chosen for the pure 
Si sample and the strained Si^Ge,.^ samples, while 
a 30° emission angle was chosen for the unstrained 
Sij.Ge^^ samples, because the bulk state features 
are prominent at these angles. ARUPS spectra of Co 
on the strained Si08Ge02 and the unstrained 
Si02Ge08 for different Co coverage are shown in 
Fig. 1 and Fig. 2. The spectra of the clean strained 
Si08Ge02 at a 35° emission angle and the clean 
unstrained Si02Ge08 at a 30° emission angle look 
similar, but there is a substantial difference in the 
spectra obtained at normal emission for the same 
samples. The feature (S) associated with the dangling 

bond surface state located at 1.37 eV below the 
Fermi level was observed from the clean strained 
Si08Ge02 spectrum and was extinguished with Co 
evaporation. The features (A, B) due to the bulk 
transition at 7.64 eV and at 4.33 eV below the Fermi 

Co on SIQjGeo g Unstrained Layer 

■3 'E a 

He(I) radiation    EF-EV = 0.36 eV 
30° emission 

oxk 

-10 -8 -6 -4 -2 EF 

Energy relative to the Fermi level (eV) 

Fig. 2. The ARUPS spectra of clean unstrained Si0 2Ge0 8 alloy, 
and Co on unstrained Si02Ge08 alloy obtained as a function of 
Co coverages. A and B indicate states due to bulk transition and S 
indicates a surface state attributed to dangling bond states. 
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Table 1 
The measured Schottky barrier heights (£F — Ev) of Co on Si, 
strained Si^Ge^^. alloys, and unstrained Si^Ge,^ alloys. The 
value for Si is also shown in the strained column for comparison 

Ej-Ey of Strained and Unstrained SixGej_x 

Strained EF - £v (eV)      Unstrained      Ef - £v (eV) 

Si (cubic) 0.52 + 0.03 Si (cubic) 0.52 + 0.03 
Si08Ge02 0.46 + 0.03 

^'0.6^0.4 0.39 + 0.03 Sio.6^e0.4 0.41+0.03 
Si04Ge06 0.33 + 0.03 Sio.4Geo.6 0.36 + 0.03 

S'0.2^e0.8 0.36 + 0.03 
Ge 0.23 + 0.03 

level were used as reference peaks for deducing the 
valence band edge after Co deposition. The valence 
band edge, which was found to be 7.18 eV above the 
reference peak A, was determined by the onset of 
emission at ~ 0.46 eV below the Fermi level from 
the clean Si08Ge02 spectrum. No shifts in the ki- 
netic energies of the peak originating from bulk 
transition were observed for all measured samples 
and for all Co coverages. The Schottky barrier height 
(EF — Ey) of 0.46 eV and 0.36 eV were deduced for 
Co on the strained Si0gGe02 and the unstrained 
Si02Ge0g, respectively. The measured Schottky bar- 
rier heights for all of the samples are summarized in 
Table 1. 

Fig. 3 shows a schematic drawing of the band 
alignment   with   the   EF for   the   strained 
Si^Gej.^ alloys with Co overlayer. The band align- 

Ep-Ev of Strained SixGej.x 

Eg=     1.09 eV       0.9 eV      0.76 eV     0.66 eV 

Fig. 3. A schematic drawing of the band alignment of the EF — Ev 

for strained Si/je,.., alloys with a Co overlayer. The band 
alignment for strained Si/je,.., alloys on a Si(100) substrate is 
type I [12]. 

> 

1.0 
\.           '    —--____^    E„ for Unstrained SixGe|,x 

0.8 ^^^^                                    ^"*\ 
Eg for Strained SixGejjx'\^^                                    ^s.    . 

0.6 —- 
N 

0 
0.4 8 

8 

0.2 G Ep-Ev of Unstrained SixGe|.x                                         - 

o EF-EV of Strained SixGej_x 

0.4 0.6 0.S 

Composition Rate (1-x) Ge 

Fig. 4. The p-type Schottky barrier heights of Co on strained and 
unstrained SiA.Ge, _x alloys with the band gap reported by People 
[8]. 

ment for strained Si^Ge,^ alloys on Si(100) sub- 
strates is type I with a band discontinuity of 0.020 
eV at the conduction band [12]. The Schottky barrier 
heights of Co on the series of strained Si/je,^ 
alloys are pinned at around the middle of the band 
gap- 

The Schottky barrier heights of Co on the strained 
and the unstrained Si/jre,..,. alloys in Table 1 are 
plotted in Fig. 4 together with the band gap obtained 
by People [8]. It is noted that the Schottky barrier 
height of Co on strained and unstrained Si^Ge,.^ 
alloys decreases with increasing Ge content, which is 
similar to the results for Pt(Pd) in contact with the 
Si^Ge,^. alloys obtained by Kanaya et al. [9]. The 
Schottky barrier heights, however, were identical for 
Co on strained and unstrained Si^Ge^^ alloys with 
the same Ge content despite the fact that the strained 
and unstrained Si^Ge^^. alloys exhibit substantial 
differences in the band gap for identical alloy con- 
centrations. In other words, the n-type Schottky bar- 
rier heights of unstrained Si/je^^ alloys are re- 
markably larger than those of strained Si^Ge,^ 
alloys since the n-type barrier height can be obtained 
by subtracting p-type Schottky barrier height from 
the energy band gap of the semiconductor. 

The ARUPS spectra of the alloys were extended 
to measure the electron affinity of the semiconductor 
and the work function of metal. The electron affinity 
of the semiconductor and the metal work function 
are given by 
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X= hv — D — Eg for the electron affinity of the 
semiconductor, and 

<f> — hv — D for the metal work function, 

where hv is the incident energy (21.21 eV for He I 
radiation), Eg is the band gap of the semiconductor, 
and D is the width of the ARUPS spectrum. To 
obtain the width it is necessary to bias the sample to 
overcome the work function of the analyzer. The Co 
work function was found to be 4.98 eV which is in 
close agreement with the reported work function (5 
eV) of bulk Co [13]. The measured electron affinities 
of Si, strained Si^Ge^^ alloys and unstrained 
SivGe,_x alloys ranged from 3.83 eV to 4.05 eV 
(^-Si < ^Ge) and showed a slight difference between 
measured values of the electron affinities of Si and 
Ge and previously reported values (^Si = 4.01 eV, 
*Ge=4.13 eV) [14]. The calculated values of the 
p-type Schottky barrier using the measured electron 
affinities and the Co work function resulted in nega- 
tive values for all alloys. This indicates that the 
Schottky barrier of Co on a series of strained and 
unstrained Si^Ge^^ alloys is not consistent with the 
work function model. The results suggest that the 
Fermi level has been pinned by interface states [15]. 

4. Conclusions 

It was shown that the measured Schottky barrier 
height of Co on a series of SiAGe,„v alloys de- 
creased as the Ge content increased. No significant 
difference, however, was observed between the mea- 
sured p-type Schottky barrier heights of Co on 
strained SiAGe,_x alloys and those of Co on un- 
strained SixGe,_x alloys of the same Ge concentra- 
tion. Since the band gap of the strained and un- 
strained alloys are significantly different, this indi- 
cates that the n-type barrier differs for the strained 
and unstrained alloys. It was also shown that the 
barrier heights of Co on strained SixGe,_x alloys 

and unstrained SivGe,_v alloys do not follow the 
work function model, which suggests that the Fermi 
level has been pinned by interface states. 
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Abstract 

UV photoemission measurements were used to relate the electron affinity and Schottky barrier of thin Co layers on 
diamond (100) surfaces. Cobalt films of 2 A thickness were deposited on natural single crystal diamond (100) substrates by 
hot filament evaporation in ultra-high vacuum (UHV). The surfaces were characterized with auger electron spectroscopy and 
atomic force microscopy. The study explores the properties of the cobalt-diamond interface as a function of different surface 
cleaning procedures. Prior to deposition the diamond samples have been cleaned by UHV anneals at either 500°C or 1150°C. 
Following either of these anneals a positive electron affinity was deduced from the ultraviolet photoemission measurements. 
The measurements indicate that the surface annealed at 500°C is terminated with oxygen while the surface annealed at high 
temperature is free of adsorbates. Upon deposition of Co on the surface heated to 1150°C, a negative electron affinity (NEA) 
was detected, and a Schottky barrier height of 0.35 eV was measured. However, for Co films deposited on substrates 
annealed to 500°C a positive electron affinity and a Schottky barrier height of 1.45 eV were observed. The results are 
discussed in terms of a model that relates the electron affinity to the metal workfunction and the Schottky barrier. 

1. Introduction 

The electron affinity of a semiconductor surface is 
defined as the energy difference between the vacuum 
level and the conduction band minimum. For most 
materials the conduction band minimum lies below 
the vacuum level resulting in a positive electron 
affinity surface. For wide bandgap semiconductors 
like diamond the conduction band minimum is likely 
to be close to the vacuum level. Different surface 
treatments can induce or inhibit a NEA on diamond 

Corresponding author. Tel.: +1-919-5157530; fax: + 1-919- 
5157331: e-mail: pelei_baumann@ncsu.edu. 

surfaces [1-4]. Such treatments include annealing in 
UHV or plasma cleaning. Following a chemical etch 
the diamond (100) surface is terminated by oxygen. 
Chemisorbed oxygen forms a dipole layer on the 
surface that tends to increase the workfunction. Such 
a surface exhibits, therefore, a positive electron affin- 
ity. In addition it has been found that annealing the 
oxygen terminated diamond (100) crystals to 900- 
1050°C resulted in the removal of the oxygen which 
coincided with the appearance of a NEA and a 2 X 1 
reconstructed surface [1,3,4]. We have found that 
different wet chemical pre-treatments raised or low- 
ered the annealing temperature at which the 
chemisorbed oxygen was removed from the diamond 
(100) surface [1]. However heating these samples to 
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1150°C resulted in a positive electron affinity while 
the surface remained 2 X 1 reconstructed [4]. It has 
been proposed that the diamond surfaces are termi- 
nated by a monohydride following a 900-1050°C 
anneal. A monohydride on the diamond (100) sur- 
face changes the surface dipole such that the work- 
function of the surface is lowered. Whereas the 
removal of hydrogen leads to a clean surface and an 
increase in the workfunction. Indeed, ab initio calcu- 
lations for the 2 X 1 reconstructed surface indicate a 
NEA for the monohydride terminated surface and a 
positive electron affinity for the clean surface [3]. 

The deposition of a few A of metals like Ti, Ni or 
Cu on diamond has also been shown to induce a 
NEA [5,6,1]. The presence of a NEA or positive 
electron affinity has been correlated with different 
structures of the metal-diamond interface. Indeed, 
metal-diamond interfaces exhibiting a NEA have 
been found to have lower Schottky barrier heights 
than those exhibiting a positive electron affinity [6]. 
Depositing a few A of Ni on an Ar-plasma cleaned 
diamond (111) surface resulted in a NEA. A Schot- 
tky barrier height of 0.5 eV was measured for this 
interface. However, a positive electron affinity and a 
Schottky barrier height of 1.0 eV were found after 
growing a Ni layer of the same thickness on a 
hydrogen terminated diamond (111) surface. 

A number of studies have dealt with Schottky 
barrier height measurements of metals deposited on 
(100) and (111) oriented diamond surfaces as well as 
polycrystalline diamond films [1,5-16]. It has been 
found that the Schottky barrier height of metals on 
diamond is virtually independent of the workfunction 
of the metal. But it has been reported that the 
Schottky barrier height clearly depends on the sur- 
face treatment of the diamond before metal deposi- 
tion. In general, cleaning the diamond surfaces 
chemically in air results in a higher value for the 
Schottky barrier height than cleaning in vacuum. 

Photoemission spectroscopy is very sensitive to 
determine whether a surface exhibits a NEA. Elec- 
trons from the valence band are photoexcited into 
states in the conduction band and some will quasi 
thermalize to the conduction band minimum. Indeed, 
these secondary electrons can escape freely from a 
NEA surface. The spectra then exhibit a sharp fea- 
ture at the low kinetic energy end of photoemission 
[10,17]. 

In this study diamond (100) surfaces were cleaned 
by two different in vacuo heat treatments. Subse- 
quent to Co deposition on these diamond substrates 
the effects of the different surface treatments on the 
Co-diamond interface were examined. 

2. Experimental details 

Several natural type lib semiconducting diamond 
(100) crystals (3.0 X 3.0 X 0.25 mm) were used in 
this study. To remove non-diamond carbon and metal 
contaminants an electrochemical etch has been em- 
ployed [18]. This cleaning step involved placing the 
diamond samples between two Pt electrodes in 
deionized (DI) water as an electrolyte. A dc voltage 
of 350 V was applied between the electrodes. A 
typical value for the current was 0.5 mA. The crys- 
tals were then exposed to UV/ozone and rinsed in a 
HF solution to clean the surface from Si02 contami- 
nants. It has previously been reported that Si02 was 
present on the surface after an electrochemical etch 
[1]. Following this wet chemical cleaning step the 
samples were blown dry with N2. The wafers were 
mounted on a Mo holder and then transferred into 
the loadlock of the UHV system. This UHV system 
consists of several interconnected chambers includ- 
ing capabilities for annealing, metal deposition, UPS, 
AES and LEED. 

Two different in vacuo cleaning processes were 
employed to assess the influence of surface prepara- 
tion on the properties of the cobalt-diamond inter- 
face. One procedure involved annealing the samples 
to 500CC for 10 min. And the other involved a 
1150°C anneal for 10 min. During the anneals the 
pressure increased to ~ 8 X 10"10 Torr and ~7X 
10~9 Torr, respectively. Before deposition on the 
substrate, 10 A of Co was evaporated from the hot 
filament to clean surface contaminants from the 
source material. Then 2 A of Co was deposited on 
the diamond substrates. The thickness was monitored 
by a quartz crystal oscillator. The pressure during 
deposition was typically ~ 2 X 10"9 Torr. The sam- 
ples have been characterized by means of UPS, AES 
and LEED subsequent to the annealing and the depo- 
sition steps. 

The presence of a cobalt layer was confirmed by 
AES. AFM images of the diamond wafers used in 
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this study clearly showed arrays of linear groves 
parallel to each other. Typical depths of about 20 A 
were observed for these grooves. This surface struc- 
ture is due to the commercial surface polishing of the 
diamond samples. For both cases of growing Co on 
diamond samples annealed to 1150°C and on those 
heated to 500°C, the cobalt layers replicated the 
surface morphology of the underlying diamond sub- 
strates. Indeed Co grew as uniform films on the 
polishing groves of the diamond surfaces (Fig. 1). A 
1 X 1 unreconstructed LEED pattern was observed 
for the diamond samples subsequent to the 500°C 
anneal. Upon heating to 1150°C a 2 X 1 reconstruc- 
tion was obtained. 

The photoemission spectra were excited by Hel 
(21.21 eV) radiation. A 50 mm hemispherical ana- 
lyzer was employed to measure the emitted elec- 
trons. In this study the energy resolution was 0.15 
eV and the acceptance angle was 2°. To overcome 
the workfunction of the analyzer a bias of 1 V was 
applied to the sample. It was therefore possible to 
detect the low energy electrons emitted from the 
NEA surface. These electrons appear as a sharp peak 
at the low energy end of UPS spectra. The position 
of this feature corresponds to the energy position of 

Low Energy End 
of Spectrum 

High Energy End 
of Spectrum 

Evac for Positive Electron Affinity 

Evac for Negative Electron Affinity 

Fig. 2. Schematic diagram of photoemission spectra for a negative 
electron affinity surface (dotted line) and a positive electron 
affinity surface (solid line). 

the conduction band minimum, Ec (Fig. 2). Elec- 
trons emitted from  Ec appear at Ev + Ec in the 
spectra, where Ev is the energy of the valence band 
maximum and EG the bandgap energy. Furthermore, 
electrons from Ew get photoexcited to an energy 
level at £v + hv in the conduction band and are 

<110> 

il 
R 

2B 

* 

Fig. 1. AFM micrograph of 2 A of Co deposited on diamond (100). 
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Emission from 
the cobalt 

Electron energy 

Fig. 3. Schematic diagram of photoemission spectra for cobalt 
deposited on diamond. The Schottky barrier height &B is deter- 
mined from the difference between the position of the valence 
band edge of diamond £v and the metal Fermi level EF. 

obviously detected at Ew + hv in UPS spectra. This 
corresponds to the high kinetic energy end of the 
spectra. Therefore the spectral width for a NEA 
surface is hv-EG. Using the value of hv= 21.21 
eV for Hel radiation and EG = 5.47 eV for the 
bandgap of diamond, a spectral width of ~ 15.7 eV 
is obtained. For a surface with a positive electron 
affinity the low energy cutoff is determined by the 
vacuum level and will therefore be shifted to higher 
energies in the spectra compared to the case of a 
NEA surface. This results in a smaller value for the 
spectral width. 

Photoemission spectra can also be used to deter- 
mine the Schottky barrier height <PB. For p-type 
semiconductors like diamond, <JB corresponds to the 
difference between the position of the valence band 
edge, Ew, of the semiconductor and the Fermi level 
of the metal, Ev (Fig. 3). Since features from both 
the semiconductor and the metal need to be visible 
this method is only suitable for metal films with 
thicknesses equal to or less than the electron mean 
free path (< 5 A). The relatively weak onset of 
emission at Ew may, however, be obscured by the 
metal Fermi level even for metal layers thinner than 
the mean free path. As an independent method £v 

can be referenced to some strong features in the 
diamond spectrum before metal deposition. These 
features can still be detected following the over- 
growth of a thin metal layer. Here we have chosen a 
peak positioned 8.3 eV below Ew. In case of a NEA 

the position of the low energy turnon (which corre- 
sponds to Ec) can also be used as a reference point 
to find Ev (which is the high energy turnon of the 
spectrum). The distance between Ec and Ey has to 
be hv- EG (Fig. 3). 

3. Results and discussion 

Consider first the termination of the surfaces prior 
to Co deposition. The AES spectra of the as-loaded 
diamond samples showed peaks indicative of the 
presence of oxygen (Fig. 4). Upon heating the crys- 
tals to 500°C the oxygen features were only slightly 
reduced. However as a result of the 1150°C anneal 
the amount of oxygen on the diamond surface 
dropped below the detection limit of the AES instru- 
ment. Crystals annealed to 1150°C as well as those 
heated to 500°C exhibited a positive electron affinity 
as evidenced by UPS (Fig. 5 and Fig. 6). By refer- 
encing the low energy turnon to a bulk feature in the 
spectrum (feature A in Fig. 5 and Fig. 6) an electron 
affinity of \ — 0-65 eV was determined for the 
surfaces free of adsorbates and an electron affinity of 
^ = 1.50 eV for the oxygen terminated surfaces. 
Indeed, oxygen chemisorbed to the diamond surface 
is expected to induce a stronger surface dipole and 
therefore cause an increase in the workfunction in 

100    200     300    400    500     600    700 

Electron Energy (eV) 

Fig. 4. AES spectra of diamond as a function of different surface 
cleaning processes. The as-loaded surface exhibits features indica- 
tive of oxygen which get only slightly reduced following a 500°C 
anneal. Subsequent to a 1150°C anneal the oxygen peak is re- 
moved. 
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Fig. 5. UV photoemission spectra of diamond (100) following a 
1150°C anneal and of Co deposited on diamond. A metal induced 
NEA is observed upon deposition of Co. 

comparison with a clean surface. Our results are 
consistent with this. 

o 

Deposition of 2 A of Co on the diamond samples 
heated to 1150°C induces a NEA. Indeed, the width 
of the UPS spectrum increased following the Co 
deposition (Fig. 4). Furthermore, a Schottky barrier 
height of <PB = 0.35 eV was measured by means of 
UPS. The electron affinity of a p-type semiconductor 
subsequent to the formation of a Schottky barrier is 
given by [19] 

A-=(#M + #B (1) 

In our study <PM = 5.00 eV is the workfunction of 
cobalt and EG = 5.47 eV the bandgap of diamond. 
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Fig. 6. UV photoemission spectra of diamond (100) following a 
500°C anneal and of Co deposited on diamond. The diamond 
sample exhibits a positive electron affinity both after the 500°C 
anneal as well as the deposition of Co. 

Using these values and the measured Schottky bar- 
rier height one can calculate an electron affinity of 
X= -0.1 eV. Indeed this is consistent with the 
experimental result of the formation of a NEA. In 
comparison, depositing 2 A of Co on the diamond 
crystals annealed at 500°C resulted in a positive 
electron affinity, and the spectrum shifted ~ 0.6 V 
to lower energies (Fig. 6). Furthermore, a Schottky 
barrier height of <2>B = 1.45 eV was determined from 
the UPS spectra. By referencing the low energy 
turnon to a bulk peak in the spectrum an electron 
affinity of ^= 0.90 eV was deduced for the cobalt 
diamond interface. Due to Co deposition the electron 
affinity was reduced by about 0.60 eV. From Eq. (1) 
an electron affinity of x — 0-95 eV is obtained for 
Co grown on oxygen terminated diamond surfaces. 
Again this result is in agreement with the experimen- 
tal data. 

The simple workfunction model described above 
(Eq. (1)) has been employed in previous studies to 
explain NEA or positive electron affinity effects of 
Ti or Ni deposited on diamond (111) surfaces [5,6]. 
Indeed it has been found that Ni grown on Ar plasma 
cleaned diamond (111) crystals induces a NEA, and 
a Schottky barrier height of 0.5 eV was measured. It 
has been demonstrated that an Ar plasma or a 950°C 
anneal can remove a NEA from a H plasma treated 
diamond (111) surface [2]. Therefore it has been 
proposed that an Ar plasma removes chemisorbed 
hydrogen and thus leads to a clean surface. However, 
depositing Ni on a hydrogen terminated diamond 
(111) surface resulted in a positive electron affinity. 
And a larger value for the Schottky barrier height 
(<f>B = 1.0 eV) was measured. Theoretical studies of 
the Ni-diamond interface have been performed by 
Erwin and Pickett [20-23] and Pickett et al. [24]. For 
the adsorbate free diamond (100) and (111) surfaces 
a Schottky barrier height of less than 0.1 eV was 
calculated for the most stable configurations. Lam- 
brecht calculated the Schottky barrier height for cop- 
per on diamond (111) surfaces depending on the 
interface structure [25]. A Schottky barrier of less 
than 0.1 eV was determined for the clean surface and 
> 1.0 eV for the hydrogen terminated surface. The 
values obtained for both Ni and Cu on clean surfaces 
are indeed similar. And these results indicate that the 
Schottky barrier depends on the interface termina- 
tion. 
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We suggest that a 1150°C anneal removes 
chemisorbed atoms from sufficiently large portions 
of the diamond (100) surface, that a positive electron 
affinity is induced on the diamond surface itself, and 
that the Schottky barrier height due to metal deposi- 
tion on this surface is significantly smaller than for 
metal deposition on a hydrogen or oxygen termi- 
nated surface. In fact the Schottky barrier height is 
small enough to result in a NEA from the metal-di- 
amond interface. Furthermore, we note that an Ar 
plasma exposure or an anneal at 950°C of the dia- 
mond (111) surface has similar effects on the proper- 
ties of the diamond surface and metal-diamond in- 
terface as a 1150°C anneal does pertaining to the 
diamond (100) surface [2,6]. In particular, the results 
on Co reported in this paper and the previous study 
on Ni clearly suggests that the value of the electron 
affinity is correlated with the Schottky barrier height. 
Metal-diamond interfaces with a lower Schottky 
barrier height also exhibit a lower electron affinity, 
and no clear dependence of the Schottky barrier 
height on the metal workfunction has been found. 
But the type of surface treatment of the diamond 
substrate prior to metal deposition is critical for the 
properties of the metal-diamond interface. It can be 
said that choosing an appropriate surface cleaning 
procedure is therefore crucial for obtaining a NEA. 
Treatments capable of removing chemisorbed atoms 
from diamond surfaces are necessary to obtain a 
minimum for both the Schottky barrier height and 
the electron affinity. Apparently a surface suffi- 
ciently free of adsorbates is necessary to minimize 
the Schottky barrier height enough to induce a NEA 
for most metals. Only metal-diamond interfaces with 
low workfunction metals such as Cs have been re- 
ported to exhibit a NEA for non adsorbate free 
diamond surfaces [26]. Overall, different types of 
surface treatments have been shown to influence the 
Schottky barrier height and the electron affinity sig- 
nificantly. 

4. Conclusions 

Thin cobalt films have been deposited on clean 
(after a 1150°C anneal) and oxygen terminated (fol- 
lowing a 500°C anneal) diamond (100) substrates. 
Both the clean and oxygen terminated surfaces ex- 

hibited a positive electron affinity as evidenced by 
UPS. A metal induced NEA has been detected and a 
Schottky barrier height of 0.35 eV was measured by 
means of UPS for the clean diamond samples. Cobalt 
deposited on oxygen terminated surfaces resulted in 
a positive electron affinity and a Schottky barrier 
height of 1.45 eV. Furthermore, the Co films were 
shown to be uniform. The results discussed here 
indicate that surface cleaning can have a significant 
impact on the properties of the metal-diamond inter- 
face. 
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Abstract 

Ballistic electron emission microscopy (BEEM) measurements have been performed on n-type Au/Si(100) interfaces as 
a function of STM tip bias, Au film thickness, and temperature. From these measurements, the attenuation length, Aa, of the 
BEEM electrons in the metal overlayer has been determined to be 133 + 2 A at room temperature (RT) and 147 + 6 A at 77 
K for tip biases from -1.20 V to -0.92 V. The ratio of the zero thickness BEEM transmittances at 77 K to that at RT, 
/0(77 K)/70(RT), was determined to be 1.79 + 0.09. Within the experimental uncertainties of these measurements, no energy 
dependence of Aa or 70(77 K)//0(RT) was observed. The large increase in the BEEM transmittance and the relatively small 
increase in Aa at 77 K indicate that the primary temperature dependent scattering mode affecting BEEM electron transport is 
phonon absorption in the Si substrate. Images with large reductions in the BEEM current at topographic locations which 
have a large surface gradient have been obtained at RT. Our calculations, which assume that the probability of transmission 
across the interface is independent of the electron's transverse momentum, correlate well with the experimentally observed 
reductions. This result indicates that the BEEM electrons remain forward focused with very little broadening as they pass 
through the Au overlayer, and also implies that strong scattering must occur at the Au/Si interface to explain the previously 
documented non-conservation of transverse momentum at Au/Si interfaces. 

1. Introduction 

The growth of Au/Si interfaces has been studied 
extensively for more than 20 years. The initial inter- 
est in these interfaces was for the production of 
metal/Si contacts for integrated circuits. Although 

* Corresponding author. Tel.: +1-518-2766435; fax: + 1-518- 
2768761; e-mail: schowalt@unix.cie.rpi.edu. 

1 Present address: Department of Physics, Indian Institute of 
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Au has proven to be an unsuitable candidate for 
device fabrication since it is a fast diffuser in Si at 
room temperature (RT), the growth morphology and 
electronic properties of Au/Si interfaces are still a 
topic of current interest within the scientific commu- 
nity for many fundamental reasons. For instance, Au 
has a relatively simple electronic structure, a lone 6s 
electron in its outer shell and a filled inner 5d shell, 
which makes it an ideal candidate for modeling 
metal-semiconductor (M-S) Schottky barrier forma- 
tion and hot-electron transport properties. Since Au 

0169-4332/96/$15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
PII S0169-4332(96)00215-2 



CA. Ventrice Jr. et al./Applied Surface Science 104/105 (1996) 274-281 275 

is a noble metal, it also provides an advantage over 
most metals in that it can be characterized under 
ambient conditions. 

In this paper, we report ballistic electron emission 
microscopy (BEEM) measurements which were per- 
formed to determine the relative importance of tem- 
perature dependent scattering mechanisms on hot- 
electron transport across Au/Si(100) interfaces. 
BEEM is a scanning tunneling microscopy (STM) 
based technique where the STM tip is used as a very 
narrow, tunable, forward-focused electron source for 
injection into the metal overlayer [1]. By collecting 
the current which passes through the metal into the 
semiconductor as a function of tip position and tip 
bias, information about the local Schottky barrier 
height and the hot-electron transport properties can 
be obtained on a nanometer scale. However, to prop- 
erly interpret the interfacial images obtained with 
BEEM, a fundamental understanding of the scatter- 
ing processes within the metal overlayer, at the 
metallurgical interface, and within the Si substrate is 
essential. 

Although Au/Si has been the most thoroughly 
studied interface with the BEEM technique, it has 
also proved to be one of the most controversial 
interfaces. In the first BEEM studies of Au/Si(100) 
by Bell and Kaiser [1], excellent agreement was 
obtained between their spectroscopy data and calcu- 
lated curves which were derived assuming ballistic 
transport through the metal overlayer and transverse 
momentum conservation at the interface. However, 
Schowalter and Lee [2] made the observation that the 
BEEM spectra for both the Si(100) and Si(lll) 
substrates have similar line shapes and current onsets 
which was unexpected since transport into the Si(l 11) 
surface requires a large transverse crystal momentum 
component while transport into the Si(100) surface 
does not. Monte Carlo simulations of the BEEM 
spectra were performed which indicated that strong 
elastic scattering in the Au overlayers resulted in a 
near isotropic momentum distribution at the M-S 
interface and an inherent loss of spatial resolution at 
the interface. A subsequent microscopy study by Lee 
et al. [3], which found no correlation between surface 
gradients and the measured BEEM current, gave 
support to their previous Monte Carlo calculations. 
In contrast to these results, a microscopy study of Au 
overlayers deposited on patterned Si02  structures 

grown on Si observed transitions in the BEEM cur- 
o 

rent over spatial distances of ~ 10 A which indi- 
cated that the transport through the metal overlayer 
is essentially ballistic [4]. To complicate matters 
further, a microscopy study by Fernandez et al. [5] 
found that for Au/Si interfaces grown under ultra- 
high vacuum (UHV) conditions on bare Si and im- 
aged in air, no BEEM current could be detected. 
They interpreted the lack of BEEM current to the 
formation of a disordered Au-Si alloy at the inter- 
face which resulted in strong scattering of the BEEM 
electrons. However, a recent BEEM study by Cu- 
beres et al. [6] of Au/Si(l 11) samples prepared and 
imaged under UHV conditions found that BEEM 
currents could be obtained at tip biases as large as 8 
eV with no apparent modification of the interface. 
Their photoemission results also indicated that the 
Au/Si interface formed at RT is an abrupt interface 
with a silicide-like surface segregation layer. 

Although the experimental evidence for non-con- 
servation of transverse momentum is quite strong for 
Au/Si [2] and Pd/Si [7] interfaces, the precise 
nature of the scattering mechanism is not well under- 
stood. It would seem that symmetry breaking parallel 
to the interface would be a sufficient condition for 
violation of transverse momentum conservation since 
these are non-epitaxial systems. On the other hand, 
microscopy and spectroscopy studies of 
Au/GaP(110) [8] and Mg/GaP(110) [8,9] which are 
non-epitaxial and also non-abrupt interfaces have 
obtained good agreement between curves fitted with 
a transverse momentum conserving model and their 
experimental data. 

To better understand the scattering mechanisms at 
Au/Si interfaces, we have performed a temperature 
dependent BEEM spectroscopy and RT BEEM mi- 
croscopy study on the Au/Si(100) interface. Our 
spectroscopy data indicate that there is a large tem- 
perature dependence to the measured BEEM trans- 
mittance yet only a small temperature dependent 
change in the attenuation length, Aa, of the hot-elec- 
trons in the Au overlayers which indicates that the 
primary temperature dependent scattering mecha- 
nism is phonon scattering in the Si substrate. Within 
the uncertainty of the measurement of Aa, no energy 
dependence was observed at RT or 77 K. This result 
and the aforementioned relatively small temperature 
dependence of Aa indicate that the mean free path 



276 CA. Ventrice Jr. et al. /Applied Surface Science 104/105 (1996) 274-281 

for scattering from defects in the Au overlayer is 
much smaller than that for inelastic electron-elec- 
tron scattering or for quasi-elastic electron-phonon 
scattering. Evidence for reductions in the BEEM 
current for large surface gradients has been obtained 
for microscopy images taken with sufficiently sharp 
STM tips and correlated with the increase in path 
length to the interface, assuming that the probability 
of transmission is independent of incident angle. 
This result provides strong evidence that the electron 
transport through the Au overlayer is essentially 
ballistic and that violation of transverse momentum 
conservation occurs at the interfacial region. 

2. Hot-electron scattering processes 

A schematic of BEEM electron transport across a 
M-S Schottky interface is shown in Fig. 1. Electrons 
injected into the metal overlayer from the STM tip 
will have an energy distribution which decays expo- 
nentially from a maximum value of eVT. All elec- 
trons which approach the semiconductor region with 
an energy which is less than the Schottky barrier 

Semiconductor 

Fig. 1. Schematic of BEEM electron transport across a metal- 
semiconductor Schottky interface (not drawn to scale). For elec- 
trons injected into the metal overlayer with a tip bias, VT, greater 
than the Schottky barrier, <PS, a fraction of the injected electrons 
will travel across the barrier and be detected as a BEEM electron. 
The magnitude of the BEEM current is strongly influenced by 
scattering processes in the metal overlayer, at the metallurgical 
interface, and within the semiconducting substrate. 

height, <PS, will be scattered back into the metal. A 
fraction of the electrons which approach the semi- 
conductor region with an energy greater than <PS 

will travel across the barrier and be detected as a 
BEEM electron. The magnitude of the collected 
BEEM current is strongly influenced by scattering 
mechanisms in the metal overlayer, at the metallurgi- 
cal interface, and within the semiconducting sub- 
strate. In the metal overlayer, electrons can scatter 
elastically off defect sites or quasi-elastically from 
acoustic phonons. Electrons can also undergo inelas- 
tic electron-electron collisions with electrons near 
the Fermi level which results in an energy loss of 
approximately half of their original kinetic energy. 
At the M-S interface, a fraction of the incident 
electrons will backscatter into the metal overlayer 
due to quantum mechanical reflection. For non-epi- 
taxial systems and non-abrupt interfaces, there will 
also be a break in symmetry parallel to the interface 
which will result in additional scattering at the inter- 
face. Within the Si substrate, electrons can scatter off 
both acoustic and optical phonons back towards the 
M-S interface. As shown in Fig. 1, the position of 
the Schottky barrier maximum is not at the metallur- 
gical M-S interface but shifted into the semiconduct- 
ing region. This effect is due to the image force. For 
the 2-4 Ü, cm samples used in this experiment, the 
distance to the Schottky barrier maximum, dSBM, is 
calculated to be ~ 50 A, and the depletion depth, 
dd , is calculated to be 0.84 jiim. Electrons just over 
the energy threshold for transmission which excite a 
phonon in the region before dSBM will have a high 
probability of reentering the metal region since this 
excitation is an energy loss process for the electron. 
However, for phonon excitation and absorption be- 
yond dSBM the electron may travel either towards or 
away from the metallurgical interface since the posi- 
tion dependence of the conduction band minimum is 
very gradual for the doping density of the samples 
used in this experiment. 

For metal overlayers more than a few monolayers 
thick, <1>S, diep, and dSBM are expected to be cover- 
age independent. Therefore, the BEEM current can 
be expressed as a product of the transmissivities 
through the metal overlayer, across the metallurgical 
interface, and through the semiconductor depletion 
region. The proportion of electrons with energy, E, 
which traverse the metal region will decay exponen- 
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tially with the path length to the metallurgical inter- 
face, t/m/cos(ö), where 8 defines the injection angle 
from the surface normal. This results in the follow- 
ing expression for the measured BEEM current, 

IB(E,T,dm)=ItivA(E)B(E,T) 

XcxV[-dm/K(E,T)cos(d)], 

(1) 

where A(E) is a kinematic transmission factor for 
electron transport from the metal overlayer into the 
semiconductor lattice, B(E, T) is the transmission 
factor for electron through the semiconductor deple- 
tion region, and /tip is the tunnel current into the 
metal overlayer. The factor A(E) is assumed to be 
independent of incident angle, which results from the 
assumption of non-conservation of transverse mo- 
mentum at the interface [2]. Both B(E, T) and Aa(£, 
T) should be temperature dependent since the path 
length for phonon absorption will depend strongly on 
the phonon populations in the metal and semiconduc- 
tor regions. 

3. Experimental 

The BEEM measurements were performed with a 
modified Kaiser-Jaklevic STM design [10] which 
has three, separate, orthogonal, planar piezo drives 
for tip control and uses a stepper motor for the fine 
approach of the sample. The STM is housed in a 
liquid nitrogen (LN2) de war which is incorporated 
into a glove box. To perform low temperature BEEM, 
the dewar is purged with high-purity N2 before 
backfiling with LN2. Since the performance charac- 
teristics of the operational amplifiers and the feed- 
back resistors of the tip and BEEM current ampli- 
fiers can be affected by immersion in LN2, the 
amplifiers are mounted outside of the dewar on the 
STM support flange. Low temperature compatible 
ultra-thin coax [11] is used to carry the signals to the 
amplifiers. The outer insulating sheath of the coax 
was also removed to improve the flexibility of the 
coax at low temperatures. 

The Au/Si(100) Schottky diodes were prepared 
from n-type 2-4 fl cm Si. An Ohmic contact was 
applied to the back of each sample by melting 
indium onto an area of the sample which had been 

roughened with a diamond scribe. The oxide of the 
Si was removed by dipping the samples in a solution 
of 10:1 ethanol:HF solution for 1-2 min. After 
removal from the etching solution, the samples were 
dried with high-purity N2 before insertion into a 
cryopumped evaporation unit. The Au was evapo- 
rated from a tungsten thermal boat source through a 
shadow mask to form a rectangular 2.5 mm X 10 
mm diode. The nominal deposition rate was  ~ 0.5 
o 

A/s and was monitored with a quartz crystal mi- 
crobalance. The base pressure of the evaporation unit 
is ~ 10"8 Torr with a typical evaporation pressure 
of ~ 5 X 10-7 Torr. Calibration of the Au overlayer 
coverages measured with the quartz crystal microbal- 
ance was performed periodically using Rutherford 
backscattering at a separate facility. 

Au and Pt-Ir (90:10) STM tips were chosen for 
the BEEM measurements since they do not form a 
native oxide under ambient conditions. The Au tips 
were prepared from 0.25 mm diameter wire either by 
DC electrochemical etching in a 50:50 HC1: ethanol 
solution or by cleaving at a very sharp angle with a 
razor blade. Etching produced very sharp whisker- 
like tips, as examined under an optical microscope. 
However, instabilities in the tunnel current during 
the fine sample approach were often observed for 
etched tips which we correlated to the poor mechani- 
cal rigidity of the whisker-like tip structures. Since 
cleaved tips did not exhibit instabilities during the 
fine approach, this was the primary method used for 
making Au tips. The STM images from both etched 
and cleaved Au tips produced similar topographies. 
The Pt-Ir tips were prepared from 0.50 mm diameter 
wire by cutting the wire at a very sharp angle with 
ordinary wire snippers. 

4. Results 

4.1. Temperature dependent BEEM spectroscopy 

Ballistic electron emission spectroscopy (BEES) 
spectra were obtained at both RT and 77 K over a 
range of Au overlayer thicknesses from ~ 66 A to 
~ 339 A. A semilog plot of the percent transmit- 
tance (7B//T X 100) as a function of Au overlayer 
thickness at a tip bias of — 1.2 V is shown in Fig. 2. 
A minimum of 100 spectra were collected over a 
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Fig. 2. Semilog plot of BEEM transmittances (/B //T X 100) at a 
tip bias of —1.2 V measured on several Au/Si(100) samples at 
77 K (circles) and RT (squares). A minimum of 100 spectra were 
collected at each coverage and temperature. The linear curves 
through the data sets represent least-squares fits applied to the 
data. From the slope and intercept of these curves, the attenuation 
length of the electrons in the Au overlayer, Aa, and the zero 
thickness transmittance, /0, are determined. 

surface area of ~ 2000 A X ~ 2000 A for each 
coverage and temperature. A histogram of the trans- 
mittances was plotted for each data set, and the value 
of the average transmittance was derived by fitting a 
Gaussian to each histogram with the error bars repre- 
senting the FWHM. For coverages with both a 77 K 
and RT transmittance, both data sets were collected 
from the same sample within 6 h of each other (RT 
data collected first). The linear curves through the 
data sets represents least-squares fits applied to the 
data. Since averaging over such large data sets should 
eliminate any effects of surface gradient on the 
transmissivity, Aa can be obtained from the inverse 
of the slope of the least squares fit, and the zero 
length transmittance, I0(E, T), which is the product 
of A(E) and B(E, T), are obtained from the inter- 
cept. 

The absolute value of A(E) and B(E, T) cannot 
be determined independently from our measure- 
ments. However, the temperature dependence of 
B(E, T) can be determined by calculating I0(E, 77 
K)/I0(E, RT) since A(E) is expected to be indepen- 
dent of temperature. A 50 meV increase in <PS is 
measured at 77 K due to the increase in the band gap 
of Si at low temperatures; therefore, the ratio I0(E, 
77 K)/I0(E, RT) was calculated for constant kinetic 
energy in the Si conduction band and resulted in a 

value of 1.79 + 0.09 over a kinetic energy range of 
140 meV to 380 meV. A plot of the energy depen- 
dence of Aa measured at both RT and 77 K is shown 
in Fig. 3. With our instrumentation, Aa could only be 
measured accurately to a value of ~ 100 meV above 
<PS. A value of 133 + 2 A and 147 + 6 A were 
measured for Aa at RT and 77 K, respectively, which 
agrees qualitatively with the previously measured 
value for Aa at RT of 125 A [12]. No energy 
dependence for Aa was observed within the uncer- 
tainty of the measurements at either temperature. 

4.2. Room temperature BEEM imaging 

Although our spectroscopy data, which measured 
only an ~ 11 % increase in Aa at 77 K, indicate that 
quasi-elastic scattering from acoustic phonons in the 
Au overlayer has a negligible effect on the tempera- 
ture dependent transmission probability, this does not 
preclude the possibility that elastic scattering will 
affect the trajectory of the electrons in the metal 
overlayer. Therefore, a detailed BEEM microscopy 
analysis of several Au/Si(100) samples was per- 
formed with both Au and Pt-Ir STM tips in an 
attempt to correlate surface topographic features with 
changes in the BEEM current. Since electron injec- 
tion over a surface topographic feature with a non- 
zero gradient will increase the path length to the M-S 
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Fig. 3. Plot of the attenuation length of the BEEM electrons in the 
Au overlayer at both 77 K (circles) and RT (squares) as a function 
of tip bias. Only a slight temperature dependence to Aa is ob- 
served, Aa(300 K)= 133 + 2 Ä and Aa(77 K)= 147 + 6 Ä. Within 
the experimental uncertainties of these measurements, no energy 
dependence of Aa is observed. 
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Fig. 4. Calculation of the reduction of BEEM current (/B) that 
results from the increase in path length to the M-S interface for 
non-zero injection angles. This calculation assumes that any elec- 
tron reaching the M-S interface is equally likely to cross it 
regardless of its momentum parallel to the interface. 

interface, it is expected that reductions in the BEEM 
current should be observed at large surface gradients. 
This effect is often called the 'search-light effect'. A 
calculation of the expected reduction in the BEEM 
current as a function of injection angle is shown in 
Fig. 4. This calculation assumes that the probability 
of transmission across the Schottky barrier is inde- 
pendent of the incident angle, i.e. transverse momen- 
tum is not conserved at the interface. For thin Au 
overlayers, a very large surface gradient is needed to 
observe appreciable decreases in /B (for a 50 A 
overlayer, a gradient of ~ 70° is needed to observe a 
50% reduction in /B). At larger Au overlayer thick- 
nesses, 7B is more sensitive to surface gradient (for a 
300 A overlayer, a gradient of ~ 40° is needed to 
observe a 50% reduction in 7B), but the magnitude 
of /B is near the limit of detection. 

From analysis of our BEEM data measured with 
Au tips and Pt-Ir tips, it was determined that the tip 
apex geometry is the primary factor which influences 
the spatial resolution of BEEM. For imaging with Au 
tips, tip geometry changes were often observed dur- 
ing STM scans and often resulted in featureless 
images which we correlate to an extremely blunt tip 
apex. Imaging with Pt-Ir tips produced much more 
consistent STM topographies. For the range of Au 
overlayer thickness in this study, rounded surface 
features with a spatial extent of ~ 50 A to ~ 200 A 

and heights from ~ 30 A to ~ 80 A were observed. 
Since surface gradients large enough to observe ap- 
preciable changes in the BEEM current exist only 
near the bottom of the crevices between these rounded 

-*m* 

S&; 

Fig. 5. (a) STM topographic image of a ~ 500 A X ~ 500 A area 
of a 103 Ä Au/Si(100) sample (VT = - 1.2 V and 7T = 5 nA). 
(b) BEEM image taken simultaneously with the topography image 
shown in (a). The grey scale range for the BEEM image is 0-120 
pA with dark areas representing low BEEM current. The grey 
scale range for the STM image is 120 A with light areas represent- 
ing high surface features. Surface gradients as high as ~ 75° are 
observed in the STM image and correlate to regions of the BEEM 
image with an ~ 85% reduction in the BEEM current. 
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structures, a sharp tip protrusion which is longer than 
the average height of the rounded surface structures 
is needed to probe these regions. A BEEM image of 
a ~ 500 A X ~ 500 A area of a 103 A Au/Si(100) 
sample imaged with a Pt-Ir tip is shown in Fig. 5. 
Asymmetric surface features are observed in the 
STM topography shown in Fig. 5a with surface 
gradients as large as ~ 75° being measured. The 
corresponding BEEM image shown in Fig. 5b shows 
regions of reduced BEEM current of up to ~ 85% 
which correlate with the regions of the STM topog- 
raphy where high surface gradients were measured. 
During collection of the data, the reductions in the 
BEEM current were observed for both scan direc- 
tions which indicates that this effect does not result 
from the tracking of the feedback control system. 
Images performed below the Schottky barrier height 
were also featureless which precludes the possibility 
that the features observed are due to a coupling of 
the BEEM current with the signals from the piezo- 
electric drives. 

5. Discussions 

The exponential dependence of the transmissivity 
plots at both 77 K and RT shown in Fig. 2 gives 
strong evidence that the attenuation length model, 
Eq. (1), is valid for Au overlayers over the range of 
~ 66 A to ~ 339 A. The observation that the attenu- 
ation length in the metal and the transmissivity 
through the semiconductor depletion region are tem- 
perature dependent is expected since the phonon 
populations in both regions should decrease as a 
function of temperature. To estimate the relative 
interaction lengths of both elastic and inelastic scat- 
tering events in the metal overlayer, both the temper- 
ature and the energy dependence of Aa must be taken 
into account. Assuming that an electron is scattered 
isotropically for an elastic scattering event, the atten- 
uation length of the BEEM electrons in the metal 
overlayer can be expressed as 1/Aa = 1/A; + 1/AC. 
Since the probability of electron-electron scattering 
is theoretically predicted to have a \/E2 dependence 
[13], the lack of energy dependence for Aa indicates 
that the path length for inelastic scattering is much 
larger than that for elastic scattering. The relatively 

small ~ 11 % increase in Aa at 77 K also gives 
indication that the path length for elastic scattering 
from defect sites is considerably smaller than the 
path length for quasi-elastic phonon scattering. Since 
RT-grown Au/Si(100) is a non-epitaxial system with 
a very large lattice mismatch (~ 25%), it is expected 
that the metal overlayer will have a very large defect 
density during the first several layers of growth 
which, indeed, has been observed in a previous low 
energy electron diffraction (LEED) study of RT- 
grown Au/Si interfaces [14]. 

The measurement of almost double the transmis- 
sivity through the depletion region of the Si at 77 K 
is in direct contradiction with previous calculations 
which have predicted only an ~ 15% increase in the 
transmissivity for Au/Si at 77 K [15,16]. Both stud- 
ies modeled the temperature dependent collection 
efficiency in the depletion region as due to electron 
interactions only with the optical phonon modes in 
Si. Although it is expected that the coupling of 
electrons to the optical phonon modes should be 
stronger than that for the acoustic modes in this 
energy range, the population of acoustic phonons is 
significantly higher than the population of optical 
phonons at room temperature (ET0 ~ 57 meV, ETA 

~ 20 meV). Therefore, neglecting the acoustic 
phonon scattering modes in these calculations is the 
most probable origin of the large discrepancy. 

The observation of nearly featureless BEEM im- 
ages of Au/Si(100) by several groups is most cer- 
tainly an effect of tip apex geometry. Although we 
have obtained images which show clear evidence for 
the search-light effect, the great majority of images 
taken with both Au and Pt-Ir tips also do not show 
this effect. In addition, the lifetime of the tips with 
an apex that allows imaging of the 'search-light 
effect' are typically limited to a fraction of a BEEM 
scan (a typical BEEM scan takes ~ 15 min for our 
microscope). This is presumably due to the delicate 
nature of such a sharp protrusion. Although, the 
quality of Au tips for imaging was found to be 
inferior to Pt-Ir tips, the contrary was true for 
spectroscopy. Tip contamination problems were not 
encountered very often for either Au or Pt-Ir tips at 
RT; however, large instabilities in the tunneling cur- 
rent were often observed when using Pt-Ir tips at 77 
K. Therefore, all of the spectroscopy data reported in 
this paper were taken using Au STM tips. 
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6. Conclusions 

The approximately two-fold increase in the zero 
length BEEM transmittance at 77 K that has been 
measured indicates that previous analytical calcula- 
tions [15,16] of this effect have underestimated the 
importance of acoustic phonon scattering in the 
semiconductor region. In addition, the lack of energy 
dependence of Aa at both RT and 77 K and the 
relatively small 11% increase in Aa at 77 K indicate 
that the predominant hot-electron scattering mode in 
the Au overlayer is from defect scattering for the 
range of thicknesses measured in this study. 

The observation of the 'search-light effect' for 
Au/Si(100) gives very strong evidence that BEEM 
electron transport through the metal overlayer is 
essentially ballistic at energies up to 1.2 eV. The 
good agreement between the experimentally ob- 
served and the calculated reductions in the BEEM 
current using a model which assumes the transmis- 
sion probability across the metal/semiconductor in- 
terface is independent of incident angle also gives 
strong indications that violation of transverse mo- 
mentum conservation results from scattering at the 
metallurgical interface. 
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Abstract 

Resonant photoemission spectra of Fe atoms (3p-3d) were measured for freshly cleaved Cd086Fe0I4Se crystal (110) 
surface and for the same surface with sequentially deposited Fe atoms in the range 0.3-80 ML. The synchrotron radiation 
(LURE, Orsay, France) was used to measure valence band density of state distributions and Cd 4d core level for the 
radiation energy range 50-60 eV, which includes the Fe 3p-3d resonant energy equal to 56 eV. At the lowest stages of Fe 
atom deposition (up to about 3 ML), Fe atoms replace Cd atoms in the crystal, making a Cd, _xFevSe alloy with a higher x 
and leaving extra Cd as small islands or clusters. For the next stages of Fe deposition (about 3-10 ML) the dissociated Cd 
atoms create a Cd-Fe alloy. At higher stages of Fe deposition (above about 10 ML) a Fe thin film is formed. 

1. Introduction 

Semimagnetic semiconductors (SMSC) or diluted 
magnetic semiconductors (DMS) have attracted a 
great deal of attention as a new group of semicon- 
ducting materials mainly due to their abnormally 
high magneto-optical and magneto-transport effects 

[1]. 
These materials are obtained by the substitution of 

a cation in II-VI or IV-VI semiconductor com- 
pounds by transition metal cations (M3d") like 
Mn(3d5), Fe(3d6), or by rare earth metals like Eu or 

* Corresponding author. 

Gd. Such a change of cation introduces disorders: 
crystalline (local structure), magnetic (introduction 
of magnetic ions) and chemical (a foreign ion, with 
its core levels and valence electrons) and brings a 
strong interaction between the d electrons and the 
valence electrons of II-VI or IV-VI semiconductor 
crystal. 

The present work is strongly stimulated by the 
recent efforts done to obtain and understand the 
electronic properties of the interfaces and superstruc- 
tures with semimagnetic semiconductors (SMSC). A 
special interest can be found in the difference in the 
contribution of 3d electrons to the valence band of 
the ternary crystal either in the bulk or along the 
surface. In the present experiments, either the iron 

0169-4332/96/$15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
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atoms were introduced into the bulk of the crystal, 
either through a growth at thermodynamic equilib- 
rium of Cd, Fe and Se, or Fe atoms were deposited 
on the freshly cleaved surface of the ternary crystal 

^'"0.86'He0.14":>e- 
The previous investigation of the Schottky barrier 

formation process occurring during deposition of Fe 
atoms on CdSe (1210) surface showed that the Fe 
atoms induce a local dissociation of the CdSe com- 
pound [2]. Auger spectra measured for Fe, Cd and Se 
atoms under sequentially deposited Fe atoms showed 
remarkable decrease of the Auger peaks measured 
for Cd atoms in comparison to the Se atoms peaks. It 
was assumed that the dissociation of CdSe crystal 
occurs at the crystal surface and leads to the appear- 
ance of a Fe^Se^ compound. At the early stages of 
the Fe atom deposition, the ordered character of the 
crystalline surface was favorable to the epitaxial 
growth of a crystal with a new Fe-rich composition: 
the Fe atoms lead to the creation of Cd,__,.FexSe 
crystal with an increasing amount of Fe atoms (in- 
crease of the parameter x) along the surface. 

A new approach in the study of the Fe/CdFeSe 
interface formation is proposed in the present paper 
which reports experiments performed using photoe- 
mission under resonant conditions for the Fe 3p-3d 
transition. 

2. Experimental conditions and results 

The Cd^^Fe^Se samples were grown by the 
modified Bridgman method [3] at the Institute of 
Physics, Polish Academy of Sciences. The clean 
surface of the parallelepipedic sample was obtained 
by cleavage using a knife-anvil technique under 
UHV conditions (p= 1 X 10"10 Torr). It gave a 
4X4 mm2 (1201) clean and smooth surface, with a 
small density of steps, directly in the photoemission 
chamber. Once the photoemission measurements per- 
formed for the freshly cleaved surface, the sample 
was exposed to the Fe flux obtained by sublimation 
from a Joule-heated pure Fe wire. The Fe sublimator 
was calibrated using a quartz balance and the Fe 
coverage upon the CdFeSe surface will be expressed 
in monolayer units (ML) where 1 monolayer has 
7.7 X 1014 Fe atoms per cm2. The sample tempera- 
ture during Fe deposition did not rise more than 30 

degrees. After each step of Fe deposition the photoe- 
mission spectra were measured. 

The experiment was performed using vacuum ul- 
traviolet radiation with available photon energy in 
the range 20-130 eV, obtained from the line SA71 
(TGM 2.5 m) of the synchrotron ring SUPER-ACO 
in LURE, Orsay, France. The radiation impinges the 
sample surface at a 45° angle with respect to the 
normal. The sets of photoemission spectra were mea- 
sured in the hv energy range close to the resonant Fe 
3p-3d transition (hv= 56 eV). The energy distribu- 
tion curves (EDC) spectra were taken with an energy 
resolution comprised between 150 and 300 meV. 

Recently a large effort has been devoted to a 
better understanding of the contribution of the 3d 
electrons of iron to the valence band using the 
resonant photoemission experiment for Fe^O^. [4] and 
Cd^^Fe^Se [5,6]. In the resonant photoemission 
experiment the photon energy is tuned relatively to 
the energy of the optical absorption edge correspond- 
ing to the 3p-3d transition [7]. For the hv energy 
region of the resonant energy, the Fe ions are excited 
selectively and locally. The relaxation of the excited 
Fe ions leads to the emission of additional electrons 
according to the formula 

3p63d6 + hv = [3p53d7] * = 3p63d5 + e" 

(* - excited state). 

Both effects contribute to the measured photoe- 
mission energy distribution curves (EDC's) in the 
region of the resonant hv energies. The contribution 
of the resonant photoemission can be described by 
the Fano formula introduced for atomic systems and 
illustrated by the Fano line shape with the resonant 
maximum followed by the antiresonant minimum [7]. 
For transition metal compounds the profiles of the 
line can be more complex. 

In Fig. 1 the set of measured EDCs for a 
Cd086Fe014Se freshly cleaved surface (1210) and 
for the same surface after Fe deposition is presented. 
For the clean surface of the crystal a small maximum 
appears at the edge of the valence band at — 0.5 eV 
(A). This maximum is due to a contribution of Fe 3d 
(e-spin up) electron and it corresponds to an electron 
with spin opposite to the rest of Fe3d5 electrons [5]. 
The states visible at binding energy about —3.7 eV 
(B), corresponds to the Fe 3d (e-spin down) electrons 
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[5]. The maxima obtained at -0.5 and -3.7 eV can 
be treated as fingerprints of Cd^^Fe^Se crystal 
existence. A and B intensity are then proportional to 
the amount of 4 ML, the increase of B is visible in 
Fig. 1 and it can be treated as corresponding to the 
increase of x in the Cdj_xFexSe crystal. At this 
stage of deposition the edge of the EDC's is build as 
a sum of the electrons emitted from the increasing 
height of A corresponding to the Cd, _ ^Fe^Se crystal 
band edge and the Fe islands starting to grow. At the 
Fe deposition equal to 4 ML the edge of the curves 
shifts up by about 0.3 eV and it can be treated as 
resulting from the increase of x in Cd^^Fe^Se. The 
islands of Fe which started to grow at this stage of 
Fe deposition can only slightly contribute at the edge 
of the valence band. 

For the next range of Fe depositions, higher than 
4 ML, the crystal coverage by Fe islands increases 
and the peak B is well visible for depositions 8 and 
13 ML: it then decreases for 40 ML of Fe. The edge 
of EDC's shifts steply with Fe deposition by about 

2000 

-5 -3-11 3 
Binding Energy (eV) 

Fig. 1. The set of EDC's obtained for the Cd086Fe0 14Se crystal 
(1210) clean surface and for various Fe coverages in monolayer 
units (ML), measured at the Fe 3p-3d resonant photon energy (56 
eV). 

8000 

6000 

«4000- 

2000 

-15 -13 -11   -9    -7    -5    -3    - 
Binding Energy (eV) 

Fig. 
covered by 80 ML Fe measured at different photon energies close 
to 56 eV, the Fe 3p-3d resonant energy. 

0.7 eV for 40 ML of deposition. This edge does not 
change anymore for deposition of 80 ML and its 
position can be treated as corresponding to the edge 
of Fe metal. The surface is not uniformly covered by 
the Fe atoms and the EDC's obtained at 80 ML of Fe 
deposition can be still treated as the sum of a large 
contribution of electrons emitted from the islands of 
Fe and a smaller contribution from the alloy which 
remains visible. 

At high Fe coverage (80 ML), the set of EDC's 
presented in Fig. 2 was measured for radiation ener- 
gies in the range between 52 and 64 eV. The highest 
contribution of the Fe electrons to the measured 
EDC's corresponds to the resonant radiation energy 
hv= 56 eV and the lowest contribution of Fe corre- 
sponds to the antiresonant energy of hv= 54 eV. In 
the range of high energies (see curve for 64 eV) the 
cross section of localized electrons (Cd 4d and Fe 
3d) increases and the relative increase of the peaks is 
visible. The resonant curve corresponds well to the 
Fe crystal spectra [8]. 

In Fig. 3, the set of EDC's is presented for the Cd 
4d band obtained after different amounts of de- 
posited Fe. For the clean Cd0 86Fe014Se sample, the 
Cd 4d level does not show clearly the spin-orbit 
splitting usually present in Cd metal, in the isolated 
atom or even in CdSe [9]. This must be due to the 
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8000 

-14 -13 -12        -il        -io 
Binding Energy (eV) 

Fig. 3. The photoemitted Cd 4d core level band measured in 
cleaved Cd086Fe0 ]4Se after increasing amount of deposited Fe 
atoms (expressed in monolayer units (ML)) upon 56 eV photon 
excitation. 

specifications attributed to CdFeSe alloy and must 
rather correspond to the Cd 4d band of the metal 
diluted in Fe. 

3. Conclusion 

The reaction between Fe and a clean (110) surface 
of a ternary CdO86Fe014Se crystal starts at the first 
stages of the Fe atoms deposition leaving an Fe-en- 
riched and Cd-depleted layer in the surface region. 
Photoemission measurements have been performed 
at photon energies close to the resonant energy for 
Fe 3p-3d transition in order to enhance the contribu- 
tion of the Fe 3d electrons to the valence band. The 
character of this contribution does not change in 
comparison to the contribution in ternary crystal up 
to a 3-5 ML Fe coverage range. 

When the amount of deposited Fe is increased, 
the Cd 4d band spectra changes have been attributed 
to the formation of Fe-Cd alloy islands. 

At higher Fe coverages (40-80 ML), the photoe- 
mission resonant spectrum becomes more and more 
similar to the Fe metal one with a vanishing contri- 
bution of the ternary crystal substrate. 

presence of Fe which creates various surroundings 
for each Cd atom in the alloyed crystal, giving to the 
Cd 4d band a multi-component character. 

After the very first stages of Fe deposition, the 
binding energy of Cd 4d increases by 0.33 eV which 
may be explained at least partly by a band bending 
change at the surface. During the next steps of Fe 
deposition, the shape of the Cd 4d peaks only slightly 
changes as a result of the change of the Cd nearest 
neighbours from Se to Fe or even Cd, but the energy 
position of the Cd 4d band is still located at around 
— 10.8 eV and the intensity decrease remains moder- 
ate. 

For Fe deposited at coverages of 40 or 80 ML, the 
measured peak is the same time affected by a neat 
intensity reduction and a reduction in intensity shift 
towards lower binding energies. At this stage of Fe 
deposition, the Cd 4d band has lost its previous 
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Abstract 

State-of-the-art first-principles simulations are performed to investigate the possibility of using a tungsten tip in atomic 
force microscopy (AFM) as a mechanical tool to manipulate the surface atoms of Si(100). Calculations of total energy and 
electronic structure are used to study the energetics and bonding properties associated with the tip and surface for a variety 
of atomic configurations. The results predict that under certain protocols the tip can be used effectively to flip dimers on the 
surface, from one buckled configuration to another, reversibly, and without inducing damage to either the intrinsic surface or 
the tip. This leads directly to the exciting possibility of using the intrinsic (100) surface of silicon as an ultra-high memory 
storage device approaching the ultimate limit of one bit of data per atom. 

Atomic force microscopy (AFM) [1] and scanning 
tunneling microscopy (STM) [2] have revolutionized 
experimental studies of the properties of surfaces of 
solids. Both techniques utilize very sharp metallic 
tips (typically tungsten) to probe the surface and 
obtain resolution on an atomic scale. In an AFM 
experiment one typically measures the force on the 
tip due to the elastic deformation of the surface 
atoms. By scanning the surface at constant force one 
can obtain a detailed topograph of the surface atomic 
structure. This procedure is an extension and deriva- 
tive of STM except that in STM it is the induced 
electric current between tip and surface that is held 
fixed. For both techniques, however, the interpreta- 
tion of scanned images may not always be straight- 
forward   because   of   possible   induced   structural 

* Corresponding author. Fax:   +1-617-253-2562; e-mail: kj- 
cho@mit.edu. 

changes of the surface or tip during the measurement 
process [3-5]. Moreover, theoretical insight in the 
form of first-principles calculations which include 
tip-surface interactions has been quite limited be- 
cause of inherent complexity of modeling the tip and 
surface system together [3-6]. 

In this paper we present the results of theoretical 
calculations which include both tip and surface atom 
relaxations to simulate an atomic force microscope 
(AFM) experiment on the surface of a semiconduc- 
tor. Our motivation is to determine the extent to 
which the tip in an AFM experiment can be used to 
reversibly rearrange atoms on a clean surface of a 
semiconductor. This potential ability is similar to 
that of rearranging adsorbed impurities on a surface 
using pulsed STM [7]. However, it differs in that the 
present surface system has no adsorbed atoms so that 
one is investigating the intrinsic surface itself, and in 
that the procedure for inducing coupling between tip 
and surface atoms is mechanical in nature rather than 

electrical. 

0169-4332/96/$15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
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The specific system of interest is the (100) surface 
of silicon in the presence of a sharp tungsten tip. Our 
choice of system is dictated by the widely studied 
nature of this surface, its relative simplicity in terms 
of reconstruction, and its significant technological 
importance (see for example [8]). The results of our 
calculations will show that an AFM tip can indeed 
be used as a microscopic tool to mechanically and 
reversibly rearrange the silicon atoms that form the 
outermost layer of the intrinsic surface. Moreover, an 
exciting bonus of these results is that this prediction 
can be used for the novel design of an ultra-high 
density memory device capable of storing over six 
orders of magnitude more data than conventional 
devices. 

Typical STM images of the Si(100) surface reveal 
that every two atoms on the outermost layer bond 
together to form a dimer and that these dimers lie 
side by side in rows running perpendicular to the 
dimer bonds [9-11]. At low temperatures the dimers 
are buckled in alternating configurations along each 
row [5,11-14] as shown schematically in Fig. 1. Our 
focus will be on the introduction of a sharp tungsten 
tip above and close to the surface and on the deter- 
mination of how the position, proximity, and motion 
of the tip can be used to rearrange the dimers on the 
surface in a reversible fashion. We present here a 
very brief description of our calculations. The techni- 
cal details are discussed in depth elsewhere [5,15]. 
Quantum mechanical electronic structure and total 
energy calculations are performed using local density 
functional theory to describe the electron-electron 

interactions [15,16], separable pseudopotential theory 
to deal with the strong electron-nuclei potential 
[15,17], supercells to model the aperiodic atomic 
surface geometry [15], and conjugate gradient mini- 
mization to relax the electronic and nuclear degrees 
of freedom [15]. A typical calculation proceeds as 
follows: for a given position of all the nuclei, elec- 
trons are introduced and allowed to self-consistently 
relax to their ground state, the total energy of the 
system is then recorded and quantum mechanical 
forces on the nuclei calculated. These forces are then 
used to slightly displace the nuclei to lower energy 
positions, at which point the electrons are allowed to 
relax once again. This process is repeated until all 
the atoms have reached their equilibrium geometry. 

The supercell geometry chosen to model the basic 
structure of the AFM system (tungsten tip plus sili- 
con surface) consists of the following: a four layer 
slab of silicon, a passivating layer of hydrogen atoms 
on one surface, and 10 A of vacuum on either side. 
This represents the bare Si(100) surface system. To 
model the AFM tip we note that only the atoms at 
the very edge of the tip need to be adequately 
represented in order to address the questions raised 
in this work. Since tungsten atoms on the surface 
form a close packed structure, we have opted to 
represent the apex of the AFM tip simply as a 
tetrahedron of four atoms. The tungsten cluster is 
placed in the vacuum region with an apex atom 
pointing down towards the non-passivated surface. 
This choice of supercell geometry provides accurate 
and reliable results for the interatomic forces and 

Fig. 1. Ball-and-stick model illustrating three rows of buckled dimers of the Si(100) surface. 



288 K. Cho, J.D. Joannopoulos /Applied Surface Science 104/105 (1996) 286-290 

electronic structure of the system [5,15]. For any 
given position of the tip above the surface, all the 
atoms (except the three tungsten atoms at the top of 
the tip and the silicon and hydrogen atoms compris- 
ing the passivated side of the slab) are allowed to 
relax to their equilibrium configurations. 

The results of our calculations at very low tern- 

h = 2.5 

h = 2.25 

h = 2.0 

h = 1.75 

Fig. 2. A sequence of total valence electron charge densities 
(proceeding from top to bottom) depicting an attempt to flip a 
dimer by pushing on it with the tip. The equilibrium dimer angle 
changes gradually until the third panel. From the third to the 
fourth panel there is a discontinuous change in equilibrium dimer 
angle which corresponds to a flip of the dimer to its other buckled 
configuration. However, raising the tip back up (not shown here) 
will restore the dimer to its original buckled configuration. This is 
a consequence of the formation of a covalent bond which appears 
as a small white cloud between the edgemost tungsten tip atom 
and one of the silicon atoms of the dimer. 

Fig. 3. A sequence of total valence electron charge densities 
depicting how a tip can be used to flip a dimer by pulling on it. In 
the top two panels the tip is brought down onto the lower dimer 
atom. Once a covalent bond is formed, the tip is raised back up as 
shown in the bottom two panels. With this approach the tip is able 
to flip the dimer and detach itself without inducing damage to the 
system. 

perature (e.g. liquid helium) are displayed in Fig. 2 
and Fig. 3. In each case, electronic charge densities 
associated with the valence electrons of the system 
are shown in a crossectional plane perpendicular to 
the (100) surface. At the top of each panel is the 
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lower portion of the tungsten tip. At very low tem- 
peratures, the fluctuations of the dimers become 
frozen-in, and a typical AFM scan over the surface 
will not disturb the dimers. But might it not be 
possible to somehow increase the interaction be- 
tween the tip and a dimer so that the tip would flip a 
dimer and leave it flipped even after the tip has 
moved away? 

We first attempt to flip a dimer by moving the tip 
down onto the upper atom of the dimer and essen- 
tially pushing on it. This is illustrated in Fig. 2. As 
we proceed from the top panel to the bottom panel, 
the tip is moved closer and closer to the surface, 
inducing the dimer to rotate, until the dimer reaches 
a horizontal configuration, after which there occurs a 
discontinuous change in the equilibrium value of the 
dimer buckling angle. At this point the dimer has 
flipped to its other buckled configuration. Moreover, 
the discontinuity in equilibrium angle would appear 
to suggest that the dimer would remain in this state 
even after the tip was removed. But this is not the 
case in general. For example, if we were to pull the 
tip back up, we would find that the tip drags the 
dimer back to its original configuration. This is a 
consequence of the rather strong covalent bond that 
is formed between the dimer atom and the edge-most 
tungsten atom of the tip. This bond can be seen as a 
small white region between the corresponding nuclei 
in Fig. 2. 

Nevertheless, a dimer on the surface can be flipped 
so that it remains flipped even after the tip is re- 
moved by using the approach shown in Fig. 3. Here 
the process of flipping is performed by having the tip 
pull on a dimer atom rather than push on it. Proceed- 
ing from top to bottom, the first two panels represent 
a tip being brought down to a surface dimer, while 
the next two panels correspond to the tip being 
pulled back up. By bringing the tip down to the 
lower atom of a dimer, the tip can capture it by 
forming a covalent bond as before. A subsequent 
raising of the tip drags the dimer to its other buckled 
state. The bond between the tip and dimer eventually 
breaks without harming the dimer or the tip. This is 
because the silicon-tungsten bond is weaker than 
both the silicon-silicon and tungsten-tungsten bonds. 
The net effect of this procedure is the flipping of a 
dimer on the surface that remains flipped after the tip 
is removed. 

Fig. 4. Schematic representation of a high-density memory read- 
and writing device using STM and/or AFM tip on the Si(100) in 

surface. 

This predicted capability of the AFM tip to re- 
versibly rearrange atoms without damage to the sys- 
tem leads at once to the notion of a novel memory 
device as illustrated in Fig. 4. A memory storage 
device has two basic components: a writing/reading 
device and a storage medium. The storage density of 
a storage device is determined by the size of the 
basic storage unit which can store one bit of data. 
This size is determined by the resolution of the 
writing and reading device which modifies the stor- 
age medium and retrieves the stored data. One can 
easily imagine that the ultimate limit of a surface 
storage device is one bit of data per surface atom, 
and this limit provides an enormously higher storage 
density than any conventional storage device. The 
realization of this limit requires both a writing and 
reading device with atomic resolution and a storage 
medium with a storage unit of atomic scale. 

Since each dimer on Si(100) can be made to exist 
in one of two possible buckled configurations, each 
dimer can conceivably store one bit of data of infor- 
mation. One simply assigns a 0 and a 1, respectively, 
to each dimer configuration. The recording of infor- 
mation would be accomplished by flipping dimers 
using the AFM technique illustrated in Fig. 3. Infor- 
mation retrieval would be accomplished by simply 
performing a conventional AFM (or for that matter 
STM) horizontal scan at higher distance from the 
surface. This would enable one to swiftly image 
large portions of the surface without perturbing the 
existing dimer configurations. The entire intrinsic 
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Si(100) surface now becomes a potentially massive 
storage bin. One bit of information for every dimer 
corresponds to 1 bit per 30 A2 or 420 Gbytes per 
mm2. This corresponds to a six orders of magnitude 
increase in storage capability compared to conven- 
tional devices. 

Since the time scale for an AFM/STM scan, 
however, is still slow compared to modern memory 
devices, perhaps the most useful application for this 
device might be archival memory storage. Of course, 
many engineering obstacles will need to be over- 
come before such a device could be made opera- 
tional. Ultra-high vacuum conditions would be nec- 
essary to keep the surface from being contaminated 
and very low temperatures would be needed to freeze 
out thermal fluctuations of the dimers. Interestingly, 
both of these requirements are easily satisfied in 
satellites. 
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Abstract 

We have previously demonstrated that an optical standing wave can be used to focus a neutral atomic beam into a 
structure which is deposited on a substrate, under conditions that are compatible with molecular beam epitaxy. We have 
made structures in sodium with linewidths of S ~ 45 nm and contrast better than 10:1. Here, we observe that the condition 
of the surface prior to deposition is critical in producing these features. With certain surface conditions, apparently the 
mobility of the atoms on the surface reduces the contrast of the grating to approximately 1:1. We discuss the condition 
necessary during deposition to insure that the resolution of the deposited features is retained. 

PACS: 42.50.Vk; 32.80.-t; 42.82.Cr 

Recently, light pressure forces have been used to 
focus the atoms in a neutral atomic beam into a 
pattern which is deposited on a substrate [1,2]. This 
technique represents a fundamentally new method 
for surface modification where a pattern is trans- 
ferred directly to the substrate, without the need of 
resists, high energy charged particle or photon beams. 
Since the forces used to focus the atomic beam are 
atom-specific, it is conceivable that the position of 
particular atomic elements could be controlled dur- 
ing the deposition of multiple elements or molecular 
species. And so, when used as part of a material 
growth system, this technique could provide the 
opportunity to create three dimensional structures 
within a material while it is being deposited. To 
laterally control the deposition of a material effec- 
tively, the patterning technique should: (1) produce 

Corresponding author. 

nanometer-scale structures, and provide high con- 
trast, to distinguish between the feature and the 
adjacent unpatterned areas; (2) maintain the fidelity 
of the pattern against surface diffusion after the 
atoms have been deposited. 

We have already shown that light can be used to 
focus a sodium beam into a grating with linewidths 
as narrow as 8 ~ 45 nm with contrast (the ratio of 
the average height of the deposited feature to the 
thickness of the material between the features), of 
about 10:1 [3]. We used an optical standing wave 
(SW) to focus a thermal sodium beam into grating 
structure. The period of the gratings (294.5 nm = 
A/2) is determined by the sodium D2 atomic reso- 
nance at A = 589.0 nm. The interaction of the optical 
field of the SW with this atomic resonance provides 
the force used to focus atoms. We examined the 
deposited structures in an ultra-high vacuum (UHV) 
scanning tunneling microscope (STM), to character- 
ize the linewidth and contrast [3-5]. 

0169-4332/96/S15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
PII S0169-4332(96)00160-2 
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Here, we will examine the limitations imposed by 
the surface conditions on the integrity of the de- 
posited pattern. We show that for depositions under 
conditions similar to our previous work but on nomi- 
nally cleaner substrates, the contrast of the grating is 
reduced to approximately 1:1. 

Fig. 1 shows a schematic of our laser-focused 
deposition system. In UHV, an atomic source is 
directed along £ at a room temperature substrate, 
and a SW along x inter-sects the atomic beam 
parallel to the substrate surface. The atomic beam 
deposits on the substrate at a rate of about 0.01 
nm/s. The SW acts like an array of cylindrical 
lenses that focuses the atomic beam into a grating 
structure on the sample surface. The SW in our 
experiments has a Gaussian power profile along z, 

where   P0   is  the  integrated i.e. Poe-,V2tT 

power and the sample is placed along the centerline 
of this beam. While sodium atoms are focused in our 
experiments, the same technique can be used with 
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Fig. 1. Schematic of our laser focused deposition system. A 
collimated atomic beam is directed at a substrate held at room 
temperature. The beam passes through an optical standing wave 
which acts as an array of lenses to focus the atomic beam it into a 
grating on the surface. 

other elements given a suitable laser source. For 
example, McClelland et al. [2] have demonstrated the 
focusing of chromium with a standing wave at A = 
425 nm and McGowen and Lee [6] have likewise 
focused aluminum with a 300 nm SW. 

The Si substrates used in all these experiments are 
5 mm X 7 mm pieces cleaved from (100) 10 fi cm 
n-type wafers. After cleaving to size, the substrates 
are cleaned and the surface is prepared following 
Higashi et al. [7]. The substrates are solvent cleaned 
and the as-delivered 200 nm thermal oxide is re- 
moved in a buffered HF solution (BOE). The pieces 
are then etched in a 1:1:4 solution of 
NH3OH:H202:H20 at 80°C for 10 min, which 
leaves an oxide on the surface. The Si substrates are 
rinsed in deionized water and the chemically grown 
oxide is then removed by etching in a 5% solution of 
HF for 30 s. This is supposed to produce a 
hydrogen-terminated silicon surface that is stable in 
air [7]. The pieces are then clamped to a Mo sample 
holder appropriate for the STM and placed above a 
Mo heater in a vacuum load-lock to the UHV cham- 
ber. The substrates are heated in vacuum to T> 
550°C for 13 min to remove the hydrogen from the 
surface [8]. 

The force used to focus the atoms during the 
deposition of sodium is proportional to the gradient 
of the optical intensity [9,10]. The depth of the 
optical potential that produces this force can be 
controlled by adjusting: (1) the power in the incom- 
ing beam; (2) the interaction length between the light 
and the atoms, L;; and (3) the detuning between the 
light forming the SW and the atomic resonance, A. 
For A > 0 the atoms are forced to the regions of low 
intensity. Simulations based on the classical equa- 
tions of motion of atoms in a conservative potential 
[11] show, that under ideal conditions, an atomic 
beam can be focused to a linewidth S < 1 nm. We 
have examined the focusing achieved for a wide 
range of power, interaction length and detuning both 
experimentally and theoretically in our system. These 
results are presented elsewhere [3-5]. 

Fig. 2 shows STM images obtained from two Na 
films deposited at room temperature under different 
surface conditions. Both of the films shown diffracted 
light, indicating regions of long range order with a 
period of 294.5 nm. The substrates shown in Fig. 2 
received the cleaning procedure outlined above, al- 



R.E. Behringer et al. /Applied Surface Science 104/105 (1996) 291-296 293 

though the substrate in Fig. 2b was heated with a 
higher residual hydrocarbon background in the load- 
lock. We speculate that the heat treatment results in 
residual hydrocarbon defects on the Si surface [8]. 
Fig. 2a is typical of a Na film deposited after heating 
in a lower residual hydrocarbon background. No 
lines can be discerned in the STM image, and the 
grains observed are approximately 100 nm in diame- 
ter. 

This is in stark contrast to the STM image shown 
in Fig. 2b. In Fig. 2b we observe lines 8 = 45 nm 
wide, consisting of grains approximately 10 nm in 
diameter. The regions between the lines show only a 
few isolated Na grains, indicative of the high con- 
trast. The SW parameters used to form this grating 
were A= +1.7 GHz, L; = 60 (im, with an inte- 
grated power of 12 mW in the incoming beam. The 
atomic beam has an angular divergence of 0 ~ 0.5 

Fig. 2. Two STM images of as-deposited Na gratings using a SW with A = +1.7 GHz and Lt = 60 /xm to focus the atomic beam. The 
residual hydrocarbon background was different during pre-deposition heating for the two samples, (a) is an image of a grating deposited 
with a lower hydrocarbon background. Although the sample diffracted light, no lines are visible, and the Na grain size is approximately 100 
nm. (b) was deposited with a higher residual hydrocarbon background. The lines in (b) have 5 ~ 45 nm, the grains that form the lines are 
approximately 10 nm in diameter, and the contrast of this grating is better than 10:1. 
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mrad and we assume a Boltzmann distribution of 
longitudinal velocities with an estimated rms veloc- 
ity of V=860 m/s, corresponding to a measured 
oven temperature of 7= 420°C. 

We speculate that the surface in Fig. 2a has fewer 
defects than the surface in Fig. 2b. Higher sodium 
surface mobility after deposition would account for 
the larger grains and poor grating quality observed in 
Fig. 2a. So, it is apparent from the images in Fig. 2 
that the surface diffusion coefficient of the focused 
atoms must be small enough to guarantee that the 
lateral resolution of the pattern is maintained once 
the atoms have been deposited. 

After Flynn [12] and using Fig. 2, we can estimate 
the surface and bulk diffusion coefficients required 
for three dimensional materials engineering. The sur- 
face diffusion coefficient, Ds, is given approximately 
by 

Ds = (L3/«3)(a
2A7r0), 

where L is the maximum distance that the atom can 
travel on the surface, a is the lattice spacing of the 
substrate, N is the number of layers deposited and t0 

is the deposition time. In general, the surface diffu- 
sion coefficient must be small enough to maintain 
the fidelity of the deposited feature, so we must have 
L < A/4 at most. In particular, from Fig. 2b, L ~ 8. 
Similarly, the bulk diffusion coefficient must be 
small enough to avoid intermixing of the focused 
atoms and the Si substrate. The bulk diffusion coeffi- 
cient, Db, is given by [12] 

Db = a2/tQ. 

Using these expressions, with L ~ 8 and a deposi- 
tion rate of 0.01 nm/s, we estimate that Ds < 10~9 

cm2/s and Db < 10~19 cm2/s are necessary to re- 
tain the fidelity of the grating in Fig. 2b during 
deposition. 

Instead of using contamination, the diffusion could 
be reduced by lowering the substrate temperature 
during deposition. The distance an atom diffuses 
during deposition can also be reduced by increasing 
the deposition rate. Simulations of crystal growth 
show that the ratio of diffusion rate to deposition rate 
is influential in determining the width of grown 
interfaces [13]. In our particular case, the width of 
the interface translates to the deposited linewidth. 
Decreasing this ratio by increasing the deposition 

200 400 600 
x(nm) 

800 1000 

Fig. 3. Comparison of a classical simulation (dotted line) to an 
averaged line scan (solid line) of the image shown in Fig. 2b. 
While there is good agreement in the linewidth, the observed 
contrast of the deposited structure is better than predicted. 

rate decreases the distance an atom can diffuse, but 
decreasing this ratio has the same effect as reducing 
the growth temperature: i.e. increased variation in 
linewidth, so that the grating fidelity is compro- 
mised. High atomic fluxes associated with large 
deposition rates during growth can also degrade the 
focusing of the atom lens. If there is significant 
absorption in the SW, then an additional global force 
component along the SW pushes the atoms parallel 
to the substrate, potentially reducing the contrast, 
and broadening or skewing the deposited features. 
The effect of absorption can be mitigated if large 
detunings are used in the SW, however. 

Another requirement for three-dimensional mate- 
rial engineering is that the SW focus the atoms into a 
pattern with high contrast and narrow linewidth. In 
our system, the beam divergence and longitudinal 
velocity spread, combined with aberrations in our 
atom lens, broaden the deposited linewidth in Fig. 2b 
from the ideal case. Fig. 3 represents a comparison 
between the classical simulation of the atom lens and 
the averaged profile derived from Fig. 2b. The dotted 
line in Fig. 3 is the result of a simulation for the lens 
conditions used in the image in Fig. 2b, assuming a 
Boltzmann distribution of longitudinal velocities at 
7,= 420°C, and an angular divergence of 0 = 0.5 
mrad. The FWHM of the lines found in the simula- 
tion is 8 = 53 nm. The solid line in Fig. 3 is the 
averaged profile derived from the data in Fig. 2b. 
This profile is calculated by averaging in the y 
direction over all the line scans that form the image 
of Fig. 2b, and subtracting the background estimated 
for similar measurements on a clean Si surface [4]. 
From this we estimate that the deposited lines have 
8 ~ 45 nm and that the contrast is approximately 
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10:1. While there is good agreement between the 
calculated and measured estimate of the linewidth, 
the measured contrast of the deposited sodium grat- 
ing is better than would be expected on the basis of 
these simulations. We do not know the origin of the 
difference in contrast, but there are many effects in 
the SW that are not accounted for in these naive 
simulations, such as velocity-dependent forces in the 
standing wave, or the evaporation of sodium from 
the silicon substrate. 

The parameters of the atomic beam also play an 
important role in the linewidth and contrast of the 
deposited features. Fig. 4 shows another Na grating 
deposited under similar SW conditions to those of 
Fig. 2, with the divergence of the Na beam increased 
to 0 ~ 3 mrad. The substrate in this image was 
prepared with the same procedures as the sample in 
Fig. 2b. As expected from geometric optics, [14] the 
increased beam divergence increases the deposited 
linewidth and degrades the contrast according to 
8~ ©Lj [14], to about the same level found in Fig. 
2a. However, unlike the grating shown in Fig. 2a, the 
sodium grains are only about 10 nm in diameter and 
the lines which comprise the grating can still be 
discerned.   We   infer   that,   in   order   to   produce 

nanometer-scale structures with high contrast, it is 
not only necessary to control the diffusion of the 
atoms on the surface, but also optimize the condi- 
tions in the SW and the atomic beam [3,4]. 

In conclusion, we have shown that light can be 
used as a lens to focus a neutral atomic beam into 
nanometer-scale structures. Apparently, the mobility 
of the atoms on the surface is critical in preserving 
the pattern on the substrate. This technique could be 
used to three-dimensionally engineer materials, if the 
atom lens can provide high resolution features with 
high contrast; and if the diffusion of the focused 
atoms on the substrate is small enough that the 
resolution of the pattern is maintained. The sensitiv- 
ity of the deposited pattern to the surface conditions 
also introduces the possibility of using this technique 
as a probe of diffusion on surfaces. For example, in 
the GaAs system surface diffusion lengths have been 
measured on different facets of etched structures by 
examining the period of reflection high-energy elec- 
tron diffraction (RHEED) intensity oscillations 
[15,16], or the thickness of grown layers on different 
facets [17]. Alternatively, using the techniques de- 
scribed here, a surface could be characterized in the 
STM before deposition, then a well-controlled pat- 

Fig. 4. STM image of a Na grating deposited with the same conditions as the grating in Fig. 2b, but with an atomic beam divergence of 
0 = 3 mrad. While the contrast and linewidth are similar to the image in Fig. 2a, the grain size is about the same as in Fig. 2b. 
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tern of atoms could be deposited on the surface, and 
subsequently the distribution of the deposited feature 
could be measured. 
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Abstract 

Large scale first principles numerical simulations, performed on modern massively parallel computers, can be usefully 
applied to study the physics of semiconductor surface and interface systems. We report on a recent study of the 
surface-initiated diamond to graphite structural transition of crystalline carbon. Our investigation consisted of a series of 
fully ab initio molecular dynamic simulations of the diamond C(lll)-(2 X 1) surface, with cells containing from 200 to 300 
atoms. We observed a spontaneous graphitization of the surface, followed by a fast graphitization of the entire diamond slab, 
at temperatures above 2500 K. We find that the transition starts at the reconstructed surface layer and rapidly proceeds into 
the bulk region by highly correlated breaking of z-oriented diamond bonds. We identify a precursor seed to the structural 
transformation, and in particular we obtain a non abrupt graphite-diamond interface forming prior to the transition. This 
interface is characterised by a regular alternation of three- and four-fold coordinated atoms along the [110] direction at the 
convex corner of the phase boundary. Local density of states (LDOS) analysis reveals the presence of chemically active sites 
at the interface region. Our results are in agreement with experiments on the thermal behaviour of diamond (111), confirm 
early measurements about surface induced graphitization of diamond, and bear important implications to the formation 
process of graphite islands in chemical vapor deposited (CVD) diamond films. In particular, we discuss the role of surface 
dangling bonds as chemisorption sites for atomic hydrogen, in relation to the stabilisation of CVD-grown diamond films by 
selective etching. 

The simulation of surface dynamical and chemical 
processes has largely benefitted in recent times from 
the advent of parallel computers [1-3]. A detailed 
account of the computational techniques underlying 
these applications is beyond the purpose of the pre- 
sent work, and can be found in the specialized 
literature [4,5]. The unprecedented computational 
power obtained by porting and optimising serial 
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codes on the current-generation parallel supercom- 
puters allows as a routine dynamical simulation of 
physical systems constituted of hundreds or some- 
times thousands of atoms, the precision of the mod- 
elling being the typical one of electronic structure 
calculations of the first principles or tight-binding 
type. 

The present work consists of a series of fully ab 
initio molecular dynamics (MD) simulations of the 
diamond C(lll)-(2 XI) surface, with cells contain- 
ing between 200 and 300 atoms. The main purpose 

0169-4332/96/S15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
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of the investigation is to study the structural transi- 
tion from the diamond (D) to the graphite (G) phase. 
The advantage of first principles MD simulations 
over more modellistic approaches is in the high 
accuracy and robustness of the technique, which 
requires no fitting to experimental data and thus 
generates unbiased results even in situations which 
are far from the experimental conditions providing 
the input for more crude models. While a range of 
techniques exists to parametrise interatomic forces 
into model potentials, so that a phase space region 
exists for which each model potential is correct, the 
extent of such region of validity is in general not 
known. A first principle calculation, whenever af- 
fordable, is the elective mathematical tool for simu- 
lating a given physical system if little is a priori 
known of this range of validity (variations of coordi- 
nation, bond lengths, chemical environment) [6]. 

Carbon displays a rich variety of allotropes whose 
structural transitions into each other is considerably 
complex. Diamond surfaces have a unique thermal 
behaviour (e.g. no surface dynamical disordering is 
observed, as opposed to the case of other elemental 
semiconductor surfaces like Si(lll)-(7 X 7) and 
Ge(lll) [7]) whose features in turn determine their 
properties as growth planes for technologically rele- 
vant processes (e.g. growth of diamond films by 
chemical vapor deposition). Diamond is, at normal 
pressure, a metastable phase of carbon, the stable 
one being graphite. Due to the ~ 1.5 volume ratio 
between graphite and diamond, graphitization is for- 
bidden in bulk diamond, where the growth of 
graphitic inclusions is limited by the compressive 
reaction of the diamond matrix. Graphitization is, on 
the other hand, observed as a surface initiated pro- 
cess [8,9] and a variety of studies is available about 
surface related D to G transformations. 

Most of these studies are experimental investiga- 
tions, and the theoretical research has mainly dealt 
with simple model systems. The earliest experimen- 
tal studies on the structural phase transitions of 
diamond upon thermal treatment date back to the 
mid-nineteenth century [10,11]. After the structure of 
graphite was clarified [12], experiments on graphiti- 
zation were performed in the nineteen-twenties [13- 
15], which revealed low pressure graphitization at 
temperatures above 1500 K. 

A theoretical model for the D to G phase transi- 

tion was originally put forward by Nath in 1935 [16]. 
According to Nath's model, the (111) puckered dou- 
ble layers of diamond flatten to form graphitic sheets 
of hexagonal carbon rings, which subsequently glide 
in pairs to give the Bernal graphite stacking (i.e. A, 
B, hexagonal stacking) from the original diamond 
stacking (A, B, C, rhombohedral stacking). There is 
no transport of isolated atoms or groups of atoms in 
this model of the phase transition, according to 
which the relative atomic positions in the (111) 
planes remain unchanged throughout the reaction. 
From the point of view of chemical bonding of 
individual atoms, the model has the character of a 
sp3 to sp2 hybridization change of the C atoms, 
uniformly throughout the system. 

Later experimental work [8,9] focused on the 
surface-induced nature of the transition. As stated 
above, the D to G phase transformation is only 
possible at the surface of the samples, where the 
graphitic sheets nucleated in the transition can adjust 
their spacing by moving into the vacuum region. 
Evans and Davies ruled out Nath's direct transition 
model, on the basis of the great differences in elec- 
tronic structure between D and G; in addition the 
percentage of rhombohedrally stacked graphite found 
in the treated samples was considered insufficient to 
support this model. These authors proposed instead a 
two-stage mechanism of graphite nucleation, in which 
grain growth of graphite would occur after an initial 
first step of debonding and transport of one [8] or 
more [9] C atoms. Although some experimental work 
supporting this view was available [17-19], the exact 
nature of the first stage of the transition could, 
however, not be clarified by the experiments. In the 
present work we present a theoretical study of the 
reconstructed diamond (111) surface as a function of 
temperature (T), based on a series of first principles 
molecular dynamics (MD) simulation [20]. A surface 
initiated graphitization process was obtained in the 
course of the simulations, and an interface between 
the D and G phases was identified and characterised. 
The LDOS analysis on the interface system revealed 
the presence of Fermi energy-pinning electronic states 
which might play a relevant role in the selective 
etching of the G phase by atomic H in CVD dia- 
mond film synthesis techniques [21]. 

In our calculations the C(lll) surface in the 
reconstructed (2X1) geometry was represented by 
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periodically repeated slabs of C atoms, separated by 
a vacuum region of = 9 A. Both sides of the dia- 
mond slab were (2X1) reconstructed, and all atoms 
were allowed to move. The interaction between C 
ionic cores and valence electrons was described by a 
fully nonlocal pseudopotential [22] represented in 

separable form [23] with s-only nonlocality. Single 
particle orbitals and charge density were expanded in 
plane waves with kinetic energy cutoffs of 33 and 99 
Ry, respectively. Only Bloch functions at the T 
point of the supercell Brillouin zone (BZ) were 
included in the calculations. We performed computa- 

Fig. 1. Graphitization of the diamond slab at T— 2500 K. (a) The relaxed 192 atom system at 0 K. (b) Graphitization starts at the surface 
(t = 0). Almost all bonds between the first and the second double layers are broken, and the first double layers flatten to form strained 
graphite seeds on both sides of the slab, (c) Graphitization has progressed throughout the slab by a correlated z-oriented bond-breaking 
mechanism (t — 0.2 ps; see text). A D/G interface orthogonal to the surface is formed, (d) All bonds between double layers are broken 
U = 0.4 ps). 
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tions on supercells containing 16 atoms per layer 
(192 atom slab) or 24 atoms per layer (288 atom 
slab). These ab initio simulations, adding up to a 
total simulated time of about 12 ps, have been made 
possible by the use of a massively parallel computer 
(a CRAY T3D at the EPFL, Lausanne) and of a 
newly designed code LAUTREC, optimised for this 
machine [5]. 

In the first part of our study, the system repre- 
sented by the 192 atom slab was heated up to about 
2500 K, starting from the (2X1) reconstructed ge- 
ometry, which is the stable structure at 0 K (Fig. la). 
A constant temperature (CT) simulations was then 
carried out at T - 2500 K, and a surface induced 
graphitization of the diamond slab was observed to 
occur spontaneously. The CT simulations were per- 
formed using Nose thermostats [24]. The sensitivity 
of the results with respect to the effective mass of 
the thermostat was carefully monitored. Diamond 
graphitization with unchanged features was obtained 
with different values of the thermostat mass parame- 
ter [24] varying within two orders of magnitude, 
giving us complete confidence into the thermal treat- 
ment used. Graphitization was also obtained for a 
system similar to that of Fig. 1, in which one of the 
slab surfaces was a diamond (111) cleaved surface 
saturated with H atoms and kept fixed throughout the 
simulations. 

The graphitization process starts at the surface. 
The bonds between the first and the second double 
layer break (in the reconstructed geometry at 0 K 
they are about 8% longer than those of bulk diamond 
[25]) and the first two surface layers flatten to form a 
strained graphite seed (Fig. lb; the projected intra- 
layer bond distance of diamond is 1.45 A, to be 
compared to the equilibrium bond length of graphite, 
1.42 A). Once the graphitic seed is formed, a fast 
graphitization of the whole slab takes place, without 
any intermediate reconstruction of the ideal layers 
underneath. The slab graphitization proceeds through 
a correlated sp3 to sp2 hybridisation change of the 
nearest neighbour atoms in the (111) diamond dou- 
ble layers. Every bond of the subsurface region 
oriented in the (z) direction perpendicular to the 
surface connects two (111) double layers. Starting 
from the surface and proceeding into the slab, for 
each of these bonds there are three similar nearest 
neighbour z-oriented bonds, connecting the next cou- 

ple of (111) double layers further into the bulk 
region. Thus, the correlated hybridisation change 
from diamond to graphite bonding of pairs of neigh- 
bouring atoms in the (111) double layers involves 
the breaking of nearest neighbour z-oriented bonds 
in the system. This in turn results in penetration of 
the graphite phase into the diamond phase before 
complete graphite planes can form, and therefore 
implies the formation of D/G interfaces which are 
not parallel to the surface. We notice that the ob- 
served correlated sp3 to sp2 hybridisation change of 
neighbouring atoms in the (111) diamond double 
layers may take place due to the energy gain of 
forming 7r-bonded C-atom couples (or closed rings, 
see Fig. lc) in the (111) diamond double layers on 
their way to transforming into graphite sheets. 

After ~ 0.5 ps of simulation the graphitization 
process is completed (Fig. Id). The stacking of the 
graphitic slab obtained at the end of the transition is 
(A, B, C), i.e. the same as that of the starting 
diamond slab. The size of our simulation cell pre- 
vents the study of a possible stacking change during 
the transition. Nath's direct transition mechanism 
[16] is strongly supported by our results, while we 
have no evidence to support a two stages transition 
mechanism of the kind proposed in later work [8,9]. 
(A mechanism involving transport of carbon atoms 
at the surface cannot, however, be conclusively ruled 
out by our calculations, since such a mechanism 
could still in principle take place on a timescale not 
accessible to our simulations.) The diamond to 
graphite transition was also obtained at T lower than 
2500 K, starting a CT run from a quenched atomic 
configuration (Fig. lb) which corresponds to the 
onset of the transition found at T ~ 2500 K. The 
transition is found to proceed in the same way as at 
higher T. In particular, induced graphitization was 
observed at T~ 1900 K. On the time scale of our 
simulations, the transition no longer occurred at T — 
1000 K, from which a metastable interface geometry 
was instead obtained after ~ 1.5 ps of simulation 
time. 

In the second part of our study we investigated 
the coexistence of the diamond and graphite phases, 
prior to the completion of the graphitization transi- 
tion. To this purpose, we performed CT simulations 
starting from atomic configurations which contained 
a frozen seed of the structural transformation. The 
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Fig. 2. D/G interface in the 288 atom slab system after 1 ps at 
T = 300 K. Notice the alternation of 3-fold and 4-fold coordinated 
atoms in the [110] rows on both phase boundary convex edges 
(center of the slab). 

last simulation mentioned above, which was per- 
formed at 1000 K on the 192 atom system, clearly 
showed the formation of an interface between the D 
and G phases which was stable over the time span of 
the simulation. To substantiate our findings, we re- 
peated CT-MD runs with the 288 atom slab starting 
from an interface geometry obtained from the results 
of the 1000 K run. Namely, we structurally relaxed 
the 288 atom system and then heated it up to 300 K, 
at which temperature we performed a CT-MD simu- 
lation for a time t — 1 ps. We found that the inter- 
face remained stable, indicating that the potential 
energy surface of the system does not have local 
minima close in energy to that of the interface. The 
onset of the graphite into the diamond phase is found 
to take place via a sharp merging, occurring over one 
bond length. This interface between the two phases, 
shown in Fig. 2, is characterised by the alternation of 
three-fold and four-fold coordinated atoms along the 
[110] direction at the convex corner of the phase 
boundary (center of the slab, on both sides of the 
graphite region) without any defect. This reconstruc- 
tion can be easily seen to maximise the number of 

O 
Q 
J 

  diamond 
  interface 
 graphite 

energy (eV) 

Fig. 3. Local density of electronic states for the 288 atom surface slab system. The three curves refer to the electronic density of states 
projected onto (110) planes orthogonal to the slab and parallel to the D/G interface. The planes are located in the diamond, graphite and 
D/G interface regions of the system. Notice the peak at the Fermi level in the LDOS at the interface, arising from localized electronic states 
with a predominantly p, character. Such states may give rise to semimetallic or metallic conduction along the interface [27]. 
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energetically stable closed hexagonal rings at the 
phase interface. At the same time, the sign change in 
the local stress field from the region of graphite 
(under compression in the z direction) to that of 
diamond (under tension in the z direction) is non 
abrupt, which may help to reduce the elastic contri- 
bution to the interface formation energy. (Stress 
relieving mechanisms such as nucleation of disloca- 
tions are not directly addressed by the present work, 
although our calculations provide no indications that 
such mechanisms take place.) 

The termination of the graphite sheets into dia- 
mond in the interface system is characterised by the 
presence of unsaturated 'dangling' bonds. These 
bonds are responsible for the sharp peak in the 
LDOS in the region of the interface, and give rise to 
localised chemically active sites. The LDOS for the 
system of Fig. 2 is reported in Fig. 3. The three 
curves refer to the electronic density of states, pro- 
jected onto (110) planes orthogonal to the slab and 
parallel to the D/G interface. The eigenvalue spec- 
trum is convoluted with a Gaussian of width a = 0.1 

eV; the zero energy corresponds to the Fermi energy. 
The solid, dashed and dotted plots are the LDOS 
corresponding to planes located in the diamond, 
graphite and D/G interface regions of the system, 
respectively. The peak at the Fermi level in the 
LDOS at the interface arises from localized elec- 
tronic states. Interface states of this kind may give 
rise to semimetallic or metallic conduction along the 
interface [26,27]. Further analysis reveals that these 
states are not entirely localised into the subsurface 
region, since some of them can be characterised as 
surface dangling bonds of predominantly p-character, 
located at the phase boundary (Fig. 4). These states 
could be the ideal binding sites for hydrogen atoms 
in chemisorption processes, in agreement with the 
band structure results in Ref. [28] on hydrogenated 
{lOlO} graphite edges. 

Atomic H is used as a selective etching agent [21] 
in CVD technique. Graphitic formations can nucleate 
within the diamond phase in low pressure syntheti- 
cally grown diamond, depending on the CVD growth 
conditions [31].  It is likely that electronic states 

Fig. 4. Isovalue surfaces of the electronic particle density corresponding to the lowest unoccupied orbital of the system in Fig. 2, and to the 
peak at the Fermi energy in the D/G interface LDOS of Fig. 3. This and similar states are found at the insertion of the graphite plane in the 
diamond region and are expected to act as chemically active sites in processes like, e.g. hydrogen chemisorption. 
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similar to the Fermi energy-pinning interface states 
we observe are also present at the surface insertion 
of the graphitic phase into diamond in any graphitic 
nuclei which may form in CVD grown diamond 
films. The existence of chemically active sites at the 
surface phase boundary can play a significant role in 
the H etching processes. Firstly, preferential hydro- 
genation sites at the coherent insertion of the (stable) 
graphitic phase into the (metastable) diamond phase 
clearly substantiate the role of H in inhibiting graphite 
growth. Secondly, once a coherent D/G interface 
similar to the one illustrated in Fig. 2 is formed by 
spontaneous surface-initiated graphitization, the satu- 
ration of dangling bonds by hydrogen adsorption at 
the boundary between the two phases may conceiv- 
ably initiate a dislocation generation mechanism, to 
relieve the z-oriented stress present at the interface. 
A possible picture is one in which the graphitic 
planes 'cut' from the diamond by hydrogenation 
relax into the vacuum to achieve their normal inter- 
layer spacing and form a graphitic extrusion on the 
surface of the film, laterally terminated by an hydro- 
genated prism plane. Hydrogenation of graphitic pre- 
cursors is believed to play an important role in 
diamond nucleation and growth in diamond films 
obtained by CVD [30]. In particular, a well estab- 
lished model [29] for the growth of CVD diamond 
involves nucleation at the hydrogenated prism plane 
of graphitic formations somehow generated in the 
films [29]. Work is in progress on H/C systems to 
investigate the graphite formation process outlined 
above as a possible mechanism to generate diamond 
nucleation sites. 
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Abstract 

High resolution electron energy loss spectroscopy (HREELS) has been used to study the adsorption and thermal 
decomposition of triethylgallium (TEGa) and trimethylgallium (TMGa) at Ga-terminated GaAs(lOO) surfaces. HREEL 
spectra recorded for adsorption of TEGa at room temperature show that the dominant surface species is based on intact ethyl 
(C2H5) groups. The surface species, which is likely to be diethylgallium (DEGa), is stable up to 250°C. Heating to 400°C 
results in the complete decomposition of the molecule via the facile ^-elimination mechanism. For TMGa adsorption, 
HREEL spectra indicate that the stable surface species at room temperature is based on intact methyl (CH3) groups, and is 
likely to be a dimethylgallium (DMGa) species. Decomposition of this species occurs with increasing temperature and 
involves the loss of CH3 groups from the surface. In contrast to the clean decomposition of TEGa, a surface methylene 
(CH2) species is also identified for TMGa at elevated temperatures and suggests an additional decomposition pathway 
involving loss of hydrogen from adsorbed CH3 groups. The presence of this stable species in the case of TMGa, and not 
TEGa, is a possible explanation for the high carbon incorporation levels found in GaAs grown by chemical beam epitaxy 
(CBE) from this precursor. 

1. Introduction 

Trimethylgallium (TMGa) and triethylgallium 
(TEGa) are widely used as precursors in the epitaxial 
growth of GaAs from organometallic sources [1]. 
TMGa is commonly employed in the high pressure 
metalorganic vapour phase epitaxy (MOVPE) growth 

* Corresponding author. Tel.:   +44-171-5945794; fax:   + 44- 
171-5945801; e-mail: t.jones@ic.ac.uk. 

process with low carbon incorporation levels result- 
ing from the grown material [2]. In contrast, the use 
of TMGa in ultra high vacuum (UHV) growth tech- 
niques, such as chemical beam epitaxy (CBE) and 
metalorganic molecular beam epitaxy (MOMBE), 
leads to very high levels of carbon incorporation, 
with acceptor concentrations ranging typically from 
1019 to 1021 cirT3 [3,4]. Whilst such high acceptor 
levels are useful for certain specific applications, it is 
generally more desirable to grow GaAs based mate- 
rial with low impurity levels. Consequently, TEGa is 
the more commonly used precursor for both CBE 
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and MOMBE growth as it leads to significantly 
lower carbon incorporation levels (~ 1014 cm-3) 
[5]. 

Being UHV based growth techniques, the epitax- 
ial process in both CBE and MOMBE is determined 
entirely by surface reactions. It is generally accepted 
that the high carbon levels obtained in GaAs growth 
from TMGa reflect a very different surface decom- 
position process compared with TEGa. It has been 
suggested that TEGa decomposes with the release of 
ethylene (C2H4) groups via a /3-hydride elimination 
mechanism [6]. This facile process cannot occur with 
TMGa. In addition, the growth behaviour with TMGa 
has a much stronger dependence on the growth 
conditions, including the substrate temperature [7], 
the group V/III flux ratio [8,9] and the atomic 
nature of different step terminations [7]. This chemi- 
cal specificity has resulted in TMGa being used as 
the main precursor in atomic layer epitaxy (ALE), a 
growth process which involves the Ga and As sources 
being supplied in an alternating sequence, and de- 
pends on the ability of the precursor to deposit a 
self-limiting monolayer of Ga [10]. 

There have been a number of studies concerned 
with understanding the adsorption and thermal de- 
composition of TMGa and TEGa on both Ga- and 
As-terminated GaAs(lOO) surfaces [11-27]. The ma- 
jority have involved thermal desorption (TPD) and 
mass spectrometric detection of the desorbing prod- 
ucts (e.g. modulated beam mass spectroscopy, 
MBMS). However, the details of the reaction mecha- 
nisms are still unknown, in particular the identifica- 
tion of the surface intermediates in the thermal de- 
composition process. Surface vibrational spec- 
troscopy is one of the most powerful methods for 
identifying molecular fragments adsorbed on sur- 
faces. In this paper, we present a high resolution 
electron energy loss spectroscopy (HREELS) study 
of the vibrational properties of TMGa and TEGa 
adsorbed on Ga-rich GaAs(lOO) surfaces. Since the 
CBE and MOMBE growth processes are generally 
carried out under As-rich conditions, the Ga- 
terminated surface is not an ideal representation of 
the growing surface. However, our measurements 
have been carried out with a far higher resolution 
than previous HREELS studies and enable a more 
rigorous study of the vibrational properties of the 
adsorbate to be made. 

2. Experimental 

The experiments were carried out in an UHV 
system (base pressure < 2 X 10"10 Torr) equipped 
with HREELS, Auger electron spectroscopy (AES) 
and low energy electron diffraction (LEED). The 
n-type (Si doped, n ~ 2 X 1017 cm"3) GaAs(lOO) 
substrates were cleaned in situ by cycles of argon ion 
bombardment (2 keV, 5 fiA sample current, 10 min, 
400°C) and annealing (400°C, 10 min). This resulted 
in a clean surface as determined by AES and a 
(4X1) LEED pattern corresponding to a Ga- 
terminated surface. The samples were then exposed 
to TMGa or TEGa (Epichem, UK) at room tempera- 
ture until saturation coverage was obtained, as evi- 
denced by no further changes in the intensity of the 
vibrational loss peaks with increasing precursor ex- 
posure. 

The HREEL spectrometer (HIB 1000) consists of 
a double pass cylindrical monochromator and anal- 
yser assembly, with the analyser fixed and the mono- 
chromator rotatable [28]. Measurements were carried 
out in specular (0; = 45°, 0S = 45°) and off-specular 
scattering geometries and with incident electron en- 
ergies less than 10 eV [29]. The resolution of the 
spectrometer (FWHM) in the 'straight through' beam 
was 16-24 cm"1, while a resolution of 28-56 cm"1 

was routinely obtained both from the clean and 
adsorbate covered GaAs surface. Specular HREELS 
studies of the clean GaAs(100) surface are charac- 
terised by two intense losses (and the corresponding 
gains) at 285 and 570 cm"1 (Fig. 1). These are the 
strongly dipole active surface optical phonon excita- 
tions which dominate specular HREELS studies of 
III-V semiconductor surfaces [30]. 

HREELS spectra of the adsorbate covered surface 
were always recorded at room temperature. The ef- 
fects of substrate temperature on the decomposition 
of the adsorbate were monitored in two different 
ways. Firstly, by adsorbing at room temperature and 
recording HREELS spectra after annealing for a few 
minutes at several different elevated temperatures. 
Alternatively, the sample was exposed to the precur- 
sor at various substrate temperatures and the 
HREELS spectra were subsequently recorded after 
cooling to room temperature. There was no discern- 
able difference in the HREELS spectra recorded 
using these two approaches. 
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3. Results 

3.1. TEGa/GaAsUOO) 

A specular HREEL spectrum, recorded at a pri- 
mary electron beam energy of 8 eV, for a GaAs(lOO) 
surface exposed to TEGa at room temperature, is 
shown in Fig. 1. Similar spectra have been observed 
with much lower resolution in previous HREELS 
studies of the adsorption of TEGa on GaAs(lOO) at 
300 K [26]. Apart from the intense phonon losses at 
285 and 570 cm""1, the spectrum shows a series of 
loss peaks at 860, 950, 990, 1170, 1220, 1370, 1450 
and 2910 cm-1. These can be assigned by compari- 
son with infrared (IR) and Raman studies of liquid 

y ,(CH,) 

u(CC) 

x70 
8 S(CH3) 

5 ,(CHJ 

V   (CH3,CH2) 

4000 
Energy loss (cm" ) 

Fig. 1. Specular (0, = 8S = 45°) HREEL spectrum for TEGa ad- 
sorbed on GaAs(100) at room temperature. The spectrum was 
recorded with an incident electron energy of 8 eV and the loss 
region has been multiplied by a factor of 70 with respect to the 
elastic peak. A spectrum recorded at 8 eV for the clean GaAs(100) 
surface is also shown with two intense phonon losses at 285 and 
570 cm"1. 

Table 1 
The   vibrational   frequencies   (cm-1)   obtained   from   specular 
HREELS spectra, recorded with an incident electron energy of 8 
eV, for TEGa adsorbed on GaAs(100) at room temperature (Fig. 
1) 

Assignment TEGa/GaAs(100) Liquid TEGa [31] 

phonon 570 — 
p(CH2) 860 890 
KCC) 950 960 
y(CH2) 990, 1220 1000, 1060, 1230 
p(CH,) 1170 1100 
SS(CH3) 1370 1380, 1390 
Sa(CH3) 1450 1460 
f(CH„ CH2) 2910 2870, 2900, 2950 

The assignments are made by comparison with IR spectra ob- 
tained from liquid TEGa [31]. 

TEGa [31] (Table 1). The bands at 860 and 1170 
cm-1 correspond to CH2 and CH3 rocking modes 
(p(CH2) and jo(CH3)), the band at 950 cm"1 to a 
C-C stretch (f(CC)), the bands at 990 and 1220 
cm-1 to twists of the CH2 groups (y(CH2)), the 
bands at 1370 and 1450 cm-1 to the symmetric and 
asymmetric deformations of the CH3 groups 
(SS(CH3) and Sa(CH3)) and the band at 2910 cm"1 

to C-H stretching vibrations of the CH3 and CH2 

groups (v(CH3) and v(CH2)). These frequencies 
suggest that intact ethyl groups are present at the 
surface, although it is not possible even with this 
resolution to determine precisely the nature of the 
adsorbed species. The origin of the two weak bands 
at 1950 and 2370 cm-1, which cannot be attributed 
to fundamental vibrations of adsorbed ethyl groups, 
will be discussed in Section 4.1. 

The effects of temperature on the HREELS spec- 
tra for the TEGa covered GaAs(100) surface are 
shown in Fig. 2. There is very little change in the 
spectra as the temperature is raised to 250°C. How- 
ever, upon heating to 350°C, there is a significant 
decrease in the intensities of all the bands, indicating 
the removal of ethyl groups from the surface. Further 
heating to 450°C results in the disappearance of all 
the vibrational bands, suggesting that the ethyl groups 
have been completely removed from the surface and 
the decomposition of TEGa is complete. 

3.2. TMGa/GaAs(100) 

A specular HREEL spectrum, recorded at a pri- 
mary beam electron energy of 5 eV, for a GaAs(100) 
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Fig. 2. Specular (0; = 8S = 45°) HREEL spectra recorded at 8 eV 
for TEGa adsorbed on GaAs(100) at room temperature and then 
annealed to 150, 250, 350 and 450°C, respectively. All the spectra 
were recorded at room temperature and the loss regions have been 
multiplied by a factor of 50 with respect to the elastic peak. 

surface exposed to TMGa at room temperature, is 
shown in Fig. 3. A series of loss peaks can be seen at 
700, 1200, 1450 and 2930 cm-1. Assignments can 
be made by comparison with bulk IR and Raman 
data for solid TMGa [32] (Table 2). The band at 700 
cm"' corresponds to a CH3 rocking mode ( p(CH3)), 
the bands at 1200 and 1450 cm-1 to the symmetric 
and asymmetric deformations of the CH3 groups 
(SS(CH3) and Sa(CH3)) and the band at 2930 cm-1 

to C-H stretching vibrations of the CH3 groups 
(KCH3)). Similar loss features were observed in 
off-specular scattering although there were no signif- 
icant changes in the relative intensities of the bands. 
Similar spectra have been observed in other HREELS 
studies of the adsorption of TMGa on GaAs(100) at 
room temperature [20-22] and the frequencies ob- 
tained suggest that intact methyl groups are present 
at the surface, although again it is not possible even 

x15 

V (CH ) 

Fig. 
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3.  Specular (0i = 0s = 45°) HREEL spectrum for TMGa 
adsorbed on GaAs(100) at room temperature. The spectrum was 
recorded with an incident electron energy of 5 eV and the loss 
region has been multiplied by a factor of 15 with respect to the 
elastic peak. A spectrum recorded at 5 eV for the clean GaAs(100) 
surface is also shown with two intense phonon losses at 285 and 
570 cm""1. 

with this improved resolution to determine whether 
the adsorbed species is TMGa, dimethylgallium 
(DMGa) or monomethylgallium (MMGa). 

Table 2 
The   vibrational   frequencies   (cm-')   obtained  from   specular 
HREELS spectra, recorded with an incident electron energy of 5 
eV, for TMGa adsorbed on GaAs(100) at room temperature (Fig. 
3) 

Assignment TMGa/GaAs(100) Solid TMGa [32] 

phonon 570 - 
p(CH,) 700 673,745 
6S(CH3) 1200 1168 
Sa(CH3) 1450 1425 
v(CH3) 2930 2898, 2955 

The assignments are made by comparison with IR and Raman 
spectra obtained from solid TMGa [32]. 
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The effects of temperature on the HREELS spec- 
tra for the TMGa covered GaAs(lOO) surface are 
shown in Fig. 4. As the temperature is raised to 
200°C, the intensities of SS(CH3) and Sa(CH3) both 
decrease whilst a new band appears at 1330 cm"1. 
There is also a significant reduction in the intensity 
of v(CH3) and a new band appears at 860 cm"1. 
These changes become more pronounced upon an- 
nealing to 400°C and there is a small down shift in 
the C-H stretching frequency from ~ 2930 cm"' at 
25°C to 2900 cm"1 at 400°C. Further heating to 
500°C results in a significant decrease in the inten- 
sity of all the bands indicating that the decomposi- 
tion of TMGa is almost complete. 

The three losses at 860, 1330 and 2900 cm"1, 
which dominate the spectra at elevated temperatures, 
do not derive from a surface species based on methyl 

Table 3 
The vibrational frequencies (cm-1) obtained from HREELS spec- 
tra of TMGa adsorbed on GaAs(lOO) at room temperature and 
subsequently annealed to 400°C (Fig. 2) 

0   500  1000  1500  2000  2500  3000  3500  4000 

Energy loss (cm" ) 

Fig. 4. Specular (6-, = 9S = 45°) HREEL spectra recorded at 6 eV 
for TMGa adsorbed on GaAs(lOO) at room temperature and then 
annealed to 200, 400, 500 and 600°C, respectively. All the spectra 
were recorded at room temperature and the loss regions have been 
multiplied by a factor of 60 with respect to the elastic peaks. 

Ref. 5(CH2) y(CH2) p(CH2) 

TMGa/GaAs(100) 1330 2900 860 

SiH3CH2SiH3 [33] 1363 2902, 2941 776 
GeH3CH2SiH3 [34] 1362-1382 2900 745 

CH2/Ni(lll) [35] 1300 2980 790 
CH2 /Ru(001) [36] 1295 2870, 2945 890 

Comparisons are made with vibrational spectra obtained from two 
organometallic compounds [33,34] and also with previous 
HREELS studies of the adsorption of CH2 on transition metal 
surfaces [35,36]. 

groups. They can be assigned by comparison with IR 
and Raman studies of several organometallic com- 
pounds containing methylene (CH2) groups, e.g. 
SiH3CH2SiH3 [33] and GeH3CH2SiH3 [34] (Table 
3). The band at 860 cm"1 is the rocking mode of a 
CH2 group, p(CH2), the band at 1330 cm"1 is the 
in-plane bending mode of a CH2 species, ö(CH2), 
and the band at 2900 cm"1 is the stretching vibra- 
tion of CH2 (p(CH2)). Similar frequencies and as- 
signments have been made in previous HREELS 
studies of the methylene species formed on transition 
metal surfaces [35,36] and also in recent studies of 
the adsorption of both trimethylaluminium (TMA1) 
[37] and trimethylindium (TMIn) [38] on GaAs(100) 
surfaces. 

4. Discussion 

4.1. TEGa decomposition 

The vibrational frequencies in the HREEL spec- 
trum shown in Fig. 1 for room temperature adsorp- 
tion are consistent with an adsorbed species based on 
intact ethyl groups. Since adsorption takes place on a 
Ga-terminated surface, it is highly probable that one 
ethyl group detaches itself from the TEGa molecule 
leading to an adsorbed DEGa and ethyl species (Fig. 
5). This process occurs for substrate temperatures up 
to 250CC as there are no changes of any consequence 
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Fig. 5. A schematic diagram illustrating the possible decomposi- 
tion pathways for TEGa adsorbed on GaAs(lOO). At room temper- 
ature, TEGa dissociatively adsorbs on the Ga-terminated surface 
to form DEGa and an adsorbed ethyl species. On heating, decom- 
position can occur via two routes: (1) a ß-hydride elimination 
reaction resulting in the desorption of C2H4 and (2) desorption of 
Et2Ga and ethyl groups. Note that hydrogen atoms released in the 
/3-elimination process combine and desorb as molecular hydrogen. 

in the HREEL spectra recorded over this temperature 
range (Fig. 2). 

Previous desorption studies (both TPD methods 
and in situ MBMS growth studies) of the decomposi- 
tion of TEGa at GaAs(lOO) surfaces indicate that 
diethylgallium (DEGa), C2H4 and to a lesser extent 
ethyl groups, are the primary desorbing products 
[6,18,27]. Two different decomposition mechanisms 
(labelled route (1) and (2)) are shown in Fig. 5. 
Route (1) involves loss of ethyl groups via a facile 
ß-hydride elimination reaction with the production 
of C2H4 as a desorption product. In principle, this 
concerted process should also result in atomic hydro- 
gen bonded to the surface. Previous HREELS studies 
of hydrogen adsorbed on GaAs(lOO) showed that 
stretching frequencies of 1875 and 2110 cm"1 are 
characteristic of Ga-H and As-H surface bonds 
respectively [39]. Although the HREEL spectrum for 

room temperature adsorption of TEGa shows two 
weak bands at 1950 and 2370 cm"1 (Fig. 1), the 
significantly higher frequency of these bands sug- 
gests that they do not correspond to vibrations of 
adsorbed hydrogen atoms, but instead are likely to be 
combination bands involving i>(CC) + y(CH2) and 
y(CH2) + p(CH3). Furthermore, no bands were seen 
in this frequency range in the spectra recorded at 
elevated temperatures. The implication is either that 
the concentration of surface hydrogen is too low to 
be detected by HREELS, or more likely, that surface 
hydrogen atoms produced from different ethyl groups 
by the /3-elimination mechanism recombine and lead 
to the desorption of molecular hydrogen; H2 desorp- 
tion has been detected in previous TPD studies of 
TEGa adsorbed on GaAs(lOO) [27]. Route (2) simply 
involves the loss of DEGa and ethyl groups from the 
surface, resulting in little gallium being deposited on 
the surface. 

It has previously been shown that there is a 
significant decrease in the amount of products formed 
by the /3-hydride elimination reaction (H2 and C2H4) 
for adsorption of TEGa on As-rich GaAs(OOl) sur- 
faces [27]. This suggests that surface Ga atoms play 
an important role in this concerted reaction and the 
results are consistent with our HREELS data, which 
shows that all adsorbed species are removed from 
the surface after heating to temperatures in excess of 
400°C (Fig. 2). 

4.2. TMGa decomposition 

TMGa cannot undergo the facile /3-hydride elimi- 
nation reaction which occurs in the case of TEGa. 
The vibrational spectrum shown in Fig. 3, for ad- 
sorption of TMGa at room temperature, is consistent 
with an adsorbed species based on intact methyl 
groups. There has been some debate as to whether 
the adsorbed species is molecular TMGa or involves 
loss of CH3 groups and the formation of either 
dimethylgallium (DMGa) or monomethylgallium 
(MMGa). Molecular beam scattering studies on both 
As- and Ga-terminated surfaces have shown that at 
room temperature, TMGa adsorbs molecularly intact 
on the As-rich surface, whereas dissociation to a 
DMGa species occurs on the less electron rich Ga- 
terminated surface [15]. The HREELS data for room 
temperature adsorption in Fig. 3 are therefore consis- 
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Fig. 6. A schematic diagram illustrating the possible decomposi- 
tion pathways for TMGa adsorbed on GaAs(lOO). At room tem- 
perature, TMGa dissociatively adsorbs on the Ga-terminated sur- 
face to form DMGa and an adsorbed CH3 species. On heating, 
decomposition can occur via three routes: (1) the sequential loss 
of CH3 groups, (3) the loss of GaCH3 and CH3 groups and (2) 
loss of H from adsorbed CH3 groups, leading to the formation of 
a surface CH2 species. Note that hydrogen atoms released in the 
formation of the surface CH2 species combine and desorb as 
molecular hydrogen. 

tent with an adsorbed DMGa and CH3 species (Fig. 
6). 

The possible decomposition routes are sum- 
marised in Fig. 6. Previous desorption experiments 
[15] have shown that the dominant decomposition 
route for TMGa at GaAs(lOO) surfaces involves the 
sequential loss of CH3 groups from the surface 
(route (1)), although some CH3 groups also desorb 
as MMGa species (route (3)). A similar decomposi- 
tion process is also well known for TMGa in the gas 
phase [40]. The formation of the CH2 species at 
elevated temperature indicates an additional decom- 
position pathway involving hydrogen abstraction 
from CH3 groups bonded to the surface (route (2)) 
[23]. Similar to the situation with adsorbed TEGa, 
there is no evidence in the HREEL spectra (both on- 
and off-specular) for adsorbed hydrogen atoms. We 

again assume that recombination and desorption of 
H2 occurs consistent with previous TPD studies [23]. 
The low frequency of v(CU2) indicates that the 
likely bonding arrangement of this species involves 
the carbon atom bridging two surface gallium atoms, 
as opposed to an arrangement involving a Ga-C 
double bond which would result in a correspondingly 
higher frequency for v(CH2) (Fig. 6). Further heat- 
ing to temperatures in excess of 500°C leads to the 
complete decomposition of all adsorbed species. 

It has recently been suggested on the basis of 
local vibrational mode (LVM) IR measurements that 
the identification of C-H pairs in GaAs grown by 
MOMBE using TMGa is consistent with a mecha- 
nism for carbon incorporation involving a surface 
CH2 species [41]. The observation of C-H pairs in 
the bulk crystal was explained by the formation of a 
CH2 species on the surface during growth and its 
subsequent decomposition. The high concentration of 
carbon impurities in the bulk material (typically > 
1019 cm"3) indicate that the concentration of the 
surface species is sufficiently high to be detected by 
surface sensitive techniques such as HREELS. 

5. Conclusions 

HREELS has been used to study the vibrational 
properties of TEGa and TMGa adsorbed on Ga- 
terminated GaAs(lOO) surfaces. Adsorption at room 
temperature shows that the dominant surface species 
are based on intact ethyl or methyl groups respec- 
tively. With increasing temperature the intensities of 
the characteristic ethyl and methyl vibrational bands 
are significantly reduced. These results are consistent 
with TEGa and TMGa decomposing with increasing 
temperature via the release of ethyl and methyl 
groups, respectively. 

Significant differences are apparent in the HREEL 
spectra recorded at higher temperatures. For TEGa 
adsorption, thermal decomposition is essentially 
complete at ~ 400°C, consistent with the dominant 
decomposition route occurring via the facile ß- 
elimination mechanism leading to the desorption of 
C2H4. However, for TMGa adsorption, a surface 
methylene (CH2) species is clearly identified at 
higher temperatures which suggests a second minor- 
ity decomposition route involving the dehydrogena- 
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tion of CH3 groups. The stability of the CH2 species 
at high substrate temperatures and its absence in the 
thermal decomposition of TEGa, indicates that this 
species is the most likely source of the high carbon 
incorporation levels observed in the CBE/MOMBE 
growth of GaAs based material from TMGa. 
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Abstract 

The evolution of a crystal surface during growth interruption when adatom diffusion along the surface is the prevailing 
smoothing process is studied both theoretically and numerically. During this process, 2D islands and holes interact via 
adatom diffusion changing their sizes and making the surface smoother. Surface smoothing is described in terms of two main 
processes that determine mode and rate of surface smoothing: Ostwald ripening of islands and capturing of adatoms 
wandering on the surface by the holes. This description offers to determine reflection high-energy electron diffraction 
(RHEED) specular intensity in a step-density approximation. 

1. Introduction 

Nowadays, thicknesses of films grown by molecu- 
lar beam epitaxy (MBE) can be controlled at the 
level of single monolayers. Nevertheless, these films 
do not have atomically smooth interfaces because 
formation of a new layer on flat substrates begins 
before the previous one is complete. So an interface 
of a growing film shows two-dimensional (2D) is- 
lands, nuclei of new monolayers, and 2D holes, 
incompleted regions of previous ones. Growth inter- 
ruption (GI) is widely applied to smooth interfaces. 
After GI, an interface becomes significantly smoother 
than before, but not absolutely smooth [1]. We con- 
sider the evolution of crystal surfaces during GI 
when adatom diffusion along the surface is the pre- 
vailing smoothing process. 2D islands and holes 
exchange with adatoms changing their sizes. It is 

* Corresponding author. 

well known from the experiment that is leads to 
smoothing of the surface. 

Interaction of clusters of solid phase via diffusing 
atoms was considered by Lifshitz and Slezov for 3D 
cases [2] and by Chakraverty for quasi-2D cases 
(spherical caps on the substrate) [3]. During this 
process, concentration of free atoms gradually de- 
creases. Larger clusters grow mainly due to absorp- 
tion of atoms extracted by smaller ones which dis- 
solve. This process, called Ostwald ripening, goes on 
because the oversaturation level decreases further, 
and more and more clusters begin to dissolve and 
'die' giving 'food' for growth of bigger ones. MBE 
provides some modifications to such a system and 
changes the laws of its evolution. One of these 
modifications is due to an external source of con- 
densing atoms (molecular beam) during the growth 
process. In this case, Ostwald ripening is suppressed 
and there is no 'struggle for life' between islands [4]. 
Another feature is the existence of 'anti-islands' i.e. 
holes. Interaction of islands and holes plays a crucial 
role in smoothing of crystal surfaces during growth 
interruption. 

0169-4332/96/$15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
PH S0169-4332(96)00163-8 
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2. Theoretical model 

We consider a three-level surface that is formed 
by an almost filled upper monolayer, its incompleted 
regions (holes), and nuclei of the next monolayer on 
it. Additional levels are excluded from our considera- 
tion because the transformation of the multi-level 
surface to the three-level state is much faster than its 
subsequent evolution. 

During the growth process, 2D islands nucleate, 
grow and coalesce, forming quaint dendritic forms 
that result from kinetics of growth. When GI begins, 
these 2D dendritic structures transform to 2D islands 
and holes with more plain edges. This process is 
responsible for the significant increase of RHEED 
specular intensity in the beginning of GI [5]. Since it 
involves adatom diffusion at the distances of the 
order of distations between islands/holes, it is much 
faster than processes involving adatom exchange be- 
tween islands/holes. The latter stage, that is respon- 
sible for the final state of an interface, is the subject 
of our consideration. 

Based on the Burton et al. approach [6] we con- 
sider adatom diffusion along the surface. A diffusing 
adatom can be captured either by an island or by a 
hole. Let TC be the adatom lifetime with respect to 
this process. Reevaporation from the surface is ne- 
glected. In our model [4,7], we assume the adatom 
diffusion length LD = \J2DTC to be greater than the 
average distance between islands/holes. It means 
that a wandering adatom passes by some other is- 
lands/holes before being captured by an island/hole. 
In this case, the adatom diffusional flux to/from an 
island/hole depends not on positions of neighboring 
islands/holes but on average characteristics of the 
surface, and we can calculate this flux taking into 
account only averaged distribution of other 
islands/holes instead of their exact positions. For 
the sake of simplicity we consider round islands and 
holes. In this case, adatom distribution around an 
island/hole is axially symmetrical. If we consider 
non-round islands/holes, the equation for adatom 
2D concentration in the vicinity of a nucleus/hole 
would include terms with spherical functions that 
decay the faster the more their order. So adatom 
concentration at some distance from an island/hole 
and, consequently, full adatom flux to it is defined 
by the axially symmetrical term. 

* i a> 

Fig. 1. The typical picture of adatom potential energy on the 
substrate and possible types of hopping: (a) down-step hopping; 
(b) detaching from a step edge; (c) diffusion along the surface; (d) 
up-step hopping (forbidden); and (e) attaching to a step edge. 

Setting the boundary conditions at islands/holes 
step edges we start from the standard picture of 
adatom potential energy near a step edge (Fig. 1). 
Since an adatom can detach from an island, the 
equilibrium concentration at its boundary has non- 
zero value and its dependence on the radius of an 
island, R^ is given by the equation [8] 

aS 
«|Ä. = H„exp 

TR. 0) 

where S is area taken up by an adatom in the surface 
monolayer, a is the 2D surface (more accurately, 
linear) tension constant, T is the temperature and nx 

is the equilibrium 2D concentration of adatoms at the 
boundary of an island of infinite radius. One can see 
that the less the radius of an island the more its 
equilibrium boundary concentration. Therefore, less 
islands require larger adatom concentration in vicin- 
ity for growing. Up-step jumps are neglected so that 
the equilibrium concentration at the boundary of a 
hole is equal to zero. Due to the additional energy 
barrier of height ss for down-step jumps the bound- 
ary condition for adatom concentration outside a 
hole of radius Rh, 

An 

dr 

1 

Is exp wk (2) 

is derived from the equation for adatom flux to a 
hole 

dn 
D — 

dr 
vn\R* (3) 

where v = D exp( es/T)/ vo is the rate of down-step 
capture, D is the 2D diffusion constant. 
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The boundary conditions (Eqs. (1), (2)) determine 
the following equations for islands/holes evolution 

d 

d 

d7 

irRf 

irRl 

4TTD 

\n{l/TrJfR\)\n-n^\TR., 

aS 

(4) 

-ATTD 

\n(l/7T^R2
h) +cxp(-es/T)/^Rl/S 

where n is 2D adatom concentration, 

1 
jV=N;+Nu 

l+exp(-^/r)//<7T^/5> 

(5) 

(6) 

is the effective concentration of sinks on the surface, 
(...) denote averaging over the surface. Together 
with the matter conservation law, 

N; 
TTR?\ lirRl 

+ N„ + h = const., (7) 

they describe completely the evolution of crystal 
surfaces during GI in the context of our model. For 
calculating RHEED specular intensity, /, we use the 
step-density approximation [5]. In the framework of 
this approximation the surface steps are the dominant 
feature that determines the deviation of RHEED 
specular intensity from its value for the smooth 
surface. This deviation is proportional to the step 
density that for the simple cubic lattice is given by 

(r(^)=L-]Ii{[l-8(hiJ,hi+lJ)]CoS(p 

+ [1-8(A1.;,A,.J+I)]sin0}) (8) 

where (p is the azimuthal angle between the electron 
beam and the / axis, 8(i, j) is the Kronecker delta 
function, hi is the height of the column of atoms at 
the lattice cite (i, j) and L is the number of lattice 
sites. One can see that the contribution of an island 
or a hole to the step density is proportional to its 
radius so that 

a = N1(Ri)+Nil(Rh) (9) 

and 

Kxl-Ca=l-C[Ni(Ri)+Nil(Rb)], (10) 

where C is the parameter depending on the diffrac- 
tion conditions. 

3. Results and discussion 

If 2D concentration and sizes of holes are small in 
comparison to those of the islands, holes have no 
effect on the processes going on the surface. In this 
case, we deal with usual Ostwald ripening. In the 
opposite case an adatom having detached from an 
island has almost no chance to attach to another 
island because it will most probably be captured by a 
hole, and there is no Ostwald ripening. Thus the 
mode of GI is determined by the relation between 
the probability of a wandering adatom capturing by 
islands, Wj, and that by holes, Wh, that are propor- 
tional to the two terms in the right side of Eq. (6). To 
begin with, we consider two limiting cases. 

3.1. W,» Wh 

We deal with such a situation when the step-edge 
barrier is high enough or when the number of de- 
posited monolayers slightly exceeds an integer num- 
ber. This mode also is realized when the kinetic 
barrier for island nucleation is low enough and some 
little islands can nucleate on the top of a bigger 
island (that can take its origin from some coalesced 
islands). In this case, holes do not have strong effect 
on the processes going on the surface. 

Eq. (4) describing islands evolution can easily be 
transformed to the form 

dR.- 2 DSn^ a 1 

dt       ln(l/ir^r/J?c) + 21n(/fiC//?i) R{ 

1 1 
X 

R» /?; 
(11) 

where a= aS/T, exponent (1) is expanded into a 
Taylor series up to the first term, the critical radius, 
RiC, is defined by the equation 

RiC = (12) 
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Assuming that 

ln(l/w^Ä?c)»21n(ÄiC/Äi) (13) 

we obtain the equation that is similar to the equation 
describing 3D Ostwald ripening [2]. This means that 
the results of the Lifshitz-Slezov theory are quite 
applicable for our case. These results are: 

(i) The critical radius, RlC, is equal to the average 
radius of islands and their time evolution is de- 
scribed by the equation 

R, iC ' (Ri) = \(RiC)l + 
2Dn„crS 1/3 

(14) 

where 0 = irN^Rf) is the surface coverage in the 
layer of the islands that can be set to be a constant in 
the course of GI under the assumption W{» Wh. 
The subscript '0' denotes the initial value of quanti- 
ties. 

(ii) The islands size distribution function has a 
rather sharp maximum at R{ = RiC so our assump- 
tion (13) is justified. 

Since the total quantity of adatoms, 9, remains 
constant, 

IDn^aS -2/3 

ln(r') 

RHEED specular intensity evolution is given by 

(15) 

la 1 
2DnxaS 

C6\ ,   ,.  ,t Mr1) 
-1/3 

(16) 

At the same time the contribution of evolution of 
holes to surface smoothing is small. The results of 
this subsection are shown in Fig. 2. 

3.2. W; <: Wh 

This mode of GI is realized when the number of 
deposited monolayers is slightly less than an integer 
number. It can also result from the mode previously 
described when, due to Ostwald ripening, the 2D 
concentration of islands decrease enough for W{ to 
be much less than Wh. In this case, Ostwald ripening 
is suppressed because of capturing of wandering 
adatoms by holes and the essential process is 2D 
evaporation of islands and absorption of 2D adatom 
vapor by holes. 
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Fig. 2. The evolution of the main characteristics of the surface 
during GI. The upper part — average number of atoms in an 
island/hole; the middle part — dimensionless 2D concentration 
of islands/holes; the lower part — dimensionless step density 
(Eq. (9)) and RHEED specular intensity (Eq. (10)). The parame- 
ters used are exp(- ss/T)= 100, Ni0S = 2X 10"4, Nh0S = 
10"4, a-firS /T = 6.\, nxS = 10"4. Initially island sizes trRf/S 
were homogeneously distributed within the interval 50 <irRf/S 
< 450, that of the holes 12 < irR2

h /S < 112. 

Eq. (4) gives us the estimation 

(^ W </??>„- 
4DSna 

ln(l/IT J^Rf)' 
(17) 

One can see that islands disappear in a finite time. At 
the same time holes evolution is given by 

2DSn^ 

W-^-(V.K./^>.)'   (18) 

under the assumption that (Rh) » (R^). The pro- 
cess stops at t = (R^)oH6~])/(4DSnJ. RHEED 
specular intensity 

Ial-C JWWO- 
4Z)5n„ 

+ ^ho<*h>o-;Vho 

\n(l/irJr(R?)0)' 

2DSnx 

{R])0\n{\/Tryr{R\)0 

(19) 
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Fig. 3. The same as Fig. 2, but Ni0S= 10"4, Nh0S = 2X 10~4, 
exp(- ss/T) = 33, 50 < Trßf /S < 450, 50 < irR2

h /S< 450. 

Here the contribution of the second time-dependent 
term is much less than the contribution of the first 
one if (Rh) » (i?;). The results of this subsection 
are shown in Fig. 3. 
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eg 
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Fig. 4. The same as Fig. 3, but exp( — es/T) = 450. 

3.3. W; ~ Wh 

The intermediate case is complicated for analyti- 
cal consideration. Nevertheless, the numerical results 
shown in Fig. 4 can be easily interpreted. If in the 
beginning of GI W; > Wb, the islands exchange with 
adatoms and the process similar to Ostwald ripening 
begins. Then concentration of islands gradually de- 
creases and Wh becomes larger than W{. Ostwald 
ripening ceases by the reason described in the previ- 
ous subsection and all the islands begin to dissolve 
filling the holes. 

4. Conclusion 

Thus we have shown that during growth interrup- 
tion surface evolution can go in various ways de- 
pending on the initial state of the surface. If 2D 
islands dominate, the prevailing process is Ostwald 
ripening and RHEED specular intensity in the step- 
density approximation is 

/al-Cair
1/3. (20) 

The equation for the parameter al can be taken from 
Eq. (16). If holes dominate, they suppress Ostwald 
ripening of islands and surface evolution during GI 
consists in absorption by holes adatoms extracted by 
dissolving islands. In this case 

/ a 1 - Ca2l/?0 - t. (21) 

The parameters a2 and t0 can be taken from Eq. 
(19). The intermediate case presents the superposi- 
tion of both of these processes. 
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Abstract 

We present a comparative study of the structural properties of three different models for the Si(001)-SiO2 interface. The 
models are obtained by attaching different crystalline forms of Si02, such as tridymite and beta-cristobalite, to Si(001). In 
the case of tridymite, the Si bond-density reduction is accounted for by introducing either dimers or oxygen bridges at the 
interface, whereas the construction proposed by Ohdomari et al. has been used in the case of beta-cristobalite. The models 
have been allowed to fully relax within density functional theory. None of the models shows electronic states in the Si gap. 
Compared to the trydimite models, the longer Si-0 bonds found at the interface of the beta-cristobalite derived model 
suggests that the latter is a higher energy structure. 

In spite of the use of many experimental tech- 
niques [1], the microscopic bond pattern at the 
Si(001)-SiO2 interface has not yet been elucidated. 
This uncertainty is a consequence of the interplay of 
several factors. Because of the difficulty of accessing 
a buried interface, application of a single experimen- 
tal technique only provides an indirect and partial 
piece of information on the structure. Consequently, 
models of the interface structure must be shown to 
be consistent with several experimental results of 
different origin. This process is further hindered by 
the dependence of the interface structure on the 
sample preparation. Finally the amorphous nature of 

Corresponding author. 

the SiOz component suggests the existence of a 
variety of structural moieties at the interface. 

The continued reduction in size of electronic de- 
vices, with the attendant reduction in the thickness of 
the Si02 insulating regions, requires a better under- 
standing of the structure of the Si(001)-SiO2 inter- 
face at the microscopic level. In the absence of a 
complete picture, the availability of models of the 
local interface structure becomes essential to study 
processes such as the growth mechanism, the effect 
of structural defects, or the incorporation of nitrogen 
at the interface. 

Though the Si(001)-SiO2 interface is one be- 
tween a crystalline and an amorphous material, elec- 
trical measurements show that there is only one 
interface defect state for every 104 interface atoms 
[2]. On the other hand bulk terminated Si(001) pre- 
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sents an areal density of bonds at the interface which 
is roughly a factor of two higher than that of Si02. 
Furthermore, valuable information on the structure 
can be extracted from core-level photoelectron spec- 
troscopy (PES) [3-5]. We have recently established 
[6] that a consistent interpretation of photoelectron 
spectra requires that all three partial oxidation states 
of silicon be present at the interface in comparable 
amounts. These properties put severe limitations on 
the choice of models. 

The general purpose of this work is to provide 
insight in the structural properties at the Si(OOl)- 
Si02 interface. In particular, we would like to under- 
stand the structural differences that occur when dif- 
ferent models for the interface are used. To this end, 
we have generated model interfaces by attaching 
different forms of crystalline Si02 to Si(OOl). In all 
the models the bond-density mismatch is fixed so 
that all the bonds at the interface are saturated. The 
atomic positions in our model interfaces have been 
fully relaxed within the local density approximation 
to density functional theory. An analysis of the 
electronic states shows that none of the models 
presents states in the fundamental gap of silicon, in 

ß-Tridymite 

ß-Cristobalite 

Silicon 
Fig. 1. Schematic view of the match between tridymite and 
Si(OOl). Note that this construction leaves one extra dangling 
bond per Si atom which must be saturated. 

Silicon 
Fig. 2. Schematic view of the match between beta-cristobalite and 
Si(OOl). Note that if this construction was directly attached to 
Si(OOl), half of the silicon interface atoms would have saturated 
bonds whereas the other half would have two dangling bonds 
each. 

agreement with electrical experiments [2]. In one of 
the present models, the distribution of partial oxida- 
tion states of silicon is consistent with PES experi- 
ments. Through a comparative analysis of bond- 
length and bond-angle distributions in these models 
we attempt to identify general structural features of 
the Si(001)-SiO2 interface. 

We have considered three different configurations 
as starting points of the relaxation process. Two of 
these configurations (model I and II) correspond to 
the structures we have used in a previous study [6]. 
In these models, tridymite has been attached to bulk 
terminated Si(OOl) as shown in Fig. 1. In this way, 
half of the dangling bonds of the bulk terminated 
Si(OOl) interface atoms are saturated by forming 
bonds to the trydimite, leaving one dangling bond 
per silicon interface atom. The saturation of these 
remaining bonds occurs either by dimerization of the 
Si atoms (model I) or by the presence of oxygen 
bridges (model II). Finally, the third initial configu- 
ration (model III) has been obtained in a rather 
different way. In this case, we attached beta-cris- 
tobalite to Si(OOl) as shown in Fig. 2, following an 
early idea [7,8]. Since direct attachment of beta-cris- 
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tobalite to Si(OOl) would saturate all the dangling 
bonds of half of the interface silicon atoms, but 
would leave the other half with two dangling bonds, 
we have used an intermediate construction proposed 
by Ohdomari et al. [9] to fix the bond density 
mismatch. In practice this construction halves the 
number of silicon interface atoms which have two 
dangling bonds. In this way beta-crystobalite can be 
attached saturating all the bonds. 

The actual models I, II and III (shown in Fig. 
3(a), Fig. 4(a), and Fig. 5(a), respectively) are ob- 
tained by fully relaxing the atomic coordinates of 
these initial configurations. This is done by minimiz- 
ing the total energy using the Car-Parrinello method 
[10], which provides the electronic structure as well 
as the forces that act on the ions. Only valence 
electrons are explicitly considered using pseudopo- 
tentials (PP's) to account for the core-valence inter- 
actions. A norm-conserving PP is used for Si [11], 
whereas the O atoms are described by an ultrasoft 
Vanderbilt PP [12]. The electronic states were ex- 
panded on a plane-wave basis set. Exchange and 
correlation were included using Perdew and Zunger's 
interpolation formulae [13]. A description of the 
method is given in Ref. [14]. 

In order to achieve good convergence in the 
electronic properties, we have used a plane-wave 
cutoff of 16 Ry for the wave functions and of 150 
Ry for the augmented electron density. Our system 
contains a 2 X 2 interface unit of side L = 7.65 A 
(based on the theoretical equilibrium lattice constant 
of Si). The dimension of the cell in the direction 

o 

orthogonal to the interface is 31.7 A containing 10 
layers of Si (—13 A). In the models in which the 
oxide is derived from tridymite (models I and II) we 
considered 7 monolayers of oxide (9 A), whereas 8 
monolayers of beta-crystability were retained in 
model III (7 A). The extremities have been saturated 
with hydrogen atoms. In the minimization process, 
all the atoms of the oxide as well as the first 6 Si 
layers are allowed to relax. The Brillouin zone of our 
simulation cell is sampled using only the /"-point. 

By analyzing the electronic wave functions, we 
find that the highest occupied state as well as the 
lowest unoccupied state are both Si related and do 
not present any significant weight at the interface. 
We therefore conclude that there are no states in the 
fundamental gap of Si. 
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Fig. 3. Structural properties of model I derived by matching 
tridymite to Si(OOl) as illustrated in Fig. 1 where the extra 
interface dangling bonds are saturated by dimer formation, (a) 
Ball and stick model showing the relaxed atomic positions near 
the interface; (b) Si-O bond-angle distribution; (c) Si-O-Si 
bond-angle distribution; (d) distribution of bond-angles on silicon 
atoms. The shaded portion of the histograms indicates the contri- 
bution of partially oxidized Si atoms. 

In model III, the three intermediate oxidation 
states of Si are equally represented and their total 
number amounts to 1.5 monolayers. Thus this model 
is consistent with the data from PES experiments [5] 
as far as for both the relative intensities as well as 
the total amount of partial oxidation states are con- 
cerned. In model I and II, only one partial oxidation 
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Fig. 4. Same as in Fig.  1  for interface model II where the 
bond-density mismatch is fixed by the presence of oxygen bridges. 

state is found, namely Si + 1 and Si+2, respectively. 
Although these structures do not satisfy the require- 
ments imposed by PES experiments, it is of interest 
to consider their structural properties in view of a 
comparison with those of model III. 

Distributions of structural parameters as found at 
the end of the relaxation process for the interface 
models are given in Figs. 3-5. We show distribu- 
tions of Si-0 bond-lengths, of Si-O-Si bond-angles 
and of the bond angles on the silicon atoms. The 
contribution due to silicon atoms in partial oxidation 
states have been highlighted. The initial oxide struc- 

tures (Fig. 1 and Fig. 2) are high symmetry idealized 
structures derived from high temperature diffraction 
measurements with 180° Si-O-Si bond angles. 
However, the relaxed structures show a more realis- 
tic distribution of bond lengths and bond angles. 

The Si-0 bond-length distribution of the three 
models shows common features. Bond lengths in the 
oxide are centered around 1.62 A within + 0.02 A in 
all the models. However, bond lengths which involve 
partially oxidized silicon atoms show a systematic 
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Fig. 5. Same as in Fig. 1 for interface model III, derived by 
matching beta-cristobalite to Si(001). The construction proposed 
by Ohdomari et al. [9] has been used to fix the bond-density 
mismatch. 
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Fig. 6. Detail of the interface region shown in Fig. 5(a), represent- 
ing the structure proposed by Ohdomari et al. [9] to fix the 
bond-density mismatch. The calculated relaxed bond lengths and 
bond angles are indicated. 

preference for slightly larger values. Bond lengths as 
large as ~ 1.68 A are found in models I, and some 
even range up to ~ 1.71 A in model III. An increase 
of the Si-0 bond length at the interface can be 
understood as a consequence of the reduced ionic 
charge on the silicon atoms. The rather large bond- 
lengths in model III occur as a consequence of the 
bond configuration proposed by Ohdomari et al. [9], 
as shown in detail in Fig. 6. Comparison with the 
bond lengths in model I and II suggests that this 
configuration corresponds to a higher energy struc- 
ture. 

The Si-O-Si bond-angle distribution is extremely 
broad ranging from 110° to 170°. In models I and II, 
the oxide angles range from 120° to 160°, which are 
typical values for amorphous Si02 [15]. In model III, 
the oxide angles are concentrated towards the high- 
values side. We believe the large angles in model III 
to be a consequence of the mismatch between the 
beta-cristobilite structure and the silicon substrate. 
Twisting the Si-O-Si bond angles involves a low 
energy cost. Its distribution is expected to be affected 
significantly by the strain conditions. The distribu- 
tion may also be sensitive to other steric constraints 
such as the interface periodicity of our model sys- 
tems. 

The distribution of angles on the Si atoms in the 
oxide is sharply peaked at the tetrahedral angle in all 
three models, in close agreement with results for 
amorphous SiOz [15]. The width of the distribution 
involving partially oxidized atoms is generally larger. 
In model III, it extends from 80° to 130°. In model I 
and II, the distribution of partially oxidized silicon 
atoms is less broad. Since larger distortions from the 
tetrahedral angles on the silicon atoms are expected 
to indicate larger deviations from the local minimal 

energy configuration, this provides further support 
for the good structural properties of the models 
based on the tridymite construction. 

In conclusion, we have studied the structural 
properties of three different interface models of the 
Si(001)-SiO2 interface. The models differ by the 
choice of the oxide forms, e.g. tridymite versus 
beta-crystobilite and by the way the bond-density 
mismatch is fixed. We have considered bond-density 
reductions as induced by dimerization, by the pres- 
ence of oxygen atoms and by the use of the construc- 
tion proposed by Ohdomari et al. [9]. A comparative 
study between the three models has allowed us to 
recognize that the Si-0 bond-lengths at the interface 
are found to be larger than typical values in the 
oxide. We found unusually long Si-0 bonds at the 
Ohdomari construction, which lead us to suggest that 
the latter might be a higher energy structure. 
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Abstract 

Structural changes produced by the oxidation of hydrogen-terminated Si(lll)-1 X 1 and Si(100)-2 X 1 surfaces at 300°C 
in dry oxygen under a pressure of 1 Torr were investigated by X-ray photoelectron spectroscopy (XPS) and multiple internal 
reflection infrared absorption spectroscopy (MIR-IRAS). Following results are obtained from the analysis and simulation of 
the experimental results: (1) the layer-by-layer oxidation reaction occurs locally at Si02/Si(lll) interface, while that does 
not occur at SiO2/Si(100) interface, however, (2) the oxidation on Si(100) surface proceeds more uniformly in atomic scale 
than that on Si(lll) surface. 

1. Introduction 

As a result of continuing progress in microfabrica- 
tion technology metal-oxide-semiconductor field-ef- 
fect transistor (MOSFET) with gate oxide film thick- 
ness of 1.5 nm was shown to operate at room 
temperature [1] and the fabrication of 1 Gbit dy- 
namic random access memory (DRAM) was re- 
ported [2,3]. The mass production of 1 Gbit DRAM 
using MOSFET with gate oxide film thickness of 
about 5 nm must be realized by the end of this 
century [4]. In this case the thickness of one-molecu- 
lar-layer of Si02 corresponds to 6% of gate oxide 
film thickness. Therefore, it is necessary to control 
the formation of Si02/Si interface in atomic scale. 
Because the formation of native oxide can be sup- 

* Corresponding  author.   Tel.:   +81-3-37033111/2768;  fax: 
-81-3-57072173; e-mail: hattori@ipc.musashi-tech.ac.jp. 

pressed by terminating Si surface with hydrogen 
atoms [5-7], the hydrogen-terminated Si surface (ab- 
breviated as H-Si surface hereafter) must be used 
instead of a clean Si surface for this purpose. Fur- 
thermore, an atomically flat H-Si(lll)-1 X 1 surface 
can be obtained by the treatment [8,9] in 40% NH4F 
solution or that [10-12] in boiling water, while an 
atomically flat H-Si(100)-2 X 1 surface can be ob- 
tained by the annealing [13] in hydrogen atmosphere 
under pressures higher than 0.2 Torr at 700°C or by 
the annealing [14] at high temperature (> 1100°C) in 
hydrogen atmosphere at 1 bar. The thermal oxidation 
of H-Si(lll)-1 X 1 and H-Si(100)-2 X 1 surfaces 
has been studied by measuring oxidation-induced 
changes in Si 2p photoelectron spectra, [15-19] while 
native oxide growth in moist air has been studied by 
scanning tunneling microscopy [20]. 

The initial stage of oxidation of H-Si(lll)-1 X 1 
surface was investigated in dry oxygen under a 
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pressure of 1 Torr [15-18]. The following results 
were obtained from the analysis of Si 2p spectra: (1) 
the oxidation at 300°C does not proceed uniformly, 
however, the oxidation proceeds more uniformly at 
200°C, (2) by the oxidation at 300°C the interface 
layer becomes continuous at the oxide film thickness 
of 0.5 nm, and (3) at thickness greater than this the 
oxidation reaction at the interface occurs layer-by- 
layer at 600-800°C. The initial stage of oxidation of 
H-Si(100)-2 X 1 surface was also investigated in the 
same oxidation atmosphere [19]. Following results 
were obtained from the analysis of Si 2p spectra: (1) 
the initial stage of interface formation at 300°C does 
not depend on the initial surface morphology, (2) by 
the oxidation at 300°C the interface layer becomes 
continuous at the oxide film thickness of 0.5 nm, and 
(3) at thickness greater than this the deviation from 
an atomically flat interface increases with the 
progress of oxidation, however, an abrupt composi- 
tional transition occurs. 

In the analysis of Si 2p spectral changes produced 
by the oxidation at 300°C most of the spectra arising 
from Si-H bonds were neglected, because it was 
difficult to separate the hydrogenation-induced 
changes from oxidation-induced changes in Si 2p 
spectra. However, according to the infrared absorp- 
tion study described in the following, the desorption 
of hydrogen does not occur by the oxidation in 1 
Torr dry oxygen at 300°C. In the present study the 
oxidation process of surface Si was investigated 
from the measurement of oxidation-induced changes 
in infrared absorption spectra arising from stretching 
vibration of Si-H bonds. Consequently, the initial 
stage of oxidation process on H—Si(l 11)-1 X 1 sur- 
face determined previously only from the measure- 
ment of oxidation-induced changes in Si 2p spectra 
is modified by the oxidation process of surface Si 
determined by MIR-IRAS studies. The initial stage 
of oxidation process on H-Si(100)-2 X 1 surface 
was also investigated and the difference in the distri- 
bution of bridging oxygen atoms for two kinds of 
surfaces are discussed. 

2. Experimental details 

The silicon surfaces used for XPS and MIR-IRAS 
studies were prepared as follows. First, 200 nm thick 
oxide films were formed in dry oxygen at 1000°C on 

2-6 ß cm n-type Si(lll) and 5-8 O cm n-type 
Si(100) wafers for XPS studies and on 10-20 Cl cm 
n-type Si(lll) and 10-20 fl cm n-type Si(100) 
wafers for MIR-IRAS studies. The wafers used for 
MIR-IRAS studies have dimensions of 0.5 X 52 X 
127 mm and have 45-degree bevels on each of the 
long sides. The H-Si(lll)-1 X 1 surfaces used for 
XPS studies were prepared by the treatment in 40% 
NH4F solution at 20°C for 6 min after removing 200 
nm thick oxide films. The H-Si(l00)-2 X 1 surfaces 
were prepared by the epitaxial growth of silicon in 
hydrogen atmosphere at 1100CC for 10 min after 
removing 200 nm thick thermal oxide films by the 
treatment in 1% hydrofluoric acid solution. Here, 
silicon is epitaxially grown using SiHCl3 and cooled 
to below 400°C in hydrogen atmosphere. MIR-IRAS 
was used as a sensitive tool to determine the micro- 
scopic arrangement of the H-Si(100) surface. For 
XPS studies a part of the silicon surfaces, whose area 
is 20 mm in diameter and central part of which were 
used for XPS studies, were heated optically, while 
for MIR-IRAS studies the silicon surfaces, central 
part of which were used for MIR-IRAS studies, 
were heated uniformly by flowing current along the 
long sides of the wafers. Oxidation was performed in 
dry oxygen under a pressure of 1 Torr at 300°C. The 
dew point of oxygen gas used in the present oxida- 
tion process is below — 93°C. The oxidation-induced 
changes in Si02/Si interface structures were studied 
by measuring Si 2p spectra excited by monochro- 
matic Al Ka radiation at photoelectron take-off 
angles of 15°, 30° and 90° with an energy resolution 
of 0.37 eV and an acceptance angle of 3.3° using 
ESCA-300 manufactured by Scienta Instruments [21]. 
The area used for XPS studies is 6 X 0.5 mm for the 
photoelectron take-off angle of 90°. Infrared absorp- 
tion spectra were measured based on MIR-IRAS 
using JIR-5500 manufactured by JEOL with a reso- 
lution of 1 cm-1. The infrared radiation from the 
interferometer is focused at normal incidence onto 
the input bevel, and is internally reflected nearly 100 
times, making the output bevel to be collected and 
refocused onto the photodetector. Here, the infrared 
absorption spectrum measured for native oxide 
formed in a mixed solution of H2S04 and H202 

(H2S04 :H202 = 4:1) is used as a reference spec- 
trum. Other experimental details were described else- 
where [16]. 
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3. Initial stage of oxidation of H-Si(lll)-1 X 1 
surface 

The oxidation-induced changes in infrared absorp- 
tion spectra for H-Si(lll)-1 X 1 surface were mea- 
sured, and are shown in Fig. 1. The infrared absorp- 
tion spectra of Ml, M2 and M3, whose bonding 
configurations are illustrated in Fig. 1, appear not 
only for p-polarized infrared, but also for s-polarized 
infrared. This implies that the insertion of oxygen 
atoms in the bridging positions between Si atoms in 
the first and second layer produces the inclination of 
Si-H bonds from the direction perpendicular to the 
H-Si surface. Fig. 2 is obtained from the spectral 
analysis of Fig. 1 and shows the amounts of bonding 
states of surface Si as a function of areal density of 
bridging oxygen atoms bonded with surface Si. Here, 
the horizontal scales are calculated by considering 
bonding configurations of oxidized surface Si atoms 
and the oscillator strengths are assumed to be the 
same for all kinds of stretching vibrations of Si-H 
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Fig. 2. Amounts of bonding states of surface Si on Si(lll) surface 
as a function of areal density of bridging oxygen atoms bonded to 
surface Si. The simulated results are shown by the solid curves. 

bonds appearing in Fig. 1. This assumption seems to 
be verified because it can be seen from Fig. 2 that 
the total spectral intensity of M0, Ml, M2 and M3 is 
not affected by the backbond oxidation. Here, the 
bonding configuration of M0 is illustrated in Fig. 1. 
Therefore, it can be seen from Fig. 1 that the fre- 
quency of stretching vibration of Si-H bond is only 
affected by the backbond oxidation. The validity of 
the assumption should be verified theoretically in the 
near future. 

The oxidation-induced changes in Si 2p spectra 
for H-Si(lll)-1 X 1 surface were measured until 
nearly one-molecular layer thick oxide is formed, as 
is shown in Fig. 3. Because Si3+, M3 and Si4+ 

2300       2200       2100 
WAVENUMBERS  [cm-1] 

NH4F Treated 

Fig. 1. Oxidation-induced changes in infrared absorption spectra 
for p- and s-polarized infrared measured for H-Si(lll)-1 X 1 
surface with oxidation time as a parameter. 
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Fig. 3. Oxidation-induced changes in Si 2p spectra on H-Si(lll)- 
1X1 surface with oxidation time as a parameter. 
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spectra can be separated from Si 2p spectra with 
rather small ambiguity, these spectra are used for the 
following studies of oxidation process. Here, Si3 + , 
M3 and Si4+ denote the Si atom bonded with one Si 
atom and three oxygen atoms, the Si atom bonded 
with one hydrogen atom and three oxygen atoms [22] 
and the Si atom bonded with four oxygen atoms, 
respectively. Fig. 4 shows the amounts of Si3+, M3 
and Si4+ as a function of areal density of bridging 
oxygen atoms obtained from the analysis of Fig. 3. If 
the oxidation reaction proceeds uniformly, the oxide 
consists only of Si4+ at the areal density of bridging 
oxygen atoms of 7.8 X 1014 X 4 cm-2, which corre- 
sponds to one molecular layer of Si02. However, 
according to this figure, this is not the case. This 
implies the non-uniform oxidation reaction at the 
early stage. 

The oxidation processes shown in Fig. 2 and Fig. 
4 are simulated as follows: The three dimensional Si 
lattice consisting of 52 atoms X 52 atoms in each 
layer on Si(lll) plane is used for the simulation of 
oxidation. The bonding probabilities of Si atoms 
with oxygen atoms are adjusted until almost the 
same figures as shown in Fig. 2 and Fig. 4 are 
obtained. For example, the Si atom bonded with an 
oxygen atom is assumed to have higher bonding 
probability with another oxygen atom as compared 
to the Si atom, which is not bonded with an oxygen 
atom. The solid curves in Fig. 2 and Fig. 4 are 
obtained from optimized simulation. The distribution 
of bridging oxygen atoms on each Si layer thus 
determined is shown in Fig. 5. From the top to the 

,[111] 

o Experimental 

0 5 10        15       20       25 
Areal Density of Bridging Oxygen Atom 

(X1014cnr2) 

Fig. 4. Amounts of intermediate oxidation states on Si(lll) 
surface as a function of areal density of bridging oxygen atoms. 
The simulated results are shown by the solid curves. 
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Fig. 5. Distribution of bridging oxygen atoms in each layer with 
areal density of bridging oxygen atoms as a parameter. 

bottom of this figure, the topmost layer, the second 
layer from the top, the third layer and so on, are 
shown in this order. From the left to the right the 
amount of bridging oxygen atoms increases. This 
figure indicates that once the isolated bridging oxy- 
gen atoms are produced the oxidation proceeds in 
lateral direction around these oxygen atoms. With 
oxidizing further the oxidation proceeds in vertical 
direction and results in the non-uniform oxidation. 
The discrepancies observed between experimental 
results and simulated result in Fig. 2 and Fig. 4 must 
be partly attributed to the change in formation proba- 
bilities of bridging oxygen atoms produced by the 
oxidation-induced stress. 

4. Initial stage of oxidation of H-Si(100)-2 X 1 
surface 

As in the case of H-Si(lll)-1 X 1 surface, the 
MIR-IRAS and XPS studies on the initial stage of 
oxidation were performed on H-Si(100)-2 X 1 sur- 
face until nearly one-molecular layer thick oxide is 
formed, shown in Fig. 6 and Fig. 7, respectively. 
According to Fig. 6, the oxidation produces not only 
Ml and M2, but also M3. Therefore, the dimer 
bonds are bridged by oxygen atoms to form Si-O-Si 
bonds at the early stage of oxidation. Such bonds are 
considered in the simulation of changes in Si 2p 
spectral intensities with the progress of oxidation. 
Fig. 8 shows the amounts of bonding states of sur- 
face Si as a function of areal density of bridging 
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Fig. 6. Oxidation-induced changes in infrared absorption spectra 
for p- and s-polarized infrared measured for H-Si(100)-2X 1 
surface with oxidation time as a parameter. 

oxygen atoms bonded with surface Si obtained from 
the analysis of Fig. 6. Fig. 9 shows the amounts of 
Si3 + , M3 and Si4+ as a function of areal densities of 
bridging oxygen atoms obtained from the analysis of 
Fig. 7. The solid curves in Fig. 8 and Fig. 9 exhibit 
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Fig. 8. Amounts of intermediate oxidation states on Si(100) 
surface as a function of areal density of bridging oxygen atoms 
bonded to surface Si. The simulated results are shown by the solid 
curves. 

simulated results. The distribution of bridging oxy- 
gen atoms on each Si layer thus determined is shown 
in Fig. 10 with areal density of bridging oxygen 
atoms as a parameter. Bridging dimer bonds with 
oxygen atoms observed in Fig. 6 are considered in 
the simulation. According to this figure, the bridging 
oxygen atoms on Si(100) surface are distributed 
more uniformly than that on Si(100) surface. In other 
words, the sizes of oxide-clusters on Si(100) surface 
are smaller in average than those on Si(l 11) surface. 
Therefore, the oxidation-induced stress on Si(100) 
surface must be large. This must be the reason why 
the discrepancies observed between experimental re- 
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Fig. 7. Oxidation-induced changes in Si 2p spectra measured for 
H-Si(100)-2X 1 surface with oxidation time as a parameter. 
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Fig. 9. Amounts of intermediate oxidation states on Si(lll) 
surface as a function of areal density of bridging oxygen atoms. 
The simulated results are shown by the solid curves. 
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Fig. 10. Distribution of bridging oxygen atoms in each layer with 
areal density of bridging oxygen atoms as a parameter. 

suits and simulated result in Fig. 8 and Fig. 9 are 
small for Si(100) surface. 

5. Summary 

Structural changes produced by the oxidation of 
H-Si(lll)-1 X 1 and H-Si(100)-2 X 1 surfaces at 
300°C in dry oxygen under a pressure of 1 Torr were 
investigated by MIR-IRAS and XPS. The oxidation- 
induced changes in infrared absorption spectra aris- 
ing from stretching vibration of Si-H bonds were 
measured for the determination of oxidation pro- 
cesses of surface Si on H-Si(lll)-1 X 1 and H- 
Si(100)-2 X 1 surfaces. These are combined with the 
oxidation processes determined by the oxidation-in- 
duced changes in Si 2p photoelectron spectra. Fol- 
lowing results are obtained from the analysis and 
simulation of experimental results: (1) the layer-by- 
layer oxidation reaction occurs locally at 
Si02/Si(lll) interface, while that does not occur at 
SiO2/Si(100) interface, however, (2) the oxidation 
on Si(100) surface proceeds more uniformly in atomic 
scale than that on Si(lll) surface. Therefore, in the 
present oxidation condition the layer-by-layer oxida- 
tion reaction at Si02/Si(lll) interface seems to 
result in the non-uniform oxidation on Si(lll) sur- 
face in atomic scale. 
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Abstract 

We present new results on the Si02/Si system obtained by high resolution medium energy ion scattering. Isotopic 
labeling experiments demonstrate that the traditional Deal Grove and related models fail for sub-10 nm films. Any realistic 
model in this ultra-thin film region should include near-interfacial and surface exchange reactions. We also observed that the 
surface can be roughened during oxidation. Simple models explaining the genesis of roughness during active oxidation and 

in a transition regime between active and passive oxidation are given, based on relative rates of various surface processes. 

1. Introduction 

The oxidation of silicon remains of critical impor- 

tance because Si02 is the dominant dielectric of the 

microelectronics industry. However, despite over 

thirty years of research, a variety of questions remain 

unanswered [1-4]. In this paper we review our re- 

cent results using predominantly medium energy ion 

scattering (MEIS) that address some of the key 

questions concerning the oxidation of silicon in the 

ultrathin film regime. We discuss new results that 

can help us better understand the oxide growth 

mechanism [5], and roughness of the Si02/Si sys- 

tem. In particular, we show how roughness is greatly 

exacerbated by oxidizing in certain regions of P-T 

phase space [6]. 

The dominant growth mechanistic model was pro- 

vided by Deal and Grove in 1965 [7]. They argued, 

* Corresponding author. Tel.: + 1-908-4452747; fax: 
4455312; e-mail: garf@rutchem.rutgers.edu. 
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based on kinetic data of oxygen uptake, that the 

oxidation was accomplished by the diffusion of oxy- 

gen through a growing oxide film followed by the 

reaction of oxygen with silicon at the interface. Their 

'linear-parabolic' phenomenological model has for 

the most part survived the test of time, although 

variants of the model now permit layered structures, 

enhanced diffusion or other features to exist in the 

region close to the interface, helping to rationalize 

anomalous growth behavior [1-4,8]. In this paper we 

present results that demonstrate that there are not 

only interface channels of oxidation, but a broad 

near-interface growth throughout a transition region 

of the near-interfacial oxide, and outer surface ex- 

change reactions which become important in under- 

standing oxidation in the ultrathin film regime. 

2. Experimental 

MEIS is a high resolution variant of RBS in 

which the incident energy of the probing ion (pro- 

0169-4332/96/$15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
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tons in our case) is on the order of 100 keV [9]. The 
kinetic energy of the backscattered ion gives infor- 
mation about the mass and depth of the atom in the 
solid from which the ion scatters. We usually use 
channeling and blocking techniques, in which one 
directs the incident and detected ion beam along bulk 
crystallographic axes, enhancing surface sensitivity. 
For an amorphous Si02 overlayer, all the silicon and 
oxygen in the overlayer are observed, along with one 
or two layers of the bulk Si (see Fig. la). The width 
of the oxygen peak reflects the thickness of the oxide 
film. We take further advantage of the high mass and 
depth resolution of MEIS by performing sequential 
oxidation in 02 and 02 [5,10]. This permits us to 
determine where oxygen incorporates into a growing 
oxide film, thus helping to confirm which mechanis- 
tic model, if any, is correct. In Fig. lb we present a 
model spectrum of a conventional Si02 film (grown 
with 160) which has been reoxidized in 1802. If, 3.1. Isotopic labeling experiments 
upon reoxidation, the O incorporates at the top 
surface and at the interface, then two separate peaks 
should be observed in the spectrum (Fig. lb). The 
total amount of each isotope and their relative distri- 
butions in the Si02 film are indicated by the size and 
shape of the two spectral regions. 

Si(100) substrates were used for isotopic oxida- 
tion experiments. Both 02/ 02 and 02/ 02 

sequential exposures were employed. The oxygen 
pressure was varied from 10~6 to 20 Torr, and the 
oxidation temperature from 700 to 1000°C. Some 
wafers were first oxidized using state-of-the art fab 
facilities at IBM or AT&T Bell Laboratories. Sur- 
face roughening studies were performed on Si(lll). 
Si pads were put between the sample and sample 
holder to reduce metal contaminations during oxida- 
tion. More details about sample preparation, oxida- 
tion, experimental set-up and data analysis can be 
found elsewhere [5,10]. 

3. Results 

o o o /0\ 
o o o 

Si substrate 

shadow cone 
(channeling) 

O O o 
o o o 

o o o 

Fig. 1. An illustration of the use of MEIS for examining the 
isotopic oxidation of silicon. The lower panel shows oxygen 
isotope distribution in the film before and after reoxidation in 
1 02 (not drawn to scale); the upper panel shows the anticipated 
energy spectra in the oxygen region. 

First we introduce results of isotope oxidation 
studies that are clearly inconsistent with classical 
(thick film) models of oxidation. In Fig. 2 we present 
MEIS results for the reoxidation of a 60 A oxide 
(160) film in 1802 at 800°C and 1 Torr. Spectrum a 
is observed for the as-delivered 60 A oxide (from 
IBM), following a brief flash to ca. 400°C to remove 
adsorbates. The shape of the scattering signal in the 
initial Si1 02 is discussed below. Following reoxida- 

1 o IO 

tion in 02, we see two features develop in the O 
region of the backscattering spectrum. The first is at 
the high energy edge, 80 keV (spectrum b), indicat- 
ing 180 incorporation in the outer surface layers. 
This feature is not expected from any of the classical 
models of oxide growth, as all assume that oxidation 
takes place at or near the Si02-Si interface. Con- 
comitant with the growth of this peak is a decrease 
in the yield at the high energy edge of the O peak. 
Further oxidation under the same conditions for 21 h 
(spectrum c) results in growth of the surface peak 
and pronounced growth of the second broad feature 
at 78.7 keV. This feature, representing growth from 
well below the surface, is more consistent with 
classical growth models. 

Quantitative information about the oxygen and 
silicon depth profiles in the films can be obtained 
through energy spectral simulations, as shown in 
Ref. [5]. The purpose of the simulation is to deter- 
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Fig. 2. Oxygen spectra for (a) a 60 A oxide grown on Si(100), (b) 
the same sample reoxidized in 02 at 1 Torr, 800°C for 3 h, and 
(c) following further reoxidation for 21 h. The insert shows 
oxygen depth profiles in the oxide that determined by model 
simulation of the spectrum (c). 

been extensively discussed. Although it may not 
significantly effect oxidation kinetic behavior for 
thicker films, an accurate description of oxide growth 
must include the surface, interface and near-interface 
reactions that we observe. This is especially the case 
in the ultrathin film regime (as we discuss in more 
detail elsewhere [5]) where the layer thicknesses and 
separations are almost the same size as the total 
thickness of the oxide. It is perhaps even more 
important now to understand the kinetics of reactions 
and interdiffusion, and the spacial distribution of all 
species, such as H, N, halides and other impurities 
that are purposely added for a variety of reasons 
during complex multistep oxidation processing. 

We have also observed that the surface exchange 
reaction is enhanced by impurities. In Fig. 3 we 
present spectra demonstrating the enhancement in 
the surface reaction rate when metal impurities are 
present. For this experiment, one of the samples was 
reoxidized without the Si pads and metal from the 
holder diffused onto the Si (~ 0.01 ML of Ta and 
0.25 ML of Mo, 1 ML = 6.8 X 1014 at/cm2, were 
observed in the surface after the reoxidation). Com- 
paring this sample with one oxidized under the same 
conditions with Si pads, we observed the area under 
the O surface peak to be about 3 times larger. This 
result emphasizes the importance of a metal-free 
environment during the oxidation of silicon [11]. 

mine the absolute oxygen density as a function of 
depth, the relative O to O distributions, and the O 
and Si concentration gradients. Results of the model- 
ing simulations are presented in the inset in Fig. 2, in 
which we plot the normalized oxygen yield as a 
function of depth (where 1 corresponds to stoichio- 
metric Si02). The ' O incorporated (curve 1), 160 
following reoxidation (2), and total O profiles (3) are 
included, along with the original 160 profile (4). 

What is apparent is that there are two main re- 
gions of oxygen incorporation during oxidation, one 
at or near the interface, and the other at the outer 
oxide surface. Close inspection actually reveals that 
the profiles of both oxygen isotopes overlap in the 
interface region; in this case it appears that the 
overlap region is about 20 A wide. That the oxida- 
tion reaction takes place over a wide region is nei- 
ther discussed nor accounted for in the kinetic mod- 
els; however the concept of a transition region has 

77 78 79 80 81 

Backscattered proton energy (keV) 

Fig. 3. Oxygen spectra after oxidation at 800°C with (a) and 
without (b) silicon pads between the sample and sample holder. 
The growth of the O peak and depletion of the high energy part 
of the O peak demonstrate the effect of metal impurities on the 
oxidation. 
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3.2. Transition region near the Si/ Si02 interface 

As mentioned above, the isotopic labeling experi- 
ments demonstrate that, in addition to the traditional 
reaction at the interface, oxidation also occurs in the 
near-interfacial oxide. This observation stimulated us 
to further understand the structure of the oxide near 
the interface and its role in silicon oxidation. Our 
studies of this specific region of the oxide are also 
driven by the important role of the interface in 
device performance. 

It has been shown that there is a transition region 
between the crystalline Si and stoichiometric a-Si02. 
The transition region has been observed by a variety 
of techniques (e.g. photoemission, HRTEM, ellip- 
sometry, RBS, etc.) [2,12-14]. One should keep in 
mind, however, that different techniques probe dif- 
ferent properties of the transition region (chemical, 
structural, optical etc.). Different oxidation condi- 
tions may also result in variations in the width of the 
transition region [15]. For these reasons, the thick- 
ness of the transition region ranges from 5 to 50 A. 

MEIS is a technique that can be used to determine 
compositional variations of the transition region since 
energy distributions of protons scattered from targets 
with different compositional gradients are different. 
A typical simulation of the oxygen energy peak is 
shown in Fig. 4. The parameters of the energy loss 
('stopping power') and straggling which are input 
into the simulation, are check by changing the scat- 
tering angle (hence the total average travel length of 
the protons in the solid). The very good fit of the two 
sets of data for both angles lends further credence to 
the model. We also use XPS, and spectroscopic 
ellipsometry to determine oxide thickness and cross- 
correlate it with the MEIS results. The procedure of 
energy spectral modeling is discussed in more detail 
elsewhere [5]. 

We note that the region between the oxide and the 
silicon substrate is not sharp (insert in Fig. 4). Oxy- 
gen density in the transition region gradually de- 
creases from the 'bulk' oxide value and vanishes at 
the silicon substrate, while, the silicon density is 
higher than in the oxide (see Fig. 12 in Ref. [5]). The 
thickness of the (compositional) transition region is 
about 12 + 4 A. Our profiles collect all composi- 
tional inhomogeneities in the oxide, e.g. suboxides 
and surface roughness. Roughness, which could be 

72 74      75      76      77      78 
Proton Energy, keV 

Fig. 4. Oxygen spectra for a 45 A oxide on Si(100) taken at two 
different scattering angles: (a) 101° (with an exit angle of 11°), 
and (b) 138° (an exit angle of 48°). Solid lines show the result of 
the modeling. The oxygen depth profile for this sample is shown 
in the insert. 

confused with a compositional gradient, when mea- 
sured by XRD on the samples grown in the same 
laboratory under similar conditions was on the order 
of rms = 2-3 A [15].) Suboxides (or incompletely 
oxidized silicon atoms) are the other major contribu- 
tor to the depth distribution gradients observed in our 
experiments. Suboxide states are also routinely ob- 
served in photoemission experiments [5,12]. 

We believe that the suboxides are the key species 
in a near-interfacial reaction in which diffusing oxy- 
gen reacts with incompletely oxidized silicon atoms 
throughout the transition region. The incompletely 
oxidized silicon is likely to be supplied by the 
oxidation reaction at the interface; some silicon atoms 
may be released from the substrate due to the large 
molecular volume mismatch between crystalline sili- 
con and the oxide, and the stress near the interface 
created during the oxidation process [2]. Silicon in- 
terstitials and SiO diffusion into the oxide have been 
discussed in some recent models [16,17]. We also 
note that the existence of a transition region was the 
departure point of the reactive layer model [4,18]. 
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Fig. 5. Initial oxidation of Si(lll) at 770°C and 10"6 Torr as a 
function of exposure time. Both oxygen and silicon regions of the 
spectra are displayed. The inserts shows a comparison of the 
spectrum in the transition oxidation regime (solid line) with the 
(dashed) spectra in the passive (lower temperature) (a) and active 
(higher temperature) (b) oxidation regimes. 

However, this model considers the reaction as taking 
place only on-top of the reactive layer, inconsistent 
with our results. 

3.3. Surface roughening 

In addition to the compositional gradient in the 
transition region, another interfacial issue which re- 
portedly affects device properties is the roughness. 
Although we do not report at length here on interface 
roughness, we do wish to elucidate two poorly un- 
derstood and appreciated mechanisms by which the 
Si02/Si system roughens during oxidation [19]. In 
Fig. 5 we present results demonstrating that surface 
roughness can be enhanced during oxidation under 
certain conditions. For a roughened surface, the aver- 
age ion travel length in the solid is increased relative 
to the uniform film case, especially when the inci- 
dent or exit angles are glancing. A spectrum of a 
roughened film should show a decrease in the yield 
at the high energy edge and a broader low-energy 
tail relative to the flat film case. Fig. 5 shows spectra 
in both the Si and O regions that result from oxidiz- 
ing very close to the boundary between active (etch- 
ing) and passive (growth) oxidation [8]. Both peaks 

demonstrate a broad low energy tail, a fingerprint of 
roughness in this case. Both peaks are qualitatively 
different from ones taken in the passive and active 
oxidation regimes (as it follows from the comparison 
shown in the inserts) implying a separate region with 
specific oxidation behavior. 

This region of phase space is called the transition 
oxidation regime, following the suggestion of [20,21]. 
Under certain conditions, the quasi-steady state sur- 
face oxygen concentration is high enough to have 
two dimensional oxide nuclei form, but not high 
enough to have the nuclei fully cover the surface. 
The areas that are covered by the oxide are relatively 
unreactive, while the clean Si areas are continuously 
being etched by the incident oxygen. We and others 
[22] have obtained a roughness over 30 A when 
intentionally trying to roughen the surface during 
oxidation in the transition regime. 

We have also observed roughening of the surface 
during active oxidation (etching). In this case the 
surface roughens, as noted in Fig. 5b, however, no 
oxygen is observed in the spectrum. We believe that 
in this case, the roughening is caused by continuous 
etching of the Si by 02, but at a temperature too low 
to allow for significant smoothing of the surface by 
diffusion. The etching occurs randomly, but limited 
vacancy diffusion only leads to void formation with- 
out step flow. We thus have two different sets of 
processes which occur in two different parts of the 
P-T oxidation phase space, both of which lead to 
roughening of the surface. As any form of roughen- 
ing could be detrimental to state of the art devices, 
care must be taken during processing to avoid these 
regions of oxidation phase space. 
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Abstract 

This paper discusses the effectiveness of nitrogen (N-) atom incorporation at Si-Si02 interfaces in improving device 
reliability. N-atoms are introduced by a low thermal budget process that includes: (i) a 300°C plasma-assisted 
oxidation/nitridation; (ii) a 300°C plasma-assisted deposition of the dielectric layer; and (iii) a 900°C post-deposition 
anneal, either as a separate 30 s rapid thermal annealing (RTA) step, or during dopant activation of the gate electrode. The 
amount of incorporated-N has been varied at the monolayer range by using N20/02 mixtures for the oxidation step, and has 
been measured by Auger electron spectroscopy (AES), secondary ion mass spectrometry (SIMS), and optical second 
harmonic generation (OSHG). A model, based on ab-initio calculations, is used to explain the role of N-atoms in improving 
device reliability, e.g. in reducing H-atom induced generation of positively-charged defects, the so-called anomalous positive 
charge (APC). 

1. Introduction 

As field effect transistor, FET, device dimensions 
are scaled down into the deep submicron (< 0.25 
fim) for ULSI circuits, there must be corresponding 
decreases in the oxide equivalent thickness (?ox) of 
gate dielectrics into a regime below about 5 nm. At 
these thicknesses, defect generation mechanisms un- 
der stress bias conditions are determined mostly by 
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local bonding at the Si-Si02 interface rather than by 
properties of the bulk oxide films [1]. Much attention 
has been focused on benefits of incorporating small 
amounts of N at, or in the immediate vicinity the 
Si-Si02 interface of these ultra-thin dielectrics [2,3]. 
Reported benefits of N-atom incorporation include 
(i) increased resistance to defect generation and (ii) 
effective barriers to boron (B-) atom diffusion from 
boron-doped polycrystalline-silicon gate electrodes 
[4-7]. In addition, use of nitrided oxide films with 
higher dielectric constants than Si02 allows in- 
creases in thickness of dielectric film while maintain- 
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ing capacitances corresponding to those of thinner 
oxides. It is not obvious that these increases will be 
beneficial in reducing direct tunneling currents since 
increases in the dielectric constant are usually cou- 
pled with decreases in the bandgap of the dielectric 
thereby mitigating some of the potential advantages 
of increased film thicknesses. 

In previous studies we have used NH3 as the 
N-atom source gas for low-temperature (300°C) 
plasma-assisted deposition of oxynitrides and ni- 
trides, and this has lead to incorporation of large 
amounts (~ 20 at%) of H (mostly as NH) in the bulk 
of these films [8,9]. In addition, N-atoms were also 
incorporated as NH groups at the Si-Si02 interface 
of composite film structures, e.g. in oxide-nitride- 
oxide (ONO) stacked dielectrics. Infrared (IR) stud- 
ies showed H-atoms are released from NH groups in 
these nitrided dielectrics during post metallization 
annealing (PMA) at ~ 400-450°C yielding interface 
trap (Dit) levels of about 5 X 1011 cm"2 eV"1. 
However, the Dit concentrations could be reduced to 
levels comparable to those of thermal oxides (~ 1010 

cm"2 eV"1) by a 30 s RTA at 900°C. IR studies 
showed that this reduction in Dit resulted from an 
additional and significant release of H-atoms during 
the higher temperature RTA process, followed by 
formation of Si-N bonds between near-neighbor Si- 
and N-atoms that had lost H-atoms during the high 
temperature RTA. 

Conventional methods used by other groups for 
incorporating N-atoms at Si-Si02 interfaces include 
furnace oxidation, and rapid thermal oxidation, RTO, 
in N20 and NO, and/or annealing in either N20 or 
NH3 at temperatures in the range of 850°C to 1200°C 
[2-7]. As noted above, these high temperature pro- 
cesses have yielded improved device reliability. This 
paper reports on a newly developed low-tempera- 
ture/low-thermal budget process that achieves com- 
parable levels of N-atom incorporation at Si-Si02 

interfaces with low H-atom incorporation through 
300°C plasma processes using N-atom source gases 
other than NH3; e.g. N20. Defect levels in devices 
subjected to 400°C PMAs, but without 900°C RTAs, 
are comparable to what has been achieved with 
plasma-deposited and furnace-grown oxides [10], 
whilst device performance and reliability after a 30 s 
900°C RTA are comparable to what is obtained 
using the high-temperature/high-thermal budget ni- 

triding processes indicated above [2-7]. We explain 
the improved reliability that results from N-atom 
incorporation at the Si-Si02 interface in the context 
of a microscopic model that is based on H-atom 
induced defect generation resulting in the creation of 
the so-called anomalous positive charge (APC) cen- 
ters [11]. 

2. Interface formation and device fabrication 

We have separated fabrication of the Si-Si02 

heterostructures into three independently controlled 
process steps [12,13]: (i) Si-Si02 interface forma- 
tion by plasma-assisted oxidation/nitridation at 
300°C; (ii) deposition of dielectrics by remote 
PECVD at 300°C; and (iii) chemical and/or struc- 
tural relaxation of Si-Si02 interfaces and dielectric 
films by rapid thermal annealing at 900°C. For the 
experiments described below, these steps were used 
in the fabrication of two different device structures: 
(i) metal-oxide-semiconductor (MOS) capacitors with 
Al-gate electrodes, and (ii) field effect transistors 
(FETs) with phosphorus doped polycrystalline-sili- 
con gate electrodes. For the MOS capacitors, the 
substrates were p/p+ Si(100) wafers with an epi- 
layer resistivity of ~ 10 O, cm; lower resistivity 
wafers with hole concentrations, p ~ 4 X 1017 cm"3 

were used for the FETs. In both instances the in situ 
processing began with a 300°C plasma-assisted oxi- 
dation step in either 02, N20 or N20/02 mixtures. 
For MOS capacitors, the pre-oxidation treatment was 
a standard, high temperature, RCA clean terminated 
by an HF-rinse. For the FETs, the Si surface used for 
the gate dielectric was not subjected to an RCA 
clean; instead, a field oxide about 200 nm thick was 
grown on the entire wafer, and the gate oxide region 
was defined by a combination of low-pH and dilute 
HF oxide removal processes. This results in smoother 
interfaces for Si(100) than an RCA clean, and hence 
yields a reduced fall-off of the channel mobility as a 
function of the electric field at the Si surface [14]. 
For the MOS capacitors, 15 nm of Si02 was then 
deposited by remote PECVD at a pressure of 300 
mTorr and a temperature of 300°C by excitation of 
He (200 seem) and N20 (20 seem) in a rf plasma 
upstream from the Si wafer; 2 seem of 10% SiH4 in 
He was introduced through a dispersal ring down- 
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stream from the plasma. For the FETs, both N20 and 
02 were used in the deposition of 5.5 nm of Si02 by 
a similar 300°C remote PECVD process. MOS ca- 
pacitors were fabricated using Al-gate electrodes and 
patterning was standard photolithographic tech- 
niques. The maximum processing temperature for the 
MOS capacitors was 400°C, the temperature of the 
PMA. The FET structures incorporated phosphorus- 
doped polycrystalline Si gate electrodes. These were 
processed at 900°C for about 30 min using a conven- 
tional POClj doping process that also formed the 
source and drain junctions in a self-aligned device 
structure. 

3. Interface characterization 

The AES and SIMS measurements reported below 
were restricted to wafers used for MOS capacitor 
studies. Additional SIMS measurements have been 
performed on the interfaces and films used in the 
FETs, and these give substantially the same results 
as discussed below for the MOS capacitor wafers. 
The AES measurements (Fig. 1(a)) were performed 
on-line in a surface analysis chamber immediately 
after the plasma oxidations; the SIMS depth profiles 
(Fig. 1(b)) were made after the oxide depositions. 
The AES SiLVV peak at 92 eV is due to Si-Si bonds 
and is identical in all spectra of Fig. 1(a). For 
comparison, we have included data for the remote 
H2 plasma cleaning/passivation process, as well as 
the pre-deposition oxidation/nitridation processes 
described above. After an ex-situ RCA clean and HF 
rinse, the H-terminated Si surface displayed readily 
detectable C and O contamination. After a 2 min 
exposure to a remote H2 plasma, C contamination 
was reduced below the AES detection limit of ~ 1 
at%, and the amount of O was also reduced. C was 
also reduced below detection by a 15 s exposure to 
an 02 plasma, or by a 30 s exposure to an N20 
plasma with a concurrent plasma-assisted growth of 
~ 0.5-0.6 nm of Si02 [12,14]. Exposure to the N20 
plasma also produced a detectable N AES signal; the 
relative 92 eV SiLVV signal level demonstrated that 
the N feature was due to N-Si bonds within at most 
two-three molecular layers of the Si-Si02 interface. 

Areal densities of the N, C and F at the Si-Si02 

interfaces were determined by integration of the 
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Fig. 1. (a) AES measurements for different surface treatments: (i) 
RCA clean with HF rinse, (ii) 2 min plasma-H2, (iii) 15 s 
plasma-02, and (iv) 30 s plasma N20. (b) SIMS profiles for N 
and C after 15 s plasma-02 and 30 s plasma-N2 treatments. Also 
included in (b) is the SIMS profile for N after the plasma-H2 

treatment. 

respective mass signals, and by using sensitivity 
factors appropriate to these elements in a Si host 
material. This technique is based on an observation 
that interfacial N, C and F are driven into the Si 
substrate by the sputtering process used in the SIMS 
analysis. Reduction of SIMS data in Fig. 1(b) showed 
that each of three plasma treatments reduced residual 
C-contamination to about the same level of (2 + 0.5) 
X 1012 cm"2; F-atom concentrations were also in 
the 1012 cm'2 range for all three treatments. The 15 
and 30 s exposures to the N20 plasma gave N 
concentrations, [N] of (9 + 0.5) X 1014 cm"2, whilst 
5 s and 15 s exposures to the 02 plasma yielded 
[N] ~ (2 + 0.5) X 1014 cm"2. The sample exposed to 
the H2 plasma had [N] ~ 6 X 1014 cm"2. Interfacial 
N after H2 and 02 treatments was derived from the 
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N20 source gas used in Si02 depositions. Combin- 
ing the SIMS and AES measurements with studies of 
optical second harmonic generation (OSHG), we have 
been able to show that the N atoms discussed above 
are at the Si-Si02 interface [15]. The key aspect of 
the OSHG measurements is that resonance energies 
are different O-atom and N-atom coverage of the 
crystalline Si component of the Si-Si02 interface. 

SIMS and AES measurements were also per- 
formed on samples in which the oxidation step was 
performed using N20/02 mixtures. In all instances, 
C and F levels were comparable to those described 
above. In addition, levels of N at the Si-Si02 inter- 
face scaled with the fraction of N20 in the N20/02 

mixture. The observed scaling was also consistent 
with on-line AES measurements made on the same 
samples. 

4. Device studies: MOS capacitors and field effect 
transistors 

Table 1 includes results of electrical measure- 
ments performed on (i) MOS capacitors with Al 
electrodes, and (ii) FETs with polycrystalline Si 
gates. MOS capacitors were analyzed by conven- 
tional high-frequency/quasi-static (HF/QS) capaci- 
tance-voltage (C-V) techniques which gave the 
mid-gap Dit values, and also values for the flat-band 
voltage, Vft. The HF C-V measurements were done 

Table 1 
Electrical measurements on MOS and FET devices 

(a) MOS capacitors 

Interface treatment Z)it(X1010 cm"2 eV" ') 
O-atom terminated 1.0 + 0.5 
N-atom terminated 1.0 + 0.5 
NH-terminated (400°C) 20 + 5 
NH-terminated (900°C) 1.0 ±0.5 
Thermally-grown oxide 1.0 + 0.5 

(b) FETs 

Interface treatment Effective mobility Threshold 
with plasma-oxide (cm2/Vs) voltage (V) 

O-atom terminated 460 + 5 0.41+0.03 
N-atom terminated 460 + 5 0.38 + 0.03 
Thermally-grown oxide 450 + 5 0.33 + 0.03 

at 100 kHz whilst the QS C-V characteristics were 
obtained with a voltage ramp of 35 mV/s. The 
mid-gap Da values did not correlate with the N 
concentration at the Si-Si02 interfaces. Interfaces 
formed by 2 min exposure of an H2 remote plasma 
resulted in values of mid-gap Dh ~ 2 X 10" eV"1 

cm-2. Exposure to an 02 remote plasma for 5 s give 
a mid-gap Dit of ~ 7 X 1010 eV~' cm"2; this value 
decreased to ~ 1 X 1010 eV"1 cm"2 after a 15 s 
exposure. A similar trend was found for the remote 
N20 plasma: a mid-gap Dh of ~5X1010 eV"1 

2 for a 15 s exposure decreasing to ~ 1 X 1010 

cm     after a 30 s exposure. From these mea- 
cm 
eV 
surements we conclude that: (i) comparable levels of 
Da can be obtained by predeposition oxidation in 
either 02 or N20, and (ii) these low Dh values are 
obtained provided that the oxidation step is per- 
formed at sufficiently long times, i.e. 15 s for the 
02, and 30 s for the N20 treatments. In addition, 
comparisons with MOS capacitors with oxide layers 
formed by conventional thermal oxidation in dry 02 

at 900°C have demonstrated that DA levels in the 
optimized MOS capacitors with plasma-oxides and 
N-atom or O-atom terminated interfaces are compa- 
rable to those of the thermal oxides. Based on the 
results for the H2 plasma treatment, wherein oxida- 
tion proceeds in parallel with the initial stages of 
film deposition, we conclude that the oxidation treat- 
ment must be sufficiently complete to prevent oxida- 
tion during deposition that has been shown to lead to 
comparatively high values of Dn, (i.e. ~ 10" eV"1 

cm"2). In addition, the comparisons sited above, 
combined with the studies we have performed on 
devices with nitride and oxynitride composite di- 
electrics indicate that N-atoms, as introduced above, 
and NH-groups, as introduced using NH3 source 
gases, behave very differently at Si-Si02 interfaces; 
(i) the N-atom terminations can promote defect den- 
sities as low as thermal oxides, whilst (ii) NH-groups 
promote significantly higher levels of Dn, that can 
only be reduced after high temperature RTAs (typi- 
cally 30 at 900°C) in which the H-atoms are elimi- 
nated from the NH groups [13]. 

The beneficial effects of N-atom incorporation 
with respect to reliability at Si-Si02 interfaces are 
clearly evident from stress bias studies on FETs. 
Before discussing reliability measurements, it is im- 
portant to understand the effects of N-atom incorpo- 
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ration on the transistors current-drive characteristics. 
This is illustrated in Fig. 2(a) and (b), (i) where we 
show FET characteristics of devices with plasma- 
oxides, and both nitrided and non-nitrided interfaces, 
and (ii) where these properties are compared with the 
properties of devices with conventional thermally- 
grown oxides, (i.e. dry oxidation at 900°C). The 
oxide thicknesses and transistor geometries are es- 
sentially the same, and the data in the figure are 
normalized to take account of any small quantitative 
differences in oxide thickness and/or channel length 
and width. There are two observations: (i) the high- 
est drive currents were obtained in devices with the 
thermally-grown oxides, and (ii) devices with de- 
posited oxides and nitrided interfaces displayed 
higher drive currents than devices without interfacen- 
itridation. The data in Fig. 2(b), in the context of the 
Tasch model [16], provides a basis for understanding 
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Fig. 2. (a) Current-voltage and (b) gm characteristics of FETs for 
(i) plasma-deposited oxides with O-atom and N-atora terminated 
Si-Si02 interfaces, and (ii) thermally-grown oxides. 

(a) 
25 

20 

I15 
ra 

3 

—m— O2 Plasma 

_,_ N20 Plasma 

—*— Thermal 

/ 

1x10 1x10        1x10        1x10 
Stress Time (s) 

1x10 

40      60 
% N20 

Fig. 3. (a) Agm /gm,max versus stress time, and (b) Agm /gm>max 

and AVt / Vl versus interfacial N-atom concentration after a 104 s 
stress. 

the differences in drive currents in Fig. 2(a). The 
peak values of the transconductance, gm, are about 
the same for all three processing techniques. This is 
consistent with there being no significant differences 
in Dh as noted in the MOS capacitors studies. The 
increasing rate of gm fall-off as we go from the FET 
with the thermal oxide to the devices with the plasma 
oxides and nitrided and non-nitrided interfaces is 
interpreted in terms of surface roughness scattering. 
The microscopic basis for the observed differences 
in behavior in Fig. 2(b) is still an open issue, but it is 
believed that chemical and mechanical strain at the 
Si-Si02 interface can be contributing factors to the 
observed differences. 

Fig. 3(a) and (b) illustrate improved reliability 
that comes with interface nitridation. Fig. 3(a) com- 
pares values of Agm/gmmax as a function of stress 
time for same three devices as shown in Fig. 2(b). In 
this case, the best performance is for device with the 
plasma oxide and the nitrided interface. Fig. 3(b) 
presents reliability data for stress-induced changes in 
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the peak transconductance and the threshold voltage, 
A£m/gm,max and AVt/Vt, respectively as functions 
of the amount of nitrogen at the Si-Si02 interface.In 
both instances, reliability for FETs with O-terminated 
interfaces with plasma oxides is poorer than for 
FETs with thermal oxides; however, in both in- 
stances reliability for devices with plasma oxides and 
N-terminated interfaces is improved with respect to 
FETs with thermal oxides. To the best of our knowl- 
edge, there is not as yet any published data on 
similar stress testing of devices with nitrided inter- 
faces produced by high temperature processing as 
Refs. [2-7]. Most of the stress testing reported has 
been time and charge to breakdown for capacitors 
structures. 

5.  Defects  in  devices  with  ultra-thin  gate  di- 
electrics 

In devices with gate oxide dielectrics less than 
about 6 nm, the DiMaria [1] has shown that the 
dominant defect generation mechanisms are associ- 
ated with H-atom motion. Experiments performed by 
DiMaria, and others [1,11,17] have established that 
H-atom migration to Si-Si02 interfaces plays a sig- 
nificant role in creation of (i) positively charged 
defect centers, the so-called APC defects, as well as 
(ii) interfacial defects that contribute to Z)it. In addi- 
tion, studies referenced above have shown that APC 
defects can be neutralized by trapping of electrons, 

Creation of APC 

'A 
Si 

®     O [or   &®] 
HO NH 

Neutralization of APC 

e + 

:- * >\ 

and this trapping event and defect neutralization is 
accompanied by H-atom release and motion as well. 
To date, no microscopic model has been proposed 
for the APC defect center, or the way in which 
H-atoms participate in defect generation and neutral- 
ization. 

Based on quantum chemistry calculations pub- 
lished elsewhere [18], we propose a microscopic 
basis for APC generation and neutralization. This 
model also explains (i) the increased reliability of 
nitrided interfaces, and (ii) the marked differences 
between N and NH interfacial terminations. The 
essence of the model is shown in Fig. 4, and is 
presented through the two equations given below: 

Si-0-Si + H° + h-* (Si-OH-Si)+ ; (la) 

and 

(Si-OH-Si)   + e -» Si-O-Si + H° (lb) 

Fig. 4. Schematic representation of reactions for defect generation 
and neutralization as presented in Eqs. (la) and (lb). 

We suggest that the positively-charged, over-coordi- 
nated, hydrogenated oxonium group, (Si-OH-Si)+, 
is an APC center. Note, that this type of defect 
bonding arrangement has been previously proposed 
by one of the authors (GL) [19]. Due the chemical 
equivalence of O and NH, the same type of defect 
mechanism as given in Eqs. (la) and (lb) can take 
place when NH groups are substituted for O at the 
Si-SiOz interface as in the ONO and oxynitride 
devices prepared from NH3, but not subjected to 
RTAs. In this instance the APC center is a fourfold 
coordinated, positively-charged ammonium center 
(Si-NH2-Si)+. On the other hand, N-atoms can 
bond only to Si atoms at the Si-Si02 interface in a 
planar geometry, in which reactions analogous to 
those represented in Eqs. (la) and (lb) are not 
energetically favored to occur; e.g. to the structural 
relaxations necessary to distort the planar configura- 
tion N-Si3, to a distorted tetrahedral configuration, 
(H-N-Si3)

+ will present a significant energy barrier 
to a defect generation reaction. The experimental 
difference in behavior between N and NH has also 
been observed in other studies conducted by our 
research group in which nitride and oxynitride di- 
electrics were prepared using N2 and N20 sources 
gases to replace NH3. These devices displayed low 
values of Dlt in the absence of 900°C RTAs, consis- 
tent with significantly reduced levels of NH groups 
at the Si-SiOz interface [10]. 
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6. Summary 

The comparisons presented in this paper demon- 
strate that improvements in device performance and 
reliability are obtained for controlled incorporation 
of N at Si-Si02 interfaces, and in bulk oxynitride 
alloys by using N2 and N20 and N source gases to 
replace NH3. This is readily accomplished in 
plasma-assisted processes, but will be much more 
difficult to achieve at low-temperatures and with 
low-thermal budgets in thermal processes, including 
furnace and RTO oxidations, RTCVD and post-de- 
position anneals. We have demonstrated that plasma 
and rapid thermal processing can be combined in 
relatively simple processing equipment [13]. We are 
currently exploring combinations of low-tempera- 
ture, low-thermal budget plasma and rapid thermal 
processes to optimize N atom incorporation at Si- 
Si02 interfaces and in bulk dielectrics. 
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Abstract 

A new contactless method, the modulation CV-technique, is described which allows a very sensitive determination of 
surface and interface state densities as well as the complete dispersion behaviour of these states. With chemical 
H-termination surface state distributions may be achieved which are comparable to the best thermally oxidized surfaces. The 
comparison of these two surfaces shows: Though these surfaces have the same distribution of interface traps £>it, they have a 
remarkable difference in the relaxation behaviour. The characteristic relaxation times are one to two orders of magnitude 
lower for thermally oxidized surfaces than for H-terminated ones. This is a hint that the matrix elements which determine the 
interaction with the bands are different in the two different cases. The natural oxidation of H-terminated surfaces shows a 
quite different behaviour than thermal oxidation: Peaked defect groups which are related to O-back-bonded Si-dangling-bonds 
grow and disappear during the first stages of oxidation. This is a hint to ordering processes during oxidation in addition to 
defect creation during growth. These results supplement the general understanding of growth mechanisms. The appearing 
defects during all treatments may be put into three categories: (1) normally distributed defects (Gaussian distribution); (2) 
reconstruction defects; (3) Boltzmann-distributed defects. 

1. Introduction 

Etching, H-termination and natural oxidation are 
typical low temperature processes which have be- 
come of topical interest in high-technology [1-4]. 
Therefore methods of monitoring the electronic 
properties are needed and the physical understanding 
must be improved (for the Si-Si02-system, see [5]). 
Since the pretreatment of samples before oxidation, 
epitaxial growth (especially MBE) and layer deposi- 
tion (for example CVD) plays an important role for 
the electronic properties, contactless methods were 

* Corresponding author. Tel.: +49-30-67053388; fax: + 49-30- 
67053333: e-mail: flietner@hmi.de. 

developed which enable the characterization at any 
stage of preparation. The large signal surface photo- 
voltage method was the best way time to perform a 
good characterization, especially of etched surfaces, 
from 1979 [7] up to now [8-10]. But with the 
development of H-terminated surfaces [11-14] this 
method allows only a rough estimate of the best 
prepared surfaces with midgap densities of states 
about 1010 eV"1 cm"2 [8-10]. For further study of 
the kinetic behaviour (electronic relaxation and re- 
combination phenomena) this method allows only to 
determine the pulse response of the surface system, 
but with little sensitivity (no sensitive determination 
of the relaxation spectrum). In search for a better 
tool a very sensitive CV-method was introduced, 

0169-4332/96/S15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
PII S0169-4332(96)00168-7 
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which earlier had been used to determine interface 
state distributions near the band edges [15], where a 
high sensitivity is needed. First results and the gen- 
eral outline of the new setup were reported at the 4th 
ICFSI [16]. The relaxation spectrum given by the 
imaginary part of the surface impedance reveals new 
features of surface and interface states. The next 
section will describe the new improved setup of the 
modulation-CV (MCV)-technique which allows a 
sensitive and contactless determination of surface 
and interface state distributions as well as their relax- 
ation behaviour. 

2. The modulation-CV (MCV)-setup 

The general scheme of the setup is shown in Fig. 
1. The measuring chamber is designed to allow HV 
(high vacuum) and no dielectric between sample 
surface and counter electrode. The sample is sucked 
to a metallic base the temperature of which may be 
varied from 90 to 300 K. Sometimes it is important 
to avoid the dielectric between electrode and sample 

surface because the polarization of the dielectric may 
cause mismeasurements. A high breakdown stability 
allows induced charges of 1013 e/cm2. One main 
point of the construction of the measuring capacitor 
is the very accurate positioning of the electrode up to 
a distance of 2-3 /urn from the surface. In earlier 
field effect measurements for the determination of 
surface properties [17] one could only use the total 
induced charge because the surface capacitance was 
to large compared to the total capacitance of the 
electrode/surface. So no discrimination between to- 
tal charge and the charge in the surface states was 
possible. To get the charge in surface states one had 
to know the surface conductance which includes 
many uncertainties. This equipment now allows to 
discriminate these two capacitances and thus one 
may get information about surface mobilities even at 
ordinary surfaces by combining this method with 
field effect measurements. This is an interesting and 
still open opportunity. But these remarks serve only 
to demonstrate the experimental progress. This paper 
is concerned with the surface and interface states and 
their relaxation spectra. 

Vacuum 10° mbar 

Platinum electrode 

Metal I 1 |—< ■ 

Wave form 
generator 
1Hz...100kHz 

Tuning circuit of 

the RF-oscillator 

Frequency counter 
for measuring the 
HF-capacitance 

HF-CV curve 

-> 

Fig. 1. Scheme of the modulation-CV (MCV)-method. 
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The electronic part of the setup contains: 
(1) A dc-bias source which allows to vary the 

induced charge and either to choose a certain posi- 
tion of the Fermi-level (FL) at the surface or to act 
as a ramp for CV-measurements. 

(2) A wave form generator which allows sinu- 
soidal as well as rectangular low-frequency (LF) 
modulation of the electrode voltage in the range of 1 
Hz to 100 kHz. Within this range all interesting 
relaxation phenomena may be observed using the 
frequency dispersion of the surface or interface 
impedance, if one includes a wide variation of the 
specimen temperature. 

(3) The signal detection part of the setup takes 
advantage of both the possibilities of the commer- 
cially well developed frequency-modulation-tech- 
nique and the lock-in principle. While the total ca- 
pacitance of the electrode/sample is of the order 30 
pF, the changes of the surface and interface capaci- 
tance may be well detected with a sensitivity of 10~4 

pF. Surface state distributions down to 1010 eV_I 

cm-2 may clearly be determined. Moreover, the 
frequency dispersion of the impedance may be deter- 
mined to get full information throughout the total 
frequency range of 1 Hz to 100 kHz. In this case the 
lock-in serves for separating the two 90°-components 
of the surface impedance, the capacitance and the 
conductance. 

3. Experimental results and discussion 

3.1.   Comparison   of thermally   oxidized  and  H- 
terminated surfaces 

Our first results concerning the dispersion be- 
haviour of surfaces and interfaces [15] showed that 
the imaginary part of the surface and interface 
impedance is much more sensitive to technological 
treatments than the real part or the surface and 
interface state distribution is. The dispersion curves 
hint to different kinds of electronic processes at 
etched and oxidized surfaces. This was mainly seen 
by the appearance of relaxation spectra at a wide 
separation of relaxation times. To examine this state- 
ment most clearly we prepared to different samples 
with the same distribution of interface states Dk, one 
thermally oxidized, the other H-terminated. We suc- 

H - terminated 
(111) Si -surface 

—o— from contactless HF-CV-measurement 
5K   from frequency dispersion spectrum 

at different bias voltages 
(70 ncm, n-type Si) 

Dj/eV-'cm-2,^" 

(10ncm, n-type, (100) Si) 

Fig. 2. Interface state distributions for thermally oxidized and 
H-terminated Si-surfaces. 

ceeded for the first time to prepare as good H- 
terminated surfaces as the best thermally oxidized 
ones, seen from the viewpoint of the £>it-distribution. 
Fig. 2 demonstrates it for two different samples. 
Though these samples are of different orientation 
and different doping level and different surface cov- 
erage, the common understanding is that this is not 
of influence on the character of the isolated defects 
at the interface respectively surface. The character of 
the isolated defects is only determined by their im- 
mediate neighbours [6]. So it may be stated that both 
samples have the same defects. Fig. 3 shows the 
dispersion behaviour of these samples at midgap. 
This means the Fermi-level (FL) is set by the bias to 
Ei (intrinsic level) or E0 (the neutral point of the 
U-shaped distribution [6]) and the small signal modu- 
lation is varied from 1 Hz to 100 kHz. This gives the 
variation of the low-frequency (LF)-capacitance to 
the high-frequency (HF)-capacitance of the interface 
or surface. Because of the fact that the capacitances 
of the interface or surface states Cit and of the space 
charge layer Csc are in parallel — Ctot = Cit + Csc 

— the difference of LF- and HF-capacitance gives 
directly Cit or Dit. This is the most reliable and 
sensitive method of determination of Dit. In both 
cases of Fig. 3a and b £>it(midgap) for both samples 
is determined after determination of the scaling fac- 
tor from the capacitance at surface accumulation. 
£>it(midgap, ox) = 1.5-2 X 1010 eV~' cm"2, 
£>it(midgap, H-term) = 1.2-1.5 X 1010 eV_1 cm"2. 
The conductance behaviour of the two samples ex- 
hibits two differences: 
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Fig. 3. Frequency dispersion of the interface impedance (capaci- 
tance and conductance) for the thermally oxidized (a) and H- 
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1. the dispersion regions differ by about orders of 
magnitude on the frequency scale (and respec- 
tively on the relaxation scale); 

2. while the dispersion spectrum of the oxidized 
sample corresponds very good to a single relax- 
ation time (proportional to «T/(1 + W

2
T

2
)), the 

H-terminated sample exhibits a remarkable 
broader relaxation spectrum. 
Though interface or surface states have the same 

energetic distribution Dit they may differ markedly 
in electronic interaction with the bands. If we re- 
member, that the energetic position of the defects is 
determined by their immediate atomic neighbour- 
hood, this statement means that the defects may have 
different interaction potentials which determine their 
interaction with the bands and the relaxation and 
recombination behaviour. 

These interaction potentials include also the long 
range potentials which are relevant for the boundary 

conditions with the crystal wave functions. Obvi- 
ously the Si/Si02-barrier is different from the H- 
terminated surface and the electronic wave functions 
(Bloch waves) have different boundary conditions. 

Though there are certain differences in band bend- 
ing and space charge layer thickness between the 
two samples (ox: 10 ft cm, H-term: 70 Ü cm, both 
n-type) these properties cannot account for those 
differences. These two samples are chosen from a 
larger group of experiments to demonstrate most 
strikingly the effect that the same distribution of 
interface states may show a different interaction 
behaviour with the bands. 

Besides the low density of interface/surface 
states, both samples show a low concentration of 
positive interface- respectively surface-fixed charge. 
In the case of the oxidized sample this charge is 
attributed to the fixed oxide charge originating in 
defects of the Si04-tetrahedral bond. The occupied 
level of this defect lies above the conduction band 
and loses its electron by tunnelling when being close 
enough to the interface. The positive surface charge 
of a good H-terminated surface as it is given here 
with about 1010 unsaturated bonds per cm2 cannot 
be attributed to these defects. Its origin must be the 
polarity of the SiH-bond. According to Pauling [18] 
the electronegativity difference between Si and H is 
0.3 which corresponds to an ion-character of the 
bond of about 2%. If the H-terminated surface atom 
is thought to be H-Si=Si3 the negative charge at the 
H-atom 'induces' a negative charge at the back 
bonds. A rough estimate with the image charge 
picture would give a charge between 0.1 and 0.5 
elementary charges per bond. This corresponds to 
some 1011 e/cm2 in the space charge layer which 
again corresponds to an equal positive fixed charge. 
By experiment a value of 1-2 X 1011 e/cm2 is 
obtained, independent of doping for all good H- 
terminated surfaces. This tendency of the band bend- 
ing corresponds to an increase in work function 
which was observed in [19]. 

Another interesting and surprising result of Fig. 2 
is the complete congruence of the group of tail states 
UT for both samples. In earlier papers [6,14] it was 
supposed that this group of strained bonds was origi- 
nated by the stress exerted by the cover layer onto 
the interface. Now it is seen that this group is due to 
bonding relaxation effects. The exponential Boltz- 
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mann-distribution says that there is a complete statis- 
tical distribution of bonds in the range from the ideal 
to the broken bond with no preferential configuration 
(superstructure) seen in this group. 

3.2. Naturally oxidized surfaces 

Natural oxidation starting with H-terminated sur- 
faces has become a promising step for getting good 
gate insulators for highly-integrated MOS-FETs [1- 
5,20,21]. The success of this oxidation step relies on 
the reproducibility of the starting point. It turned out 
that the electronic control described above allows to 
state that the low surface state density and in any 
case the U-shaped surface state distribution is the 
most accurate and reliable description of this starting 
point. Fig. 4 describes the natural oxidation in deion- 
ized water. The oxidation process may be described 
in terms of the well proved defect model [6]: The 
U-shaped group in the middle of the gap UM consists 
of Si-dangling-bonds with pure Si-back-bonds. The 
Gauss-distributed peaked groups are Si-dangling- 
bonds with one O-back-bond (PL in the lower part of 
the gap) or with two O-back-bonds (PH in the upper 
part of the gap). During the first stage of oxidation 
the PL-group grows. It disappears later and PH arises. 
Also this group disappears and again a pure U-shaped 
distribution is seen with almost the same density of 
states. For room temperature (30°C) this process is 
rather slow and the final U-shaped distribution of the 

Oxide Growth in Water 

E 

> 

H-termination 
■ 30 min (30°C) 

-0.2 
(E-E,)/eV 

Fig. 4. Natural oxidation of a H-terminated Si(lll)-surface in 
deionized water. 

oxidized surface is reached after more than two 
hours. The same result may be achieved with a 
temperature of 90°C at 10 min. This is a completely 
different oxidation process than observed during 
thermal oxidation. While thermal oxidation is clearly 
determined by diffusion processes and reactions with 
defect creation at the interface [22-25] this process 
is governed, in addition to the creation and disap- 
pearance of defects by ordering processes at lower 
temperatures. The transition between these two pro- 
cesses appears at about 400°C which may be esti- 
mated from the annealing behaviour. The change of 
the fixed charge is as follows: 1-2 X 10" e/cm2 for 
the H-terminated surface, slightly decreasing to 2-6 
X 1010 e/cm2 for the intermediate stages of oxida- 
tion, increasing slightly to 1-1.5 X 1011 e/cm2 for 
the final curve. 

Thus these defects, the dangling bonds of differ- 
ent stages of oxidation, may clearly be related to the 
formation of layers in that stage of oxidation [26-28]. 
The beginning of oxidation is with a layer where the 
surface atoms are bonded to one O. The formation of 
this layer is accompanied by the PL-defect. During 
the next stage of oxidation the surface atoms are 
attacked by the next O and become bonded to two O. 
The formation of this layer is accompanied by the 
PH-defect. As may be seen from the disappearance of 
this defect, further oxidation completes the oxidation 
state of the cover layer. This may be regarded in 
some sense as a kind of layer by layer growth. The 
studies of oxidation kinetics are in general agreement 
with these results [29], but they are mostly performed 
with optical and spectroscopical methods and the 
defect situation was followed only on completed 
MOS-structures. So these results fill just that gap of 
knowledge left by normal MOS-measurements by 
the described sensitive contactless MCV-method. 

3.3. The general character of the defects 

Though the physico-chemical nature of each group 
is known [6], it is interesting that there are more 
general physical aspects for describing these groups 
and to understand more deeply their character and 
the differences between the different kinds of distri- 
butions. These general characteristics are: 
1. normally distributed defects (Gaussian distribu- 

tion); 
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2. defects related to reconstruction centres; 
3. Boltzmann-distributed defects. 

The normal distribution of the first category (i.e. 
PL, PH) comes about in the following way: The total 
energy of any defect may be given by Etot = Emin + 
ex2 for a local deviation x from the position of 
Emin, while c being an elastic constant reflecting the 
bonding situation of the defect. The position of the 
corresponding electronic level may be given by E = 
Eh + hx, Eh being the value at £min and h is deter- 
mined by the bonding or hybrid structure of the 
defect. The main point is that £ is a linear function 
of x. Thus the density of states is given by Dk = 
D0 exp(-£tot/fcD = D0 exp(-(£ - Eh)

2/2a2) 
with Emin = 0 arbitrarily. The width of the Gauss- 
distribution a is determined by the elastic properties 
and the hybrid structure of the defect, a2 = kTh2/2 c. 

Reconstruction centres are characterized by the 
fact that the total energy of the defect is strongly 
influenced by the reconstruction or the dehybridiza- 
tion of the defect which depends on the electron 
occupancy [30]. It may even occur that the occupa- 
tion by a second electron does not change its level 
indicating that the total amount of electron- 
electron-interaction energy is absorbed by the lattice 
(seen near midgap). UM is an example of this kind of 
defects, the distribution of which can be calculated to 
a first approximation by the assumption Etot = const, 
for all defects of this group and a certain (disorder) 
assumption in £-space [6]. 

Boltzmann-distributed states are characterized by 
an exponential distribution Dk = D0 exp( — Etot/kT). 
As long as this exponential distribution holds also 
for the electronic levels as seen by the behaviour of 
the tail states UT (the exponential part of the U- 
shaped distribution at the band edges), it may be 
concluded that EK 

edges and £'tot = 
2ESi^Si/E  as a first estimate. 

aE. With £tot = 0 at the band 
Si_Si   at   about   midgap   a = 

4. Conclusion 

The surprising new results concerning 
• the electronic kinetics of the interaction between 

bands and surface states, as described by their 
relaxation spectra; 

• the congruence of the strained bond group UT for 

high temperature oxidation and room temperature 
H-termination; 

•   the defect arising and decreasing during natural 
oxidation, 

open new insights into the mechanisms which gov- 
ern the formation of semiconductor interfaces during 
technological processes and show that new ideas are 
needed. For relaxation and recombination processes 
a more elaborated theory, which includes also barrier 
properties in addition to the defect properties, is 
needed. 
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Abstract 

Synchrotron radiation ultraviolet photoemission spectroscopy (UPS) of 0(2s) core levels, valence band (VB) and Sn(4d) 
spectroscopy was used to monitor the effect of Ar+ sputtering on Sn02 films. The decrease of the 0(2s) peak intensity and 
the increase of the Sn2+ component in the Sn(4d) peak could be satisfactorily correlated with the enhancement of the band 
gap feature, occurring at 2.9 eV in the VB spectrum.never been due to the formation of Sn(5s-5p) states. 

1. Introduction 

The reducing effect of Ar+ sputtering on both 
Sn02 films and single crystals, has often been inves- 
tigated [1-6]. The occurrence of a significant oxygen 
loss leading to a Sn2+ phase has been evidenced by 
the modification of the Sn core level line shape [5,6] 
or by the increase of the band gap emission [1-6], 
associated to the Sn(5s-5p) states in SnO [6,7]. 

A more straightforward way for monitoring the 
oxygen removal, namely 0(2s) spectroscopy, has 
rarely been exploited, since the 0(2s) peak, occur- 

Corresponding author. 

ring at binding energy (BE) of about 22 eV, is 
almost hidden by the nearby more intense Sn(4d) 
peak (BE about 27 eV). This problem is overcome 
when working with synchrotron radiation (SR), since 
the photon energy can be tuned to the Cooper mini- 
mum for the tin core level, where the weak 0(2s) 
becomes visible. 

In this work, 0(2s) photoemission spectroscopy 
was combined with valence band (VB) and Sn(4d) 
spectroscopy in order to investigate the effects of 
Ar+ sputtering on Sn02 films. The oxygen decrease, 
evidenced by monitoring the 0(2s) peak and by 
deconvoluting the Sn(4d) peak in Sn2+ and Sn4 + 

components, could be satisfactorily correlated with 
the enhancement of the band gap feature occurring at 
2.9 eV in the VB spectrum. 
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2. Experimental 

UPS measurements were performed in a UHV 
chamber (base pressure 1 X 10"10 mbar) attached to 
the VUV beam line of Elettra (Trieste). Spectra were 
recorded with a VSW electron analyser (mean aver- 
age radius 150 mm with an acceptance cone of 
approximately 16°). The SGM (mod. Dragon) mono- 
chromator of the beam line allowed an average 
resolving power greater than 10,000 over the whole 
energy range. A Sn02 film deposited by spray pyrol- 
ysis on a glass substrate was sputtered for increasing 
periods of time with Ar+ ions (500 eV, 30 /iA, 
2 X 10~5 mbar of Ar). After each Ar+ sputtering 
cycle VB, Sn(4d) and 0(2s) core level spectra were 
recorded using, respectively, photon energies of 44, 
88 and 129.5 eV and pass energies of 5, 10 and 15 
eV. The total resolution is of 60, 120 and 180 meV 
respectively. 

3. Results and discussion 

Fig. 1 shows the Sn(4d) core levels measured at 
photon energy of 88 eV after 60, 360 and 3600 s of 
Ar+ sputtering. The Sn(4d) spectra measured on the 
'as received' Sn02 films were not reported because 
the surface was covered by air-induced contami- 
nants. It is well-known [5,8] that in Sn02 the Sn(4d) 
components lie at BE of 27.3 (3/2) and 26.2 (5/2) 
eV, with the center of gravity at 26.7 eV. On the 
other hand, several authors measured a chemical 
shift of about 0.7 eV between the peaks associated 
with Sn2+ and Sn4+ species, either for Sn(3d) [6,9] 
or for Sn(4d) [8] core levels. In a previous work [8], 
the present authors have demonstrated that when 
both Sn2+ and Sn4+ oxides are present (shifted by 
0.7 eV with respect to each other), the position of the 
centre of gravity of the whole peak Sm(4d) scales 
with the variation in the relative concentrations of 
the two phases. The energy position of the center of 
gravity (about 26 eV), and the modification of the 
line shape of the peaks of Fig. 1 thus indicate the 
reduction of the Sn02 to a SnO phase, which con- 
centration increased with sputtering time [5,6]. 
Therefore, following the indication given by the shift 
of the center of gravity, the spectra of Fig. 1 were 
fitted in terms of Sn2+ and Sn4+ components. The 

Sputtering time 

3600 s 

360 s 

60s 

Binding Energy (eV) 
Fig. 1. Sn(4d) core levels measured at photon energy of 88 eV at 
increasing sputtering time (indicated on the right side). The solid 
lines represent the best fit curves, whereas Sn2+ and Sn4+ 

Gaussians are indicated respectively with dotted and dashed lines. 

fit procedure was tested, in the first spectrum, using 
Voigt functions with a background subtraction in- 
cluded in the fit parameters. It was then decided to 
fit the data with Gaussian functions since the Loren- 
zian contribution to the line shape was negligible, 
and the choice of the background subtraction func- 
tion was not influential on the quality of the fits. 
This choice is justified by the disordered nature of 
the poly crystalline surface examined. The 4d3/2 and 
4d5/2 peaks of Sn2+ and Sn4+ were considered as 
two doublets of Gaussians, having a spin orbit split- 
ting of 1.10 + 0.05 eV, and an intensity ratio of 
1.50 + 0.05 between the 3/2 and 5/2 components 
which is the statistically expected value. The best-fit 
curves, indicated by the solid lines, are shown in Fig. 
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Fig. 2. 0(2s) and Sn(4d) core level peaks measured at photon 
energy of 129.5 eV at increasing Ar+ sputtering times (indicated 
on the right side). 

1 together with the Sn2+ and Sn4+ components. The 
residuals of the fits, not reported in Fig. 1, were 
structureless. The corresponding fit parameters are 
reported in Table 1. 

The Ar+ bombardment induced oxide reduction, 

-A-Sn(4d)/0(2s) 
-•-Sn2+/Sn< 

1000 2000 3000 

sputtering time (s) 

4000 

Fig. 3. Sn2+/Sn4+ (see Fig. 1) and Sn(4d)/0(2p) (see Fig. 2) 
peak area ratios versus the Ar+ sputtering time. 

manifested by the enhancement of the Sn2+ compo- 
nent in the Sn(4d) peaks, can be evidenced also by 
monitoring the 0(2s) peak, occurring at BE of 22 
eV. This peak, which is undetectable in Fig. 1, 
becomes visible when working at the Cooper mini- 
mum for Sn(4d) levels. In fact Fig. 2 shows the 
0(2s) peak, measured at photon energy of 129.5 eV. 
The fit parameters reported in Table 1 were used to 
subtract the Sn(4d) contribution from the spectra in 
order to isolate the 0(2s) peak. The ratio between the 
Sn(4d) and the 0(2s) areas is plotted versus the 
sputtering time in Fig. 3. The same figure also shows 
the ratio between the areas of the Sn2+ and Sn4+ 

components obtained from the curve-fitting of the 
Sn(4d) peaks. 

The Sn02 VB exhibits three main peaks centered 
at BE of 5, 7.8 and 11 eV [5,10], attributed respec- 
tively to 0(2p) lone pair non-bonding states and to 
states originated from the Sn(5s)-0(2p) and Sn(5p)- 
0(2p) interacting orbitals [5,11,12]. It has been shown 
that these spectral features are fingerprints of stannic 
oxide. In fact the VB of SnO appears quite different, 

Table 1 
Parameters of the best fit curves for the Sn(4d) core level spectra of Fig. 1 

Sputtering time (s)      Sn Sn4 + 

BE (eV) HWHM (eV) area (a.u.) BE (eV) HWHM (eV) area (a.u.) 

4d 5/2 4d 3/2 4d 5/2 4d 3/2 4d 5/2 4d 3/2 4d 5/2 4d 3/2 4d 5/2 4d 3/2 4d 5/2 4d 3/2 

60 25.62 26.74 0.49 0.49 0.66 0.44 26.21 27.32 0.46 0.46 0.54 0.35 
360 25.61 26.67 0.49 0.48 0.87 0.58 26.21 27.32 0.48 0.45 0.38 0.25 

3600 25.62 26.69 0.48 0.46 0.95 0.63 26.21 27.32 0.48 0.48 0.29 0.19 



352 P. De Padova et al. /Applied Surface Science 104/105 (1996) 349-353 

showing three structures at BE of 3, 6.5 and 9.7 eV 
[10]. In this case the peak appearing at around 3 eV 
has been attributed to Sn(5p) states hybridized with 
Sn(5s) states [6,7]. 

The VBs measured on the Sn02 films at increas- 
ing sputtering time are shown in Fig. 4. It is evident 
that, although the Sn(4d) core levels reported in Fig. 
1 show a large Sn2+ component, the VB keeps 
essentially the Sn4+ features. Evidently, at the Sn2+ 

concentration reached after the ion bombardment, the 
contribution of the SnO structures is not effective to 
shape the measured VB, but only to provoke slight 
modifications of the profile of the Sn02 VB. How- 
ever the formation of the Sn2+ phase is manifested 
by the presence of the band gap emission which 

12- 
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\ \ 
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\ 
• ■  

6- 
~ -• 

'             i 

sputtering time (s) 

Fig. 5. Ratio between the 0(2p) and Sn(5s-5p) peak areas (see 
Fig. 4) as a function of the Ar+ sputtering time. 
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Fig. 4. VB photoemission spectra measured at 44 eV at increasing 
sputtering times. The 0(2p) at 5 eV fitted with a Gaussian (dashed 
line) has been subtracted from the VB in order to isolate the band 
gap emission peak at 2.9 eV. 

increases with sputtering time. After having sub- 
tracted the 0(2p) peak as a Gaussian from the VBs, 
the Sn(5s-5p) band gap peak is centred at 2.9 eV. 
The ratio between the 0(2p) and the Sn(5s-5p) peak 
areas is plotted in Fig. 5 as a function of sputtering 
time. 

A direct comparison between the areas of the 
Sn(5s-5p) peaks and the Sn2+ components of the 
Sn(4d) core level is not possible with our data, since 
the intensities of the VB spectra (as well as of the 
core level components) are not calibrated with re- 
spect to each other. However the two quantities can 
be related by writing 

10(2p) 
a 

*0(2s) 1Sn(4d) 

'Sn^s-Sp) ^Sn(4d)  ^Sn(5s-5p) 

where Ax indicates the area of the photoemission 
peak relative to the y level of the X element. In this 
way the ratio between the Sn(4d) and Sn(5s-5p) 
peak areas results proportional to the product of 
measured values 

1Sn(4d) 

M A A 
"SnCSs-Sp) ^SnCSs-Sp)    ^O^s) 

On the other hand, if we assume that the intensity of 
the band gap emission is proportional to the concen- 
tration of the Sn2+ sites, the left term of relation (1) 
can be written as 

1Sn(4d) 
a 

1Sn(5s-5p) 

[Sn2+] + [Sn4+] 1 
1 + -. 

R 
(2) 
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18 20 22 

Sn(4d)/Sn(5s-5p) 

24 

Fig. 6. 1 + \/R (see text) plotted versus Sn(4d)/Sn(5p-5s) peak 
area ratio. 

The right terms of relations (1) and (2) are plotted 
one versus the other in Fig. 6. The linearity of the 
resulting curve confirms that the Sn(5s-5p) peak 
follows the formation of the Sn2+ phase. Therefore 
this peak is the most sensitive among the VB struc- 
tures to the occurrence of Sn02 reduction and its 
intensity directly monitors the abundance of the Sn2 + 

phase. 
It is worth noting that the VB measured at photon 

energy of 129.5 eV after 60 s of ion bombardment 
and reported in Fig. 7 presents the feature at 11 eV 
more pronounced than in the corresponding VB taken 
at photon energy of 44 eV. This structure tends to 

Sputtering time 

hv =129.5 
3 
ra 

c 

g 
CO 
(0 

E 
e» 
B 
a 

Binding energy (eV) 

Fig. 7. VB photoemission spectra measured at 129.5 eV at increas- 
ing sputtering times. 

decline with sputtering time, whereas the residual 
portion of the band originally located at 11 eV 
moves toward lower BE. We suggest that this be- 
haviour is correlated with the simultaneous enhance- 
ment of the Sn(5s-5p) states. 

4. Conclusions 

0(2s) photoemission spectroscopy, performed at 
the Cooper minimum for tin, combined with VB and 
Sn(4d) spectroscopy, was used to monitor the effect 
of Ar+ sputtering of Sn02 films. The oxygen de- 
crease, evidenced by monitoring the 0(2s) peak and 
deconvoluting the Sn(4d) peak in Sn2+ and Sn4 + 

components, could be satisfactorily correlated with 
the increase of the VB feature occurring at 2.9 eV, 
due to the formation of Sn(5s-5p) states. 

Acknowledgements 

The authors wish to thank M. Capozi, S. Priori, S. 
Rinaldi and L. Romanzin for their precious technical 
assistance. The work was done at the facility Elettra 
of Trieste and the assistance of the Sincrotrone Tri- 
este personnel was greatly appreciated. 

References 

[1] R.G. Egdell, S. Eriksen and W.R. Flawell, Solid State Com- 
mun. 60 (1986) 835. 

[2] R.G. Egdell, S. Eriksen and W.R. Flawell, Surf. Sei. 192 
(1987) 266. 

[3] D.F. Cox, T.B. Fryberger and S. Semancik, Surf. Sei. 224 
(1989)221. 

[4] C.S. Fang, F.M. Pan, W.S. Tse and S.R. Orng, Surf. Sei. 211 
(1989)279. 

[5] J.M. Themlin, R. Sporken, J. Darville, N. Caudano and J.M. 
Gilles, Phys. Rev. B 42 (1990) 11914. 

[6] J.M. Themlin, M. Ctaib, L. Henrard, Ph. Lambin, J. Darville 
and J.M. Gilles, Phys. Rev. B 46 (1992) 2460. 

[7] J. Terra and D. Gwenzburger, Phys. Rev. B 44 (1991) 8584. 
[8] P. De Padova, M. Fanfoni, R. Larciprete, M. Mangiantini, S. 

Priori and P. Perfetti, Surf. Sei. 313 (1994) 379. 
[9] G.M. Ingo, L. Giorgi, N. Zacchetti and N. Azzerl, Corros. 

Sei. 20(1991)361. 
[10] C.L. Lau and G.K. Wertheim, J. Vac. Sei. Technol.  15 

(1979) 622. 
[11] J. Robertson, J. Phys. C 12 (1979) 4767. 
[12] S. Munnix and M. Schmeits, Phys. Rev. B 27 (1983) 7624. 



applied 
surface science 

Applied Surface Science 104/105 (1996) 354-358 

Influences of hydrogen on initial oxidation processes of 
H-terminated Si(lOO) surfaces 

H. Ikeda *, K. Hotta, S. Furuta, S. Zaima, Y. Yasuda 
Department of Crystalline Materials Science, School of Engineering, Nagoya University, Furo-cho, Chikusa-ku, Nagoya 464-01, Japan 

Received 28 June 1995; accepted 26 September 1995 

Abstract 

The initial oxidation of H-terminated Si(100) surfaces by atomic oxygen at room temperature has been investigated by 
using high-resolution electron energy loss spectroscopy (HREELS). It has been found on H-terminated Si(100) surfaces with 
a 1 X 1 (dihydride) structure that there are two oxidation steps in the range of oxygen coverage, 0, less than unity. The 
adsorption of oxygen atoms on the Si-Si back bond with a constant vibrational energy of about 128 meV for the Si-O-Si 
asymmetric stretching mode occurs in the first step of 6 < 0.4, and an increase in the Si-O-Si vibrational energy can be 
observed in the second step 6 > 0.4. Moreover, in the case of oxidation of clean surfaces, the Si-O-Si vibrational energy is 
monotonously increased with increasing oxygen coverage and is identical with that on H-terminated surfaces at 6 > 0.4. It is 
considered that the structural relaxation of Si-O-Si bonds is promoted by a charge transfer from back bonds to surface 
Si-H bonds. 

1. Introduction 

With a decrease in the thickness of gate oxide 
films in ultra-large scale integrated circuit (ULSI) 
devices, the influence of atomic bonding structures at 
Si02/Si interfaces on the device characteristics such 
as leakage current and breakdown voltage, becomes 
larger. How the growth of thin oxide films is pre- 
cisely controlled has become significantly important. 
Hence, it is necessary to clarify reaction processes in 
the formation of oxide films on an atomic scale. 
Surface-passivation techniques using hydrogen have 
been widely noticed from the viewpoint of control- 

* Corresponding author. Tel.: +81-52-7893819; fax: + 81-52- 
7893818; e-mail: ikeda@alice.xtal.nagoya-u.ac.jp. 

ling the growth of thin oxide films, since HF treat- 
ments are effective for the realization of an atomi- 
cally flat Si surface [1] and H-terminated Si surfaces 
are stable against the native oxidation [2]. The oxida- 
tion of H-terminated Si(100) surfaces in the air at 
room temperature was reported to be layer-by-layer 
oxidation, being studied by X-ray photoelectron 
spectroscopy [3]. Moreover, in the oxidation above 
300°C, the layer-by-layer oxidation reaction at the 
interface does not occur at oxide film thicknesses 
above 5 A [4]. However, influences of hydrogen on 
the initial oxidation process of H-terminated Si sur- 
faces have not been made clear yet. 

We have investigated surface reactions of H- 
terminated Si(100) surfaces with oxygen by high-res- 
olution electron energy loss spectroscopy (HREELS) 
to clarify the initial oxidation process of H-terminated 
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Si surfaces. We reported that the adsorption of 
molecular oxygen is limited by the desorption of 
hydrogen atoms and that the dangling bonds on Si 
surfaces are essential to the dissociative adsorption 
of molecular oxygen [5]. In the present work, influ- 
ences of hydrogen atoms on the initial oxidation has 
been investigated on H- and D-terminated Si(100) 
surfaces by HREELS. 

2. Experiments 

Experiments in the present study were carried out 
in an ultra-high vacuum (UHV) chamber with a base 
pressure of 3 X 10"10 Torr, equipped with appara- 
tuses of HREELS, low-energy electron diffraction 
(LEED) and Auger electron spectroscopy (AES). 
Reaction gases were introduced into the chamber 
through a variable leak valve. 

P-type Si(100) substrates cut to 10 mm X 10 mm 
were chemically cleaned and then introduced into the 
UHV chamber. Clean surfaces were obtained by 
thermal cleaning at 1000°C in vacuum. The AES 
peak intensity ratio of C-KLL to Si-LVV for clean 
surfaces was less than 1%. Atomic hydrogen, deu- 
terium and oxygen were produced by thermal crack- 
ing of the molecules using a tungsten filament heated 
at 1500°C. H- and D-saturated surfaces were formed 
by exposing to atomic hydrogen or deuterium at 
room temperature after the substrates were thermally 
cleaned. H- and D-terminated Si(100) surfaces are 
very stable for exposure to molecular oxygen [5,6]. 
Therefore, atomic oxygen was used for oxidizing H- 
and D-terminated surfaces at room temperature. The 
amount of atomic oxygen exposure was indicated by 
using the partial pressure of molecular oxygen, since 
the exact fraction of oxygen atoms dissociated by 
this method was not known. HREELS measurements 
were performed at room temperature under a specu- 
lar reflection condition, in which the incident energy 
and angle of electron beams were 7.8 eV and 55° 
with respect to the surface normal. 

3. Results and discussions 

HREELS spectra of H-terminated Si(100) sur- 
faces with and without exposing to atomic oxygen at 

•2- 

x150 

X200 

8 meV 

100 200 
Energy Loss (meV) 

300 

Fig. 1. Changes in HREELS spectra of H-terminated Si(100) 
surfaces without and with atomic oxygen exposure of 500 and 
1000 L at room temperature. The exposure amount of atomic 
oxygen is indicated by that of molecular oxygen. 

room temperature are shown in Fig. 1. In the spec- 
trum of the H-terminated Si(100) surface without 
atomic oxygen exposure, there exist loss peaks of a 
rocking (vH1), wagging (vm), scissors (vH3) and 
stretching mode (vm) of Si-2H species at loss 
energies of 61, 78, 112 and 259 meV [7], respec- 
tively. The LEED pattern of this surface showed a 
1 X 1 structure. These results indicate that the H- 
terminated Si(100) surface has a dihydride structure. 
After exposing to atomic oxygen, the loss peaks for a 
stretching mode (vou) of Si-OH [8] and for an 
asymmetric stretching mode (v0) of Si-O-Si species 
[9] are found at 100 and about 128 meV, respec- 
tively. The intensities of these peaks are increased 
with increasing exposure to atomic oxygen. The 
appearance of the asymmetric stretching mode of 
Si-O-Si means that oxygen atoms adsorb on the 
back bonds of surface Si atoms because only the 
component of vibrational modes normal to a surface 
can be detected in HREELS measurements [10]. In 
contrast, a symmetric stretching mode with a vibra- 
tional energy of about 50 meV and/or a symmetric 
bending mode with about 90 meV of Si-O-Si species 
are scarcely observed, which indicates no existence 
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Fig. 2. Changes in HREELS spectra of D-terminated Si(100) 
surfaces without and with atomic oxygen exposure of 500 and 
3000 L at room temperature. The exposure amount of atomic 
oxygen is indicated by that of molecular oxygen. 

of the adsorption of oxygen into the top-bridge sites. 
Consequently, the initial adsorption sites of oxygen 
atoms are Si-Si back bonds and Si-H bonds for the 
oxidation on H-terminated Si(100) [5]. In the oxida- 
tion of H-terminated Si(100) surfaces in air, the 
Si-H bonds are reported to be much more stable 
against oxidation than the Si-Si back bonds [11]. 
These differences in the initial adsorption site are 
considered to arise from the chemical activity of 
atomic oxygen. 

Fig. 2 shows HREELS spectra of D-terminated 
Si(100) surfaces with and without exposing to atomic 
oxygen at room temperature. The spectrum of the 
as-terminated Si(100) surface has loss peaks due to a 
scissors (v^s) and stretching mode (vm) of Si-2D 
species at 81 and 188 meV, respectively. The loss 
peaks at 51 and 65 meV correspond to a wagging 
mode (vm, vm) of Si-2D. The split in this mode is 
reported to be due to bulk phonon coupling [12]. A 
dideuteride structure is also formed on the D- 
terminated surface, since a 1 X 1 structure was con- 
firmed from LEED observation. As well as the oxi- 
dation of H-terminated Si surfaces, the loss peaks for 
an asymmetric stretching mode (v0) of Si-O-Si 

species at about 128 meV are observed with increas- 
ing oxygen exposure, which leads to the same con- 
clusion that oxygen atoms adsorb on Si-Si back 
bonds. Although a vibrational energy of a Si-OD 
stretching mode is reported to be 80 meV [8], the 
separation of the Si-OD peak from a peak of a 
Si-2D scissors mode could not be done. However, 
the adsorption of oxygen on Si-D bonds is consid- 
ered to also occur, since a peak of an O-D stretching 
mode was found at about 360 meV. 

In the result, there are no significant differences 
between the adsorption of oxygen atoms on H- and 
D-terminated surfaces except the vibrational energy 
of the species containing hydrogen and deuterium 
atoms. It should be noted that the loss peak of the 
Si-O-Si asymmetric stretching mode is apart from 
other loss peaks in the case of D-terminated Si(100) 
surfaces, while it overlaps with the peak of the 
Si-2H scissors mode in the case of H-terminated 
ones. Therefore, the use of D-terminated Si surfaces 
is very effective for oxidation studies by HREELS. 
In the following results, the oxidation process of 
D-terminated surfaces has been mainly examined 
and the expression of H-terminated Si(100) surfaces 
is used without any distinction between H- and 
D-terminated Si(100) surfaces. 

Fig. 3 shows a change in the energy loss due to an 
asymmetric stretching vibrational mode of Si-O-Si 
species with increasing oxygen coverage. The oxy- 

150 

>" 145    _ Si-O-Si asymmetric stretching > 
E 

140 

135 

130 

125 

H-terminated Si(100) 
80 A oxide - 

LIUX. 

0.2 0.4       0.6       0.8 
O  Coverage 

1.2       1.4 

Fig. 3. Changes in the vibration energy loss of the Si-O-Si 
asymmetric stretching mode with increasing oxygen coverage in 
the oxidation on H-terminated Si(100) surfaces at room tempera- 
ture. The measured energy loss for an 80 A thick oxide film 
formed by dry oxidation at 850°C is also indicated by an arrow. 
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gen coverage, 0, is defined as the ratio of the 
number of oxygen atoms to that of the back bonds of 
surface Si atoms, which is determined from AES 
measurements. In Fig. 3, the measured energy loss 
for an 80 A thick oxide film formed by dry oxidation 
at 850°C is indicated by the arrow. The change in the 
vibrational energy is related to the structural relax- 
ation of Si-O-Si bonds, such as changes in the force 
constant and the bond angle. It is clearly found in 
Fig. 3 that the vibrational energy of the Si-O-Si 
species is constant at oxygen coverages below 0.4 
and monotonously increases and then saturates in the 
range above 0.4. The Si-O-Si bonds of the 80 A 
thick oxide film have a vibrational energy higher 
than that in the oxidation at room temperature. These 
facts mean that the Si-O-Si structure approaches 
that of oxide formed at a high temperature with 
increasing oxygen coverage. Schaefer et al. [9] re- 
ported that the vibrational energy of a Si-O-Si 
asymmetric stretching mode approach that for vitre- 
ous silica with an increase in film thickness and 
oxidation temperature. Therefore, it can be consid- 
ered that the first oxidation step on H-terminated 
Si(100) surfaces is a simple adsorption and that the 
second  step  is   an   adsorption  accompanied  with 
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Fig. 4. Changes in the energy loss due to the vibrational energy 
for an asymmetric stretching mode of Si-O-Si bonds as a func- 
tion of oxygen coverage for oxidation at room temperature on 
H-terminated Si(100) surfaces with a 1 X 1 (dihydride) and a 2X 1 
(monohydride) structure and a 2X 1 Si(100) clean surface. 

changes in the Si-O-Si structure, in which the 
structure approaches gradually that formed at a high 
temperature. 

Next, we pay attention to the oxidation in the first 
step. Fig. 4 shows changes in the energy loss of the 
asymmetric stretching mode of Si-O-Si bonds as a 
function of oxygen coverage for oxidation at room 
temperature on H-terminated Si(100) surfaces with a 
1 X 1 (dihydride) and a 2 X 1 (monohydride) struc- 
ture and a 2 X 1 Si(100) clean surfaces. The Si-O-Si 
structure formed depends strongly on the initial sur- 
face structure in the first oxidation step below 0 = 0.4. 
As seen in Fig. 4, a marked increase in the vibra- 
tional energy of Si-O-Si bonds takes place with 
proceeding oxidation on the clean surfaces and the 
Si-O-Si vibrational energies are much lower than 
those on H-terminated surfaces. This result indicates 
that the existence of surface Si-H bonds makes the 
Si-O-Si structure approach a high-temperature 
structure. It is thought that the bond strength of 
Si-Si back bonds is weakened by a charge transfer 
from Si back bonds to Si-H bonds, which increases 
the flexibility in Si-O-Si geometric structures. 
Comparing H-terminated surfaces with a 1 X 1 and a 
2X1 structure, the vibrational energies for 2X1 
surfaces seem to be slightly lower than those for 
1 X 1 surfaces. The differences between the 1 X 1 
and 2X1 surfaces are the number of adsorbed hy- 
drogen atoms per surface Si atom and the existence 
of dimer bonds, which may lead to the lowering of 
the vibrational energy. The essential differences be- 
tween the influences of a 1 X 1 and a 2 X 1 surface 
on the oxidation are not clear yet and further investi- 
gation is necessary. 

On the other hand, no difference in the initial 
surface structures is observed at 6 > 0.4. Consider- 
ing that the number of adsorbed oxygen atoms at 
0 = 0.4 corresponds to half the number of the total 
back bonds of surface Si atoms, it is suggested that 
the structural relaxation of Si-O-Si bonds at 6 > 0.4 
is governed by the adsorption of oxygen atoms on 
the other back bond of a surface Si atom. Detailed 
results and discussions will be reported elsewhere. 

In conclusion, hydrogen atoms adsorbed on 
Si(100) surfaces relax the Si-O-Si geometric struc- 
ture formed by oxidation at room temperature at 
oxygen coverages below 0.4. In the sequential oxida- 
tion process, there is no difference between the 
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Si-O-Si structures on H-terminated and clean Si 
surfaces. 

is no difference in the Si-O-Si geometric structure 
between H-terminated Si surfaces and clean Si sur- 
faces. 

4. Conclusions 

The oxidation on H- and D-terminated Si(100) 
surfaces at room temperature by atomic oxygen has 
been investigated by using high-resolution electron 
energy loss spectroscopy (HREELS). There are two 
steps in the oxidation process at oxygen coverages 
below 1.4. The adsorption of oxygen atoms with a 
constant vibrational energy of the Si-O-Si asym- 
metric stretching mode, that is without structural 
changes, occurs on H-terminated 1 X 1 surfaces at 
the oxygen coverages below 0.4, which is contrary to 
the oxidation of Si(100) clean surfaces with a marked 
change in the vibrational energy. This result is inter- 
preted as due to the weakening of the bond strength 
of Si back bonds by a charge transfer from Si-Si 
back bonds to Si-H bonds arising from adsorbed 
hydrogen atoms. The presence of surface Si-H bonds 
leads to the flexibility in Si-O-Si geometric struc- 
tures and an approach to the Si02 structure formed 
at a high temperature. On the other hand, in the 
second step at oxygen coverages above 0.4, the 
formation of Si-O-Si bonds is accompanied with 
changes in the Si-O-Si structure. In this step, there 
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Abstract 

The effects of chemical preoxidation treatments on the oxidation reaction at Si02/Si(lll) interfaces were investigated 
using XPS. In the case of preoxidation treatment in a mixed solution of H2S04 and H202 the layer-by-layer oxidation 
reaction occurs at the interface as in the case of the preoxidation treatment in dry oxygen at 300°C. The effect of chemical 
preoxidation treatment in a hot solution of HN03 and that in a mixed solution of HC1 and H202 on the oxidation reaction at 
the interface were also investigated. 

1. Introduction 

Recently the fabrication of 1 Gbit dynamic ran- 
dom access memory (DRAM) chips was reported 
[1,2]. Furthermore, the mass production of 1 Gbit 
DRAMs using metal-oxide-semiconductor field-ef- 
fect-transistors (MOSFETs) with gate oxide film 
thickness of about 5 nm must be realized by the end 
of this century [3]. In this case the thickness of one 
monolayer of silicon dioxide corresponds to approxi- 
mately 6% of gate oxide thickness. It is then neces- 
sary to minimize the effect of native oxides, present 
at the Si surface prior to oxidation, on the final 
Si02/Si interface structure. This can be realized for 
example either by modifying the native oxide struc- 
ture by a UV/03 treatment [4] or by backbond 

* Corresponding author. Tel.: +81-3-37033111 ext. 2788; fax: 
+ 81-3-57072172. 

oxidation of H-terminated Si surface without break- 
ing Si-H bonds [5]. 

It was found from the measurement of infrared 
absorption spectra and Si 2p photoelectron spectra 
that the amount of Si-H bonds in native oxide 
formed in chemical solution depends on the kind of 
chemical treatment [6,7] and is below the detection 
limit for native oxide formed in a mixed solution of 
H2S04 and H202 [7]. It was also found from the 
X-ray reflectivity measurement [8] that the density of 
the native oxide formed in a mixed solution of 
H2S04 and H202 is close to that of thermal oxide. 
Furthermore, it was found from the measurement of 
cumulative failure of MOS diodes that the chemical 
oxide formed in a mixed solution of H2S04 and 
H202 can function as a passivating film and sup- 
press the increase in surface microroughness, which 
is caused by the heating of Si substrate to thermal 
oxidation temperature in inert gas ambient [9]. It was 
also found from a study on the initial stage of 

0169-4332/96/S15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
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oxidation of atomically flat hydrogen-terminated 
Si(lll)-1 X 1 surfaces [10] that the oxidation pro- 
ceeds non-uniformly until a one atomic layer thick 
interface is formed. However, once the interface is 
formed, a layer-by-layer oxidation reaction occurs at 
the Si02/Si(lll) metallurgical interface [11]. This 
result was obtained by thermal oxidation at 600- 
800°C, following preoxidation in dry 02 at 300°C. 
This initial oxide is designated as a low temperature 
oxide in the rest of this paper. 

It is the purpose of present paper to clarify the 
effect of preoxidation treatment in chemical solution 
on the oxidation reaction at the Si02Si(l 11) inter- 
face and to compare with the effect of preoxidation 
treatment in dry oxygen at 300°C on the oxidation 
reaction at the interface. 

2. Experimental details 

these gases is equal to 37 ppb. The changes in 
chemical structures of Si02/Si interface with the 
progress of oxidation were studied from the mea- 
surement of Si 2p photoelectron spectra by X-ray 
photoelectron spectroscopy (XPS). By connecting 
the oxidation chamber and the sample analysis 
chamber with a gate valve, the oxidation and XPS 
measurement could be performed without breaking 
vacuum. Photoelectron spectra, excited by 
monochromatic A1K a radiation, were measured at a 
photoelectron take-off angle of 15° with an energy 
resolution of 0.37 eV and an acceptance angle of 
3.3°, using an ESCA-300 manufactured by Scienta 
Instruments AB [14]. The surface morphologies of 
three kinds of chemical oxides were measured by 
atomic force microscope SPI3700/SPA300 manu- 
factured by Seiko Instruments, Inc. Other experimen- 
tal details are described elsewhere [15,16]. 

Wafers used in the present study were Czochral- 
ski-grown p-Si(lll) with a resistivity of 10-20 £1 
cm. In order to decrease atomic step densities on 
initial silicon surfaces [12], approximately 200-nm- 
thick thermal oxide films were formed in dry 02 at 
1000°C on Si(l 11) surfaces. After the chemical 
cleaning, the thermal oxide films were removed by 
the treatment in a buffered HF solution (HF 0.17 
wt%, NH4F 17 wt%) followed by a rinse in deion- 
ized water for 10 min. The atomically flat hydrogen- 
terminated Sid 11)1 X 1 surfaces were prepared by 
the treatment in 40% NH4F solution [13]. Following 
this three kinds of native oxides and a low tempera- 
ture oxide were formed. The native oxides formed 
are that in a mixed solution of H2S04 and H202 

(H2S04 : H202 = 4:1, designated as the H2S04 ox- 
ide) at 85-90°C for 10 min, that in a mixed solution 
of HC1, H202 and H20 (HC1: H202: H20 =1:1:4, 
designated as the HC1 oxide) at 48-51°C for 10 min, 
and that in a hot solution of 70% HN03 (designated 
as the HN03 oxide) at 45-55°C for 5 min. The low 
temperature oxide was formed at 300°C in dry 02 at 
a pressure of 1 Torr and was used as a reference. 
Following these preoxidation treatments the oxida- 
tion was performed at 600-830°C in dry 02 with a 
pressure of 1 Torr. The dew points of both nitrogen 
and oxygen gases used for the oxidation are below 
— 95°C. Therefore, the relative amount of H20 in 

3. Experimental results and discussions 

The surface morphologies of three kinds of chem- 
ical oxides were measured by atomic force micro- 
scope (AFM) are shown in Fig. 1. The surface 
microroughnesses Ra of the H2S04 oxide, the HN03 

oxide and the HC1 oxide is 0.08 nm, 0.08 nm and 
0.09 nm, respectively. After removing the relatively 
small background signal by Tougaard's method [17] 
from the observed spectrum, the spectrum was de- 
composed into Si 2p1/2 and Si 2p3/2 spin-orbit 
partner lines. In this decomposition, it is assumed 
that the spin-orbit splitting of Si 2p photoelectron 
spectrum is 0.61 eV, and the Si 2p,/2 to Si 2P3/2 

intensity ratio is 0.5 [18]. It is also assumed that the 
intermediate oxidation states consist only of Si'+, 
Si2+ and Si3+ as defined by Hollinger et al. [19]. 
The thicknesses of present oxide films are calculated 
from the analysis of Si 2p photoelectron spectra by 
assuming that the electron escape depth in silicon 
and that in silicon dioxide are 2.6 nm and 3.4 nm, 
respectively [20]. Here, the electron escape depth in 
the intermediate oxidation state is assumed to be the 
same as that in silicon dioxide. 

Fig. 2 compares the dependences of spectral in- 
tensity of Si4+ and the summed spectral intensities 
of Si1 + , Si2+ and Si3+ normalized by the Si 2p 
spectral intensity of silicon substrate on the oxide 
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Fig. 1. Surface morphologies of three kinds of chemical oxides: (a) that for the H,S04 oxide; (b) that for HN03 oxide; (c) that for the HC1 
oxide. 

film thickness for thermal oxidation through the 
H2S04 oxide with those for thermal oxidation 
through the low temperature oxide. Here, Si4+ de- 
notes a silicon atom bonded with four oxygen atoms. 
According to Fig. 2, the normalized spectral intensity 
of the intermediate oxidation states saturates at a 
thickness of nearly 0.5 nm, while the normalized 
spectral intensity of Si4+ does not saturate at this 
thickness. Furthermore, the saturated normalized 
spectral intensity of the intermediate oxidation states 
is in good agreement with that [15,16] calculated for 
an abrupt interface, which is shown by the dashed 
line in Fig. 2. Therefore, once the interface is formed, 

the thickness of silicon dioxide only increases with 
further oxidation [11]. It can be seen from this figure 
that the H2S04 oxide gives almost the same result 
with the low temperature oxide. 

Fig. 3 compares the dependences of areal densi- 
ties of Si1 + , Si2+ and Si3+ spectra on the oxide film 
thickness for thermal oxidation through the H2S04 

oxide with those for thermal oxidation through the 
low temperature oxide. Although the total amount of 
intermediate oxidation states does not change above 
the oxide film thickness of 0.5 nm as shown in Fig. 1 
the each component of intermediate oxidation states 
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Fig. 2. Normalized spectral intensity of Si4+ and summation of 
intensities for all intermediate oxidation states are shown as a 
function of oxide film thickness for thermal oxidation through the 
H2S04 oxide and that through low temperature oxide. The dashed 
line shows the normalized spectral intensity calculated for an 
abrupt interface. 
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exhibits changes as shown in Fig. 3. Namely, the 
areal density of Si1+ and that of Si3+ repeatedly 
increase and decrease with a period in thickness of 
approximately 0.7 nm for thickness of less than 
about 1.8 nm. Therefore, the periodic change in the 
interface structures with progress of oxidation, which 
indicates oxidation reaction at metallurgical inter- 
face, appears for thermal oxidation through the 
H2S04 oxide as in the case of thermal oxidation 
through the low temperature oxide reported previ- 
ously [11]. This implies that the quality of H2S04 

oxide, i.e., the surface smoothness etc., is compara- 
ble to that of the low temperature oxide. 

Fig. 4 compares the dependence of areal densities 
of Si1 + , Si2+ and Si3+ on the oxide film thickness 
for thermal oxidation through the HN03 oxide with 
those for thermal oxidation through the H2S04 ox- 
ide. In the case of thermal oxidation through the 
HN03 oxide, the periodic change in interface struc- 
ture is not as well defined as in the case of thermal 
oxidation through the H2S04 oxide for oxide film 
thickness of less than about 1.3 nm. For the differ- 
ence between these two cases the following two 
causes can be considered: One is the difference in 
the surface microroughness of these two kinds of 
chemical oxides and the other is the difference in the 
amount of Si-H bonds in two kinds of chemical 
oxides. Because the surface microroughness Ra of 
the HNO3 oxide measured by atomic force mi- 
croscopy is 0.08 nm and is the same with that of the 
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Fig. 4. Dependence of areal densities of Sil+, Si2+ and Si3+ on 
thickness for thermal oxidation through the HN03 oxide and that 
through the H2S04 oxide. 
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Fig. 5. Dependence of areal densities of Sil + , Si2+ and Si3+ on 
thickness for thermal oxidation through the HC1 oxide and that 
through the H2S04 oxide. 

H2S04 oxide and the amount of Si-H bonds in the 
HNO3 oxide determined by infrared absorption spec- 
troscopy is larger than that in the H2S04 oxide [9], 
the difference in the amount of Si-H bonds can be 
the cause for the difference between thermal oxida- 
tion through these two kinds of chemical preoxida- 
tion treatment. On the other hand, in the case of 
thermal oxidation through the HN03 oxide, periodic 
changes in interface structure appear for oxide film 
thickness of greater than about 1.3 nm and coincide 
with those for thermal oxidation through the H2S04 

oxide. This implies that after about 0.4 nm thick 
thermal oxide is formed beneath the HN03 oxide, 
the interface becomes smooth and similar to that 
formed through the H2S04 oxide. This gives the 
lowest oxide film thickness for the smoothing effect 
of thermal oxidation on the interface microroughness 
[12]. This is additional confirmation that the oxida- 
tion reaction occurs at metallurgical interface. 

Fig. 5 compares the dependence of areal densities 
of Sil+, Si2+ and Si3+ on the oxide film thickness 
for thermal oxidation through the HC1 oxide with 
those for thermal oxidation through the H2S04 ox- 
ide. Periodic changes in interface structure appears 
only weakly with the progress of oxidation in the 
case of thermal oxidation through the HC1 oxide 
implying that the oxidation proceeds non-uniformly 
because the initial surface was roughened by the HC1 
process to produce surface morphology shown in 
Fig. 1 whose surface microroughness Ra is 0.09 nm. 
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The effects of three kinds of chemical preoxida- 
tion treatments on the Si02/Si(l 11) interface forma- 
tion in dry oxygen at 600-830°C were investigated 
by XPS. In the case of preoxidation treatment in a 
mixed solution of H2S04 and H202, the periodic 
change in interface structure with progress of oxida- 
tion, which indicates the oxidation reaction at metal- 
lurgical interface, appears. Furthermore, the ampli- 
tude of this periodic change is almost the same as 
that for the low temperature oxide. This implies that 
the quality of the H2S04 oxide, i.e., the surface 
smoothness etc., is comparable to that of the low 
temperature oxide. In the case of thermal oxidation 
through the HN03 oxide, the periodic change in 
interface structure is not as well defined as that in 
the case of thermal oxidation through the H2S04 

oxide for oxide film thickness of less than about 1.3 
nm. This can be attributed to the existence of Si-H 
bonds in the HN03 oxide. After about 0.4 nm thick 
thermal oxide is formed beneath the chemical oxide, 
the interface becomes smooth and similar to that 
formed through the H2S04 oxide. This gives addi- 
tional confirmation that the oxidation reaction occurs 
at metallurgical interface. Finally, the periodic change 
in interface structure appears only weakly with pro- 
cess of oxidation through the HC1 oxide implying 
that the oxidation proceeds non-uniformly because 
the surface microroughness measured by AFM of the 
HC1 oxide is larger than that of the H2S04 oxide. 
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Abstract 

Radiation effects induced by MeV He single ions in pMOSFETs and nMOSFETs in commercially available CMOS4007 
have been studied extensively. The key results from this study are: (1) pMOSFETs are more fragile than nMOSFETs in 
terms of threshold voltage shift, (2) nMOSFETs are more susceptible than pMOSFETs to the degradation of subthreshold 
swing. The different features in the radiation effects have been discussed comprehensively. 

1. Introduction 

In order to optimize device structures or processes 
for radiation hardness of CMOS devices it is in- 
evitable to investigate radiation effects in both 
pMOSFETs and nMOSFETs fabricated in a same 
chip quantitatively. So far radiation hardening has 
been done based on the data obtained by irradiating a 
whole IC chip with energetic particles randomly 
[1-5]. However, the information obtained in this way 
has not been quantitative in the sense that identifying 
a site dependence of radiation immunity has never 
been possible. Random irradiation with energetic 
particles  would induce  also the  so-called  lateral 

'Corresponding author. Tel.:  +81-3-52863380; fax:  + 81-3- 
52725749; e-mail: meishoku@cfi.waseda.ac.jp. 

non-uniformity effects, i.e., the influence of non-uni- 
form distribution of trapped charges on device char- 
acteristics, which will obscure the proper interpreta- 
tion of radiation effects [6,7]. 

So far we have succeeded in developing the single 
ion beam induced charge (SIBIC) imaging by using 
the single ion microprobe (SIMP) system which has 
made it possible to hit a local area of less than 3 /x,m 
square in a target with MeV He single ions one by 
one [8-11]. The SIBIC imaging enables us to 'ob- 
serve' the feature of MOSFET without degradation 
of device characteristics. The sample feature obser- 
vation before any tests is very important for the 
quantitative analysis of site-dependent radiation ef- 
fects in MOSFETs. In this study, we have investi- 
gated site dependent radiation effects in CMOS de- 
vices induced by high energy He single ions and 
comparing the difference in pMOSFETs and nMOS- 

0169-4332/96/S15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
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FETs. We first introduce an experimental setup and 
the method of sample positioning. Then we describe 
the difference in ion irradiation effects in the charac- 
teristics of pMOSFETs and nMOSFETs in a test 
CMOS chip. 

2. Experimental 

A schematic diagram of the SIMP system is 
illustrated in Fig. 1. The beam line is connected to a 
tandem accelerator (NEC 5SDH) with a terminal 
voltage of 1.0 MV. As shown in Fig. 1, each single 
ion is extracted one by one from a continuous ion 
beam by chopping. If the ion current, the slit opening 
and the switching velocity are set that after chopping 
several times only one ion may pass through the slit, 
single ion can be successfully extracted. Extracted 
single ion is focused with a high precision quadrupole 
magnet and irradiated within an area corresponding 
to the micro beam spot size. Number of the incident 
ions is controlled by an electron multiplier tube 
(EMT) by detecting secondary electrons (SEs) emit- 
ted upon ion incidence. Signals from the EMT are 
fed to the chopper controller which keeps on sending 
the beam chopping signals to the deflector until the 
desired number of single ions are detected. A device 
to be irradiated is mounted on a high precision 
goniometer, which is movable in three directions 
under the control of a host computer. I-V character- 

istics of MOSFETs can be measured in situ by 
combining HP4140B system with the SIMP. In this 
study, I-V characteristics were recorded before ex- 
posure and after irradiation of a certain number of 
ions. 

Throughout this work, 2.0 MeV He single ions 
have been used. The number of irradiated ions has 
been varied from 0 to 102//u.m2. The irradiated area 
was 240 X 240 /Ltm2. During irradiation all pins were 
grounded. 

A commercial inverter CMOS TC4007UBP pro- 
duced by Toshiba, which contains three pMOSFETs 
and three nMOSFETs, was used as a test target in 
this study. Fig. 2 shows an optical micrograph of the 
CMOS4007 after removal of plastic package with 
heated fuming acid. Since this sample is made for 
commercial purpose, detailed information on device 
structure, e.g. oxide thickness and doping concentra- 
tion are not clear. The radiation tests have been 
performed on each FET. 

Sample positioning was performed by using the 
SIBIC imaging method. Fig. 3 shows a coarse SIBIC 
image of the entire chip which consists of 16 X 16 
pixel array. The scanned area was 800 X 800 jum2 

and the number of incident ions per pixel was only 
two. The image clearly reveals each MOSFET. After 
the coarse imaging, much clearer SIBIC image of the 
desired transistor was taken for higher precision 
sample positioning. The radiation damage during 
these SIBIC imaging is negligible for the subsequent 

Transfer line 

High precision 
Q-magnet 

deflector 

Nz gas 

chopper controller circuit 

Fig. 1. Schematic drawing of the experimental system. 
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3. Results and discussion 

200 Mm 

Fig. 2. Optical micrograph of the test device. 

analyses. The analysis of the ion irradiation effects in 
the MOSFETs has been done by repeatedly taking 
the SIBIC images. Details of sample positioning 
using the SIBIC imaging are introduced in the other 
literatures [10,11]. 

500 um 

Fig. 3. SIBIC image of the entire chip which is composed of 
I6X 16 pixels. The scanned area is 800x800 /*nr. 

In this section, we describe the different responses 
of pMOSFETs and nMOSFETs in the test 
CMOS4007 (Toshiba) against ion irradiation. Fig. 4 
shows the threshold voltage shift AVth for both 
pMOSFETs and nMOSFETs as a function of ion 
dose at room temperature. The threshold voltage was 
defined as the zero current intercept of square root of 
the /d versus V„ curves in the saturation mode. The 
threshold voltage Vlh shifted to the negative direction 
for both pMOSFETs and nMOSFETs proportional to 
the number of He ions. There are two major causes 
in generation of radiation induced interface charges 
which are responsible for Vjh shift. They are oxide 
trapped holes and trapped charges by interface states 
[12]. The slope represents fragility of the target 
devices against ion irradiation. Since the slope for 
pMOSFETs is steeper than that for nMOSFETs, 
pMOSFETs are more fragile than nMOSFETs in the 
threshold voltage shift at room temperature. 

The reason for the steeper slope, i.e., larger AVlh 

for pMOSFETs, can be explained as follows. It is 
known that the net AVth is the algebraic sum of 
voltage shifts due to the trapped holes AVNol and the 
trapped charges by the interface states AVNj, [13]. It 
also should be noted that the Pb-centers responsible 
for the interface states have amphoteric nature. They 
are donors in the lower part of the bandgap and 
acceptors in the upper part of the bandgap. Their 
occupancy depends on the value of the surface po- 
tential. The donor-like interface states are responsi- 

Dose    [ions/n m1 ] 
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Fig. 4. Threshold voltage shift AV,h   for both pMOSFETs and 
nMOSFETs induced by ion irradiation. 
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Fig. 5. Subthreshold swing shift AS for both pMOSFETs and 
nMOSFETs induced by ion irradiation. 

ble for the VNit shift of pMOSFETs, while the 
acceptor-like interface states are responsible for the 
VNit shift of nMOSFETs. Therefore AVNit is nega- 
tive for pMOSFETs and positive for nMOSFETs, 
while AVNot induced by trapped holes is always 
negative [14]. For pMOSFETs, sign of AVNit is the 
same as AVNot, which causes larger AVth. For 
nMOSFETs, however, it is expected that the oppo- 
site signs of AVNit and AVNot result in a relatively 
small shift in V^. Thus pMOSFETs are more fragile 
than nMOSFETs in the threshold voltage shift. 

Fig. 5 shows the subthreshold swing shift A S for 
both pMOSFETs and nMOSFETs as a function of 
ion dose. The subthreshold swing is defined as the 
change in gate voltage necessary to reduce transistor 
current by one decade. It is well known that the 
subthreshold swing S is proportional to the average 
interface state density, DlV in the weak inversion 
region. The change in interface state density induced 
by an ion irradiation A Da is given by 

AA,= [Cox/(*rin(10))]A5, (1) 

where Cox is the oxide capacitance, and k the Boltz- 
mann constant [15]. Although the exact amount of 
interface state density cannot be estimated because 
of the lack of information on the precise sample 
structure, a tendency of the change in mean interface 
state density can be understood by evaluating the 
change in the subthreshold swing before and after 
the ion irradiation. As shown in Fig. 5, the sub- 
threshold swing S became larger for both pMOS- 
FETs and nMOSFETs, as the number of He ions was 
increased, and A S for nMOSFETs was higher than 

that for pMOSFETs. This suggests that a larger 
number of interface states were induced by high 
energy ions in nMOSFETs than pMOSFETs. 

The difference in A S between nMOSFETs and 
pMOSFETs can be attributed to the asymmetrical 
distribution of radiation induced interface states in 
the midgap, which was found by Ma [16,17]. Ac- 
cording to his work, the density of electron beam 
induced interface states in the upper half of the band 
gap is higher than that in the lower half of the band 
gap and the peak is located at 0.2-0.3 eV above 
midgap. Similar distribution has been recognized for 
y-ray induced interface states [18-20]. Since the 
interface states in the upper half of the bandgap are 
responsible for the degradation of S in nMOSFETs 
and the one in the lower half for the degradation in 
pMOSFETs, it is clearly concluded that nMOSFETs 
are more susceptible than pMOSFETs to the degra- 
dation of the subthreshold swing S. 

4. Summary 

We have investigated the radiation effects induced 
by MeV He single ions in pMOSFETs and nMOS- 
FETs in commercially available CMOS4007 using 
the SIMP. It has been concluded that, (1) pMOS- 
FETs are more fragile than nMOSFETs in threshold 
voltage shift and (2) nMOSFETs are more suscepti- 
ble than pMOSFETs to the degradation of subthresh- 
old swing S. These effects have been fully explained 
on the basis of different contribution of oxide trapped 
charges and the charges at interface states depending 
on the channel conduction type. 
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Abstract 

We examined charge generation in metal/tunnel-oxide/n-silicon diodes fabricated with polycrystalline silicon (poly-Si) 
gates. In these devices, electron injection from the substrate in the direct tunnel regime leads to charge generation which 
evolves with time rather than electron fluence, as has been previously reported for injection in the Fowler-Nordheim tunnel 
regime. Our findings complete the picture proving the existence of a distinct degradation mode in the direct tunnel regime 
for devices fabricated at different facilities, using both aluminum and polycrystalline silicon gates, and stressed via either 
gate or substrate injection. This work directly impacts the prediction of the lifetimes of devices in which direct tunneling is 
measurable. 

The continued scaling of metal-insulator-silicon 
devices has brought about the need to understand 
electrical degradation effects in structures with insu- 
lating layers so thin (< ~ 3.5 nm) that direct tunnel- 
ing (DT) is observable at bias levels below the onset 
of Fowler-Nordheim (FN) electron injection into the 
insulator conduction band. The study of such thin 
films is of current interest to the semiconductor 
industry for memory and < 0.1 /xm logic applica- 
tions [1]. In metal/tunnel-oxide/p-silicon diodes 
fabricated with either aluminum (Al) or polycrys- 

Corresponding author. 

talline silicon (poly-Si) gates, the principle degrada- 
tion effect for DT electron injection from the gate 
has been shown to be a gradually increasing tunnel 
current over time [2]. This degradation is bias depen- 
dent, but as revealed by studying samples of differ- 
ent oxide thickness, it is not strictly dependent on the 
fluence of tunneling electrons through the oxide. In 
contrast to the DT results, defect generation for both 
gate and substrate injection in the FN regime in 4.5 
to 5.5 nm oxides has been found to scale with 
electron fluence, independent of oxide thickness [3]. 
In these thicker samples, DT degradation was not 
observed. The kinetics of FN degradation have been 
intetpreted in terms of incident electron energy and 
defect generation rates per tunneling electron [3]. DT 
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degradation, on the other hand, is less straightfor- 
ward to interpret, and requires that defect generation 
be at least a two-step process that involves both the 
deposition or release of electronic energy and a time 
evolution step controlled by the applied bias, with 
the electron interaction not being the rate-limiting 
step [2]. The remaining unexplored area of fluence 
dependence during either DT or FN device degrada- 
tion is DT electron injection from the substrate. We 
note that DT substrate injection degradation has re- 
cently been reported for Al gate samples of a single 
thickness, but fluence dependence for different oxide 
thicknesses, and the use of poly-Si gates have not 
been studied for this injection mode [4]. Because of 
the different chemical nature of the gate/oxide and 
substrate/oxide interfaces, there is no clear reason to 
suspect that DT defect generation from both gate and 
substrate injection should be the same. However, in 
this work we show that DT defect generation for 
substrate injection, as a function of both time and 
temperature, is remarkably similar to that for gate 
injection, in support of the results on Al gate devices 
[4]. In addition, we present evidence that the DT 
degradation effect may die out as the oxide thickness 
increases above 3.5 nm, consistent with the results 
for the 4.5 to 5.5 nm oxides where DT degradation 
was not seen. 

Devices for this study have been fabricated on the 
silicon line at IBM, Yorktown Heights. Active tunnel 
oxides of four different nominal thicknesses, 2.0, 
2.4, 2.8 and 3.4 nm, are formed at 700°C in dry 02 

in windows opened in a field oxide grown on <100> 
oriented, ~ 0.005-0.02 Q, cm, n-type silicon wafers. 
After the gate oxidation, the active oxide is immedi- 
ately covered by poly-Si deposition. Although win- 
dows of various sizes ranging from 1 /um2 to 1 mm2 

are available on each chip, measurements for this 
work have been carried out using mainly 250 fim X 
250 /xm devices. As shown in Fig. 1, measurements 
of current density versus positive gate bias (J-V) 
reveal that the current density scales with oxide 
thickness. J increases by a factor of ~ 100 for each 
0.4 nm decrease in thickness, in good agreement 
with first principles tunneling theory [5]. 

We find that just as for gate injection, substrate 
injection at constant bias gives rise to degradation 
which is measured as a gradually increasing tunnel 
current over time. This is illustrated in Fig. 2 which 
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Fig. 1. Current density versus positive gate voltage bias for 2.0, 
2.4, 2.8 and 3.4 nm oxides. 

plots a typical DT degradation curve in the usual 
way, as the fractional increase in tunnel current 
versus time. This device was electrically stressed at 
an applied gate voltage of 2.0 V, at room tempera- 
ture. Electron fluence is also noted in the figure for 
comparison with previously published results. Our 
minimum   resolution   to   fluence   is    ~ 2 X 10~9 
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Fig. 2. The fractional increase in the current density, A7/70, 
through 2.8 nm oxide versus time, measured at room temperature 
at 2.0 V. 
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C/cm2 in the thickest oxides. The fractional in- 
crease in current is a sensitive measure of the net 
charge associated with degradation-related defects 
[4]. In these devices, constant shifts in high fre- 
quency capacitance-voltage (HFCV) curves are too 
small to be measured accurately, even for a 10% 
fractional increase in current, the largest which we 
observe. The limit of our sensitivity to charge using 
HFCV's is ~ 10" charges/cm2 in a 2.8 nm oxide, 
corresponding to a ~ 10 mV HFCV shift. Thus the 
maximum amount of charge which we create is 
below this level. In the figure, notice that the charge 
creation does not seem to saturate, as has been 
reported for FN degradation of slightly thicker ox- 
ides [3]. 

Fig. 3 explores the thickness and bias dependence 
of DT defect generation resulting from substrate 
injection in our poly-Si gate devices. The figure plots 
the fractional increase in tunnel current measured 
after 1000 s of stress, versus the gate voltage at 
which the stress was applied. Data is shown for the 
three oxide thicknesses. Similar graphs can be ob- 
tained for any amount of stress time less than ~ 104 

s. Analogous to charge generation observed in the 
DT gate injection studies, we find that substrate 
injection degradation is bias dependent, increasing 
with increasing gate voltage, but not strictly depen- 
dent on the tunnel electron fluence. To highlight the 
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Fig. 3 
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weak dependence on fluence, the initial current den- 
sity, J0, for some of the data in Fig. 3 is given in 
Table l. In the table, notice that J0 at a given stress 
voltage, and hence the fluence through the oxides of 
different thickness differs by nearly five orders of 
magnitude, but in Fig. 3, the corresponding frac- 
tional increase in current at that stress voltage varies 
by no more than a factor of two. In fact, the amount 
of charge generated seems to be identical in the 2.4 
and 2.8 nm oxides, and decreases only slightly in the 
3.4 nm oxides. Clearly, damage arising from sub- 
strate injection is at best weakly dependent on elec- 
tron fluence. This similarity to gate injection damage 
is remarkable. It implies that a similar, multi-step 
mechanism may underlie degradation in direct tunnel 
devices, regardless of injection mode. We interpret 
the decrease in charge generation for the thickest 
oxide as possible evidence that the DT degradation 
effect may die out as the oxide thickness increases 
above 3.5 nm, consistent with the results for the 4.5 
to 5.5 nm oxides where DT degradation was not 
seen. Because the charge generation evolves in time, 
the plot in Fig. 3 can be interpreted as the rate of 
charge generation versus gate bias. 

A further study of the similarity between gate and 
substrate injection damage can be made by measur- 
ing the temperature dependence of charge genera- 
tion. For gate injection, it has been shown that the 
charge generation exhibits a transition from ther- 
mally activated kinetics at temperatures above ~ 150 
K to relatively temperature-independent behavior be- 
low this value [2]. The temperature dependence of 
the DT charging for substrate injection is presented 
in Fig. 4 and Fig. 5. In Fig. 4 we plot the fractional 
increase in tunnel current measured after 1000 s of 
stress, versus the gate voltage at which the stress was 
applied. Data is shown for the 2.8 nm oxide for 
various temperatures between  300 K and 77  K. 



372 K.R. Fanner et al. /Applied Surface Science 104/105 (1996) 369-372 

0.030 

^   0.025 

"    0.020 

0.015 

II     0.010 

0.005 

0.000 

t „„ = 2.8 nm 300 K 

x      ♦      .      .      T 

240 K 

150 K 

77 K 

1.6        1.7        1.8        1.9       2.0        2.1        2.2        2.3 

Bias Voltage (V) 
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Fig. 5. The temperature dependence of the initial rate of charging, 
defined as AJ/J0, measured at f = 1000 s for 2.8 nm oxide at 
V =2.1 V. 

Observe that the charge generation rate decreases 
strongly with temperature. In Fig. 5, we show an 
Arrhenius plot of the charge generation measured at 
Vgate = 2.1 V after 1000 s of stress. Again, similar to 
the DT gate injection results, DT substrate injection 

degradation shows what appears to be thermally 
activated kinetics above T~ 150 K, and weak tem- 
perature dependence below this value. Curve fitting 
suggests that at low temperatures, the charge genera- 
tion rate may vary proportional to ~ T2, but more 
measurements are needed to confirm this possibility. 
The behavior illustrated in Fig. 5 is similar to that 
reported for both interface state generation [6] and 
trap creation [7] in thicker oxides which undergo FN 
degradation, suggesting the possibility that while the 
DT defect generation mode is distinctly different 
from the FN mode, the nature of the defects created 
may be similar in both cases. 

In conclusion, this work completes the picture 
proving the existence of a distinct degradation mode 
in the DT regime for devices fabricated at different 
facilities, using both Al and poly-Si gates, and 
stressed via either gate or substrate injection. This 
mode is characterized by charge generation which 
evolves with time, rather than injected fluence. The 
current findings refute the claim that oxide charge 
creation 'disappears' with the transition from FN to 
DT injection [8], and directly impact the prediction 
of the lifetimes of devices in which direct tunneling 
is measurable. 
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Abstract 

Electron cyclotron resonance chemical vapor deposition has resulted in poly-Si films with grains of one micron 
dimension by using the hydrogen dilution method. The crystalline fraction of the poly-Si film is almost 100% as determined 
from analysis of Raman spectra. The poly-Si films have preferred (111) and (110) orientations according to their XRD 
spectra. The hydrogen content of the poly-Si films is less than 0.8%. A simple model of grain formation is proposed to 
explain grain growth in the electron cyclotron resonance chemical vapor deposition deposited poly-Si films. 

1. Introduction 

Hydrogenated silicon films deposited by the hy- 
drogen-dilution and the hydrogenatom-treatment 
methods exhibit /uc-Si:H characteristics when they 
incorporate a large amount of hydrogen. This sug- 
gests that such films have a more compact structure 
than conventional a-Si:H films. By incorporating 
various amounts of hydrogen, and utilizing an atomic 
hydrogen treatment during the deposition, the degree 
of crystallinity in the hydrogenated silicon films can 
be systematically adjusted [1]. A recent publication 
reported a new method for producing poly-Si films 
at a low temperature (250°C). The Si02 was sub- 
jected to a sulfurization treatment before deposition 
of the hydrogenated Si film. This eliminated the 

Corresponding author. 

amorphous transition layer which usually forms be- 
tween the SiOz and the poly-Si film. The influence 
of sulfurization is quite distinct once the hydrogen 
dilution ratio reached 92%. The grain size in the 
resulting poly-Si was estimated to be around 200-500 
A [2]. In this paper we report a new low temperature 
poly-Si film deposition in which electron cyclotron 
resonance chemical vapor deposition (ECR-CVD) is 
combined with hydrogen dilution. The largest grain 
poly-Si films (grain dimensions of one micron) oc- 
curred when the dilution ratio was 98%. These large 
grains have a special 'leaf-like' shape. The surfaces 
of these poly-Si films are shown to be very rough by 
AFM, with the mean value of roughness of the films 
increasing as the grain size increases. The Raman 
spectra of the poly-Si films showed the character- 
istics of single crystal with no evidence of the amor- 
phous silicon band. Therefore, the crystalline frac- 
tion of poly-Si films was nearly 100%. XRD spectra 
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showed that the poly-Si films have (111) and < 110> 
preferred orientations. As the grain size increased, 
the (110} orientation becomes more dominant. The 
orientation and grain size are strongly dependent on 
the hydrogen dilution ratio. The hydrogen content of 
these poly-Si films is less than 0.8 at% and decreases 
as the hydrogen dilution ratio increases [3-5]. 

2. Poly-Si grain formation experiments 

Three conditions are necessary to produce large 
grained films. The first is a high H2/SiH4 dilution 
ratio. The second is the presence of a magnetic field 
since plasma enhanced CVD even with high dilution 
ratios does not lead to large grains. The third condi- 
tion is a high microwave power in the ECR-CVD 
process. The magnetic field increases the efficiency 
of ionization of H2 and SiH4 ions. The large ionized 
hydrogen content of the gas in the chamber suggests 
that ionized hydrogen coverage of the growth surface 
somehow increases the diffusion length of the ad- 
sorbed Si precursors. Increasing dilution increases 

hydrogen coverage and increases the probability of 
Si nucleation on the surface and the construction of a 
dense Si-Si network structure. The Raman spectra 
show that there is no amorphous silicon phase pre- 
sent in the poly-Si films deposited by the ECR-CVD 
method. The crystalline fraction of the poly-Si films 
identified by Raman scattering spectra is nearly 
100%. From the X-ray diffraction patterns, the pre- 
ferred orientations of poly-Si films are (110) and 
(111) [3-5]. 

The largest grain poly-Si films were deposited 
with 1200 W of microwave power, a 250°C substrate 
temperature, and 20 mTorr deposition pressure. Fig. 
1 shows the plan view TEM images of samples with 
different thicknesses (a) T-18, (b) T-55, (c) T-90, 
and (d) T-120 whose thicknesses were 0.18, 0.55, 
0.9, and 1.2 microns, respectively. These TEM im- 
ages show that the grain size increases as the film 
thickness increases. The three-dimensional AFM im- 
ages of these four samples of Fig. 2 show that the 
grain size in these films is strongly dependent on 
film thickness. The TEM and AFM images show that 
poly-Si films have cone-shape grains. 

Fig. 1. Plan view TEM dark field images of samples: (a) T-18, (b) T-55, (c) T-90, and (d) T-120. 
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3. A qualitative picture of grain formation 

The following simple qualitative model is ad- 
vanced to account for the main features of grain 
formation in our films. 

When the hydrogen dilution ratio is low, the 
vertical growth rate of the grains in the silicon film 
is much larger than the lateral growth rate. There- 
fore, the grains grow vertically and result in colum- 
nar poly-Si grains. When hydrogen dilution ratio is 
increased, the vertical growth rate decreases while 
the lateral growth increases. This enhances the lateral 
growth of the poly-Si grains. For the (110) vertical 

[110] 

[110] 

[001] 0>) 

Fig. 3. Grain expanding with an effective lateral growth rate: (a) 
plan view and (b) three-dimensional view. 

direction, the lateral axes can be (110) and (100). 
The (110) and (110) planes are equivalent. From 
the plan view of the expanding grain, the (110) 
plane will expand faster than the (100) plane. This 
results in grains with an octagonal shape, as shown 

(b) (d) 

Fig. 2. Three-dimensional AFM images of samples: (a) T-18, (b) T-55, (c) T-90, and (d) T-120. 
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[001] 

[110] 

(b) 

Fig. 4. Grain shape changed by the etching effect: (a) plan view 
and (b) three-dimensional view (solid line for the original grain 
shape and dash line for the new one). 

in Fig. 3(a). A three-dimensional view of poly-Si 
grain which is an octagonal cone is shown in Fig. 
3(b). The silicon atoms at corners of the octagon 
[Fig. 3(a)] react easily with hydrogen radicals and are 
removed from their sites ('etching' effect). This phe- 
nomenon is displayed in Fig. 4(a). The corners of the 
octagon are curved and the grain shape becomes 
elliptical, as shown in Fig. 4 (a). The solid line 
presents the original grain shape and the dashed line, 
the final shape. The three-dimensional grain shape 
transformation is shown in Fig. 4(b). The final shape 
of the poly-Si grain produced by the 'etching' effect 
is shown in Fig. 5. The plan view of grain shape in 
Fig. 5(a) is consistent with the leaf-like grains of 
plan view TEM images. The cone-shaped grain in 
Fig. 5(b) is consistent with the grain shape in the 
XTEM image. This grain formation model explains 
the results of our experiments qualitatively and pro- 
vides an explanation for the peculiar grain geome- 
tries observed in our poly-Si film. 

Hydrogen dilution is necessary but not sufficient 
to deposit large-grain poly-Si at low temperatures. In 
our poly-Si deposition, several factors contributed to 
the grain formation. First, the hydrogen dilution 
produces an 'etching' effect [6] which eliminate the 
energetically unfavorable configurations and pre- 
vents formation of an amorphous network. The grain 
size in these poly-Si film is mainly limited by the 
lateral growth rate and the distance between two 
neighbor preferentially oriented grains. In the begin- 
ning stage of deposition, the nucleation center den- 
sity is high and the growing grains are small. The 

(b) 

Fig. 5. The new grain shape: (a) plan view and (b) three-dimen- 
sional view. 

small grains expand in competition with each others. 
A more rapidly expanding grain grows faster than its 
neighbors and stunts their growth. An enhanced lat- 
eral growth rate helps the grain expand laterally, 
while the grains continue to grow. The lateral growth 
rate is probably determined by the ion energy of 
radicals and their surface mobility on the growth 
surface. 

Hydrogen dilution will prevent the formation of 
an amorphous network and eliminates the energeti- 
cally unfavorable configurations by 'etching'. Fur- 
thermore, the hydrogen passivation of silicon surface 
increases the surface mobility of the silicon proces- 
sor on the growth surface and helps the poly grains 
expanding laterally. 

Hydrogen radicals in the heavily hydrogen diluted 
silane plasma sustain the 'etching' operations on the 
energetically unfavorable configurations and provide 
hydrogen passivation of the dangling bonds of the 
silicon atoms on the growth. This increases the 
surface mobility of the silicon-hydride radicals. 

In the ECR-CVD system, the gases are ionized by 
the resonance electrons and coupled microwave 
power into the plasma. The ECR-CVD is electrode- 
less and can have a high ionization efficiency and 
reduced level of plasma damage. 

The dependence of grain size on microwave power 
is shown in Fig. 6. For microwave power of 300 W, 
the deposited silicon film is microcrystalline with a 
maximum grain size of 300 A. For microwave power 
of 800 W, the poly-Si film is polycrystalline with a 
maximum grain size of 5000 A. The microwave 
power transfers energy to the silicon radicals in the 
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Fig. 6. Effects of microwave power on maximum grain size and 
SiH3/SiH ratio. 
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Fig. 7. Effects of deposition pressure on maximum grain size and 
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plasma and helps the radicals to travel energetically 
on the growing surface. If the microwave power is 
low, the silicon radicals do not have enough energy, 
and their migration on the growing surface is inhib- 
ited, which would prevent lateral expansion of the 
grain. This results in a fine-grain silicon film deposi- 
tion. A high power source for plasma generation is 
necessary for the large-grain poly-Si film deposition. 
This explains why large-grain poly-Si film can only 
be deposited by ECR-CVD with 1200 W microwave 
power. The grain size increases as the microwave 
power increases and then decreases as the mi- 
crowave power was increased beyond 1200 W to 
1500 W. Note that dependence of grain size on the 
SiH3/SiH ratio is similar to its dependence on the 
microwave power as shown in Fig. 6. 

The dependence of grain size on deposition pres- 
sure is shown in Fig. 7. For a pressure of 10 mTorr, 
the maximum grain size was 800 A. The largest 
grains were obtained at a deposition pressure of 20 
mTorr. Increasing the pressure beyond 20 mTorr led 
to a decrease in grain size. Again, the dependence of 
the SiHj/SiH on deposition pressure is similar to 
that of the maximum grain size, as shown in Fig. 7. 

Fig. 8 shows that maximum grain size changes 
somewhat as the substrate temperature changes. The 
grain size increased as the temperature was increased 
from 100 to 250°C. Higher substrate temperature 
reduces the grain size. The difference in surface 
mobility of the radicals over the temperature range is 
very small. Again, as shown in Fig. 8, the depen- 
dence of grain size on the SiH 3 /SiH ratio and on the 
substrate temperature are similar. 

From these experiments we are led to conclude 
that SiH 3 radicals play an important role in produc- 
ing large grains. This probably means that they have 
low reactivity on the hydrogen-terminated silicon 
surface. They move on the surface until they find a 
suitable site where they are incorporated into the 
film [7,8]. 

The grain size increased as the film thickness 
increased. To explore whether the grain size keeps 
on increasing as the film thickness is increased, a 
poly-Si film was deposited to a greater total thick- 

Fig. 9. Cross-sectional TEM images of a 4-^m thick poly-Si film 
deposited by 98% hydrogen dilution. 



378 K.C. Wang et al/AppliedSurface Science 104/105 (1996) 373-378 

ness using the conditions for sample S-98. Fig. 9 
shows the cross-sectional TEM images of this thicker 
film. The maximum grain size was about 1.2 /xm. 
The grain was not a perfect cone shape. The edges of 
the cone side seem to be distorted. When the grains 
are expanding freely, without any side obstructions, 
they should grow in a cone shape. After they expand 
laterally for some distance, neighboring grains inter- 
sect with each others. If the growth rates of two 
intersecting grains differ substantially, the one with 
the higher growth rate survives and the other stops 
growing. Based on our XRD observations, it appears 
that grains in the (110) and (111) orientations, will 
keep on expanding, while others stop growing and 
remain small. When coalescence occurs between two 
grains having the preferred orientation, the competi- 
tion for grain expansion results in the distortion of 
the side-edge of the cone-shaped grains. Grain 
boundaries are also determined by the coalescence 
between the two preferentially oriented grains. 
Therefore, the distance between the two closest pref- 
erentially oriented grains limits the grain expansion 
and also determines the maximum grain size of the 
deposited poly-Si films. 

4. Conclusions 

The formation of large grained poly-Si films is 
facilitated by the hydrogen 'etching' effect which is 
more efficient when the hydrogen dilution ratio is 
high. The etching eliminates energetically unfavor- 
able configurations. The grain size increase is related 
to the ability of grains to expand laterally. The grain 

size ultimately limited by the maximum spacing 
between two nearest neighbor grains having a pre- 
ferred orientation. The lateral growth rate is deter- 
mined by the energy of the ions, the ion species 
(SiH3 or SiH etc.), and the trap states of growing 
surface of the silicon films. Heavy hydrogen dilution 
provides hydrogen passivations of the dangling bonds 
of silicon atoms on the growing surface and thus 
increases the surface mobility of the silicon-hydride 
radicals on the growth surface. The SiH3 species 
have a high surface mobility on the growth surface. 
The dependence of grain size on the SiH3/SiH ratio 
and on the microwave power, deposition pressure, 
and substrate temperature are similar. A simple model 
based on our experimental data is proposed to ex- 
plain the poly-Si film formation and the growth of 
grains in the films. 

References 

[1] K.C. Hsu, PhD Thesis, Dept. of Electrical Engineering, Natl. 
Tsing Hua University (1993). 

[2] K.C. Wang, H.L. Hwang and T.R. Yew, Appl. Phys. Lett. 64 
(1994) 1204. 

[3] K.C. Wang, K.L. Cheng, Y.L. Jiang, T.R. Yew and H.L. 
Hwang, Jpn. J. Appl. Phys. 34 (1995) 28. 

[4] K.C. Wang, H.L. Hwang, P.T. Leong and T.R. Yew, J. Appl. 
Phys., in press (1995). 

[5] K.C. Wang, T.R. Yew and H.L. Hwang, Appl. Surf. Sei. 92 
(1996) 99. 

[6] C.C. Tsai, R. Thompson, C. Doland, F.A. Ponce, G.B. Ander- 
son and B. Wacker, Mater. Res. Soc. Symp. Proc. 118 (1988) 
49. 

[7] K. Tanaka and A. Matsuda, Mater. Sei. Rep. 2 (1987) 139. 
[8] T. Kamei, G. Ganguly, N. Hata and A. Matsuda, J. Non-Cryst. 

Solids 43 (1993) 164. 



applied 
surface science 

ELSEVIER Applied Surface Science 104/105 (1996) 379-384 

Characterization of nitrided Si02 thin films using secondary ion 
mass spectrometry 

M.R.Frost *,C.W. Magee 
Evans East, 666 Plainsboro Road, Suite 1236, Plainsboro, NJ 08536, USA 

Received 28 June 1995; accepted 11 September 1995 

Abstract 

For the fabrication of MOS devices, the incorporation of nitrogen into thin SiOz dielectric films has been shown to 
improve the electrical and structural integrity of the films. For example, nitrogen present at the Si02/Si interface acts to 
enhance the charge-trapping properties of the oxide. Furthermore, nitrided oxides are more resistant to impurity and dopant 
diffusion and further oxidation than non-nitrided films. The understanding of the nitriding process has progressed to the 
point where the distribution and concentration of the nitrogen (the N depth profile) can be controlled, to some extent. The 
final N depth profile in these films is a critical piece of information to the process engineer. By using different nitriding 
agents and growing the films using varying temperatures and times, the nitrogen can be 'concentrated' at virtually any depth 
in a very thin oxide (< 100 A). We have successfully employed secondary ion mass spectrometry (SIMS) for determining 
the nitrogen distributions in such films. Using an Si02 standard, calibrated both in terms of concentration and film thickness, 
accurate quantification of unknown samples has become straightforward. Through the extensive development of the 
instrumental protocol, the long-term reproducibility of this measurement has been shown to be better than 9%. The N 
detection limit using this protocol is approximately 0.001% atomic. We will present recent examples of results using SIMS 
on dielectric films processed using a variety of oxidation and nitridation conditions. 

1. Introduction 

There has been ample research conducted that 
outlines the beneficial aspects of the use of nitrided 
gate oxides in current generation metal-oxide-semi- 
conductor (MOS) devices. One of the critical ways 
in which these films build in reliability is when used 
as a diffusion barrier for dopants from both the gate 
to the channel and vice versa. The characterization of 

* Corresponding author. 

nitrided oxides, in terms of understanding where the 
N is located within the layer and obtaining an accu- 
rate concentration determination, has proven to be a 
challenge. Given that current MOS technology uti- 
lizes gate oxides having thicknesses of less than 100 
A, depth resolution has been the major limiting 
factor. In this paper, the use of secondary ion mass 
spectrometry (SIMS) for the depth profile characteri- 
zation of nitrided oxide films is demonstrated, where 
the depth resolution, sensitivity, accuracy and preci- 
sion are high. Other analytical techniques have been 
utilized in an effort to characterize the N profile in 
such films, e.g. Auger electron spectroscopy (AES) 
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[1,2], X-ray photoelectron spectroscopy (XPS) [3], 
nuclear reaction analysis (NRA) [4] and neutron 
depth profiling (NDP) [5]. Also, various approaches 
to the SIMS technique have been applied to the 
analysis of nitrided oxide films [6]. However, in this 
study, the use of Cs bombardment and CsX+ detec- 
tion (X = N, O, Si, etc.) [7] has been exploited. The 
merit of using this technique will be discussed, and 
examples will be illustrated showing how this tech- 
nique has been used to better understand nitrided 
oxide thin films. 

2. Cesium cluster ion spectrometry 

In SIMS, a focussed, energetic beam of ions is 
accelerated towards a sample surface, and the colli- 
sions between the ion beam and the sample results in 
sputtering. During sputtering, many types of sec- 
ondary particles form. In the more conventional ana- 
lytical schemes, Cs ion bombardment is used to 
enhance negative secondary ion emission. This is 
especially the case for electronegative species, such 
as N, O and Si. However, in this work, Cs bombard- 
ment was used to form cesium cluster ions, CsX + 

(where X = analyte atom). 
Cesium cluster ion SIMS has been used success- 

fully in the past by others [7,8]. Although the ion 
yields (and thus sensitivity) are lower using this 
mode of SIMS compared to using negative ion detec- 
tion, many benefits are realized. One distinct advan- 
tage of CsX+ detection is the reduced matrix effect 
encountered between Si02 and Si. Compared to 
using negative ion detection, where the change in ion 
yield can be as much as 2 orders of magnitude, 
CsX+ detection experiences a mere 6X change. As a 
result, the data interpretation becomes much more 
straightforward, since the Si and O profiles are flat in 
the oxide layer, and their raw signals closely repre- 
sent their true change in concentration. 

3. Quantification 

Our experiments were conducted using a PHI 
Model 6600 SIMS instrument, on which the mass 
spectrometer is quadrupole-based. Low energy (1 
kV) Cs primary ion bombardment at 25 nA of beam 

current, rastered over a 500 X 500 /xm area, was 
used to obtain a low sputter rate. Through an exten- 
sive development of the remaining instrument condi- 
tions, an optimized analytical protocol is now in 
place. Strict adherence to the protocol is necessary to 
obtain high accuracy and precision in the measure- 
ment. 

One of the important aspects in the measurement 
of the N in nitrided oxide films is the accuracy of the 
quantification. In SIMS, quantification is typically 
achieved using relative sensitivity factors (RSF's) 
generated from the analysis of ion implanted stan- 
dards, for which the dose of the implanted species is 
well-known. If, for example, the analysis is for N in 
Si02, then an ion implanted standard of N into Si02 

must be used to generate the RSF to obtain the 
highest level of accuracy. This quantitative strategy 
results in a level of accuracy primarily limited by the 
accuracy of the dose of the implanted standard, 
typically around 10%. 

Although the use of Cs cluster ion SIMS reduces 
the matrix effect significantly relative to other modes 
of SIMS, it does not remove it completely. The 
extent to which CsN+ forms in bulk Si02 is approx- 
imately 5.7 X higher than that in bulk Si. This was 
determined by comparing the RSF's from ion im- 
planted standards of N in Si and Si02. Knowing this, 
it might be expected that there would also be a 
measurable change in ion yield from N (as CsN+) in 
the transition region of the Si02/Si interface than in 
the bulk of either matrix. It is imperative for accurate 
quantification that the extent of this matrix effect be 
well-understood. 

An experiment was conducted to investigate the 
interface matrix effect. Three wafers, each contain- 
ing a nitrided oxide film, were reoxidized, each 
receiving different oxidation times. During the pro- 
cess of the reoxidation, which is a reaction between 
oxygen that has diffused to the substrate interface 
and the Si from the substrate, the interfacial nitrogen 
was 'pushed' away from the interface by the newly 
formed Si02. Depth profiles obtained using SIMS on 
these four samples are shown in Fig. 1. In effect, the 
amount of nitrogen originally present at the interface 
was now present in the 'bulk' of the oxide, making it 
perfectly amenable to quantification by the conven- 
tional approach of using an ion implanted standard 
of N in Si02. By doing so, the amount of N origi- 
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nally at the interface (stated in terms of an areal 
density in units of atoms/cm2) was back-calibrated 
using the areal density determined in the bulk of the 
oxide layer. It was observed that this matrix effect 
was approximately 3 X . Subsequently, the original 
nitrided oxide film (not reoxidized) had a calibrated 
amount of N, and could be used as a standard for 
quantifying the N in unknown gate oxide films in 
which the N is located at the interface. A fully 
quantified depth profile of the calibrated nitrided 
oxide standard is shown in Fig. 2. 

Using this instrumental protocol for N analysis, a 
nitrided oxide film was chosen as a 'statistical pro- 
cess control' (SPC) sample, for use in determining 
the long-term precision of the measurement. For 
every set of analyses, the calibrated nitrided oxide 
standard would be analyzed, and the RSF generated 

from this analysis was used to obtain the peak 
concentration of the N located at the Si02/Si inter- 
face of the SPC sample. This measurement was 
repeated on a regular basis for a time period of 18 
months. An SPC chart was generated, and is shown 
in Fig. 3. It was determined that the precision of this 
measurement, as expressed in terms of the relative 
standard deviation (la), was better than 9%. The 
precision of a single set of measurements made in 
one day would be expected to be in the 1 -2% range. 

4. Applications 

Cesium cluster ion SIMS has been utilized for the 
measurement of N in nitrided oxide films fabricated 
using a variety of oxide growth and nitridation con- 

Depth (A) 

Fig. 1. 
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ditions. These studies proved useful for the re- 
searchers and engineers involved by allowing them 
to better understand these processes. A few of the 
studies are discussed below. 

In Fig. 4, the depth profile for N shows, much 
like that shown above for the example showing the 
matrix effect, that during reoxidation, the N that 
originally accumulated at or near Si02/Si interface 
was removed from the interface and finally resides 

SPC Chart/Peak Nitrogen Concentration 

Fig. 3. 

near midfilm. This type of layer structure has excel- 
lent interpolysilicon dielectric characteristics, when 
used in an EPROM application. From a characteriza- 
tion standpoint, this SIMS technique provided the 
high depth resolution necessary to observe the loca- 
tion of the N. 

Due to the depth resolving capability of this 
method, it was also possible to learn that the final 
position of N incorporated using different process 
sequences can differ slightly. Fig. 5 is a comparison 
of the N depth profiles resulting from (i) growth in 
N20 followed by an anneal in 02 and (ii) oxide 
growth in 02 followed by N20 anneal. The final 
oxide thickness of these two films was approxi- 
mately equivalent. The location of the N resulting 
from (i) is shallower by the thickness of the oxide 
grown in the 02 annealing step. 

The minimum Si02 film thickness that can be 
measured using Cs cluster ion SIMS is limited by the 
depth resolution of this technique, which is in the 
15-20 A range. Another potential problem is that the 
signal from adventitious N on the surface can over- 
lap the N from nitridation. In Fig. 6, an overlay of 
five N profiles is presented. These samples each 
received the same nitridation treatment, but the pre- 
ceding oxidation steps involved varying oxidation 
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times, resulting in different oxide film thicknesses. 
The N in sample 1, which has an oxide thickness in 
the range of the depth resolution of the technique, is 
not well resolved from N surface contamination. 
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However, the oxides for samples 2-5 are thicker, 
allowing for adequate resolution of the N profile. 

For process optimization in MOS technology, it is 
imperative that there be empirical understanding of 
the chemical composition of the gate dielectric layer. 
By correlating the electrical performance of the gate 
oxides with the variation in N resulting from itera- 
tive nitridation treatments, one can draw substantive 
conclusions concerning the optimum process, as well 
as document the process itself. A range of nitridation 
processing conditions was used to produce the N 
profiles shown in Fig. 7. From these data, the manu- 
facturing engineer was able to determine the ideal 
process flow. 

5. Conclusions 

Secondary ion mass spectrometry can be used to 
obtain high-depth-resolution depth profiles of N in 
nitrided oxide layers. Under low energy Cs bombard- 
ment, secondary sputtered species clustered with Cs 
provide high sensitivity for N. Using a carefully 
developed instrument protocol, including the use of a 
specially-calibrated standard, high accuracy and pre- 
cision are also obtained. 
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Abstract 

In this paper, we investigate the germanium behaviour during the low temperature plasma assisted oxidation of strained 
epitaxial Si, _xGex (x = 0.05, 0.1 and 0.2) layers. For an oxidation temperature of 500°C and an oxide thickness between 80 
and 350 A, using Auger depth profiling, we find that the oxidation process leads to the formation of a pure Si02 top layer 
and the rejection of Ge at the oxide/alloy interface. Taking into account in a suitable way the broadening effects affecting 
the Auger profiles, we show that a pure Ge layer is formed at the interface. For longer oxidation times, this interfacial layer 
reaches a 'critical' thickness which is found to be independent of the germanium concentration of the SiGe substrate. Then, 
some germanium atoms begin to be embedded in the Si02 layer before starting to be oxidized. 

1. Introduction 

SiGe alloys offer the opportunity to grow new 
heterostructure based devices such as the heterojunc- 
tion base transistor (HBT) [1,2], as well as to im- 
prove existing ones such as pMOS transistors [3,4] in 
silicon technology. However, in order to use SiGe 
alloys in Si-based devices, it is of primary impor- 
tance to study the oxidation of these alloys since it is 
a major step in Si technology. Moreover, since sili- 
con oxidation has been studied for a long time, it is 
of physical interest to compare the basic physical 

Corresponding author. 
Present address: Institut Superieur d'Electronique de la Medi- 

terranee, ISEM Maison des Technologies, Place G. Pompidou, 
83000 Toulon, France. 

phenomena involved in both silicon and SiGe oxida- 
tion. 

Investigations performed so far on SiGe oxidation 
have been mainly concerned with thermal oxidation 
and have shown different behaviours depending on 
the oxidation conditions and alloy composition. In 
the case of wet oxidation, for Ge concentrations 
below 50%, a pure Si02 layer is formed and a Ge 
pileup occurs at the Si02/SiGe interface [5]. For Ge 
concentrations above 50%, both Si and Ge are first 
oxidized. Then, when the oxide layer reaches a given 
thickness, the oxygen concentration at the reactive 
interface becomes so low that only Si is oxidized and 
Ge starts to pile up in a mechanism similar to the 
low Ge content case [6,7]. As a more general rule, 
the nature of the oxide formed depends on whether 
thermodynamic or kinetic factors dominate. The 
thermodynamic factors lead to Si02 formation with 
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a rejection of Ge while when the kinetic dominates, 
the oxide formed is a mixture containing both Si02 

and Ge02 [8]. In case a Si02 layer is formed, an 
increase by a factor of about 2 of the oxidation rate 
in the linear regime of SiGe compared to Si is 
observed. This increase has been explained by the 
presence of the Ge rich layer at the interface [5,9-11]. 

As regards dry oxidation, the formation of a Si02 

top layer with a Ge pile up at the interface has been 
reported too [7,11,12]. However, no increase of the 
oxidation rate of SiGe alloys with respect to Si has 
been noted although a Ge rich layer is present at the 
interface. LeGoues et al. [5] have tentatively ex- 
plained this discrepancy by considering the impor- 
tant difference in oxidation rates between dry and 
wet oxidation. Following them, the Ge rich interfa- 
cial layer would prevent intersticiels formation, which 
is the limiting factor in wet oxidation but not in dry 
oxidation which is much slower. On the other hand, 
electrical C(V) measurements reveal that this Ge 
rich interfacial layer probably accounts for the rather 
high interfacial defects densities measured [5,13-15]. 
However, up to now, little interest has been devoted 
to accurately describe the precise composition and 
structure of this interfacial layer although its role 
seems prominent on oxidation kinetics as well as on 
the electrical properties of the oxides formed. 

Finally, thermal oxidation processes implying high 
temperatures (700-1000°C) are quite questionable 
when applied to strained SiGe layers since they can 
undergo dislocations formation and degradation of 
electrical characteristics under such high temperature 
treatments. Clearly, low thermal budgets are highly 
desirable for processing such strained layers. That is 
why, in this paper, we report on the low temperature 
plasma-assisted-oxidation of strained SiGe alloys, 
which has not been much investigated so far [14,19]. 
Using mainly Auger electron spectroscopy (AES) 
and Auger depth profiling (ADP), we describe the 
nature of the oxides formed under such plasma con- 
ditions and we focus on the composition of the 
interfacial layer. 

2. Experimental 

In this work, we use strained n-type Si,_xGe^ 
(x = 0.05, 0.1 and 0.2) layers grown by chemical 

vapour deposition (CVD) at 700°C on n-type Si(100) 
substrates. The thicknesses of these layers are 360 
nm for Si095Ge005, 250 nm for Si09Ge0, and 73 nm 
for Si08Ge02 [20]. Oxidation is performed at 500°C 
using an oxygen plasma source (OPS). This OPS 
consists of a curved quartz tube fitted on an UHV 
flange in order to allow its introduction in an UHV 
system (base pressure 3 X 10'10 Torr). A dc plasma 
is formed in this tube at an oxygen pressure less than 
1 Torr and oxidant species can effuse through a 
submillimeter hole. Auger measurements are carried 
out using an electron beam energy of 5 keV and a 
current of 900 nA. Auger Si LVV, Si KLL, Ge 
LMM and O KLL spectra are acquired in the undif- 
ferentiated mode and the peak heights are taken as 
the signal intensity. For Auger depth profiling, the 
samples are sputtered by using an ion gun working at 
1 keV and 0.1 /u,A/cm2. During the sputtering and 
simultaneous AES measurements, the argon pressure 
is 5 X 10"8 Torr in the analysis chamber. The inci- 
dence angles of electron and ion beams are 45° and 
60° respectively, referred to the normal in the sam- 
ple. Before loading in the UHV system, the samples 
are prepared with a 30 s dip in a H20:HF solution 
with 9:1 volume ratio, rinsed in de-ionized water 
and blown dry with N2. In order to avoid the relax- 
ation of the strained layers, the native oxide is 
removed by a light ion bombardment instead of high 
temperature thermal desorption. The samples are then 
heated at temperatures that do not exceed 600°C 
until a (2X1) surface reconstruction is visible in 
LEED. 

In this study, we make use of Auger depth profil- 
ing in order to determine the thickness and composi- 
tion of the interfacial layer. However, due to broad- 
ening effects and variations of the sputtering rate 
with materials, Auger profiles do not generally give 
the 'true' in depth concentration profiles. The most 
visible effect is an apparent broadening, generally 
described by a resolution function [16] g(z) which 
affects the shape of the true in depth concentration 
distribution, c(z). We have chosen a Gaussian reso- 
lution function which seems a reasonable approxima- 
tion in most cases and which is described by only 
one parameter a (the standard deviation). The main 
factors contributing to the total depth resolution A zT 

= 2 a are: the Auger electron escape depth A, the 
atomic mixing, the primary ion implantation and 
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sputtering erosion processes. Each factor gives rise 
to its own depth resolution which can be evaluated in 
the case we know all the parameters involved. The 
total depth resolution A zT associated with the depth 
z could then be taken as the sum of all the squared 
uncertainties due to the factors mentioned above. In 
this work, considering the depth range we are going 
to work (between 80 and 350 A), the energy and 
angle of ion beam, we have taken into account only 
two types of broadening effects: the Auger electron 
escape depth and the atomic mixing. Then, the total 
depth resolution can be approximated by [16]: 

20 

b 15 

AzT = 2o-=V(1.6A)  +kz (1) 

In Eq. (1), A is the Auger electron escape depth 
and z is the depth. Since the atomic mixing is 
approximately the same in the Si02 and SiGe [16], 
we have determined the parameter k using a sample 
consisting of 73 nm Si0 8Ge0 2 on Si. This sample is 
known to present a sharp interface so that we can 
measure the total depth resolution associated with a 
73 nm depth. Calculating the electron escape depth 
for Ge in SiGe with the Seah and Dench formula 
[17], we have then determined the value of k (k = 16 
A). Taking into account this value and the depth 
range under study in this work (80-350 A), the 
contributions to the depth resolution due to the es- 
cape depth and the atomic mixing are then of the 
same order of magnitude. This reinforces the choice 
we make of a Gaussian resolution function [16]. 

Once a good approximation of the total depth 
resolution is obtained, an estimated model for the 
true concentration profile is built. The validity of the 
model is then tested by making the convolution with 
the appropriate gaussian function. The result is then 
compared with the measured profile. In order to 
compare the experimental and simulated Ge Auger 
profiles, the experimental Ge Auger intensity is nor- 
malized to that in pure Ge. We choose this simple 
procedure since for SiGe alloys, it gives the right Ge 
content when compared to RBS or XRD measure- 
ments. 

Finally, we have tested the whole procedure on a 
test sample consisting of a 10 A pure Ge epitaxially 
grown layer on Si(100) and covered with a 100 A 
thick epitaxial Si layer. The best fit we find (Fig. 1) 
in this case is for a Ge content of 100% and a 
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Fig. 1. Comparison between measured Auger profile and simu- 
lated one for the following structure: 100 A Si/10 A Ge/Si 
substrate. 

thickness of 11 A which validates our fitting proce- 
dure. Complementary details on the fitting procedure 
can be found elsewhere [21]. 

3. Results and discussion 

In this section, we present results relative to oxi- 
dized strained SiGe layers on Si(100) with three Ge 
contents (5, 10 and 20 at% Ge) and for different 
oxidation times at 500°C. Fig. 2 shows a typical 
Auger profile recorded after short oxidation time 
(< 1 h) of a Si08Ge02 layer. The general trends 
observed on this profile are similar for all samples 
discussed here. More precisely, we can note the 
formation of a top oxide layer. The associated Si 
KLL Auger line exhibits a chemical shift (~ 10 eV 
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Fig. 2. Typical Auger depth profile measured after plasma oxida- 
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towards lower kinetic energies with respect to pure 
silicon), corresponding to silicon dioxide, and no 
evidence of the presence of germanium has been 
detected. Below this Si02 layer, the profile of Fig. 1 
evidences the presence of a Ge rich interface layer. 
The germanium oxidation state will be determined 
using the energy shift of the Ge LMM Auger line 
recorded at this interface with respect to pure germa- 
nium. The following is concerned with the precise 
determination of the composition and width of this 
interface layer. 

In order to compare the experimental Auger pro- 
file measured on these samples with reconstructed 
ones, we have first transformed the time scale into a 
thickness one. In this work, the samples studied 
consist of three distinct composition layers. The top 
layer is pure Si02 where the concentrations of the 
elements are constant. The next layer is a 'transition' 
region where all the concentrations change. Lastly, 
the third region represents the bulk SiGe layer. As 
the compositions do not vary in the first and third 
regions, the sputtering rates are constant in these 
regions. We have measured them using reference 
samples: one with 50 nm of thermally grown Si02 

layer on Si and an other with 73 nm Si0 8Ge0 2 layer 
grown on Si. Concerning the transition region, as its 
extension is not very large and as the two measured 
sputtering rates are close together (VSi0 = 0.64 
A/min and VSiGe = 0.71 A/min), we have chosen a 
linear variation of the sputtering rate from VSi0 at 
the beginning of this region to VSiGe at the end of 
this region. After this scale transformation is done, 
we determine the oxide thickness, doxm, for each 
sample. In order to do this, we estimate the interface 
position at the thickness for which the oxygen Auger 
intensity is half its value in pure Si02. Then, we fit 
these experimental profiles with simulated ones us- 

60 90        120 

Depth (Ä) 

Fig. 3. (a) Representation of the Gaussian resolution function and 

Ge profile used for the convolution in the model, (b) Comparison 

between the experimental Ge profile (dotted line) and the simu- 

lated one (full line). 

ing the method detailed in the previous section. In 
Table 1, we have summarized the parameters used in 
our fitting procedure. 

For instance, we consider the case of an 80 A 
thick oxide layer on SiGe 20%. Fig. 3a shows the 
step function corresponding to the Ge concentration 
profile and the broadening Gaussian function used to 
obtain the best fit presented on Fig. 3b. The excellent 
agreement between the experimental and simulated 
Ge profile observed in Fig. 3b is common for all the 
samples obtained after short oxidation times at 500°C. 
This strongly supports the assumption of a step like 

Table 1 

Parameters used in the fitting procedure together with the independently estimated ones 

Notation Signification 

CGeT germanium concentration at the Si02/SiGe interface (calculated by the simulation code) 

L Ge-rich interface width (calculated by the simulation code) 

dmf oxide thickness (calculated by the simulation code) 

o-f standard deviation of the Gaussian resolution function (calculated by the simulation code) 

a standard deviation of the Gaussian resolution function (independently estimated using Eq. (1)) 

doxm oxide thickness experimentally measured using Auger intensities 
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function for the Ge profile that we make. Applying 
the same method to other samples leads to the results 
presented in Table 2. In this table, doxm is the oxide 
thickness measured on the profile whereas doxt is the 
oxide thickness, CGeT is the Ge concentration in the 
interface layer, L is the width of this layer and <rf 
the standard deviation of the Gaussian resolution 
function determined by the fit. 

From these results, a point to be discussed is the 
value of the standard deviation of the Gaussian 
function o\ For increasing oxide thickness, the a{ 

value found by the fit increases too as expected from 
Eq. (1). Moreover, we can note that for two different 
samples with different Ge content and the same 
oxide thickness, the two corresponding values of at 

are very close. As the values of crf found by the fit 
are close to the calculated ones (Eq. (1)), it shows 
that the broadening effect is rather well estimated in 
our treatment. This in turn validates the values of 
Cr, and   L found within our model.  Indeed, a 
significant variation of CGeT with respect to those 
reported in Table 2, would lead to very different 
values of <rf which would no more be in agreement 
with the calculated ones. 

As regards the first step of oxidation of SiGe 
layers, the most important result in Table 2 are the 
CGeT values. Indeed, whatever the samples studied 
here, this concentration lies always above 95%. It 
means that when a pure SiOz layer is formed, the 
rejection of Ge from the growing oxide leads first to 
the formation of a pure Ge layer at the interface. 
This conclusion is of primary interest in order to 
explain the difference observed in the oxidation ki- 
netics between Si and SiGe in the linear regime. 

Table 2 
Results obtained by fitting the simulated Ge profiles to the 
experimental ones for three Ge contents and different oxidation 
times at 500°C 

Sample ^oxm ^oxf         QieT         L a o-f 

composition (Ä) (A) (Ä) (Ä) (Ä) 

Si09Ge0, 81 78 4.5 24.5 24.2 

^'0.95"e0.05 81 84 2 24.5 24.6 
Si08Ge02 79 81 11 24.3 24.5 

^'0.8^0.2 100 98 13 26 26 
Si09Ge0 j 124 120 6.5 27.8 26.5 
Si095Ge005 174 176 4 31.2 31 
Si09Ge0 i 201 193 10.5 32.9 33.5 
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Fig. 4. Auger depth profile measured after plasma oxidation of a 
Si0 8Ge0, layer at 500°C. The interfacial region can be divided in 
two parts. The first part, near the substrate, is a pure Ge layer. The 
second part shows the Ge incorporation in the Si02 layer. 

Indeed, in this regime, the oxidation rate is mainly 
limited by the interface reactions. One can expect the 
presence of a pure Ge layer at the interface to 
strongly modify these reactions with respect to the 
case of pure Si. 

Fig. 4 shows the Auger profile obtained after one 
hour oxidation of a SiGe 20% sample at 500°C. As 
in the previous cases, for shorter oxidation times, the 
top layer consists of a pure Si02 layer with no 
evidence of the presence of Ge. There is always a 
transition region between this layer and the underly- 
ing SiGe substrate. The difference is that in this case, 
our profile simulation code does not succeed to 
provide a good fit. Indeed, as we can see in Fig. 4, it 
is quite evident that the germanium profile can no 
more be fitted by the convolution between a Gauss- 
ian function and a simple step like concentration 
profile. The interface region can be divided in two 
parts. The first part, adjacent to the Si02 layer, is 
made of silicon dioxide containing some germanium 
(~ 10%). The Ge LMM Auger line recorded in this 
region shows that the germanium is in its elemental 
state (not oxidized). The second part, next to the 
SiGe substrate exhibits the same Auger profile char- 
acteristics than the interface layer formed after shorter 
oxidation time. We can then suppose that this region 
is a layer containing almost pure germanium. The 
same interface behaviour (i.e. incorporation of ele- 
mental Ge in the silicon dioxide) has been observed 
with the Si09Ge0 j and Si095Ge005 substrates but 
after 2 and 4 h oxidation respectively. This tends to 
demonstrate that the incorporation of germanium in 
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Si02 occurs once the pure Ge interfacial layer reaches 
a 'critical' thickness. This thickness corresponding to 
the transition between formation of a pure Si02 

layer with complete rejection of Ge at the interface 
and the beginning of Ge incorporation in the oxide 
has been measured. Its value is around 10 or 11 A 
and is independent of the concentration of Ge in the 
SiGe substrates used in this study. In a paper dealing 
with thermal oxidation of SiGe layers with Si02 

formation [5], LeGoues et al. have demonstrated by 
TEM measurements that the Ge rich interfacial layer 
could be for thin Si02 layers perfectly commensu- 
rate with underlaying SiGe. As the thickness of this 
enriched layer increases, they supposed that it would 
become energetically more favorable to generate dis- 
locations between the enriched layer and the SiGe 
substrate. In a more recent work, Cracium et al. [18] 
have studied the low temperature (550°C) UV-as- 
sisted oxidation of SiGe (20% Ge) leading to the 
formation of Si02 with rejection of Ge at the 
oxide/substrate interface. TEM measurements have 
been performed concluding that even at such a low 
oxidation temperature the interface layer is crys- 
talline and completely commensurate with the SiGe 
substrate. Using Auger depth profile, they observed 
that, for long oxidation time, a small amount of Ge 
was incorporated in the silicon dioxide layer. They 
performed high-resolution X-TEM measurements and 
they concluded that this Ge forms Ge or Ge-rich 
SiGe microcrystals. From these two studies, we can 
suppose that in our oxidation configuration the pure 
Ge interface layer formed in a first time has a 
crystalline structure and is commensurate with the 
SiGe substrate. If it were actually the case, the 
dislocation formation observed by LeGoues et al. or 
the formation of microcrystals embedded in the Si02 

layer described by Cracium et al. could be related to 
the incorporation of Ge in the oxide we have ob- 
served in our study. The fact that this incorporation 
occurs always when the same amount of Ge is 
segregated at the interface seems to act along the 
same lines. Such formation of microcrystalline Ge 
inclusions in Si02 has also been reported by Liu et 
al. upon the reduction of a mixed oxide SiGe02 [22]. 

Fig. 5 shows the Auger depth profile obtained 
after two hours oxidation of Si0 8Ge0 2 at 500°C. As 
in the profile shown in Fig. 4, we form a pure Si02 

top layer with rejection of Ge at the oxide/substrate 

Owgen Germanium 

200       300 400 

Depth (Ä) 

Fig. 5. Auger depth profile measured after plasma oxidation of a 
Si08Ge02 layer at 500°C. The Ge LMM in an oxidized state is 
represented indicating that the Ge embedded in the Si02 layer 
starts to be oxidized. 

interface. This interface can be again divided in two 
parts. A first part close to the SiGe substrate is made 
of pure Ge and its extension is around 10 or 11 A. 
The second part consists of a Si02 layer with some 
Ge embedded in. The main difference with the pro- 
file presented in Fig. 4 is that according to the Ge 
LMM Auger line, the germanium found in the Si02 

layer begins to be oxidized. The presence of an 
energy shift (~ 9 eV towards lower kinetic energies) 
indicates the presence of some germanium atoms in 
a fully oxidized state. The fact that we do not start to 
oxidize the germanium right at the beginning of the 
oxidation process (when the oxygen flux is maxi- 
mum), but only after a 'critical' amount of Ge has 
been segregated at the interface can be explained as 
follow. In the first step of the SiGe oxidation, the 
oxidant species can react with silicon and/or germa- 
nium atoms. As it is energetically more favorable to 
form Si02 than Ge02 (-234.5 kcal/mol for Si02 

and -153.2 kcal/mol for Ge02 [12]), the oxide 
formed is pure Si02 and the germanium atoms are 
rejected at the interface. However, after long oxida- 
tion time, there are some germanium atoms embed- 
ded in Si02. The oxidant species diffusing across the 
Si02 layer then react with these Ge atoms before 
they reach the reactive interface and the silicon 
atoms. 

4. Conclusion 

In this study, we have shown that during plasma- 
assisted-oxidation of Si^^Ge^ (x = 0.05, 0.1, 0.2) 
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at 500°C, a pure Si02 layer is formed with rejection 
of Ge at the interface. Using reference samples and 
proper treatments, we have estimated quite precisely 
the influence of broadening effects on Auger pro- 
files. Taking then these effects into account, we have 
been able to recover the 'true' germanium profile in 
our layers. This allows us to conclude that Ge from 
the alloy piles up forming a pure Ge layer at the 
oxide/alloy interface during oxidation. After longer 
oxidation time, the interfacial Ge pure layer reaches 
a 'critical' width (between 10 and 11 A). This width 
is found to be independent of the substrate germa- 
nium concentration (within the range under study 
here). Once this interfacial thickness is reached, Ge 
starts to be embedded in the Si02 layer when the 
thickness of the Ge pure layer remains constant. 
Then, the germanium atoms embedded in the Si02 

layer start to be oxidized. 
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Abstract 

We have studied the heteroepitaxial growth of CaF2 on Si(lll) by high resolution low energy electron diffraction. 
Analysing spot profiles recorded during CaF2 deposition (SPA-LEED) we obtained information about the film morphology. 
The spots show a central spike and diffuse shoulder caused by atomic steps of the CaF2 film. In order to evaluate 
quantitatively the layer distribution from the intensity oscillations of the central spike at the out-of-phase condition we 
included the interference between substrate and adlayer in our analysis. Depositing CaF2 at 300°C we conclude from the 
central spike intensity that the nucleation of the second CaF2 layer starts immediately. We attribute this behaviour to the 
poor binding of the CaF2 molecules to the 7 X 7 substrate so that obviously the nucleation at surface defects (atomic steps, 
anti-phase boundaries) is favoured. The analysis of the central spike oscillations also reveals that the film grows in the multi 
layer growth mode at higher coverages. 

1. Introduction 

The epitaxial growth of insulating films on semi- 
conductors receives more and more attention because 
these films are well suited to design electronic de- 
vices, for instance to fabricate three dimensional 
integrated circuits. First, one has to grow insulating 
films of good quality before one can deposit metallic 
or semiconducting material on top of it. On the other 
hand growing multi layers on a nanometer scale also 
opens the possibility to build electronic devices with 
new properties. Here quantum effects (e.g. discrete 
spectrum of energy levels, electron tunneling) will 
play a very important role. Of course, one also needs 
epitaxial defect free insulating layers to obtain well 
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working quantum devices. For instance pin holes for 
insulating layers could short circuit two adjacent 
metallic or semiconduction layers so that quantum 
effects would be immediately destroyed. 

For epitaxial insulating adlayers on silicon CaF2 

is a very good candidate since the misfit between 
CaF2 and Si is less than 0.5% at room temperature. 
CaF2 grows with the (111) surface because this is 
the non-polar surface of the fluorite structure. There- 
fore Si(lll) is the best suited substrate for the 
epitaxial growth of CaF2. On the other hand, if one 
deposits CaF2 on Si(100) one obtains a grooved 
morphology for thin films [1] so that these films may 
not be closed in the regime of very few atomic layers 
necessary for quantum devices. 

Up to now most morphology studies have been 
carried out for thin films of some 100 nm thickness 
[2]. On the other hand recent STM studies focussed 
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their interest on the structure of submonolayer CaF2 

films grown at high substrate temperature [3,4]. From 
early RBS measurements [5] it is well known that the 
interface between CaF2 and Si substrate has the best 
quality if the CaF2 is deposited at 700°C. On the 
other hand, this high process temperature is often 
disadvantageous to producing electronic devices. 
Therefore we present here our investigation of the 
morphology of ultrathin CaF2 films grown at low 
temperature. 

For this purpose we used a high resolution SPA- 
LEED instrument because this experimental method 
has the advantage that one can record the diffraction 
pattern of the CaF2 during deposition using an exter- 
nal electron beam gun. From the analysis of the spot 
profiles one may obtain information about the mor- 
phology of the growing film. This method is well 
established to characterise the growth of homoepitax- 
ial films. On the other hand, there are some compli- 
cations for heteroepitaxial films because of the dif- 
ferent scattering amplitudes of the adlayer and the 
substrate. 

It is well known that for submonolayer heteroepi- 
taxial films the additional diffuse shoulders of the 
fundamental spots can be used to evaluate the ad- 
layer island size distribution and the adlayer scatter- 
ing amplitude [6,7]. Previously we reported about the 
effect of statistically distributed inhomogeneities on 
rough surfaces [8]. Up to now, no spot analysis for 
heteroepitaxial films with atomic steps is available. 
These effects, however, have to be included in the 
spot profile analysis to evaluate quantitatively the 
layer distribution of heteroepitaxial films. Therefore 
we extended the spot profile analysis to include also 
the nucleation of higher adlayers often observed for 
low temperature epitaxy. 

2. Electron diffraction at heteroepitaxial adlayers 

2.1. Basics 

For a diffracted electron beam the intensity can be 
calculated from 

'(^i)=E/Xeif(''-rJ (1) 
n,m 

where k{ denotes the wave vector of the incoming 

electron wave and K the scattering vector while /„ 
is the scattering amplitude of the nth surface atom 
and all underlying atoms (column approximation) 
and rn denotes its position [9]. Thus, generally, the 
intensity of a diffracted electron beam depends on 
both the kind of surface atoms and their positions. 

In the following we suppose that heteroepitaxial 
adlayers grow pseudomorphically so that both the 
adlayer and the substrate have the same regular 
lattice for all atoms. On the other hand it is immedi- 
ately clear that the scattering amplitudes of the sub- 
strate and the heteroepitaxial adlayer are different. 
Furthermore, considering the small penetration depth 
for low energy electrons, the scattering amplitude of 
the adlayer depends on the local coverage only dur- 
ing the very first stages of the adlayer deposition 
supposing the column approximation. For films 
thicker than some angstroms, however, this coverage 
dependence vanishes. Overall we conclude that the 
scattering amplitude depends only on the vertical 
position of the surface atoms, namely the layer distri- 
bution. 

Since the specular spot is not very sensitive to the 
lateral positions of surface atoms it is not affected if 
the adlayer is laterally non-pseudomorphic [10]. Thus 
the following spot profile evaluation is also valid for 
the (00) spot for incommensurate adlayers. On the 
other hand, there are drastic effects on the higher 
order spots since, for instance, they are strongly 
influenced by the lattice constant and lateral defects. 

For pseudomorphic adlayers with atomic steps 
Eq. (1) can be simplified to 

I(K, *j) = !>(#■, tfJe'V, 

introducing the scattering correlation function 

lh 
1,1+ h (r)e

1' 

(2) 

(3) 

where d denotes the level distance and r the lateral 
distance between atoms while K ± and K^ are the 
scattering vectors perpendicular and parallel to the 
surface, respectively. The pair correlation Clh{r) is 
the probability to find one atom at level / and a 
second atom at level h separated laterally by the 
distance r. 

Following the spot profile evaluation introduced 
by Lent and Cohen for stepped homogeneous sur- 
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faces [11], the pair correlation Clh(r) can be sepa- 
rated into 

Clh(r)=PlPh[l-4>lh(r)]    for    l±h 

with (£„,(0) = 1 and $,A(°°) = 0. Here 

P,= &,- ®, 

(4) 

'i+\ 

denotes the exposed coverage of the /th level. Ex- 
cept for the two fixed values for vanishing and 
infinity distance the function 4>lh(r) depends only on 
the details of the surface morphology. Finally, the 
missing pair correlation Cu(r) can be obtained from 

Cu(r)=P,-LClh(r) (5) 
h*l 

because the summation over all possible levels h for 
the second atom involved in the pair correlation 
equals the probability p, to find the first atom at the 
level /. 

Inserting Eqs. (4) and (5) into Eqs. (2) and (3) we 
obtain the intensity 

I(K,ki)=I0(K1,@)Y,8{Kl\-G\l) 
G» 

+ Idm(K,@). (6) 

Here G,, denotes the lateral reciprocal scattering 
vector. The intensity of the delta function like central 
spikes 

h{K±,0) = \{fhe
d^h)\2 (7) 

depends on the average scattering amplitude 

(fhe
idK^h)=Lphfhe

id^h 

h 

including the scattering condition dK ± and the layer 
distribution. On the other hand, the diffuse shoulder 

l,h*0 

XPiPi+h&u+h(Kn) 

contains additionally information about the distribu- 
tion of atomic adlayer steps. Here <t>ll+h{K,) de- 
notes the two dimensional lateral Fourier transform 
of </>,,+A(r). Finally, the total spot intensity 

4ta,(@)=<l/J2>=E^<l/J2> (8) 
h 

can be evaluated by integrating Eq. (6) over the 
Brillouin zone. 

Experimentally, one can obtain the ratio p of the 
absolute values of the adlayer and the substrate 
scattering amplitudes 

14 
l/su 

7total(@»lML) 
7totai(<9=0ML) (9) 

by comparing the total intensity before depositing 
any admaterial and after depositing several adlayers 
because scattered electrons cannot escape from the 
buried substrate after growing thick adlayers. Here 
/ad and /sub denote the scattering amplitudes of the 
adlayer and the substrate, respectively. 

In the following we suppose that the penetration 
depth is so short that backscattering from the second 
layer can be neglected. Therefore all exposed adlayer 
atoms have the same scattering amplitude. Eq. (7) 
reveals that the intensity of the central spike depends 
on both the scattering vector K ± and the scattering 
amplitudes including the phase shift <p between ad- 
layer and substrate defined by 

Pe      = /ad //sub- 

Fig. 1 illustrates that the phase difference (p drasti- 
cally influences the central spike oscillations even 

- (a) layer by layer growth 

coverage 0[M1] 

Fig. 1. Intensity oscillation of the central spike for (a) the perfect 
layer by layer and (b) the random growth mode. Please, note the 
different scaling used for the central spike intensity evaluated for 
the random growth mode. 
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for identical growth conditions. Since we like to 
obtain information about the morphology from the 
central spike oscillations we have to check in detail 
how the intensity is influenced additionally by the 
inherent scattering amplitude superimposed to the 
experimentally used out-of-phase scattering condi- 
tion 

dKx/2ir=n + \ 

where adjacent layers interfere destructively. 

2.2. Analysis of the initial central spike oscillation 

For the layer by layer growth mode (cf. Fig. 1(a)) 
parabolic intensity oscillations are observed for the 
out-of-phase condition. On the one hand, one obtains 
minima at half covered top layers after depositing 
more than one monolayer. For homoepitaxial growth 
conditions this behaviour is also expected during 
deposition of the first layer. On the other hand, Fig. 
1(a) shows that for the heteroepitaxial layer by layer 
growth the first minimum is shifted to coverages 
smaller than 0.5 ML if the adlayer scattering ampli- 
tude is larger than the substrate scattering amplitude. 
The minimum shifts into the opposite direction if the 
adlayer scattering amplitude is smaller than that of 
the substrate. The parabolic oscillation is caused by 
the linear dependence of the exposed coverages 

/?o(0) = l-0   and    Pl(&) = & (10) 

on the deposited coverage 0. 
This analysis has been used to evaluate the scat- 

tering phase during deposition of the first adlayer [7]. 
Of course one can apply this analysis only for per- 
fect growth of the first layer. However, it can be 
checked whether the analysis is correct because there 
is a one to one relationship between the critical 
coverage 0 * where the minimum appears and the 
intensity expected for this coverage (cf. Fig. 2). Thus 
after obtaining the ratio p of the absolute scattering 
amplitudes one has to check the minimum intensity 
for the phase shift evaluated from the critical cover- 
age 0 *. Fig. 2 reveals that the intensity vanishes 
only for the critical coverage 

0* = l/(l+p) 

and vanishing phase shift <p = 0. 

0.1 0.2 
phase shift (p/2ic 

Fig. 2. Phase shift dependence of the critical coverage &" for 
minimal central spike intensity and the minimal intensity. Gener- 
ally, with increasing phase shift the critical coverage shifts to 
lower values for p > 1 while the minimal intensity increases. On 
the other hand, the critical coverage increases for p < 1. 

Supposing that the adlayer grows in the random 
growth mode with Poisson distributed exposed layers 
Fig. 1(b) illustrates that the intensity is influenced 
drastically even while depositing the first monolayer 
because of the nucleation of the higher levels before 
the first layer is closed. While for <p = 0 the cover- 
age for the intensity minimum shifts, the curvature of 
the intensity switches even for <p= ir. Additionally, 
Fig. 1 shows that the total spot intensity depends on 
the growth mode. The total intensity increases more 
smoothly if the adlayer does not grow in the layer by 
layer growth mode because the substrate is less 
perfectly covered by the adlayer with the larger 
scattering amplitude. 

On the one hand, in experiments one often ob- 
serves a parabolic behaviour of the central spike at 
the very beginning of the adlayer deposition as re- 
ported recently for perfect substrate wetting. On the 
other hand the position and the intensity of the 
minimum does not fit to the perfect layer by layer 
growth. Thus, one has to include that the second 
layer is populated before closing of the first layer. 
The parabolic behaviour shows that both the exposed 
coverages of the first and the second layer increase 
almost linearly with deposited coverage. Therefore 
we extend Eq. (10) to 

0!(0) = (l-a)0   and    02(0) = a0       (11) 

where a= 02/0 denotes the relative second layer 
coverage. 

Fig. 3 shows that for vanishing phase shift be- 
tween substrate and adlayer (<p = 0), the minimum 
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Fig. 3. Dependence of the critical coverage 0 * for minimal 
central spike intensity if the second layer grows in competition to 
the first. For <p = 0 the constructive interference between second 
layer and substrate increases the critical coverage © * necessary 
to obtain minimal intensity. For <p = IT the situation is vice versa. 
For <p = 7r/2 the intensity is shown in addition to the critical 
coverage. 

shifts to larger critical coverages 0 * with increas- 
ing scaled second layer coverage a. The second 
layer nucleation a, however, cannot exceed the value 
a = j to obtain a minimum because for larger values 
the constructive interference of the second layer and 
the substrate overwhelm the destructive interference 
of both with the first adlayer. The opposite is true for 
<p= ir where the substrate and the first adlayer 
interfere constructively. In this case the second layer 
coverage has to be large to cancel this constructive 
interference effect. For both scattering phases, how- 
ever, the intensity at the minimum always vanishes 
because of the total destructive interference. 

If the phase shift is neither constructive nor de- 
structive one observes also a minimum. Generally, 
however, the intensity at the minimum does not 
vanish because one cannot obtain total destructive 
interference from all layers. For cp = TT/2 Fig. 3 
shows that the minimum intensity vanishes only for 
a = j and 0 * = 1.5 ML so that half a monolayer is 
grown on top of the closed first layer. Also, for all 
other scattering phases (except in- and out-of-phase) 
and all absolute amplitudes we find that this is the 
only layer distribution where total interference can 
be obtained since for different layer distributions the 
substrate scattering disturbs seriously the destructive 
diffraction effects. 

Thus from both the critical coverage 0 * for 
minimal intensity and the central spike intensity at 
this coverage one can obtain the adlayer phase shift 

and the second layer coverage. At first sight this 
seems to be a drastic limitation to confine the analy- 
sis to two simultaneously growing adlayers. There- 
fore, we checked our simple model by analysing the 
central spike oscillations for the random growth mode 
shown in Fig. 1(b). Intensity minima appear at 0 * = 
0.40 with Io(0 *) = 0 and 0 * = 0.18 with Io(0 *) 
= 0.87 implying scaled second layer coverages a = 
0.15 and a = 0.10 for scattering phases (p = Q and 
cp = TT/2, respectively. Already the coverage depen- 
dence of a shows that the second layer does not 
increase linearly with the total coverage as supposed 
for our simple model. Nevertheless, our analysis 
shows almost the exact values of a = 0.15 and 
a = 0.08 with Io(0 ") = 0.84 for the scaled second 
layer coverage and the intensity (cf. Fig. 1). 

2.3. Analysis of the full central spike oscillation 

Because of this excellent agreement we extend 
our 3-level-model to evaluate the layer distribution 
directly from the intensity oscillations. Supposing 
that two adlayers grow simultaneously from the be- 
ginning of the adlayer deposition, Eq. (7) can be 
modified to 

'o(O) 
\Po(0)-[Pl(0)-p2(0)]Pe^ 

(12) 

As discussed earlier, one obtains the absolute value 
of the relative scattering amplitude p by comparing 
the initial intensity and the total intensity after de- 
positing several layers. A more serious problem is to 
determine the scattering phase (p. For this purpose 
one may apply the analysis of the intensity minimum 
just presented. Thereafter the evaluated central spike 
intensity depends only on the layer coverage. Fur- 
thermore, since the layer distribution depends on the 
deposited total coverage via 

®=E®*(0) = E%(®) 
h h 

and we may apply the summation rule 

EP*(®) = I. 
h 

we are able to calculate the full layer distribution 
after inserting the additional equations into Eq. (12). 
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Obviously the situation changes after the substrate 
is covered totally by the first adlayer since the 
interference of the adlayer with the substrate van- 
ishes. From hereon the electron beam is diffracted at 
a homogeneous stepped surface so that one may 
apply the oscillation analysis of the central spike 
restricted to three exposed layers introduced earlier 
for homoepitaxy [12]. 

3. Experimental 

The experiments were performed in a UHV cham- 
ber (base pressure 1CT8 Pa) equipped with a SPA- 
LEED system and an external electron beam gun at 
an angle of 135° with respect to the channeltron 
detector so that diffraction patterns could be recorded 
during CaF2 evaporation. CaF2 has been evaporated 
from a electron beam evaporator containing a graphite 
crucible and a quartz balance to control the evapora- 
tion rate. A second quartz monitor close to the 
sample position was used for calibration reasons. We 
used an evaporation rate of 0.1 ML/min to deposit 
less than 1% of a ML CaF2 during recording one 
spot profile. 

4. Results 

After preparation of the clean surface the scans 
show the specular (00) spot and the first order 
superstructure (}0) spot due to the 7 X 7 reconstruc- 
tion. The (y0) spot vanishes very quickly after de- 
positing only very little CaF2 on the substrate at 
300°C. Already for 0 = 0.5 ML one cannot observe 
any superstructure spots since the CaF2 grows with 
1 X 1 structure at this temperature. Our investigation 
about the effect of the deposited CaF2 on the 7 X 7 
reconstruction will be presented elsewhere [13]. 

Here, however, we will focus our interest on the 
analysis of the (00) spot to obtain information about 
the morphology of the CaF2 film during the initial 
growth stages. Fig. 4 shows that the (00) spot pro- 
files recorded at the out-of-phase condition 

S = dK±/2TT=\.5 

for the [211] direction split into a central spike and a 
broad diffuse shoulder due to forming of CaF2 is- 

-20 -10 0 10 
scaled parallel scattering vector aKN/27T [%Bz] 

Fig. 4. Coverage dependence of line scans in the [2lT] direction at 
the out-of-phase condition S = 2.5. Please, note the logarithmic 
abcissa and that the profiles are shifted with respect to each other 
for clarity. While the (y0) spot vanishes already after depositing a 
small amount of CaF2, the (00) spot splits into a central spike and 
a diffuse shoulder due to CaF, islands. 

lands. Both the intensity of the central spike and the 
halfwidth of the shoulder depend oscillatory on the 
coverage. For instance, the central spike vanishes for 
6 = 1.5 ML and reappears for & = 3.0 ML. 

The (00) spot has been analysed by fitting the 
profiles to a sharp and a broad 2D Lorentzian 

implying a geometric distribution of terraces [14] 
with average terrace length <r> = 2//<. Fig. 5 
shows the central spike and the total intensity ob- 
tained from analysing all scans recorded during 
growth of the CaF2 adlayer. The total intensity of the 
closed CaF2 layer (0 > 1.5 ML) is roughly 10 times 
larger than for the Si substrate. Thus we obtain the 
scattering amplitude ratio p = 3.15 for the scattering 
condition used here. 

In order to analyse the layer distribution from the 
central spike oscillations, additionally, we have to 
determine the phase shift. Supposing perfect growth 
of the first CaF2   layer we expect that the first 
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Fig. 5. Analysis of the (00) spot. The total intensity increases with 
CaF, deposition because the CaF, scattering amplitude is larger 
than the Si scattering amplitude. The central spike intensity oscil- 
lates until 4 ML CaF, are deposited. Since the diffuse shoulder 
does not vanish for any coverage the CaF, film growth in the 
multi layer growth. 

enced from the Si substrate with much smaller scat- 
tering amplitude and some CaF2 must have been 
deposited in the second level. On the other hand, 
comparing this behaviour with the calculated be- 
haviour for the random growth mode we see imme- 
diately that the CaF, does not grow in the latter 
mode because we observed more than one oscilla- 
tion. Thus the additionally deposited CaF2 molecules 
are able to cross steps (inter layer diffusion). 

For the coverages where we observed the central 
spike minima during growth (6>= 1.6 ML and 0 = 
2.6 ML) we interrupted the deposition process to 
measure the adlayer morphology more quantitatively. 
For this purpose we recorded spot profiles at differ- 
ent scattering conditions (5 = 2.5 to 5 = 3.5). The 
scaled central spike intensity 

intensity minimum appears for critical coverages 
& * < .25 ML because of the scattering amplitude 
ratio p= 3.15 (cf. Fig. 2). Obviously the minimum 
appears at 0 * = 0.5 ML so that we conclude that 
CaF2 grows simultaneously in the second layer. 
Combining this result with the experimental finding 
that the central spike intensity at the minimum van- 
ishes the phase shift of the CaF2 can only be com- 
pletely constructive (<p = 0) or destructive (<p = w). 
Fig. 3 demonstrates that on the one hand for con- 
structive interference (<p = 0) 20% of the total cover- 
age are grown in the second layer. On the other 
hand, for destructive interference (<p= IT) the por- 
tion of second layer growth is even 50% implying 
perfect double layer growth. Since this seems to be 
very unlikely we conclude that the phase shift of the 
CaF2 adlayer is constructive. This result is supported 
by the analysis of the total spot intensity discussed 
later. 

The intensity of the central spike oscillates until 
0 ~ 4 ML are deposited with distinct minima at 
almost half order and maxima at integral order total 
coverages as expected for homoepitaxial growth. The 
diffuse shoulder, however, does not vanish for any 
CaF2 coverage so that perfectly closed CaF2 adlayers 
without atomic steps are never formed (multi layer 
growth). Additionally, this result is supported by the 
smooth increase of the total intensity. After deposit- 
ing 1 ML CaF2 the total intensity has not the value 
observed after depositing many monolayers CaF2. 
Therefore, the diffraction experiment is still influ- 

G0(5, 6») 
4,(S.®) 

A„,ai(5,®) 
(13) 

depends only on the layer distribution for a homoge- 
neous surface with identical scattering amplitudes 
(/h =/) obtained from Eqs. (7) and (8). From these 
data one can evaluate the layer distribution of the 
homogeneously stepped adlayer [15]. The layer dis- 
tributions for both of these coverages reveal that 
always more than 0.1 ML CaF2 are grown already 
on top of the non-closed layers. 

Fig. 6 shows the experimental data and the fitted 
scaled central spike intensity G0(5) from which the 
layer distribution has been evaluated. From the layer 
distribution we calculated also the rms-roughness of 
the adlayers. Comparison of both values A = 0.86d 
for 0=1.6 ML and A = Q.l\d for 0=2.6 ML 
shows again that CaF2 grows in the multi layer 
growth mode since the rms-roughness is larger than 
expected for the perfect layer by layer growth (AlM 

= 0.49 c/). On the other hand, the rms-roughness is 
smaller than for adlayers grown in the random growth 
mode (cf. Fig. 7). 

The experimental finding that rms-roughness A is 
larger for 0 = 1.6 ML than for 0 = 2.6 ML (demon- 
strated by the sharper G()(5) curve and supported by 
the lower value at the out-of-phase conditions) is 
caused by the fact that even the first layer is not 
perfectly closed when the third level starts to grow. 
This is also the reason why the total intensity at this 
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coverage 0=1.6 ML is still slightly smaller than 
the finally obtained value after depositing more CaF2. 

Fig. 7 shows the coverage dependence of the 
layer distribution obtained from the analysis of the 
intensity oscillations. Additionally, also the data from 
the phase dependence for 0 = 1.6 ML and 0 = 2.6 
ML and from the total intensity analysis for © = 1.0 
ML are included. For 0 = 1 ML and 0 = 2.6 ML 
the 3-exposed-layer analysis agrees very well with 
these data so that we conclude that our analysis 
within the 3-level model is correct. 

Small differences are observed at 0=1.6 ML 
which may be on one hand due to the morphology of 
the CaF2 adlayer at the initial growth stage. On the 
other hand, this may also be attributed to the assump- 
tion of our analysis that the penetration depth of the 
electron beam is so small that only scattering at the 
first layer has to be considered. We rule out this 
reason because for the scattering condition used the 
perpendicular penetration depth is approximately 2 A 
including the electron energy 140 eV (revealing 5 A 
penetration depth approximately) and the inclination 
angle of 67.5° while the layer spacing for both 
silicon and CaF2 is 3.14 A. 

Furthermore, effects by second layer scattering 
can be analysed from the total spot intensity. Fig. 5 
shows that the total intensity for 0 - 2 ML slightly 
overshoots the finally obtained intensity for 0 — 4 

layer coverage ©„[Ml] 

0.0 0.5 

'05 ÜO 

0.5 

1.0 
«j i ] i i_ 

-CaR- 

Si(lll) 

0=1.6 Ml   A=0.86d 

0.5 1.0 

-CaF,- 

Si(lll) 

0=2.6 Ml   A=0.71 d 

■33 

T5 2.5 3 
phase dKjßrc 

Fig. 6. Layer distribution from the scattering phase dependence of 
the central spike intensity for 0 = 1.6 ML and 0 = 2.6 ML where 
the central spike has minimal intensity at the out-of-phase condi- 
tion. While the rms-roughness of these layers is larger than 
predicted for both the perfect layer by layer growth (A = 0.49d), 
the films are smoother than expected for the random growth mode 
(A = dj0). 

1 2 3 
total coverage [0] 

Fig. 7. Layer analysis of the central spike oscillations applying the 
3-level model. For comparison, the layer distribution from the 
scattering phase analysis for 0 = 1.6 ML and 0 = 2.6 ML and 
from the analysis of the total intensity for © = 1.0 ML are 
presented. The 3-level analysis describes excellently the layer 
distribution except for & = 1.6 ML. We attribute this to the 
diffusion of the CaF2 molecules. The diffusion length of the CaF2 

molecules is too small to arrive at the remaining holes of an 
almost closed layer so that more than three exposed layers exist. 

ML. This effect may be attributed to a stronger 
scattering for 1 ML CaF2/Si(lll) compared to 
thicker CaF2 coverages. On the other hand, we have 
proven that the effect of layer depending scattering 
amplitudes (varying the scattering amplitude in the 
range p = 3.0-3.3 implying that the total intensity 
for the CaF2 adlayer is 9-11 times larger than the 
intensity of the Si substrate) on our layer distribution 
analysis is quite small. Additionally, we checked our 
analysis with the more simple 3-layer analysis for 
homoepitaxial surfaces which is valid after closing 
of the first CaF2 layer. Both analysis agree very well 
for 0 > 1.5 ML so that our analysis seems to be 
correct. 

Thus we attribute the discrepancy for 0 = 1.6 ML 
between the 3-layer analysis and the layer distribu- 
tion obtained from the phase dependence (revealing 
four exposed layers) solely to the film morphology: 
the first layer is almost closed while the third layer 
starts to nucleate. Therefore we conclude that our 
3-level analysis describes correctly the growth of the 
CaF2 layers but cannot characterize the closing and 
nucleation of layers in full detail. 

5. Discussion 

Obviously, the CaF2 shows a strong tendency to 
grow during the initial nucleation stage with double 
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layer islands. After deposition of 0.5 ML CaF2 (first 
minimum of the central spike) the second CaF2 layer 
has a coverage of 6>2 = 0.1 ML. This effect of 
double layer growth has also been observed for the 
homoepitaxial growth of silicon with SPA-LEED 
[12] and STM [16]. For the silicon homoepitaxy the 
double layer growth has been attributed to nucleation 
at defects (anti-phase boundaries of the 7 X 7 recon- 
structed substrate and of even more complicated 
anti-phase boundaries of the growing islands includ- 
ing 5 X 5 and 9X9 unit cells). For the heteroepitax- 
ial growth of insulators on silicon the complication 
of the admolecule binding to the Si substrate is even 
worse. It is difficult for the CaF2 molecules to form 
nuclei on the plain 7X7 surface since there are not 
many Si atoms with dangling bonds. Thus nucleation 
at defects is preferred. Furthermore, from RBS [5] 
and XPS [17] studies it is well known that the 
interface between the CaF2 adlayer and the Si sub- 
strate shows a lot of defects because of the poor 
binding between the fluorine and silicon. 

Also, LEEM investigations performed at higher 
deposition temperatures reveal that the first mono- 
layer CaF2 does not close before the nucleation of 
the second layer starts [18]. For the temperature 
range reported by these authors (600-700°C), how- 
ever, the nucleation of the second layer starts very 
late compared to the deposition at 300°C which we 
studied. This strong temperature dependence can be 
attributed to the very fast diffusion of the CaF2 

molecules so that the probability to form a new 
nucleus is very small at higher deposition tempera- 
tures. Nevertheless the LEEM studies also show that 
the nucleation of the second layer shifts to higher 
coverages with increasing temperature. 

Our analysis of the layer distribution (Fig. 7) 
reveals that the CaF2 adlayer is quite rough during 
the very initial growth stages because of the early 
nucleation of higher adlayers. This situation changes 
for 0 ~ 4 ML. For the 4 ML thick CaF2 adlayer we 
find that only very little CaF2 is grown in the 5th 
layer. Here the central spike shows a strong maxi- 
mum from which we conclude that less than 0.1 ML 
are on top of the 4th layer. At this coverage, how- 
ever, also the growth mode changes since we do not 
find any oscillations depositing more CaF2. Neither 
the central spike intensity nor the halfwidth of the 
diffuse shoulder are influenced by the growing CaF2 

adlayer. Since this behaviour is typical for three 
dimensional island growth with increasing rms- 
roughness we cannot apply our 3-level model to this 
coverage range. 

6. Conclusion 

In conclusion, we have shown that the analysis of 
spot profiles recorded during growth of heteroepitax- 
ial adlayers is a powerful tool to obtain a lot of 
information about the morphology of the growing 
adlayer. The analysis is complicated by the different 
scattering amplitudes of adlayer and substrate. This 
complication can be overcome if one analyses care- 
fully the initial coverage dependence of the central 
spike intensity. From the intensity and the critical 
coverage 0 * at the first minimum one can extract 
the phase shift of the adlayer (compared to the 
substrate) while the ratio of the total values is ob- 
tained from the total spot intensity in the large 
coverage limit. 

Applying this spot profile analysis to the initial 
growth stages of CaF2 on Si(l 11) we found that the 
CaF2 tends strongly to nucleate in the second layer 
before closing the first. We attribute this tendency to 
the interplay of the very fast diffusion of CaF2 

molecules and their difficulties to form a strong 
binding to the Si 7 X 7 substrate. Also after closing 
of the first layer the CaF2 adlayers grow in the multi 
layer growth mode with larger rms-roughness than 
for the perfect layer by layer growth mode. The 
closing of the lower levels is hindered by kinetic 
effects. The diffusion of the CaF2 molecules is too 
small to fill the remaining holes before nucleation of 
the next layer. The multi layer growth switches to 
three dimensional island growth at 0 ~ 4 ML since 
for larger CaF2 coverages the intensity oscillations 
die out. 
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Abstract 

Transformations of the atomic structure of the CaF2/Si(l 11) interface during annealing have been studied by reflection 
high energy electron diffraction (RHEED) and X-ray crystal truncation rod (CTR) scattering. The surface morphology after 
annealing has been studied by atomic force microscopy (AFM). A conversion of the epitaxial relation of the film with 
respect to the substrate, from type-A (nonrotated) to type-B (with the axes of the film rotated by 180° around the interface 
normal), is monitored by RHEED during annealing of the films. On the basis of RHEED, CTR and AFM data, a model of 
the conversion is suggested. In addition, a spontaneous transition of the type-B interface formed during the growth to the 
interface with another atomic arrangement has been studied with CTR. The possible role of point defect motion in the CaF2 

film during this transition is discussed. 

1. Introduction 

Single crystal fluoride layers grown on semicon- 
ductor substrates by molecular beam epitaxy (MBE) 
have recently received much attention owing to vari- 
ous potential applications in micro- and opto-elec- 
tronics. Among different epitaxial insulator/semi- 
conductor heterocouples, CaF2/Si(lll) structures 
have a relatively small lattice mismatch (0.6% at 
RT), and it is easy to grow them by MBE. They 
appear to be very attractive for fundamental studies 
of processes of heteroepitaxial growth [1-6], as well 
as of the atomic and electronic structure of an inter- 

* Corresponding author. Tel.: +7-812-2479911; fax: + 7-812- 
2471963; e-mail: nsokolov@fl.ioffe.rssi.ru. 

face between an ionic insulator and a covalent semi- 
conductor [3,5,7-11]. 

One intriguing problem is the existence of two 
types of epitaxial relations at the interface between 
CaF2 and Si(lll). In type-A structures, the film and 
the substrate have the same orientation, while in 
type-B structures, the film is rotated by 180° around 
the surface normal with respect to the substrate, as 
shown in Fig. 1. It was shown [12] that CaF2 films 
grown at 200°C have the type-A epitaxial relation 
and that, during annealing at 600°C, these films can 
be converted into the type-B orientation. In this 
paper, we report the first in situ observation of 
type-A to type-B interface conversion, an analysis of 
the surface morphology before and after annealing 
using atomic force microscopy (AFM), and an X-ray 
crystal truncation rod (CTR) scattering study of the 

0169-4332/96/S15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
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(a) type-A 
(b) type-B 

Fig. 1. Scheme of type-A (a) and type-B (b) epitaxial relations at a 
CaF2 /Si(l 11) interface and notations of interlayer distances. 

structure of as-grown and annealed interfaces. On the 
basis of the results of all these investigations, we 
suggest a mechanism for A to B conversion. 

Atomic arrangements at CaF2/Si(l 11) interfaces 
were extensively studied by middle energy ion scat- 
tering [7], X-ray standing waves measurements [8,13] 
and, until recently, the structure of at least the type-B 
interface seemed to be determined. However it was 
lately found [5] that, in the structures grown under 
certain conditions, the interface which is formed just 
after growth is not stable and that a spontaneous 
transition to an interface with another structure oc- 
curs. Confirmation of this finding is appropriate 
since this result is meaningful, not only for investiga- 
tions of fluoride heterostructures, but also for a 
deeper understanding of the behavior of other buried 
interfaces. Here we present new evidence for this 
transition and an X-ray CTR study of the stability of 
the just grown interface. 

miscut of less than 6 arcmin from the (111) plane. 
After a standard chemical treatment, they were loaded 
into the growth chamber, cleaned thermally at 1250°C 
during 1 min and had a distinct 7X7 superstructure 
typical for Si( 111) clean surface after cooling below 
830°C. 

Type-A heterostructures were grown at 200°C and 
RHEED patterns indicated that CaF2 films were 
single-crystal. During a gradual increase of the sub- 
strate temperature to 850°C in 15 min, we monitored 
the intensities of RHEED specular (00) and side (01 
and OT) beams. In Fig. 2, the dependence of specular 
beam intensity 700 on the annealing temperature for 
CaF2 layers of 3, 4 and 6 monolayers (ML) thick is 
presented. Two steps, marked by the arrows, can be 
seen on each of the curves. For thicker layers, both 
steps shift to higher temperatures and the height of 
the second one decreases. The steps should be con- 
nected with some morphological changes on the 
surface. Monitoring the RHEED intensity around the 
specular beam, we found that the second step is 
accompanied by a drastic decrease in the intensity of 
diffuse scattering. This means that the surface of the 
annealed layer has become considerably smoother. 

Based only on the temperature dependence of 
specular beam intensity, it is difficult to attribute 
each step to some certain processes in the film, but 
knowing the temperatures at which the steps occur, 
one can apply other methods to study the structures 
grown at just those temperatures. In such a way, we 

2. Conversion of type-A to type-B interface 

2.1. MBE growth and RHEED studies 

Fluoride heterostructures studied in this work were 
grown at the Physico-Technical Institute by MBE. 
The surface structure analysis was performed by 
reflection high energy electron diffraction (RHEED). 
The electron energy was 14 keV and the diffracted 
intensity was detected by a sensitive CCD camera 
with an electron-optical amplifier which makes it 
possible to decrease the beam current to 0.05 nA. A 
typical electron dose during each run of RHEED 
monitoring was 0.5 /juC/cm2 which is much smaller 
than the value 500 jxC/cm2 required to desorb a 
monolayer of fluorine [14]. Silicon substrates had a 

O 
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I    / TV 
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300 500          700   T  (°C) 

Fig. 2. Dependence of RHEED specular beam intensity from CaF2 

layers on annealing temperature. Heating rate 40°C/min, electron 
energy 14 keV, beam azimuth [110], incidence angle 0.5°. The 
layer thickness is: (a) 3 ML, sample #597; (b) 4 ML, sample 
#625; (c) 6 ML, sample #624. 
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obtained the information about the surface morphol- 
ogy at 450°C and 600°C by using AFM (see below), 
and an advanced RHEED study enabled us to con- 
nect the second step with the conversion of the type 
of epitaxial relation at the interface. 

In order to distinguish type-A and type-B epitaxy, 
we analyzed RHEED along the [110] azimuth where 
the side beams are not equivalent and rotation of the 
film by 180° around the [111] axis swaps their 
positions and hence their intensities. At 14 keV and 
2.5° incidence angle, the (01) beam intensity (/0_i) 
is close to zero, while the opposite (01) beam has 
significant intensity (/0,i) [15]. At this incidence 
angle, the intensity of one of the side beams is 
proportional to the area of the type-A domains and 
the intensity of the other side beam is proportional to 
the area of the type-B domains. Thus, the component 
of the film which has the type-B epitaxial relation 
can be derived as 

Bf, = V-i/(/o,-i+/o,i)- (1) 

The fraction of type-B component of the layer was 
determined and plotted versus the annealing tempera- 
ture in Fig. 3. It is seen that the A to B conversion of 
a 4 ML thick CaF2 film occurs in two steps with the 
thresholds at 530°C and 650°C. One can notice that 
the first step of the conversion coincides with the 
high temperature step observed in Fig. 2. This 
demonstrates the close connection between structural 
transformations in the film and morphological trans- 
formations on the surface. However the second step 

4  ML  / (a) 

1/ 
50 ■ 

0 

\ 
6  ML     (b) 

300 500 700    T  (°C) 

Fig. 3. Dependence of the type-B fraction in CaF2 layer on 
Si(lll) on annealing temperature. The beam incidence angle is 
2.5°, the other conditions are like in Fig. 2. The layer thickness is: 
(a) 4 ML, sample #625; (b) 6 ML, sample #624. 

in Fig. 3a does not change /00, as it is seen from Fig. 
2b. We suppose that this is because the surface is 
smoothed mostly during the first conversion step at 
530°C, so further smoothing at higher temperatures 
is negligible. 

The type-A epitaxial relation remains in the struc- 
tures with 6 ML or more of CaF2; the type-B 
fraction in them does not exceed the 10% experimen- 
tal error, as shown in Fig. 3b. We also found that the 
conversion is time dependent; at other annealing 
conditions, when the substrate temperature was fixed 
at 600°C for 30 min, RHEED showed a pure type-B 
orientation of a 4 ML thick film, i.e. all the conver- 
sion occurred at a temperature lower than that of the 
second step in Fig. 3a. 

2.2. Atomic force microscopy measurements 

The AFM technique has already been applied 
successfully for investigations of the epitaxial growth 
of CaF2 and BaF2 on Si(lll) [16]. In this work, the 
AFM measurements were carried out at the Exxon 
Research and Engineering Company to study the 
morphological transformations in annealed CaF2 lay- 
ers. All AFM scans were performed using commer- 
cially available microscopes with 1, 20 and 150 /xm 
scanners and a beam-reflection detection scheme. A 
wide range of Si3N4 and Si cantilevers with spring 
constants of 0.03 up to 0.8 N/m have been used. 
Typically the applied force was of the order of 10 
nN even though the application of higher forces had 
no apparent effect on the recorded images. The 
samples were transferred to the microscope in a 
sealed box filled with dry air. Owing to the stability 
of the CaF2 (111) surface demonstrated earlier [17], 
it was possible to conduct the measurements in an 
ambient atmosphere at room temperature. Fig. 4 
shows the AFM images taken from different samples 
with a CaF2 layer grown at 200°C without annealing 
(a) or annealed in situ at different temperatures (b, c 
and d). The scanning area for all the images is 1.5 
yu,m X 1.5 yu,m and the range of the height deviation 
is shown in nanometers near the gray scale for each 
image. 

In Fig. 4a, one can see that the surface of the 
layer grown at 200°C is covered with islands 1 or 2 
ML high and about 50 nm wide. The small sizes of 
the islands are due to the relatively short CaF2 
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Fig. 4. AFM images from CaF2 layers grown on Si(lll) (a) at 
200°C without annealing (6 ML, #658) and annealed: (b) to 
450°C for 60 min (4 ML, #659), (c) to 600°C for 30 min (4 ML, 
#661), (d) to 850°C for 2 min (6 ML, #657). The scan area is 
1.5 X 1.5 /j.m2 for each image. 

molecule migration length under the given growth 
conditions. A layer annealed at 450°C for 1 h is 
shown in Fig. 4b. As it is indicated by RHEED (see 
Fig. 2b), the surface morphology changes at this 
temperature; the islands form some row-like struc- 
tures. It may be interpreted as being due to the 
islands concentrating along the terrace edges. 

Atomically flat terraces larger than 200 nm domi- 
nate in the AFM image of the 4 ML thick CaF2 layer 
annealed at 600°C for 30 min, as shown in Fig. 4c. 
The islands have the shape of stripes aligned in the 
direction of the steps on the substrate. The same 
orientation of triangular pits indicates that the epitax- 
ial relation is uniform over the area of this layer. 
This film had type-B orientation after the annealing, 
as determined by RHEED. 

At 850°C, a re-evaporation of CaF2 film occurs 
[2]. It is seen from Fig. 4d that the evaporation 
proceeds through the appearance and enlargement of 
triangle pits as deep as the layer thickness of 6 ML. 
The same orientation of all the pits indicates the 
identical epitaxial relation throughout the studied 
area, which is type-A as revealed by RHEED. The 
20 ML high borders around the pits can be ex- 
plained, if one assumes that the bottom of the pit is 
covered with a single CaF layer. Because of weaker 

2.3. 

adhesion of CaF2 to it [18], the molecules, driven by 
surface tension, diffuse from the perimeter of the pit 
and spread out onto the film. The border recedes due 
to fluoride re-evaporation and accompanies the ex- 
panding pits. 

X-ray crystal truncation rod scattering studies 

The atomic arrangement at the CaF2/Si(lll) in- 
terface was studied by the X-ray CTR technique 
[6,19]. It uses measurements of X-ray scattering 
intensity along reciprocal lattice rods normal to the 
crystal surface. For this purpose, 20 ML CaF2 films 
were grown at 200°C on top of the layers studied by 
RHEED. This thickness corresponds to the best sen- 
sitivity of the CTR profiles to the film-substrate 
interface distance. The low temperature at the last 
stage allowed us to keep the films coherent with the 
substrate. X-ray diffraction from them was measured 
at the synchrotron radiation source, beam line 6A2, 
Photon Factory, Tsukuba, Japan. The samples were 
transported in dry air and measured in He to reduce 
atmosphere scattering. The radiation wavelength was 
1.0 A and the scattered intensity was detected using 
an imaging plate [6]. All experimental points, shown 
as open circles in Fig. 5 and Fig. 6, represent the 

o 

0.85 1.15 
recip 

Fig. 5. CTR profiles of CaF2/Si(lll) heterostructures with the 
interface formed at 200°C (a) without annealing, type-A (#623); 
(b) annealed 6 ML, type-A (#624); (c) annealed 4 ML, type-B 
(#625). Circles are experimental points, the solid line is the best 
fit. 
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Fig. 6. CTR profiles of CaF2 /Si(l 11) type-B heterostructures: (a) 
and (b) on a clean 7X7 reconstructed surface (#671 and #672), 
(c) and (d) on H-terminated surface (#629). See the text for 
details. 

interface where Si is bonded to Ca [7]. It is known 
from XPS measurements [2] that there are Si-F 
bonds at the interface formed at low temperature, 
and depletion of interfacial fluorine occurs when the 
CaF2 layer is annealed. This correlates with the 
changes of the interface distance on annealing mea- 
sured here. Therefore one can expect that the larger 
p value at the as-grown interface is due to the 
presence of F ions between Si and Ca atoms. Both 
type-A and type-B annealed interfaces have the 
shorter interface distance. Thus we conclude that 
they have the same sequence of atomic layers, Si- 
Ca-F, and that the F depletion itself does not cause 
the type-A to B conversion. 

The higher amplitude of thickness oscillations in 
the CTR profiles shows a higher crystal quality of 
the films having an initial layer annealed, as com- 
pared to those grown without annealing. Still there 
were no polycrystalline features in imaging plate 
patterns taken, even from the samples with Q ~ 0.3. 

CTR scattering intensity integrated across the specu- 
lar rod. They are plotted versus the length of the 
diffraction vector X measured in reciprocal lattice 
units, where X= 1 corresponds to the (111) Bragg 
reflection. 

The data were fitted using a one-dimensional 
scattering model: 

/=|Asub + ßAfllmexp(27ri^)|2, (2) 

where / is the reflected intensity, Asub and Afilm are 
the Si substrate and CaF2 film contributions to the 
scattering amplitude correspondingly, p = d/a0 is 
the ratio of the interface distance d to Si(lll) inter- 
layer spacing a0 = 0.315 nm (d and a0 are defined 
in Fig. 1) and Q is the factor representing the crystal 
quality of the film. Surface roughness was taken into 
account in accordance with Ref. [20]. 

Fig. 5 presents three experimental CTR profiles 
together with their best fits; the corresponding values 
of p are also indicated. We found that in type-A 
structures, grown without annealing, the interface 
distance p has the value 1.40, which is close to that 
measured in Ref. [9]. The structures, where the initial 
thin layer was annealed prior to the subsequent 
growth, have p = 0.93 at the interface which has 
remained type-A, and p = 0.90 at the interface con- 
verted to type-B. These values correspond to the 

2.4. Possible mechanism of A to B conversion 

On the basis of RHEED, AFM, and CTR data, we 
can suggest a mechanism for the conversion of the 
epitaxial relation from A to B. In the layers grown at 
200°C to an average thickness of 4 ML, the ampli- 
tude of height deviation is about 3 ML (see gradation 
bar for Fig. 4a). Hence there can be small pits where 
the local thickness is 2 ML or even 1 ML. At the 
second step in the dependence of the RHEED specu- 
lar beam intensity on annealing temperature, shown 
in Fig. 2, the surface becomes much flatter. This 
process can be attributed to the activation of surface 
diffusion, when small islands fall apart and the 
molecules move along the terraces to form larger 
islands. They can also fill the pits. However at this 
temperature (600°C and higher), irreversible fluorine 
depletion is expected to occur, forming a CaF layer 
bonded to Si in those pits where only one CaF2 ML 
was at the bottom. A single CaF layer is known to 
have the type-B epitaxial relation, interface distance 
p = 0.9 [7] and weaker wetting by CaF2 [18]. Thus, 
when the molecules diffuse, the pits having a single 
CaF monolayer at the bottom are not totally filled, 
but migrate along the terraces. Sooner or later they 
pass over each part of the surface, making type-B 
film over the whole area. 
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Thicker layers should have far fewer pits with a 
single CaF ML at the bottom. Thus there are no 
points for the conversion to start during the anneal- 
ing. However the interface distance very close to 
p = 0.9 was measured in such films, the example is 
shown in Fig. 5b. In this case, the depletion of the 
interfacial fluorine may go through the volume diffu- 
sion in the film or in the substrate. 

3. Stability of type-B 'short' interface 

It was shown [11,21] that pseudomorphic (coher- 
ent with the substrate) CaF2 layers on Si(lll) with 
type-B epitaxial relation can be grown by depositing 
several monolayers at a higher temperature (~ 
700CC), and then the main part of the film at a lower 
temperature. Initially these structures have the 'short' 
interface (p = 0.9), however this interface is 
metastable and transforms to the 'long' interface 
(p=l.45) [5,9,11]. The transition time was ob- 
served to be shorter for thinner films [11]: in the case 
of a 15 ML thick film, the transition occurred in a 
day, but for a 27 ML film, it occurred about a month 
after the growth. 

In this work, we found conditions for which the 
'short' to 'long' interface transition is delayed. The 
influence of the growth temperature of the main part 
of the film was studied. For this purpose, two struc- 
tures were prepared, each starting with 5 ML grown 
at 700°C, but the main part with 32 ML grown at 
20°C in one of them and at 500°C in the other. Three 
weeks after the growth, CTR measurements showed 
that the former had the 'long' interface already, but 
the latter still had the 'short' one, as indicated in Fig. 
6a and Fig. 6b. The value p = 0.9 was also observed 
in the film with the overlayer grown at 200°C. These 
facts confirm the supposition that this structural tran- 
sition is connected with motion of some growth 
defects to the interface. Due to the lower tempera- 
ture, the film grown at 20°C is expected to have 
more point defects. These point defects can diffuse 
to the interface and change its atomic arrangement. 
The higher their concentration, the faster the rate of 
change of the interface. A lower concentration of 
point defects can explain why the 'short' interface is 
stable for a longer time in the films grown at 200°C 
and higher. 

We have also studied MBE growth of CaF2 layers 
on H-terminated Si(lll) surface prepared by etching 
in NH4F aqueous solution [22]. Here, RHEED pat- 
terns indicated that the H-Si(lll) surface had a 
1 X 1 structure and was quite flat with only some 
small scale roughness due to terraces about 30 nm 
wide. It may be similar to single ML triangular pits 
found on H-terminated Si(lll) surface prepared by 
similar processing [23]. After passivation of the sur- 
face with hydrogen, the first three CaF2 monolayers 
were grown at 200°C and annealed at 850CC and 
then 12 ML were overgrown at 200°C. The short 
(p = 0.9) type-B interface was found in these struc- 
tures, as shown in Fig. 6c. There was no difference 
between this interface and the 'short' one discussed 
so far. Thus we suppose that the H atoms diffused 
away from the interface during annealing, like the F 
atoms did. 

Even for films as thin as 15 ML, the 'short' 
interface, obtained on H-terminated substrates, re- 
mained stable over four months (compare Fig. 6c 
and Fig. 6d). The reason of this effect is still unclear, 
however one can suppose that it can be connected in 
some way with higher concentration of interface 
steps (terrace edges at the interface) than on the 
thermally cleaned substrates. In type-B structures, 
each step along the interface results in a coreless 
dislocation which can attract defects, not allowing 
them to diffuse along the interface and change its 
structure. 

4. Conclusion 

We showed, using in situ RHEED measurements, 
that CaF2/Si(lll) type-A structures with layer 
thicknesses less than 5 ML are converted to type-B 
during a temperature ramp (40°C/min) from 200°C 
to 850°C. Two steps in the conversion were found 
with thresholds at 530°C and 650°C. Measurements 
by the X-ray CTR method revealed that the interface 
distance in type-A structures is 4.2 A as-grown and 
is 2.9 A after annealing. This decrease was attributed 
to depletion of fluorine from the interface. A mecha- 
nism of A to B conversion connected with changes 
of the surface morphology was suggested. 

For type-B CaF2 films grown on Si(lll) 7 X 7, it 
was found that the transition from the so called 
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Table 1 
Parameters of CaF,/Si(lll) structures studied by RHEED and CTR 

Sample No.  CaF2 growth regimes Type of epitaxy  Interval from growth to CTR measurements  p 

623 25ML200°C/Si(lll) 
624 * 20 ML 200°C/850°C/6 ML 200°C/Si(l 11) 
625 * 20 ML 200°C/850°C/4 ML 200°C/Si( 111) 
671 32ML20°C/5ML700°C/Si(lll) 
672 32 ML 500°C/5 ML 700°C/Si(l 11) 
629 * 12ML200°C/850oC/3ML200°C/Si(lll)-H 
629 the same sample 

A 3 weeks 
A 3 weeks 
B 3 weeks 
B 3 weeks 
B 3 weeks 
B 2 weeks 
B 4 months 

1.40 0.3 
0.93 1 
0.90 1 
1.45 0.95 
0.90 1 
0.90 1 
0.95  0.95 

The typical error bar is +0.03 for p and +0.05 for Q values. 
' *' means annealing with temperature ramp (40°C/min) from 200°C to 850°C. 

'short' interface (2.9 A) to the 'long' one (4.6 A) is 
delayed in the film grown at 500°C with respect to 
one grown at 20°C. It was explained by the expected 
reduction in the concentration of point defects in the 
layers grown at higher temperature. We found also 
that the 'short' interface remains stable for at least 4 
months in the structures grown on hydrogen- 
terminated Si(lll). 

Structural parameters of CaF2/Si(lll) films and 
interfaces are summarized in Table 1. 
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Abstract 

The growth of CaF2 on Si(l 11) 7 X 7 surface at ~ 770°C and ~ 250°C on both ~ 2° and ~ 0.5° off-normal, vicinal 
substrates (titled towards the [11 —2] azimuth) has been studied using RHEED, AFM and SEM. For growth at ~ 770°C on 
both substrates, the CaF2 grows in a layer-by-layer fashion for the first two monolayers which gives rise to RHEED intensity 
oscillations. Beyond two monolayers, relatively thick CaF2 islands nucleate at the Si step edges (which are bunched into step 
bands) and grow laterally with constant height ( ~ 5 nm for ~ 2° and ~ 2 nm for ~ 0.5° miscut substrates) along the Si step 
edges and eventually form a flat overlayer. The height of the CaF2 islands appears to be determined by the height of the Si 
step bunches which, in turn, is determined by the substrate miscut angle. For growth at ~ 250°C, the integral diffraction spot 
RHEED intensity decreases exponentially for the first ~ 2 monolayers of growth and then oscillates for ~ 6 periods. In 
addition, the non-integral diffraction spots, corresponding to the Si(lll) 7X7 pattern, are not fully removed until the 
integral diffraction spot intensity starts to oscillate at ~ 3 monolayers. These results indicate that the CaF2 initially grows by 
nucleation and coalescence of 2D islands which are 2 to 3 monolayers high, followed by a multilayer-by-multilayer mode 
which leads to a featureless, flat surface morphology. 

1. Introduction 

The epitaxial growth of insulator-semiconductor 
structures, such as CaF2/Si, has received consider- 
able attention due to both fundamental interests and 
potential technological applications such as the use 
of CaF2 as a plastic buffer layer in substrate engi- 
neering or as a gate dielectric in metal insulator 
semiconductor (MIS) field-effect transistor structures 
and resonant tunneling diodes [1,2]. Since the lattice 

'Corresponding  author.   Tel.:   +1-518-2766435; 
2768761; e-mail: schowalt@unix.cie.rpi.edu. 

fax:   518- 

mismatch of CaF2 and Si(lll) is only 0.6% at room 
temperature and CaF2 has a large relative dc dielec- 
tric constant of 6.8, and band gap of 12 eV, this 
system shows a promise for future applications in 
insulator-semiconductor technology. However, high 
quality, epitaxial growth is crucial for the proper 
electrical performance of these devices. 

Traditionally, the growth mechanism of CaF2 on 
the Si(lll) surface was assumed to be in a layer-by- 
layer mode from the formation of interfacial layer to 
the subsequently grown thicker films. However, re- 
cently published works [3-8] have shown that CaF2 

chemisorption on to a Si(lll) surface is fundamen- 
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tally different from subsequent CaF2-CaF2 homoepi- 
taxy. In particular, Lucas et al. [7] and Wong et al. 
[8] have reported a (7 X 7) to (3 X 1) reflection high 
energy electron diffraction (RHEED) pattern transi- 
tion at ~ 500°C. Below this temperature, the sub- 
monolayer growth mode is Volmer-Weber with CaF2 

growing directly on the Si surface, and above ~ 
500°C the initial growth mode is Stranski-Krastanov 
with CaF2 islands forming on a CaF wetting layer. In 
addition, three growth regimes for the initial over- 
layer growth of CaF2 have been reported by Den- 
linger et al. [9,10] using X-ray photoelectron diffrac- 
tion: at T> 600°C with low flux, CaF2 forms thick 
islands on a reacted Si-CaF interfacial layer; while 
at higher flux, subsequent growth on this interfacial 
layer proceeds as 2 layer high islands that coalesce, 
followed by layer-by-layer growth; and, at T ~ 450°C 
with all fluxes, the interface becomes an incom- 
pletely occupied Si-Ca-FA. (x~ 2) layer that does 
not fully cover the substrate before nucleation of 
subsequent layers in an approximately layer-by-layer 
mode. On the other hand, Tromp et al. [11] reported 
step-flow growth after the initial growth of 2 mono- 
layers of CaF2 at 770°C. 

In this paper, we present our reflection high en- 
ergy electron diffraction (RHEED), atomic force mi- 
croscopy (AFM), and scanning electron microscopy 
(SEM) studies of CaF2 grown epitaxially on ~ 2° 
and ~ 0.5° miscut Si(l 11) 7 X 7 surfaces. For growth 
at ~ 770°C, a ~ 2 monolayers thick interfacial wet- 
ting layer is first formed in a layer-by-layer fashion 
followed by a subsequent nucleation/propagation of 
thick islands (multilayer) along the Si atomic step 
edges which are bunched into step bands. The aver- 
age height of the thick islands is a function of the 
substrate miscut angle which, apparently, is deter- 
mined by the height of the original Si step bunches. 
The islands grow laterally, with subsequent deposi- 
tion, to eventually form a flat overlayer. We have 
also performed a quantitative analysis of the CaF2 

islanding behavior observed at ~ 770°C and discuss 
the origin of the rough interfacial wetting layer as 
well as the role of the bunched step edges of the Si 
substrate which act as a preferential nucleation sites 
for CaF2 molecules. 

Epitaxial growth of CaF2 at ~ 250°C on ~ 0.5° 
miscut Si(l 11) 7X7 surfaces has also been charac- 
terized. Initially, the CaF2 forms 2 to 3 monolayers 

high isolated islands on the Si terraces followed by 
growth primarily in a multilayer-by-multilayer mode. 
It is also noted that the rate at which the Si(lll) 
7X7 RHEED pattern is removed is much slower at 
~ 250°C than at ~ 770°C which may indicate a 
weaker chemical reaction at the overlayer-substrate 
interface. 

2. Experimental method 

Samples were prepared in a Fisons V90S molecu- 
lar beam epitaxy (MBE) system equipped with a 
high temperature graphite Knudsen cell [12] for CaF2 

evaporation, an e-beam evaporator for Si evapora- 
tion, and a RHEED apparatus for in-situ monitoring 
of the growth morphology. Vicinal Si(l 11) substrates 
(4" diameter, 0.006 O, cm arsenic doped) with their 
surface normal tilted at either ~ 2° or ~ 0.5° (both 
towards the [11—2] azimuth) were used in this 
experiment. After a standard RCA chemical clean- 
ing, the Si substrate was loaded into the deposition 
chamber where it was heated to a temperature of 
~ 975°C for 30 min to remove the thin native oxide. 
During the cooling process, the transition from the 
(1 X 1) to (7 X 7) RHEED pattern was observed at 
850 + 20°C for each wafer preparation. This was 
then followed by the growth of an 20 nm Si buffer 
layer at ~ 700°C with a deposition rate of 0.1 nm/s 
to eliminate any initial surface roughness and to bury 
any impurities left on the original Si substrate sur- 
face. The CaF2 films were then grown on the Si 
buffer layer at either ~ 770°C or ~ 250°C. The 
RHEED spot intensity variation was monitored dur- 
ing CaF2 growth using a charge-coupled device 
(CCD) video camera and a digital image processing 
system. For CaF2 evaporation, high purity CaF2 was 
thermally heated to ~ 1400T in the K-cell. The 
CaF2 flux was measured by an ion gauge at the 
sample position which indicated a typical pressure of 
~ 1 X 10"7 mbar (deposition rate of 0.01 to 0.03 
nm/s during growth). The typical base vacuum pres- 
sure of the deposition chamber was in the mid 10"n 

mbar range and the pressure increased to the mid 
10"10 mbar range during CaF2 deposition and to the 
high 10~9 mbar range during Si deposition. Sub- 
strate temperatures were measured with a thermo- 
couple placed behind the substrate and calibrated 
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with an optical pyrometer (assuming an emissivity of 
0.6 for the Si surface). The thickness of the CaF2 

films were measured ex-situ with Rutherford 
backscattering spectroscopy (RBS) using 2 MeV 
Hel+ ions. These measurements were used to cali- 
brate the deposition rate. The electron beam energy 
used for the RHEED analysis was 14 keV. After the 
growth, the surface morphology of the films were 
characterized ex-situ with AFM and/or SEM. 

3. Results and discussion 

3.1.  The growth of CaF2  at 770°C on 2° miscut 
Si(ll 1) substrates 

Typical RHEED intensity temporal profiles, mon- 
itored during CaF2 growth, are shown in Fig. 1. The 
integral diffraction spot RHEED intensity initially 
shows almost two complete oscillations which corre- 
spond to ~ 2 monolayers of layer-by-layer CaF2 

growth as determined by RBS. The intensity then 
gradually decays to a constant level which indicates 
that the CaF2 nucleates and then grows by step flow 
mode on the interfacial wetting layer. The RHEED 
pattern of the bare Si(lll) 7X7 was observed to 
convert to a sharp 1 X 1 streaked pattern well before 
the first monolayer of CaF2 growth. An AFM image 
of 0.5 + 0.1 nm thick CaF2 grown at 770°C is shown 
in Fig. 2(a). The surface morphology of this sample 
exhibits random corrugations which have an average 
height of 0.45 + 0.10 nm and a diameter of 30 + 15 
nm. This result is consistent with oscillating RHEED 
intensity observed at the very early stage of the 
epitaxy and indicates that the interfacial wetting 
layer grows by formation and coalescence of isolated 
islands of atomic height on the Si terraces. Similar 
findings under these growth conditions have also 
been reported by Tromp et al. [11] using in-situ low 
energy electron microscopy (LEEM) and by Avouris 
et al. [4] using ultra high vacuum scanning tunneling 
microscopy (UHV-STM), although Cuberes et al. 
[13] have not observed such atomic-step corrugations 
in their UHV-STM work. The consistency in our 
measurement between RHEED intensity variations 
and the AFM topographies allows us to believe that 
the corrugations are not artifacts. However, the sig- 
nificantly larger substrate misorientation used in our 

experiment with respect to the Cuberes' work may 
have resulted in the different surface morphologies 
observed. In particular, complete coverage of the 
wetting layer may already have been achieved in the 
Cuberes' work by the time that 4 monolayers of 
CaF2 has been deposited. 

The atomic-step corrugations which appear on the 
interfacial wetting layer may be due to excess Si 
atoms on the Si terraces which are unable to diffuse 
to the Si steps. Since the CaF2 atoms react with the 
Si substrate to form an F-Ca-Si interfacial layer and 
SiF4 molecules which evaporate, there will remain 
an excess of Si atoms on the terrace above the next 
Si layer. This must lead to roughening between steps 
unless the excess Si atoms can all migrate to the step 
edges. 

Beyond ~ 2 monolayers, island nucleation (in a 
triangular shape with an average height of ~ 5 nm) 
is initiated at the Si step edges which are bunched 
into step bands with an average height of ~ 3 nm 
(Fig. 2(b)). These islands grow laterally (in a trape- 
zoidal shape) along the step bunches (Fig. 2(c)) and 
eventually form a flat overlayer when ~ 5.2 nm of 
CaF2 deposited (Fig. 2(d)). The origin of the unusual 
island nucleation and lateral growth mode observed 
here will be discussed in Section 3.4. 

c 
13 
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Fig. 1. The integral diffraction spot RHEED intensity temporal 
profiles monitored during 2.5 + 0.1 nm and 0.5 + 0.1 nm (shown 
in the inset figure) thick CaF2 epitaxy on 2° miscut Si(lll) 
substrates at 770°C. The RHEED intensity initially shows almost 
two complete oscillations which correspond to ~ 2 monolayers 
(monolayer = 0.315 nm) of layer-by-layer CaF2 growth. The in- 
tensity then gradually decays to a constant level which indicates 
that the CaF2 islands nucleate and then grow by step flow. 



412 B.M. Kim et al. /Applied Surface Science 104/105 (1996) 409-416 

3.2. The growth of CaF2 at 770°C on 0.5° miscut 
Si(l 11) substrates 

In Fig. 3, a typical time dependence of the RHEED 
intensity during CaF2 growth is shown. Similar to 

the behavior shown in Fig. 1, the integral diffraction 
spot intensity initially oscillates up to ~2 monolay- 
ers and then it gradually decays to a constant level 
with subsequent CaF2 deposition. Also, the 1/7 
fractional order diffraction spots in the RHEED pat- 
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Fig. 2. (a) An AFM topography of a 0.5 + 0.1 nm thick CaF2 film grown on vicinal Si(l 11) 2° miscut substrate at 770°C which shows that 
the surface of the interfacial wetting layer exhibits a roughness with an average corrugation height of 0.45 + 0.10 nm and a diameter of 
30+15 nm. The total height range is 10 nm. (b) An AFM topography of a 0.8 + 0.1 nm thick CaF, film grown on vicinal Si(lll) 2° miscut 
substrate at 770°C which shows that thick island (~ 5 nm in height) nucleation in a triangular shape is initiated at the Si step edges which 
are bunched into step bands with an average height of ~ 3 nm. The total height range is 16 nm. (c) An AFM topography of a 2.5 + 0.1 nm 
thick CaF2 film grown on vicinal Si(lll) 2° miscut substrate at 770°C which shows that triangular islands grow laterally (in a trapezoidal 
shape) along the step bunches. The total height range is 14 nm. (d) An AFM topography of a 5.2 + 0.1 nm thick CaF9 film grown on vicinal 
Si(l 11) 2° miscut substrate at 770°C which shows that the thick islands eventually connect to form a complete overlayer with a very smooth 
surface. The total height range is 29 nm. 
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Fig. 3. The integral diffraction spot RHEED intensity temporal 
profile monitored during 5.3 + 0.1 nm thick CaF2 epitaxy on 0.5° 
miscut Si(lll) substrate at 770°C. The RHEED intensity profile 
initially shows almost two oscillations which correspond to ~ 2 
monolayers of layer-by-layer CaF2 growth. The intensity then 
gradually decays to a constant level which indicates that the CaF2 

islands nucleate and then grow by step flow mode. 

tern, characteristic of the 7 X 7 reconstruction on the 
bare Si(lll) surface, completely disappeared and 
were replaced by a well defined streaked 1 X 1 
pattern, characteristic of CaF2(lll), well before the 
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Fig. 5. The intensity temporal profiles of an integral and of a 
non-integral diffraction RHEED spots were monitored during 
epitaxy of an 2.8 + 0.3 nm thick CaF2 layer on a 0.5° miscut 
Si(lll) 7X7 surface at 250°C. The integral diffraction spot 
RHEED intensity decreases exponentially up to ~ 2 monolayers 
and then oscillates for about 6 periods afterwards with the first 
peak at ~ 3 monolayers. The intensity of the non-integral diffrac- 
tion spot decreases exponentially up to ~ 3 monolayers and has 
disappeared completely beyond this point. 

Fig. 4. An AFM topography of a 0.7 + 0.1 nm thick CaF2 film 
grown at 770°C on a 0.5° miscut Si(lll) substrate which shows 
that the nucleation of triangular and trapezoidal islands ( ~ 2 nm 
in height) is initiated at the Si step edges which are bunched into 
step bands of ~ 1.5 nm in height. The total height range is 6.99 
nm. 

first monolayer of CaF2 was grown. Fig. 4 illustrates 
a surface morphology after 0.7 + 0.1 nm CaF2 

growth. It shows that the nucleation of triangular and 
trapezoidal islands (~ 2 nm in height) is initiated at 
the step bunches (~ 1.5 nm in height). These islands 
grow laterally along the step bunches and eventually 
form a flat overlayer when 
deposited. 

2.1 nm of CaF2 is 

3.3. The growth of CaF2 at 250°C on 0.5° miscut 
Si(lll) substrates 

The typical RHEED intensity temporal profiles 
monitored during CaF2 growth are shown in Fig. 5. 
The integral diffraction spot RHEED intensity ini- 
tially decreases exponentially up to ~ 2 monolayer 
and oscillates for about 6 periods afterwards with the 
first peak at ~ 3 monolayers. The intensity of a 
non-integral diffraction spot decreases exponentially 
up to ~ 3 monolayers and is completely removed 
beyond this point. The slower removal of the recon- 
structed RHEED pattern, characteristic of the bare 
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7X7 Si(lll) surface, indicates that the interaction at 
the overlayer-substrate interface is much weaker at 
250°C than at 770°C. Published RHEED work by 
Lucas et al. [7] also indicates the slower conversion 
of the 7X7 pattern into a 1 X 1 pattern during 
submonolayer CaF2 growth for T < 450°C than for 
r>550oC. These results imply that the growth of 
the interfacial wetting layer is by formation of 
bi/tri-layer high isolated islands nucleation and coa- 
lescence on the Si terraces, and subsequent layers are 
grown primarily in a multilayer-by-multilayer growth 
mode (i.e., flat layer growth by formation of 
mono/bi-layer high isolated islands nucleation and 
coalescence on the terraces). This kind of bi-layer 
formation has been seen by other workers [7,14]. The 
SEM topography of the CaF2 films grown at 250°C 
illustrates a featureless, flat surface morphology at 
~ 4, 7 and 9 monolayers, while the SEM topography 
of the CaF2 films grown at 770°C shows a island 
nucleation/propagation morphology that is consis- 
tent with the AFM images. 

Fig. 6. Quantitative analysis of CaF2 growth at 770°C on vicinal 
Si(lll) 7X7 surfaces miscut by 2° (open circle) and 0.5° (solid 
square): / represents the fraction of the area covered by CaF2 

islands determined by AFM and dB represents the average CaF2 

fdm thickness measured by RBS. It shows that island coverage 
increases linearly with the film thickness at a constant island 
height of ~ 5 nm for 2° miscut Si substrate and ~ 2 nm for 0.5° 
miscut Si substrate. It should be noted that there is no data below 
0.5 nm for 0.5° miscut Si substrate, and that the straight line is 
only a linear extrapolation. 

3.4. Quantitative analysis of CaF2 growth at 770°C 
on 2° and 0.5° miscut Si(lll) substrates 

The plot shown in Fig. 6 summarizes the early 
stages of CaF2 epitaxy at ~ 770°C on both ~ 2° and 
~ 0.5° miscut Si(lll) substrates. By linearly fitting 
the data points in the plot, we have extracted a 
simple equation of the form 

dB=dc + dj, 0) 
where dB corresponds to the average CaF2 thickness 
(measured by RBS), / corresponds to the fraction of 
area covered by CaF2 islands (determined by AFM), 
dc and d1 are fitting parameters corresponding to the 
interfacial wetting layer thickness and the average 
island height, respectively. Quantitatively, it illus- 
trates that / increases linearly with dB at the best- 
fitted values of d: = 5.19 nm and dc = 0.54 nm for 
2° miscut substrate. Corresponding fit values on the 
0.5° miscut substrates are: dx = 1.91 nm and dc = 
0.21 nm. Qualitatively, it summarizes the CaF2 

growth behavior observed by RHEED and AFM in 
the following model. Island nucleation is not initi- 
ated until interfacial wetting layer (dc) is formed. 
Island nucleation then occurs in triangular shapes at 
the step bunches. Once nucleated, these islands grow 

laterally along the step bunches with a constant 
island height (J,) to eventually form a flat overlayer 
(i.e., dB = dc + di at /= 1). The model predicts that 
CaF2 islands will completely cover the entire interfa- 
cial wetting layer to form a flat layer when dB = 5.73 
nm or 2.12 nm is deposited on vicinal substrates 
miscut by 2° or 0.5°, respectively. The lowering in 
dx, dc and therefore dB for /= 1 with decreasing in 
substrate miscut angle suggests that we may be able 
to control the CaF2 growth modes from the very 
thick islanded structures to the extremely thin flat- 
layer structures by going from highly vicinal sub- 
strates to very well oriented substrates. 

There are two questions to be answered about 
CaF2 growth behavior on the interfacial wetting 
layer. First, why do CaF2 molecules prefer to nucle- 
ate at the step bunches? Second, once island nucle- 
ation is initiated, why do islands form in a triangular 
shape and then propagate laterally along the step 
bunches in a trapezoidal shape? These questions may 
be answered if we make an assumption that CaF2 

molecules interact weakly with surface bonding sites 
on the interfacial wetting layer and move around 
until they find stronger bonding sites which are 
along the step bunches. Once nucleation of CaF2 

molecule along the step bunch is initiated, in order to 
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We evaluate D from the Einstein relation for surface 
diffusion given by [15]: 

[0 1 -1] 

Fig. 7. A schematic of the observed thick CaF, islands is shown. 
This shape is expected from surface energy considerations. The Si 
step edge runs along a [1-10] (or [-110]) direction, and 
[11 —2] represents the direction which is perpendicular to the Si 
step edge. 

minimize the total surface energy of the growing 
system, subsequent CaF2 molecules will try to nucle- 
ate in a most stable configuration. This would be a 
terrace edge nucleation in a triangular shape as shown 
in Fig. 7. As indicated in this figure, island nucle- 
ation and propagation along [11—2] will eventually 
saturate with the decrease in the exposed aerial 
density of preferential bonding sites. The preferential 
bonding sites lying in (-11—1) and (1-1-1) 
surfaces remain essentially the same as islands grow 
laterally along the [1 - 1 0] and [-110] directions to 
eventually cover the entire interfacial wetting layer. 
This model also applies to CaF2 molecules imping- 
ing on the flat surfaces of the growing islands where 
the terrace edges will act as sinks until the fractional 
island coverage over the interfacial wetting layer 
becomes unity. 

To get a feel for the relative bond strength be- 
tween CaF2 adatoms and sites on the thick CaF2 

islands versus sites on the interfacial surface, we 
have estimated the surface diffusion coefficient D 
and the energy barrier to the diffusion E of CaF2 

molecules moving on the interfacial wetting layer. 
First, we treat the CaF2 diffusion length on the 
interfacial wetting layer to be the average separation, 
S~ 955 + 317 nm, between the triangular islands 
observed in Fig. 2(b). Assuming that the sticking 
coefficient is unity, the diffusion time t of 21 s is 
taken from the time to deposit a monolayer of CaF2. 

D = S2/2t, (2) 

and E is evaluated from a hopping model given by 
[10,16]: 

E = kBTln(va2/D), (3) 

where v is an atomic vibration frequency (approxi- 
mated with kBT/h = 2.3 X 1013 Hz), a is the near- 
est neighbor spacing of 0.386 nm for CaF2(lll) 
surface, and kBT= 0.089 eV. The calculated values 
of D and E for the CaF2 diffusion on the interfacial 
wetting layer are 2.33 + 1.18 X 10~10 cm2/s and 
1.68 + 0.05 eV, respectively. Denlinger et al. [10] 
and Mathet et al. [17] have separately evaluated the 
diffusion barrier energy to be 1.33 + 0.06 eV and 1.1 
eV, respectively. The same authors in Ref. [10] have 
also calculated a CaF2 binding energy of 1.6 eV, 
based on the surface corrugation due to the Madelung 
potential. Our estimation of energy barrier to CaF2 

diffusion is in closer agreement with the CaF2 bind- 
ing energy calculation. 

4. Conclusion 

We have shown that at 770°C on vicinal Si(lll) 
7X7 surface, CaF2 first forms an interfacial wetting 
layer, which exhibits a rough surface, in a layer-by- 
layer mode. The surface roughening between the 
steps may be caused by the absence of sufficient Si 
atoms in the terraces between step bands to form a 
complete Si monolayer after the reaction (and evapo- 
ration of SiF4) of CaF2 molecules with the bare Si 
surface. Beyond this point, CaF2 weakly interacts 
with atomic sites on the interfacial wetting layer and 
finds it energetically favorable to nucleate as a trian- 
gular island and grow laterally in a trapezoidal shape 
along the bunched step edges to eventually form a 
flat overlayer. A simple model has been presented to 
explain the effect of substrate miscut angle on the 
CaF2 growth at 770°C. It shows that the average 
island height which is function of substrate miscut 
angle is determined by step bunch height and pre- 
dicts that the monoatomic steps on starting Si surface 
will yield flat CaF2 layer without the introduction of 
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the thicker island nucleation/propagation growth 
regime. At 250°C, the CaF2 initially grows by forma- 
tion of 2 to 3 monolayers high isolated islands on the 
Si terraces and subsequent layers grow dominantly in 
a multilayer-by-multilayer mode. The relatively slow 
disappearance of the fractional-order diffraction spots 
corresponding to the Si(lll) 7X7 RHEED pattern 
at 250°C compared to the almost instantaneous dis- 
appearance at 770°C indicates the weaker interaction 
at the overlayer-substrate interface when CaF2 is 
deposited at lower temperatures. 
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Abstract 

The minimum thickness of CaF2 buffer layer in CdF2/CaF2/Si(lll) heterostructure to grow CdF2 epitaxialy on Si(lll) 
under less stringent vacuum conditions (~ 10~8 Torr) was found to be 0.9 nm. Chemical reaction and growth mode at the 
initial stage of growth of CdF2 layer on Si(lll) and on CaF2/Si(lll) were studied with the in-situ X-ray photoelectron 
spectroscopy method. It was found that oxygen-related, chemical reaction of the CdF2 occurred on the Si(lll) surface, but 
not on the CaF2(l 11) surface. Two-dimensional growth of CdF2 layer from the initial stage was observed on the CaF2 buffer 
layer. These results indicate that the CaF2 buffer layer plays a role as a barrier layer to chemical reaction between the CdF2 

and the Si substrates. A short-period CdF2/CaF2 superlattice was grown on CaF2/Si(lll) and the XRD showed satellite 
peaks which is consistent with the growth rate. This result shows that the structure has abrupt interfaces with less than a few 
monolayers. 

1. Introduction 

Epitaxial alkaline-earth fluorides such as CaF2, 
SrF2, BaF2 have been investigated extensively since 
they are very attractive as insulators in future de- 
vices, e.g., high-speed and high-density three-dimen- 
sional integrated circuits, optoelectronic devices and 
intelligent sensors [1]. Cadmium fluoride (CdF2) has 
the same crystalline structure as that of these alka- 
line-earth fluorides, and has been shown to have 
peculiar electrical and optical properties. In spite of a 

* Corresponding author. 
1   Research fellow of the Japan Society for the Promotion of 

Science. 

large energy gap (8 eV) [2], doping by trivalent 
impurities followed by annealing allows the CdF2 to 
be converted into a semiconducting material with 
shallow donor levels of about 0.1 eV and free elec- 
tron concentration up to 4X1018 cm-3 at room 
temperature [3]. Another remarkable property of the 
doped CdF2 is its efficient electroluminescence, 
where it is possible to change the emission wave- 
length from infrared to ultraviolet by choosing the 
dopant [4]. All these features will make epitaxial 
CdF2 layers to be attractive especially on Si sub- 
strates. We have recently succeeded in the high 
quality epitaxial growth of CdF2 on Si(lll) using 
the CaF2 buffer layer [5]. It was also found that the 
direct growth of CdF2 on Si(lll) without the CaF2 

buffer layer was difficult, even though the lattice 
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constant of CdF2 (5.39 A) is closer to that of Si (5.41 
A) than that of CaF2 (5.46 A). From the viewpoint of 
device applications, it is necessary to make the thick- 
ness of the CaF2 buffer layer so thin that electrons 
can tunnel through it between the CdF2 layer and Si 
substrate for applications using vertical transport of 
electrons and for well defined superlattice (SL) struc- 
tures which are desirable for such applications as 
unipolar optical devices [6], quantum effect devices 
[7], etc., by utilizing the large conduction band dis- 
continuity of the CdF2/CaF2 interface [8]. Thus, the 
control of interfaces of the CdF2-CaF2-Si system is 
very important. 

In this paper, we investigated the minimum thick- 
ness of the CaF2 buffer layer to grow CdF2 epitaxi- 
ally well on Si(l 11) and the role of the buffer layer 
by X-ray diffractometry (XRD) and in-situ X-ray 
photoelectron spectroscopy (XPS) method. A short- 
period CdF2/CaF2 SL was also grown on Si(lll) to 
examine the formation of abrupt interfaces. 

2. Experimental 

In these experiments, we used two molecular 
beam epitaxy (MBE) systems. One of them, MBE-A, 
has three chambers consisting of a loading chamber, 
XPS analysis chamber (< 1CT9 Torr), and growth 
chamber (~ 10"8 Torr). It is possible to grow and 
analyze the samples in-situ in this system. X-ray 
photoelectron spectroscopy measurements were per- 
formed using the Al Ka X-ray line (1486.6 eV) to 
examine the growth mode of CdF2 layers and chemi- 
cal reactions on the surface. The angle between the 
surface normal and the take-off direction of the 
photoelectrons was 0°. The binding energy scale was 
calibrated on the basis of 284.6 eV of Cls. CaF2 

layers were grown at 600°C on n-type Si(lll) sub- 
strates whose resistivity is 4000 il cm. On the other 
hand, CdF2 layers were grown on the Si(lll) or 
CaF2/Si(lll) at 50°C. The thickness of CdF2 over- 
layers was measured by the Rutherford backscatter- 
ing spectroscopy (RBS) method after the characteri- 
zations by XPS. The other system, MBE-B, was 
composed of two chambers consisting of a loading 
chamber and a growth chamber (< 10~10 Torr) 
which was used for growth of a short period SL of 
[CdF2-3ML/CaF2-3ML]I0  on a CaF2/Si(lll) to 

investigate interdiffusion between CdF2 and CaF2. 
The SL was grown at 100°C on the 13 nm thick 
CaF2 buffer layer. This CaF2 buffer layer was grown 
coherently on the Si(lll) substrate by using the 
two-step growth technique [9] where several mono- 
layers (ML) were first grown at 700°C followed by 
succeeding growth at 100°C until the total thickness 
reached approximately 13 nm. The growth chamber 
of MBE-B was equipped with reflection high-energy 
electron diffraction (RHEED), where the growth rate 
of the fluorides was calibrated by RHEED intensity 
oscillations. Double crystal XRD (Cu Ka, radia- 
tion) was used to characterize the epitaxial growth of 
CdF2 layers and the abruptness of interfaces of the 
CdF2-CaF2 SL. 

3. Results and discussion 

3.1. The minimum thickness of the CaF2 buffer layer 

Fig. 1 shows several 8-26 scans of the double 
crystal XRD patterns of CdF2/CaF2/Si(lll) struc- 
tures using different thickness (0.6 nm, 0.9 nm and 
1.2 nm) of the CaF2 buffer layers. The structures 
were fabricated by the MBE-A system. The thick- 
nesses of the CdF2 overlayers were 185 nm, 35 nm 
and 155 nm on the 0.6 nm, 0.9 nm, and 1.2 nm CaF2 

buffer layers, respectively. The XRD revealed that 
CdF2 grew well epitaxially on the 0.9 nm CaF2 

buffer layer, whereas, CdF2 cannot grow epitaxially 
on the 0.6 nm CaF2 buffer layer. So, the minimum 

28.0 28.5 
26 (degree) 

29.0 

Fig. 1. Several 6 -20 scans of the double-crystal, XRD patterns 
of CdF2CaF2Si(l 11) structures with different thickness (0.6 nm, 
0.9 nm and 1.2 nm) of CaF2 buffer layers. 
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thickness of the CaF2 buffer layer to obtain epitaxial 
CdF2 layer under less stringent vacuum conditions 
(~ 10"s Torr) was found to be 0.9 nm (~ 3 ML). 
This value of the thickness is considered to be so 
thin that significant electron tunneling through it 
should be expected. 

3.2. Role of the CaF2 buffer layer on the growth of 
CdF2/CaF2/Si(lll) 

Overview XPS spectra of Fls, Ols, Cd3d and 
Si2p for different thickness of CdF2 overlayers, 
which were grown on the Si(lll) substrates or on 
the CaF2(l 11) buffer layers, are shown in Fig. 2. An 
apparent peak is recognized in the Ols spectrum 
after 0.3 nm of CdF2, which corresponds to about 1 
ML of CdF2, has been grown on Si(lll) without a 
CaF2 buffer layer, and its intensity stays constant 
even as the thickness of CdF2 is increased beyond 
1.2 nm. The quantity of these oxygen atoms can be 
estimated to be about 2 ML. On the other hand, in 
the case of growth on the CaF2 buffer layers, no Ols 
peak could be observed at all after the growth of the 

CdF2 overlayers. For Cd3d spectra, no chemical shift 
was observed in the case of growth on the CaF2 

buffer layer. The different binding energy of Fls of 
CaF2 and CdF2 was observed before and after the 
growth of the CdF2 layer in the case of growth on 
the CaF2 buffer layer. The value of the difference 
between them is 0.6 eV which is in agreement with 
the reported value [10]. However, distinct chemical 
shifts of the Fls and Cd3d spectrum were observed 
in the case of direct growth on Si(lll) as the thick- 
ness of CdF2 layer increased from 0.3 nm. The peak 
of Cd3d has shifted 0.75 eV to lower binding energy. 
This value is found to be close to that of Cd(OH)2 

[11]. The chemical shift on Fls spectra also can be 
considered to show a different chemical state from 
that of CdF2. In the Si2p spectra, however, no 
significant change was observed for growth both on 
the Si(lll) and on the CaF2 buffer layer except for 
their intensity. In addition, about half of the F ions 
seems to be desorbed from the first CdF2 layer (0.3 
nm), which is estimated from the integral intensity 
and the peak separation of the Fls spectra. These 
results suggest that the CdF2 reacted with residual 

Si2p 
on CaF2 
buffer layer 

540 520   420 400   110 

Binding Energy (eV) 
Fig. 2. Overview XPS spectra of Fls, Ols, Cd3d and Si2p for different thickness of CdF2 overlayers which were grown on the Si(lll) 
(lower column) or on the CaF2/Si(lll) (upper column). 
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gasses containing oxygen in the atmosphere when 
CdF2 molecules reached on the Si(lll) surface. But 
no such reaction occurred on the CaF2(lll) surface. 
In other words, the Si(l 11) surface appeared to act as 
a catalyzer. Indeed, using the MBE-B system, whose 
base pressure (< 10"10 Torr) is better than that of 
the MBE-A system, we could succeed in the epitax- 
ial growth of CdF2 on Si(lll) although its crys- 
tallinity was not so good as that grown on the CaF2 

buffer layer [5]. The CaF2 buffer layer whose thick- 
ness is over 0.9 nm considered to play a role for 
barrier layer to prevent chemical reactions from oc- 
curring and, thus, allowing a well ordered hetero-in- 
terface in the CdF2-CaF2-Si heterostructure to form 
even under less stringent vacuum conditions. 

0.2 

Si2p 

,0 0:onSi(111) 
0 «:on CaF2/Si(111) 

3.3. Growth mode of the initial stage ofCdF2 growth 

0 12 3 
CdF2 overlayer thickness  d  (nm) 

Fig. 3. Normalized XPS intensities of Si2p as a function of CdF, 
overlayer thickness. Closed (•) and open (O) circles show the 
growth of the CdF, on the CaF,/Si(lll) and on the Si(lll), 
respectively. The solid line indicates the calculated intensity as- 
suming a uniform two dimensional growth of CdF2. 

The growth mode of the initial stage of growth of 
CdF2 on Si(lll) and on CaF2/Si(lll) was studied 
by observation of the decrease in the intensity of the 
Si2p peak with increasing thickness of the over- 
grown CdF2. The photoelectron intensity / from the 
Si substrate can be expressed simply as indicated in 
the following equation when another uniform film is 
grown on the Si substrate, 

1= IQ exp( — d/X), 

where /„ represents the initial intensity before over 
growth, d represents the thickness of the overlayer, 
and A represents the escape depth of photoelectrons 
penetrating the CdF2 overlayer. So, if the CdF2 

overlayer grows two dimensionally to form a uni- 
form layer, the photoelectron intensity from the Si 
should decrease exponentially as the thickness of the 
CdF2 overlayer is increased. It was found that, in the 
case of growth on the CaF2/Si(lll) substrates, the 
intensity of the Si2p peak decreased exponentially 
with the thickness of the CdF2 overlayer as shown in 
Fig. 3. The solid line in Fig. 3 shows a calculated 
curve by assuming A = 2.54 nm which was obtained 
from Penn's equation [12]. As can be seen, the 
experiment agrees well with the calculation. So it 
can be said that CdF2 grew two dimensionally to 
form a uniform layer from the initial stage on the 
CaF2 buffer layer. On the other hand, in the case of 
growth on the bare Si(lll) substrates, the intensity 

of Si2p was observed not to decrease exponentially 
as shown in Fig. 3. This result suggests that CdF2 

grows with island formation on the bare Si(lll), 
which is considered to be related to the chemical 
reaction discussed above. 

3.4. Formation of a CdF2-CaF2 SLon CaF2/Si(lll) 

Fig. 4 shows 6-26, double crystal XRD patterns 
obtained from a short-period SL of [CdF2-3 
ML/CaF2-3 ML]10. A well pronounced oscillating 
structure, which shows the well flatness of the SL, 

10" r 

Si 

1 

■         SL-1 

iJr 111 iiM 1 I            SUi    : 

Miu«,,/ k ' ¥ 1 if 

.   i    .... 

20.0 25.0 30.0 

26    (degree) 

35.0 

Fig. 4. Double crystal XRD pattern of [CdF2-3 ML/CaF,-3 
ML]10 SL. 
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can be observed. The positions of the satellite peaks 
show that the period of the SL is 6 ML which is 
consistent with the growth rate. This result shows 
that the layered heterostructure has remained without 
being smeared at all by interdiffusion and/or chemi- 
cal reaction. Thus, we considered that the structure 
has abrupt interfaces with less than a few ML at 
most. 
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4. Conclusion 

The minimum thickness of CaF2 buffer layer to 
grow CdF2 epitaxially on Si(lll) was investigated. 
It was found that 0.9 nm CaF2 is necessary for CdF2 

to grow epitaxially on Si(lll) under the less strin- 
gent vacuum conditions. Chemical reaction and 
growth mode at the initial stage of growth of CdF2 

layer on Si(lll) and CaF2/Si(lll) were studied by 
in-situ XPS method. It was found that an oxygen-re- 
lated chemical reaction of the CdF2 occurred on the 
Si(lll) surface, but not on the CaF2(lll) surface. 
Two-dimensional growth of CdF2 layer at the initial 
stage was observed on the CaF2 buffer layer. These 
results indicate that the CaF2 buffer layer plays a 
role as a barrier layer to prevent chemical reaction 
during CdF2 growth on Si substrates. A short-period 
CdF2/CaF2 SL was grown on CaF2/Si(lll), and 
the XRD showed the structure had abrupt interfaces 
with less than a few ML. 
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Abstract 

Near-surface GaAs/AlGaAs quantum wells, with and without a GaAs cap, have been used as effective probes of the 
electronic properties of oxidized GaAs surfaces and AIGaAs surfaces. We find that the variation of surface stoichiometry 
due to hydrogen ion treatments appears to be similar for both oxidized AIGaAs and GaAs surfaces, as examined by Auger 
electron spectroscopy. However, the composition of the oxide significantly affects both hydrogenation process and the 
efficacy of surface passivation. 

1. Introduction 

There is a great need for surface passivation 
treatments that result in enhanced electronic device 
properties, and which are both reproducible and of 
long-term durability. We have used the photolumi- 
nescence (PL) of a near-surface GaAs quantum well, 
clad by Al03Ga07As barrier layers, to gauge the 
effectiveness of surface passivation treatments on an 
oxidized AIGaAs surface [1]. The PL measurements 
revealed that irradiation by low energy (100 eV) 
hydrogen ion resulted in increased luminescence of 
the near-surface quantum wells, which persisted for 
more than two years [2]. Auger electron spectroscopy 
(AES) measurements indicate that the surface oxy- 
gen concentration remains unchanged after hydrogen 

Corresponding   author.   Now   at   Hewlett-Packard   Co., 
Hewlett-Packard Laboratory, Palo Alto, CA 94304, USA. 

ion treatments with low exposures [3]. This oxide 
may serve as an over-passivation layer and, hence, 
preserve the passivated oxide-semiconductor inter- 
face. If this is true, then the composition of the oxide 
should be important in determining the quality 
and/or stability of the hydrogen passivation. 

In this work, we have carried out a systematic set 
of experiments with a near-surface GaAs/AlGaAs 
quantum well, which had an additional 30 A GaAs 
cap overlying the AIGaAs barrier layer. The lumi- 
nescence efficiency of the near-surface GaAs/Al- 
GaAs QW in this case should depend on the elec- 
tronic properties of the oxidized GaAs surface. By 
comparing with our results on an oxidized AIGaAs 
surface, we can study the effect of oxide components 
on hydrogenation processes. 

To offer insight into the chemical changes during 
the reaction, we have utilized AES to monitor in situ 
the changes in composition resulting from exposure 

0169-4332/96/$15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
PII S0169-4332(96)00181-X 
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of native oxide-covered GaAs to hydrogen ions. Ex 
situ PL measurements were then made to evaluate 
the modification of surface electronic properties, 
achieved after 100 eV hydrogen ion irradiation with 
different exposures. 

2. Experimental procedures 

The material structures used for the study of 
oxidized GaAs surface are shown in Fig. 1(a) and 
(b), and each consists of both a near-surface and a 
deep GaAs/Al03Ga07As QW grown on a semi-in- 
sulating GaAs(lOO) substrate by molecular beam epi- 
taxy. All layers are non-intentionally doped. For both 
structures, the upper QW, denoted by Ql, is capped 
by an AlGaAs barrier layer (designated as a 'surface 
barrier layer, d'), and the surface barrier layer is 
covered by a 30 A thick GaAs cap. In structures (a), 
and (b), the surface barrier thickness, d, is 350 A 
and 90 A, respectively. The deeper QW, denoted by 
Q2, is separated by a 3500 A barrier layer from the 
upper QW. The deeply embedded QW is insensitive 
to surface states and can thus serve as a reference for 
normalization of luminescence intensity. The mate- 
rial structure used for the study of oxidized AlGaAs 
surface is shown in Fig. 1(c). In this case, the upper 
QW is only capped by 80 A thick AlGaAs barrier 
layer. 

GaAs 30 A 

AlGaAs :d 

GaAs80Ä(Ql) 

AlGaAs 3500 A 

GaAs 100 Ä(Q2) 

AlGaAs 350 A 

GaAs substrate 

iMMWSsW 

A'.V'.'.','.'.<:T:V\VSTT77 

— 

AlGaAs 80 A 
GaAs 60 A (Ql)    fctt»5» 

AlGaAs 3500 A 

GaAs 100 A (Q2) 

AlGaAs 350 A 

GaAs substrate 

iJt^m^M^ 

(a) rf=350 A (b) rf=90 A 
(0 

Fig. 1. Sample structures of GaAs/AlGaAs QW. The Al frac- 
tional composition is 0.3. The upper QW is denoted by Ql, and 
the deeper QW is denoted by Q2. The AlGaAs surface barrier 
layer thickness is 350 A for structure (a), and 90 A for structure 
(b). In structure (c), the upper QW is only capped by 80 A thick 
AlGaAs layer. 

The samples were cleaned by a buffered HF 
solution, and then immediately introduced, via an 
external load lock, into an ultra-high vacuum (UHV) 
chamber with a base pressure of 5X 10"u Torr. 
The chamber is equipped with a four-grid rear-view 
low-energy electron diffraction (LEED) optics, an 
Auger electron spectrometer with a single-pass cylin- 
drical mirror energy analyzer, an ion sputter gun, a 
pin-hole gas doser, and a tungsten filament. The 
chamber is pumped by a 1000 1/s turbomolecular 
pump. 

Hydrogen ions were generated by using an ion 
sputter gun with differential gas inlet, operated at an 
ion energy of 100 eV. The flux was measured using 
the ion current collected on the sample. A typical ion 
current density of ~ 2 /i,A/cm2 was used. To mini- 
mize the diffusion of hydrogen during the hydrogen 
treatment, the samples were cooled to 200 K during 
the experiments using liquid nitrogen. 

AES measurements were made to provide infor- 
mation on the composition of the native oxide- 
covered GaAs and AlGaAs surface before and after 
different hydrogen treatments. The thickness of the 
native oxide has been estimated to be between 5 and 
10 A [4]. For AES measurements, the compositions 
of Ga, As, and Al were probed by the high kinetic 
energy peaks, i.e. 1070 eV, 1228 eV, and 1396 eV, 
respectively. This allows us to monitor the variation 
of composition of both the native oxide and the 
semiconductor surface (see, for example, Ref. [5]). 

The variation of normalized luminescence effi- 
ciency     (17),     which     is     defined     as 

[ WWVtW'oJ^350^ before and after differ~ 
ent hydrogenation treatments was determined by ex 
situ PL measurements. The near-surface QW sample 
was held at a temperature of 1.4 K and was excited 
by an Ar ion laser with a power density of  ~ 1 
W/cm2. The PL spectra were measured with a GaAs 
photomultiplier detector. 

3. Results 

3.1. In situ AES measurements 

Our earlier AES measurements of the hydro- 
genated AlGaAs-barrier samples (structure in Fig. 
1(c)) showed that low energy hydrogen ion irradia- 
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hydrogen ion exposure (xlO   cm  ) 

Fig. 2. The variation of normalized As(1228 eV)/Ga(1070 eV) 
AES peak height ratio with hydrogen ion exposure. The solid 
curves are guides for the eyes. 

tion causes the reduction of the As/Ga ratio without 
changing the surface oxygen concentration [3]. Simi- 
lar results can be observed on an oxidized GaAs 
surface, as shown in Fig. 2. In this figure, the AES 
peak height ratio has been normalized to the initial 
value of the untreated substrate, i.e. we are plotting 

/[/As/^Ga]asreceived- As can be 
rogen treatments 

seen from the experimental results, low exposures 
(~ 1016 cm-2) of hydrogen ions produce a modi- 
fied, Ga-rich surface. The departure from the initial 
As/Ga stoichiometry increases with the ion expo- 
sure. At an exposure of 2 X 1016 cm-2, the As/Ga 
peak height ratio is reduced to ~ 0.75. However, the 
surface oxygen concentration remains the same in 
these cases. 

After hydrogen ion treatment and AES measure- 
ments, the samples were allowed to warm to room 
temperature, and the AES spectra were measured 
again. In all cases, no significant difference in the 
AES composition profiles was found. 

3.2. Ex situ PL measurements 

Fig. 3 shows the PL spectra for structures (a) and 
(b) with different surface barrier thicknesses. Curve 
(a) of Fig. 3 displays the PL spectrum obtained from 
an as-grown sample with d = 350 A, where the 
higher energy peak denoted as Ql at ~ 1.57 eV is 
from the near-surface QW and the other one denoted 
as Q2 at  ~ 1.555 eV is from the deep QW. Each 

excitonic peak corresponds to the fundamental transi- 
tion between electron and hole states (el-hhl). The 
PL spectrum for the sample with a reduced barrier 
thickness of 90 A is shown in curve (b). As ex- 
pected, the PL intensity for the near-surface QW 
with reduced barrier thickness is itself greatly re- 
duced. Since we believe that the nonradiative carrier 
recombination at the GaAs/AlGaAs interface is neg- 
ligible [6], we assume that the luminescence reduc- 
tion is primarily through interactions with the oxi- 
dized GaAs surface. Structure (b), with strongly 
reduced luminescence efficiency without passivation, 
was then used to study the passivation effects of 
oxidized GaAs surface achieved under different hy- 
drogen treatments. 

The hydrogen ion exposures were varied from 
5 X 1014 cm"2 to 5 X 1016 cm"2. In these cases, the 
O/Ga peak height ratios were unchanged after the 
hydrogen ion treatments. Therefore, we will assume 
that the nature of the interface between the oxide 
layer and the GaAs barrier is not significantly altered 
during the transfer necessary for ex situ PL measure- 
ments. 

The observed variation of 17 is summarized in 
Fig. 4. For comparison, the data taken on structure 
(c) are also shown [3]. This set of data demonstrates 
the electronic properties of an oxidized AlGaAs sur- 
face before and after different hydrogen treatments. 

As mentioned above, we observed a reduction of 

Ql 

Q2 ■ 

_y\J I (a) 

' ,AJ I (b) 

a« 

1.54 1.56 1.58 1.« 1.62 

energy(eV) 

Fig. 3. The PL spectra for structures (a) and (b) before hydrogen 
ion treatments. The emission denoted by Ql is from the upper 
QW, and the emission denoted by Q2 is from the deep QW. 



Y.-L. Chang et al. /Applied Surface Science 104/105 (1996) 422-427 425 

1.4 

u 
e 

1.2 

1   - 

i iiiiiii "i^mmr 

I   ill mil      I   i I I mil I i i iW« 
hydrogenation    1 1" 1"0 

hydrogen ion exposure(xl014cm" :) 

Fig. 4. The variation _ of luminescence efficiency, 

[JQI /'OJV^QI //Q2]''"
350Ä

. 
of the near-surface QW with and 

without a GaAs cap before and after different surface treatments, 
(a) AlGaAs surface (without GaAs cap); (b) GaAs surface (with 
GaAs cap). 

the As/Ga peak height ratios for both oxidized 
AlGaAs and GaAs surfaces. However, the variation 
of the luminescence efficiency of the QW is quite 
different for these two structures. For a near-surface 
QW with an oxidized AlGaAs surface, as shown in 
Fig. 4(a), we observed enhanced luminescence above 
a threshold exposure of ~ 1015 cm-2. For a hydro- 
gen ion exposure of 5 X 1016 cm-2, 17 is greater 
than unity, which is presumably due to the diffusion 
of hydrogen into the material and the passivation of 
defects in the bulk [3]. On the contrary, for a near- 
surface QW covered by a GaAs cap, a slight en- 
hancement in the luminescence efficiency (~ 40%) 

a 

e 

1.56     1.565 1.57     1.575     1.58 

energy (eV) 

1.585     1.59 

Fig. 5. The PL spectra of the free exciton transition line of Ql in 
structure (b) before and after different hydrogen ion treatments, 
(a) Before treatment, (b) 5X1014 era"2, (c) 1015 cm"2, (d) 
4X 1015 cm-2, (e) 7X 1015 cm-2. A significant broadening was 
observed with increasing hydrogen ion exposures. 

was already observed with a hydrogen ion exposure 
of 5 X 10l4 cm-2. Increasing hydrogen ion expo- 
sures resulted in degradation, rather than enhance- 
ment, of the luminescence efficiency, with a signifi- 
cant broadening of the free exciton transition line, as 
shown in Fig. 5. 

Curve (a) of Fig. 5 displays the PL spectrum of 
the free exciton transition line of Ql in structure (b) 
before any hydrogen ion treatment. An increased 
exposure of hydrogen ions produced a broadening of 
Ql, accompanied by a slight red-shift, relative to the 
energy peak position of the as-grown sample. Both 
the peak intensity and the energy position of Q2 
remain the same as in the as-grown sample. 

4. Discussion 

The understanding of hydrogen ion passivation 
we had established from previous studies on the 
near-surface GaAs/AlGaAs QW structures, having 
AlGaAs at the surface, is as follows. Hydrogen ions 
interact with the AlGaAs surface through the native 
oxide layer, forming volatile arsine (AsH3), which 
was observed by temperature-programmed desorp- 
tion (TPD) measurements [2]. This results in a 
Ga/Al-rich oxide-semiconductor interface, the pres- 
ence of which was verified by in situ AES measure- 
ments. AES also shows no significant change of the 
oxygen concentration due to hydrogen ion treatment 
with low exposures, relative to the reference (non- 
hydrogenated) sample. The removal of arsenic from 
the oxide/substrate interface reduces the number of 
As-antisite defects, which are near-midgap states, 
and can be responsible for a high surface recombina- 
tion velocity [7]. This passivation mechanism also 
provides an appropriate interpretation of our experi- 
mental observations on InGaAs/InP surface QW 
structures after different hydrogen ion treatments [8]. 

For an oxidized GaAs surface, the AES measure- 
ments also show the reduction of the As/Ga peak 
height ratio. However, the PL spectra of the near- 
surface QW clearly show a general degradation in 
surface quality, in direct proportion to the hydrogen 
ion exposure. The enhancement of PL intensity was 
observed for InGaAs/InP QW, situated directly at 
the surface, under the similar operation conditions 
[8]. We therefore conclude that the degradation we 
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observe at the present structure is not related to ion 
bombardment effects. A detailed comparison of ex- 
posure-dependent behavior, as shown in Fig. 4, pro- 
vides some insight into the different hydrogenation 
processes in the two materials. 

For the GaAs-capped samples, there is a slight 
enhancement of PL intensity of Ql at a hydrogen ion 
exposure of 5 X 1014 cm'2. This is much smaller 
than the threshold value for effective passivation of 
the AlGaAs-capped samples, as shown in Fig. 4. For 
the same external exposure, there appears to be a 
larger concentration of hydrogen ions reaching the 
oxide-semiconductor interface in the GaAs-capped 
material. Hence, the luminescence enhancement can 
be observed at a much lower external exposure than 
for the AlGaAs-capped material. 

We have previously reported that extensive hy- 
drogen-ion exposure can lead to hydrogen agglomer- 
ation at defect sites in the material [9,10], which 
results in the appearance of broad peaks in the 
luminescence spectrum and degradation of the lumi- 
nescence efficiency. We similarly expect this thresh- 
old in hydrogen exposure producing material damage 
will be reached at a lower exposure for the GaAs- 
capped material, which is actually what is experi- 
mentally observed. The change of shape of the free 
exciton transition line for the near-surface QW, as 
observed at high exposure (Fig. 5), might be an 
indication of the formation of hydrogen-related de- 
fects in the near-surface region. 

An alternative explanation for the broadening of 
the free exciton transition line could be associated 
with the increased surface roughness due to the 
effect of ion impact. It has been reported that a clear 
metallic threshold can be observed on a clean 
GaAs(llO) surface treated by a high exposure of Hj!" 
[11]. Although we do not have direct evidence of the 
clustering of Ga atoms in the present case, we expect 
that the oxidized AlGaAs surface is more robust than 
oxidized GaAs, under the irradiation of 100 eV 
hydrogen ions. Examination of the heats of forma- 
tion of the different oxides shows that the Al-oxide 
is more stable than the oxides of Ga or As [12]. As a 
result, the broadening of the free exciton transition 
line of a near-surface QW with an oxidized AlGaAs 
surface was only observed after hydrogen ion treat- 
ments at very high exposures (~5X lO16 cm-2) [3]. 
The high durability of Al-oxide can also explain the 

long-term stability of hydrogen passivation from an 
oxidized AlGaAs surface. 

5. Conclusions 

In summary, we have reported in situ monitoring 
of the chemical changes that take place on a native 
oxide-covered GaAs surface treated by hydrogen 
ions. Although the change of surface stoichiometry is 
similar for oxidized GaAs and AlGaAs surfaces, the 
variation of luminescence efficiency of the near- 
surface QW with and without a GaAs cap are quite 
different under 100 eV hydrogen ion irradiation. 

Our experiments demonstrate that the hydrogen 
ion treatment is able to modify the oxide-GaAs 
interface even at low exposures. The threshold in 
hydrogen exposure that produces material damage is 
also lower for the GaAs-capped material. The net 
effect is as if the GaAs-oxide allows greater penetra- 
tion of the hydrogen ions than does the AlGaAs- 
oxide. This may due to differences in the thickness 
of the two native oxides or in the quality of the 
oxides. 

A systematic determination of the optimal hydro- 
genation parameters, including ion energies and ion 
exposures, will be carried out for AlxGa[_xAs sur- 
faces with different Al compositions. Such informa- 
tion is essential for further application of this tech- 
nique to GaAs-based devices and will lead to further 
understanding of hydrogen passivation. 

Acknowledgements 

We are grateful to Professor William E. Spicer, 
and Dr. Renyu Cao of Stanford University for help- 
ful discussions. Primary support for this work was 
provided by the NSF Science and Technology Center 
for Quantized Electronic Structures (QUEST), Grant 
#DMR 91-20007, with additional support from the 
W.M. Keck Foundation. 

References 

[1] Y.-L. Chang, I.-H. Tan, Y.H. Zhang, J. Merz, E. Hu, A. 
Frova and V. Emiliani, Appl. Phys. Lett. 62 (1993) 2697. 



Y.-L. Chang et al./Applied Surface Science 104/105 (1996) 422-427 427 

[2] Y.-L. Chang, S.I. Yi, S. Shi, E. Hu, W.H. Weinberg and J. 
Merz, J. Vac. Sei. Technol. B 13 (1995) 1801. 

[3] Y.-L. Chang, W. Widdra, S.I. Yi, J. Merz, W.H. Weinberg 
and E. Hu, J. Vac. Sei. Technol. B 12 (1994) 2605. 

[4] P. Friedel, J.-P. Landesman, P. Boher and J. Schneider, J. 
Vac. Sei. Technol. B 5 (1987) 1129. 

[5] D.R. Penn, J. Vac. Sei. Technol. 13 (1976) 221, and refer- 
ences therein. 

[6] E. Yablonovitch, C.J. Sandroff, R. Bhat and T. Gmitter, 
Appl. Phys. Lett. 51 (1987) 439. 

[7] W.E. Spicer, T. Kendelewicz, N. Newman, R. Cao and E.R. 
Weber, J. Vac. Sei. Technol. B 6 (1988) 1245. 

[8] Y.-L. Chang, I.-H. Tan, C. Reaves, E. Hu, J. Merz and S. 
DenBaars, J. Vac. Sei. Technol. B 12 (1994) 3704. 

[9] Y.-L. Chang, M. Krishnamurthy, I.-H. Tan, E. Hu, J. Merz, 
P.M. Petroff, A. Frova and V. Emiliani, J. Vac. Sei. Technol. 
B 11 (1993) 1702. 

[10] Y.-L. Chang, I.-H. Tan, E. Hu, J. Merz, V. Emiliani and A. 
Frova, J. Appl. Phys. 75 (1994) 3040. 

[11] F. Proix, Physica B 170 (1991) 457. 
[12] O. Kubaschewski and C.B. Alcock, Metallurgical Thermo- 

chemistry, 5th ed. (Permagon, New York, 1979). 



NU 

applied 
surface science 

ELSEVIER Applied Surface Science 104/105 (1996) 428-433 

Interface properties of PNx/InP structures by in-situ remote 
plasma processes 

Takashi Sugino, Yoshifumi Sakamoto, Takashi Miyazaki, Junji Shirafuji * 
Department of Electrical Engineering, Faculty of Engineering, Osaka University, 2-1 Yamadaoka, Suita, Osaka 565, Japan 

Received 28 June 1995; accepted 6 October 1995 

Abstract 

Interfacial properties of Au/PN^/n-InP Schottky junctions and metal-insulator-semiconductor (MIS) diodes formed by 
a series of in-situ remote plasma processes have been evaluated by measuring electrical characteristics. The in-situ processes 
consist of removal of native oxide by a H2 plasma, surface modification by a PH3 plasma, deposition of a PNX layer by the 
use of PH3 and N2 plasma, and subsequent metal evaporation. An effective barrier height of 0.83 eV and a true barrier 
height of 0.57 eV are observed for the tunnel MIS Schottky junction. An interface state density as low as 1.4 X 10" eV-1 

cm~2 is obtained for the MIS diodes. From the behavior of the true barrier height and the low interface state density, it is 
suggested that a novel in-situ process is effective in forming an interface of PNx/InP structure. 

1. Introduction 

The fabrication process of Schottky and metal-in- 
sulator-semiconductor (MIS) contacts with a low 
interface state density is a key technology for InP 
and GaAs-based electronic and optoelectronic de- 
vices. It is well known that the surface Fermi level 
pinning occurs for Schottky contacts formed on InP 
and GaAs [1,2]. For conventional Schottky contacts 
formed on chemically etched n-InP surfaces, the 
barrier height is nearly fixed at about 0.4 eV irre- 
spective of the type of metal and its work functions 

[3]. 
A conventional way for enhancing the effective 

barrier height of the Schottky contact is to introduce 
a tunnel metal-insulator-semiconductor (MIS) struc- 
ture [4].  Attempts to form tunnel MIS  Schottky 

Corresponding author. 

structures have been carried out by deposition of an 
insulating layer by applying various processes [5,6]. 
The effective barrier heights higher than 0.8 eV were 
achieved for tunnel MIS junctions employing a thin 
insulating layer of PxOy or POANvHz deposited by 
pyrolytic CVD [5,6]. However, in these cases the 
surface Fermi level is still pinned around 0.4 eV 
below the conduction band edge. The apparent en- 
hancement of the barrier height is only due to the 
existence of the insulating tunnel barrier layer. 

Another and orthodox way is to unpin the surface 
Fermi level and to use a Schottky metal with a large 
work function. It has recently been reported that the 
true barrier height is increased to 0.59 eV for Au/InP 
tunnel MIS Schottky junctions formed on the surface 
modified with photodecomposed phosphine (PH3) or 
PH3 plasma [7,8]. 

The photodecomposed PH3 or PH3 plasma pro- 
cess can cause the following combined effects on the 
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substrate surface: removal of native oxide, surface 
modification including defect passivation and deposi- 
tion of a phosphorus-related insulating layer. How- 
ever, it is important to reveal the effect of an individ- 
ual processing step on the surface properties of 
semiconductors in order to improve properties of 
InP-based Schottky and MIS diodes. 

We have tried an in-situ multi-step plasma pro- 
cess consisting of a series of removal of native oxide 
by H2 plasma, surface modification by a PH3 plasma, 
plasma-enhanced deposition of a PN^. insulating layer 
by PH3 and N2, and Schottky metal evaporation. 
Each plasma process is carried out using a remote 
plasma to minimize plasma damage. However, when 
InP surfaces are treated with a H2 plasma, even if 
the plasma is remote, phosphorus dissociation from 
the surface is not avoidable [9]. Subsequent PH3 

plasma treatment is required to improve the surface 
exposed to H2 plasma. Synthesis of PN^. as an 
insulating film can suppress phosphorus dissociation 
from the InP surface during film deposition because 
it is carried out in an excess phosphorus environ- 
ment. 

In this paper electrical characteristics are exam- 
ined for Au/PN^/InP tunnel MIS Schottky junc- 
tions and MIS diodes fabricated by using the in-situ 
remote plasma process. It is demonstrated that the 
in-situ remote plasma process is effective in forming 
PNyinP interfaces. 

2. Experimental 

The experiments were carried out on the (100)- 
oriented surface of undoped n-type InP substrates of 
which the electron concentration was 5 X 1015 cm-3. 
Prior to plasma treatment, an ohmic contact was 
provided on the back side of the InP substrate with 
AuGeNi. The samples were chemically etched with a 
solution consisting of H2S04 : H202: H20 = 5:1:1 
for 3 min and then with a solution of HF: H20 = 1:1 
for 1 min to remove the native oxide. A reaction 
chamber was specially designed for carrying out 
in-situ processes of remote H2 and PH3 plasma 
treatments, PN^ deposition due to decomposition of 
PH3 by a N2 plasma, and vacuum evaporation of 
various metals [10]. The remote plasma was excited 
in a horizontally equipped quartz tube by supplying 

an rf (13.56 MHz) power (30 W) to an inductive coil 
10 cm away from the substrates in the reaction 
chamber. After the substrates were loaded on the 
holder, the chamber was evacuated to the base pres- 
sure of 3 X 10"6 Torr. H2 or 10% PH3 diluted with 
Ar was introduced into the horizontal quartz tube 
located on the side of the reaction chamber at a flow 
rate of 15 seem. The gas pressure was regulated at 
0.2 Torr. At first H2 plasma treatment was carried 
out at 95°C for 10 min in order to remove the native 
oxide at the surface of InP. The InP substrate was 
then treated with PH3 plasma at 250°C for 5 min. 
After that, PN^ thin films were synthesized at 250CC 
by decomposing PH3 by a N2 remote plasma. It has 
been reported previously that the bandgap of PN^ 
films is estimated to be 5.3 eV by optical absorption 
measurement [10]. Finally Schottky contacts were 
formed at room temperature by in-situ Au evapora- 
tion. The contact area was 1 mm in diameter. 

X-ray photoelectron spectroscopy (XPS) was car- 
ried out to analyze the interfacial region between Au 
and InP. Current-voltage (I-V) characteristics of 
Schottky junctions were measured at various temper- 
atures to estimate both apparent and true Schottky 
barrier heights. I-V characteristics were also mea- 
sured for PNX films at room temperature to estimate 
the electrical resistivity. Capacitance-voltage (C-V) 
characteristics were measured at 1 MHz for 
Au/PNx/InP MIS diodes. The interface state den- 
sity was evaluated by Terman's method [11]. 

3. Results and discussion 

In order to examine the existence of a surface 
layer on the InP treated with PH3 plasma after 
removal of native oxide due to H2 plasma treatment, 
the cross section of the sample was observed by 
transmission electron microscopy (TEM). The sam- 
ple for TEM observation was covered by an Au layer 
after the successive plasma treatments with H2 (10 
min) and with PH3 (5 min). This Au coating was 
necessary to avoid oxidation of the plasma treated 
surface due to air exposure. Fig. 1 shows the cross 
sectional TEM micrograph of the Au/InP structure. 
The presence of an interfacial layer of 4 nm in 
thickness between Au and InP is clearly seen. 
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1 

10nm ! 

Fig. 1. Cross sectional TEM micrograph of modified the Au/InP 
Schottky junction. 

The interfacial region confirmed by TEM obser- 
vation was analyzed by XPS on the same sample. 
XPS measurement and Ar sputtering for 0.1 min 
were made alternately. The sputtering rate was esti- 
mated to be at most 20-30 nm/min. It was consid- 
ered that the XPS signal was obtained in the region 
of about 1 nm deep from the surface, taking account 
of the escape depth of photoelectrons. Fig. 2 (a) and 
(b) show the XPS spectra of the In 3d5/2 core level 
and the P2p core level, respectively, measured in the 
interfacial layer near the InP substrate. For compari- 
son, the XPS spectra from the InP bulk obtained 
after further Ar sputtering was examined. The XPS 
spectrum of the In3d5/2 core level measured in the 
interfacial layer was quite comparable to that of the 
bulk. The main peak at 444.2 eV is due to In-P 
bonding as confirmed from the spectrum of the bulk. 
On the other hand, the P2p core level spectrum of 
the bulk at 128.8 eV was very symmetrical, while 
that measured in the interfacial layer (Fig. 2(b)) 
widens asymmetrically in the higher energy region. 
After deconvolution of the XPS signal from the 
interfacial layer, the coexistence of a weak signal at 
130.2 eV due to elemental phosphorus [12] is re- 
vealed. This suggests a pile-up of elemental phos- 
phorus in the interfacial region. It should be noted 
here that no oxide layer is detected at and near the 
interface due to the effect of H2 plasma treatment. 

Three categories of Schottky junctions were pre- 
pared as follows: 

(1) Au/PNyinP MIS Schottky junctions: The 
in-situ H2 and subsequent PH3 plasma treatments 
were performed for 10 min and 5 min, respectively. 

A PN( film was then deposited for 1 min followed 
by in-situ Au evaporation. The thickness of the PNA 

film was 3.3 nm as estimated from the deposition 
rate of 0.055 nm/s. 

(2) Modified Au/InP Schottky junctions: The 
surface of the InP substrates was treated with H2 and 
subsequent PH3 plasmas in the same manner as in 
case 1. The Au Schottky contact was then evaporated 
immediately after PH3 plasma treatment. 

(3) Au/InP Schottky junctions: The Au Schottky 
contact was evaporated on a conventionally wet 
etched surface. 

Fig. 3 shows the room temperature I-V character- 
istics of Au/InP, modified Au/InP and 
Au/PNv/InP Schottky junctions. On the basis of a 
thermionic emission model [12], the effective barrier 
height of the Au/InP Schottky junction is 0.45 eV, 
assuming the effective Richardson constant is 9.2 A 
cm"2 K"2 for the electron effective mass (m* = 
0.077m0) [13]. On the other hand, it is seen that the 
effective barrier heights are increased to 0.74 and 
0.83 eV for the modified Au/InP and Au/PNx/InP 
Schottky junctions, respectively. 
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Fig. 2. XPS spectra of In3d5/2 and P2p core levels from the 
interfacial region of the modified Au/InP Schottky junction. 
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Fig. 3. Room-temperature I-V characteristics for conventional 
Au/lnP, modified Au/lnP and Au/PN( /InP Schottky junctions. 

The true barrier height corresponding to the sur- 
face Fermi level measured from the conduction band 
edge was evaluated from the slope of the Richardson 
plot as depicted in Fig. 4. The true barrier height is 
0.39 eV for the conventional Au/lnP junction, while 
it is increased to 0.52 and 0.57 eV for the modified 
Au/lnP and Au/PN^/InP junctions, respectively. 
The difference between effective and true barrier 
heights observed for these three Schottky junctions is 
due to the effect of tunnel MIS Schottky structure. 
Tunnel barriers are possibly due to native oxide for 

2.8 3.2 3.6 
1000/T(K-1) 

4.0 

105 106 107 

Electric Field (V/cm) 

Fig. 5. Room-temperature I-V characteristic for PNX film. 

Au/lnP, elemental phosphorus for modified Au/lnP 
and PNX for Au/PN^./InP junctions. 

Au/PN^/InP MIS diodes were fabricated by de- 
positing a PN^ film with a thickness of 50 nm 
immediately after plasma treatments with H2 (10 
min) and PH3 (5 min). Prior to C-V measurements, 
an I-V characteristic was measured for the MIS 
diode. Fig. 5 indicates the current density as a func- 
tion of the electric field. The electrical resistivity of 
the PN^ film is estimated to be 3.7 X 1014 fl cm 
from the slope in the ohmic region. The resistivity of 
the InP substrate (2 X 10"3 £1 cm) was negligibly 
small in comparison with that of the PN^ film. A 
deviation from the ohmic conduction with increasing 
applied voltage is due to the Frenkel-Poole emission 
[13]. The conduction mechanism of the PN^ film 
will be shown in detail elsewhere. 

Fig. 6 shows the C-V characteristics at 1 MHz. 
The counterclockwise hysteresis loop with a width of 

Au/PNx/lnP 

Fig.   4.   Richardson  plot  for  conventional  Au/lnP,   modified 
Au/lnP and Au/PN^ /InP Schottky junctions. 

-15-10-5   0    5   10 15 
Voltage (V) 

Fig. 6. C-V characteristics for the Au/PN^ /InP MIS diode. The 
inset shows the interface state density profile estimated by Ter- 
man's method. 
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1.6 V is observed and the flat band shift is 0.7 V 
when the bias voltage is swept up from -15 to 15 
V. The dielectric constant of the PNV layer was 
evaluated to be 6.1 e0 from the capacitance of the 
accumulation region and the thickness of the PNA 

film (50 nm), assuming no frequency dispersion of 
PN^ films. The inset of Fig. 6 indicates the interface 
state density profile evaluated from the C-V charac- 
teristic by using Terman's method [11]. The interface 
state density at the lowest level is 1.4 X 1011 eV"1 

cm-2. 
From the standpoints of physical interests and 

device applications of Schottky contacts, it is impor- 
tant to understand the underlying mechanism of the 
surface Fermi level pinning which causes a Schottky 
barrier height independent of the metal work func- 
tion. In order to explain the surface Fermi level 
pinning of Schottky junctions, a metal-induced gap 
states (MIGS) model [14], an advanced unified de- 
fect model [15] and other models [16,17] have been 
proposed so far. MIGS would become the main 
origin of the surface Fermi level pinning only when 
an intimate contact between metal and semiconduc- 
tor without interfacial chemical reaction is realized. 
However, in the case of the present Schottky junc- 
tions, there exists a thin interfacial layer which pre- 
vents metal-semiconductor intimate contact and can 
block sufficient penetration of the metal electron 
wave function into the semiconductor gap, suppress- 
ing the occurrence of MIGS. 

An enhancement of the true barrier heights is 
observed for the modified Au/InP and 
Au/PNx/InP Schottky junctions in the present ex- 
periment. The value of the true barrier height is quite 
similar to that of the Au Schottky junction formed on 
H2-plasma treated InP as previously reported [9]. In 
the case of treating InP with H2 plasma, the surface 
Fermi level pinning occurred, the position of which 
is around 0.53 eV below the conduction band edge. 
From the experimental facts of the C-V characteris- 
tic being close to the ideal one and the interface state 
density as low as 1.4 X1011 eV"1 cm"2, on the 
other hand,  the enhancement of the true barrier 

For modified Au/InP Schottky junctions after the optimized 
PH3 plasma treatment, the true barrier height of 0.62 eV was 
achieved. 

heights of the modified Au/InP and Au/PNyinP 
Schottky junctions are not due to the surface Fermi 
level pinning, but to approaching the Schottky limit 
of 0.7 eV determined by the work function of Au 
(5.1 eV) [18] and the electron affinity of InP (4.4 eV) 
[19]. The behavior of Schottky junctions prepared by 
the present in-situ process is related to a remarkable 
reduction in surface defects which should be effec- 
tive in the surface Fermi level pinning. The H2 

plasma process is also useful for eliminating native 
oxide and contaminations from the InP surface. 
However, surface defects are introduced simultane- 
ously, causing the surface Fermi level pinning [9]. 
Therefore, it is our conviction that in the present 
experiment PH3 plasma treatment subsequent to H2 

plasma process is vital to form an improved defect- 
free surface of InP. 

4. Summary 

Modified Au/n-InP and Au/PNA./n-InP Schot- 
tky junctions have been constructed by an in-situ 
sequential remote plasma process including H2 and 
PH3 plasma treatments. The presence of an interfa- 
cial layer of 4 nm in thickness is found by cross-sec- 
tional TEM observation in the modified Au/InP 
contact. The existence of elemental phosphorus is 
detected in the interfacial region by XPS measure- 
ment. The true and effective barrier heights of the 
Au/PNA./InP Schottky junction are 0.57 and 0.83 
eV, respectively. The interface state density as low 
as 1.4X10" eV"1 cm"2 is achieved for the 
Au/PNA./InP MIS diode. The true barrier height 
approaching the Schottky limit of 0.7 eV suggests 
that the surface Fermi level pinning is weakened due 
to reduced surface defects by PH3 plasma treatment. 
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Abstract 

The atomic and electronic structures of the sulfur passivated InP(lOO) surface have been studied with electron diffraction, 
photoemission and inverse photoemission spectroscopies. The InP(lOO) surfaces were passivated using a wet chemical 
treatment. In agreement with previous studies, we find that the unannealed surface has the 1 X 1 symmetry of the bulk 
lattice, which transforms to a 2 X 1 pattern upon annealing to temperatures in the range 350-500°C. Photoemission and 
inverse photoemission studies of the electronic states in the vicinity of the valence band maximum and conduction band 
minimum demonstrate that the passivation process removes states from the region of the fundamental gap of InP. No bands 
cross the Fermi level. The dispersion of several two-dimensional states has been measured. These states show a strong 
similarity to surface states of the Ge(100)-S(l ML)(1 X 1) system. By applying electron counting rules, we demonstrate that 
several of the surface structural models that have been proposed to date are inconsistent with our experimental results, since 
they should result in partially filled surface bands crossing the Fermi level. 

1. Introduction 

Within the last few years attempts have been 
made to formulate a small number of physical princi- 
ples that have general utility in identifying equilib- 
rium semiconductor surface structures [1,2]. This 
field has recently been reviewed by Duke [3]. Con- 
siderable progress has been made and this is due, in 
part, to the fact that many semiconductor surface 
structures have been solved [4]. The motivation has 
been to look beyond individual surface structures to 
find the common principles that govern their forma- 
tion. Although it is clear that the main driving force 
for semiconductor surface reconstruction is the for- 
mation of surface bonds that saturate the valence of 
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the surface atoms, other factors are also important. 
For example, because the surface atoms terminate a 
three dimensional lattice the bonding constraints are 
quite different from the constraints imposed by either 
bulk or small molecule coordination. Surface relax- 
ation often places the substrate under elastic stress 
and consequently the surface layer may be consid- 
ered to be epitaxially constrained. 

In this paper we have examined the atomic and 
electronic structure of the S-passivated InP(lOO) sur- 
face. The passivation process is interesting in itself 
because it reduces the density of gap states on the 
InP(lOO) surface and consequently this allows a 
greater degree of Fermi level movement [5]. As 
would be expected, the reduction in the density of 
gap states also improves the quality of Schottky 
contacts to InP [6], and the Schottky barrier height 
extracted from diodes fabricated on the S-passivated 
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surface exhibits a stronger dependence upon the 
work function of the metal overlayer [7]. In this 
paper we will discuss the atomic and electronic 
structure of the monolayer system. From a funda- 
mental point of view the system is sufficiently sim- 
ple to allow us to apply the general principles de- 
scribed above, and demonstrate that several of the 
structural models that have been proposed for this 
system are inconsistent with our experimental find- 
ing that there are no partially filled electronic bands 
at the Fermi energy. 

2. Experimental 

The experiments were performed in an ultra high 
vacuum (UHV) chamber which has a base pressure 
of 8X10~" Torr. All photoemission and inverse 
photoemission measurements are angle-resolved. The 
photoemission experiments were performed with a 
differentially pumped resonance lamp and a hemi- 
spherical electron energy analyzer with a 50 mm 
mean radius. The inverse photoemission experiments 
were performed with a home-built electron gun [8] 
and a bandpass photon detector consisting of a CaF2 

window and a Cu-Be electron multiplier [9,10]. The 
photoemission and inverse photoemission energy 
scales can be aligned by using the hemispherical 
analyzer to measure the kinetic energy of electrons 
produced by the electron gun [11]. This allows us to 
accurately measure gaps between occupied and un- 
occupied states without resorting to a secondary 
reference. The low-energy electron diffraction 
(LEED) studies were performed using a Princeton 
Research Instruments RVL 8-120 reverse view LEED 
system. The samples were mounted on Mo sample 
holders and transferred from atmosphere into UHV 
through a custom load lock system which is evacu- 
ated using a turbomolecular pump. 

Epiready n-type InP(lOO) wafers (Crystacomm), 
both unintentionally doped with a carrier density of 
5.6 X 1015 cm-3 and Sn doped with a carrier density 
of 1.2 X 10'8 cm-3, were used in the experiments. 
The wafers were immersed in ammonium sulfide 
solution (20.1% (NH4)2S) for 15 min at a tempera- 
ture of 65°C. They were then dipped in ammonium 
sulfide solution (20.1% (NH4)2S) at room tempera- 
ture and blown dry with Ar. Sample mounting was 

also performed while blowing Ar over the sample. 
The samples were transferred directly into UHV and 
annealed at 350°C in order to remove physisorbed 
gases and to order the overlayers. The principal 
gases found to be desorbing from the samples were 
H20, S02, and NH3. The samples were brought up 
to the annealing temperature slowly and left at that 
temperature for 5-10 min. The photoemission results 
were found to be reproducible after multiple anneal- 
ing cycles. No differences were observed in the 
results for the unintentionally n doped and Sn doped 
samples. 

The photoemission results reported here were ob- 
tained after annealing at 350CC as described above. 
LEED studies were performed as a function of an- 
nealing temperature. In each case the sample was 
annealed at the specified temperature for approxi- 
mately ten minutes. The sample was allowed to cool 
to room temperature before taking the LEED data. 

Photoemission and inverse photoemission studies 
were also performed on clean InP(100) surfaces. Sn 
doped (n-type, carrier density 1.2 X1018 cm-3) 
epiready InP(100) wafers (Crystacomm) were in- 
serted into the vacuum untreated, and cleaned by Ne 
ion bombardment (20 min at 1 ;u,A/cm2, 500 eV) 
and subsequent 10 min anneal at 350°C. 

3. Results 

In Fig. 1 we show some representative LEED 
patterns that were collected from the S-passivated 
InP(100) surface. The orientation of the wafer is 
indicated on the figure. After annealing to tempera- 
tures below 350°C the surface layer has the 1 X 1 
symmetry of the bulk lattice. This transforms to a 
2 X 1 pattern if the system is annealed in the temper- 
ature range 350-500°C. The lowest temperature at 
which the 2 X 1 pattern was observed and the quality 
of the pattern varied from sample to sample, proba- 
bly as a result of slight differences in the preparation 
procedure. It should be noted that, on most of the 
samples studied and in order to reduce the possibility 
of contamination, LEED measurements were not per- 
formed until after the sample had been annealed to 
350°C and the photoemission data had been ob- 
tained. It is therefore possible that the 2 X 1 recon- 
struction occurs also after annealing to lower temper- 
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(a) 

[011] 

[011] 

(b) 

* * 

annealing procedure, since the system is expected to 
be very sensitive to annealing time once preferential 
P desorption starts to occur [12]. A 2 X 4 pattern was 
also obtained on the clean InP(lOO) surfaces pre- 
pared by ion bombardment and annealing to 350°C. 

The electronic states near the valence band maxi- 
mum and conduction band minimum on both the 
clean 2X4 and S-passivated 2X1 surfaces were 
probed at the zone center, T, with photoemission and 
inverse photoemission. In Fig. 2, the results obtained 
for the two surfaces are compared. The features of 
the clean surface photoemission spectrum and its 
position relative to the Fermi level are consistent 
with results obtained by previous authors [14,15]. 
The valence band features of the S-passivated sur- 
face are shifted to higher binding energy. This indi- 
cates a smaller degree of band bending on the S-pas- 
sivated surface, consistent with the removal of sur- 
face states from the gap region. The sharp feature 
seen at = 1 eV below the Fermi level on the clean 

Fig. 1. LEED patterns obtained on InP(100)-S after annealing to 
(a) 450°C and (b) 500°C. The gun energies are (a) 85 eV and (b) 
75 eV. As discussed in the text, the 2X1 pattern was observed 
after annealing to temperatures in the range 350-500°C. The 
patterns show a progression in surface symmetry from 2 X 1 -> 2 
X4. This transition has previously been associated with the 
desorption of S from the surface, although it is also possible that 
the S diffuses into the bulk. The orientation of the patterns is as 
illustrated. 

atures, but that we simply did not observe it on the 
few samples that were studied after annealing to 
these temperatures. The 2X1 pattern corresponds to 
a doubling of the direct lattice spacing along the 
[Oil] direction. Annealing to a temperature of ap- 
proximately 500°C produced a 2 X 4 pattern which is 
the characteristic phosphorous rich reconstruction 
seen on InP(lOO) [12]. Note that the notation used 
here corresponds to the -j order spots lying along the 
[Oil] direction and the \ order spots lying along the 
[Oil] direction. The appearance of the 2 X 4 pattern 
after annealing to a temperature near 500°C is con- 
sistent with previous work indicating that the S- 
terminated surface is stable up to this temperature 
[7,13]. One group [5] reports a stable 2 X 1 recon- 
struction up to 560°C. The difference may lie in the 

5.1 eV 

lnP(100)-S 2x1 

EF (eV) 

Fig. 2. Photoemission and inverse photoemission spectra obtained 
in normal emission are shown for InP(100)-S 2X 1 and InP(lOO) 
2X4. The alignment of the spectra is discussed in the text. The 
Fermi level is marked in the figure, but was not used to align the 
spectra. The surface bandgap is marked in both cases. 
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surface has been attributed to P dangling bonds [14]. 
This feature is absent on the S-passivated surface. 
An unoccupied state near the bottom of the conduc- 
tion band is also removed by the S-passivation. The 
unoccupied state is identified as a surface feature 
since it does not appear on the S-passivated surface. 
Using a calibration obtained by previous authors [15] 
of the position of the valence band maximum on the 
clean 2X4 surface, we find that this unoccupied 
state lies 2.2 eV above the valence band maximum. 
This is close to the energy position of an unoccupied 
state seen on sputter/annealed GaAs(lOO) 4X2, 
which has been assigned to Ga dangling bonds [16] 
(note that the crystallographic directions given by the 
authors indicate that their 4X2 pattern is equivalent 
to our 2 X 4 pattern). It is therefore reasonable that 
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Fig. 4. The dispersion of surface-related features seen on both the 
1_X 1 and 2X 1 surfaces of InP(100)-S is plotted along the FT and 
IT directions. The energy is referenced to the Fermi level. The 
labelling of the features corresponds to the labels used in Fig. 3. 

c 

.Q 
< 

CO c 
CD 

Fig. 3. Photoemission obtained on InP(100)-S 2X 1 is shown for 
several high symmetry points in the surface Brillouin zone. The 
photon energy is 21.2 eV and the take-off angles are 0°, 12° and 
24° respectively along [Oil] for (a), (b) and (c). For (d), the 
take-off angle is 24° along [011]. The angles were chosen such 
that in each case k^ is at the indicated symmetry point for the 
feature labelled A. 

the feature seen on InP(lOO) 2X4 corresponds to an 
empty In dangling bond. 

On InP(lOO) 2X4, the surface bandgap at F was 
found to be 2.5 eV (see Fig. 2), while on InP(100)-S 
2 X 1, it was found to be 5.1 eV. The same results 
were obtained on a surface of predominantly 1 X 1 
symmetry. It should be noted that we are not measur- 
ing the bulk bandgap. Since the photoemission and 
inverse photoemission experiments were performed 
at fixed photon energies and not necessarily at an 
energy where emission from the critical points is 
observed, the measured gap may be larger than the 
room temperature bulk bandgap of 1.35 eV [17]. 

Photoemission measurements were performed on 
surfaces of both predominantly 1 X 1 and 2 X 1 sym- 
metry, along the TJ and IT directions of the surface 
Brillouin zone, at photon energies of 21.2 eV (He I) 
and 16.8 eV (Ne I). No significant differences were 
noted in the photoemission from the two surfaces, 
and it has not yet been possible to identify features 
specifically related to the 2 X 1 reconstruction. This 
is perhaps not surprising, since if the 2 X 1 recon- 
struction is related to a weak dimerisation, no strong 
differences areexpected [18]. In Fig. 3, spectra 
obtained at T, T2xl, J'(r2xl), and J are presented. 
The features marked have been tentatively identified 
as surface related. These features are seen at the 
same binding energy with both photon energies, and 
exhibit the symmetry of the 1 X 1 surface Brillouin 
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zone. The dispersion of the surface related features is 
shown in Fig. 4. The labelling of the states corre- 
sponds to the labels used in Fig. 3. Measurements 
were also performed along the zone edges [19]. No 
evidence was found for any bands crossing the Fermi 
level, indicating that there are no partially filled 
surface bands. 

Assignment of the surface features to particular 
states awaits a calculation of the surface bands for 
S-passivated InP(lOO). The relevant calculations are 
currently being performed [20]. Qualitatively, one 
would expect the lower binding energy features to be 
dangling-bond related, while back bond features 
should occur at higher binding energies. S dangling- 
bond features would be expected to occur at a higher 
binding energy than the P dangling bond feature seen 
on the clean surface [21]. 

An interesting similarity is noted between the 
dispersion of the surface related features reported 
here and the dispersion of surface features reported 
for the Ge(100)-S 1 X 1 system [22]. While no as- 
signment of the surface features has been made for 
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Fig. 5. The energy positions of the In, P and S sp3 hybrid orbitals 
are plotted with respect to the valence band maximum and funda- 
mental gap of InP. Hybrid energies were calculated as linear 
combinations of the energies of the s and p orbitals. The data are 
from Harrison [21]. 
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©   Third layer P 

Fig. 6. Simple structural models are shown for (a) InP(100)-S 
1X1 and (b) InP(100)-S 2X 1. As is discussed in the text, neither 
of these models satisfies electron counting. 

either the Ge or InP systems, the comparison is 
worthy of note. In both cases, a monolayer of S is 
bonded to the (100) surface of a tetrahedrally coordi- 
nated semiconductor, and the lattice constants are 
similar. The differences in the two systems should be 
directly related to the difference in valence of the 
substrate species. 

4. Discussion 

As noted above, no evidence was found with 
photoemission for any surface bands crossing the 
Fermi level. Therefore the surface is semiconducting 
and the electron counting model must be satisfied. 
The electron counting model [23,24] requires that the 
number of electrons in a semiconductor surface layer 
is such that all valence band dangling bond states are 
filled and all conduction band dangling bond states 
are empty. For the III-V semiconductors, the cation 
sp3 dangling bonds lie in the conduction band and 
the anion sp3 dangling bonds lie in the valence band. 
The relative energy positions of the relevant states 
are shown in Fig. 5 for S, In and P. For the InP(100)-S 
surface, any S and P dangling bonds should be 
completely occupied, and any In dangling bonds 
should be completely empty. 

Total energy minimization calculations for S on 
GaAs(lOO) [18] and for S on InP(100) [25] have 
shown that the most energetically favorable adsorp- 
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tion configuration is one in which the S is bridge- 
bonded to two In atoms. X-ray photoelectron spec- 
troscopy and Auger electron spectroscopy results 
indicate that the S coverage on the passivated surface 
is 1 ML [5,7,26]. Both 1 X 1 [26] and 2 X 1 [5,7] 
patterns have been observed with LEED and RHEED. 
The simplest models that might account for these 
observations are shown in Fig. 6. These models are 
consistent with the diffraction data, and dimer forma- 
tion, as postulated for the 2X1 reconstruction, is 
common on the (100) surfaces of tetrahedrally coor- 
dinated semiconductors (see e.g. [27]). However, 
neither of these structures satisfies electron counting. 

In order to apply the electron counting model to 
the InP(lOO) surface, we assume that an In atom 
(valence 3) contributes § of an electron to each of its 
four sp3 hybrids, and that a P atom (valence 5) 
contributes f of an electron to each of its four sp3 

hybrids. One is then able to count up the number of 
electrons available per surface unit cell and to com- 
pare this number with the number required to fill the 
appropriate dangling bond orbitals. 

We will first consider the case of 1 ML of S 
bridge-bonded to In, corresponding to the postulated 
1 X 1 structure [26]. The electron counting model 
requires that all of the S dangling bonds be com- 
pletely occupied. There is one S atom per surface 
unit cell. l\ of its six electrons are required for 
bonding to the top layer of In atoms. There are l\ 
electrons left over to fill the two dangling bonds per 
unit cell. However, four electrons are needed to 
saturate the dangling bonds. Consequently, the elec- 
tron counting model is not satisfied. 

A similar argument can be applied to the 2 X 1 
model, in which the S atoms are assumed to form 
dimers along the [Oil] direction. Again, the electron 
counting model requires that all of the S dangling 
bonds be completely occupied. There are now two S 
atoms per surface unit cell. Five electrons are re- 
quired for bonding the two S atoms to the top layer 
of In atoms. There are seven electrons left over to fill 
the dimer bond and the two remaining S dangling 
bonds. Only six are required. Again, the electron 
counting model is not satisfied. 

In order to satisfy the electron counting model for 
a 1 ML coverage of S atoms bridge bonded to In 
(whether dimerized or not), either P or In vacancies 
must be introduced in subsurface layers. If the S 

coverage is greater than 1 ML, structures satisfying 
the electron counting model can be found by replac- 
ing some of the third layer P atoms by S. A structure 
of this type has been proposed for the system 
GaAs(001)-Se 2 X 1, in which the electron counting 
considerations are the same as for sulfur on InP(lOO) 
[28]. 

We note that the electron counting model can be 
naturally satisfied if the surface layer comprises only 
half a monolayer of P atoms and half a monolayer of 
S atoms. In this case the formation of S-P dimers 
saturates the S and P dangling bond orbitals. As 
before, the S contributes l\ electrons to surface 
bonds and has Z\ left over. The P contributes l\ 
electrons to surface bonds and has l\ left over. The 
S-P dimer then has a full complement of six elec- 
trons with which to fill the dimer bond and the two 
dangling bonds. Attractive as this possibility is, there 
is little experimental evidence that the overlayer 
comprises 0.5 ML of S, at least for surfaces annealed 
at temperatures less than 500°C. However, a previ- 
ous study [5] found 0.5 ML S remaining on a 
well-ordered 2 X 1 surface after annealing to 560°C, 
and the S-P dimer structure was suggested as a 
possible surface model. 

Several experiments on S-passivated InP(lOO) (for 
example Ref. [5]), indicate that at least after anneal- 
ing to 350°C, S is present in the third layer, in bulk P 
positions. Thermodynamically, the P-S exchange is 
favored [5]. Thus, there are good reasons for incor- 
porating some subsurface S in any proposed struc- 
tural model. If the S coverage is close to 1 ML as 
suggested by the experiments performed to date, then 
a structure satisfying electron counting would natu- 
rally include both subsurface vacancies and subsur- 
face S. 

As noted above, the surface electronic features on 
S-passivated Ge(100) and InP(lOO) are strikingly 
similar. An obvious difference between the two sys- 
tems is that in the case of Ge(100), the tetravalent Ge 
atoms allow the simple bridge-bonded 1 X 1 S over- 
layer to satisfy the electron counting model. On 
InP(100)-S, a more complicated reconstruction is 
required to satisfy this model. Since the substrate 
structure and adsorption sites are the same, however, 
it is not surprising that the resulting electronic struc- 
tures are similar. One of the features that makes the 
InP(100)-S system especially interesting is the 1 X 1 
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-»2X1 transition. This transition indicates the exis- 
tence of an activation barrier [3] which may be 
related to S incorporation in subsurface layers and/or 
to the formation of subsurface vacancies. 
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Abstract 

In-situ deposition of Ga203, Si02, and MgO films on clean, atomically ordered (100) GaAs surfaces grown by molecular 
beam epitaxy using a multiple-chamber ultra high vacuum system has been investigated. Using this technique, direct 
bonding of oxide molecules to GaAs surface atoms revealing intrinsic oxide-GaAs interface properties has been achieved. 
The GaAs surface reconstruction prior to deposition as observed by reflection high energy electron diffraction and the 
chemical shift of the interfacial As 3d core level acquired by X-ray photoelectron spectroscopy depth profiling are clearly 
correlated. AsxOv. or elemental As were not detectable at in-situ fabricated oxide-GaAs interfaces. In sharp contrast to 
Si02- and MgO-GaAs interfaces which are characterized by a Fermi level intrinsically pinned at midgap, Ga203-GaAs 
interfaces exhibit unique intrinsic electronic properties including an interface state density and recombination velocity in the 
mid 1010 cm-2 eV_1 range and of 4500 cm/s, respectively. 

1. Introduction 

Since the emergence of GaAs technology, the 
development of GaAs electronic and optoelectronic 
devices has been hampered by the lack of dielectric 
films providing low interface state density [1]. Re- 
cent efforts have been mainly focused on a variety of 
dry and wet surface treatments prior to deposition of 
dielectric films [2-6]. Interface state densities are 
still high, typically around 1012 cm-2 eV_1 or 
above. Apparently, these techniques inadequately ad- 
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dress major sources of interface states such as sur- 
face exposure and defects [7-11] as well as surface 
nonstoichiometry [12]. 

An interface state density comparable to that typi- 
cally obtained in the Si02-Si system of 1010 cm-2 

requires a defect density of less than one defect per 
105 surface atoms (the GaAs (100) surface has 1.6 X 
1015 atoms/cm2). Therefore, prior to deposition (i) 
extremely low GaAs surface exposure to impurity 
gases and (ii) preservation of surface stoichiometry 
are prerequisites. The effects of exposing a clean 
GaAs surface to impurity gases, in particular to 
oxygen, are well established; an oxygen exposure of 
e.g., 10 langmuir (1 L = 10~6 Torr s) results in a 
surface impurity coverage of 10~5 to 10"~3% of a 
monolayer or 108 to 1010 surface impurities/cm2 

depending on sticking coefficient [7,8,13]. An oxy- 
gen exposure > 104 L causes strong Fermi level 
pinning [7]. Other species such as metals and carbon 
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give rise to similar effects [7,14,15], Subsequently, 
molecules or atoms of insulating materials intention- 
ally deposited on a clean surface must provide a 
local interfacial atomic structure such that no gap 
states are induced in GaAs. Thermodynamic stability 
requires the exclusion of chemical reactions between 
GaAs surface atoms and the deposited species. 

This paper investigates intrinsic insulator-GaAs 
interface properties obtained by in-situ oxide deposi- 
tion on clean and atomically ordered (100) GaAs 
surfaces. 

[110] [110] 

Fig. 2. RHEED picture taken after completion of GaAs growth 
(fc) and at start of oxide deposition (/s). The identical RHEED 
picture shows a (2 X 4) As stabilized surface and indicates preser- 
vation of surface stoichiometry. 

2. Sample preparation 

The samples were fabricated using a multiple- 
chamber ultra-high vacuum (UHV) system described 
in Ref. [16]. Fig. 1 shows the pressure regime after 
completion of GaAs growth at time tc (solid line) 
and the GaAs surface exposure occurring prior to 
oxide deposition for tc<t<ts (dashed line) for 
in-situ fabrication of oxide-GaAs structures. The 
sample fabrication comprised 1.5 /u,m thick GaAs 
n-type (1.6 X1016 cm"3) or p-type (4.4 X 1016 

CITT
3
) layers grown at 650°C on n+ or p+ doped 

(100) GaAs substrate, respectively, in a solid-source 
III-V chamber at a background pressure of 2 X 10"'' 
Torr. Subsequently, the wafer with an As-stabilized 
(2 X 4) surface was transferred (background pressure 
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Fig. 1. Pressure (solid line) and surface exposure (dashed line) 
measured between completion of GaAs epitaxial growth (rc) and 
start of oxide deposition (rs). 

= 6 X 10"" Torr) from the MBE growth chamber 
into an oxide deposition chamber (1 X 10~10 Torr). 
Note that the typical GaAs surface exposure (pre- 
dominantly oxygen) prior to oxide deposition (tc<t 
< ?s) is < 10 L (Fig. 1). Finally, Ga203, Si02, or 
MgO films were deposited by electron-beam evapo- 
ration from a single-crystal Gd3Ga5Ol2 [17], Si02, 
or MgO source at substrate temperatures ranging 
from 0°C to 620°C. While Ga203 and Si02 films are 
amorphous, MgO films are epitaxially grown on 
GaAs or randomly oriented polycrystalline depend- 
ing on substrate temperature. 

Reference samples with identical GaAs epitaxial 
structure and substrate were also fabricated in the 
same solid-source III-V chamber using (i) no oxide 
deposition (bare samples) and (ii) Al045Ga055As- 
GaAs interfaces. 

3. Sample characterization 

3.1. Structural surface and interface properties 

GaAs surface and oxide-GaAs interface proper- 
ties were investigated using reflection high energy 
electron diffraction (RHEED) and X-ray photo- 
electron spectroscopy (XPS), respectively. 

The GaAs surface was characterized in situ by 
RHEED at time of (i) completion of GaAs growth 
(tc), (ii) reaching the substrate temperature Ts for 
oxide deposition (ft), (iii) opening the shutter for 
oxide deposition (fs), (iv) completion of the first 
oxide monolayer, and (v) completion of oxide depo- 
sition. RHEED pictures taken from a (100) GaAs 
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Fig. 3. RHEED picture taken prior to turn on of e-beam (?c) and at 
the start of oxide deposition (?s). The RHEED picture shows a 
(4 X 6) reconstructed surface and indicates preservation of surface 
stoichiometry. 

surface after completion of GaAs epitaxial growth 
(fc) and at start of oxide deposition at a substrate 
temperature Ts of 350°C (fs) are identical, showing a 
(2 X 4) reconstructed, As stabilized surface (Fig. 2). 
This indicates preservation of an atomically ordered, 
stoichiometric GaAs surface prior to oxide deposi- 
tion (tc < t < fs). The estimated As coverage of a 
(2X4) reconstructed surface is > 60% [18,19]. 
Lower As coverage is typically obtained when the 
wafer is heated to temperatures above 500°C prior to 
oxide deposition. This is demonstrated in Fig.  3 

showing a (4 X 6) GaAs surface reconstruction with 
an estimated As coverage of ~ 30% [18] at a sub- 
strate temperature 7S = 600°C (time tt). Note that the 
subsequent surface exposure to impurity gases of 
less than 10 L (rt < t < ts) does not affect the RHEED 
pattern and the (4 X 6) GaAs surface reconstruction 
is completely preserved prior to opening the shutter 
for oxide deposition (ts). Thus, prior to oxide deposi- 
tion, (i) the surface stoichiometry is maintained as 
observed by RHEED and (ii) extremely low GaAs 
surface exposure of typically less than 10 L has been 
accomplished. Therefore, the estimated GaAs surface 
impurity coverage is ~ 10~4% of a monolayer or 
~ 109 cm-2 assuming a typical initial oxygen stick- 
ing coefficient of 10~6. 

As 3d and Ga 3d core level spectra were acquired 
from XPS depth profiles on fabricated oxide-GaAs 
structures. A Perkin Elmer 5600 series XPS spec- 
trometer equipped with a monochromatic Al Ka 
X-ray source was used. The photon energy was 
1486.6 eV. Depth profiling was done in situ in an 
UHV chamber (background pressure = 5 X 10^10 

Torr) by Ar sputtering using an ion gun at 4 keV. 
The XPS spectra were acquired using an energy step 
width of 0.2 eV. 

In-Situ Ga203-GaAs 
As - Stabilized C(2x4) 
TS = 360°C 
tox = 26.0 nm 

Binding Energy (eV) 

Fig. 4. Ga and As 3d core levels of a Ga203-GaAs interface measured by XPS. Energy positions and full line width at half-maximum 
(FWHM) of GaGa,03, GaGaAs and AsGaAs peaks are 21.3 + 0.1, 19.2 + 0.1, and 41.2 + 0.1 eV, respectively, and 1.80, 1.34, and 1.60 eV, 
respectively. The Äs 3d level exhibits a shift of 0.44 + 0.2 eV at the interface. 
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Fig. 4 and Fig. 5 show typical depth profiles of 
Ga and As 3d core levels of in-situ fabricated 
Ga203-GaAs structures as a function of depth, at 
depths near the Ga203-GaAs interface. These spec- 
tra are shown for structures fabricated using a (2 X 4) 
As and a (4 X 2) Ga stabilized GaAs surface with an 
estimated As surface coverage prior to deposition of 
> 60% and < 20%, respectively [18,19]. A sputter- 
ing rate of 7.4 Ä/cycle (Fig. 4) and 1.5 Ä/cycle 
(Fig. 5) provided a depth resolution considerably 
better than an estimated escape depth of = 25 A 
[20]. In the following, (i) the binding energy (BE) of 
Ga 3d levels in bulk Ga203 and GaAs, (ii) the BE of 
the As 3d level in bulk GaAs, and (iii) the interfacial 
chemical shifts of As and Ga 3d peaks will be 
discussed. Table 1 compares Ga and As 3d BEs of 
GaGa2o3> GaGaAs and AsGaAs peaks to previously 
reported results [7-9,21-23]. The BEs of GaGaAs, 
and AsGaAS are identical to standard XPS lines "re- 
ported earlier (19.2 and 41.2 eV, respectively). 

The chemical shift of the Ga 3d peak in our bulk 
Ga203 films is 0.8 + 0.2 eV larger than a shift of 
1.2 eV typically obtained from XPS surface analysis 
during the initial stage of GaAs oxidation [8,9,21,24]. 
The 2.0 + 0.2 eV shift reported here is based on bulk 
values; as sputtering proceeds the peak appears to 

gradually shift from the bulk Ga203 to the GaAs on 
a length scale consistent with the electron escape 
depth. The intermediate peak can easily be fitted as a 
sum of two components; band bending is not ex- 
cluded, but is not necessary to explain these results. 
Furthermore, oxide-GaAs structures with different 
band bending of = 0 eV for Ga203-GaAs and 
= 0.7 eV for Si02-GaAs (see discussion of elec- 
tronic interface properties) exhibit a virtually identi- 
cal interfacial As 3d core level shift. Previously 
reported smaller shifts of Ga 3d level during initial 
oxidation of GaAs is complicated by the fact that 
these shifts in the Ga 3d level may represent Ga- 
suboxide formation and/or formation of As oxides 
[9,10]. 

The chemical shift of the interfacial As 3d core 
levels acquired by XPS depth profiling are clearly 
correlated to As surface coverage prior to deposition 
and thus, to surface reconstruction (Table 1). The 
chemical shift is 0.44 + 0.2 eV for an As stabilized 
surface (> 60% As coverage), however, no shift is 
detectable at a Ga stabilized surface (<20% As 
coverage). The increase in As 3d binding energy can 
be explained by (i) an increasing As/Ga atomic 
surface ratio and/or (ii) the existence of As-0 
bonds. No quantitative analysis is possible at this 

In-Situ Ga203-GaAs 
Ga - Stabilized C(4x2) 
TS=500°C 
tox=25.3 nm 

As-3d 
Ga-3d 

Ga and As 3d core levels of a Ga2Q3- 

Binding Energy (eV) 

■GaAs interface measured by XPS. Energy positions and FWHM of GaGa 0 , Ga and 

Sä ££± v^t^r4u ± ai ev*respective,y'and °3'^ '^ääZ; 
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Fig. 6. Measured PL spectra of Ga,03-, M^Ga^As-, Si02-, 
and MgO-GaAs structures as well as of a corresponding bare 
surface. The deposition temperatures for Ga203 are 620, 360, and 
550°C from the highest to the lowest measured spectrum, respec- 
tively. The other results were typically obtained for Ts = 690°C 
(Alo.45Gao.55As), and 0°C < Ts < 500°C (SiO,, MgO). 

time and further work is required to clarify the 
specific bonding mechanisms of oxide molecules on 
a clean and atomically ordered (100) GaAs surface. 

3.2. Electronic interface properties 

Electronic interface properties including interface 
recombination velocity and interface state density 
have been investigated by steady-state photolumines- 
cence (PL) and capacitance-voltage (C-V) mea- 
surements, respectively. Although the results will be 
briefly outlined in the following, the reader is re- 
ferred to other reports for details [25,26]. 

Typical PL spectra of Ga203-, Al045Ga055As-, 
Si02-, and MgO-GaAs structures as well as of a 
corresponding bare surface (Fig. 6) have been mea- 
sured using an argon ion laser (A0 = 514.5 nm). 
While Ga203-GaAs structures exhibit PL spectra 
comparable to that of excellent Al0 45Ga0 55 As-GaAs 
interfaces, Si02- and MgO-GaAs structures show 
PL similar to that of a bare surface. The interface 
recombination velocity S has been derived from the 
nonlinear dependence of the steady state PL on 
incident light intensity /0 measured for 20 < /„ < 
5000 W/cm2. In the case of Ga203-GaAs struc- 

tures, the best fit to the measured data using a model 
solving Poisson's and current continuity equations 
self-consistently (see for example [27]), has been 
obtained for 4500 < S < 7000 cm/s [26]. The inter- 
face state density Dix has been determined by quasi- 
static and high frequency C-V measurements. A 
midgap interface state density in the mid 1010 cm"2 

eV"1 range has been inferred for Ga203-GaAs 
structures [25] using the quasi-static/high frequency 
technique [28]. For Si02- and MgO-GaAs struc- 
tures, interface state densities and recombination ve- 
locities of ~ 5 X 1013 cm-2 eV-1 and ~ 107 cm/s 
have been inferred, respectively. The results clearly 
indicate fundamental differences in electronic inter- 
face properties. 

4. Conclusions 

The analysis of structural and electronic interface 
properties of Ga203, Si02, and MgO films deposited 
in-situ on clean and atomically ordered (100) GaAs 
surfaces allows the following conclusions, (i) Chemi- 
cal reaction products, in particular As203 (44.6 eV) 
and As205 (45.7 eV) are not detectable at in-situ 
fabricated oxide-GaAs interfaces, (ii) Consequently, 
thermodynamic stability is obtained as predicted by 
thermodynamic phase diagrams [29]. In particular, 
the chemical reaction As203 + 2 GaAs -> Ga203 + 4 
As (AG= -62 kcal/mol) resulting As formation 
and degradation of electronic interface properties 
[2,12] is excluded, (iii) Interfacial As 3d and Ga 3d 
lines are essentially identical for all considered in-situ 
fabricated oxide-GaAs structures, (iv) Electronic in- 
terface properties, however, are fundamentally dif- 
ferent. While Ga203-GaAs interfaces exhibit unique 
intrinsic electronic properties with interface state 
densities in the mid 1010 cm"2 eV"1 range, Si02- 
and MgO-GaAs interfaces are characterized by an 
intrinsically pinned Fermi level at midgap. 
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Abstract 

In a recent work, RHEED specular spot intensity oscillations were obtained during low-temperature molecular beam 
epitaxy (MBE) growth of GaAs when near stoichiometric V/III flux ratios (<2:1) were used. The cause of these 
oscillations has not been fully explained. In this work, we have developed a stochastic model of growth which correctly 
describes the RHEED intensity dynamics over a wide range of growth conditions. A critical and novel improvement to the 
stochastic model is the inclusion of a physisorbed state. The experimental RHEED responses for various growth conditions 
were matched by taking into account the build-up of a physisorbed As layer and its effect on the specular spot RHEED 
intensity. The dynamics of the physisorbed As layer were introduced into the stochastic model by including the thermally 
activated processes of chemisorption and evaporation of the As physisorbed state. Model results indicate that for typical 
low-7* GaAs growth temperatures (200°C), the steady-state coverage of physisorbed As ranged from 0.72 at a V/III flux 
ratio of 2:1 to 0.24 at a flux ratio of 1 :1. Increased scattering of the RHEED beam due to the higher physisorbed As 
coverage at 2:1 leads to a factor of 5 decrease in the steady-state amplitude of the RHEED oscillations compared to the 1:1 
case. This is in excellent agreement with the experimental results of Ibbetson et al. The RHEED intensity oscillates under 
these conditions due to layer-by-layer growth and a periodic variation in the coverage of physisorbed As, even though the 
surface migration rates are small. A factor in maintaining this growth mode is that arsenic stays in the physisorbed state with 
lifetimes in the range of 10"3 to 10~5 s and incorporates only when an appropriate configuration of Ga atoms forms on the 
surface. The temperature dependence of the evaporation and chemisorption time constants of physisorbed As yield activation 
energies of 0.24 eV and 0.39 eV, respectively, which are in excellent agreement with the experimental data. 

1. Introduction proposed that the ROs correspond directly to the step 
, . ,                ,            ,.„ density oscillations during growth [1-3]. This has 

Reflection nigh energy electron diffraction inten- ,           i-. . _■ u   »u            •     t       r     ™- 5 .     . &J          ,   ,   .           , been validated by the scanning tunneling microscopy 
sity oscillations (RO) observed during molecular ,          .         . _   ...             , r.-, „     .       ,0nc™o 3                 ,        .           ,              .       , observations of Sudijono et al. |4J. ror these reasons 
beam epitaxy (MBE) growth of semiconductors are RQs have been          ted as an .^ growth        ity 

indicative of layer-by-layer growth [1,2]. It has been monitoring tool during MBE of both elemental and 

compound semiconductors. 

* Corresponding author. Tel, +1-702-8951094; fax; +1-702- Until the recent work of Ibbetson et al. [5], the 
8954075; e-mail: venkat@unlv.edu. observation of ROs during GaAs MBE had been 
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limited to the high temperature growth regime (500- 
700°C) with an As4 to Ga flux ratio of at least 5:1. 
Recently, non-stoichiometric GaAs thin films grown 
by low temperature MBE have become an important 
technological material due to their semi-insulating 
property [6-8]. During low temperature growth 
(200°C), ROs have been observed under close to 
stoichiometric flux ratios [5]. The severely limited 
adatom surface migration at these low temperatures 
suggests that ROs are a result of some other physical 
mechanism. At higher flux ratios the ROs are absent, 
even though films with good crystallinity can be 
grown. The purpose of this work is to study these 
issues theoretically using the stochastic growth 
model, which has proven successful in previous the- 
oretical MBE growth studies [9-12]. 

The model for the physisorbed state of As and its 
kinetics are presented in Section 2. In Section 3, 
results of numerical simulations using the modified 
stochastic model are presented and compared with 
experimental results. This is followed by a discus- 
sion on the validity and limitations of the model. 
Conclusions are presented in Section 4. 

2. The modified stochastic model 

The stochastic model of growth developed by 
Venkatasubramanian [9,10] is based on a rigid lattice 
gas of a zincblende structure in which the atoms 
occupy only the lattice sites within their sublattice. 
Anti-site defects are not allowed. The surface kinetic 
processes considered for the model are: adsorption, 
evaporation and interlayer and intralayer surface mi- 
grations. The rate of adsorption is dictated by the 
flux rate and the availability of proper surface site 
with surface covalent bonds satisfied. The rate of 
evaporation and migrations are modeled based on 
Arrhenius type rate equations with frequency factors 
and activation energies. The atom interactions are 
assumed pairwise and only up to second nearest 
neighbor interactions are considered. The stochastic 
model develops a set of time evolution equations of 
macro-variables of growth such as concentration of 
adatoms in a layer n, C(n) and atom-vacancy pair 
concentration in layer n, Q(n). The time evolution 
equations are written in terms of the rates of individ- 
ual surface processes and their quantitative influence 

on the macro-variables. These equations are coupled 
first order nonlinear differential equations in the 
macro-variables with activation energies, frequency 
factors and pair interaction energies as model param- 
eters. Solving these equations numerically on a com- 
puter provides one with time evolution of macro- 
variables from which one can obtain various surface 
data such as surface roughness, surface coverage as a 
function of time, growth rate, etc. 

The stochastic model is suitable for growth of a 
quaternary semiconductor compound such as 
AxBl__xCyDl_y where A and B belong to the cation 
sublattice and C and D belong to the anion sublat- 
tice. Unlike the Monte Carlo simulation and the 
molecular dynamics, the stochastic model is not 
size-limited and therefore, is suitable for doping 
kinetics studies. 

The kinetic model proposed by Foxon et al. [13] 
includes a weakly bound physisorbed state for As2 

from which As2 can either chemisorb onto the crys- 
tal surface and become part of it or evaporate into 
vacuum. Physical evidence of this layer was found 
by Ibbetson et al. [5] for growths below 350°C. They 
observed an increase in the diffuse background and 
attributed this to the presence of an amorphous ph- 
ysisorbed As layer. Preliminary desorption mass 
spectroscopy experiments are in agreement with this 
interpretation [14]. 

The kinetic processes of the physisorbed state 
play a critical role in the overall growth kinetics, 
especially during low temperature MBE growth of 
compound semiconductors. Under these conditions, 
thermally activated surface processes may become 
rate limiting and therefore dominate the growth of 
the film. In addition to their intrinsic control of the 
growth processes, the presence of surface species 
may influence the in-situ monitoring of the growth 
rate and surface quality by RHEED. For example, in 
the presence of physisorbed As (PA), the RHEED 
electron beam will interact with both the crystalline 
surface and the amorphous surface species. Thus, the 
amplitude of ROs is dictated not only by the step 
density variation, but also by the physisorbed species 
coverage variation with time. Even if the step density 
is constant, a periodic variation of the surface cover- 
age of physisorbed As will cause periodic variation 
in the crystalline surface exposed to the RHEED 
beam and may therefore result in ROs. Based on the 
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above reasoning, the presence of physisorbed As was 
included in the stochastic model. The dynamic pro- 
cesses of chemisorption and evaporation from the 
physisorbed state were modeled using the following 
Arrhenius rate form: 

T; =  T, 0,/ 
>Ei/kT 

(1) 

where T0 ,■ is the inverse of the frequency factor for 
the process T, E{ is the activation energy, k is the 
Boltzmann constant and T is the temperature in K. 
Processes i = 1 and i = 2 correspond to evaporation 
and chemisorption respectively. 

The details of the stochastic model are presented 
in Ref. [9-12]. In these works, the stochastic model 
only includes processes occurring on the crystalline 
surface. For the present study, as the growth temper- 
ature is low, the dynamics of the physisorbed As 
layer is important. The time evolution of the concen- 
tration of the physisorbed layer, cphy As, is described 
by the following differential equation: 

dc phy.As  _ j dCAs \ Cphy,As 

df 

Cphy,As/G; 

'1 

(2) 

where 7As is the molecular flux of As into the 
physisorbed state and dcAs/df is the rate of incorpo- 
ration of As into the epilayer, with CAs describing 
the total As incorporation in to crystalline epilayer. 
The first term represents the net flux into the ph- 
ysisorbed state. The second and third terms in Eq. 
(2) represent the loss of physisorbed As due to 
evaporation and chemisorption, with the chemisorp- 
tion rate proportional to the fraction of available Ga 
sites, /Ga. Since there is no systematic experimental 
data available for the time constants T,-, these values 
were obtained by fitting the simulated RHEED data 
to the experimental RHEED results of Ref. [5], as 
detailed in Section 3. 

In contrast to the original stochastic model [9], the 
solid-on-solid restriction was relaxed. Specifically, 
both Ga and As2 can incorporate on the surface, 
even when only one of the surface covalent bonds is 
satisfied. 

3. Results and discussion 

The coupled nonlinear first order differential 
equations were integrated using a fourth order 
Runge-Kutta method with time steps of 10"4 s or 
less. The growth time was kept 10 s. The growths 
were simulated on Cray YMP 2/216. Due to un- 
availability of sufficient systematic data of MBE 
growth of GaAs at low temperatures, the following 
approach for obtaining the model parameters was 
employed. With a judicious choice of the life times 
for evaporation and chemisorption from the ph- 
ysisorbed state, growths were simulated at flux ratios 
1:1, 1.5 :1 and 2:1 (As: Ga) with a fixed tempera- 
ture of 200°C and at temperatures 200°C to 350°C 
with a fixed flux ratio of 2:1. 

Since As2 molecular beam is employed for this 
study, the flux ratios in terms of atomic fluxes is 
twice the molecular flux ratios mentioned above. The 
individual fluxes were chosen to be same as the 
experiments [5]. Specular beam RHEED intensity 
was obtained using kinematic theory of electron 
diffraction as a function of time and the relative 
amplitudes of ROs were compared with the experi- 
mental data [5]. The model parameters which yielded 
agreement between theory and experiments to within 
a factor of two were accepted. Using these time 
constants and Eq. (1), the T0, and the activation 
energies, E{ were obtained and are reported in Table 
1. These values for the model parameters were used 
for rest of the simulations. 

Simulations were performed for various flux ra- 
tios at 200°C. The RHEED intensity versus time and 
physisorbed arsenic (PA) coverage versus time are 
shown in Fig. 1 and Fig. 2, respectively. The relative 
amplitudes of the ROs obtained agree with the exper- 
imental results within a factor of two [5]. Higher the 
flux ratio, lower was the amplitude of ROs with 
weak or no ROs present for flux ratios greater than 
2:1 which is consistent with the experimental obser- 
vations [5]. For higher flux ratios, there is a propor- 
tionally higher coverage of PA as evidenced in Fig. 
2. It is noted that the physisorbed coverage builds up 
almost exponentially within the first second and 
reaches a steady state value. The steady state cover- 
age of PA depends on the flux ratio with higher flux 
ratio yielding larger coverage. The lesser amplitude 
of the ROs at higher flux is due to lesser effective 
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Table 1 
Model parameters such as frequency factors and activation energies for various surface kinetic processes 

Parameter Symbol Value used 

Frequency factor for migration in crystalline state 
Activation energy for migration in crystalline state 
Prefactor lifetime for evaporation from physisorbed state 
Activation energy for evaporation from the physisorbed state 
Prefactor lifetime for chemisorption from physisorbed state 
Activation energy for chemisorption from the physisorbed state 

T0,2 

E-, 

k^T/hs'1 

1.0 eV 
6X 1(T4 s 
0.24 eV 
1 X 10~6 s 
0.39 eV 

h is the Planck constant and kR is the Boltzmann constant. 

migration of the adatoms and higher coverage of PA 
whereas the larger amplitude of ROs at lower flux is 
due to greater effective migration and lower PA 
coverage. It should be noted that as the PA coverage 
is varying, the area of the crystalline surface exposed 
to the RHEED is also varying, which also con- 
tributes to the oscillations in the intensity in addition 
to step density variation. An approximate solution to 
Eq. (2) assuming that the first term which represents 
the net flux into the physisorbed state is a constant 
(in reality, it can be oscillatory due to time varying 
direct chemisorption of As from the molecular beam 
dictated by time varying availability of surface Ga 
concentration), can be obtained as 

(0=-VAsTi(l-e-"T'), (3) cphy,As^ 

where iphyAs is the net flux entering the physisorbed 
state. Eq. (3) yields that the steady state PA coverage 
is a product of the net As flux and the time constant, 
Tj. Since T, decreases with temperature as given by 

Eq. (1), the steady state coverage will decrease with 
temperature. The estimated steady state coverage 
agrees well with the simulation results. An additional 
feature observed during the steady state period is that 
the PA coverage oscillates with time. During the 
growth of a Ga layer, the surface coverage of avail- 
able Ga peaks and at the same time the chemisorp- 
tion of As also peaks. Thus, the loss of As from the 
physisorbed state peaks periodically during the steady 
state period. 

Correlating the time evolutions of the PA cover- 
age and the RHEED intensity, it is observed that PA 
coverage inversely relates to the RHEED intensity. 
In other words, valleys and peaks in the PA coverage 
profiles correspond exactly to the peaks and valleys 
in the RHEED intensity, respectively. As the PA 
coverage is varying, the crystalline surface exposed 
to the RHEED will also be varying inversely with it. 
So, this periodical nature of the exposure of the 
crystalline layer to the incident beam will give rise to 

0.0   1.0   2.0   3.0   4.0   5.0   6.0   7.0   8.0   9.0   10.0 

time (s) 

Fig. 1. RHEED intensity versus time for various flux ratios at 
200°C. 

2:1 

V:lll flux ratio 

/                             3:2 

//   ~    ~             1:1 11/  "    " 
0.0   1.0   2.0   3.0   4.0   5.0   6.0   7.0   8.0   9.0   10.0 

time (s) 

Fig. 2. Coverage of the physisorbed As versus time for various 
flux ratios at 200°C. 
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time (s) 

Fig. 3. RHEED intensity versus time for various temperatures at 
flux ratio 2:1. 

the oscillations in the specular beam intensity. There- 
fore, this periodical exposure of the crystalline sur- 
face due to periodical change in the PA coverage 
should also be considered. Thus, the traditional no- 
tion that the ROs are due to step density changes on 
the surface requires to be modified to include the 
influence of the presence and time evolution of the 
PA coverage. 

Results of RHEED intensity versus time and PA 
coverage versus time for simulations with flux ratio 
2:1 and temperatures in the range 200-350°C are 
shown in Fig. 3 and Fig. 4, respectively. The relative 
amplitudes of ROs shown in Fig. 3 are in excellent 
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Fig. 4.  Coverage of physisorbed As versus time for various 
temperatures at flux ratio 2:1. 

Fig. 5. Comparison of the physisorbed As obtained from simula- 
tions and Eq. (3) for various temperatures at flux ratio 2:1. The 
diagonal line represents the case of equal PA coverage from the 
simulation and Eq. (3). 

agreement with the experiments [5]. As the tempera- 
ture increases, the PA coverage decreases and the 
ROs are predominantly due to the increase in the 
effective migration rates resulting in step density 
variations. At around 350°C, the steady state PA 
coverage decreases to 17% which is consistent with 
the experimental observation that the RHEED streaks 
reappear around 350°C [5]. This is also consistent 
with the low energy electron diffraction results of 
Bachrach et al. [15] in which they report a tempera- 
ture of 300°C for evaporating the surface PA state 
completely. The steady state PA coverage obtained 
using Eq. (3) agrees well with the simulation results 
as shown in Fig. 5 validating the approximate solu- 
tion. It is noted that the exponential decay behavior 
of RHEED intensity as a function of time observed 
in actual experiment is not pronounced in our data. 
This discrepancy may be due a possible difference in 
the starting substrate surface condition such as 
roughness. Thus, even though our model does not 
quantitatively match all details of the experimental 
RHEED oscillations, it does reproduce some of the 
broad features such as the variation of the amplitude 
with flux ratio and temperature. 

The evaporation time constant, TX, is found to be 
in the range of 0.2 to 0.05 s and the corresponding 
activation energy is found to be 0.24 eV. The results 
of activation energy is in good agreement with value 
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of 0.36 eV of Foxon et al. [16], whereas the absolute 
evaporation life times are at least an order of magni- 
tude different. This discrepancy may be attributed to 
the fact that life time measured by Foxon et al. [16] 
has a chemisorption life time component built in to 
it. Noting that the chemisorption life times are at 
least an order of magnitude smaller than the evapora- 
tion life time as shown by Eq. (1) and Table 1, this 
argument is valid. It is noted that the data of Foxon 
et al. [16] is for the temperature range of 300-450 K 
which is slightly lower than the range of this study. 
The chemisorption activation energy of 0.39 eV is 
also in good agreement with the sticking coefficient 
versus temperature data of Foxon et al. [16] for the 
temperature range of 400-900 K which yields acti- 
vation energies in the range of 0.35 to 0.9 eV for 
high and low fluxes of Ga, respectively. It is noted 
here that the sticking coefficient data may include 
evaporation component and therefore, comparison 
between theory and experiments should be made 
with caution. Thus, the results of this work are in 
good agreement with various independent experi- 
mental works validating [5,13,14,16,15] the consis- 
tency of the model. 

In spite of the many strengths of the present 
studies in terms of agreement with various experi- 
mental works in the literature [5,13,14,16,15], there 
are a few limitations which need to be discussed. 
Firstly, the stochastic model does not provide and/or 
use the microstructural details of the surface atomic 
configurations beyond the second nearest neighbor 
which may be important for surface reconstruction 
which, in turn, may influence the surface processes 
such as adsorption, chemisorption and evaporation. 
Secondly, the presence of surface reconstructions 
and their dependence on temperature and flux ratio is 
completely ignored. Thirdly, the RHEED intensity 
calculations are based on kinematical theory of elec- 
tron diffraction without regard to multiple reflec- 
tions. The RHEED intensity contribution from the 
amorphous physisorbed layer and the crystalline layer 
underneath, are excluded as the amorphous layer is 
expected to result in a diffused background as ob- 
served in experiments [5]. Finally, it is noted that 
even though we have reproduced the relative RO 
amplitudes for various experimental conditions, the 
theoretical ROs are not identical to the experimental 
ones in terms of individual oscillations. In particular, 

our ROs have broader troughs and sharper peaks 
unlike the experimental ones. This discrepancy may 
be due to a variety of reasons including the contribu- 
tion to the RHEED intensity from crystalline mate- 
rial under the physisorbed As and neglecting of the 
multiple scattering effect in our calculations. 

4. Conclusion 

In this work, we have developed a stochastic 
model of growth which correctly describes the 
RHEED intensity dynamics over a wide range of 
growth conditions. By the inclusion of a physisorbed 
state with amorphous As to the stochastic model and 
its surface dynamics, we were able to match the 
RHEED responses for various growth conditions, by 
taking into account the influence of time evolving 
physisorbed As layer and its effect on the RHEED 
intensity. The RHEED intensity versus time behavior 
for various growth conditions in the temperature 
range of 200-350°C and flux ratio range of 1:1 to 
1:2.0 are in excellent agreement with the experimen- 
tal results of Ibbetson et al. [5]. The RHEED inten- 
sity oscillates under these conditions due to layer- 
by-layer growth and a periodic variation of the sur- 
face coverage of physisorbed As. An important fac- 
tor in maintaining this growth mode is that arsenic 
can only incorporate when appropriate configura- 
tions of Ga atoms form on the surface. The tempera- 
ture dependence of the evaporation and chemisorp- 
tion time constants of physisorbed As yield activa- 
tion energies of 0.24 eV and 0.39 eV, respectively, 
which are in excellent agreement with the experi- 
mental data [13,14,16,15]. Even though, the present 
model was developed and employed for the low 
temperature and low flux ratio regime, since the 
model is general enough, it can be adopted for high 
temperature and high flux ratio regimes and also for 
other compound semiconductors. 
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Abstract 

This study presents results of UV photoemission measurements of the surface and interface properties of heteroepitaxial 
AlGaN on 6H-SiC. Previous results have demonstrated a negative electron affinity of A1N on 6H-SiC. In this study 
Al tGa, _XN alloy films were grown by organometallic vapor phase epitaxy (OMVPE) and doped with silicon. The analytical 
techniques included UPS, Auger electron spectroscopy, and LEED. All analysis took place in an integrated UHV transfer 
system which included the analysis techniques, a surface processing chamber and a gas source MBE. The OMVPE alloy 
samples were transported in air to the surface characterization system while the A1N and GaN investigations were prepared 
in situ. The surface electronic states were characterized by surface normal UV photoemission to determine whether the 
electron affinity was positive or negative. Two aspects of the photoemission distinguish a surface that exhibits a NEA: (1) 
the spectrum exhibits a sharp peak in the low kinetic energy region, and (2) the width of the spectrum is hv- E . The in situ 
prepared A1N samples exhibited the characteristics of a NEA while the GaN and Al013Gaog7N samples did not. The 
Al0 55Ga045N sample shows a low positive electron affinity. Annealing of the sample to > 400°C resulted in the 
disappearance of the sharp emission features, and this effect was related to contaminant effects on the surface. The results 
suggest the potential of nitride based cold cathode electron emitters. 

1. Introduction 

There is increasing interest in electronic devices 
composed of Ill-nitride materials for opto-electronic 
applications in the blue and UV region [1]. An 
alternative application of these semiconductors is in 
electron emission devices. Recent studies have 
demonstrated that diamond surfaces can exhibit a 
negative electron affinity (NEA). NEA surfaces may 

* Corresponding author. Tel.: +1-919-5153225; fax: + 1-919- 
5157331; e-mail: robert_nemanich@ncsu.edu. 

prove to be critical elements for cold cathode de- 
vices, vacuum microelectronics, and photodetectors 
[2,3]. In addition to diamond, thin films of A1N 
grown on 6H-SiC have been shown to exhibit a 
negative electron affinity (NEA) [4,5]. The A1N NEA 
surfaces were obtained from air exposed surfaces, 
and do not appear to be readily poisoned. In contrast 
to diamond, AlGaN materials exhibit the wurtzite 
crystal structure. One of the most significant limita- 
tions in the application of diamond is that reliable 
n-type doping has not been achieved. In contrast, 
n-type doping has been obtained for GaN and some 
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Fig. 1. The bandgap versus hexagonal lattice constant (a) for a 
variety of wide bandgap semiconductors. The lattice constant for 
the cubic materials has been determined from the (111) plane. 

AlGaN alloys. This study explores further the elec- 
tron affinity of epitaxial AlGaN films on 6H-SiC. 

The wurtzite AIN and GaN form a continuous 
solid solution of Al^Ga^N for 0<x<l with 
bandgaps that range from 3.4 eV (GaN) to 6.2 eV 
(AIN). Fig. 1 displays the bandgap of several materi- 
als as a function of the equivalent hexagonal lattice 
constant. The alloys are also miscible with In, hence 
the inclusion of InN could extend the range to 1.9 
eV. The electron affinity of a semiconductor is re- 
lated to the surface dipole and to the fundamental 
energy levels of the materials. Because the valence 
and conduction bands of the semiconductors have 
origin in the sp3 bonding and antibonding levels, it 
may be suggested that the larger bandgap materials 
will exhibit a smaller or negative electron affinity. In 
comparison with diamond, it might be assumed that 
AlGaN alloys with a bandgap greater that 5.4 eV 
could exhibit a NEA. In this paper we report studies 
of AlGaN with x values of 0.55 and 0.13 as well as 
preliminary studies of GaN. 

The AlGaN and GaN films used in this study 
were grown on vicinal 6H-SiC substrates. The n-type 
SiC substrates used have a small lattice mismatch 
with AIN (3.08 A versus 3.11 A) and GaN (a = 3.19 
A). The small lattice mismatch enables heteroepitax- 
ial growth of the wurtzite (2H) structure. Further- 
more, the fact that the substrates are conducting 
avoids charging problems associated with photoe- 
mission from large bandgap and insulating materials. 

The electron affinity of a semiconductor or the 
presence of a NEA can be determined by ultraviolet 
photoemission spectroscopy (UPS) [6-8]. The exper- 
iments described here involve directing 21.2 eV light 
(the He I resonance line) to the surface of the sample 
and detecting the spectrum of the emitted photo 
excited electrons as a function of electron kinetic 
energy. Typically, UPS is used to obtain a profile of 
the valence band (VB) electronic states. As such, 
most studies of UPS of semiconductors present data 
of the most energetic electrons emitted from the 
surface. Electrons scattered to lower energy and 
secondary electrons will be displayed in the spec- 
trum at lower kinetic energies. In addition, for a 
semiconductor which exhibits a NEA surface, a dis- 
tinctive peak may be observed at the low kinetic 
energy (highest binding energy) end of the photoe- 
mission spectra. Fig. 2 depicts a schematic represen- 
tation of the photoemission spectra from a semicon- 
ductor with a negative or positive electron affinity. 
The low kinetic energy feature is due to secondary 
electrons which (quasi) thermalize to the conduction 
band minimum. Note that the solid line indicates a 
material with a positive electron affinity while the 
dashed line is a feature indicative of a NEA. In this 
paper we discuss samples with both positive and 
negative affinity surfaces. 

The sharp features typical of a NEA have been 
observed from spectra of (111) and (100) diamond 
surfaces [6-10]. In the studies of diamond, a correla- 
tion was made between the presence of hydrogen 
and the NEA peak [9,10]. In addition, it was also 

Valence band 

for Positive Electron Affinity 

Evac for Negative Electron Affinity 

Fig. 2. A schematic of the difference in the photoemission spectra 
of a semiconductor with a positive or negative electron affinity. 
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shown that thin metal layers such as Ti or other 
moderate work function metals could induce a NEA 
on the diamond surface [10,11]. These measurements 
verify that the surface dipole can be influenced by 
surface processing and that the effects contribute to 
the observation of a NEA. 

2. Experimental procedure 

The 6H-SiC substrates used in this study were 
supplied by Cree Research, Inc. The samples were 
n-type with doping concentrations of 1016 to 1018 

cm-3. The AlGaN samples were grown by CVD in a 
remote location and transported in ambient to the 
analysis system. To avoid surface contamination A1N 
and GaN samples were also grown in the integrated 
UHV transfer system by gas source molecular beam 
epitaxy (GSMBE). This system includes the UPS 
system, LEED, Auger, hydrogen and argon plasma 
processing chamber, and XPS as well as the GSMBE. 
The system is described elsewhere [9,11]. Recently 
added is the capability of gas source MBE (GSMBE) 
to grow undoped A1N and GaN films. 

The AlGaN thin films were grown on vicinal 
n-type, Si-face a(6H)-SiC(0001) substrates at 
1100°C. Vicinal wafers were SiC(OOOl) 3°-4° off- 
axis toward the (1120). The as-received SiC wafers 
were cut into 7.1 mm squares. The SiC pieces were 
degreased, dipped into a 10% HF solution for 10 min 
to remove the thermally grown oxide layer, and 
blown dry with N2 before being loaded onto the 
SiC-coated graphite susceptor. The reactor was evac- 
uated to less than 3 X 10 ~5 Torr prior to initiating 
growth. The continuously rotating susceptor was if 
inductively heated to the AlGaN deposition tempera- 
ture of 1100°C in 3 SLM of flowing H2 diluent. 
Hydrogen was also used as the carrier gas for the 
various metalorganic precursors. Once this growth 
temperature was reached and stabilized, AlGaN de- 
position was started by flowing triethylaluminum 
(TEA), triethylgallium (TEG) and ammonia (NH3) 
into the reactor at 23.6 ^mol/min, 10.5 /umol/min 
and 1.5 SLM, respectively. The approximate solid 
solution alloy concentration using these growth pa- 
rameters was estimated to be Al055Ga045N from 
cathodoluminescence measurements. The AlGaN 
films were doped with Si from a SiH4 source (8.2 

ppm in N2 balance) at flow rates between 2.89 and 5 
nmol/min to minimize charging problems. The sys- 
tem pressure during AlGaN growth was 45 Torr. The 
AlGaN layer was grown for 90 min resulting in an 
approximate thickness of 1.5 ixm. AlGaN samples 
were transported in air to the analysis system. Film 
concentrations were determined from the bandgap 
values of cathodoluminescence. Auger electron spec- 
troscopy was also used to characterize the surface. 

The GaN growth took place in a GSMBE. The 
cleaning procedure is similar to the above described 
process but differs in that once in vacuum the sub- 
strate is annealed in a silane flux [12]. The GaN 
samples were not intentionally doped, but since very 
thin films were employed, charging problems were 
avoided. 

The UPS measurements were excited with 21.21 
eV radiation (He I resonance line), and emitted 
electrons are collected with a hemispherical energy 
analyzer. The base pressure of the UPS system is 
2X10"10 Torr, and operating conditions involve 
pressures up to 1 X 10~9 Torr, but the higher pres- 
sure is due to the helium inflow and does not con- 
taminate the sample. The 50 mm mean radius hemi- 
spherical electron analyzer was operated at a 0.15 eV 
energy resolution and a 2° angular resolution. The 
analyzer (VSW HA50) is mounted on a double 
goniometer and can be tilted with respect to the 
sample in two independent directions. The samples 
were fastened with tantalum wire to a molybdenum 
sample holder. The sample holder is biased by up to 
3 V to allow low energy electrons to overcome the 
work function of the analyzer. The Fermi level of the 
system (sample and analyzer) is determined by UPS 
measurement of the sample holder with no sample 
bias (i.e., grounded). The sample holder can be 
heated to 1150°C, and the temperature is measured 
by a thermocouple. 

3. Results and discussion 

The UV photoemission spectra of all four samples 
studied here are shown in Fig. 3. The A1N and GaN 
films were prepared by gas source MBE and trans- 
ferred under UHV to the photoemission system. The 
two alloy samples were prepared by CVD and suf- 
fered ambient exposure. Samples were biased with 
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Fig. 3. The UV photoemission spectra of Al vGa, _ VN for x = 0, 
0.13, 0.55, 1.0. Spectra were aligned at the valence band maxi- 
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2-3 V to overcome the work function of the ana- 
lyzer, and all spectra were shifted to be aligned at the 
valence band maximum. The spectra were scaled 
such that the strongest emission was the same for all 
curves. 

The first aspect to be noted is that the spectra of 
the 55% aluminum alloy and AIN exhibit sharp 
strong features at the highest binding energy, which 
corresponds to the lowest kinetic energy. These fea- 
tures are possibly indicative of a negative electron 
affinity. As noted in the introduction, the feature is 
attributed to emission from electrons quasi-thermal- 
ized to the conduction band minimum. The emission 
from the Al013Ga087N sample is significantly 
weaker, and the GaN emission does not show the 
sharp peak at all. 

A second indication of the change in electron 
affinity with alloy concentration is the extension of 
the Al/ja^^N spectra to lower energy as x is 
decreased. A more precise description of the relation 
of the NEA is obtained from the spectral width. The 
spectral width is obtained from a linear extrapolation 
of the emission onset edge to zero intensity at both 
the low kinetic energy cutoff and at the high kinetic 
energy end (reflecting the valence band maximum). 
For a material with a positive electron affinity, Fig. 2 
shows that x= hv — E —W, and for a material with 
a negative electron affinity Fig. 2 indicates that 
0 = hv - E - W, or rewriting, hv = Eg + W. This 
analysis indicates that the 55% aluminum sample 
does not have a negative affinity but rather a low 
positive affinity value, as discussed below. We note 

that the photoemission measurements cannot be used 
to determine the energy position of the electron 
affinity for the NEA case. 

To determine the energy position of the valence 
band maximum, the spectral gain was increased, and 
the intensity was extrapolated to 0 emission. The 
spectra are aligned in Fig. 3 at the deduced valence 
band maximum. The spectral widths obtained from 
the AlA.Ga,_vN samples were 14.5, 14.5, 15.5, and 
15 eV for x = 0, 0.13, 0.55, and 1.0, respectively. In 
applying the relations noted above, the bandgaps of 
the bulk AIN and GaN must also be known. The 
literature values of the AIN and GaN bandgaps are 
6.2 and 3.4 eV respectively. Assuming a linear ex- 
trapolation for the bandgap of the alloys, we deduce 

■■ 0.55 for E„ ■■ 4.70 eV and x = 0.13 for Eg = 3.80 
eV. Using the relations described above, the AIN 
surface satisfies the relations for a NEA within +0.2 
eV, while the GaN, Al055Ga045N, and the 
Al013Ga0g7N surfaces do not satisfy the relations 
for a NEA. We can, however, determine the value of 
the electron affinity of these materials and find that 
*= 3.3 eV, 2.9 eV, and 1.0 eV for x = 0, 0.13, and 
0.55, respectively. 

Another aspect that is evident from the photoe- 
mission spectra is the position of the surface Fermi 
level relative to the valence band maximum. It was 
found that EF ranges from 2 to 3.5 eV above the 
valence band maximum for each sample. For the 
GaN and Al0,3Ga087N surfaces, these values posi- 
tion £F in the upper part of the gap while for the 
AIN and 55% Al samples, the values indicate that 
the surface Fermi level is pinned near midgap. The 
pinning at midgap may be an indication of increased 
impurity incorporation. In particular, the strong affin- 
ity of Al with oxygen often results in increased 
oxygen incorporation for these films. 

To further explore the surface affinity, the effect 
of annealing in vacuum was explored for the x = 0.55 
sample. The results are shown in Fig. 4. After an- 
nealing to 475°C and 580°C for 10 min the photoe- 
mission spectra showed a decrease in the relative 
intensity of the NEA related peak. Furthermore, the 
width of the spectra also decreases. As these temper- 
atures are much less than the temperatures involved 
in growth, it is unlikely that a component present 
during growth is removed. It is possible that we 
introduced some type of contamination which af- 
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fected the emission. We suggest hydrocarbon con- 
taminants as a likely possibility. No LEED pattern 
was visible for the Al055Ga045N sample, and the 
lack of a LEED pattern for the as-loaded samples is 
possibly related to carbon and oxygen on the surface 
(attributed to the transport in air). The annealing may 
result in more complete bonding of the surface ad- 
sorbed hydrocarbon layer which results in a change 
in the surface dipole. Another possibility is that the 
electron affinity has been affected by adsorbed 
molecules such as hydrogen. While previous results 
have shown that hydrogen can induce a negative 
electron affinity surface on diamond [7,10], the Al- 
GaN surfaces have not been intentionally exposed to 
H. It is evident that further studies are necessary to 
characterize the surfaces more completely. 

The deduced electron affinities versus alloy con- 
centration are shown in Fig. 5. Again we note that 
the photoemission measurements cannot be used to 
determine the position of the vacuum level for a 
NEA surface so this point is indicated at \ = 0 with 
an arrow to larger negative values. The results sug- 
gest that the electron affinity depends on the alloy 
concentration as originally suggested. Unfortunately, 
we do not have sufficient data at this time to more 
completely describe the effect. Additionally, we have 
made no effort to control the surface termination for 
these samples. For diamond, it was found that the 
observation of a NEA is critically dependent on the 
surface   termination.   Future   studies   will   explore 
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Fig. 4. The UV photoemission from Al055Ga045N on 6H-SiC 
versus annealing temperature. 
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Fig. 5. Electron affinities of Al vGa, _XN alloys versus Al concen- 
tration. The arrow indicates that the electron affinity is less than 
(or equal to) 0, but the value cannot be determined from the UV 
photoemission measurements. 

whether the electron affinity of AlGaN materials is 
also affected by different surface preparations. 

4. Conclusions 

In summary, we have observed features in the 
UPS spectra indicative of a NEA surface on A1N and 
a low positive electron affinity for Al055Ga045N. 
The A1N spectra exhibited both the sharp features at 
low kinetic energy that have been found to be char- 
acteristic of a NEA, and the width of the spectra was 
also consistent with the observed effect. The UPS 
spectra of AlGaN alloys did not show an NEA, but 
the measurements have been used to determined the 
electron affinity of GaN, Al013Ga087N, and 
Al055Ga045N yielding values of 3.3, 2.9, and 1.0 
eV, respectively. 

The surface Fermi level was found to shift to- 
wards the middle of the band gap for the Al rich 
samples, and this may indicate an increase in oxygen 
impurities. 

The NEA surfaces were robust showing the effect 
even after transfer through ambient. A1N samples 
grown in situ have shown NEA surfaces without the 
presence of oxygen. The positive affinity surfaces 
when annealed result in a change of the electron 
affinity. This effect was attributed to a change in the 
surface layer that affected the surface dipole. 

Future work will involve examining samples to 
fill in the gaps in the solid solution of AlGaN alloys. 
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Furthermore, we will explore whether surface treat- 
ments can be employed on the AlGaN alloys to form 
stable NEA surfaces. 
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Abstract 

The nucleation and subsequent growth of cubic GaN on GaAs(OOl) in molecular beam epitaxy are studied by reflection 
high-energy electron diffraction (RHEED), transmission electron microscopy (TEM), and X-ray diffraction. We find that the 
layer finish is strongly dependent on the conditions chosen for the nucleation of the first monolayers of GaN on GaAs. For 
optimized growth conditions, TEM demonstrates 10 nm thick GaN films to be epitaxial and connected layers regardless of 
the 20% lattice mismatch. Furthermore, RHEED reveals an increasing lateral domain size in the course of growth for this 
case. This approach towards two-dimensional growth manifests itself in a steady improvement of the crystal quality with 
increasing thickness as determined by X-ray diffraction. However, this improvement does not take place for non-optimum 
conditions in the initial stage of growth regardless the conditions chosen in the later stage of growth, from which we 
conclude that control over nucleation is a necessity for the successful fabrication of GaN-based heterostructures. 

1. Introduction 

Group Ill-nitrides are attractive for opto-elec- 
tronic devices emitting in the blue and UV spectral 
ranges. For the growth of such devices, 
AlGaN/GaN/InGaN double-heterostructures are re- 
quired. A key parameter for the performance of these 
structures is the interface quality, which is, first of 
all, determined by the growth front of the GaN 
epilayer. This prerequisite of a smooth growth front 
encounters, however, the fundamental problem of the 
huge lattice mismatch between GaN and all available 

* Corresponding author. Tel.: +49-30-20377327; fax: + 49-30- 
20377201; e-mail: yang@pdi.wias-berlin.de. 

substrates. For obtaining connected and epitaxial 
films, the concept of an amorphous low temperature 
buffer layer is commonly employed [1-4]. The epi- 
layers obtained by this recipe consist of columnar, 
nonepitaxial grains [5-7], and thick buffer layers 
have to be grown in order to obtain connected films. 
Here, we report the synthesis of exceptionally 
smooth, epitaxial cubic GaN films on GaAs(OOl) 
substrates without the use of this low temperature 
buffer layer. The influence of growth conditions at 
the hetero-nucleation stage are studied by in-situ 
reflection high-energy electron diffraction (RHEED), 
transmission electron microscopy (TEM) and X-ray 
diffraction. We discuss our findings in terms of the 
surface diffusion length of Ga adatoms. 

0169-4332/96/$15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
Pll S0169-4332(96)00187-0 
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2. Experimental 

Our GaN samples are grown in a plasma-assisted 
molecular beam epitaxy (MBE) system on GaAs(OOl) 
substrates. A N2 plasma is generated by a dc glow- 
discharge at a power of 30 W and a pressure of 
5 X 10~4 Torr in the growth chamber. The effective 
Ga flux used in this study ranges from 2.0 X 1013 to 
1.2 X 1014 atom/cm2 s, corresponding to nominal 
growth rates of 0.02-0.12 ML/s. Prior to GaN 
growth, a GaAs buffer layer is deposited under 
growth conditions optimized such that to obtain an 
as clean and ordered surface as possible. Substrate 
temperature was set to 580°C at the beginning of 
GaN growth and increased after deposition of a few 
monolayers to 650CC. 

The initial nucleation and subsequent growth of 
GaN are monitored by RHEED operating at an elec- 
tron beam energy of 15 keV and incidence angles of 
l°-4°. RHEED images are recorded by a CCD cam- 
era and analyzed by an image processing system. 
TEM images are taken on a JEOL 4000FX operating 
at 400 kV. Cross-sections of the samples are pre- 
pared by conventional ion milling to a thickness of 
about 15-20 nm. X-ray diffraction profiles are mea- 
sured on a double-crystal diffractometer using Cu 
Ka1 emission and a Ge (004) monochromator. The 
X-ray rocking curves (XRC) are measured with wide 
open detector while a 50 fim detector slit is used for 
the 0-20 scans. 

3. Results 

Fig. 1 shows TEM micrographs of two samples 
nucleated under (a) high and (b) low V/HI ratios, 
respectively, together with the corresponding RHEED 
patterns. The growth of the two samples was contin- 
ued after the deposition of the first 5 ML under 
otherwise identical conditions. The comparison of 
the two low resolution images evidences drastic dif- 
ferences between the samples' structural quality in 
terms of grain orientation, as well as interface and 
surface roughness. The high-resolution micrographs 
reveal the structural details. For sample A (Fig. la), 
the grains clearly have an epitaxial relationship to 
the substrate in spite of the large amount of stacking 
faults, misfit dislocations and grain boundaries. On 

the other hand, sample B (Fig. lb) consists of grains 
with widely differing crystal orientations both with 
respect to the substrate and with each other. The 
corresponding RHEED patterns of the two samples 
taken during the initial stage of the growth are 
consistent with these observations. The diffuse GaN 
transmission reflections observed in the case of sam- 
ple A demonstrate the formation of comparatively 
small, well-oriented epitaxial nuclei. In this case, 
GaN starts to grow on GaAs(OOl) in the Volmer- 
Weber mode [8], i.e., by the immediate nucleation of 
3-dimensional islands '. For sample B, in contrast, 
sharp and intense GaN transmission reflections are 
observed from the very beginning of the growth 
along the [110] azimuth, while a ring-like pattern 
evolves along the [110] azimuth (not shown here). 
These patterns reflect the formation of comparatively 
large, textured grains, meaning that the grains are 
rotated with respect to the same axis. We find that 
the orientation distributions of the grains does not 
improve as growth proceeds regardless of the final 
thickness of the film. 

Fig. 2 shows a sequence of RHEED patterns 
recorded during the growth of a GaN film nucleated 
under a high V/III ratio. The separation of the GaN 
and GaAs reflections evidences that the GaN lattice 
establishes its bulk lattice constant already in the 
nucleation stage. As growth proceeds, the lateral size 
of the islands increases as shown by the fact that the 
GaN spots become considerably sharper. After 
growth of about 120 ML GaN the surface becomes 
sufficiently flat for a surface reconstruction to take 
place. For optimum growth conditions [10] this sur- 
face reconstruction appears after growth of 10 nm of 
GaN. 

For a quantitative determination of the surface 
domain size [11] we analyze line scans of the RHEED 
intensity profiles in both horizontal and vertical di- 
rections. Fig. 3 shows such a line scan together with 

1 Prior to the completion of the first GaN monolayer, there is a 
(3 X 3) reconstruction appearing which is commensurate to GaAs. 
This reconstruction also appears upon supply of 0.3 ML of active 
nitrogen onto the GaAs(OOl) surface without incident Ga flux. 
The atomic structure of this reconstruction is still an open ques- 
tion. We think, however, that in view of the huge lattice misfit it 
is unlikely to originate from the formation of a coherently strained 
GaN monolayer as proposed recently [9]. 
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Fig. 1. Cross-section TEM images of samples grown by starting with high V/III ratio (a) and low V/III ratio (b), and the corresponding 
RHEED patterns (upper-right corners) at the initial stage. Well-oriented grains are visible in (a) in contrast to grains with different 
orientations in (b). 
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a Lorentzian fit to the experimental data. The lattice 
constant of GaN determined in this way is 0.453 nm 
at temperature of 650°C, which is in good agreement 
with previous reports [12]. The linewidth determined 
in the course of the growth is plotted in Fig. 4. The 
linewidth decreases with increasing film thickness 
according to a power law. The linewidths of the 
XRC from samples of different thickness are also 
shown in Fig. 4. Although the linewidth of RHEED 
and that of XRC are different in absolute value, it is 
interesting to see that they follow the same trend 
with thickness.  This identical  dependence of the 

linewidths of RHEED and XRC profiles on film 
thickness clearly suggest a relationship between sur- 
face island size during growth as measured by 
RHEED and mosaicity/bulk grain size as measured 
by XRC. Note that the linewidth of our XRC mea- 
surements includes broadening not only from the 
finite bulk domain size and mosaicity, but also from 
the lattice constant distribution. In order to separate 
the latter contribution, some of the samples were also 
measured in the 0-20 mode. Typical linewidths of 
6-26 scans are in the range of 5-10 arcmin, much 
smaller than those of XRC, which show that the 
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Fig. 2. RHEED images in [110] azimuth recorded at various stages of growth of GaN on GaAs(OOl). The thickness of the growing GaN film 
is given in MLs in the upper-left corner of each image. The spotty patterns of GaN in the initial stage reveal nucleation of strain-relieved 
three-dimensional islands, while the reconstructed patterns at later stages evidence that two-dimensional growth is approached. 
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XRC linewidth depicted in Fig. 4 is dominated by 
mosaicity and finite lateral domain sizes. 

strates. We believe this phenomenon to also result 
from the kinetic limitation imposed onto adatom 
migration during nucleation. 

4. Discussion 

The dramatic influence of the nucleation stage can 
be understood based on the different size of GaN 
nuclei on GaAs as revealed by RHEED patterns at 
the initial stage of growth. Since, in both cases, the 
initial GaN nuclei do exhibit the GaN bulk lattice 
constant, they relax during nucleation. In this stage, 
relaxation will proceed by the generation of 90° or 
60° dislocations. 60° dislocations will tilt the nuclei 
with respect to the orientation of the substrate. This 
tilt depends on the number of dislocations introduced 
and may be quite large because of the high mis- 
match. Furthermore, nuclei relaxed by 60° disloca- 
tions gliding on opposed {111} planes are severely 
misoriented with respect to each other. However, if 
the nuclei are sufficiently small, their coalescence 
will tend to annihilate the tilt either by compensation 
of the two opposite 60° dislocations or by their 
reaction resulting in a 90° dislocation [13]. As a 
result, a well-oriented epitaxial film is established 
after the deposition of a few monolayers. On the 
other hand, if a tilted grain grows by the incorpora- 
tion of new atoms, new misfit dislocations will be 
formed at the edge of the grain [14]. The preexisting 
tilt will favor the same dislocation type, and thus a 
regular array of dislocations having the same type 
will form resulting in a misoriented grain. Clearly, 
the larger these grains grow the more difficult it will 
be for them to rearrange by coalescence. The result- 
ing layer will then consist of grains exhibiting a 
large orientational spread which upon further growth 
develops into a textured polycrystalline film. 

The importance of a high V/III ratio at the 
nucleation stage may simply result from the kinetic 
limitation imposed on the migration length of Ga 
adatoms by the group V species, thus favoring the 
formation of a high density of small nuclei. In 
contrast, a low V/III ratio enhances the migration of 
Ga adatoms and reduces the density of nuclei, which 
allows them to grow quickly by incorporation of 
adatoms. Similarly, it has been reported [15] that a 
high arsenic pressure during growth helps to obtain 
purely cubic GaN on GaAs(OOl) and GaP(OOl) sub- 

5. Conclusions 

RHEED shows that GaN nucleates on GaAs(OOl) 
substrates in the Volmer-Weber mode. Only for 
GaN nucleated under a high V/III ratio, the follow- 
ing growth approaches the two-dimensional mode. 
TEM shows that such films of 10 nm thickness to be 
connected and epitaxial. With increasing thickness, 
X-ray measurements reveal a steady improvement of 
the crystal quality in terms of increasing grain sizes 
and decreasing mosaicity. However, the layer finish 
is found to be strongly dependent on the conditions 
chosen for the nucleation of the first monolayers of 
GaN on GaAs. The initial stage of growth apparently 
largely determines the destiny of the crystal regard- 
less of its final thickness, from which we conclude 
that control over nucleation is a necessity for the 
successful fabrication of GaN-based heterostructures. 
We explain this finding by considering the nucle- 
ation kinetics. Both low temperature and high V/III 
ratio kinetically hinder Ga adatom migration and 
thus reduce the size of the individual nuclei. The 
coalescence of these small nuclei finally rearranges 
the grains resulting in well-oriented epitaxial films. 
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Abstract 

Nitridation of a GaAs surface can be realized simply by exposing the substrate to a windowless-connected nitrogen glow 

discharge light source. The photoemission data measured in situ show that both GaN and AsN species have been formed 
during the exposure process. In addition, it is found that nitridation can result in a 0.3 eV reduction of surface band bending. 

1. Introduction 

Nitridation of GaAs surfaces is of great interest to 
the device technology of III-V semiconductors. For 
GaAs-based devices, the existence of a thin nitride 
layer can effectively reduce the high surface state 
density and hence improve surface quality and de- 
vice performance. A thin GaN film may also be used 
as an in situ mask for selective-area epitaxy of GaAs 
[1]. Furthermore, III-V nitrides themselves are 
promising optoelectronic materials and GaAs is one 
of the substrates often used for their heteroepitaxy 
[2-4]. 

Recent studies show that thin nitride layers can be 
formed on GaAs surfaces by simultaneous exposure 
of the substrate to ammonia [5] (or hydrazoic acid 
[6]) and UV photons in an ultrahigh vacuum environ- 
ment. While photodissociation of the N-containing 

species plays a key role in the nitride formation 
process, to keep the substrate at low temperatures 
during the exposure seems important to ensure a 
high coverage of the adsorbate. 

In this paper, we report that photodissociation-in- 
duced nitridation can also be achieved with the GaAs 
substrate kept at room temperature. The key feature 
here is the use of a windowless-connected nitrogen 
glow discharge light source, acting both as a nitrogen 
plasma beam directed to the GaAs surface and as a 
stimulus to the dissociation of pure nitrogen near the 
surface. Besides its simplicity, the present approach 
has the potential to be further developed as a tech- 
nique for the growth of a thick GaN film if a gallium 
source is attached. 

2. Experimental 

Corresponding author. Fax: +i 
ing@fudan.ihep.ac.cn. 

1-21-65493232; e-mail: xmd- 

The experiment was carried out in a home-made 
sample preparation chamber attached to a VG 
ADES-400 electron spectrometer, as has been de- 

0169-4332/96/$15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
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scribed elsewhere [4]. The base pressure of the 
chamber was 5X10"10 Torr. The substrate used 
was an n-type GaAs(lOO) single crystal wafer with 
the carrier concentration of 10l7 cm-3. After routine 
chemical treatment, the substrate surface was first 
bombarded by 1 keV argon ions and then annealed at 
above 500°C for 30 min. Several cycles of such an 
ion bombardment and annealing (IBA) process would 
result in the appearance of a (4X1) low-energy 
electron diffraction (LEED) pattern, indicating that 
the surface was an ordered Ga-rich one [7,8]. 

Nitrogen glow discharge was set in a differen- 
tially pumped, standard UV lamp. Under the condi- 
tions for maintaining a steady discharge, the nitrogen 
pressure in the sample preparation chamber was on 
the order of 10 ~8 Torr. Nitrogen exposure times in 
the present study were typically a few hours. 

Both X-ray and ultraviolet photoelectron spectro- 
scopies (XPS and UPS) were used to examine the 
variations in composition and electronic state of the 
GaAs surface upon the nitrogen exposures. An Al 
X-ray source (hv= 1486.6 eV) was chosen for XPS 
measurements. The 2p peaks instead of the 3d peaks 
of Ga and As were measured to raise the relative 
intensities of the surface components. For UPS, He I 
(hv=2l.2 eV) was adopted. The photoelectron exit 
angle is 45° for XPS and 0° for UPS with respect to 
the surface normal. 

3. Results and discussion 

During the nitrogen exposure process, the LEED 
pattern changed gradually from (4X1) to (1 X 1), 
accompanied by a considerable increase in back- 
ground intensity. This is evidence that nitrogen 
molecules do dissociate and adsorb on the GaAs 
surface when the glow discharge light source is on. It 
is generally accepted that there exist both Ga and As 
dangling bonds on the GaAs(100)(4 XI) surface 
[7,9]. So a gradual LEED pattern change means that 
the photodissociated nitrogen atoms may bond ran- 
domly to the surface Ga and As atoms. Such an 
explanation is consistent with the previous results 
that both surface GaN and AsN species are present 
after a Ga-rich GaAs(lOO) surface has been exposed 
to N-containing species and photons at low tempera- 
tures [5,6]. More direct support of the above deduc- 
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Fig. 1. N 1 s XPS spectra taken after the GaAs(100)(4X 1) surface 
was exposed to a windowless-connected nitrogen glow discharge 
light source. The sample was kept at room temperature during the 
exposure. 

tion is of course from the photoemission measure- 
ments. 

Fig. 1 shows the N Is XPS spectra measured 
following different nitrogen-photon exposures (in 
units of L, 1 L = 10"6 Torr • s). Since the N Is peak 
is close to the Ga LMM Auger peaks and hence 
difficult to distinguish from the latter, the spectra 
given in the figure are not those originally measured 
but the difference curves between the N-exposed and 
clean ones. As is immediately evident, increase in 
nitrogen exposure results not only in an intensity 
increase but also in a position shift of the N Is peak. 
Meanwhile, the full width at half maximum (FWHM) 
of the peak remains unchanged. This is a strong hint 
that the surface Fermi level, EF, which is always 
pinned in the band gap for non-cleaved III-V semi- 
conductors, may change its position to some extent 
during the N-exposure process. If this is the case, the 
substrate core-level spectra should show the same 
rigid shift. Shown in Fig. 2 and Fig. 3 are Ga 2p and 
As 2p spectra, respectively. Now both FWHM and 
peak position are changed. Each Ga and As peak, 
which has been broadened upon exposure, can be 
fitted by two components, as shown in the figures. 
Obviously, the main component here corresponds to 
Ga or As in GaAs and the minor one corresponds to 
surface Ga or As bonded to N. The shift of the main 
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Fig. 2. Ga 2p XPS spectra taken after the same treatments as in 
Fig. 1. 

component following a 280 L exposure is 0.3 eV 
towards the higher binding energy side, independent 
of whether it is Ga or As. In other words, the shift is 
rigid and surface band bending is reduced by 0.3 eV 
during the process. The maximum shifts of the minor 
components in the present experiment, which can be 
read directly from the 280 L spectra, are 0.9 eV for 
Ga 2p and 1.5 eV for As 2p, consistent with those 
previously observed [6]. It is thus clear that exposing 
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Fig. 3. As 2p XPS spectra taken after the same treatments as in 
Fig. 1. 
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Fig. 4. UPS spectra of clean and N-covered GaAs(100) surfaces. 

a GaAs surface to N2-photon can result in nitridation 
of the surface and a shift of EF. 

From the variation of valence band spectra upon 
N-exposure one can come to the same conclusion. 
Fig. 4 shows the UPS spectra measured from various 
N-covered GaAs surfaces as noted. The top spectrum 
was taken after the 280 L exposed surface had been 
annealed at 500°C for 10 min. The common energy 
reference for all the spectra here is EF (= 0 eV), 
which is 0.8 eV above the valence band maximum 
(VBM) of the clean surface. The strong peak at 6.9 
eV below VBM is a well-known bulk structure, 
related to the transition from the X3 critical point 
[10]. Similar to what observed in XPS, this peak, and 
the VBM as well, shift to higher binding energies 
during the N-exposure process. It is thus further 
confirmed that band bending is reduced in the pro- 
cess of nitridation. 

Besides the shift of the bulk-related band struc- 
tures, uptake of nitrogen on the GaAs surface leads 
to a quenching of surface peaks, and to the emer- 
gence of a broad N-induced peak. To show this 
effect in a more straight manner, we plot in Fig. 5 
the difference spectra between the clean and N- 
covered surfaces taken by aligning and normalizing 
their X3 peaks. It is well established that the peaks 
in a difference spectrum obtained so can unambigu- 
ously be attributed to surface-originating effects. In 
other words, a positive peak in the spectrum must 
result from a complete or partial quenching of a 
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Fig. 5. Difference spectra between clean and N-covered GaAs(lOO) 
surfaces taken by aligning and normalizing their X3 bulk struc- 
tures. 

hope therefore that, with a gallium source attached, 
the present method can be used for the growth of 
thick GaN films. 

4. Conclusion 

A GaAs surface can be nitrided by using a nitro- 
gen glow discharge light source to dissociate nitro- 
gen molecules near the surface. As a result of nitrida- 
tion, surface band bending can be reduced to some 
extent. 
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surface state which existed initially at the clean 
surface, while a negative peak should be due to the 
emergence of a new state associated with uptake of 
foreign atoms or molecules on the surface. Thus, the 
positive and negative peaks in the present case should 
originate from the Ga- and/or As-related surface 
states and the N 2p valence states respectively. One 
can also see from the figure that although annealing 
can make the surface recover from nitridation to 
some extent, a relatively strong N 2p peak remains. 
This is understandable as the GaN species should 
still be on the surface after annealing. 

Both XPS and UPS spectra also reveal that only 
limited Ga and As atoms are involved in the nitrida- 
tion process under the experimental conditions we 
use. That means what happens on the surface is 
probably the saturation of the Ga and As dangling 
bonds by N atoms. It is likely that the process 
continues if extra Ga and/or As is supplied. We 
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Abstract 

The integration of II-VI and III-V semiconductors into a single II-VI/III-V heterojunction device enables the 
exploitation of the many similarities, as well as the many differences, in material properties (energy bandgap, lattice 
constant, dielectric constant, etc.) to create new devices exhibiting unique optical and electronic properties. The epitaxial 
growth of dielectric quantum wells (QWs) composed of ZnSe and GaAs is under investigation. One of the critical factors 
affecting the properties of the ZnSe/GaAs QW structure is the formation of the heterovalent interfaces, particularly the 
formation of the inverted interface formed by GaAs nucleated onto a ZnSe epitaxial surface. The stoichiometry of each 
interface is engineered by using various growth techniques. Due to the severe mismatch in optimal growth temperatures for 
the two material systems (600°C for GaAs and 300°C for ZnSe), additional emphasis has been placed on the reduced 
temperature growth of GaAs on ZnSe. The effects of the growth parameters and nucleation methodology are examined by in 
situ surface reconstruction analysis using reflection high energy electron diffraction and ex situ using transmission electron 
microscopy. The optical properties of the reduced temperature GaAs and ZnSe/GaAs QWs are further investigated with 
photoluminescence. 

1. Introduction 

A comparison of the different types of technologi- 
cally important compound semiconductors highlights 
the many similarities and the many differences be- 
tween the II-Vis and the III-Vs. In a variety of 
examples the lattice constants are very closely 
matched, such as for CdTe and InSb, although the 

Corresponding author. Tel.: + 1-617-2536868; fax: +1-617- 
2586640; e-mail: lak@mtl.mit.edu. 

energy bandgaps can be significantly different. Simi- 
lar contrasts exist regarding optical constants, such 
as the dielectric constant and thus refractive index, 
and therefore offers the opportunity to exploit II- 
VI/III-V combinations for photonic devices, includ- 
ing waveguides, cladding layers, and unique dielec- 
tric quantum wells [1]. Additional degrees of free- 
dom in device design are offered by the integration 
of the II-VI and III-V compound semiconductor 
families. As one example, GaAs clad by wide 
bandgap barrier layers of ZnSe possesses a large 
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valence-band offset (~ 1 eV) with a substantial di- 
electric constant discontinuity, suggesting the possi- 
bility of enhanced excitonic nonlinearities in the 
optical properties of ZnSe/GaAs quantum well (QW) 
structures [1]. The presence of a deep potential well 
for holes also provides an opportunity to explore 
intersubband transitions at long wavelengths near 
1.55 fim for use in photonic switching devices for 
fiber optic applications. However, to demonstrate the 
existence of a II-VI/III-V quantum well structure 
is a significant challenge since each separate inter- 
face is unique in its formation. For example, the 
II-VI community is currently exploring various 
techniques aimed at optimizing the growth of ZnSe 
on GaAs to achieve layer-by-layer nucleation, thus 
minimizing defect formation in ZnSe. On the other 
hand, the nucleation of GaAs on a ZnSe surface 
represents a new environment for Ga and As species, 
completely distinct from the formation of a GaAs 
layer on a III-V surface, i.e. the formation of a 
homovalent interface. 

The growth and characterization of ZnSe/GaAs 
quantum wells have been previously reported using 
migration-enhanced epitaxy [2] in a single molecular 
beam epitaxy (MBE) growth reactor, and by Funata 
et al. [3,4] grown by metalorganic chemical vapor 
deposition, also in a single reactor. The growth is 
complicated by several factors including widely 
varying optimal growth temperatures for each layer 
(300°C for ZnSe and 600°C for GaAs), the necessity 
to stoichiometrically control the formation of the 
II-VI/III-V heterovalent interface to minimize in- 
terface state density [5,6] and to correctly produce 
the desired valence band offset [7-10]. In addition, 
for the growth of GaAs occurring at a growth tem- 
perature [11,12] limited by the ZnSe surface decom- 
position ( ~ 300-350°C), the As-to-Ga flux ratio must 
be carefully controlled to enable the growth of high 
optical quality GaAs quantum wells. The nucleation 
conditions for forming the inverted GaAs on ZnSe 
interface must be established. 

In this paper, the fabrication of ZnSe/GaAs quan- 
tum wells has been divided into two areas of empha- 
sis as schematically illustrated in Fig. 1. The quan- 
tum well is clad by the wide bandgap barrier layers 
of ZnSe, typically maintained at a thickness of 500 
A. An investigation into the formation of the in- 
verted interface of GaAs on a ZnSe epitaxial surface 

ZnSe if Inverted 
GaAs 

Interface 

GaAsQW :•'          ZnSe          I:/ 
f., Normal Interface t:' 

Fig. 1. Schematic illustration of a ZnSe/GaAs quantum well 
containing the nucleating layer for formation of the inverted GaAs 
on ZnSe interface, the reduced temperature GaAs quantum well, 
and the wide bandgap barrier layers of ZnSe. 

employed in situ analysis of reflection high energy 
electron diffraction (RHEED) patterns and cross-sec- 
tional transmission electron microscopy (TEM). Fol- 
lowing the formation of the inverted interface, the 
remainder of the GaAs quantum well was grown at 
reduced temperatures (~ 350°C). To understand the 
optical properties of the reduced temperature GaAs 
material, and to remove the affects of the presence of 
the II-VI/III-V heterointerface, a III-V barrier 
layer of (In, Ga)P was employed in a multiple quan- 
tum well structure specifically designed to optically 
probe the reduced temperature GaAs growth ap- 
proach. Finally, a series of ZnSe/GaAs quantum 
wells and double heterostructures have been fabri- 
cated on both ZnSe and GaAs bulk substrates, and 
have been characterized by cross-sectional TEM, 
photoluminescence, and photoreflectance. 

2. Experimental approach 

The epitaxial growth of the various layers was 
achieved using molecular beam epitaxy for ZnSe 
layers and gas source molecular beam epitaxy 
(GSMBE) for the III-V-based compounds. The sep- 
arate growth of the II-VI and III-V layers was 
carried out in dedicated ultrahigh vacuum reactors 
that are connected to one another via an ultrahigh 
vacuum transfer chamber having a typical back- 
ground pressure of 1 X 10 ~9 Torr. Two types of 
(lOO)-oriented bulk substrates, GaAs and ZnSe, have 
been employed for the growth of the ZnSe/GaAs 
quantum well structures to clearly distinguish optical 
features originating from the GaAs well versus the 
substrate. Our initial studies show comparable results 
for GaAs/ZnSe double heterostructures grown on 
either substrate material. For the growth of GaAs 
QWs on ZnSe bulk substrates, the substrates were 
degreased prior to insertion into the ultrahigh vac- 



474 J.L. House et al. /Applied Surface Science 104 /105 (1996) 472-478 

uum chamber, and then cleaned in situ by the use of 
a radio frequency-generated hydrogen/argon (10% 
Ar) plasma inside the II-VI reactor. The cleaning 
conditions that were utilized included a ramp from 
150-300°C in substrate temperature, a plasma power 
of 350 W, and a period of 30 min. This procedure 
was employed to remove contaminants such as car- 
bon and oxygen from the surface without the need to 
resort to high temperature thermal cleaning tech- 
niques. An epitaxial ZnSe buffer layer (1-1.5 /xm in 
thickness) was then grown on the bulk ZnSe sub- 
strates. The GaAs bulk substrates were epi-ready 
wafers that were immediately loaded into the reactor 
for growth of an epitaxial GaAs buffer layer; the 
GaAs is grown at the standard substrate temperature 
of 580°C, an arsenic-to-gallium flux ratio of 1.3, and 
a growth rate of 1 ftm/h. Group Ill-limited and 
group V-limited RHEED intensity oscillations were 
used to establish incorporation rates for the individ- 
ual species, and thus to determine exact group V-to- 

III flux ratios. When an (In, Ga)P buffer layer was 
employed, the growth was carried out on the GaAs 
buffer layer grown on the epi-ready bulk substrate. 
Using GSMBE, elemental In and Ga, and thermally 
decomposed phosphine (at 900°C) were used. The 
approximate composition was 50% In to provide 
lattice-matched growth to the GaAs buffer layer, and 
the growth temperature was maintained at 470°C. 

The growth of all of the ZnSe layers was carried 
out at temperatures near 300°C, with elemental fluxes 
of Zn and Se. The flux ratio of the group VI to group 
II species was maintained at 1.3-1.5 and measured 
by a quartz crystal oscillator placed at the location of 
the substrate. Additional confirmation of the surface 
stoichiometry was provided by in situ observations 
of RHEED patterns, which indicated a (2 X 1) Se- 
stabilized reconstructed surface during growth. 

The growth of the GaAs quantum wells was 
carried out using elemental Ga and thermally decom- 
posed arsine (at 900°C). As mentioned previously 
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Fig. 2. Sequence of growth parameters employed to form the inverted GaAs interface and the quantum wells. Also shown are the (001) 
RHEED diffraction patterns observed at 3 monolayers (ML), 6 ML, and 10 ML of GaAs growth. 
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(and schematically illustrated in Fig. 1), the GaAs 
quantum well can be considered as two separate 
types of material due to the fabrication conditions 
that we explored. A variety of nucleating conditions 
were investigated for the formation of the inverted 
GaAs on ZnSe interface. The typical approach to 
forming an interface involves MBE-like nucleating 
conditions [13], where the ZnSe surface is first ex- 
posed to an arsenic species, in this case As2, fol- 
lowed by impingement of a Ga flux (V-to-III ratio of 
5 and a growth rate of 0.2 /m/h) at a 370°C 
reduced growth temperature. With a Zn-stabilized 
c(2 X 2) surface, the RHEED pattern was seen to 
immediately become spotty and bulk-like indicating 
very poor nucleation and a rough GaAs surface 
morphology (also confirmed by Nomarski mi- 
croscopy). The growth temperature was then in- 
creased to 470°C in an attempt to reduce the surface 
roughness, but the bulk RHEED diffraction pattern 
persisted for the remainder of the 0.25 ^m GaAs 
growth. The use of migration-enhanced epitaxy, 
which is the alternate exposure of the Se-stabilized 
(2X1) ZnSe surface to Ga and As2 species (parame- 
ters consistent with the MBE-like nucleating condi- 
tions), again at the starting growth temperature of 
370°C, was also found to result in the same bulk and 
fishnet-like RHEED pattern; Nomarski microscopy 
indicated a poor surface morphology. Similar to the 
growth using MBE-like nucleating conditions, after 
10 monolayers the growth temperature was raised to 
470°C for the remainder of the growth, but the 
RHEED pattern did not show any improvement. The 

most successful technique found to form the inverted 
interface nucleated individual layers of GaAs, while 
simultaneously varying the V-to-III ratio and the 
substrate temperature. Fig. 2 shows a flow chart of 
the growth parameters used for the formation of a 
high quality nucleating layer that forms the inverted 
GaAs on ZnSe interface, and corresponding RHEED 
diffraction patterns. For the first three monolayers 
(ML), the Ga shutter is sequenced with a constant 
flux of As 2 at a high arsine flow rate (V-to-III ratio 
of 12) and a substrate temperature of 250°C. The 
streaky c(2 X 2) RHEED pattern of the Zn-stabilized 
ZnSe surface is replaced by a bulk-like unrecon- 
structed diffraction pattern from the GaAs layer. 
After 3 MLs, the substrate temperature is raised to 
300°C for an additional 3 MLs of growth, and the 
RHEED patterns begin to show sharp streaks and the 
expected c(4 X 4) reconstructed GaAs surface. The 
next four MLs are grown at 350°C at a reduced 
arsine flow to provide a V-to-III ratio of 3. After 10 
MLs, the Ga oven temperature is raised to increase 
the growth rate and to provide a V-to-III ratio of 
approximately one-to-one at a substrate temperature 
of 350°C. The RHEED patterns continue to remain 
bulk-like and elongated, exhibiting the c(4 X 4) re- 
constructed GaAs surface that was initially observed 
at 6 MLs. The c(4 X 4) reconstructed surface persists 
until the end of the GaAs growth (see Fig. 2). 
Subsequent Nomarski microscopy indicates a very 
smooth GaAs surface morphology. 

For the growth of the ZnSe/GaAs quantum wells 
and double heterostructures, the aforementioned nu- 
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50 nm 
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Fig. 3. Cross-sectional transmission electron micrographs of GaAs nucleated on an epitaxial ZnSe surface. In (a) the GaAs layer was 
nucleated using typical MBE growth techniques. In (b) the GaAs inverted interface was formed using the growth parameter sequence 
described in Fig. 2. A ZnSe/GaAs/ZnSe double heterostructure is shown and is grown on a ZnSe bulk substrate. 
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cleation layer (described in Fig. 2), which forms the 
inverted GaAs on ZnSe interface, was employed for 
all cases. The growth procedure was as follows. The 
desired substrate, either II-VI or III-V bulk, was 
inserted into the appropriate reactor for the growth of 
the homoepitaxial buffer layer. A secondary buffer 
layer of (In, Ga)P was used for some samples as 
indicated. The sample was transferred in vacuum to 
the II-VI reactor for the growth of the bottom ZnSe 
barrier, again transferred into the III-V reactor for 
the GaAs quantum well growth, and then returned to 
the II-VI reactor for the final ZnSe barrier layer 
growth. The nucleating conditions for the normal 
ZnSe/GaAs interface consisted of starting with an 
As-rich c(4 X 4) GaAs surface, a pretreatment of Zn 
flux, followed by typical MBE growth where the 
surface is exposed simultaneously to the fluxes of Zn 
and Se. 

Fig. 3 shows the cross-sectional transmission elec- 
tron micrographs obtained when nucleating GaAs on 
ZnSe using (a) typical MBE-like conditions and (b) 
by using the nucleating conditions described in Fig. 
2. As can be clearly seen in Fig. 3(a), the MBE 
growth of 0.25 /j,m GaAs on one /xm ZnSe results in 
a heterostructure containing a high density of stack- 
ing faults and dislocations apparently nucleated at 
the inverted interface and is similar to that reported 
previously [13]. In contrast, Fig. 3(b) shows that an 
interface formed by growth under more optimal con- 
ditions does not induce the same heavily defective 
GaAs layer. Additional samples having GaAs layer 
thicknesses up to 100 nm formed in a similar fashion 
as for the case of Fig. 3(b) show the same interfacial 
microstructure. 

3. Characterization of ZnSe/GaAs single quan- 
tum well structures 

An additional emphasis was placed on the quality 
of the GaAs well material grown at reduced tempera- 
tures (see Fig. 1). The optical properties of the 
reduced temperature GaAs material were investi- 
gated using an all III-V heterostructure composed of 
(In, Ga)P and GaAs. A single multiple quantum well 
structure containing four GaAs QWs having widths 
of 9, 6, 3, and 1.5 nm, with 20 nm (In, Ga)P barriers, 
was grown. For the growir of each subsequent quan- 
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Fig. 4. Low temperature (10 K) photoluminescence spectrum 
obtained from a multiple quantum well structure composed of 
GaAs wells embedded within (In, Ga)P barrier layers. As each 
GaAs quantum well was grown, the growth temperature was 
gradually reduced. The well dimensions and growth temperatures 
were 9 nm at 470°C, 6 nm at 400°C, 3 nm at 375°C, and 1.5 nm at 
350°C. The 514.5 nm line of an Ar ion laser was used in the PL 
measurement with a power density of ~ 1 W/cm2. 

turn well, the substrate temperature was reduced 
according to the following schedule in steps: 470°C, 
400°C, 375°C, and 350°C, respectively. The highest 
temperature of 470°C for the 9 nm GaAs QW is 
constrained by the optimum growth temperature of 
the (In, Ga)P, which we have found in our experi- 
ments to be 470°C. In this manner, the optical prop- 
erties for the various GaAs quantum well materials 
were examined simultaneously. In all quantum wells 
that were grown, the As-to-Ga flux ratio was kept at 
one-to-one. Fig. 4 shows the low temperature (10 K) 
photoluminescence (PL) collected from the (In, 
Ga)P/GaAs quantum well structure. Band-edge lu- 
minescence from the GaAs substrate can be seen 
along with emission corresponding to the first con- 
fined state of each quantum well [14]. The presence 
of luminescence from the 1.5 nm quantum well 
grown at a substrate temperature of 350°C is an 
example of the optical quality of the reduced temper- 
ature GaAs. 

Low temperature PL originating from the 
ZnSe/GaAs double heterostructures has been mea- 
sured for GaAs layers, having thicknesses ranging 
from 100 nm to 0.3 nm sandwiched between 50 nm 
ZnSe barrier layers. In the case of GaAs thicknesses 
of 100 nm and 40 nm, the ZnSe/GaAs double 
heterostructure was grown on a 1.5 /xm thick (In, 
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Ga)P buffer layer (on a GaAs substrate) to ensure 
that the PL measurement was probing the GaAs 
' well' layer as opposed to the substrate material. The 
10 K PL of each double heterostructure shows band- 
edge luminescence corresponding to the (In, Ga)P 
barrier layer and to GaAs material. However, further 
investigation of test structures has shown that lumi- 
nescence from the (In, Ga)P buffer layer has the 
capability of exciting the GaAs substrate and causing 
a detectable level of GaAs bandedge PL. It is diffi- 
cult to discern the origination of the detected GaAs 
bandedge PL for these ZnSe/GaAs double het- 
erostructures grown on (In, Ga)P buffer layers. Fur- 
thermore, as the GaAs well dimension is further 
reduced, no blue-shifted low temperature PL is de- 
tected from the GaAs well material. We speculate 
that for an excitonic radius of 16 nm, as the GaAs 
well dimension is reduced such that the exciton will 
begin to probe the interfaces, that the nucleating 
layer may be playing a role in prohibiting the obser- 
vation of PL for the narrow ZnSe/GaAs quantum 
wells. The nonstoichiometric conditions used during 
the formation of the nucleation layer may be a factor 
in contributing to a reduced GaAs carrier lifetime 
[11,12,15]. The presence of the mixed II-VI/III-V 
heterovalent interface, and its effect on the band 
offsets, interface state density, and interface rough- 
ness, potentially causes a local charge imbalance that 
may also affect the optical properties of thin GaAs 
QWs. Additional investigations are required to iso- 
late these two effects. Photoreflectance (PR) mea- 
surements of GaAs quantum wells grown on both 
GaAs and ZnSe substrates exhibit oscillations corre- 
sponding to the GaAs well material for well widths 
of 40 nm and 20 nm. Similar to the PL measure- 
ments, however, no PR features from the narrower 
GaAs quantum wells were observed. 

4. Summary 

In summary, the growth and characterization of 
ZnSe/GaAs single quantum well heterostructures 
have been investigated. The nucleation of GaAs on 
ZnSe, forming the inverted heterovalent interface, 
has been established using single layer MBE at a 
reduced growth temperature; microstructural analysis 
shows defect-free material at the heterointerfaces. 

Low temperature photoluminescence of the (In, 
Ga)P/GaAs heterostructure has been observed from 
the GaAs grown at the reduced temperature of 350°C. 
However, the ZnSe/GaAs single quantum well 
structures only exhibit low temperature PL when 
wide GaAs 'wells' are fabricated. At the present 
time, we believe that the nucleation layer may con- 
tribute to inhibiting the luminescence from narrow 
ZnSe/GaAs single quantum wells. A more intensive 
investigation of the ZnSe/GaAs optical properties is 
underway. In particular, pump-probe measurements 
to determine the carrier lifetime in various 
ZnSe/GaAs quantum wells and heterostructures will 
provide additional insight regarding the optical prop- 
erties and the roles of the nucleating layer and the 
heterovalent interfaces. 
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Abstract 

Photomodulation Raman spectroscopy is employed to affect and to measure the band bending at the interface of the 
heterostructure system ZnSe/GaAs. Our samples are pseudomorphic layers of undoped ZnSe (001) grown by molecular 
beam epitaxy (MBE) on undoped GaAs (001) films terminated with a 2 X 4 surface reconstruction. The interdiffusion of Zn 
(Ga) into GaAs (ZnSe) during growth produces an intrinsic band bending at the interface. The ZnSe overlayer with energy 
band gap EZn_Se = 2.67 eV offers a transparent window for the photomodulating pumping beam of photon energy EPM to 
reach the heterojunction while the Raman measurements are in progress. We observed a decrease in the Raman scattering 
intensity of LOZn_Se and an increase in the scattering intensity of LOGa_As for EPM > EZn_Se while almost the reverse 
behaviour occurred for EFM < EZn_Se. These observations are explained in terms of the presence of hole traps at this 2X4 
reconstructed interface. 

1. Introduction 

Conventional Raman scattering (RS) has been 
used extensively to study heterostructure interfaces 
of II-VI/III-V compound semiconductors systems 
[1-9]. In particular, the system ZnSe/GaAs has 
recently attracted considerable attention due to its 
exciting optoelectronic properties, most important 
among these is the blue laser action achieved in 
ZnSe [10]. The MB epitaxial growth of thin layers of 
ZnSe (energy band gap £Zn_Se = 2.67 eV) on GaAs 
(^Ga-As = 1-40 eV) results in new charge distribu- 

* Corresponding author. 

tions at the interface due to interdiffusion during 
growth and defects at the interface. The interdiffu- 
sion results in interfacial band bending both in GaAs 
and ZnSe [11]. RS is traditionally used to probe the 
resulting electric fields (Es) at the interfaces 
(Franz-Keldysh effect) employing the intensity of 
the Fröhlich LO-phonon scattering as a measure of 
such fields [3-6,9]. In these electric fields induced 
Raman scattering (EIRS), the intensity is propor- 
tional to the square of the strength of the interfacial 
electric field (£s

2), and is a direct measure of the 
change in the potential energy or band bending. 
Olego [6] used this conventional RS to determine the 
variation of the band bendings at the interface of 
doped (001) ZnSe/GaAs as a function of the thick- 
ness of the ZnSe overlayer. RS studies of the un- 
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doped heterostructure of (001) ZnSe/GaAs was also 
carried out by Talaat et al. [9] using the allowed and 
the forbidden LO Fröhlich interactions for the bulk 
and the interface investigations respectively. 

In this work, a newly developed photomodulation 
Raman scattering (PRS) is introduced to character- 
ize, and to affect the interfacial field Es. In this 
technique, a pump photomodulating beam EPM is 
incident on the sample while the RS experiment is in 
progress. The underlying mechanism of the tech- 
nique can be described as follows. The photogenerat- 
ing light beam with photon energy £PM greater than 
the band gap of the material produces electron-hole 
pairs. Some of these free carriers move towards the 
junction and are captured by the interfacial trap 
centres, thereby altering the interface charge density. 
The new interface charges will modify the band 
bending. For the heterostructure system of undoped 
ZnSe/GaAs under study, the interfacial trapped holes 
decrease the negative charge of the interface and 
decrease (increase) the band bending on the ZnSe 
(GaAs) side of the junction. Alternatively, interfacial 
trapped electrons would decrease the positive charge 
at the interfaces with a corresponding change in the 
band bending in each material, the scattering will be 
changed accordingly. This combined PRS technique 
is quite attractive since it provides a dynamic non- 
contact, non-destructive method to vary the interfa- 
cial fields. Furthermore, the method has been used in 
this work to determine the type of interfacial traps as 
will be discussed later. Experiments that combine 
photomodulation with second harmonic generation 
(SHG) were performed by Yeganeh et al. [12]. They 
employed the cross-over resonance state between the 
valence band of the ZnSe and the quantum well state 
in the GaAs as their sensitive probe of the interfacial 
parameters. The present work employs the EIRS 
intensity by the forbidden LO-phonon as the sensi- 
tive probe for these parameters. 

For our particular system of undoped ZnSe and 
undoped GaAs, it was established that Zn and Ga 
diffuse across the buried interface during the MBE 
growth processes [13]. Because Zn is an acceptor in 
GaAs and Ga is a donor in ZnSe, their diffusion 
produces an intrinsic band bending at the interface 
[14]. As a result of this band bending, an interfacial 
quantum well forms in the GaAs conduction band. In 
other words, the interdiffusion of Zn in GaAs and Ga 

in ZnSe will induce an interfacial electric field which 
results in allowing Raman scattering by the above 
mentioned forbidden LO-phonon at the interface. 
Furthermore, the thin ZnSe overlayer suffers internal 
strains due to the small lattice mismatch (0.27%) in | 
the (001) ZnSe/GaAs system [15]. Typically the 
lattice strain relaxes when the overlayer thickness 
becomes greater than some critical value, hc ~ 1500 
A for our samples [9]. The corresponding deforma- 
tion potential due to this small lattice mismatch of 
the heterojunction produces a small field at the inter- 
face. Careful computation of the shift in the band 
energy of ZnSe (due to the tetragonal distortion and 
the resulting biaxial compressive strain in the layer), 
gives maximum energy shifts of the order of 13 
meV. Hence the interfacial fields due to this lattice 
mismatch deformation potential were ignored in our 
work. 

In the PRS technique introduced here, the pho- 
toexcited electron-hole pairs generated in the deple- 
tion layer are separated by the strong interfacial 
fields. They tend to neutralize the space charge and 
thus flatten the band bending near the interface. 
Photons of energy EPM less than the band gap of 
ZnSe but larger than the band gap of GaAs, will 
produce electron-hole pairs in GaAs only with the 
electrons migrating towards the interface. On the 
other hand, photons with energies close to ZnSe 
band gap will generate electron-hole pairs in both 
ZnSe and GaAs with holes (electrons) in ZnSe 
(GaAs) migrating towards the interface. Some of 
these carriers will be trapped by charged interfacial 
defects near the junction and will modify the band 
bending. Accordingly, the change in the PRS inten- 
sity of the LO-Fröhlich interaction may indicate the 
presence as well as the character of the interfacial 
charge traps at the interface. 

2. Experimental 

The samples were grown at Bellcore, New Jersey, 
USA by molecular beam epitaxy (MBE) in a dual 
chamber Riber MBE system. Our samples consist of 
an epitaxial layer of undoped ZnSe (001) grown in a 
dual chamber MBE system [16] on a 0.5 /j.m un- 
doped GaAs (001) epitaxially film terminated with 
2X4 surface reconstructed layer. The thickness of 
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Ramanor 

Fig. 1. Schematic of PRS experiment: Sample was illuminated by 
light (APM ) from an argon laser while the Raman experiment (AR) 
was in progress. 

the ZnSe overlayer was between 215 to 1330 A. Our 
photomodulating beam was kept in the lower limits 
(<20 W/cm2) to avoid generating plasmons [17]. 
This relatively weak PM beam results in generating 

electron-hole pairs in the system. In the work re- 
ported here, we concerned ourselves with samples in 
the pseudomorphic region (dZn_Sf, <hc) where we 
were able to measure the effect at such a relatively 
low photomodulation intensity. The forbidden LO- 
phonon scattered intensities were measured in the 
parallel configuration with the polarizations of the 
incoming and scattered photons along the (010) di- 
rection. The schematic of the incident PM and RS 
beams are shown in Fig. 1. Photoexcited electron- 
hole pairs were generated in GaAs only when using 
the PM wavelength APM = 5145 A (2.41 eV) while 
photoexcited carriers were generated in ZnSe and 
GaAs when using the APM = 4579 A (2.71 eV). The 
PM beam was incident on the samples at the same 
time that the Raman measurements with AR = 4880 
A beam (2.54 eV), were in progress. All measure- 
ments were taken at room temperature. The intensity 
of the Raman excitation beam was kept at 20 W/cm2 

z(yy)z 

AR = 4880 Ä 
d^ 215 A 

ZnSe 

GaAs 

250 270 

Raman Shift 

290 310 

(cm"1 ) 

Fig. 2. First order Raman spectra for undoped ZnSe/GaAs (001) heterostructure obtained at AR = 4880 A for ZnSe layer thickness 
rfzn-se = 2154 in the z(yy)z forbidden configuration: (a) PM beam is OFF; (b) PM beam is ON (APM = 514 Ä); (c) PM beam is ON 
(APM = 4579 A). The horizontal lines indicate the background levels. 
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in all the experiments and the photoexciting beam 
APM was carefully aligned on the same scattering 
spot. This arrangement gave us the best experimental 
conditions to observe the modulation of the band 
bending. 

3. Results and discussion 

Fig. 2a shows the regular Raman spectrum ob- 
tained for the overlayer thickness of ZnSe, dZn_Se = 
215 A at AR = 4880 A. In Fig. 2b, the PRS results 
are shown for the same sample when using the PM 
beam of APM = 5145 A, while the case for PM beam 
with APM = 4579 A is shown in Fig. 2c. It can be 
seen from Fig. 2b that in case of APM =5145 A, 
there is a decrease in the forbidden LO-phonon 
Raman scattering intensity in GaAs by almost 32% 
when compared to its intensity in the absence of the 
PM beam. At the same time, there is an increase in 
the scattering intensity of ZnSe by an order of 6% 
compared to its intensity in the absence of the PM 
beam. Such spectra were only obtained when the 
intensity of the PM beam was of the same order as 
the intensity of the incident Raman beam. PRS spec- 
tra obtained using the He-Ne laser (APM = 6328 A 
of 0.5 mW) did not show any measurable change. In 
these two cases, both the PM beams as well as the 
Raman beam generate electron-hole pairs only on 
the GaAs side of the interface since they have an 
energy larger than the energy gap of GaAs. The 
generated electrons in GaAs move towards the inter- 
face whereas the generated holes move away de- 
creasing the band bending in the GaAs side. Accord- 
ingly, the forbidden LO-GaAs scattering intensity 
also decreases. As observed on the ZnSe side, the 
same effect results in the increase of the LO-ZnSe 
scattering intensity. It seems that in the case of the 
He-Ne measurements the relative increase of the 
photoexcited electron hole pairs are extremely small 
to be observed within the accuracy of our measure- 
ments. 

On the other hand, when using a PM beam with 
energy larger than the band gap of the ZnSe, APM = 
4579 A, the obtained spectra shown in Fig. 2c 
indicates a decrease in the forbidden LO-phonon 
Raman scattering intensity in ZnSe by 36%, accom- 
panied by an increase in the forbidden LO-phonon 

Raman scattering intensity in GaAs by 18% relative 
to their intensities in the absence of the PM beam. In 
this case, PM beam is responsible for generation of 
electron-hole pairs in both ZnSe and GaAs. So, in 
addition to the electrons moving towards the inter- 
face in the GaAs side, the photogenerated holes in 
ZnSe side move towards the buried interface also. 
This normally would have resulted in flattening the 
band bending and a drop in both ZnSe and GaAs 
signals would have been expected. The observation 
that there is an increase in LO-GaAs scattering inten- 
sity and a decrease in LO-ZnSe, can be explained in 
terms of the presence of hole traps at the interface. 
The presence of these traps allows the motion of the 
holes in the ZnSe side towards the buried interface 
(resulting in the net decrease in the LOZn_Se-phonon 
RS intensity as observed in Fig. 2c), and reduces the 
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Fig. 3. (a) Energy-band profile as a function of the depth for the 
ZnSe/GaAs (001) system for dz = 215 A. (b) Variation of 
the energy-band profile with photomodulation for the same sam- 
Ple^Zn-Se = 215Ä. 
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flow of electrons towards the buried interface (result- 
ing in a net increase in the LOGa_As-phonon RS 
intensity). 

The band profile of the ZnSe/GaAs was con- 
structed by solving Poisson's equation —V2(j) = 
p(z)/e, where (j>= —V(z)/e and 4>(z) is a given 
charge distribution described by a Gaussian function 
in the z direction perpendicular to the interface. On 
substituting in this equation the number density of 
the charge NGa (8.5 X 1012 cm-2) and NZn (5.1 X 
1012 cm"2) and the diffusion lengths AGa (40 A) and 
AZn (100 A) [11], the potential Viz) for the valence 
band and the conduction band is shown in Fig. (3a) 
with dZn_Se = 215 A. The potential barriers of ZnSe 
and GaAs at the buried interface of this system are 
found to be <£Zn_Se = 0.18 eV and <£Ga_As = 0.365 
eV, respectively. Poisson's equation was resolved 
after adding a positive charge to the interface to 
simulate the photomodulation effect. The resulting 
band profile is shown in Fig. 3b. There is a decrease 

in the band bending of the ZnSe and an increase in 
the band bending of the GaAs in agreement with the 
presence of hole traps at the interface. 

The Raman scattering as well as the PM Raman 
scattering spectra, where APM = 4579 A, are shown 
in Fig. 4, for the samples with varying overlayer 
thicknesses of ZnSe. The spectra follows the same 
behaviour discussed above. A complete analysis of 
the dependence of the PRS on the thickness variation 
is complicated by the oscillatory variation of the 
LO-phonon intensity resulting from the interference 
effects in the ZnSe overlayer [9]. Hence a compari- 
son of the ratio of the change in intensity of the 
LOGa_As and LOZn_Se for the same overlayer thick- 
ness were carried out when the PM beam is ON to 
the ratio when the PM beam is OFF for each thick- 
ness. Our results indicate that this ratio varied slightly 
between (1.9 to 2.3) + 0.2. This relatively constant 
ratio leads conclusion that the number of holes traps 
is independent of the thickness of the overlayer. This 
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Fig. 4. First order Raman spectra for undoped ZnSe/GaAs(001) heterostructure obtained at AR = 4880 A for different ZnSe thicknesses (1) 
rfzn-se = 215 A, (2) rfZn_Se = 650 Ä, (3) rfZn_Se = 1000 A and (4) dz„_Se = 1330 Ä. The horizontal lines indicate the background levels. 
(L.H.S. => PM beam is OFF and R.H.S. => PM beam is ON (APM = 4579 A)). 
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conclusion is consistent with the fact that these hole 
traps are formed in the first few layers of the epitax- 
ial growth of the ZnSe overlayer. 

4. Conclusion 

Photomodulation Raman scattering spectroscopy 
is introduced as a new technique to modulate the 
band bending and to affect the interfacial fields at 
the heterostructure interfaces. Using this technique, 
we were able to detect the presence of traps at the 
interface and to identify them as hole traps. Working 
with different samples of varying overlayer thick- 
nesses of ZnSe, our results indicate that the hole 
traps density is independent of the thickness of the 
ZnSe overlayer since they are mostly formed during 
the initial growth process of the first few layers. 
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Abstract 

Epitaxial layers of ZnSe were grown on GaAs(lOO) substrates using molecular beam epitaxy at a substrate temperature of 
300°C. Immediately after growth the samples were capped with thick layers of amorphous Se as a protection against 
contamination of the ZnSe surface during the exposure to air, e.g. during transport. Such samples were then investigated 
using Raman monitoring. This new technique is realised by the combination of a specially designed ultrahigh vacuum 
(UHV) chamber with a triple Raman spectrometer equipped with multichannel detection. As a result, Raman spectra can be 
taken on-line and in situ from the sample surface during desorption or deposition processes. While Raman spectra from the 
capped samples taken at room temperature show only a broad structure centred around 255 cm"1, which is characteristic for 
amorphous Se, the evolution of Raman spectra during the annealing of the samples indicates the formation of crystalline Se 
for temperatures above 100°C, as can be judged from the appearance of the well known phonon features of trigonal Se. 
Further annealing results in the complete desorption of the Se cap. Thereafter Sb was deposited on such clean ZnSe(lOO) 
surfaces. The formation of the Sb overlayer was investigated for the first time using Raman monitoring. In this case the 
on-line technique allows the so called explosive phase transition in the overlayer, i.e. from the amorphous to the crystalline 
state of Sb, to be observed without interrupting the deposition process. 

1. Introduction 

Raman spectroscopy has been demonstrated to be 
a powerful tool for the characterisation of semicon- 
ductor bulk material as well as thin films and layered 
structures [1,2]. Raman scattering is also often used 
to investigate the effect of surface modifications, e.g. 
deposition or desorption of material. This is usually 
done by taking Raman spectra from the sample at 

Corresponding author. Tel.:   +49-371-5313036; fax:   + 49- 
371-5313060; e-mail: drews@physik.tu-chemnitz.de. 

various stages of the process, which is normally 
interrupted for this purpose. Furthermore, such inter- 
ruptions are very often accompanied by a change of 
external parameters, e.g. sample temperature. Obvi- 
ously it is desirable to avoid such interruptions and 
take spectra on-line. 

In this paper Raman measurements were carried 
out on-line and in situ during the thermal desorption 
of selenium from ZnSe(100) without any interruption 
of the annealing process and subsequent antimony 
deposition. ZnSe is one of the most promising II-VI 
materials for an application in opto-electronic de- 
vices operating in the green-blue part of the visible 
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spectrum [3,4]. Se had been deposited onto the 
ZnSe(lOO) surface immediately after the molecular 
beam epitaxial (MBE) growth of the ZnSe layer on 
GaAs(lOO) as a protective layer against surface con- 
tamination during exposure to air. Analogous proce- 
dures are carried out e.g. for GaAs MBE grown 
layers using As capping [6]. This first Raman moni- 
toring study of the Se decapping process reveals the 
transition of the initially amorphous Se cap to a 
crystalline state at about 100°C followed by the 
complete desorption of the cap. 

Thereafter the deposition of antimony on such 
clean ZnSe(lOO) surfaces was monitored. This study 
is thus complementing previous investigations of Sb 
adsorption on clean III-V surfaces [5]. The evolution 
of Raman spectra indicates, that the Sb layer stays 
amorphous up to a layer thickness of 13.5 nm but 
then undergoes an explosive, i.e. abrupt, crystalliza- 
tion process to the trigonal phase. 

Sb was evaporated from a Knudsen cell as oven. 
The Sb evaporation rate was controlled by means of 
a quartz crystal microbalance. 

The 1.83 eV (676.5 nm) emission line of a Kr+ 

ion laser or the 2.41 eV (514.5 nm) emission line of 
an Ar+ ion laser was used for excitation, the mono- 
chromator slits were set for a resolution of 2.4 cm-1 

and 4.6 cm"1, respectively. The laser beam (P < 20 
mW) was focused to a spot of about 100 jitm in 
diameter on the sample surface. All Raman spectra 
were recorded in a backscattering geometry, the 
polarization of the incident light was always parallel 
to the [Oil] direction of the substrate. No analyzer 
was employed for the scattered light. A triple mono- 
chromator Raman system (Dilor XY) equipped with 
a CCD camera for multichannel detection was used 
in combination with the specially designed UHV 
chamber. A detailed description of this set-up is 
given elsewhere [8]. 

2. Experimental 3. Results and discussion 

ZnSe layers of typical thickness 1 /xm were grown 
at the Physics department of the University of Wales 
College of Cardiff on GaAs(lOO) by molecular beam 
epitaxy (MBE) at a substrate temperature of 300°C 
using an atomic flux (VI/II)-ratio of 1.25 :1. At the 
end of the ZnSe growth the substrate heater was 
turned off and both the Zn and the Se sources were 
closed. After about 10 min the Se source was opened 
again for the deposition of the Se cap, and the 
sample was cooled down to room temperature (RT) 
under the continuous Se flux. As judged from cross- 
sectional transmission electron microscope images 
and Dektac measurements a Se capping layer of 
approximately 0.5 to 1 /xm was found to be present 
on the surface. 

After transport to Chemnitz the samples were 
placed in an UHV chamber. For the desorption of the 
Se cap the sample holder was heated by a resistive 
heater assembly, and its temperature was measured 
by a thermocouple. The true temperature of the 
sample surface, however, was derived from the shift 
of the GaAs longitudinal optical (LO) phonon peak 
position in the Raman spectra. Previous calibration 
measurements had revealed a constant shift of 1.8 
cm-'/lOOT between RT and 500°C. 

Fig. 1 shows the evolution of Raman spectra 
taken from the Se capped sample during the anneal- 
ing process. In this case the 1.83 eV line was used 
for excitation in order to take advantage from reso- 
nant Raman scattering [7]. The spectrum in front 
taken at RT displays mainly a broad structure cen- 
tred around 250 cm-1, which is caused by scattering 
from amorphous Se and basically representing the 
phonon density of states [9]. The appearance of the 
shoulder at the lower energy side of the broad struc- 
ture indicates that a certain amount of crystalline Se 
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Fig. 1. Series of Raman spectra taken successively during the 
annealing of Se on ZnSe(100) up to 200°C; incident polarization 
parallel to [011] direction of the substrate. £ex = 1.83 eV. 
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is likely to be present within the analyzed area of the 
cap. The small peak at 291 cm-1 is assigned to 
scattering from the longitudinal optical (LO) mode 
of the GaAs substrate. This structure is observable 
despite the ZnSe layer, since the excitation energy 
(1.83 eV) is far below the bandgap of ZnSe (2.7 eV 
at RT), therefore the ZnSe is completely transparent 
while GaAs substrate is opaque. Raman scattering of 
ZnSe is thus extremely out off resonance and no 
ZnSe LO peak at about 250 cm"1 is observable. 

While the sample temperature is slowly increased, 
the Raman spectrum does not change significantly 
up to about 80°C. Further increase of the temperature 
changes the spectra drastically as can more clearly 
be seen from Fig. 2. The broad structure vanishes 
rapidly and a new feature consisting of two peaks at 
233 cm-1 and 237 cm"1 appears. These peaks can 
be assigned to scattering from the E and A, mode, 
respectively, of trigonal Se [9]. They are shifted with 
respect to the broad feature at around 250 cm-1 

owing to the nature of the phonon dispersion of Se 
[9]. Thus the Raman spectra reveal the phase transi- 
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Fig. 2. Individual Raman spectra of Fig. 1 at different tempera- 
tures showing the phase transition from the amorphous to the 
crystalline state and the subsequent desorption. For the spectrum 
at 110°C the curve fitting of the A,, E modes are inserted. 

tion of the amorphous Se cap to a crystalline state in 
the temperature range 80-100°C. Upon further an- 
nealing the features of the trigonal Se also decrease 
in intensity and vanish at a temperature of 150°C 
indicating the complete desorption of the Se cap. In 
this region the GaAs LO feature is hardly visible. 
Due to linear dependence of the thermal frequency 
shift the sample temperature can still be determined 
by an extrapolation of lower and higher temperature 
spectra. 

The phase transition of Se is accompanied by an 
increase of the background in the Raman spectra (see 
Fig. 1) caused by elastically scattered light from the 
sample surface. This is interpreted as a surface 
roughening during the crystallization. After Se des- 
orption, however, the background decreases to a 
level lower than in the initial spectrum at RT, indi- 
cating a very smooth surface. 

After the sample had cooled down to room tem- 
perature again, Sb was deposited onto the ZnSe 
surface and now the deposition process was moni- 
tored by Raman scattering. In this case the 2.41 eV 
emission line of an Ar+ laser was used for excita- 
tion, since this energy is close to the electron inter- 
band transition of Sb [7], so again signal enhance- 
ment due to resonant Raman scattering is anticipated. 
Fig. 3 shows the evolution of Raman spectra as a 
function of deposition time. The spectrum in the 
front corresponds to the clean ZnSe surface and is 
featureless in the displayed range. However, scatter- 
ing from the LO modes of ZnSe and GaAs can be 
observed at 252 cm-1 and 291 cm-1, respectively. 
During the Sb deposition a broad structure centred 
around 145 cm-1 appears in the Raman spectra 
which is characteristic for amorphous Sb. Simultane- 
ously the intensity of the ZnSe and GaAs peaks 
decreases due to the absorption of light in the Sb 
layer. The dependence of the intensities of the GaAs 
and the ZnSe LO mode on deposition time was fitted 
to an exponential decay as shown in the insert in Fig. 
3. From this decay the deposition rate of the Sb layer 
was determined to be about 3.0 nm/h using an 
absorption coefficient of 8.97 X 105 cm-1, which 
was calculated from the optical data given by Aspnes 
and Studna for polycrystalline Sb [10]. 

As can be seen from Fig. 3, only amorphous Sb is 
formed on the ZnSe during the first stage of the 
deposition process, but at a certain layer thickness 
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Fig. 3. Series of Raman spectra taken successively during the deposition of Sb on ZnSe(100) at room temperature. The insert shows the 
exponential decrease of the scattering intensity of the LO modes of the GaAs substrate and the ZnSe layer, from which the Sb growth rate 
was calculated to be 3.0 nm/h. 

the Raman spectra change suddenly. Two new peaks 
appear at 117 cm-1 and 155 cm-1, which are as- 
signed to scattering by the E and A, phonon 
modes of trigonal Sb [11]. The critical thickness for 
this crystallization is 13.5 nm as calculated using the 
growth rate mentioned above. This critical thickness 
is larger than for Sb on GaAs(llO) [12] but it is in a 
good agreement with the crystallisation of Sb at 15 
nm on different other amorphous and crystalline 
substrates  [13,14].  The  slight deviation from the 

100 150 200 

Raman Shift / cm" 

Fig. 4. Individual Raman spectra of Sb on ZnSe(100) at a layer 
thicknesses near 13.5 nm showing the explosive phase transition 
from the initially amorphous (lowest curve) to the crystalline state. 
The three spectra cover a time interval of three minutes and a 
thickness variation of 0.15 nm. 

critical thickness mentioned above could be explain- 
able by a minor influence of the laser during Raman 
monitoring as judged from Raman spectra taken 
from spots which were not continuously irradiated 
during deposition. There the crystallisation was found 
to be delayed. The transition from the amorphous to 
the trigonal phase happens on a much shorter 
timescale than the deposition process as can be seen 
from Fig. 4. Here Raman spectra successively taken 
during the deposition near the critical thickness are 
displayed. The integration time for each spectrum is 
60 s, so the spectra cover a time interval of three 
minutes. This corresponds to a change of thickness 
about 0.15 nm during the crystallization. To our 
knowledge this is the first time that this explosive 
phase transition during the deposition of Sb on ZnSe 
is observed on-line using Raman spectroscopy. 

4. Summary 

Raman spectroscopy was used to investigate the 
thermal desorption of an amorphous Se capping layer 
on MBE-grown ZnSe/GaAs(100). For this purpose 
Raman spectra were recorded continuously from the 
sample surface during the annealing process. The 
spectra reveal the crystallization of the initially 
amorphous Se at temperatures above 80°C and the 
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complete desorption of the cap at 150°C. Sb was 
deposited onto such a clean ZnSe surface at room 
temperature. The Sb layer was found to be amor- 
phous up to a layer thickness of 13.5 nm, where the 
explosive phase transition to the trigonal phase was 
observed. 
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Abstract 

We present the results of ab initio DFT-LDA pseudopotential calculations of structural and electronic properties of 
heterocrystalline combinations of cubic and hexagonal SiC, which are chemically identical but structurally different 
materials. The structural rearrangement of atoms along the hexagonal axis at the interface is taken into account. The 
resulting superlattices possess indirect gaps which are smaller than the presently known smallest one of 3C-SiC. The 
relationship of electron or hole confinement and polytype arrangement is explicitly derived for a zinc-blende/wurtzite 
combination. The existence of electronic interface states is carefully studied. 

1. Introduction 

One of the most fascinating properties of the 
group IV compound silicon carbide (SiC) is its poly- 
typism. Up to now, more than 200 different crys- 
talline modifications are known. The two most ex- 
treme polytypes are zinc blende (3C) with pure cubic 
stacking of the Si-C double layers in [111] direction 
and wurtzite (2H) with pure hexagonal stacking in 
[0001] direction. The stacking of bilayers in a unit 
cell is commonly described by ABC for zinc-blende 
and AB for wurtzite. The other polytypes represent 
combinations of these stacking sequences. The pure 
polytypes lie very close together in energy and pos- 
sess similar lattice constants. For example, the most 
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common polytypes 3C, 6H, 4H, and 2H differ only 
by about 3 raA in the lattice constant a. On the other 
hand, the electronic structures of the polytypes are 
rather different. Zinc-blende 3C-SiC is characterized 
by the smallest indirect energy gap of 2.390 eV, 
whereas the hexagonal polytypes exhibit gaps be- 
tween 3.023 eV (6H) and 3.330 eV (2H) [1]. 

Meanwhile, it seems to be possible to grow crys- 
talline SiC layers of different polytypes by means of 
molecular-beam epitaxy (MBE) applying different 
gas or solid sources [2-4]. As theoretical and experi- 
mental studies of semiconductor heterosystems con- 
sisting of two chemically inequivalent components 
have shown, the electronic structure changes drasti- 
cally in comparison with that of the pure materials. 
Therefore the question arises, how structural symme- 
try changes will affect the electronic properties of 
such heterocrystalline SiC-systems. As a conse- 
quence the localization of electrons and holes at the 
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interfaces and in different space regions of the hete- 
rocrystalline compound has to be discussed. 

2. Calculational details 

We study heterocrystalline combinations of zinc- 
blende 3C and hexagonal 2H. The self-consistent 
calculations are performed using density functional 
theory (DFT) in the local density approximation 
(LDA) and norm-conserving ab initio pseudopoten- 
tials. A more detailed description can be found in 
Refs. [5,6]. As basis set we use plane waves with a 
relatively small energy cutoff of 34 Ry. For that 
purpose we have derived a softened carbon pseu- 
dopotential. In a previous paper [7], we have clearly 
shown that an energy cutoff of 34 Ry is sufficient for 
the convergency of the physical quantities we are 
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Fig. 1. Schematic representation of the 18H unit cells of the 
superlattices under consideration. The zig-zag chain structures 
indicate the positions of Si (open circles) and C (filled circles) 
atoms. All atoms are located in the (1120) plane. The different 
(1100) planes within the unit cells are denoted by A, B, and C to 
make obvious the stacking sequences. 

interested in. The ^-integration is replaced by a 
summation over six Chadi-Cohen special points in 
the irreducible part of the BZ. The self-consistent 
numerical calculations are performed by means of 
the computer code fhi93cp [8]. Explicitly the su- 
perlattices (3C)4)(2H)3 and (3C)2(2H)6 — each con- 
taining 18 bilayers and therefore represented in an 
18H supercell — are studied, and additionally a test 
calculation with a larger (3C)6(2H)6 structure (in a 
30H superlattice) has been performed. The stacking 
patterns of the smaller structures are represented in 
Fig. 1. 

The calculations for the pure polytypes [6,9] have 
shown that the different polytypes match rather per- 
fectly in the [111-0001] direction within values 
smaller than 0.1%. As a first step we therefore 
replace the hexagonal lattice constants a and c by 
their weighted average values (a = 3.033 A, c = 
31.553 A for (3C)4(2H)3 and a = 3.032 A, c = 
31.565 A for (3C)2(2H)6). The starting atomic posi- 
tions are taken from the ideal polytype geometries, 
and the atomic coordinates are optimized until the 
Hellmann-Feynman forces resulting in the hetero- 
crystalline interfaces parallel to the c-axis vanish. 

3. Results 

The relative energetic stability of the superlattices 
is derived from their total energies. The energetically 
more favourable superlattice structure is (3C)4(2H)3. 
However, the energy variations are extremely small 
as known from the natural polytypes [6,9]. Compar- 
ing with a zinc-blende structure, for calculating pur- 
poses represented also within the 18H unit cell (a = 
3.034 A, c = 31.541 A) we find energy differences 
per Si-C pair of -5.2 meV ((3C)2(2H)6) and -6.6 
meV ((3C)4(2H)3). Despite the interface relaxation 
effects the relative distances between the total energy 
differences follow directly the results for the individ- 
ual polytypes. The energies of the heterocrystalline 
structures are somewhat lower than the results ex- 
pected from those for the polytypes [6]. These find- 
ings are not yet understood. Two reasons might be 
the increased number of atomic degrees of freedom 
due to the reduced symmetry and interface relaxation 
effects. 
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Fig. 2. DFT—LDA band structures of the considered superlattices 
versus high-symmetry lines in the 18H Brillouin zone (a) 
(3C)2(2H)6, and (b) (3C)4(2H),. 

Instead of the space group Cgv (P63mc) of the 
hexagonal polytypes only C3v is relevant. The actual 
atomic displacements depend on the stacking se- 
quence, the interfaces are inequivalent: The two 
Si-C bonds around the interface 3C -» 2H (cf. upper 
part of Fig. 1) possess lengths increased by 10 to 20 
mA. On the other hand, the bonds in the interface 
2H -»3C (cf. lower part of Fig. 1) remain rather 
unchanged due to the continuation of the Si-C bond 
chains within the lateral extent of the unit cell. Inside 
the material layers, the atomic displacements parallel 
to the c-axis are negligible. 

We have also calculated the DFT-LDA bandstruc- 
tures of the two smaller combinations. They are 
represented in Fig. 2 versus high-symmetry lines 
within the hexagonal BZ. The top of the valence 
band (bottom of the conduction band) is located at 
the T (M) point. The same holds for the (3C)6(2H)6 

combination, not displayed here. 
The location of the band extrema may be under- 

stood in terms of the underlying bulk band struc- 
tures. The valence-band maximum in all polytypes is 
located at the T point. The lowest conduction band 

minimum occurs in the 3C band structure at the M 
point when it is represented within the BZ of a 3H 
structure [5,10]. In the wurtzite 2H case the conduc- 
tion band minimum appears at K. The lowest con- 
duction band minimum in 2H is by about 1 eV 
higher in energy than that in 3C [5,10]. Conse- 
quently, the M minima of the superlattices should 
mainly arise from states localized in the cubic poly- 
type. 

From our previous work [5] we would expect the 
combinations to behave as type-II heterostructures, 
i.e. a reduction of the gap energy compared to the 
zinc-blende structure, a localization of electrons and 
holes in different space regions of the structure, and 
possibly the appearance of interface states. The indi- 
rect energy gaps of 1.09 eV ((3C)2(2H)6)), 0.75 eV 
((3C)4(2H)3)) and 0.86 eV ((3C)6(2H)6)) are in any 
case smaller than the smallest energy gap in a natu- 
rally occurring polytype, the zinc blende 3C-SiC, 
where the DFT-LDA value amounts to 1.27 eV. The 
reduction is much larger than the valence-band offset 
of 0.13 eV estimated for 3C/2H [5,10] taking into 
account only the asymptotics of the pseudopotentials. 
Therefore the valence-band portion of the total-gap 
dicontinuity is larger in real structures. This can be 
explained in terms of a charge transfer from 3C to 
2H at the interfaces during the self-consistency pro- 
cedure. The resulting interface dipole is accompanied 
by a step-like potential, which changes the position 
of the electrostatic potential and therefore the ratio of 
the conduction-band and valence-band discontinu- 
ities. Comparing the average values of these poten- 
tials in the corresponding parts of the heterostructure, 
we find the average value for the 3C-part to be lower 
by approximately 0.56 eV ((3C)4(2H)3)), 0.25 eV 
((3C)2(2H)6)) and 0.03 eV ((3C)6(2H)6)) than the 
average for the 2H-part. In the first two cases, this 
matches mainly the diminuation of the band gap, 
whereas it could not be the explanation for the small 
gap in the larger structure. In the latter case the 
averaged electrostatic potential behaves more saw- 
tooth-like and the interface-state character of the 
band edges increases. Such a behaviour is expected 
due to the different polarizations of the components 
(where 3C shows no polarization, by symmetry, and 
2H possesses a static dipole moment). 

Finally, we study the localization of the Bloch 
wave functions for the lowest conduction band and 



P. Käckell, F. Bechstedt / Applied Surface Science 104/105 (1996) 490-494 493 

the highest valence band. In Fig. 3 the localization 
for the lowest conduction band at M as well as the 
highest valence band at T is represented for the two 
smaller structures along the extent of a unit cell 
parallel to the c-axis. In Fig. 4 the same is shown for 
the (3C)6(2H)6 structure. Fig. 3 clearly confirms the 
type-II character of the structure resulting for the 
(3C)4(2H)3 combination. The lowest conduction-band 
state at M is actually essentially localized in the 3C 
material with pure cubic stacking. The electrons are 
confined to the cubic part of the supercell. On the 
other hand, the highest valence state at T is localized 
in the hexagonally stacked 2H-like region of the unit 
cell. Consequently holes should appear in the hexag- 
onal layers. We have to mention that after increase 
of the hexagonal character of the heterocrystalline 
structure in the (3C)2(2H)6, the lowest conduction 
band state is localized within 2H-like layers as a 
consequence of the particle-in-the-box effect in the 
3C material, which pushes the 3C-like layers towards 
higher energies. If we enlarge the regions of each 
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Fig. 4. Squared wave functions of the lowest conduction band 
state at M as well as of the highest valence band at F for a 
(3C)6(2H)6 superlattice. 
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Fig. 3. Squared wave functions of the lowest conduction band 
state at M as well as of the highest valence band at T for 
(3C)4(2H), (solid line) and (3C)2(2H)6 (dashed line) superlattices. 
In order to have an impression of the localization of electrons and 
holes, the probabilities are integrated over the plane perpendicular 
to the growth direction. The position of Si and C atoms are 
indicated by vertical ticks. The vertical lines separate the 3C and 
2H regions. 

polytype, as done in the (3C)6(2H)6 combination, 
this effect vanishes and the type-II character is again 
stabilized. Moreover, the states at CBM and VBM 
can be interpreted as interface states, since they are 
mainly localized in one of the two interfaces and 
decay towards the bulk polytype regions. Fig. 4 
exhibits clearly the localization of the highest occu- 
pied (lowest unoccupied) rvBM (MCBM) state in the 
interface 2H -> 3C (3C -» 2H). This corresponds to 
the maximum (minimum) of the saw-tooth-like po- 
tential. 

4. Conclusions 

In summary, we have found that the arrangement 
of different natural polytypes gives 'heterostructure- 
like' materials with novel properties. We predict 
them to have electronic properties of type-II het- 
erostructures: The gap is not only indirect in fc-space 
but also in real space. For the larger 30H-super- 
lattice, the existence of interface states could be 
derived. Because of the present dramatic progress in 
the homoepitaxial growth of SiC far from the equi- 
librium we expect an experimental realization of the 



494 P. Käckell, F. Bechstedt / Applied Surface Science 104/105 (1996) 490-494 

predicted heterocrystalline SiC structures made by 
different poly types. Owing to resulting perfect inter- 
faces without any alloying effect, interesting physical 
and technological applications are possible. 
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Abstract 

In the early stages of highly mismatched heteroepitaxy (e.g. for InAs deposited on GaAs) self assembled dots (SAD) with 
a sharp distribution in sizes appear as soon as the coverage exceeds a critical value. We show that this phenomenon is 
determined by the preliminary growth of 2D platelets which act as precursors for the formation of 3D coherent islands. The 
argumentation is based on a total energy calculation using a valence force field approach for the elastic part (including 
dimers), the residual surface contribution (dangling bonds) being added separately. It is demonstrated that the existence of a 
critical coverage is related to the interaction between platelets. The proposed mechanism provides an appealing explanation 
for the fairly good calibration of the observed 3D islands. Moreover, our description appears to give the right order of 
magnitude for the 2D platelets size, the early quantum dots size, the width of the Gaussian distribution, the magnitude of the 
critical coverage, and finally the fact that such a phenomenon is not observed at lower values of the mismatch. 

1. Introduction 

Highly mismatched heteroepitaxy can lead, in its 
early stages, to the formation of SAD [1,2]. Such 
objects are very attractive and recent studies of their 
physical properties have been reported [3-5]. For 
several III-V highly mismatched systems [1,2] such 
as InAs/GaAs, but also in case of intermediate 
mismatches [6,7] these islands appear to be disloca- 
tion free (coherent islands) similarly to what has 
been earlier established by Eaglesham and Cerullo 
for the growth of Ge on Si [8]. The nucleation of 
these SAD is governed by a few main features: 
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• existence of a critical coverage below which 
growth is purely 2D and beyond which one ob- 
serves islands; 

• abrupt 2D-3D transition as the observed islands 
directly have a minimal size (one does not ob- 
serve very small islands which would slowly 
grow up to reach an optimal size); 

• at the very early stages of 3D islands formation, 
they appear to be well calibrated in size (and 
shape). 
Here we want to address two questions: (i) the 

physical origin of the critical coverage, and how it is 
defined, (ii) what nucleation process can produce 
such a sharp calibration. 

Up to now the theoretical attempts to describe the 
2D-3D transition mainly consider pure 3D growth 
[9-13]. Such studies have shown that large enough 
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coherent islands are more stable than a purely 2D 
pseudomorphic layer and that, for a given amount of 
deposited material, the most stable islands are the 
largest ones. As will be shown below, this situation 
should lead to an island size distribution much larger 
than what has been recently observed [2,14]. In the 
following, we want to emphasize the role played by 
2D platelets which occur in the early stage of the 
deposition of the second layer for In As on GaAs. We 
shall see that these platelets can reach an equilibrium 
distribution governed by Boltzmann statistics. For 
this, we assume that the surface diffusion is fast 
enough for these platelets to reach an equilibrium 
distribution and we show from total energy calcula- 
tions that this distribution is narrow, in agreement 
with experiment. 

2. Distribution law at thermal equilibrium 

Let us first discuss the characteristics of such an 
equilibrium distribution for a given constant cover- 
age 9. We then consider quite generally an ensemble 
of non-interacting platelets. We take them to have an 
identical shape and label D;, the platelet containing n 
atoms, with total energy E(n). We assume that 
thermal equilibrium can be reached and want to 
determine the corresponding distribution in sizes. We 
can get it, for instance, from the reaction: 

D^D^+D,. (1) 

In the limit where the platelets are distant and 
non-interacting, one can apply the law of mass action 
to get the concentration c„ = Af„/Afs (where Nn is the 
number of platelets D„, and Ns is the number of 
surface sites): 

c„ = c„_1c1exp- 
(E(n)-E(zz-l)-£(!)) 

kT 
(2) 

or, equivalently, defining the chemical potential yu. as 
E(\) + kTln(Cl), 

cn = exp 
n( ji — e(n)) 

KT 
(3) 

where s(n) = E(n)/n is the energy per atom in the 
platelet which is the basic quantity determining the 

equilibrium, and in the following referred to as the 
reduced energy. It is important to emphasize that 
physically meaningful values are obtained from Eq. 
(3) only if p. < e(n) for any value of n. In fact, the 
physically interesting case where one can reach equi- 
librium is when s(n) has an absolute minimum sm 

at the value n = nm. In this case the physical condi- 
tion c„ <K 1 requires /A < em. Then, in the limit 
T -» 0 one will get fi -> sm and the system is charac- 
terized by an infinitely sharp distribution of identical 
platelets of size nm. If T increases then /i is lowered 
and the distribution is broadened. As long as it 
remains sufficiently narrow we can expand n( /x — 
e{nf) in Eq. (3) to second order around its maximum 
at n = nM which differs from nm. This leads, for c„, 
to a Gaussian distribution: 

exp 
./M 

IT 
exp 

2kTl (4) 

where /" is the second derivative of n{jjb — e(n)) 
taken at n = nM and 

/M = "M(/
A
-

£
("M))- (5) 

The value of the chemical potential /x (and conse- 
quently of /M), is determined by the total number of 
particles, i.e. by writing that the coverage 6 is equal 
to the number of wetting layers w plus the integral 
over n of ncn. This gives 

27TkT       [fw 
lrTexpl^. (6) 

Of course the validity of this formulation depends on 
the fact that the Gaussian is narrow. The relevant 
quantity for this is the halfwidth at half maximum 
A« which is given by 

A« 
lAkT 1/2 

(7) 

If  An/nM <K 1,  then  the  above  expansion  is 
meaningful. 

3. Pure 3D growth 

Before applying this to platelets, let us consider 
first the case of separated 3D islands. The competing 
phenomenons which govern the coherent 3D growth 



C. Priester, M. Lannoo/Applied Surface Science 104/105(1996)495-501 497 

mechanisms are (i) extra surface energy and (ii) a 
better elastic relaxation when the island grows. From 
this balance results an optimal shape for the islands. 
The reduced energy for a system made of a periodic 
array of pyramidal islands deposited on a substrate, 
with eventually a wetting layer can be split into 3 
parts: the purely elastic reduced energy of the corre- 
sponding isolated islands, the reduced interaction 
between the islands spaced by d, and the surface 
reduced energy. A careful study of the interaction' 
between islands versus their spacing shows that it 
decreases as <Tl. 

For large enough islands we can make use of 
arguments derived from continuous elasticity theory 
which allows us to write quite generally 

s{n) = spfi-At+A,n-l/3+ B-n/£ (8) 

or, equivalently, as the ratio n/d2 is fixed by the 
coverage 

s(n) = etK-AI + A}in-,/3+Ain-i/2 (9) 

where £ps is the energy per atom of the correspond- 
ing pseudomorphic layer, the last three terms de- 
scribing respectively the relaxation, surface and in- 
teraction energies, Ar, As and A; being three posi- 
tive constants, only At depending on the coverage. 
s(n) is a continuously decreasing function and, if 
one neglects interactions between islands, one recov- 
ers the function encountered in the usual form of 
nucleation theory [16]. The corresponding total en- 
ergy ne(n) reaches a maximum at a critical size 
n" = (3As/2 A,.)3. The evolution of the system is 
that the islands which have reached this critical size 
tend to grow indefinitely since their energy continu- 
ously decreases. However, at constant 8 this ten- 
dency is limited by the depletion in the concentration 
c, of the monomers, a phenomenon called Oswald 
ripening [15]. The corresponding time evolution of 
the size distribution has been calculated for epitaxial 
growth in Ref. [12] extending the bulk theory of Ref. 
[15]. The distribution in sizes is found to be broader 
than the experimental one for InAs on GaAs [2,14] 
and is also strongly asymmetric, contrary to what is 
observed. 

To check the applicability of Eq. (9), we have 
performed a microscopic calculation of the total 
energy of these islands. We have studied a periodic 
array of pyramidal islands, limited by [104] planes, 

over a one monolayer thick wetting layer deposited 
on GaAs. The microscopic elastic energy is treated 
within a valence force field approach, more precisely 
the Keating model for the present calculation. As 
regards the surface contribution, the [104] planes are 
treated as [100] terraces separated by steps. We then 
allow for dimerization and treat the dimers bonds as 
distorted normal bonds, again by the Keating model 
(which we have adjusted to reproduce the As-As 
natural bond length equal to 2.5 A, the experimental 
value in elemental As). We are then left with surface 
atoms possessing one dangling bond to which we 
assign a positive formation energy sdb. In the follow- 
ing sdh ~ 0.3 eV which is a reasonable value for 
reasons discussed elsewhere [17]. 

The method described above (details can be found 
in Ref. [ 18]) can thus be applied to the calculation of 
the relaxation energy. Its advantage is that it allows 
to treat up to 106 atoms in the periodic cell. The 
stable atomic positions are computed via a conjugate 
gradients method. We have calculated the reduced 
energy s(n) versus the size of the islands for a 
coverage 0 between 1 and 2 monolayers (where the 
first monolayer corresponds to the wetting layer, the 
useful coverage for building the islands being thus 
0-1). We have found that, at n greater than 1000 
atoms, e(n) does not depend on the coverage. This 
means that the islands become distant enough for 
their interaction to become negligible and also that 
the classical elasticity expression given by Eq. (9) 
becomes valid. Deviations for smaller islands are 
observed, with the eventual existence of a barrier, 
but this occurs only when the islands begin to over- 
lap. We can thus safely conclude that these calcula- 
tions confirm our previous conclusion that direct 
formation of 3D islands cannot explain the observed 
narrow distribution in sizes and the existence of a 
critical coverage. This leads us to consider now the 
formation of 2D platelets. 

4. 2D platelets 

Obviously the beginning of the formation of the 
first monolayer following the wetting layer corre- 
sponds to the growth of 1 ML high platelets. The 
interesting issue is to see if these platelets can reach 
a stable equilibrium distribution and if this is stable 
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Fig. 1. Evidence for interactions between platelets: reduced energy 
variations (in meV per atom) for an InAs square platelet deposited 
on a GaAs substrate versus the platelet size (in atoms), for varying 
spacing between platelets, referred to the corresponding ideally 
flat reduced energy (horizontal full line), 'do' is the distance 
between two substrate atoms along the 110 and 110 directions 
parallel to the square sides. The dangling bond energy cost is 0.3 
eV. Within this range of island sizes, all curves corresponding to 
platelets separated by more than 60 'do' are identical. 

against formation of 3D islands. As a preliminary 
analysis, let us again present the result of classical 
elasticity theory. As shown by Tersoff and Tromp 
[10], the reduced energy s(n) of non-interacting 
square platelets can be written in this limit: 

s(n) Sps-' (10) 

where, again, the last two terms represent the relax- 
ation and linear tension energies, Br and ßs being 
positive. 

Such an expression has a minimum and one is in 
the interesting situation where, if equilibrium can be 
reached, then the size distribution of the platelets 
will take the Gaussian form of Eq. (4). However 
several factors can modify s(n) from its ideal form 
(Eq. (10)) like deviations from continuous elasticity 
and interactions between islands. Furthermore the 
constants Br and Bs have to be determined. For 
these reasons, we have performed a microscopic 
calculation for square platelets as described above. 
Fig. 1 shows the results of such a computation for 
the reduced energy e(n) per atom in each platelet 
versus platelet size (i.e. n), and this for different 
distances between the platelets, i.e. varying cover- 

ages. It is seen that the full line corresponding to Eq. 
(10) provides the correct behavior for large distances 
between neighboring platelets and that the interac- 
tions between platelets become important at small 
distances. One major result of these calculations is 
that when 0 < 1.4 ML the interactions between 
platelets can be neglected. 

When varying the cost in dangling bond energy 
edb we find, as anticipated from Eq. (10), that there 
is always a minimum at n = nm which is displaced 
towards larger nm when sdb is increased since this 
corresponds to larger values of the constant ßs. On 
the other hand an increase in coverage results in a 
repulsive interaction between the platelets which cor- 
responds to adding a repulsive term in Eq. (10), 
thereby displacing nm to larger values as found 
numerically. For coverages 0<1.4 this repulsive 
interaction is negligible so that Eq. (10) becomes 
valid, our calculation providing a unique value of Br 

equal to 60 meV, Bs depending linearly on sdb. For 
sdb = 0.3 eV, the minimum of s(n) occurs at nm ~ 
26000 atoms. One can thus make use of Eq. (6) to 
get nM, f" and A« as a function of the temperature. 
At a typical growth temperature (i.e. 500°C) one gets 
a Gaussian centered around 10500 atoms and a value 
of An/nM = 33%. For lower temperatures nM shifts 
towards nm and, as can be seen on Eq. (4), the 
distribution sharpens. These values are very sensitive 
to the dangling bond energy: when it increases, the 
maximum of the Gaussian is shifted towards larger 
nM, and the distribution is also sharpened. Let us 
now consider the relation of this result to the growth 
of 3D islands. This can be done by consideration of 
the curves plotted on Fig. 2 which shows the reduced 
energy s(n) versus n both for 2D and 3D islands. 
We have considered two values of the coverage: 
0=1.4 for which the 2D platelets do not interact, 
and 0=1.8 for which their interaction becomes 
important, which shifts nm to larger values. We have 
also reported on Fig. 2 the distribution of 2D platelets 
for a temperature of 500°C. We do not treat here in 
detail the deposition of the first monolayer since this 
is a wetting layer whose origin can be explained in 
terms of surface and interface energies. After com- 
pletion of this layer the first atoms which are de- 
posited tend to form 2D platelets whose size is 
determined by the number of atoms deposited in an 
area defined by the diffusion length. This can be 
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island size (atoms)   *104 

Fig. 2. Representation of the relative variations of 3D (full line) 
and 2D (dotted and dashed lines) reduced energy curves versus 
the number of atoms in the island, referred to the corresponding 
ideally flat reduced energy (horizontal full line). The 2D dashed 
line corresponds to a coverage lower than the critical coverage, 
and the 2D dotted line to a coverage greater than the critical 
coverage (see text). The 3D curve does not depend on the 
coverage. The chain-dotted curve gives the size distribution for 
2D platelets at 500°C. 

deduced from Fig. 2 which shows that, for small 
sizes, the 2D platelets are more stable than the 3D 
islands in such a way that the first 'objects' on the 
surface are small platelets like those observed in 
homoepitaxy. As the coverage increases, these 
platelets grow as they keep more stable than 3D 
islands until they reach their optimal distribution 
centered on nM (which depends on the temperature, 
contrarily to nm which is indicated by an arrow in 
Fig. 2). As long as nM is smaller than the crossing 
point where 3D islands become more stable than the 
platelets, the growth mode keeps 2D, and one gets a 
Gaussian distribution of platelets centered on nM. 
This will remain true as long as the platelets do not 
interact, i.e. when 1.0 < 6 < 1.4. In this regime, the 
density of such platelets will then simply increase. 
However when 6 becomes larger than 1.4, the aver- 
age distance between platelets becomes small enough 
for them to interact with the consequence that s(n) 
becomes less stable and its minimum nm is displaced 
to larger values as shown on Fig. 2 for 6 = 1.8. As 
the slope of s(n) for 3D islands is much larger, 
there exists a critical coverage 0C at which the 3D 
islands become more stable than the platelets. In the 
case of Fig. 2, this critical coverage will occur at 
6C ~ 1.7, i.e. close to the experimental value. 

5. Discussion and conclusion 

Our understanding of the 2D -» 3D transition is 
that at 6 — 6C the 2D platelets spontaneously trans- 
form into 3D islands at practically constant number 
of atoms in each island. The resulting size distribu- 
tion of these 3D islands thus reflects the platelets' 
one and one gets a pretty narrow Gaussian curve as 
observed experimentally. The platelets can thus be 
viewed as 'precursors' for the formation of the 3D 
islands. Once this transformation is achieved, a fur- 
ther increase in coverage results in a subsequent 
growth of these islands which, at some critical size, 
can lead to the creation of misfit dislocations (as also 
demonstrated experimentally) and finally to coales- 
cence. Of course such a mechanism requires that the 
atoms at the edge of the platelet can easily overcome 
the Schwoebel barrier, i.e. the energy corresponding 
to the jump on the top of the platelet [19]. This 
implies that this barrier is not much larger than the 
barrier for surface diffusion which is pretty small for 
these systems. There is at present no clear cut proof 
that this is really so, but recent experiments in the 
vicinity of the transition point have shown the coex- 
istence of platelets and 2D islands [20] which is 
naturally explained in the framework of our interpre- 
tation. Another criterion which needs to be satisfied 
is that growth conditions allow the migration of the 
atoms from the edges of the platelets to its center, 
otherwise kinetic limitations would prevent the for- 
mation of 3D islands from the platelets. This can be 
checked by comparing the size of the optimal platelets 
to the diffusion length. For InAs on GaAs these 
platelets contain typically 40000 atoms, leading to a 
size of about 600 A which is much lower than the 
diffusion length under typical growth conditions. 

Defining n3D as the size at which e(n) for 3D 
islands changes sign, the critical parameter in our 
calculation is «M/

n3D- Only when it is smaller than 
unity can one get a narrow distribution of self orga- 
nized 3D islands. It is interesting to note that, as both 
Bt and Ar decrease quadratically with the mismatch, 
when the lattice mismatch decreases, n3D increases 
as a power function of the inverse of the lattice 
mismatch, whereas nu exponentially increases with 
the inverse of the lattice mismatch. This explains 
why such a narrow distribution of self organized 3D 
islands is not observed for a small lattice mismatch 
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[20-22]. In this case nu/n3D rapidly becomes larger 
than unity in which case the growth of 3D islands is 
only delayed by kinetic limitations and one can get 
surface roughening during the 2D growth mode. This 
also points out the extreme sensitivity of the nm/n3D 

ratio to the parameter Bs/Br, ßs varying linearly 
with the dangling bond energy sdb. 

Our predicted size (~ 16000 atoms) for the early 
3D islands compares reasonably well with the exper- 
imental values (roughly 50 000 atoms per dot in Ref. 
[1] whereas in Ref. [2], the early dots contain about 
20000 atoms). Our result can be considered as pretty 
close in view of the sensitivity of the predicted value 
and the fact that we have not performed any opti- 
mization of the cluster shapes. Our calculated width 
for the Gaussian distribution (33% for An/n at 
500°C) has to be compared with Ah/h + 2Ad/d (h 
for the height, d for the diameter — or half base — 
of the quantum dots) which has been reported equal 
to (10 + 2 X 7) = 24% in Ref. [1] and to (20 + 2 X 
10) = 40% in Ref. [2]. 

In any case the values determined here for the 
relevant parameters appear to give the right order of 
magnitude for nM, n3D, the width of the Gaussian 
distribution, the magnitude of theoretical coverage, 
and finally the fact that such a phenomenon is not 
observed at lower values of the mismatch. Our de- 
scription also implies that whenever 2D platelets 
assist SAD nucleation, the 2D-3D critical coverage 
is bound to be lower than 1 ML beyond the wetting 
layer. This is verified by recent observations for the 
system InAs/InP [7]. 

In conclusion we have shown here that the exis- 
tence of a narrow distribution of self assembled 3D 
islands for highly mismatched heteroepitaxy can be 
explained by the preliminary formation of stable 2D 
platelets. These reach their equilibrium distribution 
and, at the critical coverage, their repulsive interac- 
tion induces a spontaneous transformation into 3D 
islands which keep the same distribution. Our calcu- 
lation allows to correlate in a consistent way the 
different experimental information on this phe- 
nomenon. 

For describing this mechanism, we only consid- 
ered the ideal case of square platelets and perfect 
square base pyramids. Obviously, depending on the 
lattice mismatch, on surface anisotropy (mainly 
bound to reconstruction), and also on statistical dis- 

tribution, realistic platelets are more irregular, is- 
lands may be lengthened and their crest lowered. A 
further study which takes into account these consid- 
erations is on current investigation, but it will not 
alter the validity of the basic mechanism presented 
here. 
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Abstract 

Growth of SiGe by low pressure chemical vapor deposition on nonplanar Si substrates is studied for nominal Ge 
concentrations of 0.4 < XQ°m< 1. Self-organized growth leads to the formation of approx. 30 nm wide SiGe quantum wires 
at convex corners of the substrate. In photoluminescence (PL) spectra of samples with x™e

m- = 0.4 we identify transitions 
from quantum wells on the flat parts of the substrate and from quantum wires. The energetic positions of the quantum wire 
transitions are in good agreement with Ge concentrations measured by spatially resolved energy dispersive X-ray 
spectroscopy, using a scanning transmission electron microscope (TEM). We find that the Ge concentration inside the wire 
is considerably lower than the nominal value for growth on planar parts of the substrate. Even for wires grown with 
X
GT 

= 1> where only GeH4 and H2 are present during growth, PL and TEM indicate a Ge concentration as low as 32% for 
the wires. In such growth experiments we observe different regimes of strain relaxation. While quantum wires and wells are 
heavily decorated with Stranski-Krastanov islands in larger structures, smaller structures ( < 5 /xm) exhibit homogeneous 
thickness. 

1. Introduction 

The physical properties of semiconductor quan- 
tum wires (QWR) are a subject of current research 
because of the possible benefits for applications aris- 
ing from two-dimensional quantum confinement ef- 
fects [1]. Unusually high carrier mobility in such 
wires has been predicted [2] and low threshold laser 

* Corresponding author. Tel.:   +49-2461-613781; fax: 
2461-612940; Internet: a.hartmann@kfa-juelich.de. 
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structures have already been built. One successful 
method to fabricate quantum wires for laser struc- 
tures in the GaAs/AlAs/InAs system has been the 
selfordered growth on V-groove patterned substrates 
(for a review see Ref. [3]). The advantages of this 
method are firstly that the size of the wires is 
controlled not by lithography but rather by the growth 
itself and secondly all wire interfaces are defined in 
one growth step. This leads to a low density of 
interfacial defects. Recently, Usami et al. [4] showed 
that V-groove patterned substrates can also be used 
in the SiGe/Si system to fabricate QWRs. They 

0169-4332/96/$15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
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investigated these wire structures using photolumi- 
nescence (PL) and electroluminescence spectroscopy 
[5]. That not only a V-groove, but more generally, 
any convex corner of a patterned Si substrate leads 
to the formation of a SiGe QWR was shown recently 
by our group [6,7]. 

In the first part of this paper we present a correla- 
tion between the PL properties of SiGe QWRs grown 
in (001)—(111) corners (L-corners) and their mi- 
crostructure as investigated by transmission electron 
microscopy (TEM) and scanning TEM (STEM) in 
connection with energy dispersive X-ray analysis 
(EDX). We find that the Ge concentration inside the 
wire is XQ"" <21%, a value which is considerably 
lower than the nominal concentration Xg°m = 0.4 for 
layers on planar parts of the substrate. In the second 
part of this paper we investigate the possibility of 
obtaining wires with higher Ge content by deposition 
of layers with nominally x£°m' = 0.7-1. While the 
wires in larger structures are found to relax by 
forming pseudomorphic and/or dislocated islands, 
smaller structures (< 5 fim) exhibit homogenous 
wires. From PL and TEM results we deduce that 
even wires grown in the absence of Si in the gas 
phase contain approx. 70% Si. 

Fig. 1. Schematic of a line structure cross-section. The incorpo- 
rated amount of Ge in the (001) QWL is illustrated by the 
thickness of the black line. The resulting potential wells in the 
valence band are sketched for different positions below the cross- 
section drawing. 

spectrometer (BIO RAD FTS40) and an argon ion 
laser emitting 50 mW at 488 nm. The microstructure 
of the samples was investigated by means of a JEOL 
4000 FX microscope for cross-section TEM images 
while a Fison VG HB601 UX STEM as well as a 
Philips CM20 FEG was used for spatially resolved 
EDX measurements. 

3. PL and microstructure of quantum wires 

2. Experimental 

Samples were prepared as follows (for more de- 
tails see Ref. [7]): The substrates were patterned 
using standard optical lithography, subsequent reac- 
tive ion etching and wet chemical etching. The pat- 
terns investigated are rectangular and square struc- 
tures arranged along <110) directions. In a cross-sec- 
tional view, the rectangular structures (lines) consist 
of a (001) bottom facet bounded by two {111} facets 
on each side as shown in Fig. 1. (Squares exhibit 
such cross-sections in both orthogonal (110) direc- 
tions.) The width of the (001) bottom facet is varied 
from 0.5 ^m to 100 /im for different structures. 
Onto these substrate patterns a Si/SiGe/Si quantum 
well (QWL) layer sequence was deposited by low 
pressure chemical vapor deposition. As source gases 
SiCl2H2 and GeH4 diluted in H2 as carrier gas were 
used. The deposition pressure was 120 mTorr at a 
temperature of 700°C. PL spectra were taken be- 
tween 4 K and 50 K using a Fourier transform 

The samples studied in this section were grown 
with the following layer sequence: 20 nm Si buffer, 
1 nm Si0 6Ge04 quantum well and 50 nm Si cap. For 
clarity reasons we will shortly review the discussion 
of the QWL PL given in Refs. [6,7]. Fig. 2 shows a 

•-*tew*<«ii 

[001] 
50 nm 

Fig. 2. Bright field cross-section TEM image of a L-corner QWR. 
The SiGe QWL and QWR are visible as dark areas. Some 
substrate-epi interface contamination is also visible as black spots. 
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cross-sectional (CS) TEM image of a SiGe QWR 
grown in an L-comer structure. The growth rate of Si 
is not affected by the presence of the corner. The 
SiGe growth rate, on the contrary, is strongly en- 
hanced by a factor of up to 10 right at the corner. 
This leads to the formation of an approx. 30 nm wide 
and 10 nm thick SiGe QWR. The large amount of 
Ge incorporated into the wire is supplied by surface 
diffusion of Ge adatoms or Ge precursor ad- 
molecules from the adjacent (001) and (111) QWLs 
to the wire. Therefore, less Ge is incorporated into 
the QWL in the vicinity of the wire: a Ge depleted 
zone extends from the wire into the QWL. This is 
illustrated in Fig. 1 where the incorporated amount 
of Ge on the (001) facet is represented by the 
thickness of the corresponding black line. The spatial 
variation of the amount of incorporated Ge results in 
a variation of the binding energy of holes, as sketched 
in the lower part of Fig. 1. 

In a PL experiment at low temperatures, photo- 
generated holes follow the gradient in binding en- 
ergy and accumulate in the midst of the (001) QWL. 
As a result, the observed PL peaks stem from this 
middle part of the (001) QWL. This opens up the 
possibility for measuring the spatial extent of the Ge 
depleted zone and therefore the Ge adatom or ad- 
molecule diffusion length [6,7]: When the width of 
the (001) QWL is reduced, the Ge depleted zones 
begin to overlap at a certain width. As a result the 
Ge content of the QWL decreases even in the middle 
of the structure and a blue shift of the QWL related 
PL transitions is observed. This behavior is shown in 
Fig. 3(a). PL spectra taken at 4 K from line struc- 
tures of different width are compared to a large area 
(001) QWL reference sample. Proceeding from high 
to low energies one finds excitonic recombinations 
in the Si substrate, and no phonon (NP), transverse 
acoustical (TA) and transverse optical (TO) phonon 
assisted transitions. These transitions can easily be 
attributed to the (001) SiGe QWL since they also 
appear in the large area reference sample. As the 
width of the line structures is reduced below 8 fxm, 
the blue shift of the QWL transitions arising from 
the overlap of the Ge depleted zones is clearly 
visible. 

One question arising in this context is why we do 
not observe any PL from the QWRs in the spectra of 
Fig. 3(a). Because of the large thickness of 10 nm 

950   1000 1050 1100 
photon energy [meV] 

950   1000 1050 1100 
photon energy [meV] 

Fig. 3. PL spectra of line structures of different width taken (a) at 
4 K and (b) at 37 K. The width of the (001) bottom facet 
equivalent to the wire spacing is indicated in the figure. 

for the QWR compared to 1 nm for the QWL, we 
would expect such QWR related PL at lower energy 
than the QWL PL. A possible explanation for the 
missing QWR PL at low temperatures might be as 
follows. Almost all photogenerated holes are cap- 
tured by the QWL which covers a much larger area 
in comparison to the QWR. At low temperatures, 
these holes follow the potential gradient and accumu- 
late in the midst of the (001) facet, at the thickest 
point of the QWL (point 'a' in Fig. 1). At higher 
temperatures, on the contrary, the thermal energy of 
the holes is sufficient to overcome the energetic 
barrier imposed by the Ge depleted zones (point 'b')- 
Hence they accumulate in the much deeper potential 
well of the wire (point 'w')- We therefore expect to 
see recombination processes in the QWRs at higher 
temperatures. Fig. 3(b) shows PL spectra of the same 
samples as in Fig. 3(a) taken at 37 K. The spectrum 
of the large area reference sample did not change 
except for thermal broadening of the (001) QWL PL 
lines. The PL spectra of the patterned samples, in 
contrast, changed considerably upon the increase of 
temperature. From the 13 (im to the 1 yarn sample, 
the well NP peak disappears slowly, while a new 
peak appears on the low energy side of the spectra. 
For the 1 p,m sample, it becomes clear that the new, 
low energy peak is in fact the TO-phonon replica of 
a NP peak near 1040 meV. We attribute these two 
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peaks to the quantum wires. Since the NP wire peak 
coincides with the TO well peak the sum intensity at 
this energetic position stays almost constant for all 
different structure widths. The disappearing well TO 
peak, whose intensity is linked to the well NP peak 
is slowly replaced by the wire NP peak upon reduc- 
tion of the structure width. Considering the small 
relative area coverage of the wires which increases 
from approx. 0.7% for the 13 ixm structure to 3% for 
the 1 fim structure, it is quite astonishing that these 
QWR transitions are visible so clearly. This high PL 
efficiency implies a low defect density so that enough 
excitons can diffuse towards and be captured by the 
QWR. 

The following arguments suggest an assignment 
of the observed low energy transitions to recombina- 
tions in the QWRs: (1) The intensity of the transi- 
tions is clearly related to the structure width and 
therefore to the area density of wires. (2) The QWR 
transitions are shifted to higher energy as the width 
of the structures is decreased. This is expected, since 
for small structures the Ge depleted zones near the 
wires, which are nothing else but Ge supply zones, 
for the wires, will begin to overlap. The two wires 
are competing for the same Ge adatoms adsorbed on 
the (001) facet between them. As a result, those 
closely spaced wires will contain less Ge than a 
'lonely' wire. This causes the observed blue shift. 
(3) The temperature dependence of the well and wire 
PL peaks as expected for our structures of quite low 
wire density (see explanation given above). (4) For 
samples containing square — instead of line — 
structures, the QWR PL is even more intense and the 
blue shift is more pronounced because of the higher 
wire density in those structures. 

One important point, namely the absolute ener- 
getic position of the QWR PL peaks, has not yet 
been discussed. If we assume a wire thickness of 10 
nm, as observed in cross-sectional TEM, and a Ge 
concentration of 40%, which is the nominal value of 
the epitaxy, we would expect to find the QWR NP 
peak somewhere near 890 meV. The observed peak 
positions are above 1000 meV which suggests a Ge 
concentration of < 20%. A similar observation was 
made by Usami et al. for V-groove QWRs grown by 
gas source molecular beam epitaxy [5]. A nominal 
composition of 17.7% Ge resulted in a QWR which 
contains only 10% Ge if we apply our simple calcu- 

[001] 

(a) 20 nm 10 nm 

Fig. 4. Large angle dark-field STEM image of an L-corner QWR 
(a) in which the position and direction of the EDX line scan is 
marked by an arrow (length = 32 nm). The resulting GeKa X-ray 
intensity is shown in (b). 

lation to the observed PL peak positions in their 
publication. 

In order to clarify these issues, we performed 
spatially resolved EDX measurements using a scan- 
ning TEM. Fig. 4 shows a cross-sectional image of a 
L-QWR. An EDX line scan was taken along the line 
marked by the arrow. The resulting GeKa X-ray 
intensity is plotted right next to the TEM picture. It 
is obvious from Fig. 4 that there is a gradient in the 
Ge concentration of the QWR. The Ge concentration 
increases in the growth direction. In order to obtain 
quantitative results, reference samples containing 
thick SiGe layers of known composition were stud- 
ied. The influence of the beam probe size of approxi- 
mately 1.5 nm as well as the beam broadening to 
about 5 nm caused by the finite sample thickness 
were corrected by a deconvolution procedure [8-10]. 
Table 1 compares the Ge concentrations obtained 
from EDX and the concentrations calculated from 
the NP PL peak positions. In order to obtain Ge 
concentrations from the PL results we had to assume 
a thickness of 10 nm for the QWR, a homogenous 
Ge distribution and a strain state equal to a strained 
(001) QWL, neglecting effects of elastic strain relax- 
ation that can be important in such small structures. 
According to Table 1 the EDX results do confirm 

Table 1 
Ge concentrations of QWRs in line structures of different width as 
inferred from spatially resolved EDX and PL. For EDX measure- 
ments the concentration values at the lower and upper interface of 
the QWR are given 

Width 8 /jm 1 p,m 

(EDX) 
(PL) 

15-21% ±2% 
20% 

11-16.5%+ 2% 
16% 
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that the Ge concentration in the QWRs is much 
lower than the nominal one. They even agree quanti- 
tatively with the results obtained from PL. Therefore 
this is another independent proof that the observed 
PL peaks in Fig. 3(b) actually do stem from the 
QWRs. The EDX results also confirm the lower Ge 
concentration in more closely spaced wires of smaller 
structures with overlapping 'Ge supply zones'. Since 
the calculated Ge concentrations, based on the results 
from PL and on the assumption that the SiGe wire is 
completely strained, agree with the EDX measure- 
ments within the error limits we conclude that elastic 
strain relaxation of the wire does not play an impor- 
tant role in the determination of the PL transition 
energy. 

Fig. 5. Bright field CS TEM picture showing an L-corner region 
of a line structure with 1 /im wire spacing of sample 938 (pure 
Ge QWL). Uncapped and buried QWR are clearly visible and of 
similar shape and size. 

4. Samples of high nominal Ge concentration 

An epitaxy of nominal x™e
m- = 0.4 resulted in 

quantum wires containing only <21% Ge. Two 
questions arise in this context: (1) Is it possible to 
fabricate wires of higher Ge content? (2) What is the 
origin of the surplus Si in the wire? Is it supplied by 
the gas phase SiCl2H2 or does it stem from the Si 
layers below or above the SiGe layer? To answer 
these questions we prepared samples with a nominal 
Ge concentration of x£°e

m= 0.7 (939) and x£°e
m = 1 

(938). The growth conditions (700°C, 120 mTorr) 
and layer sequences (25 nm Si buffer, ~ 1 nm SiGe 
quantum well, 35 nm Si barrier and the same SiGe 
quantum well layer as capping layer) were exactly 
the same for both samples. Only for the SiGe layers 
the gas mixture was changed by adding 0.11% of 
SiCl2H2 for epi 939 to the 0.26% of GeH4 in H2 

used for epi 938. For both samples, the deposited 
SiGe thickness is above the critical limit for Stran- 
ski-Krastanov island growth [11,12]. 

The CS-TEM image of Fig. 5 shows a L-corner 
region of a 1 /xm wide structure of epi 938 (100% 
Ge). The buried as well as the top quantum wire is 
clearly visible in this picture. This implies that nei- 
ther the Si capping layer nor the presence of SiCl2H2 

in the gas phase during Ge growth influences the 
selforganized growth process leading to the wire 
formation. The observation that top and buried wire 
look very similar should, in principle, allow us to 
judge the homogeneity of wires by looking at sec- 

ondary electron microscopy (SEM) images of the 
sample surface. 

Fig. 6 shows a compilation of such SEM images 
of different wide square structures comparing sam- 
ples 939 and 938. On the right-hand side the corre- 
sponding PL spectra (4 K, 50 mW) are also shown. 
In Fig. 6(a) 100 fim wide squares of epi 939 (70% 
Ge, top) and 938 (100% Ge, bottom) are compared. 
In both SEM pictures we see the etched (111) facet 
on the left and the (001) bottom plane. Three main 
differences in the SEM pictures of epi 939 and 938 
are evident: (1) The density of Stranski-Krastanov 
islands on the (001) plane is lower in the pure Ge 
sample 938 than in 939. (2) A corridor of reduced 
island population is visible near the corner which is 
considerably wider in the case of the pure Ge 
sample. (3) The wire at the interfacet corner consists 
of islands in both cases, but they are considerably 
larger in the case of the pure Ge sample. All three 
observations lead to the conclusion that surface dif- 
fusion is enhanced for growth with GeH4 alone 
compared to the case where also SiCl2H2 is present. 
Closer inspection of the wires at the corners by TEM 
reveals that the wire-islands are of similar size and 
pseudomorphic in the case of epi 939 while they are 
coagulated and dislocated in the pure Ge sample 938. 
The high island density (18 ^.m"2) of epi 939 
manifests itself in strong island related PL transitions 
and only very weak transitions from the Stranski- 
Krastanov wetting layer ('Qwell' in Fig. 6(a)) be- 
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Fig. 6. Compilation of SEM pictures and PL spectra of (a) 100 jam, (b) 13 /n,m, and (c) 3 //.m square structures comparing samples 939 
(70% Ge, top) and 938 (100% Ge, bottom). SEM pictures have been taken at an angle of 70° for (a) and (b) and 60° for (c). PL spectra are 
recorded at 4 K and 50 mW laser power and drawn to the same scale. 

tween the islands. The PL spectrum of sample 938, 
in contrast, shows quite prominent wetting layer 
transitions. The island transitions are found at lower 
energy compared to those of sample 939, implying a 
higher Ge content and/or thickness. Their intensity 
is lower due to the lower island density (5.5 fim~2). 

The differences in surface diffusion between pure 
and 70% Ge become most important in the case of 
the 13 fim square structures shown in Fig. 6(b). 

While the (001) plane of sample 939 is still covered 
by a dense island population, sample 938 exhibits 
nearly no islands at all. This implies that the Ge 
depleted zones caused by the outdiffusion of Ge into 
the wire are already overlapping at a distance of 13 
/xm in the case of sample 938. The wires at the 
interfacet corners are still covered with islands. The 
size of the wire-islands in sample 938 is reduced in 
Fig. 6(b) compared to (a) due to the fact, that the Ge 
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supply zones of the four wires are overlapping. Once 
again, the difference in island coverage of the two 
samples is well represented by the PL intensities of 
the island related and the wetting layer related transi- 
tions. 

Complete absence of islands can be observed in 
the 3 /j.m square structures of Fig. 6(c): neither the 
(001) plane nor the quantum wires exhibit islands. 
On this basis we can attribute the PL transitions on 
the lower energy side of the quantum well transitions 
to these homogenous wires. The absence of islands 
in small structures like those of Fig. 6(c) is also 
confirmed by CS-TEM pictures (e.g. Fig. 5). We 
estimate the wire thickness from such CS-TEM pic- 
tures to be approximately 10 nm. 

Assuming a thickness of 10 nm and a homoge- 
nous Ge distribution, a NP-PL energy of 930 meV 
for sample 938 results in a wire-Ge composition of 
only 31%. (This result is in agreement with recent 
EDX/STEM measurements.) Hence, the quantum 
wires contain a considerable amount of Si, even 
though Si was not supplied during growth. Since the 
top and the buried wire in Fig. 5 are of similar size 
and shape, we believe that also the top wire contains 
a considerable amount of Si. (Also this assumption is 
confirmed by EDX/STEM measurements.) There- 
fore a possible source for the Si incorporated into the 
wire can be the Si buffer underneath. The total 
amount of Si in the wire is approx. equal to the 
amount present in a one monolayer (ML) thick and 2 
fim wide slab of Si. Such a small amount of Si could 
be supplied by segregation or intermixing from the 
Si layer underneath the Ge, considering the small 
quantity of Ge (~ 7 ML) deposited. Such a mecha- 
nism could explain the pronounced gradient in Ge 
content throughout the wire cross-section as ob- 
served by EDX (Fig. 4): as the wire grows thicker, 
less Si will be present at the growth front and the Si 
concentration incorporated into the wire decreases. 

5. Conclusions 

SiGe QWRs of approximately 30 nm lateral width 
have been fabricated by selfordered growth on non- 
planar substrates. They show strong PL at 37 K in 
spite of their low area coverage due to the efficient 
transport of excitons from the adjacent QWLs. The 

energetic positions of the QWR PL transitions are in 
good agreement with results obtained from TEM and 
spatially resolved EDX. Both PL and EDX, there- 
fore, lead to the astonishing result, that the Ge 
concentration in the wires is much lower than the 
nominal value from the epitaxy parameters. Even in 
experiments where only Ge was supplied during 
growth we find a Ge concentration as low as 31% in 
the quantum wire. This is in contrast to the fact that 
Si alone doesn't have the tendency to accumulate in 
convex corners. Comparison of growth experiments 
using 70% and pure Ge as quantum well material 
leads to the conclusion that the addition of a small 
amount of SiCl2H2 to the gas phase effectively 
reduces Ge surface diffusion. In these experiments it 
was possible to produce homogenous quantum wires 
of 10 nm thickness containing approximately 31% of 
Ge, as deduced from PL and TEM. This is a remark- 
able result since the critical thickness for island 
growth on 2D layers was found to be only 1.5-2 nm 
for 30% Ge and our growth conditions [12]. 
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Abstract 

Strain relaxation and clustering of Ge thin films grown on Si(lll) and Si(100) by molecular beam epitaxy (MBE) have 
been studied in situ with reflection high energy electron diffraction (RHEED) and analyzed by atomic force microscopy 
(AFM) and Rutherford backscattering spectrometry (RBS). At low temperature, growth is dominated by island nucleation 
and by strain relief through island formation. The cluster size distribution (measured by AFM) just after the 2D-3D growth 
mode transition is broader than that for 'late-stage' growth (when diffusion gradients dominate cluster growth) and is well fit 
by a model in which the surface diffusion of adatoms is described by a random walk. At high temperature, growth is 
dominated by dislocation formation and the aspect ratio of the islands changes. The barrier to dislocation formation is 
reduced at step bunches; thus, islands nucleate preferentially at the step bunches and grow along them. By understanding Ge 
island nucleation and evolution, we hope to grow a population of uniformly-sized nanocrystals exhibiting quantum 
confinement effects. 

1. Introduction 

The growth of Ge on Si, primarily Si(100), has 
been widely studied over the last few years, and the 
growth mode is known to be Stranski-Krastanov 
[1-3]. That is, initially, Ge wets Si (we will consider 
only the (111) and (100) surfaces). However, due to 
the 4% lattice mismatch between Ge and Si, the Ge 
film is subjected to a bilateral, compressive stress, 
and the resulting strain energy grows linearly with 
the thickness of the Ge film. At some 'critical thick- 
ness', it is energetically favorable for the film to 

* Corresponding author. Tel.: +1-518-2766435; fax: + 1-518- 
2768761; e-mail: schowalt@unix.cie.rpi.edu. 

relieve strain by roughening and/or by creating 
dislocations [4-6]. Impinging adatoms attach prefer- 
entially to these strain-relieved locations and subse- 
quent growth will proceed with the evolution of 
these islands. The spontaneous formation of these 
islands, requiring no artificial patterning or lithogra- 
phy, is termed 'self-assembly'. Our goal is to exploit 
the self-assembly of Ge islands during MBE growth 
to form nanocrystals exhibiting three-dimensional, 
quantum-confinement effects, as other researchers 
have done for InGaAs/GaAs [7]. The challenge is to 
use thermodynamics and kinetics to control the 
nanocrystal sizes and size distributions. Toward that 
end, we have studied strain relaxation as a function 
of film thickness for Ge/Si(l 11) and Ge/Si(100) at 
different temperatures. We have also attempted to 

0169-4332/96/$15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
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understand the island size distributions of those films 
within the context of a cluster growth theory. 

2. Experiment 

Samples were grown on 100 mm Si(lll) and 
Si(100) wafers in a VG V90S MBE system with a 
base pressure less than 5 X 10" n mbar. The system 
was equipped with electron-beam-heated hearths for 
Si and Ge evaporation. Deposition rates were con- 
trolled by Inficon rate monitors (calibrated using 
RBS measurements) [8]. RHEED was used for in situ 
studies of growth and RHEED images were captured 
using a PC-controlled CCD camera [9]. 

The wafers used were on-axis ±0.5°. We also 
used Si(lll) wafers intentionally misoriented 2.85° 
±0.05° toward the (110) direction, as determined 
from RBS channeling measurements [8]. Prior to 
growth, the wafers were subjected to a standard RCA 
chemical clean to remove any residual organic impu- 
rities or metal contaminants and were immediately 
loaded into the MBE system [10]. They were then 
heat-cleaned at a substrate temperature of 900°C to 
desorb the relatively volatile SiOA. surface layer and 
exhibited sharp 7 X 7 or 2 X 1 RHEED patterns at 
the subsequent growth temperatures. Si buffer layers, 
approximately 200 A to 300 A thick, were grown at 
700°C at a rate of 1.0 A/s just prior to Ge deposi- 
tion. Ge was deposited at rates between 0.02 A/s 
and 0.05 A/s (rates were controlled within + 0.005 
o 

A/s) and at substrate temperatures between 400°C 
and 700°C while the RHEED pattern of the growth 
front was monitored. 

3. Lattice relaxation at high and low temperatures 

Apparent changes in the in-plane lattice constant 
were determined by measuring changes in the dis- 
tance between the (11) and (11) RHEED spots of the 
Ge lattice during the epitaxial Ge growth. Initially, 
the Ge epitaxy is expected to be pseudomorphic and 
the Ge film to be compressively strained (in the 
plane parallel to the surface) in order to match the Si 
lattice constant. Thus, one would expect to see no 
change in surface lattice constant (from that of Si) 
during the initial stages of growth. When islands 

begin to form, however, the material near the tops of 
the islands will begin to relax toward the bulk Ge 
lattice parameter. The RHEED beam, which has an 
effective penetration depth of 10 A, samples this 
material [9]. The contribution to the RHEED pattern 
of the unrelaxed, Stranski-Krastanov layer between 
the islands is difficult to quantify; however, we 
expect that layer to be substantially 'shadowed' by 
the islands, which are already 30-40 A taller than 
the wetting layer after 3.4 ML of deposition. 

Thus, as the islands begin to relax, the corre- 
sponding diffraction pattern will begin to indicate an 
increase in the in-plane lattice constant, because the 
spacing between diffraction spots will decrease. In 
addition, transmission electron diffraction spots 
should appear as a portion of the RHEED beam 
passes through the bodies of the islands. Eventually, 
the material sampled by the RHEED beam will have 
fully relaxed, and the RHEED pattern will be 4% 
narrower than that for the bare Si substrate. 

For growth of Ge/Si(lll) at 450°C, we observe 
the in-plane lattice constant to remain essentially that 
of the underlying Si substrate until a 'critical thick- 
ness' of 2.5 ML + 0.1 ML, when the apparent lattice 
constant begins to increase (see Fig. 1). This thick- 
ness corresponds to a critical thickness for islanding 
and we observe the appearance of transmission elec- 
tron diffraction features in the RHEED pattern. After 

2 2.5 3 
Ge Coverage (ML) 

Fig. 1. Apparent relaxation of the surface lattice constant of 
Ge/Si(lll) at 450°C as determined from the decrease in spacing 
between (Tl) and (ll) RHEED spots. Appreciable strain remains 
after 5 ML. 



512 P. W. Deelman et al. /Applied Surface Science 104 /105 (1996) 510-515 

deposition of 5 ML of Ge, the material sampled by 
the RHEED beam is still somewhat strained, having 
an apparent lattice parameter only 2.3 + 0.5% greater 
than that of Si. For growth of Ge/Si(l 11) at 700°C, 
however, transmission diffraction features did not 
appear even after the deposition of 109 A of Ge, 
despite the fact that atomic force microscope images 
show broad (~ 1 fim), flat islands. A RHEED study 
of the evolution of the in-plane lattice parameter 
suggests no relaxation (to within +0.5%) occurs 
even after 6 ML of growth. 

We interpret these RHEED results in the context 
of a model in which the aspect ratio (height/width) 
of the Ge islands is different for the two temperature 
regimes. At low temperatures, dislocations have dif- 
ficulty forming, and, once islanding begins, imping- 
ing adatoms will attach preferentially to the tops of 
the islands to minimize strain energy. Atomic force 
microscope images of samples, which were quenched 
soon after the islanding transition, confirm that the 
island aspect ratios are as high as ~ 0.07 in this 
regime, with at least 30% of the material in the 
islands more than 7 ML above the two-dimensional 
wetting layer. 

For a comparable Ge coverage grown at 350°C, 
Voigtländer et al. measured island aspect ratios on 
the order of 0.13 using STM [6]. With increasing 
coverage, they found the aspect ratio decreased, 
which they interpreted in terms of a transition from 
coherent to dislocated 3D islands. That we see 
lower-aspect-ratio islands for a comparable coverage 
may result from a decreased barrier for dislocation 
formation at our somewhat higher growth tempera- 
tures. Finally, we note that other studies have found 
Ge islands grown on Si(lll) to have (113) facets 
[3,6]. Although many of the AFM images of the 
islands seemed to suggest that they were faceted, we 
were not able to confirm that the facets were (113) 
or, perhaps, some shallower-angle facet. 

A recent STM study of Ge island relaxation on 
Si(lll) (Theiss et al.) found a three-stage relaxation 
of the surface lattice constant: as islands grew from 0 
to 50 ML tall, the lattice constant increased from the 
bulk Si value to the bulk Ge value (sometimes even 
exceeding it); as the islands grew from 50 to 80 ML 
tall, the lattice constant decreased by 2%; afterwards, 
the lattice constant gradually relaxed to the bulk Ge 
value [11]. The islands in our growths were typically 

3 4 5 
Ge Coverage (ML) 

Fig. 2. Apparent relaxation of the surface lattice constant of 
Ge/Si(100) at 450°C as determined from the decrease in spacing 
between (Tl) and (lT) RHEED spots. The film appears relaxed 
after ~ 6 ML. 

10 ML tall, so we are unable to confirm the exis- 
tence of a three-stage relaxation. However, for is- 
lands 10 ML tall, Theiss et al. found a 2% relaxation 
of the surface lattice constant, in agreement with our 
RHEED measurements. 

At high temperatures, dislocations may form much 
more easily and islands grow very rapidly in width 
as adatoms attach preferentially to their sides [12]. 
The islands are broad and flat so the 14 keV elec- 
trons continue to reflect and diffract off the surface 
of these islands. Moreover, the strain in the islands is 
apparently more uniformly distributed over the height 
of the islands. The material near their tops, which the 
RHEED beam samples, approaches the bulk Ge lat- 
tice constant much more slowly than the Ge near 
tops of the large-aspect-ratio islands which are ob- 
served at the lower growth temperatures. 

For growth of Ge/Si(100) at (450°C), we ob- 
served similar results to those of Ge/Si(lll) at the 
same temperature, except that the in-plane lattice 
constant appears to have relaxed to that of bulk Ge 
after deposition of the equivalent of only ~ 6 ML of 
Ge (see Fig. 2). Unlike the case of Ge/Si(lll), for 
Ge/Si(100) growth at 700°C transmission diffraction 
features appear after only 1.7 + 0.1 ML of Ge growth, 
suggesting that the critical thickness for islanding is 
smaller in this temperature regime than at 450°C. 
RHEED measurements of the in-plane lattice param- 
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eter, however, indicate no relaxation occurs even 
after 3 ML of growth. These results tend to suggest 
that, although strain-relieving islands with relatively 
large aspect ratios have formed, the majority of the 
material which the RHEED beam is sampling re- 
mains highly strained. However, a detailed model of 
this behavior is not available at present. 

Finally, the role of the barrier to dislocation for- 
mation in the nucleation and evolution of islands is 
exemplified by growth on vicinal substrates. On 
Si(lll) wafers misoriented toward the (110) direc- 
tion, Si tends to form step bunches, at which Ge 
islands nucleate and along which the islands grow. 
Therefore, the density of nucleation is much higher 
than on exactly-oriented substrates, and coalescence 
occurs at lower surface coverages. Even at moderate 
temperatures (500°C), AFM images show islands 
coalesced before they produced transmission diffrac- 
tion spots in RHEED (after deposition of ~ 7 ML). 

4. Cluster size distributions 

We have analyzed the island size distribution 
which resulted during the deposition of 3.4 ML of 
Ge on Si(l 11) at 450°C (Fig. 3) within the context of 
the Ostwald ripening of clusters [13]. Within that 
model, which, strictly speaking, only describes 
mass-conserved systems, the average cluster radius 
grows as 

c(0=rc(0)(l+;/Tc)
1/("' + 2), (1) 

where TC is a characteristic time and m depends on 
the dimensionality of the system (that is two-dimen- 
sional or three-dimensional islands — based on AFM 
images, we need only consider the latter here) and 
the process limiting the mass transport (for example, 
surface diffusion or the kinetic barrier for atoms to 
detach from islands). For 'late-stage' growth, when 
surface diffusion gradients have developed and dom- 
inate cluster growth, m = 2. However, in the tran- 
sient, 'non-steady-state' regime, prior to the estab- 
lishment of gradients, surface diffusion is properly 
modeled as a random walk and m = 1. Theoretically, 
m = 1 is also appropriate for a system in which the 
rate of mass transport is limited by the kinetic barrier 
for atoms to detach from islands. For the systems 
under consideration here, however, surface diffusion 
has been shown to be the process limiting mass 
transport [14]. 

For both m = 1 and m = 2, the distribution of 
cluster sizes has been calculated [13]. As shown in 
Fig. 4, our data is well-fit by the distribution pre- 
dicted for the m = 1 regime, indicating diffusion 
gradients had not yet been established before sample 
growth was stopped (and the sample quenched to 
room temperature). In this case (m = 1), the theoreti- 
cal distribution n( p) is given by 

n(p) 
3 + p 
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Fig. 3. Atomic force microscope image of 3.4 + 0.1 ML of Ge/Si(lll) grown at 450°C at 0.02 Ä/s. 
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Normalized Island Radii 

Fig. 4. Island size distribution for 3.4 + 0.1 ML of Ge/Si(lll) 
grown at 450°C at 0.02 A/s. The solid line is a theoretical 
prediction for a regime in which surface diffusion is described by 
a random walk (m = 1); the dotted line is the prediction for a 
regime in which cluster growth is dominated by surface diffusion 
gradients (m = 2). The island radii are normalized to the mean 
island radius (245 A), and the number densities are normalized to 
the maximum density (9 islands in the observation area of 1 
yum2). 

for p less than or equal to 3/2, where p is the actual 
cluster radius normalized to the average cluster ra- 
dius pc. Even in mass-conserved systems, for which 
the Ostwald ripening model was developed, diffusion 
gradients develop only after a period of island nucle- 
ation and initial growth. The deposition rate in our 
experiment may have been large enough such that 
diffusion gradients would not develop and that a 
regime in which surface diffusion is described as a 
random walk indeed represents the 'steady state', or, 
at least, that such gradients would require a longer 
period to develop. A recent estimate of the limit of 
applicability of the Ostwald-ripening model to non- 
zero deposition rates for Ge/Si(100) at 650°C sug- 
gests the model is appropriate for deposition rates on 
the order of 5 X 10"13 cm"2 min"1 [15]. This esti- 
mate is approximately an order of magnitude less 
than the rates used in our experiments. Nevertheless, 
the island size distribution predicted for the m = 1 
regime seems to fit our data well, which may indi- 
cate that the Ostwald ripening model is extendible to 
higher deposition rates. 

5. Conclusions 

We observe a transition in the islanding behavior 
of Ge thin films from low temperature to high 
temperature regimes. At low temperature, the islands 
have a relatively high aspect ratio which permits 
transmission diffraction and strain is non-uniformly 
distributed over the height of the island — highly 
strained at the base and relatively relaxed at the top. 
Ge films seem to relax more quickly on Si(100) than 
on Si(lll), although, on both surfaces, transmission 
diffraction features appear after 2.5 ML coverage 
with a simultaneous initiation of relaxation. At high 
temperatures (more than 600°C), Ge grown on 
Si(lll) forms flat, low-aspect-ratio islands that per- 
mit no transmission electron diffraction. Strain ap- 
pears to be more uniformly distributed throughout 
the thin island's height, which results in a slower 
apparent relaxation rate as a function of thickness 
when measured by RHEED. On the other hand, Ge 
grown on Si(lOO) at high temperature produces is- 
lands that permit transmission diffraction at a smaller 
'critical thickness' than that at low temperature, but 
without a simultaneous relaxation of the surface 
lattice constant. 

The island size distribution we measure for low 
temperature growth is accurately fit by the Ostwald 
theory of cluster growth, although that model was 
developed for mass-conserved systems. The model 
indicates that we are in a 'non-steady-state regime' 
in Ostwald ripening, where surface diffusion is de- 
scribed as a random walk, rather than a 'late-stage' 
regime, in which diffusion gradients would dominate 
cluster growth. Perhaps the deposition rate of Ge 
prevents surface diffusion gradients from developing. 
Finally, when grown on vicinal substrates with step 
bunches, Ge islands nucleate at the bunches, where 
the barrier to dislocation formation is lower, and 
grow along them. This process keeps the island 
aspect ratio rather small and the islands coalesce 
even before producing transmission diffraction fea- 
tures in RHEED. 
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Abstract 

Investigating the ternary lnxGal _x As alloy (x ~ 12%) by cross-sectional scanning tunneling microscopy, we find that on 
the UHV-cleaved (110) surface the In distribution in both the surface and the first subsurface layer can be atomically 
resolved in the empty- and filled-state images, respectively. This is found to be mostly a geometric effect due to the larger 
size of the In. We apply this method to study the incorporation of In during the growth of In0 12Ga0 88 As quantum wires on 
nonplanar substrates. Strong In segregation in the growth direction is seen in the structure, and we compare the incorporation 
profiles across the quantum wire and a planar quantum well. No In clustering beyond the statistical expectation is observed. 

1. Introduction 

Cross-sectional scanning tunneling microscopy 
(XSTM) on (llO)-cleaved III-V heterostructures has 
been demonstrated in recent years to be a powerful 
characterization tool for the atomic-scale investiga- 
tion of such structures [la] (for a review see [lb]). In 
this contribution we use XSTM to characterize In- 
GaAs quantum wires (QWR) embedded in 
AlAs/GaAs short-period superlattices (SL). Dense 
arrays of such QWRs can be used as the active 
material in a variety of future optoelectronic devices, 

Corresponding author. Present address: Beckman Institute, 
University of Illinois, Urbana, IL 61801, USA. 

Present address: Department of Physics and Astronomy, Uni- 
versity of Oklahoma, Norman, OK 73072, USA. 

where the ID density of states of the QWR is 
expected to lead to improved device performance. 
The growth by molecular beam epitaxy (MBE) on 
prepatterned substrates is a successful method to 
obtain defect-free wires [2]. It relies on the different 
mobilities and incorporation rates on the nonplanar 
growth surface of the group-Ill species. Certain con- 
sequences, such as the formation of a vertical quan- 
tum well (QW) due to lateral variations of the Ga 
concentration in an AlGaAs barrier, might not be 
desired. On the other hand, lateral variation of the In 
incorporation in an InGaAs QWR, notably a higher 
In concentration at the center of the QWR at the 
bottom of the V-groove, would result in a higher 2D 
confinement potential. This quantitative information 
is difficult to obtain by conventional means such as 
transmission electron microscopy or secondary ion 
mass spectroscopy. 

0169-4332/96/$15.00 Copyright« 
PH S0169-4332(96)00196-l 
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In this work, the incorporation of In during the 
growth of InGaAs QWRs is studied by imaging 
individual In atoms in the cross-sectional surface [3]. 
We show that In atoms can be atomically resolved 
not only in the cross-sectional surface layer, but also 
in the first subsurface layer. The contrast mecha- 
nism, which we argue is predominantly geometric 
here, will be discussed. The measured In distribution 
clearly reveals In segregation in the growth direction 
observed as a delayed incorporation at the GaAs/In- 
GaAs bottom interface as well as In atoms segregat- 
ing into the barrier material at the top interface. 
Finally, the substitutional In is found to be randomly 
distributed on the group-Ill sublattice, i.e. no short- 
range In clustering beyond the statistical expectation 
is observed. 

2. Experiment 

The sample discussed here consists of a series of 
InGaAs QWRs and planar control QWs. They are 
fabricated by MBE growth at a substrate temperature 
of 540°C over a V-groove-patterned GaAs n-type 
substrate. The substrate is patterned by holographic 
lithography and wet etching [4], resulting in V- 
grooves having side wall facets close to {311}B 
planes and a periodicity of 250 nm. The InGaAs 
layers are undoped because we wanted to avoid the 
imaging of dopant atoms [5], which would compli- 
cate the interpretation of the results. The InGaAs 
layers are embedded in 16 monolayers (ML) of 
GaAs and 8.5 periods of a Si-doped (n = 5 X 1017 

cm"3) (AlAs)4(GaAs)8 SL barrier. The QWR and 
QW layers nominally consist of 18 ML of 
In^Ga^^As, where x=12%. Growth was inter- 
rupted every 3 ML for 20 s to promote the formation 
of the crescent-shaped wire and to enhance the In 
concentration within the wire. 

STM measurements were performed in ultrahigh 
vacuum (1 X 10"n mbar) using electrochemically 
etched W tips. The sample is cleaved in situ to 
expose an atomically flat, electronically unpinned 
(110) surface. Images recorded with positive and 
with negative sample bias (sensitive to empty and 
filled surface states, respectively [6]) were acquired 
in a constant current mode. 

3. Results and discussion 

3.1. Contrast mechanisms 

We start with a discussion of the contrast mecha- 
nisms in cross-sectional STM imaging of InGaAs 
and AlAs/GaAs structures. On the (110) surface of 
III-V semiconductors, the surface dangling bond 
states are located energetically outside the bulk band 
gap [7]. The tunneling current is therefore dominated 
by the bulk states to which a contribution from the 
surface states is superimposed [8]. 

Fig. la and b show empty-state (group-III-related) 
STM images of the cross section of an InGaAs QW 
and QWR, respectively, acquired with a positive 
sample bias of Vs = +1.9 V. Linecuts along the 
[001]-oriented atomic columns indicated are dis- 
played in Fig. lc. They show a slowly varying 
contribution from tunneling into the bulk states that 
are related to the electronic band structure of the 
subsurface heterostructure. The atomically resolved 
part from the empty surface states contains chemical 
information on a true atomic scale, as discussed in 
detail below [9]. 

The QWRs are formed by accumulation of the 
lower band-gap material at the bottom of the V- 
groove. They consist of sections of QWs having 
different thicknesses. The middle of the QWRs is 
thicker than the tapered QWs on the sidewalls of the 
structure and the planar reference QW. Therefore the 
lowest accessible state for electrons tunneling into 
the conduction band is lower in energy than that of 
the QWs, and more states are available for tunneling. 
This leads to the brighter appearance of the center of 
the QWR in a constant-current image such as the one 
shown in Fig. 1 and makes the lateral confinement of 
the QWR visible in the STM image. An enhanced In 
concentration in the InGaAs material would also 
reduce the band gap and make the QWR appear 
brighter, but such an enhancement is not present as 
discussed below. 

The chemical information is contained in the 
atomically resolved contrast arising from the surface 
dangling bonds. Empty-state and filled-state images 
directly probe the energy and spatial extent of dan- 
gling bonds associated with group-Ill sites and of the 
As dangling bonds, respectively. 
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Distance along [001] (Ä) 
Fig. 1. Cross-sectional STM images of (a) an In0 ,2Ga088As QW and (b) a QWR. Tunneling conditions: sample bias + 1.9 V and tunneling 
current 40 pA. Individual In atoms appear as atomically sharp white dots, (c) Linecuts across the QWR and the QW along the [001] columns 
indicated in (a) and (b). 'First' and 'last' mark the start and end of the SL barriers. 

Fig. 2a is an enlarged empty-state view of the 
center of the QWR for which the slowly varying 
background contrast has been removed, and Fig. 2b 
is the corresponding filled-state image (group-V-re- 
lated) of the exact same area acquired with Vs = 
— 2.3 V. (Although the two images were not taken 
simultaneously, it is possible to align them by adjust- 
ing the position of defects in the surface). In the 
empty-state image the atomically localized white 

features correspond directly to In atoms in the sur- 
face layer. The filled-state image also shows atomi- 
cally localized white features     having a density 

In the filled-state image in Fig. 2b, the white features appear 
slightly elongated due to the lack of atomic resolution in the [110] 
direction. In other filled-state images they clearly occupy only a 
single lattice site. 
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close to the nominal In concentration, but surpris- 
ingly the positions of the white features in the two 
images do not correlate. Only faint filled-state fea- 
tures correlate with the empty-state In positions as 
shown, for example, at 'A' in Fig. 2c, which dis- 
plays linecuts along the same [110]-oriented zig-zag 
line. Inversely, faint empty-state double-site features 
also correlate with the filled-state white features as 
shown at 'B'. This observation suggests that the 
filled-state white features must themselves be inde- 
pendent In atoms, not in the surface, but in the first 
subsurface layer, where In is in the back-bond posi- 
tion below the imaged As sites. These In atoms are 

Dangling bonds 

Back bonds - 

: Billilflll 

Distance [110] (A) 

Fig. 2. In atoms in the surface and subsurface (110) layers, seen in 
(a) empty- and (b) filled-state images of exactly the same 112 X 250 
A~ region of the QWR. The in distributions are random and 
uncorrelated. (c) Linecuts through the same atomic row (indicated 
in the images) showing a surface In, a subsurface In, and adjacent 
surface and subsurface In atoms, labeled A, B and C, respectively. 

[110] 

[001] 

O In    OGa    «As 

Fig. 3. Cross-sectional view of the InGaAs(llO) surface. The 
larger In atoms induce the vertical displacements 8e and 8f seen 
in empty- and filled-state images, respectively. 

located in the (001) ML that is normally not imaged 
when scanning on the (110) surface. 

The situation is displayed in the schematic cross- 
sectional view of the surface in Fig. 3. The (110) 
surface of III-V semiconductors crystallizing in the 
zincblende structure relaxes by a bond rotation of the 
surface atoms known as 'buckling' [10]. Charge 
transfer from the group-Ill (Ga) dangling bond to- 
wards the group-V (As) dangling bonds leads to this 
energetically favorable configuration. As mentioned 
above, this shifts the empty and filled surface states 
into the conduction and the valence bands, respec- 
tively. There is consensus that the bond lengths are 
conserved during relaxation of this surface. More 
generally it is known that the Pauling covalent radii 
are a better parameter than ionicities to describe the 
surface structure [11]. Consequently we suggest the 
following picture of a place where an In atom is 
situated in the surface layer: The In atom has a 
covalent radius ~ 0.2 A larger than that of Ga and 
its position is slightly higher (5e) than the plane of 
the Ga surface atoms. Intimately connected to this 
geometric relaxation will be an electronic rearrange- 
ment that shifts the empty and filled dangling bonds 
in energy. This electronic change of the surface 
dangling bonds, however, seems to be small, as seen 
by the weak influence of a surface In on its two 
neighboring As atoms (label 'A' in Fig. 2). When an 
In atom is located in the back-bond position, the 
surface As above it is pushed out of its regular 
position by Sf. Additionally the two Ga neighbors of 
the As also move slightly out of the surface (result- 
ing in the double feature at label 'B'). At label 'C in 
Fig. 2 there is an In atom in the surface layer about 
1.5 lattice sites to the left of an In atom in the first 
subsurface layer. The resulting empty- and filled-state 
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Fig. 4. (a-d) Spectroscopic imaging of an InGaAs QW and an 
AlAs/GaAs SL with the sample voltages indicated, (e) Corruga- 
tion versus sample voltage for the In atoms and for the SL. The In 
contrast is voltage independent. 

traces are a superposition of the features observed at 
'A' and 'B'. 

Further evidence that the imaging of individual In 
atoms relies predominantly on the geometric effect 
comes from spectroscopic filled-state images. Fig. 
4a-d are four such images taken from a different 
sample over a region having (AlAs)4(GaAs)4 SL 
barriers and a planar In018Ga082Al QW acquired 
with sample voltages Vs between - 1.9 and -2.5 V. 
Again, the slowly varying background of these im- 
ages has been removed. Despite the slight noise in 
the data, one can make the following observation: 
The appearance of the white features corresponding 
to In atoms in the back-bond position below the 
imaged As atoms is quite independent of the tunnel 
voltage. If the contrast arose primarily because of the 
locally disturbed electronic configuration (changed 
As surface dangling and/or back bond), one would 
expect large changes in the corrugation of the fea- 
tures. As this is not the case (see also the data for a 
wider voltage range plotted in Fig. 4e) we conclude 
that this contrast is mostly geometric in nature. (Note 
that the changes in the tip-sample separation induced 

by the different voltages are not expected to have a 
large effect on the geometric imaging.) 

The appearance of the SL, on the other hand, 
changes strongly with increasing voltage. There the 
contrast between the two darker rows corresponding 
to 4 ML of AlAs and the two brighter rows corre- 
sponding to 4 ML of GaAs decreases rapidly with 
increasing sample bias. This is the expected spectro- 
scopic behavior for an electronic contrast, because 
the energy difference between the two states matters 
less when it is small compared to the tip Fermi 
energy. It is difficult to say to what extent the SL 
contrast arises from surface states or from the 'bulk' 
(subsurface) energy bands. Note, however, that the 
appearance of the (AlAs)4(GaAs)8 SL in the empty- 
state images (Fig. 1 and top of Fig. 2a) is different 
from that observed in filled-state images (at the top 
of Fig. 2b and Fig. 4). Surprisingly, the layer con- 
trast is much less distinct in the case where the 
surface Ga and Al atoms are imaged directly 
(empty-state images). We attribute this behavior to 
the fact that empty-state imaging involves the tunnel- 
ing of electrons into conduction-band states having a 
much lower effective mass than the hole states in the 
valence band involved in filled-state imaging. These 
conduction-band states are therefore more delocal- 
ized in such a short-period SL and result in less 
distinct contrast. 

3.2. In incorporation in InGaAs QWR 

Having the ability to count In atoms in the group- 
Ill sublattice in the first two (IlO)-oriented layers, 
we can examine the incorporation of In with im- 
proved statistics. Here we show as an example the In 
concentration across the center of the QWR and 
across the QW plotted in Fig. 5 [12]. The histograms 
are the result of counting In atoms over a width of 
20.0 nm (50 lattice sites) in the case of the QWR — 
a width over which the QWR does not 'bend' much 
— and over 40.0 nm (100 lattice sites) in the case of 
the QW. The darker shading indicates the ratio of In 
atoms counted in the filled-state images. A running 
average over five rows is also plotted. A comparison 
of the histograms of In incorporation reveals the 
following: (i) For both the planar reference QW and 
the (311)-V-groove QWR there is a maximum In 
concentration of 11.5 + 1.4%. The statistical error is 
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Fig. 5. Indium concentration profiles of the QWR and QW. Light 
and dark shading indicates the ratio of In atoms counted in the 
surface (empty-state data) and the first subsurface layer (filled-state 
data), respectively. The bold line is a running average over five 
rows. One unit cell in [001] direction is equal to 2 ML. From [12]. 

calculated for the averaged data, and systematic 
counting errors are assumed to be the same for the 
QW and the QWR regions, (ii) There is a marked 
difference in the buildup of the nominal In concen- 
tration in the planar and the nonplanar situations. 
This buildup occurs over about 6 ML, in the planar 
case (three imaged rows), but is significantly slower 
for the QWR. This difference is only partly due to 
the averaging over the slightly bent center of the 
QWR. The remaining difference means that, under 
the present growth conditions, there is initially more 
Ga incorporation at the bottom of the V-groove than 
in the planar case. Several explanations are possible 
for this observation, but they are beyond the scope of 
this paper, (iii) At the InGaAs/GaAs interface the In 
segregation continues after the In flow has been 
stopped [13]. For the data presented here, the growth 
of the (AlAs)4 layers in the overlying SL shows no 
significant influence on In segregation. 

The In is not clustered beyond statistical expecta- 
tions [12]. This is in contrast to the data of Zheng et 
al. [3], who reported that the In in a 
GaAs/In02Ga08As/GaAs sample grown by MBE 
at the same growth temperature as here, but without 
the 20 s growth interruptions, exhibited strong pref- 
erential clustering in the [001] growth direction. We 
find a few larger clusters only in the filled-state 
measurement and for the horizontal [110] direction, 
which we attribute to the missing atomic resolution 
in this direction in the filled-state image. This some- 
times makes it difficult to distinguish between, say, 
two In atoms and a cluster of three In atoms. 

4. Conclusions 

We have shown that, in the case of the ternary 
InGaAs material, STM empty- and filled-state im- 
ages show the In distribution in the (110) surface and 
the first subsurface layer, respectively. Spectroscopic 
imaging revealed that the contrast mechanism is 
predominantly geometric. To within statistical error, 
we observe no preferential In incorporation in the 
crescent-shaped quantum wire at the bottom of the 
V-groove compared to a planar quantum well refer- 
ence. Strong In segregation is seen into the superlat- 
tice barriers. The cluster size distribution shows that 
In is randomly distributed on the group-Ill sublattice. 
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Abstract 

We have used cross-sectional scanning tunneling microscopy (STM) to study interface structure in arsenide/phosphide 
heterostructures grown by gas-source molecular beam epitaxy. High-resolution images of a sample grown at 550°C and 
consisting of GaAs interrupted at 200 A intervals with a 40 s P2 flux reveal phosphide interlayers as wide as 30 A and 
exhibiting lateral variations in structure over nanometer length scales. A similar sample grown at 450°C exhibits narrower 
interlayers and a lower level of phosphorus incorporation. Data obtained by STM have been corroborated by data from 
high-resolution X-ray .diffraction (HRXRD) and reflection high-energy electron diffraction (RHEED) studies. Together, 
these studies provide direct information about nanometer-scale grading and lateral nonuniformity of interfaces that can occur 
under these growth conditions. 

Arsenide/phosphide-based heterostructures have 
attracted wide interest for use in opto-electronic de- 
vice applications. For example, InGaAs/InP struc- 
tures lattice-matched to InP are of great importance 
for applications in photodiodes, modulators, and 
lasers operating at optical wavelengths near 1.55 /jum 
[1-4]. However, arsenide/phosphide hetero-inter- 
faces are extremely susceptible to atomic cross-in- 
corporation and diffusion processes, particularly at 
higher growth temperatures. During growth of In- 
GaP/GaAs heterostructures, for example, it has been 
shown that growth interrupts needed to switch the 
group V molecular beams at the hetero-interfaces 
can cause intermixing within the group V sublattice 

* Corresponding author. Tel.: +1-619-5346619; fax: + 1-619- 
5342486; e-mail: ety@ece.ucsd.edu. 

and lead to surface roughness [5,6]. Arsenide/phos- 
phide interface roughening has been observed in 
structures grown by a number of techniques includ- 
ing gas-source molecular beam epitaxy (GSMBE), 
[5-8] metalorganic molecular beam epitaxy 
(MOMBE), [9-11] and metalorganic vapor phase 
epitaxy (MOVPE) [12,13]. A detailed understanding 
of the atomic-scale structural and electronic proper- 
ties of these interfaces is therefore essential in opti- 
mizing growth parameters for arsenide/phosphide 
heterostructure devices. 

Scanning tunneling microscopy (STM) has 
emerged as a powerful tool for investigating the 
structural and electronic properties of semiconductor 
materials and devices at or near the atomic level 
because of its extremely high spatial resolution and 
its sensitivity to electronic properties of materials. 
Cross-sectional STM in particular has been used to 
study structural and electronic properties of epitaxi- 

0169-4332/96/S15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
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ally grown material and device structures in many 
different heterostructure material systems [14-23]. 

In this paper we describe cross-sectional STM 
studies of the dependence of interface structure on 
growth temperature in samples grown by GSMBE 
using AsH3 and PH3 sources cracked at 1000°C. 
Nominally identical samples were grown at substrate 
temperatures of 450°C and 550°C on exactly oriented 
(001) n-type GaAs substrates. After growing a 2000 
A GaAs buffer layer, a 25 period superlattice region 
was created by interrupting the growth of GaAs at 
200 A intervals with a 40 s P2 flux, resulting in the 
formation of interlayers containing phosphorus. 
Specifically, after growth of GaAs, the Ga shutter 
was closed and the As shutter left open for 5 s to 
form a smooth growth surface. The As shutter was 
then closed, and a 3 s pause was introduced to 
evacuate the residual gas. The 40 s P2 flux was then 
introduced to the system. After another 3 s pause to 
evacuate residual gas, As was reintroduced to the 
growth chamber. After 5 s, the Ga shutter was 
opened and GaAs growth resumed. Study of the 
compositional and structural properties of the inter- 
layers should provide insight into the quality of 
arsenide/phosphide hetero-interfaces grown under 
similar conditions. 

Samples grown for these STM studies were 
cleaved in an ultrahigh-vacuum STM system at a 
base pressure of <2X 10^10 Torr to expose an 
atomically flat (110) cross-sectional surface of the 
epitaxial layers, on which STM measurements were 
performed. Commercially available Pt-Ir tips cleaned 
in situ by electron bombardment were used for these 
studies. STM data have been corroborated by high- 
resolution X-ray diffraction (HRXRD) and reflection 
high-energy electron diffraction (RHEED) studies. 
HRXRD was carried out with a double-crystal 
diffractometer using Cu Ka, radiation monochro- 
mated by four Ge (220) crystals. X-ray rocking 
curves were obtained from the (004) reflection of 
(OOl)-oriented samples. 

Fig. 1(a) shows a high-resolution constant-current 
STM image of the sample grown at 550°C, obtained 
at a sample bias voltage of —2 V and a tunneling 
current of 0.1 nA. Since the image was obtained at 
negative sample bias, the features seen correspond to 
the group V sublattice on the cleaved (110) surface. 
[24] The uniform corrugations visible in the image 

(a) .lOnm Growth Direction 
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Fig. 1. (a) Constant-current image of the arsenide/phosphide 
heterostructure sample grown at 550°C, obtained at a sample bias 
of — 2 V and a tunneling current of 0.1 nA. Phosphide interlayers 
appear as irregularly shaped regions between the GaAs layers, (b) 
Corrugation height profiles taken along the corresponding lines 'a' 
and 'b' are indicated in the image. 

correspond to bilayers on the (110) surface. Contrast 
between the GaAs layers and the darker, irregularly 
shaped phosphide interlayers can clearly be seen. 
Such contrast is induced by differences in electronic 
features such as band offsets and carrier concentra- 
tions, rather than resulting from actual features in the 
physical topography of the cleaved sample. Specifi- 
cally, the higher valence band edge energy of the 
phosphide layer compared to the GaAs layer results 
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in the darker appearance of the phosphide interlayers 
in the filled-state images. At the arsenide/phosphide 
interfaces, lateral variations in interface structure 
over nanometer length scales can be seen. Fig. 1(b) 
shows corrugation amplitude profiles obtained from 
the STM data, at the locations indicated by the 
corresponding lines in Fig. 1(a). The image and 
profiles show that the phosphide interlayers formed 

o 

at 550 C can be as wide as 30 A with an apparent 
difference in height, induced by changes in elec- 
tronic structure, of up to 0.5 A between the phos- 
phide interlayers and the GaAs layers. 

Fig. 2 shows a high-resolution constant-current 
image of a different portion of the sample grown at 
550°C, obtained using a different Pt-Ir tip at a 
sample bias voltage of -2.5 V and a tunneling 
current of 0.1 nA. Though the image in Fig. 2 was 
obtained at a slightly different bias voltage than the 
image in Fig. 1(a), negligible differences in contrast 
were observed in images obtained from a given 
sample over this range of bias voltages. With this 
particular STM tip, individual GaAs bilayers are not 
as clearly seen as they are in Fig. 1(a); however, 
electronically induced contrast between the brighter 
GaAs layers and the darker phosphide interlayers is 

still visible in the image. The growth direction of the 
sample is indicated in the figure. Closer inspection of 
Fig. 2 shows that the interfaces between GaAs layers 
and phosphide interlayers appear sharper at the top 
of the phosphide growth fronts (i.e., at the left-hand 
side of the interlayers shown in the image), and more 
diffuse at the bottom of the phosphide growth fronts. 
This suggests that at the locations of the P2 growth 
interrupts, phosphorus at the surface diffuses down- 
ward into previously grown GaAs layers. If the 
phosphorus at the surface were to carry over into 
subsequently grown GaAs, then the tops of the phos- 
phide growth fronts would be expected to appear 
diffuse as well. However, the STM images suggest 
that this process of phosphorus carry-over appears 
much weaker than the process of phosphorus diffu- 
sion into the material below. 

Fig. 3(a) shows a constant-current image of the 
sample grown at 450°C, obtained at a sample bias 
voltage of —2.5 V and a tunneling current of 0.1 
nA. As was the case in the comparison between Fig. 
1(a) and Fig. 2, negligible differences in contrast 
were observed in images obtained from a given 
sample over bias voltages ranging from —2.5 V to 
— 2.0 V. Electronically induced contrast between the 

,10nm Growth Direction 

■?* 

■mm 

t GaAs t 
P 

GaAs 

Fig. 2. Constant-current image of the arsenide/phosphide heterostructure sample grown at 550°C, obtained at a sample bias of —2.5 V and 
a tunneling current of 0.1 nA. Phosphorus at the growth surface appears to diffuse down into previously grown GaAs layers rather than 
carrying over into subsequently grown GaAs layers. 
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Fig. 3. (a) Constant-current image of the arsenide/phosphide 
heterostructure sample grown at 450°C, obtained at a sample bias 
of —2.5 V and a tunneling current of 0.1 nA. Phosphide interlay- 
ers are clearly narrower than those found in the sample grown at 
550°C. (b) Corrugation height profiles taken along the correspond- 
ing lines 'a' and 'b' are indicated in the image. 

GaAs layers and the phosphide interlayers is still 
visible in the image. This contrast is smaller than 
that observed in images of the sample grown at 
550°C, suggesting differences in electronic structure 
of the phosphide interlayers between the two sam- 
ples. The image shows that the interlayers are clearly 
narrower in width than those found in the sample 
grown at 550°C. Fig. 3(b) shows corrugation ampli- 
tude profiles obtained from the STM data at the 
locations indicated by the corresponding lines in Fig. 
3(a). The profiles confirm that at 450°C the phos- 

phide interlayers are narrower in width and exhibit 
smaller corrugation amplitudes, reflecting a lower 
level of phosphorus incorporation. 

Data obtained by STM have been corroborated by 
high-resolution X-ray diffraction and reflection 
high-energy electron diffraction experiments. Fig. 4 
shows X-ray rocking curves obtained from the sam- 
ples. The large peak to the right of the substrate peak 
in both plots is attributed to a combination of the 
zeroth-order superlattice peak and a peak corre- 
sponding to the initially grown buffer layer. Since 
both arsine and phosphine are injected into the same 
cracker during growth, there is a background incor- 
poration in the buffer and superlattice regions of 
residual phosphorus from previous growth runs [25]. 
Closer analysis of this peak leads to a determination 
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Fig. 4. High-resolution X-ray diffraction (HRXRD) spectra of the 
sample grown: (a) at 550°C and (b) at 450°C. The spectrum for 
the sample grown at 550°C shows stronger satellite peaks, indicat- 
ing the presence of a more pronounced periodic structure. 
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of a background phosphorus level of approximately 
3%. Superlattice peaks arising from the periodic 
interlayer structure are also visible in the spectra. 
The rocking curve from the sample grown at 550°C, 
shown in Fig. 4(a), shows stronger satellite peaks 
than the rocking curve from the sample grown at 
450CC, shown in Fig. 4(b), indicating the presence of 
a more pronounced periodic interlayer structure in 
the sample grown at higher temperature. By measur- 
ing the spacing between the satellite peaks visible in 
the spectrum of the sample grown at 550°C. the 
period of the superlattice structure is calculated to be 
approximately 210 A. For the sample grown at 450°C, 
the presence of only very weak satellite peaks in the 
X-ray diffraction spectrum is indicative of a lower 
level of phosphorus incorporation in the interlayers, 
which is consistent with the data obtained by STM. 

RHEED patterns obtained during the growth of 
both samples show changes in the surface recon- 
struction immediately after the growth of GaAs is 
halted and the surface exposed to a P2 flux. At 
550°C the reconstruction changes from 2 X 4 to 2 X 
3, indicating the presence of a phosphorus-stabilized 
surface. The 2X3 surface reconstruction remains 
stable under the subsequent group V change from P, 
to As2, and changes back to the 2X4 state only 
when the growth of GaAs is resumed. The change in 
reconstruction from the 2X3 to the 2X4 state 
occurs over an interval of 1-2 s. At 450°C the 
surface reconstruction changes from 2X2 to 2X3 
after the surface is exposed to a P2 flux, again 
indicating the presence of a phosphorus-stabilized 
surface. The surface reconstruction then changes back 
to the 2X2 state immediately upon resumption of 
the As, flux, but before GaAs is grown. The longer 
switching time from a phosphorus-stabilized surface 
to an arsenic-stabilized surface at higher substrate 
temperatures has significant implications for ar- 
senide/phosphide heterostructure materials and de- 
vices grown under similar growth conditions. 

RHEED patterns at both temperatures under the 
40 s P2 flux remained streaky throughout sample 
growth, indicating that a flat growth surface is main- 
tained. Fig. 5 shows RHEED patterns observed in 
samples grown with longer P2 growth interruptions. 
All patterns were obtained for the [HO] scattering 
direction. Fig. 5(a) shows the RHEED pattern of the 
sample surface at 550°C during GaAs growth (i.e., 

550"C. As, flux 

550'C, 1 min. applied Pj flux 

450'C, 1 min. applied P, flux 

Fig. 5. (a) Streaky RHEED pattern indicating a Hal growth surface 
at 550°C. (b) Spotty RHEED pattern indicating the presence of 
island growth at the surface at 550°C after a 60 s P: flux, (c) 
Streaky RHEED pattern indicating a Hat growth surface at 450°C 
after a 60 s P, flux. 

under applied As, flux). The streaky pattern that is 
observed indicates planar growth. Fig. 5(b) shows 
the RHEED pattern of the surface after an applied P, 
flux of 60 s duration. The pattern changed from 
streaky to spotty in appearance, indicating the pres- 
ence of island growth. Fig. 5(c) shows the RHEED 
pattern of the surface at 450°C after an applied P, 
flux of 60 s duration. In contrast to the pattern seen 
in Fig. 5(b), the pattern seen at 450°C remained 
streaky not only at the end of the 60 s P, flux, but 
even after several minutes of applied P, flux. These 
results suggest a roughening of the growth front 
under applied P, flux at higher substrate tempera- 
tures. 
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These results are consistent with other studies of 
arsenide/phosphide growth fronts exposed to phos- 
phorus and arsenic beams. Nagao et al. [8] used 
X-ray photoelectron spectroscopy (XPS) and Auger 
electron spectroscopy (AES) to characterize GaAs 
surfaces exposed to a cracked phosphorus beam for 
60 s at surface temperatures ranging from 490 to 
590°C. They report the formation of a 20 to 30 A 
thick P-rich/As-poor layer at the surface, with the 
thickness of this layer increasing at higher substrate 
temperature. The surface roughening of an arsenide 
growth front upon exposure to a P2 flux has also 
been reported by other groups [6,7]. Our studies 
confirm these results and provide more direct and 
detailed information about the local nanometer-scale 
lateral variations and asymmetry present in ar- 
senide/phosphide interlayer structure. 

In summary, we have used cross-sectional scan- 
ning tunneling microscopy to characterize interface 
structure in arsenide/phosphide heterostructures 
grown by gas-source molecular beam epitaxy. High- 
resolution constant-current images of samples con- 
sisting of GaAs interrupted at 200 A intervals with a 
40 s P2 flux show electronically induced contrast 
between the GaAs layers and the phosphide interlay- 
ers. STM data obtained from the sample grown at 
550°C show lateral variations in interface structure 
over nanometer length scales. Corrugation profiles 
obtained from constant-current images indicate that 
at 550°C phosphide interlayers up to 30 A in width 
are formed, with an apparent difference in height, 
induced by changes in electronic structure, of up to 
0.5 A between the phosphide interlayers and GaAs 
layers. The images also suggest that during P2 growth 
interrupts at 550CC, phosphorus at the surface dif- 
fuses into previously grown GaAs layers rather than 
carrying over into subsequently grown GaAs layers. 
STM data obtained from the sample grown at 450°C 
reveal phosphide interlayers which are narrower in 
width and exhibit lower topographic contrast, reflect- 
ing a lower level of phosphorus incorporation. The 
X-ray diffraction spectrum from the sample grown at 
550°C shows a more pronounced periodic structure 
than the spectrum obtained from the sample grown at 
450°C, consistent with STM data. RHEED data ob- 
tained during sample growth show that a longer time 
is needed to switch from a phosphorus-stabilized 
surface to an arsenic-stabilized surface at higher 

substrate temperatures. Together these studies 
demonstrate that there is a strong dependence of 
interfacial abruptness on growth temperature, and 
also show that cross-sectional STM can provide di- 
rect information about nanometer-scale grading and 
lateral nonuniformity of interfaces that can occur 
under these growth conditions. 
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Abstract 

Atomic force microscopy (AFM) in air was used to study the (110) and (001) surfaces of III-Wheterostructures, grown 
by organometallic chemical vapor deposition (OMCVD) on planar or patterned (001) substrates. Topographies of the grown 
(001) surfaces as well as of (IlO) cleaved cross-sections were examined. Although contamination and oxidation processes in 
air are expected to modify the structure of the surfaces in both cases, the AFM height profile, taken at constant force, yields 
structural information down to the monolayer level. On a cleaved surface of a III-V-heterostructure exposed to air, a natural 
oxide layer starts to grow immediately after cleaving. The growth rate of the oxide depends on the material composition and 
thus the topography can be used to map the composition within the scanned area. We used the AFM to characterize the 
growth of oxide on AlXG&{ _x As- and GaAs-layers, and performed imaging of Al^Gaj _ x As/GaAs heterostructures utilizing 
the topography for composition identification. On the (001) surface of GaAs and InP, exposed to air, we observed terraces, 
separated by steps of monolayer height, and exhibiting a staircase-like morphology. Average terrace size and direction 
depend on the misorientation of the substrate. Formation of isolated growth islands, probably due to spontaneous nucleation, 
was also observed. 

1. Introduction 

Modern epitaxial growth of semiconductor het- 
erostructures requires efficient methods for charac- 
terizing the grown layers, capable of yielding rapid 
and accurate information on the layer thickness, 
composition, growth direction and surface morphol- 
ogy on an atomic scale. Traditionally, scanning and 
transmission electron microscopy (SEM and TEM) 
of cross-sections or surfaces has been used for high- 
resolution (nm or sub-nm) imaging. Unfortunately, 
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these methods suffer from several drawbacks, partic- 
ularly complicated and time-consuming sample 
preparation in the case of TEM, and relatively low 
resolution and poor contrast in the case of SEM. 

Scanning probe microscopy (SPM), especially 
scanning tunneling microscopy (STM) and atomic 
force microscopy (AFM), has been developed as a 
versatile technique combining simple operation and 
the capability for achieving atomic resolution on the 
(001) and on cleaved (110) or (110) surfaces of 
III-V-semiconductors [1-4]. STM of samples 
cleaved under ultra-high vacuum (UHV) conditions 
have been employed to perform imaging of 
GaAs/AlGaAs heterostructures with atomic resolu- 
tion [2], including identification of single oxygen 
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atoms on the surface [5]. These techniques necessi- 
tate expensive UHV-equipment and require more 
careful SPM techniques as compared with SPM in 
air. 

In the case of SPM in air the exposure of the 
surface to air leads to chemical reactions, especially 
with molecular oxygen, which complicates the inter- 
pretation of tunneling spectroscopy [6]. Although the 
reaction of oxygen with clean III-V-semiconductor 
surfaces has been extensively studied using surface 
sensitive techniques [7-9], there is only little knowl- 
edge about the structure of these surfaces under 
ambient conditions and the nature of the oxide growth 
in reactive AlGaAs compounds. The generalization 
of SPM to these non ideal surfaces is important for 
applications in device fabrication processes. AFM 
under ambient conditions is the ideal tool for such 
studies, because of its insensitivity to the detailed 
electronic structure of the scanned surface and its 
rapid application, without complicated sample prepa- 
ration steps. 

We studied the growth of native oxides on the 
cleaved (TlO) surface of GaAs and Al xGa,_x As- 
lay ers with known Al mole fractions x, using the 
AFM to measure the height profiles at constant 
force. Using the difference in oxide height to distin- 
guish between various heterostructure layers, we then 
performed AFM imaging of semiconductor nanos- 
tructures, particularly quantum wells (QWs) and 
quantum wires (QWRs). We also find that the forma- 
tion of oxide on the (001) surface of GaAs and InP 
does not impede the use of AFM to visualize the 
morphology on an atomic scale [10-12], showing 
one monolayer terraces. We analyzed the step height 
and terrace size on GaAs and InP surfaces grown at 
different temperatures. Assuming that the oxidized 
morphology reflects the morphology during growth, 
we find that AFM in air is a useful technique for 
analyzing the mechanisms of epitaxial growth. 

2. Experimental 

The semiconductor layers and structures investi- 
gated in the present work were grown by 
organometallic chemical vapor deposition (OMCVD) 
either on planar, exactly oriented (etch pit density 
< 1000 cm-2) (001) GaAs (±0.1°) or on (001) InP 

(±0.03°) substrates. Only the Ga05In05P/GaAs 
heterostructure, used for calibration of GaAs oxide 
growth, was grown by chemical beam epitaxy (CBE) 
on exactly oriented GaAs (001). For OMCVD growth 
we used trimethylaluminium TMA1 (0.006-0.156 
Pa), trimethylgallium TMGa (0.152 Pa), trimeth- 
ylindium TMIn, arsine AsH3 (33 Pa), phosphine and 
H2 as carrier gas in a standard low-pressure (20 hPa) 
horizontal reactor with a rotating susceptor plate at a 
total flux of 6 1/min. The substrate temperature was 
between 600 and 750°C, depending on the grown 
structure. OMCVD growth on substrates corrugated 
with ~ 0.25 [im deep V-grooves, oriented along the 
[Tl0]-direction, made by holographic-lithography and 
wet chemical etching, was utilized for nonplanar and 
QWR growth studies. The details of the nonplanar 
growth as well as TEM studies of such QWR struc- 
tures are described in detail elsewhere [13,14]. 

For cross-sectional studies the samples were 
cleaved in air and at room temperature, then mounted 
vertically in a specially designed AFM holder. The 
edge region of the cleaved surface was scanned with 
a silicon tip in contact or tapping mode at a constant 
force in the range of 0.1 nN. SEM images indicate a 
radius of curvature of r~ 15 nm for the tips used. 
Accurate z-calibration of the piezoscanner were 
achieved by measuring the height of steps on a (001) 
graphite surface, which were found to be multiples 
of the thickness of a monoatomic layer. From this we 
deduced that the systematic error in our height mea- 
surements is smaller than 0.05 nm. On the graphite 
crystallographic planes atomic resolution was ob- 
tained and the average noise was 0.03 nm. For 
studies on the (001) oriented surface the samples 
were glued directly on the scanning piezo crystal. 
The surface was exposed to air for a period varying 
between several minutes and several weeks prior to 
investigation by AFM. Tapping mode AFM was 
found to lead qualitatively to the same results as 
obtained with contact mode, but with a lower noise 
level. 

3. Results and discussion 

3.1. AFM of the cleaved (llO) surface 

Two calibration samples were grown on planar 
(001) GaAs-substrates for the purpose of studying 
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the oxide growth on the cleaved edge. The first 
consisted of a stack of 20 pairs of 65 nm thick 
GaAs-layer and 69 nm thick Ga,)5In()5P-layer. The 
second was composed of nine layers of Al vGa, _ v As, 
with composition x ranging from 0.12 to 0.72 and 
thickness of 85-260 nm. separated by 75 nm thick 
GaAs-spacers. The Al mole fractions were inferred 
from growth rate calibration and verified by X-ray 
diffraction measurements. We used the AFM to im- 
age the cross-section of the cleaved samples in air at 
room temperature. 

AFM images of both samples after 18 h of oxida- 
tion are shown in Fig. 1 and Fig. 2. The oxidized 
GaAs-layers appear as lighter (higher) than the inter- 
mediate Ga()5In05P-layers in the image of the 
Ga()5In()5P/GaAs heterostructures (Fig. I). Fig. 2 
shows that the oxidized Al vGa|_vAs-layers stick 
higher than the neighboring GaAs-layers, by an 
amount which increases with mole fraction x. For 
high Al mole fractions and large exposure times the 
height profiles show fluctuations which could be due 

to inhomogeneities in the oxidation process for the 
corresponding Al-concentrations. 

We studied the evolution of the height profile for 
both samples as a function of exposure time in air. In 
Fig. 3 we plot the mean height difference between 
GaAs and Ga()5In()5P as a function of time after 
cleavage. The height difference increases quickly 
from an initial value of 0.2 nm four minutes after the 
cleave up to a nearly saturated difference of about 
0.5 nm. The same results were obtained for dark as 
well for normal light conditions. The effect of oxida- 
tion of Ga05In()5P can be neglected; the oxidation 
rate of InP was reported to be much smaller than that 
of GaAs [7,8]. The measured height difference can 
thus be assigned to the thickness of the oxidized 
GaAs. 

The mechanism of oxidation of a (110) GaAs 
surface was extensively investigated [7-9] and was 
explained by the formation of a protective layer on 
top of the cleaved surface, consisting of elemental 
arsenic and Ga20, [15], which acts as a diffusion 

GaInPxGaAs xGaInP,GaAs , GalnP/GaAs^GalnP, 

250 

, 0 niM 

0.5 nM 

■0.0 HM 

250 500  nM 

Fig.  1. AFM topographical image of the cleaved (110) surface of a GaAs/Ga05In,l5P (65 nm/69 nm) heterostructure after 18 h of 
oxidation, taken at constant force in contact mode. 
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Fig. 2. AFM height image of the cleaved (110) surface of a Al^Ga^ vAs/GaAs heterostructure after 18 h of oxidation, taken at constant 
force in contact mode. Nine layers of Al^Ga, _.,As with increasing Al mole fraction x and thickness are embedded between GaAs-layers of 
a nominal thickness of 75 nm. 

barrier. It was shown that activated adsorption leads 
to a formation of a thin oxide film after 106 L 
oxygen; this roughly corresponds to an exposure 
time of 0.1 ms in air, much shorter than our observa- 
tion time scale. After this virtually instantaneous 
formation of an initial oxide layer, the growth of the 
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Fig.  3.  Mean  height difference between  oxidized GaAs  and 
Ga0 5In0 5P as a function of exposure time in air. 

oxide proceeds in the so-called field-aided oxidation 
mode. A strong electric field induced by adsorbates 
bonded to surface states is set up across the oxide 
layer, which pulls substrate or oxygen ions through 
the non reacting oxide layer. This model, first pro- 
posed by Cabrera and Mott for metal oxidation [16], 
yields an inverse logarithmic growth law for the 
oxide thickness A as a function of time t which, in 
our case of high exposures, gives: 

I=fl + ita(0. (1) 

The fitting parameter ft, = eV/kT is proportional to 
the Mott potential V, set across the oxide film. For 
long exposure times and sufficiently thick films, the 
field assisted oxidation is not effective any more and 
thermal diffusion becomes the dominant mode, lead- 
ing to a logarithmic growth law. We fitted Eq. (1) to 
the GaAs height data obtained by the AFM and 
found a good agreement up to 70 min of exposure. 
For longer times we observed logarithmic growth 
behavior of hit). This agrees well with the model of 
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Fig. 4. Mean height of oxidized AlA.Ga,_^As with respect to 
Ga05In05P for different Al mole fraction as a function of expo- 
sure time in air. The corresponding data for the oxidation of GaAs 
are given by the dashed line at the bottom. 

field aided oxidation followed by diffusion related 
oxide growth, similar to the behavior in metals [17]. 

To properly account for the oxidation of GaAs in 
the Al/ja^jAs/GaAs structure, we added the 
height of oxidized GaAs from Fig. 3 to the measured 
mean height difference between oxidized 
Al^Ga^^As and GaAs, taken from the data of Fig. 
2. In Fig. 4 we plot this sum as a function of time for 
different Al-concentrations, together with the corre- 
sponding curve for GaAs, shown as a dashed line at 
the bottom of the figure. The initial Alj.Ga^^As 
height increases with increasing Al mole fraction x. 
For each composition, the time dependence of the 
height can be modeled in a way similar to that for 
GaAs. The oxide growth proceeds up to a certain 
exposure time in the field-aided oxidation mode, 
followed by thermal diffusion induced growth. The 
time at which a transition between the two modes of 
growth is observed slightly increases with increasing 
x, from 70-150 min for x = 0.12 and x = 0.72, 
respectively. The coefficient hx, which is assumed to 
be proportional to the Mott potential V, and the 
slopes of the fits in the diffusion controlled time 
range also increase with increasing x. This behavior 
can be explained either by the higher electrochemical 

potential of aluminium compared with gallium or by 
a higher mobility of the smaller Al-ions, leading in 
both cases to faster oxide growth. The roughness of 
the Al^Gaj.^As-oxide surface is similar to the 
roughness of the GaAs-oxide surface for mole frac- 
tion x up to 0.5 and then slowly increases with 
increasing x. In the extreme case of an 80 nm thick 
AlAs-layer embedded in GaAs, we observed very 
fast oxide formation (30 nm height after 5 min), 
resulting in a rough, high (200 nm after a day) and 
broad (150 nm) oxide region, which is presumably 
the result of three dimensional growth of porous 
oxide. The dimensions of the original AlAs-layer can 
only be roughly deduced from the resulting height 
profile of the AlAs-oxide. 

From the discussion above we conclude that the 
mode of oxide growth on the cleaved surface of 
Al/ja^jAs (x < 0.7) proceeds in a way similar to 
the oxidation of GaAs, differing only quantitatively 
in the reaction rates. The smooth surface over large 
areas and the low growth rate of the oxide (< 1 
nm/h) indicate quasi-epitaxial formation of these 
thin films. After 200 min of oxidation a quasi stable 
height profile is reached, which is only slowly 
changing with time. The height differences between 
GaAs and Al^Ga^^As as a function of x can be 
used for inferring the Al-concentration from the 
height profile of a given sample at a given exposure 
time. 

For Al-concentrations in the range 0 < x < 0.72, 
we used the difference in height to identify composi- 
tion and thickness of layers deposited on NP-sub- 
strates. As an example for this application we show 
cross-sectional AFM images of two samples: one 
consisting of GaAs-layers, nominally 60 nm thick, 
separated by 4 nm thick Al05Ga05As-markers (Fig. 
5), the other with Al05Ga05As-layers (50 nm) and 
nominally 3 nm thin GaAs-markers (Fig. 6), both 
grown under similar conditions on NP-substrates as 
described above. The nominal thickness values are 
given for growth on a planar (001) surface. The thin 
marker layers are in both cases easy to distinguish, 
and we can thus observe the planarization process of 
the grown layers and the formation of QWRs, and 
can measure the crystalline directions and growth 
rates of the observed facets. The oxide height differ- 
ence between the Al05Ga05 As-lay er and the GaAs- 
substrate is in both cases around 0.5 nm, comparable 
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Fig. 5. AFM height image of the cleaved (TlO) surface of a nonplanar GaAs/Al05Ga05As heterostructure after 3 h of exposure to air. 
Several Al0 5Ga0 5 As-layers of a nominal thickness of 4 nm were grown at a temperature of 750°C, sandwiched between nominally 62 nm 
thick GaAs-layers on a nonplanar GaAs substrate, consisting of V-shaped grooves (0.5 p,m wide, 0.25 /im deep, 0.5 /j,m pitch). The light 
stripe running horizontally through the structure is due to imperfect cleave. 
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Fig. 6. AFM height image of the cleaved (TlO) surface of a nonplanar Al05Ga05As/GaAs heterostructure after 3 h of exposure to air. 
Several GaAs layers of a nominal thickness of 2.5 nm were grown sandwiched between 50 nm thick AI()5Ga05As on a nonplanar GaAs 
substrate, consisting of V-shaped grooves (0.5 jiim wide, 0.25 p,m deep, 0.5 p,m pitch). The growth temperature for the first seven layers 
was 750°C and then decreased to 650°C during growth of the 100 nm thick Al0 5Ga0 5As layer, indicated by the arrow. 
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to the height difference obtained after three hours of 
oxidation of the Al05Ga05As/GaAs calibration het- 
erostructure. The relatively large diameter of the 
AFM tip (about 30 nm) hinders a penetration of the 
groove, resulting in a reduced height difference (h~ 
0.12 nm instead of 0.5 nm) in the case of the thin 
GaAs-layer and in a larger measured width (15 nm 
instead of 4 nm) of the thin Al0 5Ga0 5As ridge (Fig. 
6). A simple model, describing the imaging of a 
structure (groove or ridge) which is smaller than the 
diameter of the tip [18], shows that the measured 
height of a thin ridge should be correct, whereas its 
width should appear larger, as found in the experi- 
ments. In the case of a groove, the depth appears 
reduced, but the imaged width corresponds to the 
real value. We compared cross sectional TEM im- 
ages of the sample shown in Fig. 6 with the AFM 
picture and obtained a good agreement for the di- 
mension of the GaAs-layer, with an uncertainty of 
0.5 nm in the lateral dimension of the layer, probably 
determined by lateral oxide growth. 

In Fig. 6, the region where the AlGaAs-growth 
proceeded  on   the   (001)   surface   appears   lighter 

(higher) than the region, corresponding to the growth 
inside the grooves. This behavior, observed consis- 
tently in cross-sectional AFM or TEM-images of 
such structures, is due to a different incorporation 
rate of Al or Ga-atoms on different crystal facets. 
The Al mole fraction difference between both re- 
gions is 0.07, found by translating the height differ- 
ence to ^-values. We can also distinguish a dark 
band in the center of the V-groove, formed along the 
[001]-direction, which is the result of Ga-accumula- 
tion in this region during growth [14]. 

3.2. AFM of the (001) surface 

Two dimensional growth is assumed to be the 
major process in OMCVD on (001) surfaces. Ad- 
sorption of atoms or molecules on the surface, fol- 
lowed by two-dimensional diffusion and preferential 
attachment to steps or kinks, leads to the formation 
of growth islands or large terraces, separated by 
steps of one or a few monolayer height. The migra- 
tion of these steps over the growing surface can be 
determined by in situ spectroscopy during OMCVD 

5.00 

-2.50 

5.0 nM 

2.5  riM 

■0.0 nM 

[110] 

[no] 

2.50 
I 0 

5.00 MM 

Fig. 7. AFM height image of the (001) surface ( + 0.1° oriented) of GaAs, grown at 750°C on an n-type substrate, exposed for more than 40 
h to air. 
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[19-23]. Several features of surface morphology, 
such as step density and height, island size or terrace 
width, are characteristic of a given set of growth 
parameters, including temperature, partial pressures 
of organometallics and hydrides, or the initial orien- 
tation of the substrate. Ex situ AFM-imaging in air, 
after the growth process is completed, can be applied 
to visualize surface morphology if the modification 
of the morphology due to oxidation and contamina- 
tion is small enough. As we showed above the oxide 
growth on the (110) surface nearly saturates at a 
thickness of ~ 0.6 nm for GaAs and < 2 nm for 
Al058Ga042As after several days of exposure. We 
also saw that the surface of this oxide stays atomi- 
cally smooth (RMS of 0.05 nm) up to Al-concentra- 
tion of x = 0.5. Since the oxide growth rate on the 
(001) surface was found to be lower than on the 
(110) surface in the case of high temperatures [24], it 
can be assumed that the oxidation rate at room 
temperature is as well lower. In addition, the surface 
is covered after growth during the sample cooling 
under AsH3-overpressure with at least two layers of 

arsenic, forming a c(4 X 4) reconstruction 
[20,22,25,26], which probably delays oxidation pro- 
cess. 

The (OOl)-GaAs and (OOl)-InP surfaces we stud- 
ied ex situ with AFM were grown at 750°C and 
695°C, cooled down under AsH3- or PH3-overpres- 
sure and, after unloading from the reactor, exposed 
to air for at least 40 h. On a large number of 
samples, which appeared flat under optical and scan- 
ning electron microscopes, we observed large ter- 
races separated by more or less parallel monolayer 
steps (Fig. 7 and Fig. 8). We measured the rms- 
roughness of the terraces surface by calculating vari- 
ance of height values over an area defined on a 
single terrace. The roughness is lower for tapping 
mode (rms = 0.04 nm) than for contact mode (rms = 
0.1 nm), probably due to lower noise of the AFM- 
apparatus in this mode. Similar values of roughness 
were found for (OOl)-InP, (OOl)-GaAs and graphite 
surfaces. We therefore conclude that the surfaces are 
at least as smooth as the measured rms-value, and 
thus used tapping mode for obtaining images of 
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Fig. 8. AFM height image of the (001) surface (±0.03° oriented) of InP, grown at 695°C on a semi-insulating substrates (Fe-doped), 
exposed for more than 40 h to air. 
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higher quality, including the images shown in Fig. 7 
and Fig. 8. We carefully analyzed the step height and 
found a mean value of 0.275 + 0.02 nm for GaAs 
and 0.295 + 0.02 nm for InP. These values corre- 
spond to the height of a monolayer (a/2) of GaAs 
and InP, and show that the corresponding oxides, 
probably grown pseudomorphically, depict well the 
underlying structure and step height of the original 
surface. Since the lateral extent of the oxide growth 
can be assumed to be smaller than 0.6 nm, as found 
in the cross-sectional studies of the (110) surface, we 
can conclude that the AFM image of the sample after 
oxidation well represents the original surface mor- 
phology. 

The typical flow direction of the steps was [120] 
on the (001) GaAs- and [110] on the (001) InP- 
surface, and is probably determined by the initial 
substrate miscut. The average spacing between the 
terraces was found to be 140 nm and 340 nm for 
semi-insulating and n-doped GaAs-substrates, and 
620 nm for Fe-doped InP, corresponding to initial 
misorientations of ~0.12°, 0.048° and 0.027°, re- 
spectively. The edges of the steps are more rounded 
in the case of the GaAs-surface. For InP the step 
edges show kinks, with borders oriented along the 
[110]- and [110]-direction. In both cases, isolated 
growth islands appear typically on the terraced sur- 
face and can be explained by 2D-island nucleation 
growth. The mean radius of 670 nm of the GaAs 
islands gives a lower limit for the adatom diffusion 
length at these conditions, in agreement with the 
findings (~ 800 nm) of Kisker et al. [19], based on 
grazing incidence X-ray scattering (GIXS) data, ob- 
tained in situ during GaAs-growth using tertiary 
butyl arsine. We performed additional investigations 
of surfaces of (Al, Ga, In) (As, P) grown at different 
growth conditions and observed a similar behavior. 

ties of AlxGa,_xAs in air were also investigated 
with this technique. While the AFM image does not 
have the resolution of TEM or STM (we estimate the 
resolution to be ~ 1 nm), it is far superior to cross- 
sectional SEM and can be obtained without compli- 
cated sample preparation. Our studies demonstrate 
that AFM imaging of heterostructures in air is capa- 
ble of detecting GaAs-layers, embedded between 
AlGaAs, with a thickness as small as 1 nm, with an 
accuracy of +0.5 nm. The Al mole fraction can be 
determined with an accuracy of 0.1 using a calibra- 
tion curve measured at a specific time after cleaving. 
The application to other heterostructures (i.e. 
Ga05In05P/GaAs), where oxidation differences are 
not as pronounced as for AlA_Ga05As/GaAs, is pos- 
sible, but demands an AFM with lower noise and 
higher z-resolution. AFM images of the oxidized 
(001) surface of GaAs and InP, after several days of 
exposure to air, provide structural information about 
the surface morphology after OMCVD growth. Such 
images can be used to investigate the growth mecha- 
nisms with monolayer resolution as a function of 
growth parameters. 
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Abstract 

Scanning tunnelling microscopy (STM) and reflection high energy electron diffraction (RHEED) have been used to study 
the deposition of Si in the presence of an arsenic flux at 560°C on vicinal GaAs(001)-(2 X 4) surfaces grown in situ by 
molecular beam epitaxy (MBE). RHEED studies showed that the surface structure changed from (2 X 4) to asymmetric 
(3 X 1) at a Si coverage of ~ 0.1 ML, before a symmetric (3X1) structure was formed at a coverage of ~ 0.4 ML. 
Deposition of low coverages of Si (< 0.1 ML) resulted in a disordered surface with STM images showing a high degree of 
kinking of the (2 X 4) surface. The disorder is caused by Si atoms occupying the vacant Ga sites in the missing dimer 
trenches of the clean (2 X 4) surface. With increasing Si coverage, neighbouring Si atoms in the trenches are eventually 
covered with As, bridging the missing dimer trenches and forming elongated rectangular units. The number of these units 
becomes greater as the coverage of Si is increased and there is a change in periodicity from 8 to 12 A along [110] consistent 
with the appearance of the symmetric (3 X 1) RHEED pattern. Detailed studies carried out on vicinal surfaces, offcut by 1° 
towards both (111)A and (11 l)B planes, showed that for coverages up to 0.5 ML of Si, the distribution of the Si is uniform 
across the surface and there is no preferential interaction with the step edges. 

1. Introduction 

The interaction of Si with GaAs(OOl) surfaces has 
been the focus of a number of studies in the last few 
years primarily because of the interest in applications 
such as Si S-doping [1] and the passivation of GaAs 
surfaces by Si for improved ohmic contacts [2]. 
Reflection high energy electron diffraction (RHEED) 
studies of Si deposition on GaAs(OOl) have revealed 
a number of different structural changes depending 

' Corresponding author. Tel.:   +44-171-5945794; fax:   + 44- 
171-5945801; e-mail: t.jones@ic.ac.uk. 

on the initial surface reconstruction, the substrate 
temperature and the presence or absence of As dur- 
ing the deposition process [3-14]. In general, the 
presence of a three-fold periodicity in the RHEED 
pattern only occurs when Si is deposited in the 
presence of an As flux [11-14]. 

For the formation of Si S-doped structures on 
GaAs(OOl) surfaces, it is necessary to carry out the 
deposition at low substrate temperatures (400°C) in 
order to minimise the spreading of the Si atoms 
away from the S-plane [15,16]. Under these condi- 
tions, deposition takes place on the As-rich c(4 X 4) 
reconstruction [17]. RHEED studies have shown that 
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the structure changes to an asymmetric (3X1) and 
then a symmetric (3 X 1) after the deposition of 0.5 
ML of Si [11,12]. Recent STM measurements sug- 
gest that the additional As layer of the c(4 X 4) 
reconstruction acts as a surfactant, leading to a dimer 
exchange mechanism at the surface and the forma- 
tion of a series of ordered 'needle-like' islands 
[12,14,18]. 

RHEED studies at higher substrate temperatures 
on the GaAs(001)-(2 X 4) surface also show the 
transition from an asymmetric to symmetric (3X1) 
structure with increasing Si coverage [4]. Detailed 
STM studies have shown that the Si preferentially 
occupies vacant Ga sites in the missing dimer 
trenches of the (2 X 4) reconstruction [13]. The re- 
sulting three-fold periodicity in the diffraction pat- 
tern is a consequence of the Si being covered with 
As and the surface is characterised by a series of 
rectangular blocks of As dimers. 

It has recently been suggested that Si doping 
wires may be formed on vicinal GaAs(001)-(2 X 4) 
surfaces due to the preferential attachment of Si 
atoms at step edges [19-21]. In order to investigate 
further any possible influence of steps in the adsorp- 
tion of Si at the GaAs(OOl) surface, we have carried 
out an STM and RHEED study for deposition on 
vicinal surfaces at 560°C in the presence of an As 
flux. For these deposition conditions, we find that 
the adsorption behaviour is not influenced by the 
step edges; the Si preferentially occupies vacant Ga 
sites in the missing dimer trenches of the (2 X 4) 
reconstruction and there is no evidence for the for- 
mation of Si wires. 

2. Experimental 

The experiments were performed in a combined 
ultra high vacuum STM (Omicron) and molecular 
beam epitaxy (MBE) growth chamber (DCA Instru- 
ments, Finland) linked via a gate valve. The n + 

Si-doped GaAs(OOl) substrates were mounted with 
indium onto molybdenum plates and transferred to 
UHV without any ex situ preparation. After initial 
outgassing at 300°C and removal of the native oxide 
at 600CC, buffer layers of 500 nm thickness were 
grown at 0.5 ML s-1, at a substrate temperature of 
560°C and an As4 pressure of 2.4 X 10"6 mbar. A 

silicon dopant concentration of 5.8 X 1017 atoms 
cm-3, calibrated by secondary ion mass spectrome- 
try (SIMS) depth profiling of a staircase structure 
with up to 5 X 1018 atoms cm'3 of Si, was used 
throughout growth except for the last 100 ML. The 
grown samples were then annealed for approxi- 
mately 10 min at 560°C under an As4 flux. The 
(2 X 4) surface reconstruction was monitored by 
RHEED throughout the growth and annealing pro- 
cess. The samples were then cooled to 400°C over a 
period of about 2 min and transferred quickly to the 
STM chamber for imaging. 

Si deposition onto the (2 X 4) surface was 
achieved by exposure to a Si flux of about 5 X 1010 

atoms cm-2 s_l at 560°C in the presence of an As4 

flux. The RHEED patterns were monitored through- 
out the deposition. After annealing for a further 5 to 
10 min in the presence of the same As4 flux, the 
samples were again cooled to 400°C and transferred 
quickly to the STM chamber for imaging. Surfaces 
prepared in this way were found to be stable and to 
remain uncontaminated for several days. Filled states 
STM images were taken at room temperature in a 
constant current mode, with negative sample biases 
of 2 to 3 V, tunnelling currents of 0.2 to 0.5 nA, with 
a typical vertical resolution of better than 1 A. 

3. Results 

The RHEED pattern for the clean GaAs(001)-(2 
X 4) surface had sharp 2/4 streaks and equal inten- 
sity 1/4 order features in the [110] direction [17]. A 
relatively wide area STM image (800 A X 800 A) of 
the clean surface, offcut by 1° towards (lll)A, is 
shown in Fig. la. The image shows the well-known 
dimer row structure with the surface grown under 
these conditions characterised by relatively large do- 
mains of ordered dimer rows [17,22,28]. Higher reso- 
lution images show that the bright rows are due to 
pairs of arsenic dimers and the dark rows are caused 
by the absence of two dimers per unit cell [17,22,28]. 
A 1° offcut produces a nominal terrace width of 150 

o o 

A. The 2.8 A steps visible in Fig. la clearly show 
signs of bunching, although the mean terrace width 
is still consistent with a_l° offcut. These A-type step 
edges, aligned along [110], are Ga-terminated and 
are relatively straight when compared to the As- 
terminated B-type steps [24]. 
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After deposition of 0.05 ML of Si, the 2/4 rod of 
the four-fold RHEED pattern for the [110] azimuth 
became faint, consistent with an increase in the 
amount of disorder on the surface. This was accom- 
panied by a broadening of the half order rods of the 
two-fold pattern in the [110] direction. The corre- 
sponding STM image (750 A X 750 Ä), after deposi- 
tion onto the vicinal (2 X 4) surface offcut by 1° 
towards (lll)A, shows that the As dimer rows are 
disrupted with the disorder manifesting itself uni- 
formly across the surface (Fig. lb). Importantly, 
there appears to be no preferential interaction of Si 
with the A-type step edges at this coverage under 
these conditions. Similar images were obtained for 

deposition under the same conditions on both the 
singular (2 X 4) surface and the vicinal surface off- 
cut by 1° towards (111)B [13]. 

Further exposure to Si (> 0.1 ML) resulted in a 
splitting of the half order rods in the [110] azimuth. 
At this coverage, all the fractional order rods of the 
four-fold pattern disappeared and a so-called asym- 
metric (3X1) RHEED pattern was observed [4]. The 
STM image (500 A X 500 A) shown in Fig. lc 
corresponds to the deposition of 0.15 ML of Si on 
the vicinal (001) surface offcut by 1° towards (111)A. 
The surface is still relatively disordered and is char- 
acterised by a series of rectangles whose long direc- 
tion is perpendicular to the step edges, i.e. along 
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Fig. 1. Filled states STM images of (a) the clean GaAs(001)-(2 X 4) surface offcut by 1° towards (111)A and the same surface after the 
deposition of (b) 0.05 ML, (c) 0.15 ML, and (d) 0.5 ML of Si at 560°C in the presence of an As4 flux. Image dimensions are (a) 800 
Ä X 800 Ä, (b) 750 Ä X 750 A, (c) 500 Ä X 500 Ä, and (d) 500 A X 500 Ä. 
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[110]. These rectangles consist of As dimers and 
occupy the same, outermost atomic layer as the As 
dimers of the clean surface. Cross-sectional measure- 
ments indicate that the periodicity along [110] is 8 A 
and is the same as that for the As dimers on the 
clean (2 X 4) surface. 

Further increases in Si coverage (typically be- 
tween 0.4 and 0.5 ML) result in the formation of a 
symmetric (3X1) RHEED pattern. An example of 
an STM image (500 A X 500 A) for 0.5 ML of Si is 
shown in Fig. Id. There is an increase in both the 
density and mean length of the rectangular units and 
also a higher degree of ordering. The periodicity 
along [TlO] is now 12 A and close inspection of the 
image reveals a wider, more pronounced gap be- 
tween the rectangular units. The change in periodic- 

Pw^-v- :.'■■■■.■■■•: 

[1101 

b) 

Fig. 2. Filled states STM images after the deposition of 0.5 ML of 
Si in the presence of an As4 flux at 560°C onto a vicinal 
GaAs(001)-(2X4) surface offcut by 1° towards (a) (lll)A and (b) 
(lll)B. Image dimensions are 500 AX500 A. 

ity from 8 A to 12 A as the Si coverage is increased 
correlates with the RHEED observations which show 
a gradual transition from the asymmetric (3 X 1) to 
symmetric (3X1) structure. STM images for Si 
coverages in between those shown in Fig. lc and d 
are characterised by a mixture of 8 A and 12 A 
periodicities. When the symmetric (3X1) structure 
is formed at 0.5 ML the periodicity is always 12 A. 

The formation of the rectangular units and the 
change in periodicity from 8 to 12 A at the higher Si 
coverages is also seen on the singular GaAs(OOl) 
surface and on vicinal surfaces with different offcuts 
[13]. Fig. 2 compares STM images (500 A X 500 A) 
taken after the deposition of 0.5 ML of Si under 
identical conditions on vicinal surfaces offcut by 1° 
towards (a) (lll)A and (b) (lll)B. Both STM im- 
ages show a high degree of ordering and the charac- 
teristic rectangular blocks with a periodicity along 
[TlO] of 12 A. The images also clearly illustrate that 
the adsorption behaviour of Si is not influenced by 
the step edges for deposition under these conditions. 

4. Discussion 

It is clear from the STM images shown that the 
step edges have no influence on the adsorption be- 
haviour of Si on vicinal GaAs(001)-(2 X 4) surfaces 
for deposition at high substrate temperatures in the 
presence of an arsenic flux. Since the same adsorp- 
tion behaviour is seen on both singular and vicinal 
surfaces, it is essential to be clear about the structure 
of the clean surface in order to understand the site 
occupancy of Si in this coverage regime. Several 
models have been proposed for the (2 X 4) recon- 
structed GaAs (001) surface based on the idea of 
missing dimers. The main difficulty has been to 
establish the number of dimers per unit cell, as 
structures containing either two or three dimers per 
cell are both consistent with a four-fold periodicity. 
It has recently been established from combined STM 
and RHEED studies, that the two dimer model is the 
only structure that exists, even though different 
RHEED patterns can be obtained which exhibit a 
(2X4) symmetry [17,22,28]. The STM images 
clearly show that the variation in the RHEED pat- 
terns can be explained simply on the basis of differ- 
ent degrees of ordering, with the most ordered struc- 
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Fig. 3. (a) A structural model for the clean GaAs(001)-(2 X 4) surface showing two As dimers and two missing dimers per unit cell. The As 
dimer bond in the top layer is aligned along [110] and there are Ga atoms absent from the missing dimer trenches. The exposed third layer 
As atoms also form dimers. (b) A schematic diagram showing the filling of the trenches by Si atoms which occupy the vacant Ga sites in the 
original (2 X 4) structure. At a sufficiently high coverage, the Si atoms occupy adjacent sites along [TlO] and are covered by As atoms 
which form dimers. This leads to the appearance of rectangular units in the STM images with the long direction of the rectangle along [110] 
and a periodicity of 8 A along [110]. The kinks which are caused by the presence of small amounts of Si have been omitted for clarity, (c) A 
schematic diagram showing how at coverages > 0.25 ML, Si displaces second layer Ga atoms and results in a row-like structure of Si 
atoms in Ga sites along [110]. The As dimers in the top layer are spaced further apart and the periodicity is increased along [TlO] to 12 A, 
consistent with the introduction of a three-fold periodicity in the RHEED pattern. 
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ture having a RHEED pattern with equal intensity in 
the fractional order streaks [17,28]. The correspond- 
ing STM image (Fig. la) is characterised by large 
domains of straight dimer rows, with the two dimer 
structure having no second layer Ga atoms in the 
missing dimer trench and with the exposed third 
layer As atoms also forming dimers (Fig. 3a) 
[17,22,23,25,26,28]. Acceptance of this structure, 
specifically the absence of the Ga atoms in the 
missing dimer trenches, is crucial to an understand- 
ing of the behaviour of Si on GaAs(OOl) in this low 
coverage regime. 

For low coverages of Si, the atoms occupy the 
empty Ga sites in the missing dimer trenches of the 
clean (2 X 4) surface (Fig. 3b). The arrival of the 
first Si atoms on these empty sites induces disorder 
which manifests itself in the form of kinks in the 
STM image (Fig. lb). Kinking of the (2 X 4) surface 
has also been observed for GaAs(OOl) samples with 
a high level of Si (n-type) bulk doping [27]. This has 
been shown to arise from the autocompensation of Si 
donors by the surface, which creates acceptor states 
in the form of kinks in order to keep the Fermi level 
mid-gap. Recently, we have shown that the highly 
ordered (2 X 4) surface of the type shown in Fig. 1 a, 
rearranges with kink formation when cooled to about 
520°C in an arsenic flux [17,28]. This suggests that 
kinks can also be caused by the addition of either As 
or Si to the (2 X 4) surface and that they arise from 
the large number of vacancies in the Ga layer and at 
a temperature which is high enough (in this case 
560°C) for the Ga atoms and vacancies to be mobile 
[28]. 

As the Si coverage is increased, the Si atoms are 
forced to occupy trench sites which are adjacent to 
sites which have already been occupied by Si atoms. 
Under our experimental conditions, the Si is de- 
posited in the presence of an arsenic flux. Conse- 
quently, adjacent Si atoms are covered by As atoms 
which can then dimerise in a similar fashion to the 
growth of clean GaAs (Fig. 3b). The STM does not, 
therefore, image Si atoms as these occupy the second 
layer. It is the As atoms in the top layer which 
appear in the images shown in Fig. lc and d. This 
in-filling of the missing dimer trench bridges the gap 
between the original As dimers of the clean surface 
and is responsible for the presence of the elongated 
rectangular units having 8 A periodicity along [110] 

(Fig. 3b). The periodicity is the same as for this 
direction on the clean (2 X 4) reconstructed surface. 
The frequency with which adjacent trenches along 
[110] are filled in this manner determines the length 
of a specific rectangular unit. In the case of very low 
coverages of silicon, the Si atoms are present in low 
enough concentration that pairs of adjacent Si atoms 
do not occur and there are no rectangular blocks seen 
in the STM images. The only effects at these very 
low coverages (0.05 ML) is kinking of the dimer 
rows and a disordered surface (Fig. lb). 

The number of empty Ga sites in the missing 
dimer trenches of the original (2 X 4) surface which 
can subsequently be occupied by Si atoms is 0.25 
ML. However, the STM images, which are charac- 
terised by the rectangular blocks of As dimers, corre- 
spond to the deposition of 0.5 ML of Si (Fig. 2). It is 
therefore necessary to account for the additional 0.25 
ML which must occupy alternative sites. Since the 
Si-As bond is stronger than the Ga-As bond [6], a 
Si-Ga exchange process can occur with the de- 
posited Si replacing second layer Ga atoms. A possi- 
ble structural model based on such an exchange is 
shown in Fig. 3c and is consistent with the formation 
of the rectangular units of arsenic having a greater 
periodicity (12 A) along [TlO] at the higher Si cover- 
ages. 

This structural model also explains the change in 
RHEED pattern from asymmetric (3 X 1) to symmet- 
ric (3X1) as the Si coverage is increased. The 
asymmetric pattern, which occurs at lower Si cover- 
ages, arises as a result of the introduction of three-fold 
periodic units into an otherwise two-fold periodic 
surface. As the population of units with 12 A period- 
icity increases with Si coverage, the half order rods 
of the original two-fold pattern split further until, 
when the surface consists entirely of 12 A periodic 
units, it exhibits the symmetric three-fold pattern. 

5. Conclusions 

The real space imaging capability of STM has 
been used to study directly the effects of the deposi- 
tion of Si at 560°C on vicinal GaAs(001)-(2 X 4) 
surfaces grown by MBE. The offcut direction has 
little effect upon the incorporation of silicon for 
coverages up to 0.5 ML of Si. Low Si coverages 
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cause extensive disruption in the form of kinking 
across the surface. This effect is uniform and there is 
no preference for incorporation of Si at step edges. 
The Si atoms preferentially occupy Ga sites which 
are vacant in the missing dimer trenches of the 
original (2 X 4) reconstructed surface. With increas- 
ing coverage, the Si atoms are covered by As and 
result in rectangular units whose long direction is 
along [110], i.e. perpendicular to the original As 
dimer rows. These have a periodicity of 8 A in the 
[110] direction. As the coverage increases to 0.5 ML 
the arrangement of these units becomes more or- 
dered and there is a gradual change in periodicity 
from 8 A to 12 A. The change in the RHEED pattern 
from (2 X 4) to asymmetric (3X1) and symmetric 
(3X1) can be explained simply by the loss of 
four-fold order due to kinks and the subsequent 
arrangement of the rectangular units, and an increase 
in the population of the 12 A periodic units on the 
surface at the expense of those with an 8 A spacing. 
When the entire surface displays this new periodic- 
ity, the RHEED pattern is symmetric (3X1). 

Recent RHEED studies on vicinal GaAs(OOl) sur- 
faces reported a (3 X 2) structure at low Si coverages 
and was interpreted as being due to the preferential 
attachment of Si atoms at step edges [19-21]. Under 
our deposition conditions, a (3 X 2) structure is only 
observed at much higher Si coverages (> 0.65 ML). 
Subsequent STM images suggest that there is no 
influence of the substrate misorientation and that Si 
doping wires are not formed under these particular 
deposition conditions. 
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Abstract 

Investigations of polarons in a polar cylindrical quantum wire are carried out for various barrier potentials at the 
interface. It is shown that dependencies of the ground-state energy and the effective mass on the radius of the wire may be 
used in order to determine the mechanical boundary conditions in a heterostructure under consideration. In the presence of a 
magnetic field directed along the wire axis, the Schrödinger equation with a centred parabolic potential within the wire is 
solved exactly and the energy spectrum depending on the magnetic field is obtained. As far as a splitting and a pinning of 
the energy levels of magnetopolarons are revealed to depend on the electron-phonon interaction, they can be used for an 
effective characterization of the state of interfaces in nanostructures. A relative intensity of absorption for the different 
polarizations of light determines the degree of non-perfectness of the interfaces. The geometrical features of interface can be 
characterized by means of the cyclotron and the cyclotron-phonon resonances. 

The electron-phonon interaction in polar semi- 
conductor low-dimensional systems such as quasi- 
planar multiheterostructures and superlattices (2D), 
wire-like (quasi-ID) and dot-like (quasi-OD) struc- 
tures have recently attracted great interest [1-3], due 
to the more complex phonon spectra than those in a 
three-dimensional (3D) system. As it was shown in 
first theoretical works in this field [4-6], the polar 
optical vibration spectra in low-dimensional struc- 
tures include bulk-like confined (slab) and interface 
phonon modes. In [4] the polar optical vibrational 
modes of an ionic slab in vacuum were obtained in 
the dispersionless approximation within the frame- 

Corresponding author. Present address: Departement Natu- 
urkunde, Universitaire Instelling Antwerpen (UIA), Universiteit- 
splein 1, B-2610 Wilrijk, Belgium. 

work of the dielectric continuum model (DCM). The 
equations of motion of the vibrational excitations in 
the heterostructure, considered within the framework 
of a continuum approximation, must be supple- 
mented by both electrostatic and mechanical bound- 
ary conditions (BCs). The electrostatic BCs have the 
universal form for all types of heterojunctions. The 
mechanical BCs may also assume a general form 
proceeding from the requirement of continuity of 
stresses and displacements [2]. However, the me- 
chanical BCs are chosen usually in one of the fol- 
lowing forms: (1) P(n) = 0 [1,2]; (2) Px(n) = 0, 
PKn) * 0 [4]; (3) P ± («) * 0, PKn) = 0 [7], where 
Px(«) and PKn) are the components of the polar- 
ization vector in the n-th layer directed along the 
interface and along the growth axis, respectively. In 
the first case of 'squeezed' interface ions, the vibra- 
tions occurring in the neighboring media are inde- 

0169-4332/96/$15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
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pendent. In other cases, the interface modes appear 
which allow penetration of both vibrations and corre- 
sponding electrostatic potentials from one medium 
into another one. 

For an adequate theoretical description of the 
vibrational excitations and the electron-phonon in- 
teraction in mesoscopic heterostructures, it is crucial, 
to identify the mechanical BCs which are character- 
istic of a given heterojunction. This can be per- 
formed by comparison of theoretically deduced fea- 
tures of the electron-phonon phenomena in the 
structures with various types of the mechanical BCs. 

In order to reveal these peculiarities, we have 
considered the polaron problem for a cylindrical 
quantum wire with finite potential barrier V0 at the 
interface [8]. The electron-phonon Hamiltonian was 
obtained within a continuum model with the mechan- 
ical BCs of the type 3. The internal (1) and surround- 
ing (2) media were considered to be polar. In order 
to achieve higher accuracy, the virtual transitions 
through all quantum states were taken into account 
within the second-order perturbation theory, includ- 
ing those belonging to the continuum part of spec- 
trum. In a simple cylindrical quantum-well structure 
four types of active phonon modes exist [7]: (1) 
cylindrical bulk-in (confined in the well) LO-phonon 
modes with the frequency &>1L; (2) cylindrical bulk- 
out (belonging to the barrier) LO-phonon modes 
with the frequency a>2L; (3) cylindrical interface- 
optical phonon modes with a relatively high fre- 
quency /2, (which is close to co2L); (4) analogous 
phonon modes with a lower frequency fl2 which is 
close to co1L. Existence of the vibrations with the 
frequencies /2, = co2L in the first medium and il2 ~ 
a>1L in the second is indicative of a penetration of 
the vibrations through the interface. The kinetic en- 
ergy of the longitudinal motion of a polaron is 

1.00 

EJk) 
h2k2 

o    7> 
Zm,, 

mt = m„\ 1 + s ffl| + Am* (1) 

where aF1 is the Pekar-Fröhlich coupling constant 
in the central layer, yp describes a polaron effective 
mass correction due to all phonon modes. 

We have studied in detail all contributions to the 
ground-state energy and the effective mass Am* for 

.3_     0.96 
3 
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Fig. 1. Vibrational eigenfrequencies for the quantum well 
AlAs/GaAs/AlAs of thickness l2 = 34 A as a function of the 
module of the in-plane wave vector r/. Dotted lines: bulk modes 
o>2L{Q2) with Q2 = (v< 1i>' a2 being a transverse component of 
the phonon wave vector; dashed lines: interface DCM-modes; 
heavy lines: hybridized modes; s and a denote symmetrical and 
antisymmetric modes, respectively. 

a typical cylindrical structure. The results of calcula- 
tions are presented in Fig. 1. It is easy to see the 
maxima of both the polaron ground-state energy and 
the effective mass plotted as a function of the radius 
R of the cylinder, due to the interaction between an 
electron and the interface vibrations. Moreover, the 
interface mode with the frequency /3, plays a lead- 
ing role in this interaction. In both limiting cases of 
large and small radii, an electron is placed suffi- 
ciently far away from the interface. This circum- 
stance explains why the interface contributions to the 
polaron parameters depend on the radius R non-mo- 
notonously. The total polaron energy AEp reaches 
the bulk value in Al03Ga07As at small R/Rp -» 0, 
Rp being the polaron radius, and reaches the bulk 
value in GaAs in the limiting case R/Rp -»°°. These 
limits are provided by the interaction with cylindrical 
bulk-in and bulk-out phonon modes, respectively. In 
spite of essential distinction between electron and 
polaron states in a slab and in cylinder, qualitatively 
the results of our work are similar to those of Ref. 
[9]. Indeed, in both cases for a cylindrical barrier, on 
the one hand, and for the planar barrier, on the other 
hand, there are the minima and maxima of the both 
functions AEp and Am*/AmGaAs for small radii. 
For a cylindrical well, these extrema exist at a larger 
size of the quantum well. For example, in the 
GaAs/Al03Ga07As-structures the mentioned ex- 
trema appear for a slab of thickness 20 A, but for a 
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Fig. 2. Left-hand panel: the electron energy spectrum as a function 
of the confinement parameter fl for R/Rp = 4, where Rp is a 
polaron radius in the absence of magnetic field. Right-hand panel: 
the size-quantization-oscillator energy levels as a function of the 
electron cyclotron frequency a>H at a fixed value of ß. 

cylinder of diameter 60 A. The maximum value of 
Am*/AmGaAs for a cylindrical quantum well is 
larger than that for a slab and reaches about 2.5% of 
the electron mass m,,. Note that in the example of the 
heterostructure GaAs/Al03Ga07As considered 
above, the electron-phonon coupling constants aF1 

and aF2 are small. In heterostructures with the larger 
values of aF2, the above-stated non-monotonous 
behaviour is expressed considerably stronger. The 
experimental observation would be indicative of the 
mechanical BCs which allow a penetration of the 
vibrations from one medium into another. 

We have investigated magnetopolaron states in a 
cylindrical quantum wire with two-dimensional 
parabolic potential inside the cylinder and the barrier 
potential at its interface [10]. Fig. 2 (left-hand panel) 
represents the electron energy spectrum as a function 
of the confinement parameter fl for a typical radius 
R/R = 4, where R is a polaron radius in the 
absence of magnetic field. It provides a clear view of 
the splitting of higher levels by the barrier field and 
of the generation of lower levels. In a weak magnetic 
field, the splitting of levels takes place, and degener- 
acy is absent. In this limiting case the value of 
splitting is determined by the term h wH m/2, where 
b)H is the electron cyclotron frequency. In the oppo- 
site limiting case of a strong magnetic field, (oH » fl 

and the magnetic radius aH «c a0 (where a0 is the 
Bohr radius), the energy levels are given as 

E = ho)H(n + {), (2) 

where n = r — l+(m + |w|)/2 is a Landau quan- 
tum number. The right-hand panel of Fig. 2 shows 
the conversion of size-quantization-oscillator energy 
levels into Landau ones with increasing wH at a 
fixed value of fl. Further, it is important to note 
mutual crossing and inversion of levels with positive 
m with respect to levels with negative m. 

In the approximation of Wigner-Brillouin pertur- 
bation theory (see [11]) we have the following equa- 
tion for a polaron energy: 

E 
y,nx 

\(%,n\He_ph\\%^)\7 

E°    -E (3) 

where |*JC, „o) = '$r(p; y)\nv) is an eigenfunction 
of the unperturbed Hamiltonian H composed of an 
electron at the level y(v, m, k) with a set of electron 
quantum numbers v and of nx phonons with a set of 
phonon quantum numbers x> which belongs to the 
eigenvalue E° n, the electron-phonon interaction 
He_ph being considered as a perturbation. Fig. 3a and 
b represent the resulting polaron energy E = £° 0 + 
AEp(y), where E° 0 is the unperturbed energy and 
AEp(y) is the polaron correction, as a function of 
the electron cyclotron frequency. For the case when 
a simple resonance takes place, the electron level 
(— 1, 1) crosses the virtual level (0, 1), but if there 
are two resonances, the level (1, 1) crosses virtual 
levels (0, 1) and (—1, 1). Note that a cyclotron 
transition (-1, 1)-»(1, 1) with Am = 2 is forbid- 
den. 

It is noteworthy that in planar structures states 
with a certain value of the angular momentum are 
possible only when the magnetic field is perpendicu- 
lar to the interface, but in this case the frequency of a 
cyclotron transition does not depend on the size of a 
layer. The resonance condition reads 

E (R, JT)=EJR, JT)+hi (4) 

whence it follows that the resonant value of the 
magnetic field depends on the phonon energy hco. 
Because of the inequality flx > ioiL, the cyclotron- 
phonon resonance at the transition (0, 1) -»(— 1, 1) 
assisted by an interface phonon with the frequency 
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ß,, takes place at lower values of the magnetic field 
than the respective resonance assisted by a bulk-in 
phonon. On the contrary, the cyclotron-phonon reso- 
nance at the transition (0, 1) -»(1, 1) assisted by an 
interface phonon /2,, takes place at higher values of 
the magnetic field than that assisted by a bulk-in 
phonon. This distinct qualitative difference between 
the resonances for two polarizations of light allows 
to identify their relation to definite phonon branches. 
The dependence of a cyclotron-phonon resonant fre- 
quency w^ on R is presented in Fig. 4 for three 
selected values of the confinement parameter 12. 
From the curve 1, which corresponds to a transition 
(0, l)-»(-l, 1) at n/wL=l.5, it follows that 
(I>H/CüH > 1 for all values of the radius. At small 
0/wL = 0.5; 0.1, two types of resonance are possi- 

Fig. 4. The dependence of a cyclotron frequency «# on the radius 
for three values of the confinement parameter fl/coL = 0.1, 0.5 
and 1.5 for various transitions: transition (0, l)->(—1, 1) at 
ß/ajL = 1.5 (1); (0, l)->(-l, 1) at n/(oL= 0.5 (2); (0, 
1)-»(1, l)at ß/«L = 0.1 (3);(0, l)->(-l, 1) at ß/wL = 0.1 
(4);(0, !)->(!, l)ß/a)L = 0.5(5). 
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Fig. 3. Numerical plot of the polaron energy E= £° 0 + AE(y), 
where £°o0 is the unperturbed energy and A£p(y) is the polaron 
correction, versus coH /ft)L, for parameters of GaAs. Thin curves: 
the electron level E°/hioL; dashed curves: virtual levels (£° + 
ha)L)/heoL; heavy curves: polaron levels (£° + AEp(y))/h(tiL 

at R/fip = 2 (a) and 4 (b). The lines are labelled by (m, r), 
where m is the quantum number of angular momentum and r is a 
number of a solution. 

ble, namely, (0, l)-»(—1, 1) (the curve 2 for 
il/wL = 0.5 and the curve 4 for fi/coh = 0.1), and 
(0, 1) -» (1, 1) (the curve 3 for ft/(oL = 0.1, and the 
curve 5 for fl/(oL = 0.5). From Fig. 4 it is evident, 
that there exists such a value of a radius J?0 at which 
a cyclotron transition occurs in a vanishing magnetic 
field. This value found from Eq. (4) at X = 0 is 
determined by the parameters of the structure: a 
charge carrier effective mass and frequencies of opti- 
cal vibrations. At R = R0 a difference between size- 
quantized levels becomes equal to the optical phonon 
energy, and a magneto-size resonance turns into a 
purely size resonance. The absorption rate is deter- 
mined by a number of cylinders of the radius R = R0 

in a statistical ensemble. At large R/Rp >lwe find 
that col = \<a} — /22|/o)L does not depend on the uH- |U/L 

radius and has the limit &>„ = <o„ at 
on 

Ü = 0. It is 
interesting to note the existence of the interval of R 
values where 0 < co^ < coL, at {2/COL<T/2. This 
dependence of the cyclotron frequency on the radius 
implies that for an ensemble of ideal cylinders the 
cyclotron-phonon absorption of the clockwise and 
counter clockwise polarized light has sharply differ- 
ent features. Namely, at «# < wL, the frequency o)°H 

decreases (increases) for a clockwise (counter clock- 
wise) polarized light. Thus, a critical radius R0 

separates two regions: at R<R0 a transition for a 
clockwise polarization of light takes place, while at 
R > RQ that for a counter polarization. For an ensem- 
ble of cylinders with various radii far away from the 
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Fig. 5. The light absorption coefficient due to direct transitions (0, 
1)->(1, 1) (a) and (0, l)-»(-l, 1) (b) versus the cyclotron 
frequency measured in units of the light frequency a> for a 
Gaussian statistical ensemble of quantum wires with the standard 
deviation of the radius AR/R = 0.25 and various mean radii: 
Ä, /R  = 2 (la); R2 /R  = 1.67 (2a); Rl /R  = 1 (lb); R2 /R 
= 0.9 (2b). 

point R0, there will occur a diffused absorption at a 
given polarization of light in dependence on a mag- 
netic field. For a non-perfect cylindrical interface the 
electron states have no definite angular momentum, 
therefore absorption of light of both polarizations 
will be at one and the same frequency. Thus, a 
relative intensity of absorption for the two polariza- 
tions of light can be used for characterization of 
interfaces, as far as it determines the degree of their 
non-perfectness. 

In Fig. 5a and b the light absorption coefficient 
due to direct transitions, (0, 1)-»(1, l) and (0, 
l)->(—1, 1), respectively, is plotted versus the 
cyclotron frequency for a Gaussian statistical ensem- 
ble of quantum wires. It is instructive to mention that 
for a transition (0, 1) -* (1, 1) the resonance curves 
are narrower than for another transition considered, 
and have opposite dependence on the average radius. 

As it follows from the Fig. 5a for a transition_(0, 
1)-»(1, 1), when decreasing the mean radius R, a 
cyclotron-phonon resonance peak shifts to the smaller 
values of the magnetic field, while the absorption 
coefficient quickly rises with the field at the right 
from the peak and relatively slowly at the left from 
it. At the same time, it is evident from the Fig. 5b for 
a transition (0, l)-»( — 1, 1), that when increasing 
R, an absorption resonance peak shifts to the smaller 
values of the field, while the behavior of the absorp- 
tion coefficient is opposite to that for the former 
transition. The sharpness and asymmetry of the reso- 
nance peaks at a symmetrical distribution of the radii 
in the statistical ensemble, is explained by the depen- 
dence of the resonance frequency <w^ on the radius 
R. The width of a cyclotron-phonon resonance peak 
due to the inhomogeneous absorption, may be esti- 
mated by the formula: 

Aco°H(R, AR) =\o)°H(R + AR) O>°H(R- AR)\, 

(5) 

where AR= (AR2Y/2 is the mean squared devia- 
tion of the radius from its average value R in the 
considered statistical ensemble of wires. In two trian- 
gles drawn in Fig. 4, vertical and horizontal sides 
determine AwJ and 2A R, respectively, and the 
points ü)^(R) for the corresponding values of R_are 
marked. It is seen from the dependencies_A co^(R) at 
fixed AR, that at R increasing, Awg(fi) decreases 
for both types of transitions, in accordance with the 
results of calculation of the absorption coefficient 
r(coH). 

For the explanation of asymmetry of the two 
types of absorption, it is necessary to note that the 
resonant frequencies (o°H ((0, 1)-»(1, D) form a 
band of a finite width: 0 - (<w$)max, where (<Wfl)max 

= limR^xco^(R), whereas resonant frequencies w^ 
((0, l)->(-l, 1)) form an infinitely wide band. 
Therefore the absorption coefficient r(wH) for a 
transition (0, 1)-»(1, 1) sharply vanishes at large 
values of u>H, namely, when they occur to be outside 
the band of the resonant frequencies. At small coH, 
the absorption coefficient r((oH) can have a finite 
value which is determined by a number of wires of 
the radius RQ in the considered statistical ensemble. 
The profile of the decrease of the absorption coeffi- 
cient r(wH) for a transition (0, 1) -»(- 1, 1) at the 
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absorption band edges is determined by the distribu- 
tion of cylinders, therefore the absorption bands are 
substantially wider than in the preceding case. 

Summarizing the results, we note that: 
(i) the absence of the resonant absorption for a 

counter clockwise polarized light at R> R0 in the 
magnetic field region 0 < u>H < wph (where wph is a 
frequency of either bulk-like or interface phonons) 
may witness the strong quantization of the electron 
spectrum, £(1, 1) — £(0, 1) > hco h due to a poten- 
tial inside the cylinder (for example, a parabolic 
potential); 

(ii) the resonant absorption of circularly polarized 
light allows to determine R via a point of maximum 
of the absorption band. The parameters of the Gauss- 
ian distribution can be determined through the spec- 
tral distribution of the absorption rate; 

(iii) the absorption of light for both polarizations 
at the same values of the magnetic field is indicative 
of fluctuations of the cross-section of a quantum 
wire. 

It is noteworthy that if in Eq. (4) a> means the 
frequency of the electromagnetic field absorbed in 
the conditions of the cyclotron resonance, we arrive 
at the same dependencies of the cyclotron frequency 
on the cylinder radius, as those presented in Fig. 4 
for the cyclotron-phonon resonance. As a conse- 
quence, all above-mentioned conclusions can be ex- 
tended to the case of the cyclotron resonance. 

Thus, the results obtained afford a new possibility 

of characterization of the geometrical features of 
interface by means of the cyclotron and cyclotron- 
phonon resonances. 
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Abstract 

In this paper we show that the lineshapes of the dielectric functions of porous p-doped silicon layers are strongly 
correlated to their original bulk doping concentrations. Features in the dielectric functions of layers formed from heavily 
doped bulk material correspond to bulk critical points, with an additional feature in the visible that results from the electronic 
structure of silicon that has been changed by the presence of inner surfaces. These results suggest that the layers remain 
highly connected. For lightly doped starting material the bulk-related features are much broader, with some samples 
exhibiting only an E2 interband critical point feature that is shifted to higher energies. This shift, which can be understood in 
terms of strong confinement of the carriers, suggests reduced connectivity in these layers. 

1. Introduction 

The nanostructure of porous silicon layers has a 
high inner surface area and the carriers are confined 
to small regions. Such layers can easily be prepared 
by a HF-based electrochemical process, so these 
layers are attractive for studies of the optical and 
electronic properties of nanocrystalline material. The 
nanostructure is considered to consist of weakly 
linked nanocrystallites. This is an idealization of the 
real picture, and it has been suggested that these 
layers have a fractal structure [1]. 

Here, we show that the lineshapes of the dielectric 
functions of porous silicon layers formed from p-type 
silicon are strongly correlated with the doping con- 
centration of the starting material, and therefore the 
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nanostructures of the layers. Our conclusions are 
based on dependences observed with variations of 
starting material (doping concentration), preparation 
conditions (current densities, electrolyte composi- 
tion, illumination) and post-preparation treatments. 

2. Experimental 

Data were obtained from 1.8 to 5.5 eV with a 
spectroscopic ellipsometer of the rotating analyzer 
type [2]. The information depth varies strongly with 
photon energy, here ranging from 5 nm to a few 100 
nm and being shallowest near 4.2 eV. The data were 
converted into so-called effective or pseudodielectric 
functions <e> [2,3], which describe the effective 
response of the layer and substrate to the incident 
light. For most samples investigated here the absorp- 
tion in the layer is strong enough to suppress bulk 
contributions. 

0169-4332/96/$15.00 Copyright t 
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The porous layers were prepared on p-type doped 
on-axis silicon wafers with resistivities from 0.01 to 
10 H cm. The wafers were etched in the dark in an 
electrolytic solution consisting of 50% HF diluted 
1:1 by high purity ethanol. For some experiments 
the electrolyte was modified by adding NH4F or 
H202 or by dilution with water. Typical current 
densities and etching times were 20 to 40 mA cm-2 

and 210 s, respectively. For lightly doped wafers this 
yields layers with porosities of about 65% and thick- 
nesses of approximately 5 /im. The samples were 
investigated either directly after preparation or after 
storage in dry nitrogen. Some of the layers were 
further oxidized in air or by ozone or H202. 

3. Results and discussion 

A 

v   4- 

•—• ps20~4a 
— ps20-5a 
--    psb1049a 

E„+E,     E, 

ps20 

ENERGY (eV) 

Fig. 2. Im(e) for three different porous silicon layers formed on 
lightly doped Si wafers. Layer parameters as follows: psbl049a: 7 
ixm, 70% porosity; ps20-4a: 5 ixm, 65%; ps20-5a: as ps20-4a but 
oxidized for 1 min in H202 /ethanol. The 3.7 eV shoulder has 
nearly vanished for the oxidized sample ps20-5a. 

Fig. 1 shows the porosity dependence of the 
imaginary parts of the dielectric functions Im( e > of 
layers formed on highly doped silicon substrates. 
The porosity is determined by the current density 
during etching, with higher current densities yielding 
higher porosities. As the porosity increases the vol- 
ume fraction of the remaining Si skeleton decreases, 
leading to the reduction of the magnitude of Im< e > 
with increasing porosity as can be seen in Fig. 1. 
Note that all spectra have similar lineshapes above 
3.5 eV. 

For low porosities, two features labeled A and B 
appear around 3 eV along with a shoulder near 4.2 
eV. The shoulder is related to the E2 interband 
critical point of bulk silicon [3]. The spectral position 
of feature B is about 3.3 eV for the sample with 30% 

por.  Si. 
porosity 

2 3 4 5 6 

ENERGY (eV) 

Fig. 1. Porosity dependence of Im(e) of layers formed on highly 
doped silicon wafers. The porosity is determined by the current 
density during etching. 

porosity. This is approximately the energy of the 
interband critical points E'0 and E,. As discussed in 
[4,5] only a mixture of E'0 and El is expected for 
nanocrystalline material due to the broadening of the 
interband critical points in nanostructures. Therefore, 
feature B can be assigned to E'0 + Ej. The origin of 
the feature A, which was reported earlier in [4,6], is 
unclear. We believe that this feature is due to a 
modification of the electronic structure of the silicon 
in the skeleton by the presence of the inner surfaces, 
and will discuss this more fully elsewhere [7]. 

Fig. 2 shows Im(e) for three different porous 
layers formed on lightly doped starting material. 
These lineshapes are qualitatively different from 
those of highly doped silicon. The E'0 + Ej feature is 
recognizable only as shoulder on a broad peak E2 

near 4.3 eV. Aside from some variations in absolute 
values and low-energy lineshapes these spectra are 
typical for lightly doped samples. 

As shown in [8,9] lineshape analysis reveals that 
the E'0 + E, and E2 spectral positions vary from 3.4 
to 3.8 eV and 4.2 to 4.5 eV depending on porosity 
and post-preparation treatment. Comparing the val- 
ues of the threshold energies E and broadening 
parameters r of the interband critical points ob- 
tained by lineshape analysis with the dependencies 
of Eg and T on crystallite diameter as given in [5] 
reveals a discrepancy between values obtained for 
E'0 + E[ and E2. For sample psbl049a shown in Fig. 
2 the former yields extrapolated values of 2 to 4 nm 
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Fig. 3. d2Im(e>/d£2 for the spectra of Fig. 2. 

while the latter indicate nanocrystallite diameters of 
about 18 to 20 nm. The E2 spectral positions for 
typical layers formed on lightly p-doped material are 
above 4.3 eV and therefore out of the range studied 
in [5]. 

To explain this behavior we first note that the 
amplitudes and energies of the E'0 + E[ shoulders in 
Im(e> shown in Fig. 2 depend rather strongly on the 
individual sample and preparation conditions. For 
ps20-5a the shoulder is hardly visible, whereas in 
ps20-4a it is clearly seen. To examine the threshold 
energy we calculated the second energy derivative of 
Im(e) for these samples. The results are shown in 
Fig. 3. The E'0 + Ej minimum near 3.7 eV is strongest 
for psbl049a and nearly vanishes for ps20-5a. As the 
amplitude decreases the feature moves to higher 
energies. The same is true for the E2 feature near 4.4 
eV. These trends can be understood as a result of 
percolation. In microcrystalline silicon the crystal- 
lites are strongly connected and the E'0 + E, feature 
is clearly visible. We can assume that a relaxation of 
the momentum conservation due to the presence of 
interfaces will have its strongest effect on the elec- 
tronic states. Momentum relaxation reaches its limit 
in amorphous material, which exhibits total relax- 
ation of momentum conservation and a single broad 
peak in Im(e) at 3.8 eV. If momentum relaxation 
were dominant we could therefore expect the E2 

peak to shift to lower energies in agreement with [5]. 
However, for isolated nanocrystallites carrier con- 
finement comes into play which is expected to shift 
all energies to higher values. The latter situation 

clearly applies to the samples shown in Fig. 2. We 
can therefore conclude that with increasing confine- 
ment (separation of the nanocrystallites) the E2 gap 
will shift to higher energies and the E'0 + Ej struc- 
ture will vanish. This also explains the difference 
between the spectra for lightly and highly doped 
starting material. For heavily doped starting material 
E'o + E, is much more pronounced than for lightly 
doped starting material. Consequently, the nanostruc- 
ture of layers on heavily doped wafers must be 
strongly interconnected, in agreement with the fact 
that the feature sizes are larger in heavily doped 
silicon [10]. 

We must still decide whether the main (average) 
crystallite diameter is 2-4 nm as inferred from E'0 + 
E,, or 18-20 nm as inferred from E2. We can make 
this decision with an oxidation experiment. We sup- 
pose that we have an ordered array of cylinders of 
radius r along the [001] direction. We now oxidize 
the cylinders, which reduces their radius by A r. For 
this microstructure the original volume fraction /Si 

of silicon is given by 

JSl y (1) 

where V is the total volume of the layer, Vsi is the 
volume of silicon before oxidation, and n is the area 
density of the cylinders. 

Oxidation changes the volume fraction of silicon 
to /sj. For small Ar we have 

/si=/si(l-2-^j. (2) 

To determine /^ we measure (e) of a freshly 
prepared sample, repeat the measurement after the 
sample has oxidized, then use the Bruggeman effec- 
tive medium approximation to find out how much 
Si02 must be added to convert <e) to (e)', where 
< e)' is the measured dielectric function of the oxi- 
dized layer. The result of the calculation is shown in 
Fig. 4. To obtain this result we supposed that (e) is 
the host dielectric function and neglected contribu- 
tions from surface states, deviations of the dielectric 
function of oxide layer from that of Si02 (suboxides), 
and changes in the microstructure. Considering these 
approximations the fit is excellent. The resulting 
value of fox is 0.22. 

To relate this result to /^ we need to relate /^ to 
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Fig. 4. Points: spectrum of psbl049a that was obtained after the 
sample was heated in UHV to desorb the hydrogen and stored in 
air. Line: result of the Bruggeman effective medium calculation 
described in the text. A 2 nm thick oxide layer on the porous layer 
was taken into account in the procedure. 

fox. We assume that the ratio of volume fraction of 
silicon to void remains constant, corresponding to 
the procedure given above. Thus in consuming skele- 
tal silicon the void fraction also becomes smaller. A 
decrease in the void fraction is reasonable because 
oxidized silicon needs more space. We suppose also, 
that a completely oxidized porous layer will be 
dense, which is an approximation. It therefore fol- 
lows that 

/si 

Vi; 

V- V 
(3) 

where V^ =fs;V. Substituting this expression into 
Eq. (3) yields 

T = —^— = 1-■/<*■ (4) 

Combining Eqs. (2) and (4) yields 

Ar 
~~ 2J0X ■ (5) 

The prefactor 1/2 of fox is only valid for cylinders 
and would be 1/3 for spheres. Since we are only 
interested in an estimate we neglect this difference. 

We obtain finally 

2Ar 
r=-r- (6) 

The value of Ar will range from 0.3 to 1.5 nm for 
normal oxidation. The latter value is expected to be 
realized after 1 week of oxidation, which is the case 
here. With fox = 0.22 from Fig. 4 we obtain a value 
of 17 nm, which is in reasonable agreement with 18 
to 20 nm range derived from the lineshape analysis 
of E2. Therefore, if the nanocrystallites are intercon- 
nected the carriers are confined to regions that are 
large compared to those that are considered to be 
necessary to create a pseudo direct gap in silicon. 

4. Summary and conclusion 

We have shown that the dielectric functions of 
porous silicon layers formed on p-doped silicon sub- 
strates are different for lightly and heavily doped 
starting material. For heavily doped material the 
dielectric function resembles that of bulk silicon with 
some broadening of the interband critical points. An 
additional feature is observed in the visible range. 
The origin of this feature is still being clarified, but 
clearly originates from a change of the electronic 
structure of the silicon in the skeleton caused by the 
presence of the inner surfaces. 

In lightly doped material the lineshape is domi- 
nated by a broad feature at energies near, but above, 
that of the E2 interband critical point of bulk silicon. 
This blue shift together with the vanishing of the 
additional shoulder of the combined E'0 + Ej inter- 
band critical point feature indicates a loss of inter- 
connectivity of the nanocrystallites. For material that 
is still interconnected we estimated the main feature 
size to be of the order of 20 nm. The size range 
giving the highest PL efficiency is not yet clear. 
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Abstract 

Very thin GaSe films, about 100 A thick, have been epitaxially grown by molecular beam epitaxy on differently ordered 
Si(lll) substrates, namely: the clean 7X7 reconstructed surface with its dangling bonds, the H-passivated 1 X 1 surface and 
the Ga-passivated }/J X V^R30° reconstructed one. For each substrate, the GaSe layer and its interface with Si have been 
studied by low energy electron diffraction, Auger electron spectroscopy and photoemission yield spectroscopy. Upon 
sequential removal of the GaSe film by Joule heating in ultrahigh vacuum, it is shown that, (i) the band offsets are not 
sensitive to the initial surface structure of the substrate, (ii) the uniformity of the GaSe layer and of the Fermi level position 
is questionable on Si(lll) VJ-Ga, (iii) the density of gap states in the GaSe layer increases upon ageing in air. 

1. Introduction 

It has been shown that high quality semiconduct- 
ing layered GaSe films can be grown by molecular 
beam epitaxy (MBE) on Si(l 11) 7 X 7 surfaces from 
oxidized wafers [1]. Crystalline GaSe films with 
large single domains have been obtained in which 
the epitaxy occurs with the hexagonal edges of GaSe 
aligned with those of Si(l 11). Other perfectly smooth 
Si(lll) substrates, well-ordered at the atomic scale, 
can be used such as the H-passivated 1 X 1 surface 
[2] or the Ga-passivated yfs X V^RSO0 reconstructed 

* Corresponding author. 

surface [3] as well as the clean 7X7 reconstructed 
one as obtained at low temperature [4]. These sub- 
strate structures will be noted in short Si 7 X 7, Si-H 
and Siv^-Ga. Good van der Waals epitaxy of GaSe 
on Si-H has been already demonstrated [5]. 

It appears essential to investigate the structural 
and electronic properties at the interfaces between 
the 'three dimensional' silicon crystal and the 
anisotropic, 'two dimensional' GaSe crystalline film. 
This would help understand better this successful 
van der Waals epitaxy and check what is the influ- 
ence of the initial surface structure. The structural 
properties of the GaSe layer and of the interfaces 
have been investigated by transmission electron mi- 
croscopy (TEM) [6] for which a cut through the 
interface region was prepared by a thinning proce- 

0169-4332/96/$15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
PII S0169-4332(96)00202-4 



558 H. Reqqass et al. /Applied Surface Science 104/105 (1996) 557-562 

dure. To study both electronic and structural proper- 
ties by surface characterization techniques, we have 
followed another procedure by which the 
GaSe/Si(lll) heterostructures are progressively an- 
nealed under ultra-high vacuum (UHV) until the 
Si(lll) surface is clean. 

In a previous paper [7] we reported on such an 
approach in which the systems GaSe/Si 7X7 and 
GaSe/Si-H have been sequentially studied by Auger 
electron spectroscopy (AES), and low energy elec- 
tron diffraction (LEED). Photoemission yield spec- 
troscopy (PYS) measurements, from which Fermi 
level position and band offsets can be estimated, had 
also been performed. They have been reported for 
the former heterostructure [8]. 

For the present paper, the same experimental pro- 
cedure and the same measurements (AES, LEED, 
PYS) have been performed on GaSe/Si-H and 
GaSe/Si\/3 -Ga. The interface properties of the vari- 
ous heterostructures will be compared to each other, 
knowing of course that the procedure may have 
some influence on the interface morphology and 
therefore on the electronic properties. The low pho- 
ton energy used in PYS (4 to 7 eV) favors a rela- 
tively large electron escape depth, over 10 A. In case 
of uniform layers, it enables to get straightforward 
information on band discontinuities and gap states. 

2. Experiment 

The MBE grown GaSe/Si(lll) heterostructures 
were prepared in a Riber system as described else- 
where [lj. The Si substrates were low doped n-type 
wafers about 500 /xm thick from Siltronics. First, all 
substrates were H-passivated using a buffered solu- 
tion of HF according to the method proposed in [2], 
then they were introduced into the MBE vacuum 
system taking special care for the loading and pump- 
ing procedure. They could be used as such for the 
GaSe film growth on the Si-H substrate. In order to 
prepare a clean and smooth 7X7 reconstructed 
Si(lll) surface, the H-passivated wafer was heated 
to 600°C in ultra-high vacuum (UHV) [3]. The Si-Ga 
1/3 substrate was prepared by deposition of a few 
monolayers of Ga on the cleaned Si 7 X 7 followed 
by annealing in the 650°C range to remove the 
excess of Ga and reach the \/3   reconstruction as 

observed by reflection high energy electron diffrac- 
tion (RHEED). 

The Si(lll) substrate, once heated to 450°C, was 
covered by a crystalline film of GaSe by setting the 
Se to Ga flux ratio between 8.5 and 11.5. The 
thickness of the film was about 100 A for^the new 
samples while it had been about 300 A in the 
previous heterostructures [7,8]. 

After GaSe deposition, the wafers were exposed 
to air and cut into samples for different characteriza- 
tions. Before the transfer to the UHV system for 
surface measurements, the new samples were kept at 
most one month under primary vacuum. They will be 
referred to as 'freshly prepared' samples. Whereas 
the previous heterostructures had been stored at least 
three months in air in a dust free container. 

For surface studies, the samples were 20 X 5 X 0.5 
mm3 GaSe/Si(lll) parallelepipeds. They were 
mounted on a sample holder in a ultra-high vacuum 
chamber which has been described earlier [9]. The 
sample bridged two refractory metal electrodes 
through which it could be Joule-heated at any tem- 
perature up to 1200°C under the control of optical 
pyrometers (either standard or IR). The base pressure 
in the system was below 2 X 10 ~10 Torr and did not 
change upon sample heating below 500°C. Upon 
heating at higher temperatures, the pressure raised at 
most into the high 10~10 Torr range. A heating cycle 
lasted 5 min by rapidly fixing a constant current 
through the sample and turning it off suddenly at the 
end. The highest temperature reached during a heat- 
ing cycle will be called the annealing temperature 
TA. After each heating cycle, once the sample was 
back to room temperature, the photoemission yield 
spectrum was measured, then, the Auger electron 
spectra were recorded, using a normally incident 
primary beam of 10 /AA at 2 keV and a cylindrical 
mirror analyzer, and the LEED diagram was ob- 
served. 

3. Results and discussion 

The RHEED diagrams observed during the growth 
process showed that whatever the initial surface 
structure of the substrate, the GaSe film was singly 
oriented, with the c-axis normal to the layer and to 
the (111) plane of Si, and with its [10.0] direction 
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parallel to the [110] direction of the substrate. This is 
confirmed by TEM studies [6] which, in all cases, 
reveal sharp interfaces where the distortion-free re- 
gions are of the order of several hundred A along the 
surface. 

The LEED and Auger results of the freshly pre- 
pared systems are given in Fig. 1 as a function of 
annealing temperature with TA around and above the 
growth temperature. The peak to peak intensities of 
the low energy Auger structures of Se, Ga and Si are 
reported, as well as the oxygen signal. 

Let us consider the GaSe/Si-H heterostructure 
first (Fig. la). Both Se and Ga show roughly con- 
stant Auger signals below 600°C when the surface 
exhibits the 1 X 1 GaSe(OO.l) LEED diagram. In the 
same TA range, there is no detectable low energy 
Auger signal from Si, whereas a faint and constant 
high energy signal is observed. These results are 
consistent with the presence of a uniform, non oxi- 

dized GaSe film. After annealing at 600°C, the LEED 
diagram becomes that of Si(l 11) 1 X 1; both Se and 
Ga Auger signals suffer an important decrease while 
the Si signal at 91 eV remains barely detectable. The 
GaSe is fully removed by annealing slightly beyond 
600°C as inferred from the very small value and 
disappearance of the Se signal, and the sharp in- 
crease of the Si (91 eV) structure. There remains a 
fraction of a monolayer of Ga which induces a ]/3 
X v^RSO0 reconstruction of Si(lll), and some oxy- 
gen appears at the silicon surface. It is then neces- 
sary to anneal the sample at 680°C to get rid of the 
gallium and observe a 1 X 1 diagram of the sub- 
strate. 

These results are in many ways similar to those 
reported previously on GaSe/Si 7X7 and 
GaSe/Si-H [7], in particular the sudden disappear- 
ance of the GaSe layers beyond 600°C in spite of the 
different film thickness. Also, the sequence of LEED 
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1. Evolution with annealing temperature of the peak to peak Auger signal intensities of oxygen, selenium, gallium and silicon measured 
at room temperature, together with the surface unit mesh as deduced from LEED, after UHV annealing of freshly prepared GaSe/Si(lll) 
heterostructures where a 100 Ä thick layer of GaSe had been grown on (a) Si(lll) 1 X 1-H and (b) Si(lll) \fi X i/3"R30°-Ga substrates. 
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diagrams and the TA values at which changes occur 
are the same as with GaSe/Si 7X7. The main 
differences arise from the initial oxygen content of 
the films: it is very small in the freshly prepared 
samples whereas it is important in the two het- 
erostractures which have been stored in air. The 
initial presence of oxidized Ga modified the evolu- 
tion of both Se and Ga signals at TA below 600°C 
[7]. One should notice also that in spite of the large 
initial oxygen content, the GaSe/Si 7X7 system is 
the only one which, after annealing at 570°C, gives 
an oxygen free surface that remains clean upon 
further annealings [7]. The other heterostructures ap- 
pear to have some oxygen at the interface. 

A much different behaviour is observed for GaSe 
grown on Si(lll) i/3 -Ga (Fig. lb). Besides an over- 
all increasing oxygen content, a silicon Auger signal 
has already appeared after 450°C annealing. This Si 
signal increases slowly up to about 500°C annealing 
while both Se and Ga Auger signals remain roughly 
constant. Then, after annealings at increasing tem- 
peratures from 500 to 600°C, the Si signal increases 
regularly while both the Se and Ga signals decrease 
in parallel. In LEED, as in the other cases, the GaSe 
1 X 1 diagram gives place to Si 1 X 1, then to Siv^- 
Ga, but the changes occur at lower temperatures. It 
appears also that the Ga signal and the corresponding 
V3 -Ga reconstruction disappear after annealing at 
temperatures lower than for the other cases. This 
may be related to the relatively high oxygen content 
at the interface which may partly combine with Ga 
enabling the latter to thermally desorb as an oxide. 

The morphological behaviour of our systems can 
be qualitatively understood in a simple manner. Ex- 
cept in the case of SiV^-Ga substrate, the thermal 
erosion of GaSe occurs layer by layer. The layer 
edges are expected to be much less stable than the 
layer Se plane, so when a hole appears by thermal 
bond breaking in the top layer, its size increases very 
fast and the top layer is removed while the layer 
beneath is still intact. In the case of GaSe grown on 
Siv^-Ga, the evolution of the Si (91 eV) Auger 
signal (Fig. lb) suggests that the GaSe film is no 
longer continuous after annealing in the 450-500°C 
temperature range. Some holes have appeared in the 
film which make the Si substrate visible and expose 
free layer edges over possibly several layers. Beyond 
500°C, thermal erosion would start from the hole 

edges. The origin of the holes is not known. We 
tentatively propose they may be related to the pres- 
ence of Ga nanoclusters as a result of the Siv3 -Ga 
substrate preparation. 

Let us consider now the electronic properties of 
the GaSe/Si(l 11) systems, as deduced from photoe- 
mission yield measurements. In PYS, the number of 
photoemitted electrons per incident photons, what- 
ever their kinetic energy, is measured as a function 
of photon energy hv. This technique is sensitive to 
filled electronic states, and, since hv ranges from 
4.2 to 6.7 eV, it probes the possible presence of gap 
states and the top of the valence band. At the low 
photon energy end of the spectra, an integrated 
Fermi distribution function is used to fit the thresh- 
old and obtain the work function of the system. The 
ionization energy at the onset of the valence band 
contribution can be determined from the high photon 
energy part of the spectra as long as the surface is 
homogeneous. Upon successive annealings at in- 
creased temperatures, one expects to switch from 
GaSe to Si valence band contribution. We shall focus 
our attention on two points. First, the electronic 
properties of the GaSe films grown on the various 
substrates will be compared not only between them- 
selves but also to those of a clean cleaved GaSe bulk 
crystal. Then, the electronic properties of the hetero- 
junctions will be considered. 

In Fig. 2 various photoemission yield spectra are 
displayed, corresponding to the various substrates 
under study. They have been selected as having 
undergone UHV annealing at the highest temperature 
compatible with a negligible contribution from the Si 
substrates. They are thus characteristic of the GaSe 
films. Curves 1 and 2 correspond to the samples 
which had been stored in air, GaSe/Si 7X7 an- 
nealed at 570°C, and GaSe/Si-H annealed at 580°C, 
respectively. Curves 3 and 4 are from the freshly 
prepared samples, GaSe/Si-H annealed at 550°C, 
and GaSe/Si\/3 -Ga annealed at 520°C, respectively. 
Also given in Fig. 2 is (R) the measured yield curve 
for a cleaved bulk GaSe crystal and its best fit with a 
power law (hv-E^" which gives an ionization 
energy Ei = 5.90 + 0.05 eV and a purely phe- 
nomenological exponent a = 3.5 (R has been di- 
vided by 10 to have a better view of the results). 
This reference curve has been used to estimate the 
ionization energy corresponding to each spectrum 
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Fig. 2. Photoemission yield spectra, in semilogarithmic coordi- 
nates, of a clean cleaved GaSe bulk crystal (R) fitted with a power 
law (AJZ-5.9)

3
-
5
, and of various GaSe/Si(lll) heterostructures 

after UHV annealing at TA: (1) 300 Ä GaSe on Si(lll) 7X7, 
stored in air, TA = 570°C; (2) 300 A GaSe on Si(lll) 1X1-H, 
stored in air, TA = 580°C; (3) 100 A GaSe on Si(lll) 1X1-H, 
freshly prepared, TA = 550°C; (4) 100 A GaSe on Si(lll) VJ 
X V3~R30°-Ga, freshly prepared, TA = 520°C. For clarity of the 
figure, the reference curve R has been attenuated 10 times, i.e. 
shifted by one decade along the ordinate axis. 

from the best fit at high photon energy where the 
GaSe valence band states dominate. In most cases, 
the ionization energy of the GaSe film is found very 
close to that of the reference. 

Obviously, the reference curve does not display 
any gap states. It is not the case for curves 1 and 2 
which show a large contribution of filled gap states 
between Fermi level EF and valence band edge Ev, 
EF being at least 1.2 eV above Ev in both cases. 
This corresponds to the two heterostructures which 
had been stored in air for several months, at an 
annealing stage where gallium oxide has been re- 
moved. In the case of freshly prepared samples, the 
gap state densities are much smaller. These most 
likely arise from structural defects of the GaSe films 
and from impurities such as oxygen inserted in the 
layered material. The smallest density of gap states is 
observed with GaSe grown on Si-H (Fig. 2 - curve 
3). This is consistent with a uniform film in that case 

as compared to a disrupted one on SivT-Ga (Fig. 2 
- curve 4). It is also consistent with the TEM results 
[6] according to which the Si-H substrate provides 
films with the best crystalline perfection. 

With the presently investigated heterostructures, 
like with GaSe/Si 7X7 [8], as the annealing tem- 
peratures are raised beyond those of Fig. 2, a grow- 
ing contribution of the substrate valence band states 
is observed. It leads to a photoemission yield spec- 
trum characteristic of the Si\/3~-Ga surface. This 
evolution is seen in Fig. 3 where the ionization 
energies and work functions deduced from photoe- 
mission yield spectra are shown against annealing 
temperature for both freshly prepared samples as 
well as for GaSe/Si 7X7. The switch from GaSe 
ionization energy to Siv^-Ga ionization energy, 
which coincides here with direct determinations [10], 
is always clear. The work function was not always 
easy to determine. In particular with the Si-H sub- 
strate, it is probably overestimated in the 540°C 
range because the density of gap states is too small; 
in that case, only an upper limit can be evaluated. 
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deduced from photoemission yield spectra upon UHV annealing at 
TA of GaSe/Si(lll) heterostructures: (a) 300 Ä GaSe on Si(lll) 
7X7, stored in ain (b) 100 Ä GaSe on Si(lll) 1X1-H, freshly 
prepared; (c) 100 A GaSe on Si(lll) v^ X v/3~R30°-Ga, freshly 
prepared. 
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Because the escape depth of photoemitted elec- 
trons is relatively large (above 10 A) in the photon 
energy range investigated, silicon valence band con- 
tribution can already be detected while Si is still 
fully covered by GaSe. This signal comes from the 
interface before it is destroyed by thermal erosion. It 
has been observed with the present GaSe/Si-H 
heterostructure as well as with GaSe/Si 7X7 [8]. In 
both cases, the photoemission yield curve looks like 
an attenuated spectrum from a SiV3-Ga surface. It 
suggests that there might exist a SiV^-Ga structure 
at the interface whatever the initial substrate struc- 
ture. 

From the ionization energies of GaSe (5.9 eV) 
and Si\/3~-Ga (4.9 eV), and taking the Fermi level as 
energy reference, band offsets at the heterojunction 
can be evaluated. This approach is only valid if the 
system remains uniform upon GaSe erosion, which is 
not the case of GaSe/Siv^-Ga. The following val- 
ues are obtained for the band offsets: A£v = 0.9 + 
0.1 eV and A£c = 0.0 + 0.1 eV for both 
GaSe/Si(lll) 7 X 7 and GaSe/SiQll) 1 X 1-H. In 
the former case, EF is 0.45 eV above the Si valence 
band edge at the interface and maybe slightly higher 
at 0.50 eV in the latter case, for Si-n substrates. 
Slightly different values of the band offsets have 
been given in [7] for GaSe/Si 7X7 because a value 
of 5.8 eV had been assumed for the ionization 
energy of the clean GaSe (00.1) face by comparison 
with other selenides. 

In summary the main conclusions of the present 
work are the following: 

- The photoemission yield spectrum of crystalline 
GaSe valence states is well represented by a power 
law (hv-E^a where the ionization energy £; is 
5.90 ± 0.05 eV and a = 3.5. 

- The band scheme (band offsets, Fermi level 
position) of the GaSe/Si(lll) heterostructures is 
found almost insensitive to the substrate surface as 
soon as it is smooth and well ordered: the conduction 
bands are essentially aligned. 

- Oxygen contamination at the interface has been 
avoided only upon GaSe growth on clean Si(lll) 
7X7 substrates. 

- High densities of gap states in the GaSe epitax- 
ial layer seem related to impurity insertion upon 
storage in air. 

- The thermal erosion of GaSe is strongly 
anisotropic and nanoinhomogeneities, for example 
induced by some Ga excess, decrease by about 200° 
the stability in UHV. 
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Abstract 

InSb was grown on the Si(001), Ge(001) and Ge/Si(001) substrates by the coevaporation of elemental In and Sb sources. 
The grown films were characterized by AES (Auger electron spectroscopy), optical microscope, XRD (X-ray diffraction), 
SEM (scanning electron microscope) and ECP (electron channeling pattern), as a function of growth conditions, such as 
growth temperature and flux ratio of Sb/In. The thickness of grown InSb films was about 0.8-1.2 /xm. In contrast with the 
direct growth on Si(001) surface, InSb easily grows heteroepitaxially on Ge(001) and Ge/Si(001) substrates, for wide 
growth conditions. The surface morphology and the crystal quality of the grown films strongly depend on the flux and/or 
composition ratio of Sb/In. It is found that the optimized flux ratio is about 4.5 to obtain the stoichiometric InSb films with 
smooth surface at growth temperature of 300°C. However, the XRD spectrum and ECP pattern reveal that better crystal 
quality is obtained for the In-rich films rather than the stoichiometric films. 

1. Introduction 

InSb is an interesting III-V semiconductor, since 
it has the highest electron mobility of all semicon- 
ductors, and has a narrow band gap. These properties 
make it attractive material for a magnetic sensor and 
a long wave length infrared detector. The heteroepi- 
taxial growth of InSb on GaAs substrate has been 
reported by several groups using different deposition 
techniques such as molecular beam epitaxy (MBE) 
[1-4], metalorganic chemical vapor deposition 
(MOCVD) [5-8], and metalorganic magnetron sput- 
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418432; e-mail: tatsuyam@jpntyavm. 

31-764- 

tering [9-11]. A thin buffer layer of InSb grown by 
atomic layer epitaxy has also been used for the 
growth of InSb on GaAs [12]. Another materials 
such as sapphire [13,14] and InP [15] have also been 
used for the substrate. The heteroepitaxial growth of 
InSb on Si(001) surface has attracted much interest 
from a view point of the integration of such InSb 
devices and Si-LSI (large scale integrated circuits) 
on Si(001) substrate. However, it is very difficult to 
grow heteroepitaxial InSb on Si(001) substrate, since 
the large lattice mismatch of about 19% between 
InSb and Si. Rao et al. [16] have grown InSb epi- 
layer on Si(001) substrate with a 2 jam thick MBE- 
grown GaAs buffer layer by metalorganic magnetron 
sputtering. Chyi et al. [17] have also used GaAs as a 
buffer layer for the MBE growth of InSb on Si(001) 
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substrate. The lattice mismatch between InSb and 
substrate decreases down to about 15%. By using 
GaAs buffer layer, they got the improved electron 
mobility in InSb films on Si(OOl) compared to that 
without buffer layer. AlAb has also been used as a 
buffer layer for the growth of InSb on GaAs and Si 
substrates [18]. 

Here, we propose for the first time to use Ge 
buffer layer for the heteroepitaxial growth of InSb on 
Si(OOl) substrate. The heteroepitaxial growth and the 
structural characterization of Ge on Si(001)-2 X 1 
surface have already been reported [19,20]. The lat- 
tice mismatch between Ge and InSb is down to about 
15%, as well as the GaAs buffer layer. In the present 
work, the comparative study on the growth of InSb 
on Si(001), Ge(OOl) and Ge/Si(001) substrates will 
be reported. The grown films will be characterized 
by in situ AES (Auger electron spectroscopy), opti- 
cal microscope, XRD (X-ray diffraction), SEM 
(scanning electron microscope) and ECP (electron 
channeling pattern). 

2. Experimental 

InSb was grown on Si(001), Ge(001) and 
Ge/Si(001) substrates by the evaporation of sepa- 
rated In and Sb sources in a high vacuum chamber 
equipped with AES and LEED systems (base pres- 
sure 5 X 10~9 Torr). A clean 2X1 surface of p-type 
Si(001) with resistivity about 20 ft cm was prepared 
by annealing at 950°C for 20 min. The Ge(001) 
substrate with resistivity of 60 Q cm was cleaned by 
heating at 800°C for 20 min. In the case of 
Ge/Si(001) substrate, the Ge film with thickness of 
about 4,000 A was grown at 400°C on Si(001) 
surface as a buffer layer in MBE (molecular beam 
epitaxy) chamber. After introducing the Ge/Si(001) 
substrate into the high vacuum growth chamber, it 
was annealed at 800°C for 10 min. The heating of 
these substrates was performed by direct current. The 
substrate dimension was about 8 X 10 X 0.5 mm3. 
These cleaning procedures yielded the clear 2X1 
LEED (low-energy electron diffraction) pattern of 
individual surface. InSb was grown on these sub- 
strates by the coevaporation of 6-nine pure In and Sb 
from separated sources. The fluxes of In and Sb were 
monitored separately by quartz oscillators. The flux 

ratio of Sb/In was changed by adjusting Sb flux 
under a constant In flux. The substrate temperature 
was measured by an alumel-chromel thermocouple 
attached to the substrate holder and also by a pyrom- 
eter. The composition of grown films was estimated 
by  measuring  peak-to-peak  intensity  in  the  first 
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Fig. 1. Growth of InSb on Si(001) substrate with flux ratio of 4.0. 
(a) Optical microscope photograph of the sample grown at 300°C, 
(b) optical microscope photograph of the sample grown at 370°C 
on the 230°C-grown layer, (c) XRD spectrum of the sample (b). 
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derivative mode of In-Mnn and Sb-MNN AES sig- 
nals at 404 and 454 eV, respectively. XRD using 
Cu-Ka X-rays, SEM and ECP operating at 15 or 30 
kV and optical microscope were used for the charac- 
terization of the grown films as a function of growth 
conditions, such as growth temperature between 100 
and 400°C, and flux ratio of Sb/In from 1 to 6. ECP 
pattern was taken in the beam locking mode with 
scanning angle of 5.2-6.5°. The growth rate was 
about 3 A/s, and the thickness of grown InSb films 
was about 0.8-1.2 ^m. 

3. Results and discussion 

3.1. Direct growth of InSb on Si(001) substrate 

Fig. 1 shows some results on the direct growth of 
InSb on Si(001) substrate, where (a) depicts an 
optical microscope photograph of InSb surface grown 

on Si(001) substrate at 300°C by using flux ratio of 
4.0. The composition ratio of the film estimated by 
AES is 0.76. As seen in the figure, the surface 
consists of many agglomerated islands. Although the 
detail of the surface morphology depended on the 
flux/and/or composition ratio of Sb/In, it was 
needed to grow at lower temperature than 250°C for 
the growth of InSb films with smooth surface. The 
two-step temperature growth was effective. And, as 
shown in Fig. 1(b), the growth at higher temperature 
such as 370°C on the 230°C pre-grown layer results 
in the growth of InSb with smooth surface. However, 
XRD spectrum reveals that the InSb film is polycrys- 
talline, irrespective of the growth conditions, as 
shown in Fig. 1(c). The strongest peak related to 
InSb is the (111) line, while the (004) peak is very 
weak, thereby suggesting no epitaxial relation be- 
tween grown film and substrate. In-related peaks are 
also seen in the XRD spectrum. Chyi et al. [17] have 
reported the direct heteroepitaxial growth of InSb on 
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Fig. 2. SEM images of InSb grown on Ge(001) substrate at 300°C under the flux ratio of (a) 3.0, (b) 4.0 and (c) 5.0. The corresponding 
composition ratio of Sb/In are 0.72, 0.82 and 1.29, respectively. 
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Si(OOl) substrate without buffer layer by using 
molecular beam epitaxy. However, there seems to be 
a very narrow channel in the growth conditions for 
the direct heteroepitaxy of InSb on Si(OOl) substrate 
[21]. 

3.2. Growth on Ge(OOl) substrate 

Fig. 2(a, b, c and d) show SEM images of InSb 
surfaces grown on Ge(OOl) substrate at 300°C, where 

the samples (a), (b) and (c) were grown at flux ratio 
of 3.0, 4.0 and 5.0, respectively. Sample (d) is the 
magnification of (c). The corresponding composition 
ratio estimated by AES is 0.72, 0.82 and 1.29, 
respectively. The grown films with flux ratio 3.0 and 
4.0 are In-rich, while the film grown at flux ratio 5.0 
is Sb-rich. As seen in the figures, it is found that the 
flux ratio and/or composition ratio of Sb/In plays a 
crucial role in determining the surface morphology 
of the grown films. The surface of the sample (a) 
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Fig. 3. XRD spectra (left) and ECP patterns (right). The samples are the same as Fig. 2. 
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grown at flux ratio of 3.0 shows many grains. On the 
surface of sample (b), there exist many small precipi- 
tates, may be In-droplets. The surface becomes 
smoother and smoother with increase in the flux 
ratio and/or composition ratio, and the surface of 
the film grown at flux ratio 5.0 was mirror-like in 
eye observation, and no structures are seen in Fig. 
2(c). However, the magnified SEM image of the 
sample (c) shows the mosaic structure as shown in 
Fig. 2(d). The similar behavior of the surface mor- 
phology depending on the flux ratio has also been 
observed for the growth of InSb on GaAs [2]. Fig. 3 
shows XRD spectra (left) and ECP patterns (right) of 
the same samples as shown in Fig. 2. As shown in 
XRD spectra, all of these InSb films are (001) 
orientated, in strong contrast to the growth on 
Si(001). However, the relative intensity of the 
InSb(004) peak to that of the Ge(004) peak is the 
largest in (a), and it is very small in (c), thereby 
suggesting the crystal quality of (a) is the best of all 
three samples. Similar tendency between crystal 
quality and composition ratio of the films is also 
seen in ECP patterns shown on the right of Fig. 3, 
where sample (a) displays cross pattern, suggesting 
the film is single crystalline, although the crystal 
quality is not so good. The ring patterns appearing in 
ECP of (a) demonstrate that the orientation of the 
grains in the film plane is limited to small region less 
than 20 yam. On the other hand, the sample (c) 
shows only weak ring patterns, indicating the film is 
amorphous-like even if it includes only very small 
parts of InSb crystal as observed by XRD. Thus, the 
mosaic structures observed in the magnified SEM 
image shown in Fig. 2(d) may be grains including 
much Sb. Therefore, the smoothness of the surface 
morphology observed by optical microscopy and/or 
SEM does not necessarily correspond to the crystal 
quality of the films. 

XRD spectra of the samples also include some 
additional weak peaks in the low diffraction angle 
region corresponding to In and Sb crystals. The 
intensity of these peaks seems to be related to that of 
InSb(004) peak, that is, the intensity of In- and 
Sb-related peaks of the sample (a) is strongest of all 
three samples. 

The relationship between the flux ratio and the 
composition ratio of Sb/In mentioned above, sug- 
gests that the films with stoichiometric composition 

will be obtained for the growth at the flux ratio of 
about 4.5. 

3.3. Growth on Ge / Si(001) substrate 

In the previous section, it has been demonstrated 
that InSb easily grows heteroepitaxially on Ge(001) 
surface. Based on the results, InSb was grown on 
Si(00l) substrate with a 4,000 A thick MBE-grown 
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Fig. 4. InSb film with composition of 1.03 on Ge/Si(001) sub- 
strate grown at 300°C with flux ratio of 4.5, (a) SEM image, (b) 
ECP pattern and (c) XRD spectrum. 
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Ge buffer layer. Fig. 4(a-c) show SEM photograph, 
ECP pattern and XRD spectrum, respectively, of the 
InSb film grown at 300°C with flux ratio of 4.5. The 
composition ratio determined by AES is 1.03, being 
closely to stoichiometry. The surface appeared 
smooth and mirror-like. In the SEM image, the 
surface consists of plate-like grains with grain size of 
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Fig. 5. (a) SEM image, and (b) ECP pattern of InSb with 
composition ratio of 0.7 on the Ge/Si(001) substrate grown at 
300°C; (c) ECP pattern of the Ge/Si(001) substrate. 

about 0.5-2.0 /xm, which is much different from the 
surface morphology of Sb-rich films shown in Fig. 
2(c) and (d). XRD spectrum exhibits only (004) peak 
with respect to InSb as shown in Fig. 4(c). ECP 
shows cross patterns corresponding to (022) and 
(004) planes as seen in Fig. 4(b), although (004) 
pattern is very weak. It is noted that the ring pattern 
which was observed for InSb surface on Ge(001) 
does not appear in the present case, suggesting the 
film is monocrystalline in the wide region at least 
over 20 //,m. 

Fig. 5(a) and (b) show the SEM image and ECP 
pattern, respectively, of the In-rich film with compo- 
sition ratio of 0.7 grown at 300°C. Fig. 5(c) depicts 
the ECP pattern of the surface of Ge/Si(001) sub- 
strate for the comparison. As seen in Fig. 5(a), the 
surface of this sample is covered by many clear 
shaped InSb islands, which is very different from the 
images shown in Fig. 2 and Fig. 4. ECP displays 
clearer cross patterns corresponding to both (022) 
and (004) planes than that of Fig. 4(b). These results 
indicate that the film with In-rich composition results 
in the better crystal quality rather than that with 
stoichiometric composition, even if the surface mor- 
phology degrade in the In-rich films. However, the 
broadness of the pattern and the lack of the detail in 
the ECP pattern of Fig. 5(b), relative to that of the 
Ge/Si(001) shown in Fig. 5(c), indicate that the 
InSb film still has a higher density of defects than 
Ge layer. 

It should be important to improve the crystal 
quality of the InSb films with stoichiometric compo- 
sition. It may be effective in the improvement of the 
crystal quality to grow at higher temperature. How- 
ever, the growth at 400°C resulted in the agglomera- 
tion of the films. The two-step temperature growth is 
believed to be useful, as well as the growth on 
Si(001) substrate, for the growth of the InSb films 
with smooth surface at higher temperature. Such 
works are now in progress. 

4. Conclusion 

In conclusion, it has been shown that InSb films 
easily grow heteroepitaxially on Ge(001) and 
Ge/Si(001) substrates for wide deposition condi- 
tions. Ge was used for the first time as a buffer layer 
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for the heteroepitaxial growth of InSb on Si(OOl) 
substrate. For the growth at 300°C, the flux ratio of 
4.5 resulted in the growth of InSb with a nearly 
stoichiometric composition, and with a smooth sur- 
face. However, the better crystal quality was ob- 
tained in the In-rich films rather than in the stoichio- 
metric films for the growth temperature of 300°C. 

Acknowledgements 

The authors would like to express their thanks to 
Mr. K. Matsuda at Department of Materials, Science 
and Technology of Toyama University for his coop- 
eration in the SEM and ECP observations. A part of 
this work was financially supported by Cosel Foun- 
dation. 

References 

[1] A.J. Noreika, M.H. Francombe and C.E.C. Wood, J. Vac. 
Sei. Technol. A 1 (1983) 558. 

[2] J.-I.  Chyi,  S.  Kalen,  N.S.  Kumar,  C.W.  Litton and H. 
Morkoc, Appl. Phys. Lett. 53 (1988) 1092. 

[3] G.M. Williams, C.R. Whitehouse, C.F. McConville, A.G. 
Cullis, T. Ashley, S.J. Courtney and C.T. Elliott, Appl. Phys. 
Lett. 53 (1988) 1189. 

[4] J.L. Davis and P.E. Thompson, Appl. Phys. Lett. 54 (1989) 
2235. 

[5] P.K. Chiang and S.M. Bedair, Appl. Phys. Lett. 46 (1985) 
383. 

[6] B.M. Biefield and G.A. Hebner, Appl. Phys. Lett. 57 (1990) 
1563. 

[7] D.K. Gaskill, G.T. Stauf and N. Bottka, Appl. Phys. Lett. 58 
(1991) 1905. 

[8] Y. Yamamura and N. Watanabe, Jpn. J. Appl. Phys. 31 
(1992) L68. 

[9] J.B. Webb, C. Halpin and J.P. Noad, J. Appl. Phys. 60 
(1986) 2949. 

[10] T. Ohshima, S. Yamauchi and T. Hariu, Jpn. J. Appl. Phys. 
28 (1989) L13. 

[11] Z.C. Feng, S. Perkowitz, T.S. Rao and J.B. Webb, J. Appl. 
Phys. 68 (1990) 5363. 

[12] P.E. Thompson, J.L. Davis, I. Waterman, R.J. Wagner, D. 
Gammon, D.K. Gaskill and R. Stahlbush, J. Appl. Phys. 69 
(1991)7166. 

[13] K.D. Jamison, A. Bensaula, A. Ignatiev, C.F. Huang and 
W.S. Chan, Appl. Phys. Lett. 54 (1989) 1916. 

[14] T. Miyazaki, M. Mori and S. Adachi, Appl. Phys. Lett. 58 
(1991) 116. 

[15] J.E. Oh, P.K. Bhattacharya, Y.C. Chen and S. Tsukamoto, J. 
Appl. Phys. 66 (1989) 3616. 

[16] T.S. Rao, J.B. Webb, D.C. Houghton, J.M. Baribeau, T. 
Moore and J.P. Noad, Appl. Phys. Lett. 53 (1988) 51. 

[17] J.-I. Chyi, D. Biswas, S.V. Iyer, N.S. Kumar, H. Morkoc, R. 
Bean, K. Zanio, H.-Y. Lee and H. Chen, Appl. Phys. Lett. 54 
(1016) 1989. 

[18] L.K. Li, Y. Hsu and W.I. Wang, J. Vac. Sei. Technol. B 1 
(1993) 872. 

[19] M. Asai, H. Ueba and C. Tatsuyama, J. Appl. Phys. 58 
(1985) 2577. 

[20] Y. Hida, T. Tamagawa, H. Ueba and C. Tatsuyama, J. Appl. 
Phys. 67 (1990) 7274. 

[21] G.E. Franklin, D.H. Rich, H. Hong, T. Miller and T.-C. 
Chiang, Phys. Rev. B 45 (1992) 3426. 



applied 
surface science 

ELSEVIER Applied Surface Science 104/105 (1996) 570-574 

Ga-Se films grown on a GaAs(OOl) surface at high temperature 
using a thermal evaporation of GaSe 

T. Izumi, H. Nishiwaki, T. Tambo ", C. Tatsuyama 
Department of Electronics & Information Engineering, Faculty of Engineering, Toyama University, 3190 Gofltku, Toyama 930, Japan 

Received 28 June 1995; accepted 28 September 1995 

Abstract 

The initial stage of heteroepitaxial growth of Ga-Se films on GaAs(OOl) surface using a single evaporation source of 
GaSe has been studied as a function of growth temperature by means of in-situ LEELS (low-energy electron-loss 
spectroscopy), XPS (X-ray photoemission spectroscopy) and AES (Auger electron spectroscopy). The thick films were 
studied ex-situ by XRD (X-ray diffraction). In the LEELS spectra, the film grown at 450°C had a different structure from the 
film grown at 400°C. In the XRD pattern, weak but clear signals of Ga2Se3 were observed. The AES intensity ratio of Ga 
and Se also showed that the films were composed of Ga-rich Ga2Se3. The film grown at 430°C evolved the structure from 
high temperature phase (mainly Ga-rich Ga2Se3) to low temperature phase (GaSe) with increase in thickness. At 450°C, not 
the Ga2Se3 but the crystalline GaSe film grew on a GaAs(l 11)A surface. 

1. Introduction 

The GaSe is a typical III—VI layered compound. 
The surface of crystalline GaSe is very stable be- 
cause there are no dangling bonds. The band gap of 
GaSe is 2.0 eV, and the GaSe thin film is a good 
window and protection material for a GaAs device 
with the band gap of 1.43 eV. There is another 
stoichiometric compound, Ga2Se3. The Ga2Se3 is a 
three-dimensional crystal different from GaSe. The 
band gap is still under discussion and likely to be 
larger than 2.0 eV. The phase diagram of the Ga-Se 
system has been studied by the differential thermal 
analysis [1].  And there, the phases of GaSe and 

Corresponding author. 

Ga2Se3 were found, but the phases of Ga2Se [2] and 
Ga3Se2 [3] were not found. It has been known that 
the compound of Ga2Se is unstable and can only be 
obtained by sublimation method [2]. 

We have studied the growth condition and the 
structure of Ga-Se film on a GaAs(001) surface by 
using a thermal evaporation of GaSe [4], where the 
substrate temperature largely influenced the film 
structure. The films grown at temperatures lower 
than 250°C were amorphous, even though they were 
evolved to crystalline GaSe by the post annealing at 
400°C for 30 min. The LEELS spectra of films with 
only about 30 A grown at temperatures between 250 
and 400°C were essentially the same as that of 
cleaved GaSe surface. The LEELS spectra of the 
film with thickness of 30 A grown at 400°C had not 
a peak with loss energy of 16 eV which appears in a 
spectrum of cleaved GaSe. The spectrum was named 
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as "high temperature phase" which will be identi- 
fied to be Ga2Se3 in the present paper. In the case of 
the thickness of about 30 A, the 400°C may be a 
critical temperature whether the crystalline GaSe 
phase grows or the high temperature phase grows. 

Using the similar thermal evaporation method of 
layered compound, GaSe and Ga2Se3 film have been 
fabricated on glass or mica substrate under a pres- 
sure of 10~5 Torr by Yudasaka and Nakanishi [5]. 
Their evaporation source was a GaSe bulk in a 
molybdenum boat. GaSe epitaxial films could not be 
formed, although epitaxial films of InSe which is the 
same III-VI layered compound could be formed. 

It has been known that a heterovalent exchange 
reaction between Se and GaAs surface which results 
in the formation of Ga2Se3 takes place for both 
Se-passivation [6] and molecular beam epitaxy 
(MBE) [7]. In the case of Se-passivation such as 
annealing of GaAs substrates in a H2Se atmosphere, 
/3-Ga2Se3 has been formed at higher temperature 
than 780 K (507°C) [6]. In order to prepare the 
Ga2Se3 film by MBE, a substrate temperature of 
500°C and a VI/III ratio as large as 150 to 180 were 
required [7]. Compared with these, the present exper- 
iments are characterized in using the thermal evapo- 
ration of GaSe single crystal as a source. In this case, 
very high Se/Ga ratios required in MBE could not 
be obtained, and the molecules evaporated by the 
thermally decomposition of the GaSe source have 
been reported to be Ga2Se and Se [5]. 

In the present paper, we study the Ga-Se films 
grown on a GaAs(OOl) surface at temperatures be- 
tween 400 and 450°C. They are characterized by 
using LEELS, AES, XPS and XRD. The results will 
demonstrate that GaSe films or Ga2Se3 films easily 
grow on GaAs substrates without the use of H2Se 
gas or metal sources, and the control of VI/III ratio. 
The difference in the growth of GaSe and Ga2Se3 on 
GaAs(OOl) depending on the growth temperature and 
film thickness will be discussed. The Ga-Se film 
grown on GaAs(lll)A surface at the high tempera- 
ture will also be characterized. 

2. Experimental 

GaSe films were grown in an ultra-high vacuum 
chamber with a base pressure of 2 X 10~9 Torr. The 

substrates were non-doped n-type GaAs(OOl) and 
GaAs(lll)A wafer with resistivity of 5 fl cm and 
carrier density of 4 X 1014 cm"3. The substrate sur- 
face was cleaned by Ar+ ion sputtering with an 
accelerated voltage of 1 kV, and subsequent anneal- 
ing at 450°C for 30 min. 

The ingot of GaSe single crystals grown by the 
Bridgman method was used as the source for the 
thermal evaporation. They were heated in a coiled 
tungsten wire which was wrapped in a shroud of 
liquid nitrogen. The evaporation rate was held to 0.1 
A/s at all growth temperatures using a quartz thick- 
ness monitor cooled by water. The substrate tempera- 
ture was varied between 400 and 450°C with resis- 
tive heating by a tungsten filament. The thickness of 
the Ga-Se films grown at different temperatures 
were a few to 1000 A on a display of the thickness 
monitor. 

The electronic structure, the chemical state and 
the chemical composition were observed by LEELS, 
XPS and AES at some thicknesses during the growth. 
A double-pass cylindrical mirror analyzer (PHI 15- 
255G) including a co-axial electron gun accepted 
electrons with an incident angle of 42.3°. The center 
axis was inclined by 30° from the sample surface 
normal. In this geometry the probe depth of an 
electron with a primary energy of 100 eV is less than 
2.5 A. Ga(LMM) and Se(LMM) AES lines with 
kinetic energies of 1070 eV and 1315 eV were used 
to estimate the chemical composition ratio of Se/Ga. 
The crystal structure of films with nominal thickness 
of 1000 Ä was determined by XRD. 

3. Results and discussion 

We have studied the initial stage of heteroepitax- 
ial Ga-Se films on a GaAs(OOl) surface using sur- 
face analyses mentioned above. LEELS analysis has 
a specially high sensitivity to a surface. The crys- 
talline GaSe film as reported in Ref. [4] grew on a 
GaAs(OOl) surface at 400°C. Typical LEELS spectra 
of Ga-Se films grown at 450 and 430°C on 
GaAs(OOl) surfaces are shown in Fig. 1 and Fig. 2, 
respectively. The film thickness in figures represents 
the value obtained by a quartz thickness monitor. 

In Fig. 1 (450°C), a small amount of difference at 
the peak position and the missing of a peak at energy 
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Ep=100eV 
Ts=450°C 

30 20 10 
ENERGY LOSS (eV) 

Fig. 1. LEELS spectra of Ga-Se film grown at 450°C on a 
GaAs(OOl) surface. The observed spectra are so-called high tem- 
perature phase different from that of cleaved GaSe as shown at the 
bottom. 

of 16 eV are observed in the spectra of films from 50 
to 500 A compared with the spectrum of cleaved 
GaSe drawn at the bottom, while the peak at energy 
of 16 eV is obscurely observed at 1000 A. The high 
temperature phase is characterized by missing of a 
peak with loss energy of 16 eV in the LEELS 
spectrum and the small energy shift of several other 
peaks to higher energy side. The appearance of the 
high temperature phase means a creation of a new 
derivative different from stoichiometric GaSe. At 
450°C, the deposition grov/th rate is thought to be 
very low and the re-evaporation rate on the surface is 
thought to be very high. Really, the very thick film 
could not grow on a GaAs(OOl) surface at 450°C. 

The Ga-Se film grown at temperatures between 
400 and 450°C becomes a matter of concern. The 
LEELS spectra at 430°C are shown in Fig. 2. Al- 
though the spectrum of the film with thickness of 50 
A shows the growth of high temperature phase, the 
spectrum evolves from the high temperature phase to 
the crystalline GaSe phase with increasing thickness 
of film. The spectra of films with thickness of over 

250 Ä perfectly reveals the same spectrum as that of 
cleaved GaSe single crystal. 

In order to make clear what is the derivative, the 
chemical states, the chemical composition and the 
crystal structure of the film were measured using 
XPS, AES and XRD methods. The XRD patterns of 
the films grown at 400, 430 and 450°C are shown in 
Fig. 3. The thickness of the films is 1000 A dis- 
played on the quartz thickness monitor. The XRD 
pattern of the film grown at 400°C shows (001)- 
orientated GaSe signals with intensities of a few 
thousand counts per second. This confirms that the 
crystalline GaSe grows along the c-axis on a 
GaAs(OOl) surface at 400°C. On the other hand, the 
XRD pattern of the film grown at 450°C shows small 
peaks related to Ga2Se3. The weak intensity of the 
peaks is due to very thin film thickness rather than 
1000 A. Although the intensity is weak, it is found 
that only (OOl)-orientated Ga2Se3 grows. The XRD 
pattern of film grown at 430°C only showed a weak 
diffraction peak of GaSe(004). 

20 10 0 
ENERGY LOSS (eV) 

Fig. 2. LEELS spectra of Ga-Se film grown at 430°C on a 
GaAs(OOl) surface. The spectrum shows the high temperature 
phase Ga-Se at the initial deposition, and then it evolves to the 
spectrum of crystalline GaSe. 
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Fig. 3. XRD patterns of the films grown at different growth 
temperatures. They are all 1000 A thick obtained from a quartz 
thickness monitor. 

Fig. 4 shows the ratio of chemical composition of 
Ga and Se estimated by AES as a function of growth 
temperature. The sensitivity is normalized to the 
peak-to-peak intensity of the stoichiometric GaSe 
crystal. Although the composition ratio between 350 
and 400°C is constant at 0.97, it increases to 1.36 
with raising the growth temperature. It is noted that 
the films are Ga-rich not only in the crystalline GaSe 

350 400 450 

SUBSTRATE TEMPERATURE (°C) 

Fig. 4. Composition ratio of Se to Ga obtained from their AES 
peak-to-peak intensities as a function of growth temperature. 

58 56 54 52 

BINDING ENERGY (eV) 

Fig. 5. Se 3d X-ray photoemission spectrum of film grown at 
450°C with thickness of 500 Ä. The inset represents Se 3d 
spectrum of film with thickness of 30 A [4]. 

phase but also in the high temperature phase, Ga2Se3. 
Li et al. [9] have reported that a highly developed 
reconstruction structure has been observed at the 
interface between vacancy-ordered Ga2Se3 and 
GaAs(OOl) by the analysis of electron diffraction 
pattern and high resolution transmission electron mi- 
croscope images. The Ga-Se film was prepared by 
molecular beam epitaxy method. In the reconstruc- 
tion structure, each Se atom had three nearest neigh- 
bor Ga atoms [9]. The reconstruction structure is 
Ga-rich for defect zincblende Ga2Se3. The Ga-rich 
Ga2Se3 film grown at 450°C in the present work 
would have the same structure as the reconstruction 
one in Ref. [9]. 

The XPS spectrum of Se 3d was selected to 
observe the chemical bonding of the high tempera- 
ture phase, since the Ga element is common for the 
Ga-Se film and the GaAs substrate. Fig. 5 shows the 
Se 3d X-ray photoemission spectrum of the film 
grown at 450°C with thickness of 500 Ä. The FWHM 
of this spectrum is wider than that of GaSe by about 
0.2 eV. According to the result of XRD, the spec- 
trum originates from Ga2Se3. Recently, high resolu- 
tion photoemission spectra of Ga2Se3 film formed 
on GaAs(OOl) were measured and deconvoluted into 
two components of Se in Ga2Se3 by Markl et al. [8]. 
A binding energy of the spectrum in Fig. 5 is in 
agreement with their data. Inset in the figure shows a 
Se 3d spectrum of the film with thickness of 30 A 
from Ref. [4]. The full width at half maximum 
(FWHM) of this spectrum is clearly wider than the 
spectrum of Ga2Se3. The differential part between 
the two spectra is in lower binding energy side in the 
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inset. It corresponds to Ga^-Se (y> 1) [4]. Thus, 
the component of Ga^-Se disappears with increase 
in thickness and only the Ga2Se3 component re- 
mains. 

Some interpretations are considered for the disap- 
pearing of a bonding of Ga^-Se (y> 1) with in- 
crease in thickness. The first interpretation is that the 
Gay-Se (y>l) is a Ga2Se molecule evaporated 
from the GaSe source [5], and in the initial deposi- 
tion some of Ga2Se molecules transform to the 
Ga2Se3 [5], while others remain on the GaAs sub- 
strate. With increasing deposition, it is thought that 
the rate of transformation becomes large since the 
Ga2Se is deposited on the Ga2Se3 layer [5]. There- 
fore, the Ga2Se will be introduced at the interface of 
the Ga2Se3 film and GaAs substrate. The second 
interpretation is that both GavSe (y > 1) and Ga2Se3 

are formed on the GaAs surface by Se molecules 
included in the evaporated species, because Se 
molecules evaporated from the source GaSe first 
react with the surface atoms of the substrate at the 
initial step. In the case of S-passivation of GaAs(OOl), 
the S 2p spectrum with two components has also 
been observed at a S/GaAs(001) surface prepared 
by (NH 4 )2S ^-treated GaAs [10]. The third interpreta- 
tion is that the signal of Gay-Se (y> 1) is origi- 
nated from the Se atoms which occupied the As sites 
below the surface. The phenomenon has been shown 
at the 3d spectrum of the (2 X 1) Se-stabilized 
GaAs(OOl) surface [11], where there are also two 
chemically shifted components, which are tentatively 
attributed to the Se atoms terminating the surface 
(adsorption) and those occupying the As sites below 
the surface (heterovalent exchange reaction). Accord- 
ing to these interpretations, it is reasonable that the 
signal intensity of Ga^-Se (y> 1) decreases with 
increasing of film thickness. 

We have tried to grow a Ga-Se film on a 
GaAs(lll)A surface at 450°C. The cleaning method 
of the GaAs surface was the same as the GaAs(OOl). 
The deposition condition was also the same. The 
LEELS spectrum shows the same loss structure as 
crystalline GaSe even for the thickness of 50 A, 
thereby suggesting the growth of GaSe different 
from on Ga2Se3/GaAs(001). Considering the atom 
alignment, a six-fold symmetry for GaSe(OOl) sur- 
face coincides with that for GaAs(lll). In order to 
make the growth mechanism clear, we are planning 
to observe the atomic structures at the initial stage of 

the growth using RHEED (reflection high energy 
electron diffraction) and STM (scanning tunneling 
microscopy). 

4. Conclusion 

We have studied the initial stage of the heteroepi- 
taxial growth of Ga-Se films on GaAs(OOl) and 
GaAs(lll)A surface using a single evaporation 
source of GaSe. The (OOl)-oriented GaSe and the 
(OOl)-oriented Ga2Se3 grew on a GaAs(OOl) surface 
at 400 and 450°C, respectively. At growth tempera- 
ture of 430°C, the crystal structure evolved from 
Ga2Se3 to the (OOl)-oriented GaSe with increase in 
the thickness. The GavSe (y > 1) is thought to be 
formed near the interface between the GaAs sub- 
strate and the Ga2Se3 film grown at 450°C. The 
films grown at 450°C on GaAs(lll)A has the 
(OOl)-oriented GaSe structure, which is different from 
the structure for films grown at 450°C on GaAs(OOl). 
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Abstract 

Due to its luminescence in the blue-green spectral range, Ga2Se3 has become a subject of extensive research. Thin 
epitaxial Ga2Se3 layers were grown on GaAs(lOO) and GaP(lOO) for the first time by metalorganic chemical vapour 
deposition (MOCVD). The structural and optical properties were investigated by transmission electron microscopy, Raman 
spectroscopy and photoluminescence (PL). Raman spectra were taken in a temperature range from 100 K to 600 K using 
excitation energies of Ar+ and Kr+ ion lasers. Additionally the photoluminescence of the layers was measured using 
ultraviolet (UV) excitation. The results of this study are compared and discussed with those of other growth techniques. 

1. Introduction 

In the last years epitaxial Ga2Se3 layers have 
been grown successfully on III-V semiconductors 
using molecular beam epitaxy (MBE) [1-3], met- 
alorganic MBE (MOMBE) [4] and the heterovalent 
exchange reaction (HER) [5]. This defect zincblende 
semiconductor [6] is discussed as a potential material 
for optoelectronic applications due to the interesting 
optical properties, e.g. light emission in the visible 
spectral range. While the results of several transmis- 
sion electron microscopy (TEM) and X-ray diffrac- 
tion studies show the same structural properties of 

* Corresponding author. Tel.:   +49-371-5313036; fax:   + 49- 
371-5313060; e-mail: zahn@physik.tu-chemnitz.de. 

the Ga2Se3 layers for all growth methods [3,5,7-9], 
studies of the optical properties, e.g. photolumines- 
cence, lead to different results [2,10-12]. In this 
work the MOCVD growth of Ga2Se3 layers and the 
resulting structural and optical properties were inves- 
tigated. 

2. Experimental 

Epitaxial Ga2Se3 films of several hundred 
nanometer thickness were grown on GaAs(100) and 
GaP(100) in a conventional MOCVD reactor using 
trimethylgallium (TMG) and H2Se as precursors. 
The GaAs crystals were prepared by degreasing and 
etching in H2S04 :H202 :H20, and the GaP(100) 
substrates (10° off), were etched in HN03: HC1: H20 

0169-4332/96/$15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
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and the surfaces were reduced using (NH4)2S^ as 
described by Wang [13]. In order to improve the 
crystal quality of the Ga2Se3 layers, the growth 
temperature (rs) and the H2Se/TMG flux ratio 
were varied in the range from 630 K to 830 K and 
up to 20, respectively. The structural properties of 
these layers were investigated by transmission elec- 
tron microscopy (TEM). 

The samples were studied by Raman spectroscopy 
under various conditions using the microscope stage 
of a Dilor XY triple monochromator equipped with a 
CCD camera for multichannel detection. All mea- 
surements were performed with a magnification of 
50-80, resulting in a focus diameter of < 5 /xm and 
backscattering geometry with both the incident and 
scattered light polarised parallel to the [011] direc- 
tion of the substrate. Typically a spectral resolution 
of 2.3 cm"1 was achieved (100 fim slit width and 
2.41 eV excitation energy). To investigate the tem- 
perature dependence between 100 K and 600 K, the 
samples were placed in an optical cryostat under the 
microscope. A broad range of excitation energies 
(1.83 eV to 2.71 eV) provided by Ar+ and Kr+ 

lasers was applied for the resonance measurements. 
Additional photoluminescence measurements were 

performed at 300 K using the 3.81 eV line of a HeCd 
laser. 

3. Results and discussion 

The results of the TEM investigations of the 
parameter variation reveal optimized Ga2Se3 growth 
for Ts = 725 K and a Se: Ga ratio of 4:1 on both 
substrates. Epitaxial layers of the Ga2Se3 in the 
ordered cubic defect zincblende structure [6] with 
domain sizes of 10 nm were obtained. The crystal 
quality of Ga2Se3 layers on GaP is superior to GaAs 
as expected from the smaller lattice mismatch (0.3% 
for GaP, 4% for GaAs). For higher growth tempera- 
tures as well as Se: Ga ratios only growth of poly- 
crystalline material was observed. A more detailed 
description of the MOCVD growth and the TEM 
study can be found in Ref. [14]. 

The variation of the growth parameters was then 
investigated by Raman spectroscopy. As an example 
typical spectra of samples grown on GaAs at 625 K 
using two different Se: Ga ratios are shown in Fig. 1. 

E.=2.41eV (100(011)(011)100) 

100       150      200      250      300      350 

Raman Shift (cm-1) 

Fig. 1. Raman spectra of Ga2Sej on GaAs(100) taken at 300 K: 
Comparison of two different Se:Ga flux ratios for a constant 
substrate temperature of 725 K. 

For both ratios the complex phonon structure of 
Ga2Se3 [15] can be observed. The analysis of these 
spectra using a curve fitting procedure reveals a 
higher crystal quality of the sample grown with a 
Se: Ga ratio of 4:1. For example the full width at 
half maximum (FWHM) of the 155 cm"1 peak is 6 
cm"1 at the lower ratio compared to 10 cm"1 at the 
higher value. For the variation of Ts and the Se: Ga 
flux ratios the results of the Raman spectroscopy are 
in agreement with the TEM investigations and con- 
firm the optimized growth parameters of Ts = 725 K 
and Se: Ga of 4:1 for both substrates. In comparison 
to the results of recent Ga2Se3 growth experiments 
using MBE, MOMBE and HER the substrate tem- 
perature is 50-130 K lower. This behaviour is some- 
what surprising since it is known that in III-V and 
II-VI semiconductor growth the substrate tempera- 
tures are usually higher for MOCVD. On the other 
hand, the precursors used and flux ratios are very 
different and do not allow an exact comparison. 
However, the structural ordering and the homogene- 
ity of the layers grown by MOCVD is of comparable 
quality to samples grown by the other techniques. 
High quality samples grown at the optimized param- 
eters are the subject of the following investigations. 

The temperature dependence of the Raman spec- 
tra was investigated in the range from 100 K to 600 
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K. In Fig. 2 the spectra of Ga2Se3 on GaP at various 
temperatures are shown. For increasing temperatures 
a broadening from 5 cm-1 (100 K) up to 10 cirT1 

(600 K) of the 155 cm-1 peak and a decreasing 
intensity of the Ga2Se3 related features can be ob- 
served. At low temperatures the structures at 250 
cm"1 to 300 cm"' increase with respect to the 155 
cm-1 peak. The curve fitting analysis of these spec- 
tra reveal linear frequency shifts to lower energies 
with increasing temperature as expected from the 
thermal expansion of the samples. The slopes of the 
corresponding shifts are listed together with the re- 
sults of a similar study of Ga2Se3 layers grown by 
HER [17] in Table 1. For the HER-grown material 
the peaks at 250 cm-1 and 290 cm-1 show a 
temperature dependence, which is comparable to the 
frequency shifts for the phonons in GaAs (TO: 2.0 
cm-1/100 K; LO: 1.8 cm_1/100 K) and ZnSe (LO: 
2.4 cm_I/100 K). In comparison the low frequency 
peaks reveal much weaker slopes. This behaviour is 
related to the origin of the phonon structures. As 
mentioned in Ref. [15] the peaks at 250 cm-1 and 
290 cm-1 are due the short range interaction in the 
defect-zincblende unit cell, while the low frequency 
peaks are related to the long range ordering of the 
monoclinic superstructure of the /3-Ga2Se3 [6]. The 

Table 1 
Comparison of the temperature induced shifts of the strongest 
Ga2Se3 peaks between this study and Ref. [17] 

350 

Raman Shift (cm ) 

^300 K 

(cm"1) 
dv/dT 
(cm-'/lOOK) 

[17] 

dv/dT 
(cm-'/lOOK) 

105 -0.1 -0.45 
118 -0.1 -0.3 
155 -0.5 -0.77 
250 -1.3 -0.4 
290 -2.1 -2.3 

Fig. 2. Temperature dependence of Raman spectra of 
Ga2Se3/GaP(100), recorded in (100(01 D(011)l00) geometry 
with 2.41 eV excitation energy. The spectra for higher tempera- 
tures were multiplied by the labeled factors. 

slopes obtained from the MOCVD samples show a 
similar behaviour with slightly higher values, except 
the slope of the 250 cm-1 peak. While the higher 
slopes are likely to be explained by the disordered 
nature of the bottom layer in HER growth [8], which 
may cause a change in the thermal expansion of this 
material, the reason for the anormalous weak temper- 
ature dependence of the 250 cm-1 peak is still 
unresolved. 

Also the enhancement of the high energy features 
at low temperatures is in agreement with the previ- 
ous study and is explained due to resonance en- 
hancement of the Raman cross section [17]. 

While epitaxial Ga2Se3 layers show very similar 
behaviour of the phonon modes for all growth tech- 
niques, there are still large differences in the reported 
value for the fundamental band gap and the photolu- 
minescence data of this material. A PL peak was 
observed using 2.41 eV excitation at 2.1 eV (50 K) 
for MBE growth [2] and a band gap in this spectral 
region was supported by transmission spectra [10]. 
For HER growth PL spectra using blue and green 
laser excitation show photoluminescence at 2.5 eV 
(50 K). This agrees well with features observed by 
reflection measurements and resonant Raman scatter- 
ing [12]. These samples show another PL feature at 
approximately 3.1 eV (2 K) when UV excitation is 
used, this result was also confirmed by low tempera- 
ture reflection measurements [11]. 

The excitation energy dependence of the Raman 
spectra was measured at room temperature in the 
range from 1.83 eV to 2.71 eV. For Ga2Se3 on GaP 
these spectra are shown in Fig. 3. A dramatic change 
of the spectra take place at approximately 2.3 eV, 
where the substrate related signals (GaP multiphonon 
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83eV 

100    150    200    250    300    350 
Raman Shift (cm" ) 

Fig. 3. Evolution of Raman spectra of Ga2Se3/GaP(100) with 
various excitation energies, measured at 300 K in 
(100(01 D(Oll)IOO) geometry. Note the GaP multiphonon scatter- 
ing around 200 cm"' for excitation energies < 2.4 eV. 

processes [16]), which dominate the spectra for low 
energy excitation, disappear and the Ga2Se3 features 
become dominant over the whole spectral range. 
This behaviour is obviously due to a strong increase 
of the absorption constant of the Ga2Se3 layer in this 
energy range. The intensity of the 155 cm"1 peak of 

1.8   2.0  2.2  2.4  2.6  2.8   3.0 
Energy (eV) 

Fig. 4. Results of resonance experiment (a) and PL (b) of 
Ga2Se3/GaP at 300 K. Resonance enhancements and structures 
in the PL spectra can be observed at 2.1 eV, 2.5 eV and > 2.7 
eV. 

these spectra, taking into account the correction of 
the spectrometer sensitivity is plotted in Fig. 4a. 
Resonance enhancement can be observed near 2.5 
eV and 2.7 eV, which is an indication for electronic 
transition energies in Ga2Se3. This resonance be- 
haviour is found to be almost independent of the 
substrate material. In order to substantiate these re- 
sults photoluminescence spectra were taken at room 
temperature using UV excitation. A typical spectrum 
is shown in Fig. 4b which reveals broad light emit- 
ting PL bands centered at 2.1 eV, 2.5 eV and 2.7 eV. 

These values are consistent with previous results 
of HER grown material [11]. All these results strongly 
suggest the existence of a Ga2Se3 band gap near 3 
eV at 300 K and various donor or acceptor related 
transitions depending on the growth method. 

4. Conclusions 

MOCVD was successfully applied for the first 
time to epitaxial growth of Ga2Se3 on GaAs(100) 
and GaP(100). The optimized growth parameters 
were determined by a variation of Ts and the Se: Ga 
flux ratio and a structural analysis of the samples 
using TEM and Raman spectroscopy. The tempera- 
ture and excitation energy dependence of the Raman 
spectra are consistent with the results of Ga2Se3 

layers grown by other techniques. Light emitting 
transitions in the blue-green spectral range were 
obtained from the PL measurements and were con- 
firmed by resonant Raman scattering. This result is a 
further indication for the potential of this material for 
optoelectronic applications. 
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Abstract 

The reactivity and diffusion of atoms at III-V interfaces is studied from group-Ill overlayers on group-V substrates. The 
interfaces are formed by an MBE-like deposition of Al, Ga, and In on UHV-cleaved Sb(lll) substrates at temperatures 
sufficiently low to suppress the III-V formation, followed by a continuous temperature ramp. A systematic investigation of 
the temperature dependence of the formation of III-V compounds during the temperature ramp is presented. It allows insight 
into the diffusion barriers involved. The process is monitored by Raman spectroscopy as the main tool. Besides, the initial 
and final state is characterized by AES and LEED. The threshold temperature observed increases with the group-Ill species 
from InSb (- 15°C) over GaSb (40°C) to AlSb (165°C). A layer-like reactive growth is found for InSb, while AlSb and 
GaSb tend to island formation. 

1. Introduction 

Due to the reduced size of modern semiconductor 
devices the diffusion and reactivity of atoms at inter- 
faces attract increasing attention. This paper con- 
cerns the investigation of the diffusion barriers at 
reactive metal-semiconductor interfaces. For this 
purpose a group-Ill layer is deposited in UHV on 
UHV-cleaved antimony (111) surfaces. From the 
initial reactive metal-Ill metal-V interface the het- 
erostructure  III/III-V/V  evolves  containing  the 

* Corresponding author. Fax: +49-32-81724595; e-mail: vwag- 
ner@fundp.ac.be. 

well-known III-V zincblende semiconductor. The 
reaction leads to an epitaxial (111) oriented semicon- 
ductor layer on the (111) antimony substrate [1,6-10]. 
After the formation of the first closed monolayer the 
growth is strongly affected by the diffusion be- 
haviour of the group-Ill and group-V atoms in the 
newly formed semiconductor layer [10]. Therefore 
the possibility of studying the diffusion properties at 
ultra-thin III-V layers is achieved. 

An experimental technique which is very well 
suited for monitoring this intermixing diffusion pro- 
cess is Raman spectroscopy. By this method the 
III-V compounds which are possibly formed are 
directly identified by means of their characteristic 
lattice vibration frequencies. Thus, it allows a contin- 

0169-4332/96/$15.00 Published by Elsevier Science B.V. 
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uous monitoring of the process. For the in situ 
Raman monitoring two different strategies may be 
followed. The first one is the continuous spectral 
observation during the group-Ill deposition at a fixed 
substrate temperature [1-3]. Alternatively, the group- 
Ill element is deposited first at a sufficiently low Sb 
substrate temperature to prevent a III—Sb compound 
formation. Subsequently the temperature is increased 
gradually, while simultaneously monitoring the Ra- 
man spectrum in order to catch the dynamics of the 
compound formation. 

In this paper the latter approach is followed. 
While increasing slowly the temperature the amount 
of the reacted phase at the buried interface is de- 
tected through the measured Raman intensity at the 
compound phonon frequency. This allows the deduc- 
tion of the compound layer thickness and thus of the 
diffusion rate in the semiconductor layer. 

In addition, the growth mode of the initial group- 
Ill layer and the completeness of the reaction at the 
end of the temperature ramp is checked by Auger 
electron spectroscopy (AES). 

2. Experimental 

The initial clean antimony (111) surfaces were 
obtained by cleavage in UHV environment. After- 
wards a group-Ill layer — indium, gallium or alu- 
minium — was evaporated from a Knudsen cell. 
Sufficiently low substrate temperatures were chosen 
to suppress a compound formation in this early stage 
of the experiment (In: - 110°C, Ga: - 100°C, Al: 
+ 23°C). Already this deposition process was moni- 
tored by Raman spectroscopy revealing the attenua- 
tion of the Sb-A,„ and Sb-E„ substrate modes at 153 

— 1 — 1 cm and 114 cm , respectively. During the depo- 
sition process no Raman signals at the vibrational 
frequencies of the compounds are detected. The eval- 
uation of the pure group-Ill phases is not possible by 
this technique, since these phases have no optical 
phonon modes. The deposition was stopped when the 
intensity of the Sb-Alg and Sb-Eg phonons had 
dropped to approximately half of its initial value. In 
this way information from the topmost substrate 
layers is still obtainable. This criterion led to film 

oo o 
thicknesses of 40 A indium, 70 A gallium and 40 A 
aluminium. After finishing the deposition an analysis 

by Auger electron spectroscopy was performed to 
check for remaining substrate features. 

As the next step the sample temperature was 
slowly increased while continuously Raman spectra 
were taken with a rate of one spectrum per minute. 
The speed of the temperature ramp was set to 1°C 
per minute (1.4°C/min for aluminium), controlled 
by thermocouples. The temperature difference be- 
tween the sample surface and the thermocouple data 
is estimated to be +20°C. Nevertheless the ramp 
speed of l°C/min is expected to be valid also for the 
sample surface. The temperature ramp was continued 
until structures in the compound frequency range 
appeared in the Raman spectra. The maximum tem- 
peratures were In: 25°C, Ga: 160°C, Al: 290°C. 

Finally, the temperature was decreased below the 
observed onset temperature of the compound forma- 
tion while Raman monitoring was continued. This 
procedure was performed in order to distinguish 
between the influence of the irreversible diffusion 
process and a possible reversible temperature influ- 
ence on the Raman spectrum. 

The Raman spectra were recorded using a Dilor 
XY triple monochromator equipped with a multi- 
channel detector. This spectrometer is coupled to the 
UHV chamber, such that Raman spectra can be 
recorded while the deposition or heating process is in 
progress [2]. The Raman spectra were excited with 
an Ar+-laser using the 514.5 nm line for indium, the 
496.5 nm line for gallium, and the 457.9 nm line in 
the case of aluminum deposition. Thus resonance 
enhancement was achieved for detection of the ex- 
pected III-V compounds [4]. The laser power used 
was equal or less than 50 mW and diagonal polarisa- 
tion configuration was used. 

3. Results and discussion 

The decrease of the substrate phonon intensity in 
the Raman spectra during the first stage of the 
experiment — the deposition of the ad-layer — is 
shown in Fig. 1. Obviously, for In and Al deposition 
the decay is more pronounced than for Ga. For all 
deposited materials we performed simulations of the 
expected substrate intensity attenuation assuming a 
two-dimensional growth, based on the optical con- 
stants of the overlayers at the applied laser wave- 
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group-Ill deposition (A) 

Fig. 1. Attenuation of the Sb-A,g Raman line during the group-IH 
deposition process. The model calculation for a planar overlayer 
growth fits well for the indium and aluminum case. 

length [5]. The calculated result for In is also shown 
in Fig. 1. Those for Al and Ga (not shown here) 
would nearly coincide with the curve for In. The 
experimentally detected antimony Raman intensities 
follow the exponential-like decrease consistent with 
a flat and closed metallic top layer for the case of In 
and Al deposition. For Ga deposition the decay is 
much weaker than predicted by the model for two- 
dimensional growth. 

These data are explained consistently by two-di- 
mensional growth for In and Al, but island growth 
for Ga. This interpretation is further confirmed by 
AES spectra, which reveal only for the 70 A gal- 
lium-covered sample still features of the antimony 
substrate. 

Results of the subsequent stage of the experiment, 
the temperature ramp, are presented in Fig. 2. 
Three-dimensional plots show the evolution of the 
Raman spectra with increasing sample temperature. 
In all cases temperatures high enough for compound 
formation can be reached in the experiment. 

Three main features can be observed in the three 
diagrams of Fig. 2: the appearance of the 
compound-related phonon modes, the intensity 
change of the substrate modes, and the increase of 
elastically scattered light in the low frequency region 
of the spectra. 

During the temperature ramp of the indium cov- 
ered sample the peak heights of the substrate phonons 
are continuously decreasing (Fig. 2a), most probably 
due to a temperature induced broadening and/or 
change of resonance. This behaviour continues until 
new features are clearly observable at about — 10°C 
in the spectral range of 190 cm-1. The new features 
are two peaks at 181 cm~' and 191 cm-1 revealing 
the formation of InSb by the appearance of TO- and 
LO-phonon lines at the expected frequencies. The 
evaluation of their temperature-dependent intensity 
shows that the compound formation starts at — 15°C 
(see Fig. 3). In parallel, the intensity of the Sb 
increases, which is explained by the reduced light 
absorption in the InSb compound layer compared to 
the absorption in metallic indium. This argument 
holds even in spite of the 2.6 times increased InSb 
film thickness compared to the thickness of the 
initial metallic indium layer. In contrast to the alu- 
minium and gallium case no increase of the elasti- 
cally scattered light due to an increasing surface 
roughness is observed. This proves the flatness of the 
obtained compound surface. The evaluation of the 
InSb layer thickness over the sample temperature is 
plotted in Fig. 3. For this plot the Raman intensities 
of the InSb modes were transformed to a reacted 
layer thickness assuming a stacked layer model 
In/InSb/Sb during the reaction. Beside attenuation 
also interference effects in the layer were taken into 
account. An exponential increase of the layer thick- 
ness with increasing temperature is obtained. With 
the aid of a simple diffusion model an activation 
energy of 3.3eV + 25% can be attributed to the 
diffusion process. 

After finishing the temperature ramp the LEED 
pattern of the compound surface exhibits a 2 X 2 
superstructure, as it was reported for an indium-rich 
InSb(l 11) surface [11]. Both the lattice constant from 
the LEED pattern and the InSb phonon positions in 
the Raman spectra state a relaxation of the 100 A 
ad-layer, as expected from the large lattice mismatch 
of 6% with respect to the antimony substrate. During 
the subsequent reversed temperature ramp the ob- 
served scattered intensity of the InSb stays nearly 

Fig. 2. Online Raman spectra taken during a temperature ramp for (a) In, (b) Ga, and (c) Al layer on antimony substrates. The compound 
formation is manifested by the appearance of the compound related phonon lines. 
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Fig. 3. Thickness of the reacted layer, deduced from the intensity of the InSb Raman lines, vs. sample temperature. The observed 
exponential increase corresponds to an activation energy of 3.3 eV + 25%. 

unaltered. This proves that the observed dynamics 
during the increasing temperature ramp indeed have 
to be attributed to the diffusion and a thermal modi- 
fication of the light scattering efficiency is negligi- 
ble. Besides, also Auger spectroscopy shows persis- 
tent indium and antimony features. 

The data presented in this paper are consistent 
with a similar heating experiment for a 100 nm thick 
In layer on Sb(lll) using pertubed gamma-gamma 
angular correlation (PAC) analysis, which was per- 
formed by Wesche et al. They found InSb formation 
over the range from -50°C to +50°C [12]. 

For gallium (Fig. 2b) the T-ramp leads to a two 
step behaviour. A first step at about — 15°C reveals a 
strong increase of the diffusely reflected light and at 
the same time the onset of a small structure at the 
GaSb phonon frequency (230 cm"'). In a second 
step from 40... 70°C the intensity of the GaSb mode 
increases by a factor of three. This increase is ac- 
companied by a further roughening of the surface as 
indicated by a further step in the elastical straylight 
intensity, which is beyond the vertical scale of the 
picture. During the GaSb formation the Sb signal 
does by no means vanish. This proves that the GaSb 
is present in the form of islands. The small decrease 
of the antimony substrate modes during the major 
part of GaSb formation from the Ga islands is at- 

tributed to an enhancement of the lateral coverage of 
the surface due to the island volume gain by a factor 
of 2.9 because of the increase of the volume related 
to each gallium atom by this factor during GaSb 
formation. Only very weak LEED features are ob- 
served from the compound surface. 

Aluminium (Fig. 2c) shows a similar two step 
compound formation procedure. During the tempera- 
ture ramp the straylight intensity increases for tem- 
peratures up to 160°C, subsequently it stays constant 
until a temperature of 260CC is reached, and in- 
creases again until the temperature ramp is stopped. 
The substrate modes follow this intensity behaviour. 
The first unambiguous observation of AlSb modes 
requires a temperature as high as about 170°C. The 
increase of the AlSb signal follows an exponential 
law (10aAr) over one and a half decade in the 
temperature interval 170... 265°C with the pre-factor 
a = 0.016/°C. For the last range 265...280°C the 
pre-factor increases to ca. a = 0.04/°C. The rough- 
ening of the surface up to 160°C can be explained by 
a continuous enhancement of the mobility of the 
aluminium atoms at the surface, leading to a partial 
rearrangement until at ca. 165°C the first formation 
of the AlSb compound occurs, as deduced from the 
evaluation of the temperature-dependent intensity of 
the AlSb modes. 
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The stronger increase of the AlSb phonon intensi- 
ties beyond about 265°C indicates the evolution of a 
new process, perhaps a strain relaxation of the film, 
resulting in an increased growth by diffusion along 
grain boundaries. This is underscored by the be- 
haviour of the AlSb mode frequencies. Together with 
the changed growth mode at 265°C the frequencies 
of both, the TO- and LO-AlSb phonon, exhibit a 
stronger down shift with increasing temperature. This 
is interpreted as a relaxation-induced shift in addition 
to the temperature-induced one. 

Also for the cases of AlSb and GaSb the reverse 
temperature ramp confirms the irreversible diffusion 
process and the negligible temperature effect on the 
light scattering efficiency. 

Due to the more complicated temperature depen- 
dence of the GaSb and AlSb formation and, more- 
over, the non-planar growth of the III—Sb compound 
for these materials the activation energy cannot be 
determined quantitatively with the model applied for 
InSb. However, we may state that the observed trend 
of a retarded diffusion of GaSb and especially AlSb 
with respect to InSb fully agrees with our earlier 
results for deposition at 300 K. Here InSb layers of 
good quality were formed, while the GaSb was 
inferior and AlSb did not appear at all [3]. The easy 
diffusion of InSb may seem surprising since this 
compound has a considerably lower formation en- 
thalpy than GaSb and AlSb. We attribute the strong 
diffusion to an enhancement, caused by the forma- 
tion of cracks in the InSb due to the high lattice 
mismatch of 6% to the Sb substrate. 

4. Conclusions 

In this paper a systematic investigation of the 
formation temperatures of antimony based III-V 
compounds was presented. In this context Raman 
monitoring with multichannel detection has turned 
out to be very suitable for the detection of the onset 
and observation of the development of the interface 

reaction. The threshold temperature observed was 
found to increase with the group-Ill species from 
InSb (- 15°C) over GaSb (40°C) to AlSb (165°C). A 
layer-like formation was found for InSb, while AlSb 
and GaSb tend to island formation. 
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Abstract 

Monolayer and multilayer films of the archetype organic semiconductor 3,4,9,10-perylenetetracarboxylic dianhydride are 
deposited at room temperature in ultrahigh vacuum on freshly cleaved highly-oriented pyrolytic graphite (HOPG) and 
analyzed by scanning tunneling microscopy (STM). STM images of monolayer films show a 'herringbone' structure with 
two molecules per unit cell and dimensions which are in good agreement with prior studies. High-resolution STM images 
acquired under a variety of bias voltages indicate an electronic inequivalence of the two molecules within the unit cell. 
Although the image of the most prominent of these molecules resembles a figure eight over a wide range of sample biases, a 
difference in shape between filled and empty states appears at the smallest bias voltages. These differences are compared to 
molecular orbital calculations for the highest occupied and lowest unoccupied molecular orbitals of an isolated molecule and 
found to correlate rather well. Moire fringes are observed with much larger periodicity than those previously reported by 
Ludwig et al., and can be explained by the incommensurate nature of the overlayer, which grows quasi-epitaxially, 
constrained mostly by the symmetry of the substrate. The first reported results of STM on multilayer films is presented 
showing crystalline domains in multiples of 60°, the rotational symmetry of the HOPG (0001) surface. In most cases, edges 
of these domains are observed to preferentially align along the a-axis of the unit cell. Finally, given this evidence of stable 
tunneling with molecular resolution on monolayer and multilayer films, mechanisms for STM image contrast on PTCDA 
films are discussed. 

1. Introduction 

Organic thin films have received an increasing 
amount of attention for their application to electrical 
and optoelectronic devices [1-6]. Specifically, these 
films possess the attractive properties of photosensi- 
tivity, birefringence, and optical non-linearity. Re- 

Corresponding author. 

cently, the demonstration of the growth of highly 
ordered films using Langmuir-Blodgett (LB) and 
high vacuum organic molecular beam deposition 
(OMBD) processes [7] has further made organic thin 
films research a promising area of investigation. 
Organic molecular crystals made from commercially 
available dye pigments, such as phthalocyanine- and 
perylene-based compounds, have several practical 
advantages in addition to interesting optical and elec- 
trical properties. They have inherent thermodynamic 

0169-4332/96/$15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
/7/S0169-4332(96)00207-3 
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stability and are compatible with ultrahigh vacuum 
(UHV) deposition and processing, though, perhaps 
their greatest advantage is the relaxed constraint of 
lattice matching of the film to the substrate lattice 
due to the flexible nature of van der Waals bonding, 
characteristic of these crystalline molecular solids. 

In this paper we focus on studying the interface 
between the archetype crystalline molecular semi- 
conductor PTCDA (3,4,9,10-perylenetetracarboxylic 
dianhydride) and highly-oriented pyrolytic graphite 
(HOPG) as observed by scanning tunneling mi- 
croscopy (STM). This materials system has several 
advantages for study as a prototypical organic thin 
film interface. First, because the layering direction in 
bulk PTCDA is close to the growth direction, the 
first few monolayers relax into a flat lying configura- 
tion [8] which facilitates observation of the molecules 
by STM. Second, the HOPG substrate is flat and 
chemically inert, allowing a preferential alignment of 
the interface molecules over large areas. This general 
phenomenon of orientation to the substrate even in 
the absence of lattice matching is termed 'quasi-epi- 
taxy' (QE) and has been described elsewhere [9]. 
The interface of PTCDA with HOPG has been previ- 
ously studied with STM, LEED, and X-ray diffrac- 
tion [8,10] and separately by RHEED and STM [11]. 
However, there remains some controversy over the 
exact orientation and epitaxial (or quasi-epitaxial) 
nature of the thin film with respect to the substrate 
lattice, as well as the contrast mechanism in STM 
images. In this contribution, we present data support- 
ing the assumptions of QE (over conventional epitax- 
ial) growth and address issues of STM image con- 
trast. 

2. Experiment 

Experiments were conducted in an ultrahigh vac- 
uum system consisting of an STM chamber con- 
nected to a surface analysis chamber. The STM and 
surface analysis chambers have base pressures of 
~ 1 X 1(T10 Torr. A load lock attached to the analy- 
sis chamber facilitated fast sample transfer as well as 
preparation of the STM tips. Both electrochemically 
etched tungsten tips and mechanically sheared Pt-Ir 
tips [12] were used in these experiments, however, 
the Pt-Ir tips were typically more stable over long 

periods of time. Thin films of PTCDA were charac- 
terized using a home-built UHV-STM based on the 
design of Demuth et al. [13] with the added capabil- 
ity of stable operation at small tunneling currents 
(15-30 pA). This STM is well suited to the study of 
organic thin films due to their relatively low conduc- 
tivity. All images shown in this paper were taken in 
constant-current mode (using tip currents of 100 to 
300 pA and voltages from - 800 to +750 mV) with 
a scan rate of approximately 2-3 min/frame. 

The surface analysis chamber is equipped with 
low energy electron diffraction (LEED), Auger elec- 
tron spectroscopy (AES), and argon ion sputtering. 
The PTCDA source material was purified by gradi- 
ent sublimation as described previously [11,14] and 
loaded into an effusion cell within the surface analy- 
sis chamber. The HOPG substrate was cleaved and 
immediately transferred into vacuum via the load 
lock. PTCDA was deposited onto the room tempera- 
ture substrate at a rate of 3-4 A/min, as measured 
by a quartz-crystal thickness monitor. The film thick- 
nesses studied in these experiments ranged from 
sub-monolayer coverage up to 2-3 monolayers (ML). 

3. Results and discussion 

3.1. Monolayer films 

3.1.1. Unit cell characterization 
In Fig. la is shown a high-resolution image of a 1 

ML thick film of PTCDA. Notice the shape of the 
two molecules within the unit cell: one characteristi- 
cally appears as a figure-eight while the other less 
well resolved molecule appears as two parallel lines. 
We first characterize the surface unit cell and its 
orientation to the substrate, and will later return to 
the origin of these features. 

Correct calibration of distances measured by STM 
was verified by the close agreement between past 
observation of Si(l 11)-7 X 7 surfaces and observa- 
tion of the HOPG substrate adjacent to a PTCDA 
monolayer during the present experiment. The di- 
mensions of the PTCDA rectangular unit cell, which 
is outlined in Fig. la, were averaged over several 
different images and samples to minimize errors due 
to thermal drift. The unit cell parameters were found 
to be:   a =13.2 + 0.45  A and  b = 19.5 + 0.6 A. 
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Fig. 1. Characterization of a monolayer of PTCDA on HOPG. (a) 
200 AX200 A constant-current STM image showing a unit cell 
containing two molecules and crystallographic directions (lt = 
0.2 nA, Vs = — 800 mV), (b) Schematic representation of a mono- 
layer showing unit cell dimensions and orientation to the sub- 
strate. 

These measurements agree well with those reported 
previously [8,11] and are consistent with a possible 
enlargement of the bulk 2D unit cell in the (102) 
plane (a = 11.96 A, Z? = 19.91 A) on which growth 

begins. Similar behavior for the growth of the first 
few monolayers has been observed for PTCDA on 
Au(lll) [15] and for PTCDA on alkali halide sub- 
strates [16,17]. The orientation of the PTCDA with 
respect to the HOPG was obtained by maneuvering 
the tip into a small hole in the overlayer. This 
measurement assures that, in spite of the presence of 
randomly oriented domains in HOPG, the correct 
angular relationship between the substrate and the 
overlayer was observed. A small angle of 3° + 3° 
was observed between the a-axis ([010] direction) of 
the PTCDA and the [1120] direction of graphite, in 
agreement with the result of previous studies in 
which small misalignments of the PTCDA film to 
the graphite were measured [8,11]. Although our 
angular measurement is only accurate within a few 
degrees because of thermal drifts during imaging, we 
expect the angle to be non-zero based on the obser- 
vation of moire fringe patterns explained below. 
These results for the dimensions and orientation of 
the monolayer unit cell are compiled in the schematic 
representation of Fig. 1(b). 

3.1.2. Moire pattern in STM images 
As mentioned above, moire patterns were ob- 

served under certain tunneling conditions. An exam- 
ple of this is shown in Fig. 2. Here we clearly see a 

VStfriZifL JpJfr^fr-i .»*#& 

,.* „ j 

Fig. 2. 200 Ä X 200 Ä image of a monolayer of PTCDA showing 
moire fringes (parallel to the long arrow) which make an angle of 
10.5° with the ft-axis of the unit cell (shorter arrow; /ti = 0.1 nA, 
Vs = -500mV). 
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striated superstructure_at an angle of 10.5° with 
respect to the £-axis ([201] direction) of the PTCDA 
unit cell. This result differs from a previous study [8] 
in which moire fringes were observed parallel to the 
&-axis, and where a commensurate 1x3 reconstruc- 
tion was proposed as a possible explanation. That 
there is such close agreement in measurements of 
lattice misalignment angle and yet significantly dif- 
ferent values for measurements of moire fringe angle 
does not necessarily pose an inconsistency. First, we 
note that the moire fringes parallel to the fo-axis were 
observed [8] on films deposited at slightly elevated 
temperatures (~ 100°C), whereas all our films were 
grown on room temperature HOPG. A small differ- 
ence in the alignment of the film with respect to the 
substrate could result from different growth condi- 
tions. Second, because of the large lattice mismatch 

between the PTCDA and substrate, it is possible to 
adjust the surface unit cell dimensions and/or orien- 
tation by an amount less than the spatial resolution 
of the STM to obtain a precise reconstruction. How- 
ever, due to the weak nature of the van der Waals 
bond, we believe it is unreasonable to assume that 
the molecules form a rigid reconstruction on such a 
scale equivalent to the repeat distance in the moire 
Pattern (~ 119 A along the [010] direction and ~ 215 
A along the [201] direction). Instead, our results 
imply that the overlayer is incommensurate with the 
substrate beneath, consistent with previous quantita- 
tive analyses of QE growth of such lattice mis- 
matched overlayers [9]. 

Such moire fringe patterns can be explained by 
several hypotheses. McTague and Novaco have pre- 
dicted mass-density waves (MDWs) [18,19] to exist 

vs = +750mV Empty States        vs = +450mV 

-800mV Filled States V, = -300mV 

Fig. 3. 100 A X 100 A STM images showing equal intensity of molecules for |VS| > 650 mV and heightened intensity of one molecule for 
\VS\ < 650 mV ((a, b, d) / = 0.1 nA, (c) / = 0.2 nA). 
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as a strain-relief mechanism for monolayer films 
where adsorbate-substrate interactions are weak. Due 
to the relatively large unit cell size of the PTCDA 
overlayer and the limited spatial resolution of the 
STM, however, it is not possible to verify the exis- 
tence of such a MDW from our data. An alternative 
and simpler explanation for such a moire pattern is 
an electronic interaction between the symmetry of 
the film and that of the substrate which would create 
an interference pattern. Similar patterns have been 
observed by STM for van der Waals epitaxy of 
transition metal dichalcogenides [20] such as MoSe2 

on MoS2. In this situation, a small angular misalign- 
ment of the film produces a large change in the angle 
of the moire pattern. Ref. [20] shows that it is 
possible to construct a diagrammatic interference 
pattern analogous to that observed by STM. This was 
done for the case of PTCDA on HOPG, however, 
due to the very large lattice mismatch, the interfer- 
ence effect can be easily seen with the naked eye 
only when the lattices are moved in relation to one 
another, hence we cannot show such a representation 
here. To summarize, both of these explanations are 
consistent with an incommensurate overlayer having 
a structure which, to first order, does not depend on 
the lattice constant of the substrate, but which tends 
to slightly misalign from a symmetry axis in order to 
reduce strain [9]. 

3.1.3. Voltage dependent imaging 
In an effort to better understand the contrast 

mechanism in STM images of PTCDA, monolayers 
of the organic molecules were studied over a wide 
range of sample biases (-1.0 V < Vs < +1.0 V). 
This voltage dependency is shown in the four images 
of Fig. 3(a-d). In Fig. 3(a) and (c) both molecules in 
the unit cell are imaged with equal intensity, al- 
though Fig. 3(a) does not show the best resolution 
due to a poor tip. In general we find that, for biases 
\VS\> 650 mV, the two molecules appear with about 
equal contrast. Upon decreasing the bias voltage to 
|Vj < 650 mV, we find that the row containing the 
figure-eight molecule always appears with higher 
relative intensity than the alternating rows. This is 
apparent in Fig. 3(b) and (d). 

At present it is not known whether this voltage 
dependent contrast of the PTCDA layer is an elec- 
tronic or a topographic effect. Note, however, that 
the two molecules in the bulk (102) plane are not 
exactly coplanar, but instead are slightly offset in the 
direction perpendicular to the plane [7], a situation 
which might also hold for monolayer films on HOPG. 
If so, one would expect the slight difference in 
height between the two molecules to be most observ- 
able when the tip is closest to the film (i.e. low bias 
voltages). Assuming a roughly constant density of 
states over the voltage range studied, reducing the 

Fig. 4. (a) Low bias filled state STM image (/tip = 0.1 nA, Vs = 
HOMO of an isolated molecule. 

-250 mV, 100 A X 100 A), (b) Molecular orbital calculation for the 
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tip-sample separation would produce a greater cor- 
rugation simply due to the exponential relationship 
between tunneling current and gap distance. Thus, 
the contrast dependency could be explained from a 
purely topographic point of view. 

As has already been mentioned, however, the 
surface unit cell is found to be expanded from that of 
the bulk, pointing to a configuration in which both 
molecules could lie flat in the substrate plane. An 
alternative explanation of the contrast, therefore, is 
that the molecules within the rows of lower contrast 
have their long molecular axis aligned closely with a 
symmetry axis of the substrate. The interaction of 
these molecules with the substrate would then be 
greater, causing a symmetric energy shift of the 
highest occupied and lowest unoccupied molecular 
orbitals to lower and higher potential energies re- 
spectively. In this case, the molecules imaged with 
higher intensity at low biases would actually be less 
strongly bound, their associated molecular orbitals 
having greater overlap with tip wave-functions than 
their more tightly bound neighbors. In contrast, the 
overlap of each orbital at higher biases would be 
approximately the same, giving rise to an equal 
intensity for both molecules in the STM images as 
observed. It is also possible that a combination of 
these two mechanisms, topographic and electronic, 
contribute in some degree to the observed voltage 
dependent contrast. 

Fig. 4(a) and Fig. 5(a) are STM images of filled 
and empty states, respectively. The images are taken 
at the lowest bias voltages below which the contrast 
of the PTCDA monolayer becomes unobservable. 
Under these conditions, we are able to image the 
PTCDA molecules with submolecular resolution and 
find a difference in the local electronic density of 
states. To interpret these images, Fig. 4(b) and Fig. 
5(b) show the results of molecular orbital calcula- 
tions [21] for the isolated PTCDA molecule based on 
the semi-empirical Zerner's intermediate neglect of 
differential overlap (ZINDO) method. These plots 
reflect the electronic probability density contour of 
the HOMO and LUMO states of PTCDA. When 
compared to the STM images, the spatial correlation 
of the calculated HOMO and LUMO to the filled 
and empty state images is quite good. The HOMO 
contour plot (Fig. 4(b)) shows where the highest 
energy electrons are located. According to the calcu- 
lation, the highly electronegative oxygen atoms in 
the carbonyl groups at either end of the molecule 
capture an excess charge of approximately 0.4e~ 
from their carbon nearest neighbors. Nevertheless, 
the energy of these states lie lower than the HOMO, 
and there appears to be no significant contribution of 
the end groups to the STM images. Instead, it is the 
carbon-carbon 7r-bonds in the perylene core which 
contribute most significantly to determining the 
HOMO energy. It appears that in both filled and 
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Fig. 5. (a) Low bias empty state STM image (/tip = 0.1 nA, Vs = + 250 mV, 100 Ä X 100 Ä). Note the missing molecule in the middle-right 
of the picture, (b) Molecular orbital calculation for the LUMO of an isolated molecule. 
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Fig. 6. (a) 750 A X 750 Ä differentially filtered STM image (/tip = 0.1 nA, Vs = +700 mV) showing several PTCDA steps of monolayer 
height in addition to clean graphite at the top of the image, (b) A close-up scan (375 A X 375 A, /(ip = 0.1 nA, Vs = +700 mV) of the 
domain boundary near the top of (a) showing a domain orientation of approximately 120° as well as preferential edge alignment along the 
[010] direction. 

empty state images, the features which dominate the 
tunneling process are the 77-bonds directed perpen- 
dicular to the surface. It is also interesting that these 
molecules can be imaged at biases much lower than 
the energy separation between the HOMO and the 
LUMO (estimated to be 2.2 eV from the lowest 
exciton energy [8], and 2.8 eV from the ZINDO 
calculation [21]). This may be due to broad band-tails 
[22], polarization effects, and/or substrate-overlayer 
interactions which could introduce allowed states 

between the HOMO and the LUMO,  effectively 
reducing the energy gap for the tunneling process. 

Finally, for |VS|<200 mV, the contrast of the 
PTCDA monolayer rapidly decreases and is replaced 
by the smoother corrugation of the graphite surface. 
When the sample bias is well below 200 mV, we 
find that it is possible to sweep the monolayer away 
and expose the HOPG substrate, as has been ob- 
served by others [8,11]. However, we also find that 
imaging of HOPG at a bias just below 200 mV does 
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Fig. 7. (a) STM image of a step-up from monolayer to second layer coverage determined by observation of the graphite substrate in a small 
hole near the top of the image. The fine striations in the vertical direction are heightened contrast parallel to the a-axis of the unit cell to 
which the step-edge is also aligned, (b) Detailed image of the step where the 1st monolayer is clearly visible through a hole in the second 
layer. Note: ghost shadowing is due to a transient double-tip effect (1500 Ä X 1500 A, /tip = 0.1 nA, Vs = +900 mV). 
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not disturb the PTCDA monolayer. This result sug- 
gests that the total tunneling current probably con- 
sists of contributions from both the HOPG and 
PTCDA. 

3.2. Multilayer films 

In this section we report the first studies per- 
formed on multilayer films of PTCDA having typical 
coverages of from 1-3 ML. STM images of multi- 
layer films were differentially filtered in order to 
increase the contrast. Therefore, regions of the sur- 
face at which the tip height changes rapidly appear 
in these images either as very light or very dark, 
depending on the sign of the slope at that point. 

Fig. 6 and Fig. 7 show multilayer films from two 
different samples, each elucidating a specific prop- 
erty of the films. In Fig. 6(a) there are several layers 
visible. The smooth texture at the very top of the 
image indicates the surface of clean graphite which 
has a smaller corrugation than that of PTCDA. The 
middle of the image contains a trough which is 
bordered on top and bottom by a multilayer film in 
which molecular ordering appears. Fig. 6(b) shows a 
close-up of this area in which domains of PTCDA 
are found oriented at approximately 120° to each 
other. Domains oriented in multiples of 60° have also 
been observed by STM [11]. Although bulk HOPG 
possesses only a 3-fold rotational symmetry (space 
group P63mmc), one would expect to see domains 
oriented in multiples of 60° if the PTCDA monolayer 
interacts significantly with only the surface of HOPG. 
In this case, domains of PTCDA would align to the 
6-fold rotationally symmetric plane group (p6mm) of 
the HOPG (0001) surface. 

Fig. 7 shows images giving detail on two sides of 
a PTCDA step from 1 ML up to 2 ML coverage. The 
film thickness determination follows from the obser- 
vation of a small hole in Fig. 7(a) which shows the 
characteristic smooth texture of the graphite surface 
and another hole, observed in Fig. 7(b), which clearly 
shows the corrugation of a PTCDA layer. Further- 
more, it can be seen in Fig. 7(a) that the orientation 
of the domains is the same in each of the two layers, 
and that the step-edge is aligned precisely along the 
a-axis. To our knowledge, this image constitutes the 
first evidence obtained via STM of highly oriented 
QE in multilayer organic films. Fig. 6(b) also shows 

a preferential alignment (indicated by arrow) of the 
step-edge along the same side of the unit cell. The 
observation of preferential alignment of step-edges 
along the a-axis in both Fig. 6(b) and Fig. 7(a) could 
imply an anisotropy of the mfra-layer binding forces 
which are greater perpendicular to the Z?-axis than 
they are perpendicular to the a-axis leading to low- 
energy steps along the [010] direction. In addition, 
we observe no isolated molecules on areas of clean 
HOPG. This is consistent with the fact that PTCDA 
grows quasi-epitaxially on HOPG at room tempera- 
ture (and below [11]), and implies that there is high 
surface molecular mobility at room temperature and 
that molecules have a lower energy when attached to 
an island. 

Finally, these first reported STM images of multi- 
layer PTCDA films provide strong evidence that the 
molecules participate directly in the tunneling pro- 
cess and do not simply modify the local barrier 
height of the substrate, as has been previously sug- 
gested [8]. Furthermore, the growth characteristics of 
the films are consistent with those expected from the 
assumptions of QE. Specifically, growth begins as an 
ordered overlayer which is not lattice matched to the 
substrate and continues in a quasi-epitaxial, slightly 
strained, layer-by-layer manner [9,11,15]. We note, 
in addition that the small angle observed between the 
PTCDA and the [1120] HOPG axis is consistent with 
energy minimization calculations [9] which suggest 
that the overlayer orientation is determined by en- 
ergy minimization with respect to the substrate. Due 
to the low energy of the vdW bond, however, the 
strain induced by the lattice mismatch is not suffi- 
cient to strongly distort the overlayer, consistent with 
our observations. 

4. Summary 

We have used STM to characterize the initial 
stages of growth for the molecular semiconductor 
PTCDA on HOPG starting from the sub-monolayer 
regime and continuing through the first few mono- 
layers. We have found that growth starts on the (102) 
plane of PTCDA, with the molecules lying flat on 
the HOPG substrate in a rectangular cell slightly 
distorted with respect to the 2D unit cell in the bulk 
(102) plane. A small angular misalignment of the 
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film with respect to the substrate was found by 
directly imaging both the film and the substrate. This 
misalignment was further supported by the signifi- 
cant angle which moire fringes were found to make 
with the b-axis of the unit cell. By studying the 
monolayer films over a wide range of sample biases 
a difference in contrast was observed between the 
two molecules comprising the PTCDA unit cell. 
Possible explanations of this contrast were presented 
based on both topographic and electronic arguments. 
At the lowest biases, we observed a difference be- 
tween the shape of the individual molecules for filled 
and empty state images. These shapes were found to 
correlate well with molecular orbital calculations for 
the isolated molecule. However, the details of STM 
contrast for these organic films is not yet well under- 
stood. Finally, in the first reported STM study of 
multilayer films, we found that domains of PTCDA 
tend to orient in multiples of 60° with respect to each 
other, most probably due to a significant interaction 
of PTCDA monolayers with only the surface of 
HOPG. Lastly, evidence of preferential step-edge 
alignment along the a-axis of the unit cell was 
observed, which may indicate an anisotropy of the 
intra-layer forces within the (102) plane of PTCDA 
during the initial stages of growth. 
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Abstract 

We apply a new experimental method for determining band lineups at the Ge/Si(100) heterostructure. This method uses 
a modern version of an old spectroscopy: the photoelectric yield spectroscopy excited with photons in the near UV range. It 
is shown that both substrate and overlayer valence-band tops can be identified in the yield spectrum, thus allowing a direct 
and precise determination of the band lineup. We find an offset of 0.36 + 0.02 eV for heterojunctions whose overlayers were 
grown according to the Stranski-Krastanov mechanism. 

1. Introduction 

Due to its basic as well as technological interest, 
the band lineup at the Si/Ge interface was investi- 
gated extensively both theoretically [1-4] and exper- 
imentally, by applying a variety of techniques [5-10]. 
Among such techniques, photoemission spectroscopy 
is one of the most used and powerful. The main 
advantage of the photoemission technique, beside its 
surface sensitivity, is that it provides a signal which 
is directly proportional to the density of states and, 
therefore, the sought information is obtained with a 
small amount of assumptions. However, it has also 
several shortcomings, which limit its accuracy (see 
Ref. [11] for a discussion). 

Corresponding author. 

We have shown in a previous paper [12] on the 
characterization of crystalline/amorphous silicon 
heterojunctions that high accuracy and reliability can 
be obtained by applying a 'modern' version of an 
'old' technique [13-15], i.e. photoelectric yield spec- 
troscopy excited with low energy photons (visible 
and near-UV range) and operated in the constant 
final state mode (see below). This technique provides 
both a high resolution and a high dynamical range. 
Moreover, since the escape depth of electrons in- 
creases at low kinetic energies, a thicker near-surface 
region can be sampled (typically 40-50 A), allowing 
a wider thickness range for the heterojunctions that 
can be analyzed. Both substrate and overlayer va- 
lence band edges can be identified on the same 
spectrum, thus providing a direct measure of the 
valence band discontinuity. In the photoemission 
measurements this kind of analysis, referred to as 
'direct technique' in Ref. [11], is only feasible when 
the band offset is very large. In the present paper we 
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present data obtained on the Ge/Si(100) heterojunc- 
tions. 

2. Experimental 

The heterojunctions were grown in situ by low 
pressure chemical vapour deposition in a preparation 
chamber whose basic pressure was ~8X10-11 

Torr. P-type (p = 5 £1 cm) mirror polished Si(100) 
wafers were used as substrates. The cleaning proce- 
dure consisted in: ex situ chemical wet etching; 
hydrogen plasma for removing surface carbon con- 
tamination; heating up to 1000°C in H2 atmosphere 
for the removal of the SiOz layer. The cleanness of 
the resulting surfaces was monitored by XPS and the 
surface quality by RHEED. The contamination was 
beyond the detection limit and the surfaces showed 
2X1 reconstruction. Ge overlayers were grown from 
high purity germane without carrier gas at low pres- 
sure. Two deposition temperatures were used for the 
Ge overlayer, namely 350°C and 470°C. The Ge 
surface was then passivated by exposure to activated 
hydrogen. Epitaxial quality, strain and surface mor- 
phology were characterized in situ by RHEED and 
ex situ by TEM, SEM, AFM and RHEED. Details 
will be published elsewhere [16]. 

As for the yield spectroscopy (YS), the light of a 
Xe source was monochromatized by a double grating 
monochromator in order to reduce the stray-light. 
The exciting photons were in the 3.5-6.5 eV energy 
range. The photon flux for the normalization of the 
electron count rate was measured before the experi- 
ments by positioning a photomultiplier in front of the 
entrance window of the analysis chamber. The pho- 
toemitted electrons were analyzed by a double-pass 
cylindrical mirror analyzer. The YS was operated in 
the constant final state mode (CFS), i.e. the pho- 
toemitted electrons of a chosen kinetic energy were 
collected as a function of photon energy. The sam- 
ples were negatively biased in order to reduce the 
background. In these experimental conditions up to 
seven order of magnitude of signal intensity change 
as a function of energy could be followed. The 
system resolution in normal working conditions was 
80 meV. The CFS operating mode is at variance with 
the previous use [13-15] of the YS technique, where 

the total yield mode was employed . The CFS mode 
is frequently used with high energy photons in the 
synchrotron radiation spectroscopy, but was only 
recently employed by our group with low energy 
photons [17-19]. 

Typical electron kinetic energies chosen for the 
CFS-YS were 0.1-0.2 eV above the vacuum level. 
For such a low kinetic energy the conservation at the 
free surface of k parallel implies that the electrons 
which can escape into the vacuum are distributed in 
a narrow cone around the direction perpendicular to 
the surface. Hence, the final state for the transitions 
involved in the CFS-YS is fixed both in energy and 
in k direction. The interpretation of the signal be- 
comes straightforward, contrary to the total yield 
case where a variety of functional dependencies were 
found [20], related to the electronic structure in a 
very indirect way. In the case of emission from 
localized states and surface states, it is expected that 
the transitions are non-direct. With the usual as- 
sumption that matrix elements are slowly varying 
functions of the energy, the CFS-YS spectrum is 
directly proportional to the density of initial states. In 
the case of transitions from extended states, we must 
distinguish between two possibilities. If the transi- 
tions are direct and k is conserved in the optical 
transition, a narrow peak in the CFS spectrum is 
expected when the photon energy is such that the 
final state is in the chosen escape cone. The CFS-YS 
becomes, substantially, an angle-resolved photoemis- 
sion spectroscopy. Quite to the contrary, if the transi- 
tions are indirect and the missing k is provided by, 
e.g. the phonons, the CFS-YS intensity is again 
proportional to the density of initial states. More 
details on the comparison between CFS-YS and total 
yield spectroscopy can be found in Ref. [17]. 

The Fermi level energy position EF on the CFS- 
YS spectra was determined in two ways. In the first 
procedure, the cutoff at the lowest binding energy 
due to the occupation probability was fitted with the 
Fermi function. Since the density of gap states which 
pin the Fermi level is high enough also on hydro- 
genated surfaces (see below) this procedure is usu- 

In the total yield mode all photoemitted electrons are col- 
lected, regardless their kinetic energy, and the current intensity is 
analyzed as a function of photon energy. 
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ally a reliable one. In the second procedure, the 
Fermi level was first located on the UPS spectra 
excited with hv= 6.02 eV photons by measuring a 
freshly evaporated gold layer. Then EF was posi- 
tioned on the corresponding yield spectra by bring- 
ing to coincidence the signals from the valence band 
edge in the two spectroscopies. 

3. Results and discussion 

We present preliminarily the CFS-YS data of the 
clean Si(100) and Ge(100) surfaces. The spectra are 
reported in Fig. 1 and Fig. 2, where the intensity is 
displayed on a linear as well as on a logarithmic 
scale. In order to remove the 'intrinsic' surface-state 
band and 'expose' the bulk valence band edge, both 
surfaces were hydrogenated. It is worth noticing, 
however, that the yield spectra are only slightly 
changed by the hydrogenation process, since the 
escape depth is rather large and the relative intensity 
of the surface states is already low. A study of the 
CFS-YS spectra as a function of hydrogenation and 
their comparison with the UPS spectra are reported 
elsewhere [21]. From the spectrum of Fig. 1 on the 
linear scale we see that in silicon there is a very 
sharp rise of emission at ~ 5.3 eV, resulting in a 
'quasi' linear edge followed by a second structure at 
~ 6.0 eV. Based on the evolution as a function of 
the final state energy and on the analysis of the 
energy band structure, we attribute the onset at ~ 5.3 
eV to indirect transitions from the top of the valence 
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Fig. 1. CFS-YS spectrum of a Si(100) sample. The signal intensity 
is displayed on a linear scale on the right and on a logarithmic 
scale on the left. The dashed line represents the E - EvSi depen- 
dence. The energy position £F of the Fermi level is also shown. 
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Fig. 2. CFS-YS spectrum of a Ge(100) sample. The signal inten- 
sity is displayed on a linear scale on the right and on a logarithmic 
scale on the left. The dashed line represent the E - Ev 0e depen- 
dence. The energy position E¥ of the Fermi level is also shown. 

band. The higher energy structure could be due 
either to direct transitions setting in or to indirect 
transitions from the L3< critical point in the valence- 
band density of states. 

The same spectrum reported on a logarithmic 
scale allows us to follow the evolution of the states 
inside the gap, thanks to the high dynamical range of 
the CFS-YS. For hv<5.3 eV there is a steep de- 
crease of emission as expected for transitions origi- 
nating at the valence-band top. The exponential be- 
haviour which extends to ~ 5.15 eV results from the 
broadening due to the experimental resolution. At 
still lower energies a broad band of deep defects is 
present, spanning the energy gap with decreasing 
intensity down to the Fermi level EF. Based on the 
close similarity with the yield spectra of a-Si:H, we 
attribute [12] these states to isolated dangling bonds 
and/or small cluster of dangling bonds due to sur- 
face defects, which do not 'participate' to the surface 
reconstruction. These dangling bonds are reduced in 
number but not completely eliminated by the hydro- 
gen passivation. 

The edge at ~ 5.3 eV is used for defining the top 
EYSI of the valence band. According to the usual 
procedure followed in the determination of band 
discontinuities by photoemission spectroscopies, we 
define Ev si from the linear extrapolation to zero as 
shown schematically in Fig. 1. It should be kept in 
mind, however, that this definition is somewhat arbi- 
trary and, as such, can entail a systematic error in the 
determination of the valence-band discontinuity at 
the interface. 
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Although at first glance the Ge(100) CFS-YS 
spectrum (Fig. 2) appears rather different from that 
of the silicon, a closer scrutiny reveals that the 
essential features are very similar. From the spec- 
trum displayed on the linear scale it is apparent that 
there is a rise of emission at ~ 4.6 eV followed by a 
prominent structure at ~ 5.0 eV. On the logarithmic 
plot we see that the intensity is falling off very fast 
around 4.6 eV. Contrary to the Si case, in Ge the 
Fermi level is very close to the fast falling off. 
However, a shoulder due to the deep states is still 
visible at ~ 4.5 eV, despite the Fermi function 
cutoff. We attribute the onset at ~ 4.6 eV to indirect 
transitions from the top of the valence band and, 
similarly to the Si case, use it to define the top £v Ge 

of the valence band. The resulting energy separation 
(£F —£vGe) between the Fermi level and the va- 
lence-band top is 0.10 + 0.02 eV, in good agreement 
with previous reports [22,23] that in germanium E¥ 

is pinned very close to the valence-band top. 
The CFS-YS spectrum of a Ge/Si(100) hetero- 

junction is shown in Fig. 3 for a 7 A thick overlayer. 
Structural characterizations show that the Ge over- 
layer is epitaxial but partially relaxed and covers 
uniformly the Si substrate. With reference to the 
figure we see that there is a perfect agreement with 
the spectrum of the pure Ge down to ~ 0.3 eV 
below the Ge valence band top, while the emission 
from the heterojunction is larger at higher binding 
energies. A straightforward interpretation of this be- 
havior is that the parting of the two spectra at high 
binding energy signals the beginning of the emission 
from the Si valence band and that the Si emission is 
negligibly small at lower binding energies. The 
agreement shown in Fig. 3c between the difference 
spectrum and that of the Si edge confirms this 
interpretation. Hence, the two band tops E Si and 
£vGe are clearly identified on the same spectrum 
and, consequently, the band offset A E between sub- 
strate and overlayer can be measured directly with 
high precision. The values of AE measured on the 
heterojunctions investigated in the present work are 
reported in the third column of Table 1. 

As a test of the CFS-YS method, the heterojunc- 
tions were also characterized by XPS. As a first 
consistency check, we have estimated the band offset 
by using the Si core level according to the following 
procedure. First of all, a common binding energy 

l 
10' 
io-: 

io-; 

. 10"! 

io-; 

io-< 

C     1 
•t-> 

.S 

a 
35   1 

1  '  1  '  1  '  1 ■   '   '   i,,,'— 
(a)                      j, 

■8s     i 

-   -J   Ev.c 

1.1,1,1   
(b) 

■ .•-■"' 

■   (c) 

- / 
I 

t 

■T   1   .   1 

0.5 - 

-0.4 -0.2    0    0.2   0.4   0.6   0.8 

Ev,Ge-E(eV) 

Fig. 3. (a) CFS-YS spectrum (dots) of a Ge/Si(100) heterojunc- 
tion compared to that (open squares) of a Ge sample. The spectra 
are aligned to the Ge valence band top, determinated as described 
in the text, (b) Same as (a) but with the intensity displayed on a 
linear scale, (c) Difference between the two spectra (crosses) of 
panel (b) (i.e. the Ge/Si heterojunction spectrum minus the Ge 
spectrum) compared to the spectrum (full squares) of a Si sample. 

scale was obtained for the CFS-YS and XPS data by 
determining the Fermi level energy position for both 
kinds   of   spectra.   Then,   the   energy   separation 

2p?/9   core level 
between the valence band top and the 

in bulk Si  was  determined by 
measuring a pure Si(100) sample. Finally, the energy 

J3/2 

Table 1 
Deposition temperature TD, valence band offsets A E and A E*, 
as measured by two different procedures (see text), and overlayer 
thickness for the heterojunctions investigated in the present work. 
The thickness was estimated by using core level intensities 

Sample TD CO A£(eV) AE' (eV) Ge thickness (A) 

1 350 0.34 0.46 7 
2 350 0.49 0.53 15 
3 350 0.51 0.68 30 
4 470 0.37 0.41 <H> 
5 470 0.35 0.38 <H> 
6 470 0.37 0.36 <11> 
7 470 0.34 0.34 <11> 
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position of the Si valence-band top in the heterojunc- 
tion spectra was obtained by adding A£valcore to the 
value of the Si 2p3/2 core level as measured on the 
heterojunctions. The found value for A£valiCore is 
98.66 eV. The values of the band offset ' AE*, 
obtained with this procedure, are reported in the 
fourth column of Table 1. We see that on the average 
the agreement is good, confirming the soundness of 
the CFS-YS method. 

Let us comment briefly on the values we have 
obtained for the valence-band offset. AFM and TEM 
analysis showed that the deposition at 350°C was of 
the layer-by-layer type, resulting in very flat overlay- 
ers. The 470°C deposition was of the Stranski- 
Krastanov type. These last four samples were practi- 
cally identical and consisted of approximately four 
monolayers of Ge covering uniformly the Si sub- 
strate followed by large islands. The Ge overlayer 
was relaxed. The offset values measured on these 
samples are very close each other and their spread 
probably represents the uncertainty of the experimen- 
tal method. Therefore, we can quote A£ = 0.36 + 
0.02 eV for the offset in this kind of heterojunctions. 

The measurements on the three 350°C samples 
were the first of a systematic investigation we have 
undertaken as a function of thickness and strain on 
layer-by-layer grown heterostructures. Unfortunately, 
RHEED analysis showed a partial relaxation of the 
overlayer and, therefore, the value of the strain could 
not be quantified. We believe that the spread of 
offset values is a consequence of real differences in 
the heterojunctions themselves. Beside the level of 
relaxation that could vary from sample to sample, we 
point out two more possible effects that can influ- 
ence the offset, i.e. the presence of residual strain at 
the Si/Ge interface and the effect of quantum con- 
finement in the Ge overlayer. Concerning the former 
effect, it was pointed out by Peressi and Baroni [24] 
that also in fully relaxed heterostructures a transition 
region two or three monolayers thick of residual 
strain and/or overstrain at the interface should be 
present. Its influence can not be neglected in hetero- 
junctions with very thin and uniform overlayers like 
our sample 1. As for the latter effect, we note that 
the Ge electronic states close to the valence band top 
should feel quantum confinement if the Ge thickness 
is very small and that also should affect the mea- 
sured offset. 

Finally, we would like to compare our results 
with previous determinations. Our value for the off- 
set in the Stranski-Krastanov heterostructures agrees 
with the determination of Kuech et al. [5], who found 
AE = 0.39 + 0.04 by reverse bias capacitance mea- 
surements on p-Ge/n-Si(100) heterojunctions grown 
by CVD. It is also in good agreement with the 
finding (A£ = 0.4 + 0.1 eV) by Mahowald et al. [7] 
on Si/Ge(l 11) heterojunctions. Measurements on 
strained heterojunctions give higher values for the 
offset, as theoretically expected, due to the variation 
in the valence band structure brought about by the 
strain. Yu et al. [9] find A£ = 0.83 eV for a strained 
overlayer and A E = 0.49 eV when the average Ge 
valence band top is considered, Schwartz et al. [8] 
find A E = 0.74 eV for a strained overlayer. Prelimi- 
nary measurements performed by us with the CFS-YS 
technique on strained junctions show a similar in- 
crease in the offset. 

4. Conclusions 

We have applied low-energy yield spectroscopy 
to the study of the heterojunctions, in the effort of 
finding a technique which could determine band 
offsets directly and avoid some of the shortcomings 
of the photoemission methods. CFS-YS excited with 
photons in the near UV range exhibits two interest- 
ing features, a larger sampling depth of the near 
surface region and a much higher dynamical range. 
We have shown that, by taking advantage of these 
features, it is possible to locate both substrate and 
overlayer valence-band tops on the same spectrum 
and obtain a direct determination of the band offset. 
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Abstract 

High-resolution electron-energy-loss spectroscopy has been applied to AlAs ultra-thin films grown by molecular beam 
epitaxy on GaAs (001). Below 12 AlAs monolayers, the loss intensities deviate from the prediction of the long-wavelength 
dielectric properties of AlAs and GaAs. Microscopic lattice-dynamics calculations of the surface dielectric response of 
AlAs/GaAs slabs have been performed. A better qualitative agreement with the experimental results is obtained when some 
cation intermixing is assumed to take place at the interface between the two media. 

1. Introduction 

The most frequent application of molecular beam 
epitaxy (MBE) growth is heteroepitaxy, namely, the 
epitaxial growth of a layer with chemical composi- 
tion and sometimes structural parameters different 
from those of the substrate. Since the properties of 
the heterointerface play a major role in optoelec- 
tronic devices such as laser heterojunctions or 2 
DEG FET transistors, many efforts have been de- 
voted to improve and characterize these interfaces. 

* Corresponding author. Fax:   +32-81-724595; e-mail: jean- 
loup.guyaux@fundp.ac.be. 

Presently at Physics Branch, Research and Technology divi- 
sion, Naval Air Warfare Centre Weapons Division, China Lake, 
CA 93555-6001, USA. 

Interface roughness in quantum well structures is 
frequently studied by photoluminescence (PL) mea- 
surements. In a GaAs quantum well, the energy of 
the excitonic recombination line is a direct measure 
of the local width of the well, over the spatial 
extension of the exciton, through the quantization of 
the electronic energy-level in the square potential [1]. 
These studies have shown that the AlGaAs/GaAs 
interface is formed by large islands (larger than the 
exciton diameter) of half a lattice parameter height, 
and the lateral size of the islands is increased by 
interrupting the growth at the interface. On the other 
hand, the inverse interface (GaAs on AlGaAs) is 
pseudo-smooth, meaning that the lateral roughness is 
much lower than the exciton radius. 

Optical phonons in AlAs/GaAs multilayers are 
strongly influenced by the interfaces and have been 
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studied extensively by Raman spectroscopy [2]. In a 
superlattice, the superperiodicity along the growth 
direction induces a folding of the first Brillouin zone 
which produces additional modes at the zone center. 
These modes are affected to some extent by interface 
roughness [3]. From both PL and Raman experi- 
ments, it became clear that atomic roughness takes 
place at the interfaces and both techniques agree to 
claim that it occurs largely at the inverse interface 
(GaAs on AlGaAs). 

The actual details of the interface roughness are 
rather complicated, as indeed recent transmission 
electron microscopy analyses revealed that even the 
AlGaAs/GaAs interface contains substantial atomic 
roughness [4]. More recently, cross-sectional scan- 
ning tunneling microscopy images recorded on short 
period AlAs/GaAs superlattices also showed a cer- 
tain degree of interfacial roughness at the atomic 
scale at both interfaces [5]. A possible interpretation 
is that the interface presents in-plane terrace as large 
as 100 nm alongside with 'atomic scale roughness' 
meaning that Ga and Al are somewhat intermixed. In 
relationship with this interpretation, we have investi- 
gated the macroscopic optical phonons of MBE 
grown AlAs„/GaAs epitaxial layers by high-resolu- 
tion electron-energy-loss spectroscopy (HREELS), 
which is a useful tool for this kind of study [6]. The 
combined HREELS-MBE technique allowed us to 
investigate the AlAs/GaAs single interface instead 
of the usual multi-interface heterostructures such as 
quantum wells or superlattices. The data are first 
analyzed based on the well-known dielectric theory 
[7]. Test calculations based on lattice dynamics were 
then performed, to emphasize the effect of the inter- 
facial 'atomic scale roughness' on the HREELS 
spectrum. 

The (OOl)-oriented GaAs substrates (1 cm X 1 
cm, semi-insulating, > 10~7 O cm) were prepared 
by a standard etching procedure 
(H2S04: H202: H20 = 5:1:1 at room temperature) 
before being loaded into the ultra-high vacuum, 
chamber. They are mounted with indium on molyb- 
denum sample holders. A thick buffer of GaAs was 
then grown on a (2 X 4)-As stabilized surface at a 
substrate temperature of 580°C. Prior to the growth 
of the AlAs film at the same temperature, the GaAs 
buffer was kept under As flux during 120 s, so as to 
improve the surface smoothness. The AlAs thickness 
was measured by the direct counting of the RHEED 
oscillations [8] of the (00) diffraction spot in the 
[110] direction, except for the thicker layers (above 
about 15 ML), whose thickness was extrapolated 
from the growth rate of the thin layers. Up to 50 
monolayers of AlAs, the same (2 X 4) reconstruction 
as for GaAs was observed. For thicker layers, the 
AlAs surface exhibits a (2X2) reconstruction. A 
new sample was grown for each thickness of the 
AlAs overlayer. 

The HREELS spectrometer uses two hemispheri- 
cal capacitors as electron monochromator and ana- 
lyzer. With the pass energies used in this experiment, 
the nominal energy resolution (full width at half 
maximum, FWHM) is 48 cmT1. Experimentally, we 
obtain a FWHM of the quasi-elastic peak around 45 
cm"1. This indicates that our spectral resolution is 
not limited by the quality of the samples but by the 
spectrometer itself. We have not attempted to in- 
crease the resolution (by changing the pass energies) 
in order to keep a reasonable signal/noise ratio. 

3. Results and discussion 

2. Experimental 

The experiments were carried out in an ultra-high 
vacuum system combining HREELS and a MBE 
reactor. The samples can thus be transferred from the 
growth chamber into the spectrometer without being 
exposed to air. For the MBE growth, the substrate 
temperature was measured with an optical pyrome- 
ter, calibrated by observing the desorption of the 
gallium oxide by reflection high-energy electron 
diffraction (RHEED). 

The HREELS spectra were measured in the dipole 
scattering geometry (specular reflection). Fig. 1 
shows a series of such spectra, recorded on 
AlAs„/GaAs (001) heterostructures where n denotes 
the number of AlAs monolayers. These spectra were 
recorded with 10 eV electrons at an incidence angle 
of 45° with respect to surface normal. Besides a 
strong quasi-elastic peak, we observe characteristic 
energy loss peaks, as well as their corresponding 
energy gains. These features will first be discussed in 
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Fig. 1. HREELS spectra recorded with 10 eV electrons in specular 
reflection at an incidence of 45° versus the normal to the surface 
for AlAs„ /GaAs (001) for n = 1... 141. 

the framework of the dielectric theory; a more subtle 
analysis based on lattice dynamics will then be pre- 
sented briefly. 

Under specular reflection, the long-range of the 
coulomb field accompanying the moving electron 
implies that the probing electron interacts mainly 
with the macroscopic excitations (ß = 0.1 nm). In 
the first Born approximation, the HREELS spectrum 
is described by 

P(hco) = fd2QA(Q, a>)Im[g(ß, 6))], (1) 

where A is a kinematic cross section depending on 
the geometry of the scattering, and g(Q, co) is the 
response of the target to an external field having the 
form of a plane wave with frequency co and wave 
vector ß parallel to the surface. Im[g(ß, co)] is the 
surface loss function of the target and presents sharp 
absorption peaks located at frequencies correspond- 
ing to the poles of g(Q, co). P(hco) gives the 
frequency resolved energy-loss spectrum at I = 0K. 
A theoretical simulation of the entire spectrum is 
obtained by constructing the quantum mechanical 
loss distribution at a temperature T, which accounts 
for multiple excitation processes [7]. After convolu- 

tion of the spectrum with the experimental response 
function of the spectrometer, the theoretical spectrum 
can be compared with the experimental one. 

Due to the long-wavelength nature of the modes 
excited in HREELS, the response function can be 
deduced from electrostatics and is given by 

'«»••>-ib^T- (2) 

where |(ß, co) is the effective dielectric function of 
the target. 

The theoretical formulation of the dielectric model 
for a two-layer system has been established a long 
time ago [9]; an AlAs layer of thickness rf on a 
semi-infinite GaAs substrate is described by: 

£(ß. *>)=*, AlAs 

£A1Astanh(ßfiO + gGa 

*G.AStanh(ß<0+*, 
(3) 

AlAs 

where sMAs(co) and sGaAs(co) are the long-wave- 
length bulk dielectric functions of AlAs and GaAs, 
and are expressed as e(co) = sx + pco\0/(co\0 — 
w2) where s» is the electronic dielectric constant, p 
the oscillator strength and coTO the bulk transverse 
optical frequency (TO). 

In the case of a GaAs (AlAs) semi-infinite sam- 
ple, the pole of the surface loss function reduces to 
the well known condition for surface vibration, £ = 
— 1 where f is the bulk dielectric function of GaAs 
(AlAs). The optical dielectric parameters of GaAs or 
AlAs found in the literature [10] were slightly ad- 
justed to best reproduce the HREELS spectrum 
recorded on semi-infinite GaAs and, in the case of 
AlAs, on a thick AlAs film grown on GaAs. The 
fitted optical parameters used for AlAs and GaAs are 
given in Table 1. 

The analysis of the poles of g(Q, co) shows that 
an AlAs film of thickness d deposited on a semi-in- 

Table 1 
Infrared optical constants of AlAs and GaAs: the optical parame- 
ters were obtained from fits of the dielectric theory to the experi- 
mental HREELS spectra recorded on thick AlAs and GaAs sam- 
ples grown by MBE 

£„ p o)TO (cm-1) 

AlAs 
GaAs 

8.16 
10.9 

1.88 
2.01 

360 
267 
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finite GaAs substrate has three branches of optical 
phonons, called the Fuchs-Kliewer modes (FK). The 
two lowest frequency branches come from the as- 
sumed sharp transition between Al As and GaAs. 
They are called interface modes according to the 
localization at the interface of the electric field they 
generate. According to their frequencies, they can be 
labeled as GaAs and Al As-like interface modes. The 
third mode, highest in frequency, generates an 
evanescent electric field centered at the termination 
of the overlayer at the free surface, and is called an 
AlAs-like surface mode. 

From the HREELS spectrum of Fig. 1 we can 
state the following. 

(i) The spectrum recorded on the GaAs surface 
(n = 0) shows only one main peak located around 
288 cm-1 in the loss part of the spectrum. This is 
the fingerprint of the surface FK mode of GaAs. 

(ii) From the very beginning of Al As coverage (1 
ML), a weak shoulder appears to the right of the 
GaAs main peak at a frequency around 365 cm-1. 
This is the AlAs-like interface mode. The peak near 
288 cm-1 is now called an interface GaAs mode. 

1.0 
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0.0 

A GaAs interface mode 
o AlAs interface mode 
T   AlAs surface mode  .. 
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Fig. 2. HREELS spectra of two AlAs/GaAs (001) heterostruc- 
tures obtained with 10 eV electrons in specular reflection. The 
dots represent the experimental data; the solid curves are the 
results of the dielectric theory. 

Fig. 3. Intensity of the two AlAs-like surface and interface modes 
as well as the interface GaAs modes versus overlayer thickness as 
predicted by the dielectric theory. The symbols are the experimen- 
tal data following the procedure described in the text. 

(iii) The new feature increases in intensity when 
the number of AlAs monolayers increases while the 
GaAs interface mode decreases to almost zero at 
high AlAs coverage. From the spectrum recorded on 
AlAs4/GaAs, we can state that the AlAs related 
feature is composed of two peaks which merge into a 
single sharp one when the thickness of the AlAs 
overlayer increases. Within the electrostatic approxi- 
mation, these two peaks are attributed to the inter- 
face and surface AlAs-like modes. At high coverage, 
the loss region is dominated by the strong AlAs 
surface peak near 395 cm-1. 

Fig. 2 shows the comparison between measured 
HREELS spectra of 4 and 23 monolayers of AlAs on 
GaAs (001). The continuous line is the result of the 
dielectric theory. While the agreement is excellent 
for the thicker layer, some discrepancies are ob- 
served for the case of 4 monolayers. Indeed, the 
macroscopic approach predicts too high an intensity 
for both the GaAs interface mode and the AlAs 
surface mode. This has led us to compare the experi- 
mental intensities of the loss peaks with the calcu- 
lated ones as a function of thickness. 

The intensities of each of the modes can be 
extracted from Im[g(g, w)] because the long-wave- 
length bulk dielectric function of GaAs and AlAs are 
described by one single Lorentzian oscillator. In the 
case of small oscillator damping, Im(g) can be 
written, as a sum of three 8 functions. The oscillator 
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strength of these modes depends on the target param- 
eters and on the thickness of the AlAs overlayer. 
Using the optical parameters for AlAs and GaAs 
from Table 1, the loss probability corresponding to 
each of the modes is calculated as a function of the 
AlAs thickness. The result is shown by the dashed 
curves in Fig. 3. 

The experimental loss intensities were obtained 
by adjusting the weight of the delta functions with- 
out changing their frequency, until the experimental 
spectrum is well fitted after accounting for multiple 
scattering and instrumental broadening. The result is 
superimposed on the calculated curves in Fig. 3. The 
larger error bar for the AlAs interface mode is due to 
the fact that this mode is weak and located close to 
the stronger AlAs surface mode. On the left panel of 
Fig. 2, we observe a good overall agreement between 
the dielectric theory and the experimental intensities. 
However, for small overlayer thicknesses (< 10 ML: 
right panel of Fig. 3), some discrepancies appear. In 
particular, the dielectric theory overestimates both 
the GaAs interface mode and the AlAs surface mode. 

This deviation of the dielectric theory from the 
experimental results for thin AlAs films led us to 
perform lattice-dynamics calculations in order to test 
the validity of the dielectric approximation for ultra- 
thin films of AlAs on GaAs. These calculations will 
be summarized below and the main conclusions will 
be discussed. A more detailed description will be the 
subject of a separate publication [11]. 

Dynamical calculations were performed with a 
recent valence overlap shell model of GaAs (model 
OSM 5, see Ref. [12]). In the present calculations, 
AlAs was described with the same set of parameters 
except for the cation mass. The surface dielectric 
response function is easily obtained from lattice dy- 
namics for the case of an isolated slab [13]. For that 
reason, shell-model calculations were performed for 
various (001) slabs composed of n monolayers of 
AlAs on top of 30 — n monolayers of GaAs which 
simulate the substrate. One monolayer is defined as 
one cation plane plus one anion plane. The number 
of monolayers in the slab (30) was taken as large as 
possible within reasonable limits imposed by the 
computing load [13]. 

The lattice-dynamics response function is not di- 
rectly comparable to the experimental spectrum for 
the two following reasons: 

(i) As the phonons of relevance here generate a 
macroscopic polarization field, the surfaces at both 
ends of the slab interact with each other; 

(ii) the shell model was not optimized to provide 
realistic dielectric constants and we did not attempt 
to improve it. 

For these reasons, a comparison between the lat- 
tice-dynamics response function and the experimen- 
tal data is only possible via additional 'test' spectra 
obtained by the dielectric theory which can be made 
consistent on the one hand with the experimental 
data, when using the parameters of Table 1 in the 
semi infinite geometry, and on the other hand with 
the lattice dynamics, by using the slab geometry and 
the set of dielectric parameters deduced from the 
shell model at the T point. 

The lattice-dynamics surface loss functions of 
AlAsn/(GaAs)30_n (001) slabs were compared with 
the corresponding dielectric spectra. When n > 5, 
the lattice-dynamics response function is very close 
to the electrostatic predictions. For n < 5, lattice 
dynamics yields more than two distinct peaks in the 
surface response function of the AlAs layer. The 
multiple-peak structure is a consequence of the con- 
finement of the optical phonons in the AlAs over- 
layer [14]. However, such multi peak phonon spectra 
give approximately the same weight as that calcu- 
lated by the dielectric theory. 

The small deviation of the electrostatic approach 
from the lattice dynamics one does not truly explain 
the discrepancy between the experimental data and 
the dielectric theory. In particular, the AlAs-like 
surface mode and the GaAs-like interface mode have 
too high an intensity as compared to the experimen- 
tal data. On the other hand, it has been mentioned 
above that the weight of the loss peaks is not signifi- 
cantly different when calculated by the dielectric 
theory or by lattice dynamics. 

We now show that a reduction of the intensities of 
the AlAs-like surface and the GaAs-like interface 
modes can be caused by interfacial alloying. A theo- 
retical argument in favor of this interpretation is that 
interfacial disorder has already been recognized to 
have a significant effect on the vibrational properties 
of ultra-thin AlAs/GaAs superlattices [15]. As men- 
tioned in the introduction, there are in addition sev- 
eral experimental indications for atomic disorder ex- 
ists at the AlGaAs/GaAs interfaces [4,5]. 
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Fig. 4. The lattice-dynamics surface dielectric response of 
AlAs6/GaAs,4 (001) slab for selected surface wavevectors. The 
dashed curves were obtained by assuming an abrupt change of 
composition at the interface whereas the solid curves were com- 
puted for a slab where the Al atoms at the interface are randomly 
mixed (50%) with the Ga atoms. 

In order to investigate the effects of interfacial 
broadening on the HREELS spectrum of AlAs/GaAs 
heterostructures, the composition of the Al and Ga 
planes around the interface has been mixed at ran- 
dom with equal probabilities. The corresponding sur- 
face response function of the AlAs6/GaAs24 system 
is shown in Fig. 4 for selected wavevector values. 
The dashed curves represent the perfectly abrupt 
interface and the solid curves correspond to the 
mixed interface. The effect of interfacial mixing is 
consistent with the behavior of our HREELS data in 
Fig. 2. The interfacial intermixing creates a slight 
decrease of the GaAs loss structure intensity at 280 
cm-1 and a significant decrease of the Al As surface 
mode located at 390 cm-1. There is also an enhance- 
ment of the AlAs-like interface mode around 370 
cm-1. When the wavevector Q of the external elec- 
tric field is increased, the response of the bottom 
interface of the slab is lowered, since the spatial 
extension of the potential along the normal to the 
surface decreases like exp( — QD) where D is the 
overall slab thickness. As a consequence, the shoul- 
der seen on the right hand side of the GaAs FK 
mode at 285 cm-1 vanishes when the value of Q is 

increased above 0.2 nm~', and the effect of disorder 
at the interface is enhanced since the external field is 
more and more localized in the top part of the film. 
The effects of interfacial mixing should then ap- 
proach those encountered in the case of a semi-in- 
finite GaAs substrate which could not be dealt with 
in our theoretical calculations. 

In order to better understand the effect of inter- 
face disorder on the long-wavelength FK modes, we 
have analyzed the eigenvectors of the modes con- 
tributing to the surface response of the 
AlAs6/GaAs24 system. 

A first trend is that the AlAs-like modes are 
confined in the AlAs overlayer. The same is true for 
the GaAs vibrations which stay localized in the 
GaAs substrate. Due to the large separation between 
the GaAs and AlAs optical phonons, a vibration 
involving Al-As motion (Ga-As) cannot propagate 
through the neighboring GaAs (AlAs) layer since its 
frequency falls in a forbidden region. GaAs (AlAs) 
acts as an infinite barrier to the propagation of AlAs 
(GaAs) vibrations [16]. 

The broadening of the interface enhances the 
confinement of the AlAs surface as well as the GaAs 
mode. This can be understood because the mixture of 
the Al and Ga cations in the planes around the 
interface produces an alloy-like medium with com- 
position Al05Ga05As. This alloy develops both 
AlAs- and GaAs-like vibrations (two mode behavior) 
[17] whose frequencies are well below those of pure 
AlAs or GaAs. It follows that the GaAs or AlAs bulk 
vibrations can not propagate through the 
Al05Ga05As intermediate layer. The broadened in- 
terface therefore acts as a barrier (see Ref. [16] in the 
case when x > 0.25) which pushes the AlAs or the 
GaAs vibrations out. These modes, being confined 
within a smaller number of atomic planes, have their 
surface response lowered because the oscillator 
strength is proportional to the number of oscillating 
dipoles. 

On the contrary, the interfacial alloying reduces 
the confinement of the phonons responsible for the 
AlAs interface modes simply because the AlAs-like 
mode of the intermediate material Al05Ga05As has 
a frequency close to the interfacial FK phonon [18]. 
As a consequence, these vibrations can propagate 
somewhat in the interfacial region and their dielec- 
tric response is increased (Fig. 4). 
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We have grown AlAs/GaAs (001) heterostruc- 
tures by MBE and analyzed the corresponding sur- 
face and interface phonon spectra by HREELS in the 
specular geometry. The spectra were first analyzed 
by the dielectric theory, which is in excellent agree- 
ment with the experiment if the thickness of the 
AlAs layer exceeds about 4 nm. For thinner layers, 
the dielectric theory overestimates the GaAs-like in- 
terface phonon and the AlAs surface phonon intensi- 
ties. To check the validity of the macroscopic dielec- 
tric theory, lattice-dynamics calculations of the sur- 
face response function were performed. These calcu- 
lations show that the discrepancies between experi- 
ment and dielectric theory cannot be explained by 
the failure of the dielectric theory for small thickness 
alone. By including some interface roughness in the 
lattice-dynamics calculations, it is shown that the 
surface response function is rather sensitive to the 
details of the interface atomic structure. Microscopic 
lattice-dynamics calculations are in much better 
agreement with the experimental results when some 
cation intermixing is introduced at the interface. 
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Abstract 

An angle-resolved photoemission study of MBE grown InAs/GaAs(110) hetero-structures was carried out to investigate 
the establishment of valence bands as a function of overlayer thickness. The valence band spectra were found to change 
gradually up to thicknesses well above 10 nm. The data are interpreted in terms of excitations within the overlayer from a 
combination of substrate and overlayer initial states, the former tailing into the overlayer. 

1. Introduction 

Much effort is focused to the search for semicon- 
ductor systems with properties superior to those of 
presently available materials for particular applica- 
tions [1]. New and unique properties can be obtained 
by combining different materials in nanometer scale 
structures. The key components in such systems are 
heterointerfaces. Within limits dictated by lattice 
mismatch and interface chemistry, the structures can 
be tailored to the designer's particular needs. Progress 
in this area is closely linked to improvements of 
growth techniques such as molecular beam epitaxy 
(MBE). The present state of art allows building of 
multilayer stacks or microstructures with high purity 
and ordered structure, controlled on an atomic scale 

[2]. 
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Superlattices and quantum wells have been utilised 
for decades. Since the periodicity is usually in the 
order of tens or hundreds of nanometers, which is 
essentially longer than the coherence length of the 
valence electrons, it is not surprising that great suc- 
cess has been achieved without detailed knowledge 
of the interface electronic states. Structures with 
shorter range periodicity open the possibility to use 
materials with relatively large lattice mismatch. 
InAs/GaAs, with a lattice misfit of 7.16%, is a good 
example of such a hetero-system [3,4]. This particu- 
lar combination has attracted increasing attention for 
its promising prospects in optoelectronic device ap- 
plications [5-7]. The periodicity is here restricted to 
at most a few monolayers, which imposes limitations 
in device construction. For future use of ultra-thin 
layers, including interfaces with large lattice misfit, 
extensive investigations of such systems are neces- 
sary. So far several studies have been concerned with 
structural properties, while less attention has been 
paid to heterointerfacial electronic properties [7]. 

0169-4332/96/S15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
PII S0169-4332(96)00210-3 
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We present here a valence band and core level 
photoemission study of InAs/GaAs(l 10) heterojunc- 
tion formation. While our main interest is focused on 
the electronic properties, a necessary point of con- 
cern is structural characterisation. This work is also 
motivated by a fundamental question concerning en- 
ergy band structure in nanometer scale systems. An 
obvious consequence of constrained dimensions is 
energy quantisation, as observed e.g. via optical 
properties of quantum well structures. Another, less 
trivial effect relates to the electronic interaction be- 
tween the different materials in a layered structure. 
One example of this is the observation of a thickness 
dependent band gap in a-Sn layers on CdTe(llO) 
[8]. 

2. Experimental 

The experiments were carried out at the Swedish 
national synchrotron radiation laboratory MAX-lab. 
At one of the photoelectron beamlines a dedicated 
molecular beam epitaxy (MBE) system has been 
attached, allowing in situ growth and analysis. 
GaAs(llO) substrates (rc=1017 cm"3) were ob- 
tained by cleaving 0.8 X 0.8 cm2 bars in air, cutting 
them into slices and cleaning with organic solvents. 
The substrates were In-mounted onto transferable 
Mo sample holders. 

The layers were grown in the MBE chamber, 
containing six conventional effusion cells, equipment 
for RHEED and an IR pyrometer. Prior to growth 
every sample was heated to a temperature of 590°C 
in a protective As4 beam to remove the residual 
oxide on the surface. As a clear 3-D RHEED pattern 
appeared, the temperature was lowered to 570CC. To 
obtain an abrupt interface with InAs, an atomic scale 
flat surface is needed. It was achieved by careful 
buffer-layer preparation. GaAs homoepitaxy was 
performed with a As4: Ga flux ratio of about 6:1. A 
few hundred nanometers were grown until good 
quality 2-D RHEED patterns were observed. As 
expected, the (110) surface was nonreconstructed, 
just as a surface prepared by cleaving. 

The growth on the GaAs(llO) surface was fol- 
lowed by InAs deposition at 400°C. As the optimum 
growth condition is not available from the literature, 
the surface phase diagram on (100) surface by New- 

stead et al. [9] was used as a reference, and a V/III 
flux ratio of 4:1 was used for every InAs overlayer 
growth. The growth front was monitored by RHEED 
observation and the in-plane lattice parameter was 
checked by measuring the separation of the integral 
order streaks of the RHEED patterns. For the first 
few monolayers, the lattice parameter was kept to the 
same value as that of the substrate i.e. the epilayers 
were fully strained. Above this thickness relaxation 
occurs. Contrary to the behaviour on (100) surface, 
however, the relaxation is not accompanied by 3D 
nucleation and surface roughening. For all coverages 
the surfaces showed good 2D RHEED patterns with 
streaks in both azimuths, which is a strong evidence 
for a layer-by-layer growth of the epilayers. This 
growth has been studied in detail by other groups 
using transmission electron microscopy and X-ray 
diffraction [10]. It was concluded that due to the 
surface geometry asymmetric strain relief is pre- 
ferred on (110) surface. This is realised via the 
nucleation of a regular array of Lomer-type disloca- 
tions in the [110] direction and the generation of 60° 
dislocations in the [001] direction. 

As mentioned in the introduction, a well ordered 
and layered epilayer is desired for this study as 
disorder or inhomogeneity would be expected to 
reduce all effects of long range electronic interaction 
across the interface. InAs/GaAs interfaces are gen- 
erally believed to be abrupt on an atomic scale [11] 
and good surface morphology is naturally obtained 
as a result of the layer by layer growth. 

All photoemission measurements were performed 
in the p-polarisation geometry, at 45° incidence an- 
gle. The photoelectron spectra were recorded using 
an angle resolving, goniometer mounted, hemispheri- 
cal electrostatic energy analyser with an angle of 
acceptance of +2°, movable in the horizontal and 
vertical planes. The overall energy resolution was 
approximately 0.1 eV for core level data and 0.2 eV 
for valence band data. All spectra presented in this 
paper were collected in the plane of light incidence. 
The surface Fermi level position was determined by 
the photoemission from a clean molybdenum foil in 
contact with the sample. 

The In deposition rate was estimated from mea- 
surements of RHEED oscillations. This was realised 
by subtracting the growth rate of GalnAs (i.e. with 
both Ga and In sources open) from that of GaAs. 



610 Z.Q. He et al. / Applied Surface Science 104/105 (1996) 608-614 

After the spectroscopic analysis all samples were 
investigated with Rutherford back scattering (RBS) 
to verify the overlayer thicknesses. Since the 
RHEED-derived growth rate was obtained from a 
difference between two nearly equal oscillation fre- 
quencies, the RBS values were considered as more 
reliable (~ 5% accuracy). These are the values 
quoted in the following. 

3. Results and discussion 

The InAs overlayer formation was studied via 
core level and valence band spectra, with the goal to 
investigate at which thickness the overlayer starts to 
develop bulklike properties. The surface sensitivity 
of photoemission makes the method well suitable for 
this purpose. Since the electronic interaction between 
overlayer and substrate materials is strongest at the 
very interface, the intrinsic properties of the over- 
layer material should first show up at the surface. 

Fig. la shows the In 3d and Ga 3d core levels in a 
sequence of epilayer thicknesses. The spectra were 
decomposed by a computer routine assuming equally 
shaped peaks with fixed spin-orbit splittings. Peak 
widths (combined Gaussian/Lorentzian shapes), 
branching ratios and peak positions were treated as 
fitting parameters. Examples of such fittings are 
shown in Fig. lb. For brevity only normal emission 
spectra are displayed. A Ga surface component is 
found at +0.29 eV relative to the bulk binding 
energy, and a surface component of In 4d is located 
at +0.27 eV. These values are the same as previ- 
ously published core level shifts at the (110) surfaces 
of GaAs [12] and InAs [13]. After the first exposure, 
we can already observe a bulk In 4d component. 
According to RBS measurements on this sample the 
epilayer is about 5 ML thick. We would therefore in 
principle expect to see three different In components, 
corresponding to the first (surface), second (sand- 
wiched) and third (interface) atomic layers. The fact 
that only two components are clearly resolved shows 
that the local environments at the interface and sand- 
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Fig. 1. (a) Ga 3d and In 4d core level spectra from GaAs(l 10) with InAs epilayers of different thicknesses, (b) Spectral decomposition of the 
Ga 3d and In 4d emission. The fittings were made with the following parameters: A£Gauss = 0.33 eV, &ELor = 0.15 eV and A£s_0 = 0.43 
eV for Ga 3d and A£Qallss = 0.33 eV, AELor = 0.22 eV and A£s.0 = 0.84 eV for In 4d. The residues presented at the bottom of each panel 
are drawn on the same scale as the spectra. 
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wich sites are similar, both being close to bulk In As. 
The 'bulk' component increases at further growth 
until saturated at a thickness of ~ 3 nm where the 
photoelectron probing depth is reached. Concerning 
the Ga 3d level we see that after the first exposure a 
strong peak is still present. From the spectral decom- 
position shown in Fig. lb we see that at this stage 
the Ga 3d emission is bulk related, i.e. mainly due to 
excitations in the substrate. The surface component 
is clearly more reduced than the bulk one. Due to the 
low amplitude its position is difficult to determine 
with high precision, but according to the fit shown in 
this figure it appears somewhat closer to the bulk 
component. The relative size of this new surface 
component was found to depend on the substrate 
temperature during the initial growth, and was practi- 
cally quenched for growth temperatures below 200°C. 
It is interesting to note that a small Ga signal also 
exists further up to thick epilayers, well exceeding 
the photoelectron probing depth. This indicates a 
slightly more complicated structure than a plain two 
dimensional InAs overlayer. Since the structural in- 
formation from RHEED unambiguously shows that 
the epilayer is two-dimensional, we can rule out that 
the persistent Ga 3d emission is an effect of over- 
layer perforation. It is therefore concluded that this 
surface component must come from Ga atoms within 
or on top of the epitaxial InAs layer. From available 

information about InAs growth on GaAs we know 
that the interface is abrupt [11], and consequently no 
interdiffusion of elements takes place across the 
interface. Therefore, the observed Ga must originate 
from an exchange process during formation of the 
first atomic overlayer. By this mechanism there can 
be at most one monolayer Ga present in the over- 
layer. Since the Ga signal falls off very slowly with 
increasing overlayer thickness, we believe that the 
Ga atoms are mainly located at the surface and are 
only slowly incorporated in the overlayer (although 
ternary GalnAs compounds are stable over the whole 
composition range). From the relative intensities of 
the core level signals we conclude that the amount 
Ga is ~ 10% of a monolayer. This small quantity of 
'floating' material is assumed not to have any signif- 
icant influence on the bulk electronic properties of 
the heterostructure, and is in any case not influencing 
the final conclusions of this work. Actually this kind 
of species-floating phenomenon is rather common in 
heterostructure growth [14]. Information about the 
spatial distribution of a particular element is in prin- 
ciple also contained in the core level data via their 
angular dependence and presence of (surface) shifted 
components. In our case, the evaluation of the Ga 
spectral shape is rather difficult as it appears as a 
small shoulder on the nearby strong In 4d peak. It is 
clear, however, that the intensity of the Ga signal 
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does not change very much over a thickness range of 
nanometers. Another factor which complicates quan- 
titative analysis of these core level intensities is 
strong photoelectron diffraction reported in several 
studies of InAs [13]. In Fig. 1 this effect is mani- 
fested by a lower intensity of the surface In 4d 
component in the spectrum recorded at 60° emission 
angle than at normal emission. This observation by 
itself shows that the pseudomorphic overlayer is 
highly ordered. 

Changes in the surface Fermi level pinning were 
determined precisely using the strong In 4d emission. 
In Fig. 2 the In 4d and Ga 3d peak positions relative 
to the surface Fermi level are plotted as a function of 
epilayer thickness. The In 4d peak starts at 18.0 eV 
below E¥ and falls gradually with increased epilayer 
thickness. The total observed shift is 0.35 eV and at 
high coverages the pinning is in fact above the 
conduction band minimum. This was directly ob- 
served as a small photoemission peak above the 
valence band maximum (not shown here). Such 
emission has been previously reported from various 
InAs surfaces [15], and is considered to reflect the 
presence of a quasi-two-dimensional electron gas, 
which extends ~ 15 nm into the crystal. It is signifi- 
cant to note that the electron gas found in the present 
experiment is only developed in epilayers thicker 
than ~ 10 nm. Factors which determine the bulk 
core level position in the surface region are band 
bending and interface dipole. The interface dipole is 
usually considered to be established during the initial 
stage of interface formation. Assuming that the sur- 
face conditions are equivalent throughout the series, 
i.e. that the above discussed Ga has no effect on the 
surface Fermi level pinning, our observations would 
suggest that the bulk properties are not fully devel- 
oped until a thickness of ~ 20 nm. 

A more direct test of these overlayer properties is 
obtained from the valence band data. Fig. 3 shows 
normal emission valence band spectra for the same 
series of InAs epilayers as in Fig. 1. Due to the 
delocalised nature of the electronic states involved, 
interpretation of this type of data is more compli- 
cated than for core level spectra. It is thus not 
possible here to define the spatial location of the 
excitation sites. For thick heterojunctions one could 
divide the space into four regions, namely the two 
bulk regions and the two interface regions at each 

-6 -4 -2 0 
Energy relative to VBM (eV) 

Fig. 3. Normal emission valence band spectra from clean 
GaAs(llO) and after growth of InAs epilayers of varying thick- 
ness. The spectra were excited with 19 eV photons. The labelled 
peaks are interpreted as excitations involving bulk states of GaAs 
and InAs. 

side of the interface. From the electronic point of 
view each of these regions extends over a range 
defined by the electron coherence length. What makes 
the present situation particularly complicated is the 
fact that the overlayer dimensions are of the same 
size as the coherence length. 

The structures labelled A, B and C in the spec- 
trum of clean GaAs in Fig. 3 are interpreted as bulk 
interband excitations. Just above the valence band 
maximum a shoulder-like structure can be observed, 
originating from the Ga 3d level which is excited in 
second order. The photon energy chosen in this case 
allows thus simultaneous registration of the intensity 
of a state localised in the substrate and states which 
are delocalised. Furthermore, at this photon energy 
the bulk states that are probed in normal emission 
are located near the K-point of the bulk Brillouin 
zone. This is the reason for the relatively high inten- 
sity of peak A in the spectrum of clean GaAs. 
Another reason for concentrating on data recorded at 
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this photon energy and normal emission is that under 
these conditions the spectrum from clean GaAs is 
distinctly different from that of InAs. 

After growth of 1.0 nm InAs, which corresponds 
to ~ 5 ML the RHEED pattern shows that the 
overlayer is almost fully relaxed. In the valence band 
spectrum (Fig. 3) we note that all features are attenu- 
ated. This is a rather expected result considering that 
the thickness at this point is about the same as the 
mean free path. The presence of the Ga 3d structure 
shows that the overlayer is transparent for electrons 
excited on the substrate side of the interface. No 
obvious overlayer related structures are seen in this 
spectrum. Spectra recorded at other photon energies 
show more pronounced overlayer induced spectral 
changes at this coverage. The effects that we are 
interested in here are, however, most readily ob- 
served in spectra excited with 19 eV photons. 

Turning to thicker epilayers, we observe that the 
Ga 3d emission is gradually reduced and is hardly 
detectable in the 6 nm spectrum. The residual Ga 
signal discussed in connection with Fig. 1 is not seen 
here, due to a relatively smaller Ga 3d/In 4d excita- 
tion cross section at 19 eV photon energy [16]. More 
significant for the present discussion is the attenua- 
tion of Ga 3d intensity from its initial value for the 
clean GaAs surface. In relation to this we can con- 
sider the Ga 3d emission as completely quenched in 
spectra with epilayers exceeding 10 nm thickness. In 
the valence band we can follow one clear develop- 
ment, namely the appearance and growth of a struc- 
ture labelled B'. Glancing at the spectrum from the 
100 nm epilayer it is clear that this structure is 
related to bulk electronic states in InAs. More specif- 
ically, it reflects an interband excitation of the third 
valence band. Looking back at spectra from thinner 
layers we note that this feature is practically absent 
in the 1 nm epilayer spectrum and that even at ~ 10 
nm thickness it is not fully developed. The last 
observation gives further support for a two-dimen- 
sional growth mode, as already concluded from 
RHEED observations, since any tendency to island 
formation should at this stage result in three-dimen- 
sional particles. 

Parallel with this development we see that the 
GaAs-specific interband excitations are attenuated. 
Despite this, they can still be observed at large InAs 
coverages. The attenuation of the GaAs-specific ex- 

citations occurs over a similar thickness range as the 
development of InAs structures. The interband exci- 
tation A is discernible even in the 22 nm spectrum. 
As already pointed out, emission from the localised 
Ga 3d state is completely quenched at this stage. We 
can thus rule out the possibility that these interband 
excitations occur within the GaAs substrate. It must 
then be concluded that the GaAs bulk states which 
are observed in our spectra are present within the 
InAs epilayer. In other words, the corresponding 
GaAs wave functions must tail into the overlayer 
material over distances as large as 10-20 nm. It 
should be stressed that this conclusion is only based 
on the presence of a continuous two-dimensional 
overlayer, and does not depend on overlayer proper- 
ties like strain or surface structure. 

At this point it deserves repeating that each of the 
spectra presented here was obtained from a new 
epilayer grown under the same conditions on a new 
substrate. With modified growth parameters, e.g. a 
less well-ordered initial surface or reduced growth 
temperature, the substrate related valence band struc- 
tures were reduced faster. The corresponding LEED 
and RHEED patterns were significantly broadened, 
although clear 1 X 1 surface periodicity could still be 
observed. These observations suggest that the long- 
range tailing proposed here depends critically on the 
interface quality. 

Investigations of photon energy and angular de- 
pendence of these substrate related structures show 
clearly that they represent direct (momentum con- 
serving) excitations. This can only be explained if 
both initial and final states probed in this case are of 
similar nature in the substrate and overlayer. In other 
words the data suggest that the wave vectors of the 
decaying states are preserved. A detailed interpreta- 
tion of the present data must, however, be based on a 
thorough analysis of the electronic structure in a 
composite system like InAs/GaAs. 

4. Conclusion 

The photoemission results discussed here show 
that valence states at the InAs/GaAs(110) interface 
may tail across the interface over distances of ~ 10 
nm. The extent of this tailing appears to depend on 
the interface quality. With a well ordered structure it 
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seems that true bulk properties in the overlayers 
develop only at thicknesses exceeding this distance. 
This result has significant implications for the under- 
standing of electronic properties of heterojunctions, 
e.g. band offsets. 

Acknowledgements 

We wish to thank the MAX-lab staff for all 
technical support. Grants from the Swedish Natural 
Science Research Council are gratefully acknowl- 
edged. One of the authors (Z.Q.H.) is indebted to the 
Swedish Institute for financial supports and would 
also like to thank S.M. Wang for valuable discus- 
sions. 

References 

[1] K. Adomi, J.I. Chyi, S.F. Fang, T.C. Shen, S. Strite and H. 
Morkoc, Thin Solid Films 205 (1991) 182. 

[2] K. Ploog, Angew. Chem. Int. Ed. Engl. 27 (1988) 593. 
[3] 0. Brandt, K. Ploog, L. Tapfer, M. Hohenstein, R. Bierwolf 

and F. Phillipp, Phys. Rev. B 45 (1992) 8443. 

[4] M.  Ilg, M.I.  Alonso,  A. Lehmann,  K.H. Ploog and M. 
Hohenstein, J. Appl. Phys. 74 (1993) 7188. 

[5] S.D. Benjamin, T. Zhang, Y.L. Hwang, M.S. Mytych and 
R.M. Kolbas, Appl. Phys. Lett. 60 (1992) 1800. 

[6] M.L.  Dotor, P.  Huertas, J.  Melendez, A.  Mazuelas, M. 
Garriga, D. Golmayo and F. Briones, Electron. Lett. 28 
(1992) 997. 

[7] H. Toyoshima, K. Onda, E. Mizuki, N. Samoto, M. Kuzuhara, 
T. Itoh, T. Anan and T. Ichibashi, J. Appl. Phys. 69 (1991) 
3941. 

[8] L.-W. Tu, G.K. Wong and J.B. Ketterson, Appl. Phys. Lett. 
55 (1989) 1327. 

[9] S.M. Newstead, R.A.A. Kubiak and E.H.C. Parker, J. Cryst. 
Growth 81 (1987) 49. 

[10] X. Zhang, D.W. Pashley, J.H. Neave, P.N. Fawcett, J. Zhang 
and B.A. Joyce, J. Cryst. Growth 132 (1993) 331. 

[11] J.M. Moison, C. Guille, F. Houzay, F. Barthe and M. Van 
Rompay, Phys. Rev. B 40 (1989) 6149. 

[12] W. Ranke, J. Finster and H.J. Kuhr, Surf. Sei. 187 (1987) 
112. 

[13] J.N. Andersen and U.O. Karlsson, Phys. Rev. B 41 (1990) 
3844. 

[14] K. Horn, Appl. Phys. A 51 (1990) 289. 
[15] C.B.M. Andersson, U.O. Karlsson, L. liver, J. Kanski, P.O. 

Nilsson, L.Ö. Olsson and M.C. Häkansson, in: Proc. 22nd 
Int. Conf. on the Physics of Semiconductors, Vancouver, 
1994, Ed. DJ. Lockwood (World Scientific, Singapore, 1995) 
p. 489. 

[16] J.J. Yeh and I. Lindau, At. Data Nucl. Data Tables 32 (1985) 
1. 



applied 
surface science 

ELSEVIER Applied Surface Science 104/105 (1996) 615-620 

Measurements of the energy band offsets of Si,_xGex/Si and 
Ge2   C /Ge heterojunctions 

F. Chen a'\ M.M. Waite \ S. Ismat. Shah c, B.A. Orner a, S.S. Iyer d, J. Kolodzey 
a Electrical Engineering Department, 140 Evans Hall, University of Delaware, Newark, DE 19716, USA 

Physics Department, University of Delaware, Newark, DE 19716, USA 
c E.l. Du Pont De Nemours & Company Inc., Wilmington, DE 19880, USA 

Sibond LLC Inc., Hopewell Junction, NY 12533, USA 

Received 28 June 1995; accepted 6 October 1995 

Abstract 

Discontinuities in the energies of the conduction and valence bands at semiconductor heterojunctions are important 
parameters for device design. We describe experiments using X-ray photoelectron spectroscopy with measurements of 
valence-band energies with respect to core-levels of metastable, coherently strained Si|_^Gex alloy layers and of thick 
Ge, _ VC v alloy layers. For strained Si, _xGex alloys on Si, we have found that the valence band offset increased with the Ge 
fraction x with most of the offset in the valence band. We obtained a valence band offset of 0.22 eV for x = 0.23, in good 
agreement with theoretical calculations. For Ge,_vCv alloys, we found very little shift in the valence band energies with the 
C fraction y. Since the optical bandgap of GeC increased with the C fraction y, most of the offset for Ge^Cy/Ge 
heterojunction was in the conduction band. Based on the measurements of the energy band offsets of Si, _xGex/Si, we infer 
that the major portion of bandgap discontinuity of Ge,_vCy on Si is in the valence band. Ge,_yCv alloys are new 
metastable materials that open up a new region for group IV heterostructures. 

Knowledge of the band offsets at heterointerfaces 
is important for assessing the degree of carrier con- 
finement, and therefore is important for high-speed 
optoelectronic device operation. Many theories have 
reported calculations of valence-band offsets at het- 
erojunctions. For examples, Tersoff [1] and Cardona 
and Christensen [2] calculated semiconductor band 
offsets using interface dipole theory and dielectric 
midgap energy theory, respectively. Frensley and 

* Corresponding author. Tel.: +1-302-8318959; fax: + 1-302- 
8314316; e-mail: fchen@ee.udel.edu. 

Kroemer [3] proposed a pseudopotential model to 
predict the semiconductor band offsets. For certain 
heterojunction systems, the above theories yield fairly 
different results. 

Several experimental techniques have been stud- 
ied during the last few years for the quantitative 
determination of semiconductor band offsets at het- 
erojunctions [4-6]. Among them, X-ray photo- 
electron spectroscopy (XPS) of the atomic core-levels 
represents the most reliable method for obtaining 
valence-band offsets (A£v) [7]. The valence band 
energies can be measured with respect to deep atomic 
core levels which are relatively unaffected by the 
heterointerface. If the bandgap  E   is known, the 
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conduction band offsets can also be determined, and 
thus whole band structure will be clear. 

In this paper, we present and discuss the results of 
an XPS investigation of Sil_xGex/S>\ and 
Ge, C /Ge heterojunction valence-band offsets 
(VBO) by using metastable, coherently strained 
Si^^Ge^ alloys on Si and thick Ge, C alloys on 
Si. The Sij^Ge^/Si system is well-known and there 
are many theoretical and experimental results regard- 
ing to its valence-band offsets. We compared our 
measurements of Si^^Ge^/Si to published data to 
check our XPS data analysis method which was 
proposed by Shih and Spicer [8]. Our interest was to 
find the band energies at the heterointerface of 
Ge, C and Ge with respect to Si by measuring the 
band energy position using thick Ge, C and Ge 
layers. Ge, C alloys are a novel material system 
for the physics and device of group IV semiconduc- 
tors [9]. In principle, it can be lattice matched to Si 
substrates by adjusting the composition. Its optical 
bandgap (£g) depends on the C fraction y [10]. 

In order to avoid the demands posed by XPS 
core-level spectroscopy such as preparing good inter- 
face quality samples and ensuring negligible band 
bending over the portion of the sample probed, we 
followed the potentially simplified method proposed 
by Shih and Spicer [8]. They postulated that the 
core-level positions were approximately independent 
of alloy composition, thus they substituted bulk sam- 
ples for the actual interface to study valence-band 
offsets. They tested their method by deducing the 
VBO in the HgTe-CdTe system and obtained an 
accurate lineup. This approach was also studied in a 
theoretical analysis by Wei and Zunger [11] with 
good results. By using this technique, we can easily 
determine the band offsets without performing a 
measurement located precisely at the heterointerface. 

In our study, we used the Si2p core-level as a 
reference level for the Sij.^Ge^/Si system, and the 
Ge3d core-level for the Ge, C /Ge system. Before 
any heterostructure data analysis, we first estimated 
the core-level shifts due to the alloy composition, 
and justified the approximation of core-level con- 
stancy. 

Strict and consistent calculation of core-level shifts 
due to the alloy composition requires using a Born- 
Haber cycle calculation which is used to relate bind- 
ing-energy shifts to changes of bond energies due to 

the excitation of core electrons [12]. However, Morar 
et al. used a model based on linear-response theory 
[13] to estimate the shift of the Si2 core-level 
energy in Si,_^Ge^ alloys due to different Ge com- 
position. They found that for strain-free Sij^Ge^. 
alloys with x<0.3, the maximum Si2 core-level 
shift was ~ 15 meV. We used the same approach to 
estimate the Ge3d core-level shift of Ge, C alloys 
due to adding small amount of carbon. Energetic 
shifts in the core levels are interpreted in terms of 
changes in the total valence charge surrounding each 
atom. They can be directly associated with the elec- 
tronegativity and ionicity. The hydrostatic compo- 
nent of strain can also cause core-level shifts. Be- 
cause the strain configuration depends on details of 
the growth conditions for the different samples, we 
can determine the band offsets without these strain 
effects first, and then add the tetragonal distortion 
caused by strain for the particular sample later if 
strain is present. Thus the total core-level shift A ECOK 

can be written as: 

^Eom=ncA, 

4 = 4, + (rGeC-rGebulk)- 
dEr 

Ar ■4 + 4,. 

and where nc is the number of C neighbors of each 
Ge atom, Ad is the electronic shift of the core-level 
corresponding to the dielectric response to a first- 
order local perturbation, rGeC is the bond length for 
Ge, C alloys, and rGebulk is the bulk Ge covalent 
bond length. Ar is the core-level shift associated 
with the atomic displacement. With consisting of a 
superposition of spherical atomic density [14], we 
obtained   Ad 83.45  meV and dECL/dr~630 
meV/A, giving A ~ 225 meV. The total core-level 
shift for Ge, C is Ay A. For a small amount of C 
(1-3% for our SGC samples), the maximum shift is 
~ 27 meV. Therefore we conclude that the core-level 
is approximately constant for our GeC alloys to 
within +27 meV. 

Two groups of molecular beam epitaxy grown 
samples were used for this study. The first was 
metastable strained Si^^Ge^ alloys on Si substrates, 
and the second was thick Ge, Cy alloys on Si 
substrates. The Si^^Ge^ samples were grown in a 
VG-80 solid source MBE system using e-beam evap- 
oration for Si and a thermal effusion cell for Ge. The 
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Ge1_ C alloys were grown by solid source in an 
EPI 620 MBE system. The base pressure of the GeC 
growth chamber was below 5X10-11 Torr, and 
growth pressures were typically near 5 X 10~9 Torr 
[10]. The Ge beam was produced by thermal evapo- 
ration from a solid polycrystalline Ge source in a 
pyrolytic boron nitride crucible, and the C beam was 
produced by sublimation from a pyrolytic graphite 
filament carbon source. The substrates used in the 
Gej C experiments were p-type (100) Si wafers 
(p = 13—17 O cm) that had been chemically cleaned 
before being inserted into the vacuum chamber. De- 
tails of growth conditions are given in [10]. The 
substrate temperature during the film growth was 
570°C. 

XPS measurements were performed using an 
SSX-100 spectrometer with a monochromatic Al Ka 
X-ray source (hv = 1487 eV). The background base 
pressure for the analysis chamber was T= 10~9 

Torr. Because of exposure to air, samples were 
sputtered with Ar+ ions of energy 2 keV for 30 min 
to remove surface oxidation. 

We determined the absolute valence band maxi- 
mum (VBM) position by finding the relative differ- 
ence between the VBM and the core-level in each 
material. We decided not to fit theoretically calcu- 

lated density of valence-band energy distribution 
states to the complete XPS spectrum since the calcu- 
lated theoretical critical points of the density of 
states of GeC are not yet well known. Near the 
valence-band maximum, the density of states varies 
as the square root of energy. Assuming that Vegard's 
law is valid for the interpolation of alloy hole effec- 
tive masses of the endpoint compositions near the 
VBM, we can compare the VBM of these alloys 
accurately after dividing out the characteristic hole 
effective mass. The inset in Fig. 1 and Fig. 2 shows 
the measured alignment of the VBM for Si^^Ge^ 
and Ge! C samples respectively. For Si^^Ge^ 
alloys, we compare the VBM of metastable, coher- 
ently strained Si092Ge008 and Si077Ge023 alloy lay- 
ers with the VBM of bulk Si substrate. For Ge,   „C,. I — y    y 

alloys, we compare the VBM of thick Gea984C0_016 

and Ge0968C0032 alloy layers with the VBM of a 
thick pure Ge layer. The core-level energy positions 
were defined as the center of the peak width at half 
of the peak maximum height. After alignment of the 
adjusted valence band edges of these materials, the 
relative positions of the core-level binding energies 
referred to the VBM can be determined very pre- 
cisely to within 30 meV (systematic errors can be 
canceled) [8]. This change reflects the movement of 

3 

3000 

2S00 

2000 

£> 1500 

1000 I 
I 
Oi    500 

VBM Alignment 

Si 

Si 20 Peaks 
(after peakfit) 

\Si0 77Ge o 23 

■~Sio.92Geo.O8 

80 85 90 95 100 

Relative Energy (After VBM Alignment) (eV) 
105 

Fig. 1. The Si2p core-level of Si, Si0 

Alignment of the VBMs by shifting energy scales after counting the effects of characteristic hole effective mass for each material. Energy 
shifts near peaks are the VBO with respect to Si. 
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Relative Energy (After VBM Alignment) (eV) 

Fig. 2. The Ge3(I core-level of Ge, Ge0 9 

Inset: Alignment of the VBMs by shifting energy scales after counting the effects of characteristic hole effective mass for each material. No 
VBO was found for Ge, _ ,C„ on Ge. 

the VBM with alloy composition if we neglect the 
contribution from core-level shift, thus the VBO can 
be deduced. Results for VBO of SiGe/Si and 
GeC/Ge system of different alloy composition can 
be read directly from Fig. 1 and Fig. 2. Fig. 3 shows 
our VB offset results for Si^/Je^/Si system com- 
pared with the theoretical prediction of AEV = 740 x 
meV where  x  is the Ge fraction [15] and with 

0.8 

0.7 

? 0 6 
> 

< 0.5 
., 
* 0.4 
o 
1 0.3 

« 
s 02 
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■   XPSdato 
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▼    Sweden [19] 

- 

I      ,      I      ,      (      ,      I      .      I      ,      I 

ao   ai   a2 03     04     05     06     07 

Ge atomic fraction, X 

08     0.9     1.0 

Fig. 3. Valence band offsets in strained Si,_ xGex on Si substrate 
heterostructures: the solid line indicates theoretical prediction of 
0.74x eV. 

experimental data done by different research groups 
using various techniques. On the other hand, our 
results of VB offsets for Ge, C^/Ge indicated that 
there was almost no valence band discontinuity be- 
tween Ge, Cv as the C fraction varied from 0.01 to 
0.03. This was surprising at first, but, using the 
diamond bandgap of 5.45 eV [16,17], and by apply- 
ing the electron-affinity Anderson-Shockley model 
to Ge/C, we note that Ge and C indeed lineup 
across the heterointerface theoretically. This predic- 
tion was consistent with our XPS results and with 
measurements by other groups [18]. Fourier trans- 
form infrared spectroscopy (FTIR) optical absorption 
data showed that the optical bandgap of the Ge, C 
alloys varied linearly with composition throughout 
the composition range investigated [10]. For y = 
0.032 (SGC32), the bandgap Eg increased by 250 
meV with respect to the bulk Ge bandgap. Combin- 
ing the results from XPS and FTIR, the conduction 
band alignment of unstrained Ge,_ C and Ge het- 
erojunction was determined. Fig. 4 shows the whole 
band structure of GeC/Ge heterojunction system. As 
previously, the core-level shifting was assumed to be 
zero in this picture. Combining the results of band 
alignment for Ge/Si and Ge, C ,/Ge gives the 
alignment of Ge,_vCv on Si which is also shown in 
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AE„ Table 2 

Cubic Ge 
Unstrained Ge    C 

l-y    y 
(y = 0.01-0.03) 

V 
(») 

AE„ 

Unstrained Ge     C 
l-y   y 

(y = 0.01-0.03) 

Cubic Si 

AE, 

0» 

Fig. 4. Flat-band diagram showing the bandgap alignment for (a) 
thick Ge, Cy on Ge, and (b) thick Ge, vCy on Si. The major 
portion of bandgap discontinuity of Ge, _ ,,C y /Ge system is in the 
conduction band, whereas the major discontinuity of Ge, C /Si 
is in the valence band. Numerical values of the offsets for our 
samples are given in Table 1 and Table 2. 

Sample jroperties and valence-band offsets for Ge,_JCJ 

Sample C Thickness Measured 
i.d. atomic (A) A£v 

fraction (meV) 

SGC10 0 6240 — 
SGC30 0.016 4300 10 + 60 
SGC32 0.032 3500 20 + 60 

of Ge, C /Si is in the valence band and it has type 
II (staggered) band-edge lineups. Our measurements 
are the first experimental determination of VB off- 
sets for Ge, C /Ge systems. The Ge, C /Ge 
and Ge, C /Si heterostructures have high poten- 
tial for carriers confinement on band-engineered de- 
vices. 

Fig. 4. If we count the core-level shifting calculated 
previously, the precision of the results of this study 
is + 60 meV. 

In conclusion, we used the XPS method and a 
data analysis approach proposed by Shih and Spicer 
to deduce energy band lineups in Si1_JCGeJC/Si and 
Ge1_yC_>,/Ge systems. Convenient core levels (Si2p 

and Ge3d) serve as reference levels. The results 
obtained for Si^^Ge^/Si are in good agreement 
with pseudopotential calculations [3], and experimen- 
tal data. The Ge, C /Ge VB offsets are approxi- 
mately constant for C fractions y between 0.01 and 
0.03. The optical bandgap increases with C fraction 
y, implying that the major portion of bandgap dis- 
continuity of Ge, C /Ge system is in the conduc- 
tion band. So it has type III (one band continuous) 
band-edge lineups. Combining the results of band 
alignment for SiI_J.GeJ./Si and Ge, C /Ge, we 
infer that the major portion of bandgap discontinuity 

Table 1 
Sample properties and valence-band offsets for S i-.tGeA. 

Sample 
i.d. 

Ge 
atomic 
fraction 

Thickness 

(A) 
Measured 
A£v 

(meV) 

Theoretical 
calculation 
(meV) 

IBM27 
IBM28 

0.08 
0.23 

2075 
915 

60 + 60 
220 + 60 

59 
170 
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Abstract 

We have examined current transport across the interface between low temperature grown (LTG) GaAs and GaAs grown 
at normal temperatures, both n+-doped and undoped. The two types of interface, LTG GaAs/n+ GaAs and LTG 
GaAs/undoped GaAs, exhibit ohmic and rectifying behavior, respectively. In the ohmic case, electrons can easily tunnel 
from the defect hopping band of the LTG GaAs, in which the Fermi level is pinned, into the conduction band of the n+ 

GaAs-layer. In the second case, the interface acts like a Schottky barrier since electrons must be thermally emitted from the 
defect hopping band of the LTG GaAs up into the conduction band of the undoped GaAs. By fitting the temperature 
dependence of the current-voltage relationship using thermionic emission theory, we obtain a simple, direct measure of the 
Fermi level depth in the LTG GaAs. 

1. Introduction 

As studies of low temperature grown GaAs (LTG 
GaAs) move toward device applications, it becomes 
necessary to understand the electronic properties of 
the interface between LTG GaAs and normal tem- 
perature grown GaAs. In this paper, we use 
current-voltage measurements at varying tempera- 
tures to investigate transport across the interface 
between LTG GaAs and both undoped GaAs and n+ 

GaAs grown at normal (~ 600°C) growth tempera- 
tures. 

The growth of GaAs at low temperature (~ 200°C) 
leads to the incorporation of ~ 1-2% excess As [1]. 

* Corresponding author. Tel.: +1-805-8938154; fax: + 1-805- 
8933262; e-mail: 6500kdm@ucsbuxa.ucsb.edu. 

This non-stoichiometry is manifested as high concen- 
trations of defects, specifically As anti-sites (AsGa), 
Ga vacancies (VGa), and As interstitials (Asj). The 
high concentration (~ 3 X 1019 cm""3) of AsGa anti- 
sites gives rise to a dense deep donor band [2]. Look 
et al. [3] have shown that, for anneal temperatures up 
to 600°C, hopping conduction through this deep 
donor band is the dominant conduction process 
through the LTG GaAs. The Fermi level in the LTG 
GaAs is pinned in the donor band as the donor levels 
are partially compensated by ~ 1019 cm-3 deep 
acceptors (believed to be VGa) [1]. For higher anneal- 
ing temperatures (> 600°C), hopping conductivity is 
reduced by several orders of magnitude and the LTG 
GaAs becomes highly resistive [3]. 

The potential for high resistivity in annealed LTG 
GaAs has led to its application as an insulating layer 
in metal-insulator-semiconductor field effect tran- 

0169-4332/96/$15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
PII S0169-4332(96)00212-7 
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sistors (MISFETs) [4-6] as well as a barrier layer 
between a back gate and two-dimensional electron 
gas (2DEG) [7]. In the second case, it was found that 
the leakage current between the back gate and the 
2DEG was limited by the interface between LTG 
GaAs and undoped GaAs rather than the LTG GaAs 
itself. Here, we have studied the transport across the 
interface in order to measure directly the Fermi level 
pinning depth in the LTG GaAs. 

2. Experimental 

All samples were grown by molecular beam epi- 
taxy in a Varian modular Gen II system. In all cases, 
the low temperature growth was performed under an 
As 2 over pressure at 225°C as measured by the 
substrate thermocouple (since pyrometry is not pos- 
sible at such a low temperature). Also, all samples 
were grown on semi-insulating GaAs substrates. The 
first sample, sample A, contained a 5000 A heavily 
Si-doped (~ 5 X 1018 cm"3) n+ back^ contact. (The 
Si shutter was closed for the final 20 A of this layer 
in order to incorporate any Si diffusing to the surface 
before the low temperature growth.) Then the sub- 
strate temperature was ramped down to 225°C and a 
1000 A LTG GaAs-layer was grown. The second 
sample, sample B, was identical to sample A except 
that the n+-layer was separated from the LTG 
GaAs-layer by a 1500 A undoped GaAs-layer. The 
growth structures and temperatures are shown in Fig. 
1. 

To investigate the LTG/normal interface for LTG 
Al^Ga^^As, we grew two more samples, C and D. 
The structure for these samples is as follows: 5000 A 
heavily Si-doped (~ 5 X 1018 cm"3) n+ back con- 
tact, a 1500 A linearly graded layer (using the digital 
alloy technique [8] with a period of 20 A) from 
x = 0 (GaAs) to Al/ja^As, a 1000 A LTG 
AlXG2LX_X As-layer, and a 100 A LTG GaAs cap. For 
sample C, x = 0.15 and for sample D, x = 0.3. 

After the samples were removed, anneals were 
done on separate pieces of each wafer. The two 
annealing conditions were 400°C for 30 s and 500°C 
for 30 s, both performed with a rapid thermal an- 
nealer. Under these annealing conditions, hopping 
will be the dominant conduction mechanism, as ex- 
plained above. Samples were then processed with 

(a) 

1000Ä LTG GaAs 
225 °C 

n+ GaAs 
600 °C 

-metal 

/Si off 
/(20Ä) 

(b) 

1000Ä 

1500Ä 

■■ HBU-metal 
LTG GaAs 

225 °C 

undoped GaAs 
600 °C 

n+ GaAs 
600 °C 

Fig. 1. Growth structure and temperatures for sample A (a) and 
sample B (b). The two samples are identical except that sample B 
has a 1500 A undoped GaAs-layer inserted between the n+ back 
contact and the LTG GaAs-layer. 

conventional wet etching of a mesa to form vertical 
diode structures. Standard AuGe metallization 
(Ni/AuGe/Ni/Au) was used for contacts. All of 
the top contacts (on the LTG GaAs) were non-al- 
loyed. Broad-area back contacts to the n+ GaAs-layer 
were also non-alloyed except for the pieces of sam- 
ple A and B which had already undergone the 
400°C/30 s and 500°C/30 s anneals. For these 
pieces of samples A and B, the back contacts were 
annealed at 380°C for 15 s. In all cases, ohmic 
contacts to the n """-layer were obtained. 

3. Results and discussion 

Fig. 2(a, b) illustrates the fundamental difference 
in the current versus voltage relationships for sam- 
ples A and B. Sample A is clearly ohmic, while 
sample B exhibits rectifying behavior. The reason for 
this difference lies solely with the nature of the 
current transport across the interface between the 
LTG GaAs and the normal temperature grown GaAs. 
For both samples, the surface metal will make an 
ohmic tunneling contact to the defect hopping band 
of the LTG GaAs since the surface pinning depth of 
GaAs is close (< 0.2 eV) to the Fermi level pinning 
in the LTG GaAs. In addition, the surface depletion 
depth will be very small for the LTG GaAs due to 
the high trap density, and so electrons can easily 
tunnel into the LTG GaAs hopping band. Yamamoto 
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Fig. 2. Current versus voltage curves showing the difference 
between the ohmic behavior of sample A (a) and the rectifying 
behavior of sample B (b). 

et al. [2] have demonstrated this type of non-alloyed 
contact to LTG GaAs having a small specific contact 
resistance (mid 10"3 Q cm2). 

Now, in order to explain the different / versus V 
behavior, we must examine the band diagram at the 
LTG GaAs/normal GaAs interface. Looking at the 
band diagram of sample A (Fig. 3(a)), we see that 
electrons are able to tunnel from the defect hopping 
band of the LTG GaAs into the conduction band of 
the n+ GaAs as long as the n """-doping is sufficiently 
high, thus yielding the ohmic behavior. (Similar 
ohmic behavior [9] has been seen previously for the 
case of LTG GaAs on n-type (1.6 X 1017 cm"3) 
GaAs.) In the case of sample B (Fig. 3(b)), when 
electrons reach the end of the defect hopping band of 
the LTG GaAs, tunneling is insignificant because of 
the 1500 A spacer layer. Instead, electrons must be 
thermally emitted into the conduction band of the 
undoped GaAs at the interface. (This is equivalent to 
saying that the transport across the interface is lim- 
ited to the small number of electrons in the conduc- 
tion band due to the Boltzmann tail at finite tempera- 
ture.) Therefore, the LTG GaAs/undoped GaAs in- 
terface acts like a Schottky barrier with a barrier 
height <PB which is equal to the Fermi level depth in 

the LTG GaAs referenced to the conduction band 
(i.e. <PB = Ec - Ev in the LTG GaAs). For transport 
in the other direction (to the left in Fig. 3(b)), 
injected electrons that cross the interface will rapidly 
recombine and fall down into the empty donors. 
Electrons will then be swept out by hopping conduc- 
tion through the LTG GaAs to the metal contact. The 
LTG GaAs-layer therefore acts as a series resistance, 
which, although fairly large, will not limit the cur- 
rent flow until the diode is turned on (i.e. until the 
barrier is reduced to several times kT). 

Since the LTG GaAs/undoped GaAs interface 
acts like a Schottky barrier, the Fermi level pinning 
depth in the LTG GaAs can be directly obtained 
from the temperature dependence of the reverse bias 
saturation current using standard thermionic emis- 
sion theory of Schottky barriers. Thermionic emis- 
sion theory gives: 

qV-IRs 
1 = 1. exp 

nkT 
- 1 (1) 

where / is the current, /s is the reverse bias satura- 
tion current, q is the electronic charge, V is the 
applied voltage, Rs is the series resistance, n is the 

LTG GaAs      n+ GaAs 

£%<G&£&^^_ 
I 

(a) 

LTG GaAs 'undoped 

Fig. 3. Schematic band diagrams for the LTG GaAs/n+ GaAs 
interface of sample A (a) and the LTG GaAs/undoped GaAs 
interface of sample B (b). The small circles represent the defect 
states that make up the hopping band. In (a), electrons can readily 
tunnel across the interface, giving the ohmic behavior of sample 
A. In contrast, the LTG GaAs/undoped GaAs interface in (b) acts 
like a Schottky barrier since electrons must be thermally emitted 
from the defect hopping band of the LTG GaAs into the conduc- 
tion band of the undoped GaAs. 
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as grown 
s anneal 
s anneal 

0.48 eV 

sampli 

10007T[K-1] 

Fig. 4. Plot of /„ / T2 versus 1000/ T for sample B. The slope of 
each linear fit gives the barrier height <t>B of the Schottky-like 
barrier in accordance with Eq. (2). 

ideality factor, k is Boltzmann's constant, and T is 
temperature. The saturation current /s is obtained by 
fitting the forward bias characteristic to Eq. (1). The 
saturation current has the following temperature de- 
pendence: 

-9^B 
7S a Tz exp 

kT 
(2) 

where #B is the barrier height. A plot of Is/T
2 

versus \/T on a semi-log plot will give a straight 
line with a slope equal to -q<PB/k. Thus the barrier 
height can be obtained by fitting to a straight line as 
shown in Fig. 4 for sample B. 

The barrier heights obtained from the above fit- 
ting procedure are given in Table 1 for sample B 
(LTG GaAs), sample C (LTG Al015Ga085As) and 
sample D (LTG Al03Ga07As). Recalling that the 
barrier height is simply the Fermi level depth in the 
LTG GaAs, our value for the Fermi level pinning in 
the unannealed LTG GaAs, 0.48 eV, is in good 
agreement with the 0.47 eV value obtained by Shen 

et al. [10] by photoreflectance. Additionally, our 
results for the movement of the Fermi level with 
anneal temperature seem to confirm the two-donor- 
level model proposed by Look et al. [3], in which the 
first donor is about 0.5 eV below the conduction 
band and the second deeper donor is 0.65 eV below 
the conduction band. In this model, when the accep- 
tor density increases and the shallower donor density 
decreases at the 500°C anneal, the remaining shallow 
donors are emptied, and thus the Fermi level drops 
into the second deeper donor band. 

Results for sample C (LTG Al015Ga085As) and 
sample D (LTG Al03Ga07As) are also given in 
Table 1. The deeper Fermi level pinning for the LTG 
AIGaAs explains the higher resistivity of AIGaAs 
annealed at > 600°C relative to LTG GaAs. It is 
also interesting to note that the Fermi level pinning 
depth in the AIGaAs samples seems to track the 
conduction band offset relative to GaAs. 

4. Conclusions 

We have examined the current transport across 
the interface between LTG GaAs and normal tem- 
perature grown GaAs. For an LTG GaAs/n+ GaAs 
interface, ohmic behavior is observed due to tunnel- 
ing from the defect hopping band of the LTG GaAs 
into the conduction band of the n+ GaAs. The LTG 
GaAs/undoped GaAs interface, on the other hand, 
acts like a Schottky barrier with a barrier height 
equal to the Fermi level pinning depth in the LTG 
GaAs. Therefore, we have determined the Fermi 
level depth in the LTG GaAs by fitting the tempera- 
ture dependence of the current-voltage curves using 
thermionic emission theory, and these results agree 
with the proposed two-donor-level model. 

Table 1 
Barrier heights <PB for samples B C, and D (all numbers are ineV) 

Sample B 
(LTG GaAs) 

Sample C 
(LTG AIGaAs 
JE = 0.15) 

Sample D 
(LTG AIGaAs 
x = 0.3) 

As grown 
400°C/30 s anneal 
500°C/30 s anneal 

0.48 
0.52 
0.60 

0.59 
0.58 
0.71 

0.67 
0.69 
0.77 
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Abstract 

The detail calculations of the electronic and optical properties of the (ZnS)„/(Si2)„, and (ZnSe)„/(Ge2)„, (110) 
superlattices are performed by a semiempirical tight-binding method with a wide range of n, m < 20. Interfacial band 
structures and planar average of charge densities of states are presented for the ZnS-Si and ZnSe-Ge (110) boundaries. An 
empty interface band is identified in the upper region of the gap of the ZnS/Si superlattice, which extends over an extended 
region of k space. No interface state, however, is found in the thermal gap of the ZnSe/Ge system. Furthermore, some 
widely used pseudobinary semiconductor alloys in the interface region are studied to show the important role of interfacial 
chemistry in II-VI compound growth on silicon. Finally, the calculated absorption spectra of the superlattice are found to be 
quite different from those of the corresponding bulks, but fairly close to their average. 

1. Introduction 

There is great interest in the multilayer growth of 
II-VI compounds for optoelectronic device applica- 
tions in the visible-to-ultraviolet range. Recent 
progress in high-vacuum deposition technology has 
allowed the heteroepitaxial growth to integrate the 
superior properties of II-VI wide band-gap com- 
pounds with the mature technology of IV semicon- 
ductors [1,2]. Early theoretical considerations of elec- 
tronic structure at an interface were confined to 
ZnSe-Ge heterojunctions [3], or only to a five-five 
layer superlattice [4]. Until recently there has been a 

E-mail: ewang@uh.edu. 

theoretical attempt to understand the electronic struc- 
ture of ZnS/Si superlattice [5]. Although less stud- 
ied in the past than III—V compound superlattice, 
multilayers formed from II-VI and IV semiconduc- 
tors now belong to a rapidly growing field of solid- 
state research. Therefore, it is of crucial importance 
to fully explore the knowledge of the interfacial 
chemistry, electronic structure, and optical property 
of II-VI/IV superlattices. 

In this paper, a detailed tight-binding study of the 
(ZnS)„/(Si2),„ and (ZnSe)„/(Ge2)„, (n, m < 20) su- 
perlattices is reported. The lattice mismatch in these 
systems is less than 0.4%. Therefore, the ZnS-Si 
and ZnSe-Ge interface is nonpolar when the super- 
lattices are grown along (110) direction. A zero-field 
model [5-8] is well established for the lattice- 
matched II-VI/IV (110) superlattices. 

0169-4332/96/$15.00 Copyright i 
P1I S0169-4332(96)00213-9 
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2. Tight-binding technique 

The tight-binding eigenstates of a superlattice can 
be expanded as a linear combination of atomic Or- 
bitals: 

I*, A>= £<£, ra,k\k,\)\Z,ra,k) 
I.« 

= Lcfa(k,\)\£,ra,k) (2.1) 
I.« 

where A denotes the band index, £ is a quantum 
number that runs over the basis orbitals, s, s*, p^., 
pv, and pz on the different types of sites a in a unit 
cell. The N wavevectors k lie in the first Brillouin 
zone with the origin of the /th unit cell at /?,, and ra 

represents the positions of the atoms in this unit cell. 
The eigenwave function can be obtained by solving 
the Schrödinger equation. 

The absorption coefficient of a superlattice is 
given by [5,9] (apart from a constant factor) 

a(hco) = -£ Ele-PA,v(t, k)\2 8(Ex,(k) 
<°    k    A A' 

-Ex(k)-h(o) (2.2) 

With the eigenstates given in (2.1), one can obtain 
the momentum matrix element as 

= (k,\\p\k',x) 

E     C*a(k, A)CfV(*\ A) 
N £ ,f' ,a ,a' 

xEexp{i[t'-(Ä/- + ra,)-*-(*, + ra)]} 

X<^,ra,Ä>|^',V,Ä/,> (2.3) 

where ( £, ra, Ri\p\ £,', ra + ra, R,) are determined 
by comparing the theoretical computed values of 
bulks with their experimental results. Considering 
the strongly localized atomic orbitals in the tight-bi- 
nding model, the momentum matrix elements be- 
tween atoms beyond the nearest neighbors are ne- 
glected [9]. 

The intramaterial elements in the tight-binding 
Hamiltonian can be uniquely formed by using the 
corresponding bulk parameters. While for the inter- 
material elements at ideal interface, a simple average 
of the bulk parameters have been used. These bulk 

parameters are determined by fitting the first-princi- 
ples calculations and experimental results. Yam- 
aguchi's formulae [7] has been adopted to yield a 
self-consistent result at X-point energies. These pa- 
rameters are tested against some well established 
bulk results [5]. 

3. Results and discussion 

3.1. Localized state at ideal interface 

The planar average of the charge densities of the 
X and r band-edge states are shown in Fig. 1 and 
Fig. 2 for (ZnS)16/(Si2)16 and (ZnSe)16/(Ge2)16 

(110) superlattices with ideal interface, respectively. 
At first we assume their valence-band offset A Ev to 
be 1.90 eV (ZnS/Si) and 1.46 eV (ZnSe/Ge) given 
by Harrison theory [10]. A clearly localized state is 
found at the interface of the ZnS/Si system, where 
the Zn-Si and S-Si bonds are equally appeared. The 
interface state extends over an extended region of k 
space. Its relative position is changed by varying 
A Ev, but it does not disappear from the gap for all 
possible valence-band offsets. 
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0.0 

. xc 
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- Zn+S   I \/SlA   A       / " 

1 'VI   1   I..T.-L 
 /JA..,,,.V.M." 

Fig. 1. Calculated planar average of the charge densities of the 
interface (dashed lines) and the confined band-edge (solid lines) 
states at T and X points for (ZnS)]6/(Si2),6 (110) superlattice 
with ideal interface. 
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For ZnSe/Ge superlattice, however, we do not 
find any interface state in the thermal gap (Fig. 2). 
The Zn-Ge interface state is pushed into the va- 
lence-band region, in agreement with the experimen- 
tal consensus [11] and the self-consistent pseudopo- 
tential results [4]. 

In addition, from Fig. 1 and Fig. 2, one can see 
that all the band-edge states are confined in the two 
dimensional silicon and germanium 'wells', respec- 
tively. Therefore, it is reasonable to believe that 
these states originate from those of IV semiconduc- 
tors by the zone folding effects. 

3.2. Interfacial chemical interaction 

In order to check the influence of interfacial 
chemistry, two pseudobinary semiconductor alloy 
[12] ZnSijSj.j/Si^jS, (A) and 
Zn, Si S/Zn Si^ (B) are used in the interface 
region to allow a continuous range of materials 
parameters, tunable by changing the composition x 
and y. The difference between the two distinct inter- 
faces is: the A form in which the S-Si atoms are 
mixed within bilayers perpendicular to the growth 

0.5 

0.4 

0.3 

0.2 

0.1 

Mill" I 'I  1   1  1 

. Xc 

TTITTTITI  1  1  1  1  1  i  1   1  1  1  1  1   1 

- Ge    /           \ 

 '--ii t i i i i 11 

0.1 

0.0 

r" 

1-  (ZnSe)i6 "1   (Ge)« - u 
Fig. 2. Calculated planar average of the charge densities of the 
confined band-edge states at F and X points for (ZnSe)16 /(Ge2)l6 

(110) superlattice with ideal interface. No interface states are 
found in the thermal gap of this system. 

.y 
Fig. 3. Difference of the interface states and the confined conduc- 
tion band-edge states versus the composition x and y of the 
pseudobinary semiconductor alloy ZnSivS| _X/Si( -^S^. (a) and 
Zn,_vSivS/Zn Si^y (b) at some high symmetry points, where 
r = fc-r' andX = Xc-X]. 

direction, and the B form in which the Zn-Si atoms 
are mixed within bilayers. A series of tight-binding 
parameters in the interface region can be written as 

^AC.B,.,) = (1 -x)E(AB) +xE(C), (3.1) 

E(Cl_xBx)=xE(AB) + (1 -x)E(C), (3.2) 

E(A1_yCyB) = (l-y)E(AB)+yE(C), (3.3) 

and 

E(AyCl_y)=yE(AB)+(l-y)E(C). (3.4) 
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Fig. 3(a) and (b) show the difference between the 
interface state and the confined conduction band-edge 
state at some high symmetry points by continuously 
changing the composition x and y, where T = Tc - 
T1 and X = Xc - X1. For the limiting cases of x = y 
= 1, the interface states at T move away from the 
conduction band-edge and become occupy-like. It is 
found that the interface states are mainly localized at 
T point when y is in the range of 0.4-0.7 for 
Zrij.ySi^S/Zn^Si^j, alloy. While the behavior of 
the interface states in the above alloys with x and 
y > 0.7 appear to have no major difference. 

1.0 I 1—i—i—r- 
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2.0 

> o> 

> 1.8 
o 
a w 1 6 z. w 
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\\E. 
- 
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2  4  6  8 1012141618 20 
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Fig. 4. Band gap Eg of (ZnS)„ /(Si2)„, (a) and (ZnSe),, /(Ge2),„ 
(b) (110) superlattices as a function of the number of layers 
n = m. The relative positions of the interface band El and X point 
are also drawn in (a). The zero of energy is the valence band 
maximum of the superlattices. 
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Fig. 5. Total joint densities of states (JDOS) corresponding to the 
overall optical transitions in II-VI/IV (110) superlattices. 

3.3. Band structure 

The fundamental band gaps of the (ZnS)„/(Si2),„ 
and (ZnSe)„/(Ge2)m (110) superlattices with ideal 
interface are given as a function of n = m in Fig. 
4(a) and (b), respectively. We also plot the interface 
band El, dashed line in Fig. 4(a), for ZnS/Si sys- 
tem. Our calculation shows that the lowest transition 
is the indirect T-to-X' for ZnS/Si superlattices, 
where X' is near to X point. For ZnSe/Ge system, it 
is the T-to-M (n = m < 8) and T-to-X' (n = m > 8). 
The quantum confinement is most dramatic, as the 
gap rises sharply by decreasing superlattice period. 

3.4. Optical absorption 

In the present calculations, 28 special points in 
the 1/8 irreducible two-dimensional Brillouin zone 
(kx, ky) and two special points in the 1/2 one-di- 
mensional Brillouin zone (kz) are accepted. The 
calculated joint densities of states (JDOS) corre- 
sponding to the optical transitions [13,14] are given 
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in Fig.  5 for II-VI/IV (110) superlattices  with 
n = m = 10. 

Three main peaks are identified for these struc- 
tures. The one located at lower energy range origi- 
nates from the IV-group semiconductor and the oth- 
ers from II-VI compound by comparison with the 
absorption spectra of bulks. For example of the 
ZnSe/Ge superlattice, these peaks are around 3.2 
eV, 6.5 eV, and 8.4 eV, respectively. It is noted that 
the first originates from Ge (3.9 eV [15]), the second 
from ZnSe (6.6 eV [16]), and the third from ZnSe 
(8.3 eV [16]). In addition, we find that these peak 
positions in the superlattice are modified more from 
their bulks with the change of Ge than with that of 
ZnSe. 

should establish the understanding of the fundamen- 
tal electronic and optical properties of the superlat- 
tices fabricated from II-VI and IV semiconductor. 
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4. Conclusion 

A detailed investigation of the interfacial chem- 
istry, electronic structure, and optical transition in 
(II-VI)„/(IV2)m (110) superlattices has been per- 
formed for a wide range of n, m< 20 by using a 
semiempirical tight-binding method. An empty inter- 
face band is identified in the upper region of the gap 
in ZnS/Si system, which extends over a quite differ- 
ent region of k space. For the ZnSe/Ge system, no 
interface band is found in the thermal gap, while the 
Zn-Ge localized state is pushed into the valence-band 
region. The influence of interfacial chemical interac- 
tion on the localized state has been studied for 
pseudobinary semiconductor alloys in the boundary 
region. It is found that the interfacial chemistry has a 
dominant role in II-VI compound growth on Si 
substrate. Three main peaks are identified in the 
absorption spectra of these superlattices. The one 
located at lower energy range originates from the 
IV-group semiconductor, and the others from II-VI 
compounds. These results presented in this work 
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Abstract 

Thin sheets of dopant atoms ( S-layers) have been shown to give unprecedented microscopic control over interfaces 
between semiconductors, though there exists very little understanding of the fundamental changes in the electronic structure 
in the vicinity of the S-doped layer. Recent work in electron spectroscopy has shown that the combination of environmen- 
tally determined photoelectron and Auger electron shifts within the Auger parameter can provide insight into the differences 
in local electron screening and charge transfer. In this work, we apply the technique to the study of Sb S-layers in epitaxially 
grown Si(001) and have been able to determine for the first time using spectroscopic techniques the existence of two 
different environments for Sb in Si, and that only 17% of the donor atoms are electrically active. 

1. Introduction 

One of the current major themes of semiconductor 
research is the creation of high doping levels with 
sharp spatial profiles for use in high-speed devices 
such as heterojunction bipolar transistors (HBTs). 
The problems in fabrication are particularly hard to 
overcome for n-type dopants in silicon, where strong 
surface segregation and a low incorporation probabil- 
ity [1] during growth severely limits the doping 
profile attainable. Antimony is one of the n-type 
dopants which has been widely used in high concen- 
tration and S-doping studies [2-5], which although it 
segregates strongly and is therefore hard to control, 
does have the practical advantage of being easy to 
evaporate from a Knudsen cell. 

Corresponding author. 

A number of different approaches have been made 
to the problem of creating highly concentrated 8- 
layers of Sb in Si with perhaps the best understood 
so far being that of solid phase epitaxy (SPE) [4,6]. 
In this technique, a near to complete monolayer of 
Sb is deposited onto an epitaxially prepared Si sub- 
strate surface followed by a layer of Si at low 
temperature. The Si is amorphous at the temperatures 
used, though the overlayer can be recrystallized by 
annealing, with only very limited diffusion of the Sb 
away from the original position of the layer. The 
main advantage this particular preparation method 
offers is that it yields complete incorporation of the 
Sb in the Si, though this does not extend to the 
electrical activity of the dopant atoms. In order to be 
electrically active, the Sb dopant atoms require either 
a pre- or post-growth annealing stage [7,8]. Complete 
incorporation is an important factor in our experi- 
ments which are surface sensitive, and so might be 

L 
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confused by the existence of both surface and buried 
environments of Sb. For this reason we have concen- 
trated our studies on SPE grown samples, and have 
investigated the local chemical and electronic envi- 
ronment of the Sb dopant atoms. 

The analysis of Auger parameter shifts has been 
used with considerable success to describe ground 
state charge transfer and core-hole screening effects 
in both bulk and surface environments of semicon- 
ductors [9-11]. In particular, the As/Si(001) and 
As/Si(l 11) systems have been studied in detail, 
with clear differences apparent in the measured Auger 
parameter between the two interface environments 
[11]. We now extend and apply these techniques to 
the study of Sb S-layers in Si(OOl) with a view to 
understanding dopant ionization and local dielectric 
properties. 

2. Experimental 

Sb-doped S-layers were grown on (001) oriented 
4-in. diameter Si substrates of p-type 1000 O, cm 
float-zone material. Following the thermal desorption 
of the native oxide, a buffer layer of Si was grown 
epitaxially at a temperature of 685°C to a thickness 
of 1500 A. Details of the molecular beam epitaxy 
(MBE) apparatus and technique have been published 
elsewhere [12]. A layer of Sb was then deposited 
from a Knudsen cell onto this prepared surface to a 
concentration of 3.5 X 1014 cm-2 as measured sub- 
sequently using Rutherford backscattering spectrom- 
etry (RBS). After cooling to room temperature, 
amorphous Si layers of 25 A and 45 A thickness 
were deposited over the Sb. The top layers were then 
recrystallized by ramping the temperature up to 560°C 
and cooling back to room temperature. No extra 
annealing time was needed due to the very small 
thickness of the Si overlayer, which were chosen to 
permit electron spectroscopic techniques to be used 
to detect the Sb 5-layer. 

The samples were transferred to an electron spec- 
trometer [13], where the spectra from core-electron 
features (Sb 3d, 4d) were measured. These could be 
excited by Al K a radiation, which was monochro- 
mated to give a total instrumental resolution of 0.4 
eV. Spectra were obtained at both normal emission, 
and at an angle of 50° between the sample normal 

and the electron emission in order to investigate the 
surface species and depth distribution of the Sb. 

The samples were also investigated using higher 
energy synchrotron radiation (hv = 4500 eV) to ex- 
cite the Sb L23M45M45 transitions. This was per- 
formed on beamline IRC-4.2 at Daresbury labora- 
tory, UK. The photoelectrons were collected with a 
similar hemispherical analyser to the 'in-house' 
spectrometer, though in this case the sensitivity was 
enhanced by operating at a reduced resolution, corre- 
sponding to a Gaussian broadening of 0.6 eV. 

3. Results 

The Sb 3d3/2 and 4d core-levels obtained from 
the sample grown with a 25 A Si top-layer are 
shown by the dots in Fig. 1 and Fig. 2 are representa- 
tive of both of the specimens, though as expected the 
Sb features showed a reduction in absolute intensity 
when measured for the specimen with the 45 A 
top-layer. The spectra shown in Fig. 1 and Fig. 2 
were collected at normal emission, and are shown 
together with 'best fits' to the data obtained using a 
curve-fitting analysis program. The parameters used 
to fit the data are shown in Table 1. 

The Sb 3d3/2 peak is shown here rather the more 
intense 3d5/2 due to the proximity of the latter to the 
O Is core-level photoemission line, which occurs in 
the spectral region between the two Sb spin-orbit 
split components. Fortunately, the Sb 3d spin-orbit 

942.0     943.0     944.0     945.0     946.0     947.0 

Kinetic Energy / eV 

Fig. 1. A normal emission XPS spectrum of the Sb 3d3,2 core-level 
from a S-layer, buried by 25 A in Si(001). The spectrum is shown 
fitted with two components separated by 0.85 eV in energy (S, 
and S2) which are believed to be substitutional and precipitate 
respectively. 
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1444.0   1446.0   1448.0   1450.0   1452.0   1454.0 

Kinetic Energy / eV 

Fig. 2. An XPS spectrum of the Sb 4d core-level under the same 
conditions as in Fig. 1. 

split components are separated in energy by approxi- 
mately 9 eV, so the 3d3/2 is not affected signifi- 
cantly by the O Is emission. The fact that the Sb 4d 
spectrum does not have the form of a single spin- 
orbit doublet makes it immediately clear that Sb is 
present in more than one environment. An analysis 
of the peak shapes using a curve-fitting routine 
established that both 3d and 4d core-levels consist of 
two components; one large peak (labelled 8t), and a 
smaller one (<52) 0.85 eV to higher binding energy. 
The spectral profiles of both Sb core-levels can be 
attributed to an envelope of two identically shaped 
contributions, 0.85 eV apart and with a relative 
intensity ratio of 1.9:1 (S1 : S2). We can eliminate 
the possibility that one of the Sb components arises 
from surface oxided Sb since the angle-dependent 
studies showed no change in the relative intensity of 
the two components with take-off angle. 

The results showed that the specimens had a thin 
silicon dioxide layer at the surface and no surface Sb 
as confirmed by the lack of change in the core-level 
line-shape and no increase relative to the bulk Si 
signal with electron take-off angle. It was found that 
the Sb core-levels did not alter in lineshape with 
emission angle, and did not increase in intensity 
relative to the bulk Si 2p emission at grazing emis- 
sion angles as found for the O Is and the Si 2p 
associated with SiOz. This confirms the view that all 
the Sb remains buried in the Si top-layer, and did not 
diffuse to the surface during growth, where it would 
have oxidized on removal of the specimen from the 
UHV growth apparatus. Furthermore, the absence of 
any dependence of both the Sb 4d and 3d3/2 core- 
level lineshapes on emission angle indicates that the 

environments giving rise to the 5, and 82 compo- 
nents have the same depth distribution. 

In seeking an explanation for the presence of two 
Sb sites we note that the extremely high concentra- 
tion of Sb at the 5-layer is well above the maximum 
doping level achieved in this material system [4], and 
that precipitation of Sb might be expected [6]. We 
therefore attribute the two environments that we 
observe to arise from substitutional Sb in the host 
lattice and from small Sb clusters, with in each case 
a contribution to the lineshape from inhomogeneous 
broadening arising from a statistical spread of sites. 
It is difficult to associate the 5; and S2 features with 
each form of Sb since a comparison with the abso- 
lute binding energies of the bulk material are not 
necessarily valid in an electronic structure distorted 
by very localized and high doping levels. The results 
of RBS measurements on these and similar samples 
show that between 50% and 80% of the Sb can be 
expected to be on substitutional sites, and on this 
basis we attribute the most intense component in the 
photoemission data (8^ to be due to substitutionally 
located Sb. It then follows that the smaller compo- 
nent (S2) is due to 'bulk-like' Sb clusters. This is of 
course a simplified view of the real Sb environments 
which may exist under these conditions as may be 
seen from the width of the Gaussian broadening 
contribution needed to fit the Sb core-levels (Table 
1). This was between 0.9 and 1.0 eV for each site, 
and since the resolution of the spectrometer used to 
collect these data was measured using a clean Ag 
Fermi-edge to be 0.40 eV it is clear that there is a 
substantial inhomogeneous broadening contribution 
to the measured peak widths. We attribute this addi- 
tional broadening to a spread of environments asso- 
ciated with the main 'substitutional' and 'precipitate' 
sites. 

Table 1 
Curve fitting parameters 

Sb3d Sb4d 

Lorentzian width 0.16 eV 0.18 eV 
Gaussian width 0.90 eV 0.99 eV 
Spin-orbit splitting 9eV 1.25 eV 
Relative intensity of spin- -orbit components 0.66 0.66 
Binding energy difference (S2 - -8.) 0.85 eV 0.87 eV 
Intensity ratio (5{ /52) 1.9 1.9 
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c 

Sb L3Mt5M4/5 

3015.0 3020.0 3025.0 
Kinetic Energy / eV 

3030.0 

Fig. 3. The Sb L3M45M45 Auger transition obtained using 
synchrotron radiation with an energy 4500 eV from the same 
buried S-layer of Sb as in Fig. 1 and Fig. 2. A fit to the 
L3M45M45:IG2234 showing the maximum acceptable shift be- 
tween two components consisting of Lorentzian peaks (FWHM = 
2.8 eV) broadened with a 0.6 eV Gaussian instrumental contribu- 
tion is also shown overlayed. The components are offset for 
clarity. 

The Sb LMM (~ 3000 eV) group of Auger fea- 
tures were measured making use of synchrotron radi- 
ation, though the MNN is the preferred group due to 
its intrinsically narrower width, and greater sensitiv- 
ity of the electron analyser used at these energies. 
From these samples, however, it proved to be diffi- 
cult to measure the MNN group due to the close 
proximity in energy of the oxygen KLL Auger emis- 
sion. 

The higher energy Sb L3M45M45 Auger transi- 
tion at approximately 3023 eV is shown in Fig. 3. 
This feature is naturally rather broad (~ 3 eV) though 
has the advantage of not being complicated by any 
nearby peaks in emission from Si or its oxide. The 
full width half maximum (FWHM) of this peak is 
2.8 eV, which is very close to that predicted, though 
less than previously measured for the bulk material 
[14]. Considering our use of a higher resolution 
setting for the electron analyser (~ 0.6 eV compared 
with ~ 1.5 eV [14]) this is not too surprising. The 
natural linewidth is the dominant factor in the mea- 
surement here, though from the narrowness of the 
peak it is clear that no large energy shift occurs 
between the components of the two known environ- 
ments. The result of only a small shift between 
environments being possible is of great significance 
since one would expect ionized Sb and bulk elemen- 
tal Sb to exhibit a large difference in the initial state 
Auger parameter, yet these data show otherwise. 

This may be demonstrated by fitting the Auger peak- 
shape with two Lorentzian peaks of 2.8 eV FWHM 
and with a 2:1 intensity ratio, which are broadened 
with a Gaussian of 0.6 eV to account for the resolu- 
tion of the electron analyser. The data is easily fitted 
with a kinetic energy shift of zero, and regardless of 
relative energy, a shift greater than 0.4 eV gives an 
unacceptable representation of the data. A fit in the 
extreme case of a 0.4 eV energy difference is shown 
in Fig. 3 as a dashed line, together with the two 
components. 

Significant advances have been made recently in 
the analysis of local electronic structure by combin- 
ing environmentally determined XPS and Auger 
shifts in terms of Auger parameters [9-11,15]. This 
progress has been dependent on the development of 
a model relating the potential in an atomic core to 
the valence charge. Early versions of the potential 
model adopted a linear relationship between the core 
potential V and the valence charge q, 

V=Vcon + kq+U, 

where Vcorc is the contribution from the core elec- 
trons and the nucleus, U represents the contribution 
from the polarization of the extra-atomic environ- 
ment and k is the linear parameter. This model, 
however, is unable to account for differences in the 
Auger parameter of a number of free atoms and 
elemental metals, and it is necessary to allow for two 
higher order terms in k which is written 

k(Nn], q) =a + bNn] + dq, 

where b represents the contraction of the valence 
charge when a core electron is removed (N = 1) and 
d represents the expansion (contraction) of the va- 
lence charge as valence electrons are added (sub- 
tracted) from the atom. It is found that when a, b 
and d are evaluated from the results of atomic 
structure calculations, it is possible to account for the 
Auger parameter differences between free atoms and 
elemental metals and the results are consistent with 
the expected valence charges in the elemental metals. 
The potential parameters a, b and d were evaluated 
using the Dirac-Fock atomic structure code of De- 
sclaux [16] and were found to have values of 15.20, 
1.75 and 1.55 respectively for Sb which therefore 
gives a value of k(Nn], q) for Sb in the ground state 
of 7.45. 
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With an effective model for the core-potential in 
the atom, it is now possible to relate changes in that 
potential AV to the ground state charge transfer Aq, 
It is important to realise, however, that any changes 
in the measured kinetic or binding energies of Auger 
and core-level features (A£k and A£b) are deter- 
mined by both AV and the relaxation energy AR. 
We must therefore consider both the initial-state and 
final-state Auger parameters A ß and A a which are 
defined by 

A/3 = 3A£b + A£k~2AV 

Table 2 
Cases A, B and C 

and 

Aa = A£b + A£k' 2AR. 

As indicated in the above expressions, the differ- 
ences in the initial and final state Auger parameters 
approximate to the differences in the initial state 
potential and final screening between the two envi- 
ronments. The initial state Auger parameter A/3 is 
the measure of changes in the charge within the 
valence shell and by using the potential model, it is 
given approximately by [17] 

Aß~2Aqk. 

This is possible because both sites are in the same 
specimen, so there is no difference in the surface 
dipole and workfunction which would affect the 
environmental contribution to the core potential. The 
local site neutrality in the precipitate means that the 
environmental contribution can be set to zero for this 
site. For the substitutional Sb, a Madelung-like con- 
tribution arising from charge transfer between the Sb 
and Si neighbours might be expected, though this 
will depend largely on the difference in the elec- 
tronegativities of Si and Sb. These are very close, 
however, and no significant ionicity is known to 
occur in an Sb-Si bond. The measurement of core- 
level and Auger transition electron spectra can there- 
fore give us directly the change in the valence charge 
on an atom. 

In the core-level data discussed earlier, the differ- 
ence in binding energy between precipitated Sb (Sb°) 
and substitutional Sb (Sb+) was seen to be 0.85 eV. 
The corresponding maximum kinetic energy differ- 
ence between Auger features was estimated at 0.4 
eV. It is not possible to distinguish the two compo- 

Aa(Sl82) A/3(6,52) A? 

Case A 1.65 3.35 0.18 
Case B 0.05 1.75 0.14 
CaseC 0.85 2.55 0.17 

nents in the Auger spectra, and so it is not possible 
to unequivocally determine the appropriate Auger 
parameters. We have therefore considered both alter- 
natives by using the largest possible difference in 
Auger features in order to place maximum limits on 
our estimations. These are shown as case A and case 
B in Table 2. 

Using these Auger parameters to calculate the 
initial state charge transfer Ag we find it to be 
between 0.14 and 0.18 electrons per substitutional Sb 
atom. The extremes of this range are worst cases, 
with the zero shift possibility (the middle of the 
acceptable fit range) considered as case C in Table 2, 
which leads to the estimate of Aq as 0.17 i.e. 17% 
of the substitutional Sb donors are donating an elec- 
tron to a delocalized state. This is very close to the 
estimates of ~ 20% made following electrical mea- 
surements on similar structures [4]. 

4. Conclusions 

The initial and final state Auger parameters have 
been measured for Sb in Si(001), where the Sb is in 
a highly concentrated S-layer close to the sample 
surface. These have been used to estimate the charge 
transfer from the Sb dopant atoms into the Si con- 
duction band and therefore the dopant activation 
level. We have found that approximately 1/3 of the 
Sb present is in the form of precipitates, in close 
agreement with RBS measurements from the same 
structures. The remaining 2/3 of the Sb is located 
on substitutional sites in the Si host lattice, and we 
estimate that between 14 and 18% of the Sb is 
electrically active. This is in excellent agreement 
with electrical measurements from similar Sb S-layer 
structures in Si. We believe these to be the first 
direct spectroscopic measurements of dopant concen- 
tration and activation level in a semiconductor. 
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Abstract 

The surface modifications caused by misfit dislocation formation in strained-layer heteroepitaxy of 2.1% lattice-mis- 
matched EuTe on PbTe (111) are studied using ultra-high vacuum scanning tunnelling microscopy (STM). It is shown that at 
the critical layer thickness straight monolayer step lines appear on the surface due to the glide of threading dislocations 
grown-in from the PbTe buffer layer, in agreement with the classical Matthews-Blakeslee mechanism for strain relaxation. 
Due to the local lattice distortions around the misfit dislocation segments at the layer/substrate interface, local wave-like 
deformations with an amplitude equal to the normal component of the Burgers vector are induced on the surface above the 
misfit dislocations. However, the exact form of the surface deformation depends on the orientation of the Burgers vector. 
Since the local surface deformations are a direct signature of the dislocations at the interface, the formation of a network of 
misfit dislocation becomes directly visible even by STM. 

1. Introduction 

Progress in strained-layer heteroepitaxial growth 
techniques has opened many possibilities for the 
fabrication of novel modulated semiconductor het- 
erostructures (see e.g. Ref. [1]). Because of the large 
number of possible combinations of different materi- 
als in strained-layer heteroepitaxy, device character- 
istics unattainable with lattice-matched systems can 
be achieved. However, the actual performance of a 
strained-layer heterostructure device is not only af- 
fected by misfit dislocations formed during the strain 
relaxation process, but also by the roughness of the 

* Corresponding author. Tel.: +43-732-2468 9602; fax: 
732-2468650; e-mail: g.springholz.@hlphys.uni-linz.ac.at. 
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heterointerfaces. In heteroepitaxy, the latter strongly 
depends on the evolution of the surface morphology 
during growth, which itself is strongly influenced by 
the strains in the layers. For perfect 2D layer-by-layer 
growth, usually, the coherency strain due to the 
layer/substrate lattice-mismatch is fully accommo- 
dated by a biaxial elastic lattice deformation until a 
critical layer thickness is reached beyond which a 
network of misfit dislocations is formed in order to 
reduce the strain energy in the layer. However, for a 
lattice-mismatched wetting overlayer, the form of a 
completely uniform overlayer is often not the lowest 
free energy configuration in thermodynamic equilib- 
rium [2-5], since the formation of a pronounced 
surface corrugation (strain induced coherent island- 
ing) offers an additional very effective channel for 
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strain relaxation based on purely elastic effects, and 
a growth mode transition from 2D to 3D growth 
occurs (Stranski-Krastanov growth mode). 

In this paper, the surface modifications caused by 
the formation of misfit dislocation are studied by 
UHV scanning tunnelling microscopy (STM) for 
molecular beam epitaxy of EuTe on PbTe (111). 
Both materials crystallize in the rock salt structure 
and their lattice-mismatch is 2.1%. Besides the large 
difference in the energy band gaps of PbTe and 
EuTe, resulting in a tunability of the band gap from 
190 meV to 2 eV, the combination of the antiferro- 
magnet EuTe with the non-magnetic PbTe is interest- 
ing for the study of magnetic interactions and inter- 
layer-coupling in low dimensional short period 
(EuTe)„/(PbTe),„ superlattices [6]. Due to the 2.1% 
lattice-mismatch, EuTe usually grows in a Stranski- 
Krastanov growth mode, with a transition from 2D 
layer-by-layer growth to 3D island growth after the 
first 2-4 monolayers (ML) [7]. When the substrate 
temperature is reduced, however, this strain-induced 
coherent islanding can be kinetically suppressed and 
strain relaxation occurs only via misfit dislocation 
formation. We find that the formation of misfit 
dislocation segments by the usual Matthews- 
Blakeslee mechanism [8] produces glide line steps on 
the epitaxial surface which are easily detected by 
STM. In addition, the local lattice distortions around 
the misfit dislocations induce a pronounced local 
surface deformation. The shape of the resulting sur- 
face profile depends mainly on the orientation of the 
Burgers vector and the layer thickness. The local 
changes in the surface profile can be utilized to 
enhance the contrast between dislocated and disloca- 
tion free surface areas and thus, the formed compli- 
cated dislocation networks can be made directly 
visible by STM, similar as in a bright field electron 
microscopy imaging. 

2. Experimental 

The growth experiments were carried out in a 
Riber MBE system with separate effusion cells for 

PbTe, Eu and Te, as described in detail in Ref. [7]. 
First, several /xm thick PbTe buffer layers were 
deposited on freshly cleaved BaF2 (111) substrates 
(lattice-mismatch of 4.2%). Because of the complete 
strain relaxation and their high structural perfection 
[9], these buffer layers serve as 'virtual' substrates 
for the subsequent overlayer deposition. EuTe growth 
is controlled by the Eu flux impinging on the surface 
and excess Te2 flux is supplied due to its high 
re-evaporation rate. For the study of the surface 
structure, EuTe growth was stopped after well de- 
fined growth sequences, and after rapid cooling to 
room temperature, the samples were transferred to an 
attached UHV-chamber equipped with a BEETLE 
STM. Large-scale STM images were mounted to- 
gether from several 0.5 X 0.5 /un2 STM images 
recorded in a reproducible step and scan mode. 

3. The surface evolution of EuTe on PbTe (111) 

In the following the surface evolution of EuTe on 
PbTe (111) is studied for 2D layer-by-layer growth 
conditions [7], i.e., for a substrate temperature of 
270°C and Eu and Te2 fluxes of 0.4 and 1.2 ML/s, 
respectively. For the EuTe (111) surface, one ML 
corresponds to a layer thickness of 3.8 A or to a flux 
of 5.54 X 1014 atoms/cm2. For the given growth 
conditions, up to a layer thickness of 42 ML pro- 
nounced RHEED intensity oscillations are observed 
after which an abrupt damping of the RHEED oscil- 
lations sets in, indicating an abrupt surface roughen- 
ing transition [10]. In order to clarify the origin of 
this roughening transition, the growth was inter- 
rupted at various EuTe coverages up to 70 ML, and 
after rapid cooling, the samples were transferred to 
the STM chamber for imaging of the surface struc- 
ture. 

As described in Ref. [10], the surfaces of the 
initial PbTe buffer layers are extremely smooth. The 
main surface features are large growth spirals formed 
around the core of threading dislocations that origi- 
nate from the growth of PbTe on the 4.2% lattice- 
mismatched BaF2 substrates. The density of the ob- 

Fig. 1. STM surface images EuTe epitaxial layers grown on PbTe (111) with layer thicknesses of (a) 25 and (b) 30 ML. As indicated by the 
arrows, additional step lines appear on the surface due to glide of grown-in threading dislocations. The grey scale in the images corresponds 
to the local derivative of the height in the horizontal direction. 
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served threading dislocations is of the order of 107 

cirT2, in good agreement with transmission electron 
microscopy studies [11]. The smooth spiral step edges 
are exactly one monolayer in height (3.73 A) and the 
totally flat terraces between the steps have widths of 
the order of 1000-2000 A. Since no 2D islands are 
nucleated on top of the flat terraces PbTe growth 
mainly proceeds in a step flow growth mode. 

Representative STM images of EuTe layers grown 
on these PbTe buffer surfaces are shown in Fig. 1. 
Due to the layer-by-layer growth mode, initially, the 
basic spiralled surface structure of the PbTe buffer 
layer is replicated on the EuTe surface (Fig. la). 
However, due the much shorter adatom surface dif- 
fusion lengths in EuTe MBE growth on a local 
length scale, the surface is much more corrugated, 
i.e., small monolayer islands are nucleated on the 
terraces of the growth spirals and the spiral step 
edges become extremely ragged. Starting at a EuTe 
layer thickness of about 17 ML, however, com- 
pletely new surface features are observed on the 
epitaxial surface. As indicated by arrows in Fig. la, 
these surface features are totally straight monolayer 
step lines of tens of ju,m in length, which are ori- 
ented parallel to certain crystallographical directions. 
These monolayer surface step lines cut right through 
all other surface features such as 2D islands and 
spiral step edges, and are formed very rapidly com- 
pared to the usual step propagation rate due to 
adatom incorporation from the incoming flux. As 
growth is continued, at first the number of surface 
step lines increases only very gradually with EuTe 
coverage, but beyond 40 ML increases very rapidly 
by one order of magnitude [12]. 

In large scale STM images, the end points of the 
newly formed surface step lines can be identified as 
the penetration points of the threading dislocations 
which apparently have moved by several microme- 
ters parallel to the surface. Such a dislocation glide 
process is exactly what is expected for the classical 
Matthews-Blakeslee mechanism for strain relaxation 
[8]. In this model, the coherency stress results in a 
force acting on the threading dislocations grown-in 
from the substrate. This force increases linearly with 
layer thickness and it is opposed by the dislocation 
line tension. At the critical layer thickness, the co- 
herency force exceeds the dislocation line tension, 
and thus, the threading dislocations start to move 

parallel to the surface and bend over to form strain- 
relaxing misfit dislocation segments at the 
layer/substrate interface. However, due to the nor- 
mal component of the Burgers vector, not only a 
misfit dislocation segment is produced, but also a 
monolayer surface step line at the point where the 
glide plane intersects with the epitaxial surface. This 
is exactly what is observed by STM. 

Initially, the observed surface step lines only in- 
clude angles of 60° with respect to each other (see 
Fig. la). This is consistent with the primary 
(100)[011] glide system typical for the lead salt 
compounds, where misfit dislocation segments paral- 
lel to the sixfold <Tl0> directions are formed upon 
lateral movement of threading dislocations. Since for 
this dislocation configuration the 1/2[011] type 
Burgers vectors b are normal to the dislocation line 
direction, these misfit dislocation segments are of 
pure edge character and thus effectively relieve in- 
plane strain. However, as the layer thickness in- 
creases dislocations also along other crystallographi- 
cal directions are observed, resulting in angles of 
30°, 90°, and of 20°, 40° and 80° between surface 
step lines (see arrows in Fig. lb)). Thus, at larger 
layer thicknesses secondary glide systems are acti- 
vated in the strain relaxation process. From the 
observed additional <211> and <321> misfit disloca- 
tion line directions, dislocation glide must also take 
place in the (211)[011] and (311)[011] glide systems. 
For these glide systems, the dislocation self energy is 
almost the same as for the (100)[011] glide system, 
but the relieved strain per misfit dislocation is some- 
what smaller due to the partial screw character of the 
dislocations. Therefore, the corresponding 
Matthews-Blakeslee critical layer thickness is some- 
what larger, i.e., is 14T, 17.0 and 20.3 ML_for the 
for the (100)[011], (311)[011] and the (211)[011] 
glide systems, respectively. 

The appearance of these secondary glide systems 
is based on the fact that up to EuTe layer thicknesses 
of about 40 ML, the epitaxial layers are found to be 
highly metastable since only a very small fraction of 
the total misfit strain is relieved [12]. E.g., the misfit 
dislocation line density observed at 25 ML EuTe 
(Fig. la) corresponds to a relaxed strain of only 
1.5 X 10"4. Since this is less than 1% of the total of 
the misfit strain of 2.1%, up to a thickness of 35 ML, 
the EuTe layers can still be considered as being 
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Fig. 2. STM height image (0.5 X 0.5 /un2) of a 25 ML EuTe layer on PbTe (111) including a single dislocation glide step. The surface 
profiles along the lines marked (a) and (b) are shown schematically on the right hand side of the figure. 

essentially fully strained with respect to the PbTe 
buffer. Thus, when the critical layer thickness for a 
secondary glide system is exceeded, dislocation glide 
in this system becomes possible. 

4. Local surface distortions induced by misfit 
dislocations 

Up to now, we have only treated the glide steps 
created by the misfit dislocation formation process. 
However, the local lattice distortions around the 
misfit dislocations at the interface also cause a sig- 
nificant local deformation of the epitaxial surface 
[13,14]. This is shown in the STM surface image of a 
25 ML EuTe layer in the vicinity of a single misfit 

dislocation (Fig. 2). As indicated on the right hand 
side of Fig. 2, each step observed on the surface 
corresponds to a height change of exactly one mono- 
layer (profile along line a), which is reflected by an 
abrupt change of the grey level in the STM image. In 
contrast, across a dislocation glide step (profile along 
b), there is an additional wave-like surface distortion 
which compensates the glide step of the dislocation, 
i.e., at distances more than 200 A away from the 
glide step, the surface height is the same on both 
sides of the dislocation in spite of the monolayer 
glide step in between. 

As is illustrated in Fig. 3, the type of surface 
distortion strongly depends on the orientation of the 
Burgers vector. For an arbitrary dislocation lying at a 
fixed distance below the surface, the Burgers vector 

a) b) 

■^r n 
Fig. 3. Schematic illustration of the surface distortions induced by misfit dislocations at the layer/substrate interface for different 
orientations of the Burgers vector b: (a) b normal to the interface, which causes a wave-like surface deformation, (b) b parallel to the 
interface, resulting in a Lorentzian shape surface deformation, (c) usual misfit dislocation with b inclined to the interface. The 
corresponding asymmetric surface deformation is a result of the superposition of surface deformations of type (a) and (b). 
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b can be split into three parts: (1) a component b x 

normal to the interface, (2) an edge component 
fen edoe parallel to the interface, and (3) a screw 
component b^ screw, also parallel to the interface 
plane. As shown in Fig. 3a, the b ± component 
corresponds to an additional lattice plane removed or 
inserted parallel to the surface. Therefore, a symmet- 
ric wave-like surface deformation is induced for 
which the total deformation amplitude is equal to 
b± . In contrast, the b^ edge component corresponds 
to an additional lattice plane inserted or removed in 
the direction normal to the surface (Fig. 3b), which 
results in a Lorentzian shaped depression or eleva- 
tion of the surface above the misfit dislocation [14]. 
Since for the screw component b^ screw, the lattice 
displacements are all parallel to the surface, no 
surface normal displacements are induced by this 
component. For an arbitrary misfit dislocation whose 
Burgers vector is inclined to the interface, the result- 
ing surface distortion is given by the superposition of 
the deformations of the corresponding b x and b^ 
ed components, and thus an asymmetric wave-like 
surface distortion is induced. In Fig. 3c, also the 
monolayer surface step caused by the glide of the 
lattice planes in the direction b is included, showing 

that the surface glide step is displaced from the 
position of the misfit dislocation in the horizontal 
direction. It should be noted, that as growth is con- 
tinued, this surface glide step moves away from its 
original position due to adatom incorporation at the 
step edge, whereas the local surface deformation is 
spatially fixed above the misfit dislocation. Thus, 
from the distance between the glide step and the 
local surface distortion information on the time scale 
of the dislocation formation can be obtained. 

It is clear that the local surface deformations are a 
direct fingerprint of the misfit dislocations lying at 
the interface and in the STM height images the 
misfit dislocations show up as lines at which a 
gradual contrast change takes place in absence of a 
surface step. This is shown in the STM height image 
of a 30 ML EuTe layer on PbTe (111) depicted in 
Fig. 4. At this stage a complicated network of misfit 
dislocations has formed and at the intersections be- 
tween dislocations a number of dislocation reactions 
are observed. In particular, two misfit dislocations 
with 1/2[011] type Burgers vector can react to form 
a single misfit dislocation with a Burgers vector of 
l/2[IlO] type. This new dislocation has a Burgers 
vector parallel to the interface and thus produces a 
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Fig. 4. STM height image of a 30 ML EuTe layer on PbTe (111) showing the formation of a complicated network of misfit dislocations. 
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Fig. 5. Schematic illustration of the surface profile and histogram, 
(a) for an ideal stepped surface, and (b) for a stepped surface of an 
incoherent epitaxial layer with misfit dislocations at the interface. 
In case (a), only surface heights z equal to an integer number 
times the monolayer thickness dML are present, whereas in case 
(b) due to the local surface deformations induced by misfit 
dislocations a continuous distribution of z-values exists. 

groove-like surface depression as shown in Fig. 3b. 
Such a misfit dislocation cannot be formed by the 
usual Matthews-Blakeslee mechanism. 

Based on the existence of local surface deforma- 
tions due to interfacial misfit dislocations, the con- 
trast in the STM images can be adjusted such that 
these deformed surface regions appear as black areas 
in the STM images, just like in a bright field trans- 
mission electron microscopy image. As is illustrated 
in Fig. 5a, the surface of a stepped but fully coherent 
epitaxial layer consists only of surface areas with 
surface heights z equal to a multiple of n X dML, 
where n is an integer number and dML is the height 
of one monolayer. Thus, the surface histogram N(z) 
consist only of delta functions at z = «X dML, i.e., 
N(z) is zero for z + nX dML. In contrast, for a 
dislocated incoherent epitaxial layer, the local sur- 
face deformations result in the presence of surface 
areas with z + nX dML (see Fig. 5b). If these sur- 
face areas are now assigned to grey level 0, they 
appear as black areas in the STM image, signifying a 
local deviation from the surface of a perfect crystal. 

Fig. 6. Modified representation of the STM image shown in Fig. 4 with enhanced contrast between regular surface areas (alternating 
white/grey), and surface areas displaced by the strain fields of misfit dislocations (black). The grey scale in the image is adjusted such that 
surface areas with a height within intervals of (n X dML) + A appear alternating white/grey (n: integer number and A = dML/lO), whereas 
surface areas with other z-values appear black. 
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Fig. 7. STM height image of a 65 ML EuTe layer on PbTe (111) showing the formation of multiple step surface elevations due to pile-up of 
misfit dislocations. 

In other words, the misfit dislocations responsible for 
the local surface displacements will show up as 
black lines in the STM image. 

The contrast between the dislocated and the dislo- 
cation free surface areas is further enhanced if a 
constant white or grey intensity level is assigned to 
the surface areas in registry with the surface of a 
perfect crystal, i.e., for z = n X dMh. For a real STM 
surface image, this condition has to be somewhat 
relaxed in order to take into account the background 
noise level, i.e., a surface area is assumed to be in 
registry with a perfect crystal if z lies within an 
interval of n X dUL + A, where A is 1/10 of dML in 
our case. Fig. 6 shows the such modified STM image 
of the 30 ML EuTe layer of Fig. 4. In order to retain 
the information on the overall surface structure, the 
perfect surface areas appear alternating with n as 
white or grey surface areas. Now surface features 
such as 2D islands and spiral step edges growth and 
the surface deformations due to misfit dislocations 
can be easily distinguished, and the thus formed 
misfit dislocation network becomes directly visible. 

When epitaxial growth is continued beyond 40 
ML, the number of misfit dislocations drastically 
increases forming a dense network of misfit disloca- 
tions [10,12]. At this stage, the original spiral struc- 
ture on the surface vanishes since the surface struc- 
ture is now totally dominated by the high density of 
surface step lines generated by the dislocation glide 
processes. Since the freshly created surface step lines 
are continuously overgrown by the subsequently de- 
posited material, the individual  'older'  step lines 

eventually become very ragged and are no longer 
clearly visible. At places where several dislocations 
intersect multiple-step triangular-shaped islands are 
formed. As is shown in Fig. 7 for 65 ML EuTe 
coverage, this type of surface feature is progressively 
enhanced when growth is continued, leading to a 
significant roughening of the epitaxial surface, which 
is also reflected by the increase of the RMS rough- 
ness of the EuTe surface by a factor of 4 [10]. As 
long as the average spacing of the formed glide steps 
on the surface is much larger than the EuTe adatom 
surface diffusion length of about 200 A the 2D 
layer-by-layer growth mode is essentially unper- 
turbed. However, at about 40 ML the average spac- 
ing between these newly formed step lines becomes 
comparable to the adatom surface diffusion length 
and thus more and more impinging adatoms are 
incorporated at the these surface step edges instead 
of nucleating 2D islands. As a result, the growth 
mode changes from the initial layer-by-layer growth 
to a step flow growth mode, which explains the rapid 
damping of the RHEED intensity oscillations at a 
EuTe layer thickness of about 42 ML. 

5. Conclusions 

Misfit dislocation formation in strained-layer het- 
eroepitaxy of 2.1 % lattice-mismatched EuTe on PbTe 
(111) was studied using scanning tunnelling mi- 
croscopy. It was found that the formation of misfit 
dislocation segments by the glide of grown-in thread- 
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ing dislocations produces a monolayer surface step 
line along the glide line directions. When the layer 
thickness significantly exceeds the critical layer 
thickness, the formation of misfit dislocations not 
only along the <110> direction, but also along the 
<211> and <321> directions is observed, which indi- 
cates the activation of secondary glide systems, al- 
though the Matthews-Blakeslee critical layer thick- 
ness calculated for the primary glide system agrees 
quite well with the EuTe layer thickness of 17 ML at 
which the first monolayer step lines appear on the 
epitaxial surface. In addition to the glide steps, the 
lattice-distortions around the misfit dislocation seg- 
ments induce significant local distortions of the sur- 
face above the dislocation, which can be detected by 
STM as wave-like surface displacements. The exact 
form of this local surface distortion depends on the 
orientation of the Burgers vector and its width is 
proportional to the layer thickness. Therefore, the 
local surface deformations are a clear fingerprint of 
the misfit dislocation at the interface and by a modi- 
fication of the contrast in the STM images, the 
formed dislocation network can be directly observed 
and reactions between misfit dislocations can be 
observed. 
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Abstract 

An evidence for a cation chemical ordering in 2 X 3 reconstructed surfaces of strained InxGa, _ v As layers, locking the 
composition at the value In067Ga033As, has been obtained by grazing incidence X-ray diffraction. For lower surface 
concentrations, the reconstruction becomes incommensurate 2 X n and is described by introducing a random distribution of 
indium-free faults in the commensurate 2X3 phase. A quantitative account of the intensity distribution is obtained. 

1. Introduction 

Indium surface segregation in a gallium arsenide 
matrix is a major problem for device elaboration 
since it generates composition gradients at interfaces 
in In^Gaj^As/GaAs heterostructures and at the 
surface of ternary alloys. If a good modelisation of 
the indium in-depth distribution, measured in photo- 
luminescence [1] or photoelectron spectroscopy [2] 
experiments, has been obtained by the introduction 
of a surface segregation energy, no interpretation is 

Corresponding author. Fax: +33-1-64464148; e-mail: 
sauvage@lure.u-psud.fr. 

Present address: Laboratoire de Microstructures et de Micro- 
electronique, CNRS-CNET, BP 107, 196 Av. H. Ravera, F-92225, 
Bagneux (France). 

available yet in terms of atomic structure for the 
specific reconstructions observed in these systems 
and never present at the surface of strain free III-V 
binary compounds, namely a commensurate 2 X 3 [3] 
and an incommensurate 2 X n [4]. 

Being sensitive to long and short range order in 
the surface and near surface region, grazing inci- 
dence X-ray diffraction (GIXD) is an optimal tool to 
address this question. An unambiguous assignment 
of the atoms involved in the surface structure is 
possible as far as their atomic numbers are suffi- 
ciently different, which is obviously the case for 
indium and gallium. 

In the present work, it will be demonstrated that 
the 2X3 reconstruction observed in arsenic rich 
experimental conditions corresponds to a unique 
structure with a chemical ordering between indium 
and gallium leading to an indium surface concentra- 

0169-4332/96/S15.00 Copyright © 1996 Published by Elsevier Science B.V. All rights reserved. 
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tion of 0.67. The transition towards an incommensu- 
rate structure, as the indium surface concentration 
decreases, is readily explained by the multiplication 
of faulted sequences with indium free structural 
blocks forming local patches with the clean GaAs 
c(4 X 4) configuration. 

2. Experimental 

A series of samples has been prepared in the 
molecular beam epitaxy (MBE) growth chamber at- 
tached to the ultra-high vacuum (UHV) surface 
diffractometer (LURE, synchrotron radiation facility, 
Orsay, France, bending magnet beam line D25a and 
wiggler beam line DW12). Thick GaAs substrates, 
18X13X2 mm3, cut within 0.1 deg. of the nominal 
(001) orientation and mechanochemically polished 
were deoxidized in a solution ethanol-10%HCl and 
further annealed in the vacuum chamber at 600°C 
under an As flux until a sharp 2X4 RHEED pattern 
was observed. A 5000 A thick GaAs buffer layer 
was grown in standard conditions and from then on, 
two different procedures were adopted. In a first 
approach, fully strained, ternary alloys with nominal 
compositions In020Ga0 so As and In028Ga072 As cali- 
brated by use of the RHEED oscillations frequency 
were grown at 520°C and a rate of about 0.5 ML/s. 
After cooling under the arsenic flux, the RHEED 
pattern turned from a diffused 1 X 1 at the growth 
temperature into a 2 X n (with n close to 3). For the 
nominal concentration x = 0.2 two samples were 
prepared with thicknesses 3 ML (9 A) and 6 ML, 
whereas only one sample with thickness 3 ML was 
prepared with x = 0.28. In the following these three 
samples will be referred to as Tlt T2 and T3. In the 
second approach, a single InAs layer was deposited 
at 450°C and further covered by a GaAs cap of 
respectively 0, 1, 5 and 10 ML, the four samples of 
this second series will be referred to as G0, G,, G5 

and G)0. The first two samples showed a clear x3 
reconstruction on cooling whereas sample G5 showed 
a slightly more diffused incommensurate xn RHEED 
pattern (with n < 3) and sample G10 presented very 
diffused streaks mostly centred on half-order posi- 
tions. 

The two growth procedures are expected to de- 
liver samples with variable indium surface concen- 

trations which can be roughly evaluated from the 
data published in the literature [1,2]. 

After completion of the growth process, each 
sample has been transferred, under vacuum, on the 
diffractometer stage and surface diffraction data were 
collected under grazing incidence at the critical angle 
for total reflection: 0.28° for samples T,, T2 and T3 

studied at a wavelength of 1.488 A and 0.2° for the 
others studied at A = 1 A. Since the geometry of the 
diffractometer did not allow for a perpendicular mo- 
mentum transfer, only hkl reflections with / + 0 
have been measured carrying the information on the 
surface structure projected on the surface plane. 

3. Results and discussion 

3.1. The commensurate 2X3 surface 

Although their preparation conditions were quite 
different, the four samples T2, T3 (ternary alloys at 
20% and 28% In), G0 and G; (uncapped and 1 ML 
GaAs capped InAs strained monolayer) showed a 
commensurate 2X3 reconstruction. Moreover, the 
measured fractional peak intensities were found iden- 
tical within the 10% experimental accuracy in sam- 
ples G0 and G,, whereas those measured in the two 
ternary samples were linearly related to the other two 
through a mere scaling factor (Fig. 1). Prior to any 
further analysis it can thus be anticipated that the 
surface structure is the same in the four cases which 

, . , , . ..,..., i i j i i  i J 
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Fig. 1. Structure factors of sample G, (triangles) and T3 (squares 
as a function of the corresponding structure factors in sample G0 

the linear correlation demonstrates the identity of the surface 
structure in the three samples. 
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means either that the reconstruction is due to a 
similar arsenic distribution on an undisplaced chemi- 
cally disordered cation layer or, in contrast, that 
indium exodiffusion ensures an identical cation last 
layer in the three samples. 

The analysis was first performed on sample G0 

data. The surface unit cell is referred to the face 
centred cubic basis vectors as follows: 

«B = ["0],    *! = f[110],    cs = [001]. 

Reflections are indexed in the corresponding recipro- 
cal basis and although all indices are integer in such 
a basis, superstructure reflections will be referred to 
as fractional peaks whereas those common with the 
1 X 1 bulk derived reciprocal lattice are called inte- 
ger orders to match the usual vocabulary. 27 inde- 
pendent fractional orders and seven integer orders 
have been measured and used for the refinement 
procedure. The trial model was inspired from the 
structural elements identified in arsenic rich surfaces 
namely chemisorbed As dimers on an As terminal 
plane along [110] and As dimers bonded to cations 
along [110] combined to produce the required 2X3 
symmetry, a schematic of the model is presented in 
Fig. 2. According to Pashley [5], it is known that the 
surface neutrality condition cannot be fulfilled with 

such a dimer concentration and this question will be 
addressed later on. 

The origin for the surface and bulk coordinates is 
taken on the Ga atom in the second cation layer 
below the surface. The free parameters for the fit 
were an overall scale factor, the y coordinates of 
As(l) and As(3), the x coordinate of As(2), the x 
and y coordinates of In(l), In(2) being kept fixed 
and finally two Debye-Waller coefficients for sur- 
face and bulk atoms, respectively. Assuming first 
that the last cation layer was a complete indium 
layer, lead to a ^2 residue of 6.7 with the overall 
dynamics of the data sufficiently well reproduced to 
ensure that the model carried part of the real struc- 
ture. In a second step, a partial occupancy of the 
indium layer by gallium atom was allowed and a 
reduction to 2.6 of the residue was obtained for a full 
indium occupancy of the In(l) site and an almost 
complete substitution by gallium of the In(2) site: the 
minimum value was obtained for 0.82 Ga and 0.18 
In but this minimum is rather flat between 0.7 and 1 
Ga atom on the site whereas the residue raises 
rapidly below 0.7 Ga. 

The comparison between observed and calculated 
structure factors is displayed in Fig. 3. The reliability 
factor R defined as: 

C   s 
chemisorbed 
As dimers 

(_)   As  I st layer 

o 
OOii } 2nd layer 

»-X 
[110] 

Fig. 2. Projected model of the atomic arrangement in the surface 
2X3 unit cell. Labels refer to the atoms whose coordinates are 
listed in Table 1. 

R 

is equal to 16% for this structure proposition. 
The atomic positions at the surface are listed in 

Table 1, together with the As dimer length, directly 
derived from the data since the dimers are assumed 
parallel to the surface plane. The pattern for the z 
coordinates is only tentative and selected to ensure 
interatomic bond lengths close to the strain free 
values in binary materials (Ga-As = 2.45 A and 
In-As = 2.61 A), out-of-plane data, to be collected 
in a future experiment will enable to finalize the 3D 
description of the atomic arrangement. However, a 
total energy minimization performed with the density 
functional theory [6] on a model 2X2 unit cell 
having the same local configuration as As(2), In(l) 
and As(3) gave x, y, z coordinates for the three 
atoms very similar to the ones quoted in Table 1. 
The analysis of sample G, data with the same model 
gave &  x2   value of 2.4 with atomic parameters 
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Fig. 3. Comparison between observed (black semicircles) and 
calculated (white semicircles) structure factors for the best fit in 
sample I. A square grid outline the 1X1 bulk derived reciprocal 
lattice where stars mark the location of bulk allowed nodes. The 
shaded rectangle indicate the 2 X 3 reciprocal unit cell used for the 
hk indexation. 

within the accuracy of the present determination and 
the more limited data sets collected with samples T2 

and T3 were equally compatible with the model. 
The main conclusion of this analysis is that a 

chemical order in the cation top layer locks the 
surface composition at In067Ga033As and stabilizes 
the 2 X 3 reconstruction both in ternary alloys and in 
monolayer thick heterostructures where an almost 
complete exchange between In and Ga takes place in 
the last two surface layers. Since the intensity of 
integer orders is not so well reproduced, it was 
attempted to model the cation distribution in the 
deeper layers: for sample G0 and G,, it was not 

possible to make a definite assignment since in both 
cases, the data are compatible with an amount of 
0-0.2 In in the second cation layer. For the ternary 
T3, the best agreement is obtained with 0.4 In in the 
second layer over a nominal bulk at 0.25. 

As mentioned before, such a model does not fulfil 
the surface neutrality condition. There is an excess 
positive charge located on the As(3) site which can 
be balanced by non-dimerized arsenic along [110]. 
Indeed, the distribution of As(2) dimers is highly 
disordered and the expected half-order lines for the 
2x reconstruction are too diffuse to be measured. 

4. The incommensurate 2X« phases 

As outlined above, sample G5 and the ternary 
alloy T, showed an incommensurate 2X« recon- 
struction with n slightly smaller than 3. Since in 
both cases, the In surface concentration was expected 
to be smaller than for the preceding samples, the 
structure was assumed to be a faulted 2X3 were the 
In rich element would be randomly removed. When 
one considers the model in Fig. 2 it can be decom- 
posed into three blocks A, B and C, A and B being 
Ga rich and C containing the In atoms. Describing 
the system as a one dimensional stacking along [1 1 
0], the sequence in the ideal 2X3 structure is AB- 
CABCABC, however, if one introduces a probability 
p i= 1 of finding C after the AB pair, the surface is 
no longer perfectly periodic and faulted sequences of 
the type ABABCABCABABABC are found. At the 
other end, the periodic case ABABABAB, obtained 
for p = 0, corresponds to the arrangement of the 
GaAs(OOl) surface, reconstructed c(4 X 4), provided 
an ordered distribution of missing chemisorbed As 
dimers is allowed. The expected diffraction pattern 

Table 1 
Atomic coordinates in unit a0/v2 along x, 3ö0/V2 along y and a0 along z with a0 = 5.6532 A 

Atom               In(l)                                  Ga, In(2) As(l) As(2) As(3) 

x                          0.25                                   0.25 
y                          0.150 + 0.003                   0.50 
z                       -0.42 (-0.50)                 -0.50 

0.5 
0.400 + 0.004 
0.045 (0.0) 

0.345 + 0.015 
0 

-0.10 (-0.25) 

0.25 
0.350 + 0.004 

-0.21 (-0.25) 

The z coordinates are tentatively chosen to keep Ga-As and In-As distances close to their strainfree values 2.45 and 2.63 A, respectively, 
and are only given to show the displacement trends from GaAs bulk derived positions marked between brackets. 
Dimer bondlength: As(l)-As(l) = 2.40 + 0.03 Ä As(2)-As(2) = 2.48 ± 0.03 Ä. 

I 
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of such a surface can be calculated by use of the 
diffuse scattering formalism: in the Born approxima- 
tion the diffracted amplitude for a momentum trans- 
fer Q is given by 

KQ)=   E   K^Qr" 
all sites n 

where Fn stands for the scattering factor of the block 
with position vector rn (FA, FB or Fc). The diffracted 
intensity 

I{Q)=A{Q)XA{QY 

is then given by 

/(o) = IEWe-iG('"-"> 
n'     n 

~ 2-i^^n **m + n ' e 

m 

where (FnF*+ n> is the average structure factor 
product for two blocks separated bythe vector rm 

and can be expressed in terms of the probability 
PXY(m) for an X block in concentration cx to have 
a Y block as an mth neighbour, with X (resp. 
Y) = A, B or C: 

< F„ K+ n > = E cx E Px Y ( n) ^x *V* 

With the specific constraints of the model: AB 
undissociable and probability p to find a C element 
after an AB pair, the literal expressions of the PXY 

can be derived by a recurrent matrix algebra proce- 
dure as a function of p and m and the intensity 
distribution can be calculated [7]. The major conse- 
quence for p J= 1 is the occurrence of maxima shifted 
from commensurate positions and weighted by a 
generalized structure factor. In sample G5 the ob- 
served shift lead to a value of 0.6 for p from which 
the expected intensity has been simulated. Fig. 4 
shows the comparison between the calculated distri- 
bution along the reciprocal row [2, k] and the mea- 
sured values at the local maxima, the only free 
parameters being a scale factor and the probability p 
since the atomic positions were those derived from 
the commensurate structure. The agreement assesses 
that the model gives an accurate interpretation for 
the origin of the incommensurate phase. The surface 
composition, derived from the p value according to 
[In]s = p{\ + p)/2 + p is found equal to 0.37, close 
to the value 0.3 estimated from the literature [1]. 

l ^=, 

Fig. 4. Calculated intensity distribution along the reciprocal row 
h = 4 as a function of k in the incommensurate phase. Measured 
satellites integrated intensities are marked by bold dots. 

The peak shift in the ternary alloy T[ was slightly 
smaller than in sample G5 and the corresponding p 
value was 0.65 leading to a surface indium concen- 
tration of 0.4. This amount, significantly smaller 
than the equilibrium value at the surface of a nomi- 
nal alloy with 20% of indium is explained by the 3 
ML thickness of the deposit which did not allowed 
the steady state to be reached contrary to the 6 ML 
sample with the same nominal composition (sample 
T2). 

Finally the X-ray diffraction pattern collected with 
sample G10 showed a superposition of broad maxima 
at half-order positions along the ft-axis which corre- 
spond to a dilute surface alloy together with sharper 
half and quarter-order peaks characteristic of the 
c(4 X 4) GaAs (001) surface. 

The present study has thus given a clue for the 
occurrence of a common 2X3 reconstruction at the 
surface of strained ultrathin heterostructures in the 
InAs/GaAs system, stabilizing the surface indium 
concentration at 0.67 with a chemical ordering be- 
tween In and Ga. The transition towards an incom- 
mensurate phase as the indium surface concentration 
decreases is clearly interpreted and leads naturally to 
the configuration of the clean GaAs(OOl) arsenic 
saturated c(4 X 4) surface. The unique ability of 
X-ray diffraction to probe the atomic ordering not 
only in the top layer but in the whole near surface 
region has enabled to reach the essential features of 
these complex systems. 
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Abstract 

Highly strained In053Ga047As/InAs/In053Ga047As heterostructures and InAs layers were grown on InP (100) 
substrates by using molecular beam epitaxy (MBE). The samples have been investigated by means of selected-area X-ray 
spectroscopy (SAXPS) combined with low energy ion sputtering. The heterointerface widths in the 
In053Ga047As/InAs/In053Ga047As samples grown under diverse MBE conditions (standard and virtual surfactant) have 
been analysed. The thickness of the ternary sublayer formed between the InAs and InP substrate has been studied in the 
samples deoxidized under the flux of arsenic (AsH3) or phosphorus (PH3). The suitability of SAXPS depth profiling 
technique for the qualitative characterization of ultra-thin heterostructures is discussed considering the limitations of 
experimental depth resolution. 

1. Introduction 

The growth and characterization of strained 
InAs/In/Jaj^As and InAs/InP heterostructures is 
a very important topic of research in semiconductor 
materials. The studies of strained InAs epilayers 
permit an understanding both of the fundamentals of 
the epitaxy process and of novel physical properties 
of strained III-V materials, which have a promising 
future in modern semiconductor optoelectronics [1,2]. 
The major part of numerous experimental works has 
been always dedicated to the molecular beam epitaxy 
(MBE) growth and material characterization by re- 
flected high-energy electron diffraction (RHEED), 
high-resolution X-ray diffraction (HRXRD) and pho- 
toluminescence (PL) techniques. Nevertheless, many 

* Corresponding author. 
On leave from Semiconductor Physics Institute, Gostauto 11, 

LT-2600 Vilnius, Lithuania. 

important problems of MBE growth (e.g., the deter- 
mination of optimal growth temperatures for differ- 
ent III-V sublayers, the control of the surface and 
heterointerface quality, etc.) remain unresolved until 
now. An ideal heterostructure must contain atomi- 
cally flat and abrupt interfaces, but even the use of 
modern MBE technique does not guarantee such a 
high quality of the material. The real heterointerface 
abruptness is limited by initial surface roughness and 
unwanted atomic displacements during growth pro- 
cess. The most pronounced phenomena reported in 
the case of In-containing compounds are the surface 
segregation and interface diffusion of indium [3-7] 
and the substitution of P atoms by As [7-12]. 

It was recently demonstrated that the MBE growth 
under virtual surfactant conditions [13] can minimize 
the effect of indium interdiffusion at the heterointer- 
faces. One of the purposes of the current work was 
to grow highly strained heterostructures (InAs quan- 
tum wells embedded into In053Ga047As matrix) and 
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to compare the quality of the samples produced at 
different growth conditions: standard (As-stable sur- 
face) and virtual surfactant (In-stable surface). Se- 
lected area X-ray photoelectron spectroscopy 
(SAXPS) combined with low energy ion sputtering 
has been used for the sample characterization. The 
same depth profiling technique has been employed 
for the investigation of InAs/InP heterointerfaces 
grown after different cleaning procedures of InP 
substrate: deoxidation under the flux of arsenic or 
phosphorus. 

2. Experimental 

The In053Ga047As/InAs/Tn053Ga047As sam- 
ples were produced following a virtual surfactant 
model of the MBE growth. It means, the In-stable 
conditions were maintained during the growth of 
InAs sublayer by closing the As shutter. As it was 
reported in Ref. [13], these growth conditions are 
expected to produce a sharper In As/In xGa{_x As 
interface. The growth was carried out by solid source 
MBE technique using a Varian GEN II modular 
system. The (100) oriented epi-ready InP:Fe sub- 
strates were utilized. Prior to the growth, the sub- 
strates were deoxidized under arsenic flux. Then 
heterostmctures of various thicknesses of InAs quan- 
tum well were grown using the procedure described 
elsewhere [7,14,15]. For comparison, another series 
of samples were grown under standard MBE condi- 
tions, i.e. with the As shutter opened (As-stable 
surface). 

Strained InAs/InP heterostmctures were fabri- 
cated by growing InAs epilayers directly on InP 
substrates. In this case, a gaseous source of arsenic 
(AsH3) was employed. Before the growth, surface 
oxides were removed by heating under the flux of 
AsH3 or PH3 for 10 min at r=520-530°C, i.e. 
maintaining the same conditions as in our previous 
studies of InP deoxidation under the flux of arsenic 
from the solid source [7,12,15]. 

The SAXPS depth profiling was performed in a 
VG Scientific Escalab Mkll spectrometer. Photoelec- 
trons (excited by an Al Ka X-ray source) were 
collected from a sample area of about 3 mm in 
diameter. The low energy (Ei = 1.0 keV) Ar+ ion 
beam was rastered over the window in the gold 

mask, producing a sample current density j ~ 3 (JLA 

cm"2. Elemental depth profiles were derived from 
the areas of the In 3d5/2, Ga 2p3/2, As 2p3/2 and P 
2p photoelectron peaks. More experimental details 
on the SAXPS depth profiling have been reported 
elsewhere [6,16]. 

3. Results and discussion 

The main restriction in the application of any 
depth profiling technique (AES, XPS or SIMS) is a 
limit of experimental depth resolution [17,18]. This 
question is particularly important in the case of 
strained III-V semiconductor heterostructures, where 
the maximum thickness of strained sublayers cannot 
exceed the critical value (d = 10-12 ML, i.e. d = 3- 
4 nm for the samples containing InAs). Previous 
studies of III-V semiconductor quantum wells and 
superlattices by SAXPS depth profiling [6,7,16,19] 
manifested that the main factor determining the depth 
resolution  Az  is photoelectron information depth 

In this work, with the aim to exclude any doubts 
about the possible influence of the ion sputtering 
[16-19], the depth profiles of the same 
In053Ga047As/InAs/In053Ga047As sample with d 
= 10 ML were obtained at Ar+ ion energy Ei = 1.0 
and 1.5 keV (Fig. 1). The depth profiles were nor- 
malised to the corresponding peak area S0 in the 
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Fig. 1. Depth profiles (Ei = 1.0 and 1.5 keV, respectively) of the 
In05jGa047As/InAs/In053Ga047As sample with d=10 ML. 
The peak areas S are normalized to the corresponding peak area 
S0 in the In0 53Ga0 47 As layer. The experimental values of FWHM 
are indicated by arrows. 
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'bulk' In053Ga047As buffer layer. The results ob- 
tained at the different energies are almost identical, 
i.e. the SAXPS depth resolution A z at low Ei values 
is really determined by photoelectron information 
depth which is A zA = 4.5 and 2.1 nm for the In 3d 
and Ga 2p peaks, respectively [16]. The experimental 
values of FWHM (full width half maximum or mini- 
mum for In or Ga, respectively) ca. 6 nm are caused 
by the convolution of the instrumental response func- 
tion (which must be Gaussian in the case of photo- 
electron escape depth) and the elemental concentra- 
tion distribution function, i.e. the real profile. For the 
same reason, both the indium and gallium profiles 
have the shape of a rounded top with a maximum 
(for In) or minimum (for Ga) value very different 
from the real ones (1/0.53 and 0, respectively). 
However, the low values of FHWM indicate that the 
real heterointerfaces must be described by the step- 
function in respect to the scale of photoelectron 
information depth, i.e. they are really steep. 

The comparison of the results for the samples 
containing two In As sublayers (d = 12 and 6 ML) 
grown by standard MBE process (As-stable surface) 
and under virtual surfactant conditions (In-stable sur- 
face) is given in the Fig. 2. These depth profiles 
clearly exhibit that the InAs sublayers grown under 
virtual surfactant conditions are more confined. In 
fact, only diverse abruptness of the real elemental 
profiles convoluted with the same instrumental re- 
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Fig. 2. Depth profiles (£< = 1.0 keV) of the 
In053Ga047As/InAs/In053Ga047As double quantum wells (d = 
12 and 6 ML, respectively) grown at different MBE conditions: 
standard and virtual surfactant. The experimental values of FWHM 
are indicated by arrows. 
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Fig. 3. Depth profiles (Et = 1.0 keV) of the InAs layers (d = 6 
and 12 ML) grown on InP substrates deoxidized under AsH3 flux. 

sponse function can yield such a noticeable differ- 
ence in the shape of experimental profiles. Since the 
growth times of both samples were exactly identical, 
only one explanation of this result is that the het- 
erointerfaces grown under virtual surfactant condi- 
tions are steeper and the effective thickness of the 
InAs layer is slightly reduced. Of course, for the 
reconstruction of real profiles, it would be possible 
to apply a simple deconvolution procedure [19], al- 
though, this procedure is not justified in our case, 
where d/ A zA < 1. 

The depth profiles of the InAs/InP samples with 
d= 12 and 6 ML (InP substrate deoxidized under 
AsH3 flux) are presented in Fig. 3. If we determine 
the thickness of InAs layer as d = z at a 50% change 
in the As 2p3/2 peak, which has the smallest value 
of the AzA [7,12], then the remaining tail of the 
arsenic signal is related to the interfacial sublayer of 
InAsxP,_v. The existence of thick InAs^P,^ sub- 
layer has been observed previously by using SAXPS, 
SIMS and Raman spectroscopy in the samples deoxi- 
dized under As flux from the solid source [7,12,15]. 
It should be noted that, in the samples deoxidized 
under AsH3 flux, the thickness ratio ^inAsp/^inAs 1& 

higher, i.e. the InAsvPj_A. sublayer is thicker than in 
the samples deoxidized under molecular arsenic flux. 
A logical experiment for the understanding of the 
mechanism of ternary sublayer's formation would be 
to clean the substrate without the arsenic, i.e. under 
phosphorus flux, and to grow InAs layer on it. 
However, the depth profiles of the samples deoxi- 
dized under PH3 flux were identical to the ones 
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Fig. 4. Depth profiles (E, = 1.0 keV) of the InAs layers (d= 12 
ML) grown on InP substrates deoxidized under the flux of AsH3 

or PH3. 
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Abstract 

We present a theoretical investigation of the electronic structure of an InAs monomolecular plane inserted in bulk GaAs. 
Our calculations are based on the ab-initio self-consistent pseudopotential method. Both electrons and holes are found to be 
strongly localized in the vicinity of the inserted InAs monolayer, which therefore acts as a quantum well for all charge 
carriers. Moreover, using a finite-square-well model, we show that the energy gap increases with the increasing GaAs barrier 
thickness and also show the formation of a localized electron/hole state in the gap in the limit of a single InAs quantum 
well. This latter result successfully explains the intense and narrow low temperature photoluminescence spectra, experimen- 
tally observed in the InAs/GaAs single-monolayer quantum well systems. 

1. Introduction 

Lattice-mismatched heterojunctions have recently 
attracted a great interest for the possibility to tune 
band offsets and, therefore, to control the transport 
and optical properties of microelectronic devices. In 
this respect, the strain effect plays a predominant 
role and has been traditionally manipulated using 
various substrate compositions. This latter method, 
however, has suffered from misfit dislocations dur- 
ing the growth. On the other hand, this problem can 
be avoided in the case of dopant-monolayer/host 
crystal system. Namely, it is due to the recent ad- 
vances in growth technology that one-monolayer 

* Corresponding author. Present address: Physics Department, 
United Arab Emirates University, P.O. Box 17551, Al-Ain, United 
Arab Emirates. 

thick of InAs has been synthesized in GaAs using 
the flow-rate-modulation epitaxy (FME) [1]. The re- 
cent photoluminescence experiments [1-3], done on 
this latter heterostructure at very low temperatures (2 
K), have shown very intense and narrow spectra and 
demonstrated that the inserted InAs monolayer is 
playing the role of a quantum well for both electrons 
and holes. In addition to this, Sato and Horikoshi 
[2,3] have studied superlattices, consisting of two 
InAs monolayers separated by few monolayers of 
GaAs, and reported an increasing bandgap, Eg, with 
the distance between the two InAs monolayers. 
Hence, such monolayer-plane-host-crystal system of- 
fers an additional flexibility to the bandgap engineer- 
ing and the artificial control of charge carrier distri- 
bution and, as a consequence, is expected to yield 
new interesting optoelectronic devices. Indeed, the 
electronic and optical properties of this latter het- 
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erostructure has been the subject of several recent 
experimental and theoretical works [1-5]. 

The scope of this paper is to calculate and analyse 
the electronic structure of the InAs/GaAs(001) 
strained-layer superlattices (SSL) using the ab-initio 
self-consistent pseudopotential method. We also use 
a finite-square-well model to estimate the carrier 
confinement energies and to study the variation of 
the bandgap versus the barrier thickness. Our results 
show that, in the limit of a single quantum well, the 
interband electron-heavy-hole transition is about 0.04 
eV smaller than the bandgap of the host GaAs 
crystal. This is consistent with the predictions of the 
photoluminescence experiment. In the next section, 
we describe our computational method, then in Sec- 
tion 3 we give and discuss our results. The last 
section summarizes our conclusions. 

2. Computational details 

Our numerical calculations are based on the state- 
of-the-art density functional theory (DFT) [6], within 
the local density approximation, applied in the mo- 
mentum space formalism [7]. We use a plane wave 
basis set up to a kinetic energy cutoff £"cut (= 20 
Ry), the norm-conserving pseudopotentials [8] ', and 
the special-point technique (the (333) Monkhorst- 
Pack cubic mesh appropriately folded for various 
supercell shapes and sizes [9]) to perform the &-space 
integration. In our present work, we use supercells 
containing five GaAs monolayers and one InAs plane 
(total of 12 atoms) to simulate the InAs/GaAs (001) 
monomolecular-plane-host-crystal systems. 

In Ref. [10], we reported the valence band offset 
(VBO) at the GaAs/InAs interface, where the GaAs 
was the substrate and the InAs was the overlayer. 
We found that the VBO = 0.28 eV, where the spin- 
orbit effects were included in the calculations and 
the InAs valence band edge is higher in energy. In 
our present work, we use this result, together with 
the calculated bandgaps of the two constituents un- 
der their strained (or cubic) configurations. In addi- 

The pseudopotentials used here have been generated by 
Giannozzi (unpublished) using a scheme originally proposed by 
Car and Von Barth (unpublished). 

tion to this, we use a finite-square-well model to 
estimate the charge carrier confinement energies as 
well as to study the variation of the superlattice 
bandgap E versus the GaAs barrier thickness. Our 
results compare favourably with the photolumines- 
cence experimental data. 

3. Results and discussion 

We first give a brief description of our supercell 
atomic structure. Our calculated equilibrium bulk 
lattice parameters for the two constituents are: aGaAs 

= 10.65 au and alnAs = 11.25 au. These values give 
a lattice mismatch of 5.5%, slightly below the exper- 
imental value. It has been, recently, experimentally 
observed [5] that for InAs inserted in GaAs the 
macroscopic theory of elasticity (MTE) breaks down 
in the monolayer (ML) limit. In particular, the mea- 
sured strain is much higher than expected according 
to the MTE and it rather corresponds to bulk bond 
length conservation (BLC). This observation is sup- 
ported by the theoretical calculations of Ref. [4], 
whereas different findings are conversely reported in 
Ref. [11]. We found that — with respect to our 
numerical accuracy — the supercells describing the 
inserted InAs monolayer in the two different strain 
states (MTE and BLC) are very similar in total 
energy, also after additional internal relaxations 
which make the atomic forces vanish. In the final 
optimized structures, the interplanar In-As distance 
is intermediate between the MTE and BLC predic- 
tions, and a small compressive strain affects the 
GaAs plane adjacent to the inserted InAs, as simi- 
larly found in other superlattices [12,13] in the region 
close to the interface. More accurate calculations 
(e.g. improving cell size, kinetic energy cutoff, num- 
ber of special points) would be required to definitely 
establish the true equilibrium structure. Since this is 
not the main purpose of the present work, in the 
following we consider the strain state of the InAs 
ML as predicted by BLC, according to the experi- 
mental observations [5]. 

The calculated energy gaps of bulk GaAs, bulk 
and strained InAs are 1.07 eV (the experimental 
value is 1.52 eV [14]), 0.58 eV (experimental 0.42 
eV [14]) and 0.19 eV, respectively, taking properly 
into account strain splitting effects for InAs. We 
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have previously found [10] that the non-relativistic 
valence band offsets (VBO) at GaAs/InAs interface 
amounts to 0.26 eV, almost independent of the local 
strain in the interface region, with GaAs valence 
band edge lower in energy. The corresponding con- 
duction band offset (CBO) is CBO = A£g - VBO = 
0.62 eV, where the GaAs conduction band edge is 
higher in energy and A£g = 0.88 eV is the band gap 
difference between bulk GaAs and strained InAs. 
Hence, the inserted InAs layer acts as a quantum 
well (QW) for electrons and holes, giving the so- 
called type-I heterostructure. Spin-orbit (SO) effects 
can be taken into account and added a posteriori to 
our calculations (see Ref. [13]) using the experimen- 
tal SO parameters [14], A0 = 0.34 eV for GaAs and 
0.38 eV for InAs. The corrected band gaps of bulk 
GaAs and strained InAs are 0.96 and 0.06 eV, 
respectively. The VBO and the bandgap difference 
A£ increase by about 0.02, whereas the CBO re- 
main unchanged. 

In Fig. la, we display the band structure of a 
hypothetical supercell containing pure GaAs in the 
cubic configuration, namely (GaAs)6. We have cho- 
sen the top of valence band as our reference (zero) of 
energy. In Fig. lb, we show the bands of a supercell 
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Fig. 1. Band structures calculated at Ecul = 14 Ry for the follow- 
ing supercells: (a) (GaAs)6, which is in the cubic structure; (b) 
InAs/(GaAs)5, where the In-As bond length is conserved as in 
its bulk equilibrium configuration. 

Energy (eV) 

Fig. 2. Density of states calculated at Eml = 14 Ry for: (a) 
(GaAs)6 which is in the cubic structure similar to the one of Fig. 
la; (b) InAs/(GaAs)5 where the In-As bond length is conserved 
as in its bulk configuration. The difference of density of states 
between (b) and (a), N(E)- N0(E), is displayed in (c) to illus- 
trate the effects of the inserted InAs monolayer. 

containing one InAs monomolecular plane inserted 
in GaAs bulk (namely corresponding to 
InAs/(GaAs)5 structure), where the In-As bond 
length is as in the bulk. It is clearly seen that the 
degeneracies of several bands are lifted under the 
reduced symmetry of this new structure. The lowest 
group consisting of 6 bands, located below the va- 
lence band, seems to be not much affected by the 
substitution of In-atom because it is composed of the 
As s-states. The bandgap is diminished to E% = 0.76 
(0.87) eV including (neglecting) the SO effects. This 
value is a little smaller than the GaAs bandgap (see 
below for further details). 

In Fig. 2a, we show the calculated density of 
states, N0(E), for the same supercell used in Fig. la. 
Similarly, in Fig. 2b we show the DOS, N(E), 
corresponding to the same supercell used in Fig. lb. 
This latter DOS, in turn, reflects the splits of the 
manifold states that occurred in all the bands, as well 
as the reduction of the energy gap. In Fig. 2c, we 
display the difference A/V(£) = N(E)- N0(E) to 
stress the new features caused by the insertion of the 
InAs monolayer. 
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Since the electron density n(r) and the electro- 
static potential V(r) are periodic in the planes nomi- 
nal to the growth direction (z-axis) and since we are 
interested only in the z-dependence, we show in Fig. 
3 (solid curve with left scale) the (xy) planar average 
of the electronic charge density n(z) for: (a) a 
hypothetical InAs/(GaAs)5 supercell where one Ga 
atom (layer) is substituted by In atom (layer) but all 
bond lengths are kept fixed as in the original GaAs 
structure; (b) a realistic supercell of InAs/(GaAs)5, 
where the In-As bond length is conserved as in its 
bulk-like structure. The electronic charge density is 
normalized to eight electrons per cell. Moreover, in 
order to get rid of the microscopic bulk oscillations 
and blow up the interface features, we apply the 
macroscopic average as described in Refs. [10] and 
[15] to get n(z), shown by the dotted curves with the 
scale on the right. Fig. 3a shows that even for the 
'hypothetical' InAs/(GaAs)5 structure, there is al- 
ready a depletion of electronic valence charge in the 
InAs region. This depletion increases with the in- 
creasing In-As bond length as shown by the dotted 
curve of Fig. 3b. This observation is consistent, as 
will be described below, with the creation of hole 
states in the vicinity of the inserted InAs layer. 

0.98 

Fig. 3. Planar, n(z), and double macroscopic, n(z), averaged 
electronic charge densities are shown in solid curve (with left 
scale) and dotted curve (with right scale) respectively. The shown 
results correspond to the following: (a) Hypothetical 
InAs/(GaAs)5 supercell where all bond lengths are the same as 
that of GaAs; (b) Realistic InAs/(GaAs)5 supercell where the 
In-As bond length is taken to be the same as in its bulk 
equilibrium configuration. 
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Fig. 4. The evolution of the lowest (highest) allowed band for 
electrons (heavy holes) in InAs/GaAs(001) strained supercell 
when the barrier thickness Lb is increased. The figure reports the 
ratio between the charge carrier energy (calculated from the 
bottom of the well) and the barrier height Vb versus Lb (which is 
given in A units). 

To study the decrease of the strained superlattice 
bandgap, one may use a much simpler one-dimen- 
sional finite square well model [16]. The VBO and 
CBO described above (with the inclusion of spin- 
orbit effects) represent the barrier height Vb for 
holes and electrons, respectively. For both charge 
carriers, the respective well and barrier thicknesses 
are taken to be:  L,„ = 0.5a , (InAs) = 3.27 A and Lw = 0.5 a , (InAs) = 

2.5a, (GaAs) = 14.10 A, where (XAs) is 

the lattice parameter of the material XAs along the 
growth direction of the superlattice. The other pa- 
rameters used in the finite-square-well model are the 
effective masses of the heavy holes (HH) and elec- 
trons in the well and in the barrier: „HH 

m™ = 0.45, 
0.41, 

mi = 0.023 and me
b' = 0.0665 in units 

of free electron mass [16]. 
In Fig. 4, we show the results of the square well 

model for our system. We display the variation of 
the confinement charge carrier energy £conf (mea- 
sured from the bottom of the well) versus the barrier 
thickness Lb. We have plotted the ratio Econf/Vb, so 
that the plot is general, independent on the barrier 
height. In the case of our supercell geometry (Lb = 
14.1 A), it is evident that: (i) the very small well 
thickness makes the confinement energies very high, 
and this explains why the supercell energy gap is 
closer to the one of bulk GaAs rather than to the one 
of strained InAs; (ii) the confinement energies for 
the electrons and HH are 0.50 and 0.22 eV, respec- 
tively, so that the superlattice energy gap derived 
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from this model is, £g(SSL) = £„(InAs) + £™f + 
Ziconf = 0.78 eV, in good agreement with the value 
0.76 eV obtained from our ab-initio supercell calcu- 
lations (with the inclusion of spin-orbit effects). 

Fig. 4 also shows that by increasing the barrier 
thickness (Lb), the confinement energies for elec- 
trons and HH increase and the bandwidth reduces 
down to reach the limit of isolated energy levels 
(single quantum well, SQW, regime) rather than 
broadened bands. In this latter regime, reached for 
Lb > 400 A, the interband e-HH transition energy is 
reduced by 0.04 eV from the calculated bandgap of 
the host GaAs crystal. This results is consistent with 
the recent photoluminescence experiments [1-3] 
which reported a transition energy about 0.04-0.07 
eV smaller than the experimental GaAs energy gap. 
We stress that the inaccuracies of our calculations 
for the band gaps (due to the underestimation of the 
DFT to band gaps) tend to cancel out when compar- 
ing similar quantities; it is therefore more reasonable 
to compare with the experiments the differential 
quantity AE = £g(GaAs) - £(e-HH) rather than the 
absolute value £(e-HH). 

4. Conclusions 

We presented our ab-initio self-consistent pseu- 
dopotential calculations of the electronic structure of 
an In As monomolecular plane inserted in bulk GaAs. 
Moreover, we have used a finite-square-well model 
to estimate the charge carrier confinement energies 
and to study the variation of the superlattice bandgap 
Eg versus the barrier thickness. 

Our results show that the InAs/GaAs strained 
dopant-monolayer/host-crystal system forms a type-I 
heterostructure, where the InAs slab acts as a quan- 
tum well localizing both electrons and holes. The 
multiple quantum well regime is predicted to be for a 
barrier thicknesses Lb > 400 A. Whereas superlat- 
tice-like structure is expected for smaller barrier 
thicknesses. 

Finally, in the case of a single quantum well 
(Lb -» «0, one obtains an interband e-HH transition 

of 0.04 eV smaller than the bandgap of the host 
GaAs crystal. This result is consistent with the pho- 
toluminescence experiments. Hence, such het- 
erostructure could find fascinating applications for 
the bandgap engineering and the control of the spa- 
tial charge carrier distribution. 
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Abstract 

The layer systems Si/GaSb/Si and Si/CaF2/Si(l 11) are fabricated by MBE. The thickness of the interlayers are about 
1 monolayer and a few nm. The composition and geometric structure of the layer systems is studied with MEIS. The systems 
are well suited for MEIS-studies because both the GaSb and CaF2-signals in the MEIS spectra can be separated from the 
silicon background. CaF2 has almost the same lattice constant as silicon. It turns out that Si/CaF2/Si(lll) can be grown 
epitaxially for an interlayer thickness of about 5 nm. This has been earlier found by other groups for layer systems with 
larger thicknesses. An attempt to produce corresponding systems with a CaF2 thickness of only 1 monolayer resulted in 
diffusion of CaF2 from the interface. The lattice constant of GaSb is about 12% larger than that of silicon making epitaxial 
growth by far more difficult. Partly epitaxial GaSb-islands are observed for deposition at about 200°C. In this case, the 
attempt to produce a system with GaSb thickness of only 1 monolayer by overgrowth of GaSb with silicon at 200°C and 
heating the system to 600°C yields an epitaxial silicon cap layer. GaSb remains at the interface. For the quantitative analysis 
of the MEIS data Monte Carlo calculations of the ion trajectories are performed for comparison with the experimental 
spectra. The simulations take into account all shadowing and blocking effects in the layer systems. The simulations show 
that MEIS is an excellent method to determine the orientation of GaSb-dipoles quantitatively. 

1. Introduction 

Heterostructure systems with thin interlayers in 
the monolayer range might be favourite systems for 
new applications in semiconductor engineering. Es- 
pecially systems with thin dipolelayers are of interest 
due to the probability of manipulating the bandoffset 
[1-3]. Most studies in this area have been made on 
III-V heterostructures with thin group IV materials 
(Si,Ge) as interlayers [3-7]. Some work has also 

Corresponding author. 

been reported on III-V interlayers in group IV semi- 
conductors [8]. Theory suggests that the size of the 
bandoffset is strongly related to the geometric struc- 
ture of the interface and especially to the orientation 
of the interface dipole [9]. Experimental studies of 
the geometrical structure at the interface have, how- 
ever, not been performed up to now. Earlier MEIS 
studies [10] on GaAs/Si/AlAs with silicon interlay- 
ers in the monolayer range have contributed to an 
understanding of the variation of the bandoffset with 
silicon interlayer thickness but a detailed characteri- 
zation of the interface structure was not possible due 
to the fact that the MEIS signal from the silicon 
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interlayer is too weak and hidden by the AlAs 
background. 

This work describes first results of a project, in 
which ultrathin interlayers (thickness = monolayer) 
of heavier materials are incorporated between a sili- 
con substrate and an epitaxial silicon caplayer. The 
composition and geometric structure of the systems 
is studied with MEIS. As first candidates for the 
interlayer material, GaSb and CaF2 were chosen, 
because their signals in the MEIS spectra can be 
separated from the silicon background. Before sys- 
tems with thicknesses in the monolayer range are 
produced the deposition conditions For CaF2 and 
GaSb are optimized by deposition and characteriza- 
tion of thick films (several nm). 

2. Experimental 

The layer systems are grown by molecular beam 
epitaxy (MBE) on well oriented (miscut < 0.5°) 
Si(100) and Si(lll) substrates. The substrates are 
loaded into the MBE system by means of a vacuum 
transfer system and mounted on a heatable manipula- 
tor. The substrate temperature is measured by means 
of a thermocouple which is fixed at the heater and 
close to the substrate. The temperature measurement 
is calibrated by means of a thermocouple at the 
sample surface (only possible if samples are loaded 
by hand at atmospheric pressure) and at temperatures 
above 800°C with a pyrometer. To remove the oxide 
from the substrate surface, the sample is annealed at 
500°C for five min and then heated to 850°C for two 
min. 

CaF2, Ga and Sb are evaporated from effusion 
cells with boron nitride crucibles. The deposition 
rates are 0.3 nm per min in the case of CaF2 and 1 
nm per min for GaSb at a substrate temperature of 
200°C. Evaporation of CaF2 from a Ta crucible, 
which was made first, results in an incorporation of 
small amounts of Ta (< 0.2%) into the systems. 
Silicon is evaporated by electron beam evaporation. 
After deposition the samples are transferred to the 
MEIS system. 

For the MEIS studies we use a 300 keV He+ ion 
beam. The beam spot on the sample is rectangular 
with 1.8 mm horizontal size and 0.9 mm vertical 
size. The samples are mounted on a high precision 

manipulator, which allows three rotations and two 
translations lateral to the beam. The energy of the 
backscattered ions is determined by use of a toroidal 
electrostatic analyser (TEA). The energy resolution 
AE/E of the whole system (energy width of ion 
beam and TEA resolution) is 5 X 10~3. The TEA 
accepts an angular distribution of 20° in the scatter- 
ing plane simultaneously. The angular resolution is 
better than +0.15°. A typical ion dose during a 
measurement with TEA is 100 fiC. Measurements 
can also be performed with a surface barrier detector. 
In this case the energy resolution is only 9 keV 
FWHM but the required ion dose for an energy 
distribution of backscattered particles is reduced to 
about 1 fiC. The yields measured with the surface 
barrier detector were converted into number of 
monolayers by the method given in [11]. For the 
TEA measurements the energy dependence of the 
analyser transmission and of the He-charge state 
were in addition taken into consideration. They have 
been determined in detail elsewhere [12]. 

3. Results and discussion 

5.7. CaF2/Si(lll) and Si/CaF2/Si(lll) 

CaF2 is a good candidate for an epitaxial inter- 
layer in silicon, because the lattice mismatch is only 
0.6% at room temperature. A dipole can occur if the 
bonds of CaF2 with the silicon substrate and the 
silicon cap layer are different, e.g. Si-F bonds at the 
top interface and Si-Ca bonds at the substrate inter- 
face. There have been a couple of earlier studies on 
the system Si/CaF2/Si [13] which show an epitaxial 
growth of CaF2 on Si(lll) and Si(100) with thick- 
nesses in the range between 50 and 100 nm. To our 
knowledge studies on CaF2 interlayer systems with 
smaller thickness (< 5 nm), and especially of 1 ML 
CaF2, have up to now not been reported. Systems 
with 1 ML CaF2 on Si(lll) have been investigated 
very intensively [14-16]. For this case one observes 
formation of a monolayer CaF, i.e. one F atom 
desorbs into the vacuum. 

Fig. la shows the MEIS spectra for a system with 
15 nm CaF2 on Si(lll). The CaF2 is deposited at a 
substrate temperature of 700°C. The spectra show the 
results for ion incidence along a random direction 
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Fig.  1. (a) Top: MEIS spectra for 15 nm CaF2 /Si(lll). (b) 
Bottom: MEIS spectra for 5 nm Si/CaF2 /Si(lll). 

(D) and for ion incidence along the [110] axis in 
CaF2 (•). In the random spectrum (D) the backscat- 
tering signal due to Ca is found between 210 and 
230 keV, the signal due to backscattering from F is 
obtained between 150 and 170 keV. All other contri- 
butions belong to backscattering from silicon. The 
ratio of the integrated peak intensities of Ca and F is 
2.5. This value is expected for CaF2, because the 
scattering cross section is proportional to the square 
of the atomic number. The Ca and F yield is drasti- 
cally reduced for channelling along the [110] axis 
(•), while the silicon yield is only reduced to about 
50% of the random yield. In a corresponding mea- 
surement for the same ion incidence direction but 
with 6 = 109.5° we observe, however, also a drastic 
reduction of the silicon yield due to [110] blocking in 

the silicon substrate. This is due to the fact that — 
as reported in earlier work [17,18] — the CaF2 layer 
is rotated by 180° with respect to Si(lll). 

Fig. lb shows the MEIS spectra for a system of 5 
nm Si on 6 nm CaF2 on Si(lll). The CaF2 layer was 
deposited at 700°C. The silicon layer was grown at a 
substrate temperature (7"Sub) of 200°C and annealed 
to 600°C immediately after deposition. We obtain a 
peak at 225 keV due to backscattering from Ca, at 
205 keV due to backscattering from the silicon 
toplayer and at 165 keV due to F. All other contribu- 
tions belong to backscattering from the substrate. 
Again a spectrum for ion incidence along random 
directions (D) and parallel to the [110] channelling 
direction in CaF2 (•) is displayed. In this case the 
spectrum for 0=109.5° is shown resulting in a 
reduction of the silicon substrate yield due to [110] 
blocking. Comparing the different intensities of the 
Ca random and channelling yields we find a good 
epitaxial growth for CaF2 (also the F signal vanishes 
in the channelling spectra) while the silicon toplayer 
is not perfectly epitaxial: the blocking yield is only 
40% of the random yield. We obtain a double peak 
for the Ca signal with single peaks at 229 and 224 
keV. This indicates that 10% of the CaF2 is at the 
surface which is probably due to the fact that only 
90% of the CaF2 is covered with Si-islands. Some 
groups have reported that for thicknesses < 10 nm 
silicon island growth for silicon on CaF2 occurs [17]. 

Results for 1 ML CaF2 in silicon are given in Fig. 
2. CaF2 was deposited at 7Sub = 700°C. To get a 
smooth silicon overlayer we deposited silicon at a 
temperature of about 150°C [19]. The yield between 
200 and 205 keV is due to backscattering from the 
silicon toplayer and the yield below 200 keV due to 
backscattering from the silicon substrate. There is no 
difference in the channelling and random yield be- 
tween 200 and 205 keV. The silicon toplayer is thus 
not epitaxial. The peak at 226 keV is due to 
backscattering from Ca at the interface. (A signal 
from Ca at the surface would occur at 230 keV.) If 
the sample is stepwise annealed to 550, 700 and 
850°C each step for 5 min, the Ca signal moves to 
higher energy and becomes broader (see Fig. 2b). 
The peak vanishes at 850°C. On the other hand, we 
find a very good crystallization of the silicon top 
layer while the temperature is too low for a desorp- 
tion of silicon from the sample. It is also compatible 
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with the MEIS data, that the heating results in the 
growth of epitaxial Si-islands and Ca occurs then at 
the surface. An F signal was not visible for any 
measurement. This suggest either that F is not built 
in under our preparation conditions or ion damage 
and a displacement of F occurs during the ion bom- 
bardment. One should also note, however, that for 
this system and experimental geometry we work at 
the detection limit for F. This will be studied in more 
detail in the near future using a scattering geometry 
(smaller 8) which is more sensitive to F detection 
and minimizes the ion damage on the sample. 

3.2. Si/GaSb/Si 

GaSb has a lattice constant that is about 12% 
larger than that of silicon. This will make an epitax- 
ial growth of smooth GaSb layers on silicon by far 
more difficult. We hope, however, that, nevertheless, 
for thin interlayers in the monolayer range an epitax- 
ial growth is possible. The system Si/GaSb/Si is 
well suited for MEIS studies, because both the Ga- 
and Sb signal can be separated from the silicon 
background. For thin layers (1-10 ML), the Ga- and 
Sb signal will also be separated, this makes studies 
of the geometric structure easier. In addition the 
cross section for ion backscattering is considerably 
larger for Ga and Sb than for silicon. Deposition of 
Ga and Sb at TSub = 450°C results in Ga islands and 
a monolayer Sb layer on silicon (see Fig. 3a). Stoi- 
chiometric GaSb has been found by a deposition 
below rSub = 400°C while the Sb supply is consider- 
ably larger than that of Ga. 200°C is the temperature 
for GaSb homoepitaxy. It turned out that deposition 
of Ga and Sb on Si(lll) at 200°C results in flat 
partially epitaxial GaSb islands. Fig. 3b shows re- 
sults obtained for these deposition conditions. 12 nm 
GaSb islands on Si(lll) are overgrown by 14 nm Si 
at 200°C. The ratio of Ga- and Sb peak intensities is 
roughly 2.7 as expected for GaSb. There is no 
difference visible between the Ga- and Sb yield for 
channelling and random ion incidence. A corre- 
sponding experiment with surface barrier detector 
shows, however, that such a difference exists indeed 
(inset Fig. 3b), if the ion dose is kept below ca. 10 
/xC. GaSb turns out to be extremely sensitive to 
radiation damage by the ion beam. Similar radiation 
damage sensitivities have been earlier reported by 
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Fig. 2. MEIS spectra for 7.5 nm Si/1 ML CaF2/Si(lll). (a) 
Top: spectra for ion incidence along [110] and a random direction, 
(b) Bottom: spectra for ion incidence along [110] after deposition 
and after annealing at 3 different temperatures. 

Smit and van der Veen for GaSb(l 10) [20]. Despite 
this fact they were able to perform an excellent 
characterisation of the surface geometric structure. 
They used backscattering geometries with 0 = 45 
and 60 degrees (the backscattering cross section is 
then by a factor of ca. 20 larger than in the present 
case) and used about 20 different spots on the sam- 
ple for one structure analysis. By this procedure they 
kept the ion dose on the sample below 6 X 1014 

ions/cm2 corresponding to 2/J,C in our case. For our 
case of buried III-V layers this technique was also 
applied, but it resulted in an overlap of the Ga and 
Sb signal either due to GaSb island formation or/and 
thickness variation of the silicon cap layer. 

In Fig. 4, we present our results for 1 ML GaSb 
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Fig. 3. (a) Top: MEIS spectra for Ga and Sb on Si(100). The total 
Ga and Sb amount corresponds to 1 ML GaSb. Deposition 
occurred at 450°C. The broad distribution of Ga is probably due to 
Ga islands, (b) Bottom: MEIS spectra for 14 nm Si/12 nm 
GaSb/Si(lll), deposition at 200°C; inset: measurement with 
surface barrier detector, 9 = 170°. 

on Si(100). The GaSb layer is covered by a 12 nm 
silicon layer in order to obtain a crystalline silicon 
cap layer. Silicon is in this case deposited at rSub = 
200°C and annealed at 600°C after deposition. Again 
the results for random ion incidence (D) and for ion 
channelling along the [100] axis are given. Compar- 
ing the random- and channelling yield intensities of 
silicon we find a sharp surface peak, a strongly 
reduced yield behind it and an interface edge be- 
tween 170 and 180 keV. This is the backscattering 
contribution of the toplayer which turns, thus, out to 
be of high epitaxial quality. Two antimony peaks, 
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Fig. 4. MEIS spectra for 12 nm Si/1 ML GaSb/Si(100); inset: 
measurement with surface barrier detector, 6 = 170°. 
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measurement with surface barrier detector, 0 = 170°. 
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one due to backscattering from the surface and one 
from the interface are found at 270 and at 258 keV. 
A Ga peak due to backscattering from the interface 
is found at 238 keV. There is, however, no Ga signal 
due to backscattering from the surface. This result 
means that a small amount of antimony diffuses to 
the surface during the silicon deposition or annealing 
the sample at 600°C but in contrast to the CaF2 

interlayer GaSb remains at the interface and an 
excellent cap layer is obtained already at annealing 
temperatures of 600°C which is possibly due to an 
influence of Sb. A significant difference for the 
random and channelling yield in both, gallium and 
antimony is again not obtained in the spectra. In 
order to find out whether GaSb is deposited without 
epitaxial order or whether this order is destroyed by 
the ion beam, an additional experiment is made with 
the surface barrier detector. The inset in Fig. 4 shows 
the results for a random (D) and [100] channelling 
(•) ion incidence and for an ion dose of 1 
ftC/mm"2. A significant reduction (30%) in the 

channelling yield is found. The peak width in the 
TEA spectra of the Sb and Ga interface peak in Fig. 
4 is broader than that one would expect for one 
monolayer. Two explanation can be given. Firstly, it 
is possible that the GaSb has been grown in partially 
epitaxial islands with an average thickness of 3 nm, 
so that only 10% of the silicon surface is covered by 
the GaSb. This would also explain the good epitaxial 
growth of the silicon toplayer. Secondly, it is possi- 
ble that we have a smooth and abrupt GaSb layer 
which is partially epitaxial and that the silicon 
toplayer has a surface roughness of about 3 nm, 
which results in the same MEIS spectra. To distin- 
guish between both cases, TEM investigations will 
be made. MEIS results on Si/GaSb/Si(lll) which 
was deposited at the same conditions as the sample 
of Fig. 4 are presented in Fig. 5. We find an even 
better epitaxial silicon toplayer and a GaSb layer 
which remains located at the interface after anneal- 
ing at 600°C. The intensities of the GaSb peak from 
the interface are compatible with 2.5 ML GaSb. 

Si/GaSb/Si(100) Si/SbGa/Si(100) 

Fig. 6. Computersimulation of MEIS spectra. Top: models of the layer system with GaSb in two opposite dipole orientations. Bottom: 
calculated MEIS spectra for normal incidence of 250 keV He+ along the systems in the upper part of this figure. The backscattered ions are 
collected in the (110) plane close to the [111] blocking direction. 
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4. Monte Carlo simulations of MEIS spectra 

A Monte Carlo program has been written [21,22] 
which allows to perform calculations of MEIS spec- 
tra for arbitrary directions of ion incidence, arbitrary 
detection directions of the analyzer and several dif- 
ferent types of epitaxial layer systems. The basic 
principles are identical with those in Refs. [23] and 
[24]. In contrast to those works which were opti- 
mized for surface structure analysis and calculated 
the outgoing trajectories as an inverse channelling 
process, we calculate the trajectories of outgoing 
particles from different depths of the layer system in 
the direction of the TEA. Energy losses can then be 
incorporated in the calculations in a more natural 
way also for systems with large number (e.g. 200) of 
monolayers. The upper part of Fig. 6 shows the 
model of a layer system with GaSb dipoles. In the 
lower part, the calculated spectra for the two differ- 
ent dipole orientations are given. Ion incidence oc- 
curs normal to the surface. In the one case the Ga 
yield is reduced at detection angles near 54.7° which 
corresponds to a [111] blocking direction, in the 
other case it is the Sb yield which is reduced. This 
simple example shows that the orientation of dipoles 
can quantitatively be determined by MEIS, if experi- 
ments are successful enough in the preparation of 
such samples. 

silicon epitaxy of about 4 nm of the silicon cap layer 
but after this procedure Ca is again detectable at the 
surface either due to Ca diffusion to the surface or 
due to creation of silicon islands. After heating to 
850°C the MEIS spectrum is identical with that of a 
Si(lll) crystal. Si epitaxy has therefore occurred up 
to the surface of the cap layer but CaF2 is then 
neither found at the interface nor at the surface of the 
sample. 

The lattice constant of GaSb is about 12% larger 
than that of silicon making epitaxial growth by far 
more difficult. Partially epitaxial GaSb islands are 
observed for deposition at TSub = 200°C. These lay- 
ers are extremely sensitive to radiation damage by 
the incident ion beam. In a system with one mono- 
layer GaSb on Si(100) with a 12 nm caplayer of 
silicon which is deposited at rSub = 200°C GaSb 
remains at the interface when the sample is annealed 
at 600°C. The cap layer is then almost completely 
epitaxial and for GaSb some epitaxy is also detected. 

In order to get even more quantitative information 
from the MEIS spectra a computer program has been 
developed, which allows to calculate MEIS spectra 
and which takes into consideration all shadowing, 
channelling and blocking effects. An example calcu- 
lation for GaSb dipole layers in silicon shows that 
MEIS is well suited to determine dipole orientations 
at such interfaces. 

5. Conclusion 

We have presented first results of a project in 
which ultrathin (thickness ~ monolayer) interlayers 
are incorporated between a silicon substrate and a 
silicon cap layer. The geometric structure of these 
systems is studied by MEIS. A 15 nm CaF2 film 
grown at 700°C turns out to be epitaxial, smooth and 
rotated by 180° with respect to the Si(lll) substrate. 
Deposition of 5 nm silicon on such CaF2 films at 
TSub = 200°C and heating to 600°C after deposition, 
results in a sample with about 10% CaF2 at the 
surface, probably due to island growth of silicon. 
The silicon layer is only partially epitaxial. Deposi- 
tion of a monolayer CaF2 at 700°C and subsequent 
silicon deposition at 200°C results in a system with 
Ca at the interface and no detectable amount of CaF2 

at the surface. The 7.5 nm silicon cap layer is 
amorphous. Heating the sample to 700°C results in a 
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Abstract 

Clustering is a phase separation process often observed in growth on surfaces and of technological relevance in 
heteroepitaxy. Cluster size distributions for three-dimensional cluster ripening on surfaces has been studied to test 
predictions for the dependence of ripening on finite areal cluster fractions. We show that the distribution broaden relative to 
the mean field model and also exceed the increase in width predicted in simulations for three-dimensional systems caused by 
the interaction between neighboring clusters. The observed data are in significant disagreement with the model and the 
simulations in respect of the skewness of the cluster size distributions which can be associated with unexpectedly intensive 
coalescence effects even at areal coverages as low as 10%. 

1. Introduction 

Phase separation phenomena on surfaces are an active field of fundamental research in non-equilibrium 
thermodynamics. Many theoretical and simulation studies offer increasing insight into phenomena such as the 
self-similar evolution of the surface morphology. A growing number of experimental studies try to test the 
complex and divers predictions [1-3]. 

Epitaxial growth of thin semiconductor films is an interesting case to apply these concepts and to try to 
benefit from the results. This ranges from just identifying growth parameters to suppress adverse effects of 
phase separation to intentionally employing these phenomena to improve structural film features or to achieve 
otherwise unaccessible patterns. Examples include the growth of tilted superlattices, the use of surfactants to 
improve the quality of metastable heteroepitaxial films and Tow temperature epitaxy' where epitaxial growth 
involves nucleation and island growth to complete a new layer. 

A detailed understanding of the phase separation processes is required to systematic apply these concepts in 
epitaxial growth. This level has not been reached. In particular, transitions between different cluster growth 
processes are not well characterized [4] and even the description of well defined processes, such as ripening, is 
still over-simplified for typical film growth conditions. 
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A problem of this type is studied in this paper: deviations of the cluster size distribution from theoretical 
predictions for late stage ripening, i.e., the growth of larger clusters at the expense of smaller clusters due to the 
capillarity effect. The dependence of the cluster size distribution on the areal fraction of clusters on the surface 
will be quantified, indicating that an increasing areal cluster coverage (a) leads to increasing interaction between 
neighboring clusters which results in a broadening of the distributions and (b) increases significantly the 
probability of coalescence events, i.e., the merging of clusters upon contact, which can be linked to a skewness 
of the distribution with a tail toward larger cluster sizes. 

2. Theoretical concepts 

During deposition of a molecular beam on a substrate, the increasing saturation of adatoms shifts the system 
often into a regime of the surface phase diagram where the single phase is not stable any more. As a result, the 
system shows a propensity toward surface phase separation processes through clustering [5]. The clustering 
process best understood theoretically is Ostwald ripening. A description of ripening on surfaces has to be based 
on the Gibbs-Thomson effect, mass conservation, the mass transport mechanism of monomers and any 
applicable cluster-cluster interaction effect. To obtain an analytical solution, the cluster-cluster interactions 
have to be neglected, leading to a mean-field description applicable at zero volume fraction of the dense cluster 
phase. This description has first been given by Lifshitz and Slyozov (LSW-theory [6]). A necessary condition 
for the late stage is that the free adatom diffusion fields of all individual clusters overlap. As a consequence 
clusters larger than the average size will have an equilibrium concentration which is smaller than the actual free 
adatom concentration and grow, clusters smaller than the average size dissolve at the same time with a net 
transport of material from smaller to larger clusters. The quantitative predictions of the LSW theory include: 

(i) A power law for the growth of the average sized cluster with time. Limiting the discussion to cases where 
the mass transport is limited by surface diffusion, we get 

rc(0 = r0(\+t/Tn) 
\/n 

(1) 

where rc(f) is the critical cluster radius, i.e., the radius of those clusters which are in equilibrium at time t with 
the free adatom concentration, T is a temperature dependent time constant and n = 3 for three-dimensional 
clusters in solution or two-dimensional islands on a surface and n = 4 for three-dimensional clusters on a 
surface. 

(ii) A cluster size distribution f(r, t) which becomes time independent if rescaled using the critical cluster 
size at time t ('statistical self-similarity'). Two distributions will be considered in this paper, the distribution for 
three-dimensional clusters in a solution [5,6]: 

/( P. 0 = 
V33P 

(l+f/r)4/3l3 + p/     lp-3/2 

7/3 ■3/2 11/3 

exp 
P-3/2 

(2a) 

with p = r/rc(t) < 3/2 (dashed curve in Fig. 1) and the distribution for three-dimensional clusters on a surface 
[5,6]: 

v32p 
exp 
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1 P + 4/3 
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with p < 4/3 (solid curve in Fig. 1). v33 and vn are numerical constants. 

(2b) 
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Fig. 1. Cluster size distributions for Ostwald ripening dominated cluster growth (LSW model). The dashed line represents three-dimensional 
clustering in solution (Eq. (2a)) and the solid line represents three-dimensional clustering on a surface (Eq. (2b)). 

The power law has been confirmed experimentally for several systems on surfaces [7]. Less successful were 
attempts to match experimental cluster size distributions with the model predictions in Eqs. (2a) and (2b) and 
this issue is the topic of the current study. 

The starting point are several recent simulation studies which predict a connection between the deviations 
from the ideal cluster size distribution and the areal fraction of clusters which is associated with local 
interactions of neighboring clusters. Grant et al. [8] recently published a theoretical study on this effect which 
critically discusses the underlying physical concepts of these simulations. If this connection can be demonstrated 
experimentally, we would not only obtain better predictions for cluster size distributions, but also gain insight in 
the interaction of clusters on surfaces. 

The simulations include the cooperative effects of the droplets which give rise to the dependence on the 
droplet volume fraction beyond the LSW mean field theory [8-14]. Statistical mechanics methods are used to 
incorporate effects due to interactions between immobile, spatially correlated droplets. The correlations are 
generated by a cumulative effect of droplet interactions with time through the diffusion field, analogous to the 
well-known correlations between particles generated by intermolecular forces in gas dynamics. In some studies, 
particular focus was given to the effect of diffusive correlations between nearest neighboring clusters, showing 
their particular relevance in the development of the distribution. The growth of clusters in that study was 
specifically limited to the diffusive influence in the immediate vicinity of a cluster. 

Since the simulations are usually done for either two-dimensional islanding on a surface or three-dimensional 
clustering in solution, however, we have to keep in mind that they do not strictly apply to clustering in thin film 
growth, which is the experimental case discussed in this paper '. In particular the surface coverage fraction itself 
becomes a decreasing function of time, increasing the likelihood of coalescence processes which occur at very 
high areal cluster coverages. 

3. Results and sample analysis 

Results are reported in this section for four different systems, (i) Ga on Si(l 11), (ii) Ge on Si(100), (iii) Sn on 
Si(lll) and (iv) In on Si(lll); the Ga, Sn and In samples were prepared in the same ultra-high vacuum 

Note that a recent simulation of the geometry present in thin film growth has been done by Atwater and Yang [15] but cannot be used 
for comparison due to the use of an alternative mass transport mechanism which results in another power law than underlying our 
experimental data. 
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deposition system with a base pressure of 1 X 10"l0 mbar (University of Western Ontario), the Ge data are 
based on previously published measurements done at Bell Laboratories [4]. Si substrates were prepared by the 
Shiraki method [16]. Metal deposition was obtained from Knudsen cells with the sample held at room 
temperature. Annealing was done as a post-deposition process to ensure mass conservation conditions during 
cluster growth. Material loss due to desorption can be ruled out based on independent measurements of 
desorption rates (see e.g. [17]). The amount of deposited material was measured after completion of the 
experiment using ex-situ ion scattering techniques [18]. 

RCA; 
Mfl 

läUÖümB 

(b) 

3 um 

Fig. 2. (a) Two SEM micrographs for Ga/Si(lll) at 7.2 ML equivalent coverage corresponding to an areal coverage of 8.3% (left) and 48 
ML equivalent coverage corresponding to an areal coverage of 24.6% (right), (b) SEM micrograph for In/Si(l 11) at 21.8 ML equivalent 
coverage corresponding to an areal coverage of 11.3%. 
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Fig. 3. (A) Cluster size distributions for Ga/Si(l 11), (a) 3.4 ML, (b) 7.2 ML, (c) 17.5 ML and (d) 49 ML equivalent coverage. N is number 
of clusters per unit area and per bin width, r the mean radius as defined in Eq. (3). (B) Cluster size distribution for In/Si(lll) with 
equivalent 21.8 ML coverage after annealing at 375°C for 35 min. Shown is ln(A0 versus r/f to emphasize smaller cluster numbers in the 
tails of the distribution. 



674 R. Barel et al./Applied Surface Science 104/105 (1996) 669-678 

The specific preparation conditions were (a) for Ga/Si: coverages ranging from 2.5 X 1015 atoms/cm2 (3.3 
monolayer (ML)) to 4 X 1016 at/cm2 (48 ML), each identically annealed at 535°C for 30 min, resulting in 
average cluster radii of 500 A; (b) for In/Si: samples with 6.4 and 21.8 ML, post-deposit annealed at 375°C for 
35 min, resulting in typical cluster radii of 500-1000 A; and (c) for Sn/Si: coverages of 5 and 50 ML, 
post-deposit annealed at 400°C for 20 to 240 min, resulting in average cluster sizes in the range of 1 -2 /xm 
[19]. (d) The Ge/Si data are based on 9 ML deposition with 10 min annealing at 650°C, resulting in average 
cluster radii of 3000 A [4]. 

Cluster size distributions were studied in all cases with ex-situ electron microscopic techniques. Fig. 2a 
shows two micrographs for Ga/Si(lll) at 7.2 ML equivalent coverage (left) and 48 ML equivalent coverage 
(right); Fig. 2b shows a micrograph of In/Si(lll) at 21.8 ML equivalent coverage. Note the qualitative 
tendency toward a bimodal size distribution for the In and the higher coverage Ga samples. 

From the micrographs cluster size distributions were obtained. To limit the influence of lateral thermal 
gradients across the surface, clusters in a smaller area (within 1 X 1 mm2) near the center of the sample were 
analyzed. Cluster size distributions for four Ga coverages, (a) 3.4, (b) 7.2, (c) 17.5 and (d) 49 ML on Si(l 11) are 
shown in Fig. 3a. Normalized numbers of clusters (per unit area and per bin width) are plotted versus r/f, with 
r the mean radius as defined in Eq. (3). 

r(to)=      r/(r,r0)drwith/   f(r,t0)dr=l (3) 
•'o •'o 

Each plot represents typically 1000 clusters analyzed on three to five micrographs taken at the same 
magnification. The distribution for the sample with the lowest coverage represents only about 500 clusters due 
to the low cluster density on the surface. As a result data at low coverages carry a larger statistical error. 

Cluster size distributions in the cases of In and Sn on Si(l 11) were obtained with a computer based image 
analysis program typically based on 2000 clusters from five to ten micrographs at magnifications ranging from 
10k to 50k. Fig. 3b shows the In cluster size distribution obtained for a sample with equivalent 21.8 ML 
coverage after annealing at 375°C for 35 min. Note that in this plot the logarithmic normalized number of 
clusters is shown versus r/r. This representation is more sensitive to lower numbers of clusters as required for 
the discussion of coalescence effects. 

In many theoretical studies, changes of the cluster size distribution with volume fraction are quantified by 
calculating the first moments of the cluster size distributions. We will consider the standard deviation (a) and 
the skewness (K ), with 

'oU'o) 
1    f(r,t0)dr 

*. = -rf( er   Jo \ H*o) 
1    f(r,t0)dr (4) 

The standard deviation is a measure of the width of the distribution and the skewness is a measure of the 
asymmetry of the distribution. 

4. Discussion 

Fig. 4a and 4b show plots of Acr/cr(<P= 0) with Acr= a(<P) - a(<P = 0), i.e., the relative change in the 
standard deviation (in percent) with areal coverage, <P. Both figures show the same data, with Fig. 4a using a 
linear <£>-axis and Fig. 4b using a logarithmic <2>-axis to highlight the dependence on smaller coverages. This 
representation was chosen instead of a plot of a vs. <P for the following reason: the standard deviation and 
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Fig. 4. Plots of the relative increase of the standard deviation width of the cluster size distributions (in %) versus areal coverage fraction <P. 
(a) linear <P axis, (b) logarithmic <P axis to highlight smaller coverages. Solid lines represent simulations for three-dimensional systems by 
Marqusee et al. (M3 [9]), Enomoto et al. (E3 [10]), Voorhees et al. (V3 [11]) and Davies et al. (D3 [12]). The dashed line is a simulation for 
a two-dimensional system by Marqusee (M2 [13]). The symbols for the experimental data are indicated in the inset. 

skewness values vary for the two distributions in Eqs. (2a) and (2b) with a= 0.21 and Ks = —0.9 for Eq. (2a) 
and a = 0.16 and Ks= —1.3 for Eq. (2b). This can be seen in Fig. 1 where the solid curve has a narrower peak 
and the peak is skewed stronger to higher r/rc(?)-values. Thus, absolute values of a can only be compared if 
the same underlying geometry is given; in the current case, where simulations are only available for entirely 
three- or two-dimensional systems, a comparison with the relative change is more appropriate. 

The solid lines represent simulations for three-dimensional systems; the label M3 identifies work by 
Marqusee et al. [9], E3 work by Enomoto et al. [10], V3 work by Voorhees et al. [11] and D3 work by Davies et 
al. [12]. For volume fractions < 6%, Grant et al. [8] confirmed in a theoretical study the predictions by 
Marqusee and Enomoto using a mean field model. The dashed line is a simulation for a two-dimensional system 
by Marqusee [13]. For areal fractions up to 8.5% Grant et al. [8] again found agreement between the simulation 
and a mean field model approach. The variable symbols represent experimental data for different systems as 
indicated in the inset. 

The experimental cluster size distributions show clear deviations from both, the basic LSW theory 
(Acr/o-(0) = 0) and the simulation predictions. Standard deviations of experimental distributions exceed the 
LSW value by 40% and more. This trend continues to cluster densities as small as 0.1% (see Fig. 4b). The 
experimental data exceed also the simulation values for finite volume fractions, typically by a factor of two. The 
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1.5 

Fig. 5. Skewness of cluster size distributions versus the areal coverage <P. Notations are the same as for Fig. 4. 

qualitative features of the simulations, i.e., that broadening increases with volume fraction with a steeper 
increase below 10%, are also present in the experimental data. 

Fig. 5 shows a plot of the skewness of the distributions, Ks, as defined in Eq. (4), versus the areal coverage, 
<P. Although, KS(<P = 0) also depends on the dimensionality of the system, the absolute value is shown to 
emphasize the variation in sign. Notations of solid, dashed lines and symbols are the same as in Fig. 4. Note that 
the statistical error on Ks increases significantly for smaller areal coverages, and therefore no values are shown 
for the Sn/Si system. 

Again, the experimental cluster size distributions show clear deviations from both, the basic LSW theory 
(labelled LSW on the axis of the plot) and the simulation predictions for three- or two-dimensional systems. The 
data disagree in this case also qualitatively. While the simulations predict distributions with negative skewness 
which become more symmetric with increasing volume fraction, the experimental data show consistently 
positive skewness values with the tail toward larger cluster sizes increasingly distinguishable for larger areal 
coverages. 

Thus, Fig. 4 and Fig. 5 show that the experimental data follow a similar trend toward broader distributions as 
seen in simulations, with a stronger absolute effect, but that the origin of a tail toward larger cluster sizes in the 
distributions is not predicted in simulations. Two physical concepts explain these findings, (i) the degree of 
cluster-cluster interactions of three dimensional clusters on a surface (a case not directly studied in simulations) 
and (ii) concurrent coalescence during the evolution of the morphology. 

4.1. Cluster-cluster interactions 

As shown in a large number of simulations, cluster-cluster interactions tend to widen the cluster size 
distribution and increase the value of the skewness of the distribution toward zero (i.e., symmetric distribution 
curves). This effect also applies in the current system, since the presence of diffusive fields around clusters 
underlies the cluster growth process in the same fashion as assumed in the simulations. 

Further support of the concept comes from a second prediction of the simulations which has been confirmed 
for the experimental data: using the model with neighboring cluster interactions through diffusive fields (a) the 
volume fraction dependence does not change the time dependence of the cluster radius growth (power law) but 
(b) has a minor effect on the absolute growth rate. This variation in growth rate as a function of areal coverage 
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has been studied experimentally for Sn/Si [19] and a rate increase of the same order of magnitude as in the 
simulations was observed. 

The larger broadening of the experimental distributions is due to the difference in dimensionality to the 
simulations since we study three-dimensional clusters on surfaces. This implies that the areal coverage for the 
present data is a decreasing function of time, d<£>(?)/df < 0, and the analyzed distribution will carry information 
of previously higher areal fractions. This contrasts the current study with all available simulations for diffusion 
limited growth of three- or two-dimensional systems, where the volume fraction or areal fraction will practically 
be conserved during late stage cluster growth. 

4.2. Concurrent coalescence 

The qualitative disagreement in skewness data is caused by significant coalescence rates, an effect not 
considered in the simulations. The higher areal coverage sample in Fig. 2a and the sample in Fig. 2b show a 
qualitative tendency toward bi-modal distributions. As Fig. 3A and 3B show, a genuine bi-modal character has 
not been developed, however, particularly the logarithmic representation of the In/Si distribution shows clearly 
a range of few, but large clusters extending significantly beyond the extrapolated slope of the peak of the 
distribution. For Ga/Si this feature is less distinct and contributes more directly to the steepness of the peak at 
larger cluster sizes. A tendency toward bi-modality of a distribution is closely linked to coalescence growth 
[2,20]. Even in a non-mass conserved system, where coalescence growth may dominate the evolution of the 
cluster size distribution, the actual formation of a distinctive minimum in the distribution will take rather long 
[20]. For immobile clusters, von Smoluchowski showed already that rate of growth will be inversely 
proportional to the volume fraction for coalescence [21], but if coalescence occurs in a system, the growth rate 
will be higher than for ripening growth as shown in an experimental study for Ga/GaAs(001) [2]. Thus the 
result of coalescence events will always be visible at the upper end of a cluster size distribution which is 
dominated by ripening growth. 

5. Conclusion and outlook 

We have shown that the width of the cluster size distributions for three-dimensional cluster ripening on 
surfaces broadens relative to the mean field model (LSW theory) and also exceeds the increase in width 
predicted in simulations of three-dimensional clustering in solution or two-dimensional islanding on surfaces. 
The physical origin of this effect is the interaction between neighboring clusters through the diffusive field. The 
excess broadening in the experiments is caused by the decreasing areal fraction in the case of three-dimensional 
clustering on a surface. 

The observed data are in significant disagreement with the mean field model and the simulation results in 
respect of the skewness of the cluster size distributions. This can be linked to coalescence events which can be 
shown to play an important role even at areal coverage fractions of only 10%. Again, the decreasing areal 
coverage fraction during the evolution of the morphology in the present experimental study allows an 
enhancement of this effect. 

Of fundamental interest are the implications on the concept of self-similarity which is analytically predicted 
for the mean field model [6]. In the case of three-dimensional clusters in solution or two-dimensional islanding 
on surfaces, the simulations suggest that self-similarity holds at any (time independent) volume fraction, but that 
the cluster size distributions are different from the LSW model. In our case, the areal coverage will 
asymptotically reach zero and we conclude therefore that all observed cluster size distributions in this geometry 
are transient to the LSW prediction. Particularly the relevance of the areal coverage on the likelihood of 
coalescence events in the observed distributions suggests that a system of higher areal coverage resembles the 
morphology of the system at an earlier time during the evolution toward the self-similar state. 
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Abstract 

Thin MnSi, 73 films were prepared by a DC sputter method in a high vacuum deposition chamber. As target material a 
MnSi2 silicide target was used. Films were deposited onto quartz substrates at different temperatures (330-875 K) without 
any annealing steps after the sputter process. The composition of the samples was determined by Rutherford backscattering 
spectroscopy. Within the detection limit of this method no contamination in the films was found. The crystalline structure of 
the films was analyzed by transmission electron microscopy. At substrate temperatures of 530 K always a tetragonal 
crystalline phase of MnSi, 73 was observed. The specific resistivity and the Hall mobility of the samples were determined in 
the temperature range from 300 to 25 K. The results of the electrical measurements verify the low crystallization temperature 
of the films. The character of the electrical transport in the crystalline films is strongly influenced by the preparation 
temperature. With rising substrate temperature the sign of the temperature coefficient of resistivity at room temperature 
changes from negative to positive values. At room temperature Hall mobilities in the region of 1.4 cm2 V-1 s_1 were 
obtained. The temperature dependence of the electrical transport properties can be interpreted in the picture of a degenerated 
semiconductor. With optical measurements at room temperature an indirect gap of 0.46 eV was determined. The structure of 
the transmission spectra was influenced by the different heat treatments in the sample preparation. 

1. Introduction 

Semiconducting transition metal suicides could 
play an important role in the advanced silicon tech- 
nology for new optoelectronic devices as well as in 
the development of thermoelectric applications. In 
higher manganese suicides (HMS) with a composi- 
tion near MnSi173 the existence of a direct gap 
between 0.68 and 0.83 eV [1,2] has been reported 
from measurements of the optical absorption coeffi- 
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cient. The analysis of electrical resistivity and the 
Hall coefficient in the intrinsic conduction region 
yields gap values between 0.4 and 0.7 eV [1,3-6]. 
Generally, the electrical properties of bulk [4], single 
crystalline [3,5] and polycrystalline thin films [4,6] of 
HMS can be described in the picture of a highly 
degenerated p-type semiconductor. Typical values 
for the hole concentration are 7 X 1020 up to 3 X 1021 

cm"3, which are independent of the temperature in 
the extrinsic conduction region, the Hall mobility at 
room temperature is about 1 cm2 V"1 s"1. 

Usually, the thin film preparation of HMS is 
performed by a solid phase reaction of a Mn film 
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deposited onto a Si substrate with a one [2,7] or a 
two [6,8,9] step annealing process. The lowest tem- 
peratures reported for observing the HMS with one 
annealing step are about 760 to 775 K. 

This paper reports about structural, electrical and 
optical properties on HMS thin films, prepared by a 
one step process onto insulating substrates (quartz, 
Si02) held at different temperatures during the depo- 
sition. 

2. Experimental 

on the magnetic field was observed. The ther- 
mopower of the films was measured with a method 
using the change of the thermoelectric voltage while 
varying the temperatures Tx and T2 at two corners of 
the sample in the temperature range from 300 to 20 
K. The optical measurements were performed in the 
transmission and reflection mode with a UV-VIS- 
NIR Lambda 19 (Perkin-Elmer) spectrometer in the 
spectral range from 0.3 to 6.2 eV. To exclude effects 
of light scattering in the polycrystalline samples an 
integrating sphere was used. 

For the preparation of the HMS films a DC triode 
sputtering process of a silicide target with a nominal 
composition MnSi2 has been used. The layers were 
deposited onto heated substrates without subsequent 
annealing steps, typical sputter parameters are de- 
scribed elsewhere [10]. The electrical and optical 
transmission measurements were performed on films 
deposited onto quartz substrates with a thickness of 
about 50 nm. For the determination of the optical 
absorption edge the layer thickness used was 400 
nm. The composition of the samples was determined 
by Rutherford backscattering spectroscopy (RBS). 
To analyse the crystal structure and the grain size 
with transmission electron microscopy (TEM) some 
samples were prepared onto oxidised silicon sub- 
strates. The determination of the Hall coefficient and 
the resistivity were carried out with a standard DC 
van der Pauw technique [11] in the temperature 
range from 300 to 25 K with maximal available 
fields up to 1 T. For all samples a linear dependence 
of the Hall voltage on the applied electric current or 

3. Results and discussion 

The RBS analysis of the films shows a composi- 
tion of MnSi, 78, indicating a small excess of silicon 
with respect to the HMS. The contamination level of 
other elements was below the detection limit of 
about 1 at%. The crystallite size determined by 
Brightfield TEM for a sample with Tsub = 530 K is 
below 20 nm, at substrate temperatures > 640 K 
crystallite sizes between 40 and 70 nm were found. 
The diffraction pattern of films prepared at tempera- 
tures > 530 K could be attributed to the tetragonal 
Mn15Si26 phase [12]. It must be noted, that many 
other tetragonal phases in the vicinity of the compo- 
sition MnSi, 73 have been reported, for example 
MnnSi19 [13], Mn26Si45 [14] or Mn27Si47 [15]. The 
unit cell of these structures consists of a Mn and a Si 
sublattice, the c-axis is the result of the approximate 
smallest common multiple of these two sublattices 
[2]. De Ridder et al. [16] have shown, that the c-axis 
of the Si subcell changes continuously and that the 

Table 1 IdUlC   1 

Room temperature values of electrical transport coefficients 

T*,b 00 p (lCT3 n cm) RH (cm3 A"1 s"1 /xH (cm2 V   ' s   ') S(/XVK-]) 

330 1.1 
485 47.6 
530 31.2 
590 18.9 
640 17.4 
710 12.6 
755 10.4 
785 9.58 
840 8.01 
875 7.72 

6.6 X 10"5 0.06 
0.03 0.63 
0.0284 0.91 
0.0193 1.02 
0.0197 1.13 
0.0183 1.45 
0.0151 1.45 
0.0137 1.43 
0.0113 1.41 
0.0095 1.23 

25 
141 
204 
175 
190 
188 
168 
165 
164 
143 
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description of the HMS as a superstructure of two 
tetragonal subcells is the result of an average over 
large areas. However, with the common TEM used 
here, it is not possible to distinguish between the 
different tetragonal superstructures, therefore the ob- 
served tetragonal structure from the diffraction pat- 
tern will be referred here as HMS. The occurrence of 
the crystalline HMS at substrate temperatures as low 
as 530 K could be confirmed by the comparison of 
the electrical properties at room temperature (Table 
1). The change of the Hall mobility by one order of 
magnitude between samples prepared at 330 and 485 
K, respectively, and the strong rise of the ther- 
mopower shows the starting of crystallization in the 
films. With further increasing of the substrate tem- 
perature and an improvement of the crystalline qual- 
ity of the films the following results could be ob- 
served: The room temperature resistivity decreases to 
7.7 X 10"3 il cm, which is about two times higher 
than those reported for bulk material [4] or for thin 
films [1,7]. The sign of the Hall coefficient /?H as 
well as of the thermopower S is positive for all 
samples, indicating, that predominantly hole conduc- 
tion occurs. By using the equation p = (eRH)~l for 
determination of the hole concentration may be found 
values between 2 X 1020 and 6.6 X 1020 cm"3. These 
carrier concentrations are lower than previously re- 
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Fig. 1. Specific resistivity versus temperature for different prepa- 
ration temperatures. 
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Fig. 2. Hall coefficient as a function of the temperature. 

ported values. It may be suggested, that the higher 
resistivity is a result of the lower carrier concentra- 
tion. This assumption is supported by the results for 
the Hall mobility of samples prepared between 710 
and 840 K. The change of the resistivity from 17 X 
10"3 to 8 X 10"3 fl cm is accompanied by an 
increasing of the carrier concentration, which leads 
to a constant Hall mobility at room temperature. 

The transport coefficients in the temperature re- 
gion for 25 to 300 K are plotted for representative 
samples in Figs. 1-4. The temperature coefficient of 
the resistivity at higher temperatures changes with 
increasing substrate temperature from negative to 
positive. The curve, observed at Tsub = 840 K, is 
comparable with the results found in other experi- 
ments on HMS [4,7]. At low temperatures a mini- 
mum in the resistivity occurs. One origin for the 
increase of the resistivity of the sample prepared at 
530 K is the decrease of the carrier concentration as 
indicated by the increasing of the Hall coefficient. 
On the other hand, the Hall mobility is lower than 
for the other samples. Possible sources for this be- 
haviour are stronger scattering due to grain size 
effects or grain boundaries with respect to the higher 
quality samples. For these scattering mechanisms, an 
activated character of the conductivity as well as for 
the Hall mobility would be expected. From the Ar- 
rhenius plot, not shown here, it could be seen, that 
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there are no linear regions, a determination of a 
typical activation energy is not possible. With im- 
proving crystalline quality the degenerate character 
of the Hall coefficient rises. The hole density is only 
weakly temperature dependent for the highest sub- 
strate temperatures. The highest mobility values at 
low temperatures could be observed in this case. 
Usually, the mobility of semiconductors decreases 
with increase of the degenerate character, the oppo- 
site result here allows the conclusion, that the reason 
for the degeneracy is an intrinsic property of the 
HMS, occurring in films of improved quality. The 
shape of the Hall mobility curve shows a maximum, 
shifting to lower energies with increasing absolute 
value in the mobility. As the main scattering mecha- 
nism at higher temperatures acoustic phonon scatter- 
ing can be assumed, whereas at lower temperatures 
impurity scattering is preferred. The mobility due to 
phonon scattering in the degenerate case [18] is 
proportional to T~l/2, for ionized impurities it is 
expected to be proportional to r3/2. However, it 
must be kept in mind, that these dependencies occur 
by including the assumption of a parabolic density of 
states at the valence band edge. In the case of HMS 
with the strong degeneracy of the carriers, the form- 
ing of band tail states should be taken into account 
by interpreting the data. A more detailed analysis of 
the data will be given elsewhere. 
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Fig. 4. Thermopower plotted versus temperature. 

The determination of the transmission was per- 
formed in the energy range from 0.5 to 6.2 eV on 
samples with a thickness of about 50 nm (Fig. 5). 
The remarkable change of the transmission on the 
long wavelength side with increasing substrate tem- 
perature shows the transition from a metallic like 
free electron absorption to a semiconductor like be- 
haviour. It must be noted, that the most drastic rise 
of transmission occurs between samples prepared at 
330 and 530 K, a further enlargement of the sub- 
strate temperature changes the transmission proper- 
ties only weakly. This is in addition to the electrical 
and structural properties a clear evidence for the 
formation of crystalline HMS at temperatures as low 
as 530 K and for the improving of the film quality 
with rising substrate temperature. A second feature 
of the transmission spectra, occurring at elevated 
substrate temperatures, is a transmission window at a 
photon energy of about 1.95 eV. This enhanced 
transmission in the region of interband transitions 
must be attributed to a strong minimum in the com- 
bined density of states. To our knowledge, there has 
been no such behaviour of the density of states in 
other semiconducting suicides. This transmission 
window seems to be a typical property of the band- 
structure of the HMS, because an improved crys- 
talline quality gives a further decrease of the absorp- 
tion in this spectral region. It can be expected, that in 
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single crystalline films of HMS this effect becomes 
more pronounced. 

For the measurement of the absorption edge a 
sample with 400 nm thickness prepared at 530 K 
was used. For illustration of the fundamental transi- 
tion the square and the square root of the absorption 
coefficient versus the photon energy are plotted in 
Fig. 6. In the case of a direct transition a proportion- 
ality between a2 and the incident photon energy 
could be expected [17]. The intercept of the linear 
region with the energy axis gives the minimum 
direct energy required for the optical transition. The 
result of a least square fit is here 0.78 eV for the 
direct gap. However, the scatter of the data allows 
not a high accuracy in the determination of the gap 
energy, good fits will be observed with energies 
between 0.75 and 0.8 eV. This result is in good 
agreement with previously reported results [1,2]. The 
direct gap is preceded by an indirect one, as evi- 
denced by the proportionality between a1/2 and the 
photon energy. In this case the square root of the 
absorption coefficient should exhibit two linear 
branches, corresponding to transitions including the 
absorption or emission of a phonon. The intercept 
with the energy axis at the low energy side is the gap 
energy minus the phonon energy, on the higher 
energy side the intercept gives the energy gap plus 
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Fig. 5. Transmission spectra for samples with a thickness of about 
50 nm. 
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Fig. 6. Absorption edge for direct and indirect transition. 

the phonon energy, respectively. The analysis of the 
data yields a gap energy of 0.46 eV with an accom- 
panied phonon of 60 to 70 meV. It must be men- 
tioned that the two linear regions are well pro- 
nounced. A necessary condition for the observation 
of a clear indirect gap is the existence of larger 
ordered areas in the sample. Bost and Mahan [1] 
found with their analysis for indirect transitions a 
gap of about 0.54 eV, whereas the result of the 
resistivity measurements in the intrinsic conduction 
regime leads to a minimum gap energy of 0.68 eV. 
However, taking into account the complicated crystal 
structure of the HMS a variation of the gap energy 
with the continuous change of the lattice properties 
could be expected. 

4. Summarizing remarks 

The influence of the preparation temperature on 
the structural, electrical and optical properties was 
studied on thin films of HMS. The main results of 
the experiments are the following: 

(1) By preparing HMS thin films onto heated 
substrates the occurrence of the tetragonal structure 
is observed at rsub = 530 K. Further increasing of the 
substrate temperature leads to an increase of the 
crystallite size. 
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(2) The hole concentration and the degenerate 
character of the charge carriers, respectively, in- 
creases with improving of the crystalline quality. 
Room temperature values of the Hall mobility and 
the thermopower are in the same order as in single 
crystalline material. 

(3) The HMS exhibits an indirect gap of 0.46 eV 
assisted by phonons with an energy of about 65 
meV, a direct transition is observed at about 0.78 
eV. In the transmission spectra a window exists 
corresponding to a minimum of the combined den- 
sity of states at about 2 eV. 
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It has become a tradition of this conference to 
have a summary talk at its end, in which concluding 
remarks highlight the program and put it into per- 
spective relative to the general development in the 
research field of 'Semiconductor Interfaces'. I have 
accepted the honour to give this final concluding 
talk, even though I feel the burden to report about 
work of which I often have but circumstantial 
knowledge. I want to emphasize in this context that 
the following judgements are based on a personal 
view that is biased by my own research experience 
in subsets of this field. 

In order to judge the quality level of the contribu- 
tions and, particularly, their relevance in addressing 
up-to-date issues, one might ask oneself, does the 
program reflect recent developments and meet the 
needs of other research branches that rely on results 
from our own work?, and, who are our clients? Such 
questions are easily answered for the field of basic 
research on semiconductor interfaces. By tradition 
and by taking into account common historical roots 
the major impact of semiconductor interface science 
is on 
1. Microelectronics 
2. Optoelectronics 
3. Sensor and actuator technology 
Particularly in times of shrinking research budgets, it 
behooves us to understand the problems in these 
more applied fields of industrial research. Interface 
physics and chemistry can certainly benefit by help- 

ing to clarify important technological questions and 
by developing new ideas and directions of address- 
ing interface related problems in these fields. 

What are some of the important near-term chal- 
lenges in the above listed areas that might also entice 
and redirect the work of interface scientists? Some 
aspects will be mentioned. In microelectronics the 
development of basic CMOS technology to higher 
integration levels reaches a serious development bar- 
rier in the first decade of the next century, when 
feature sizes in the 50 nm range with gate oxide 
thicknesses below 5 nm become necessary in DRAMs 
for information capacities beyond 1 Gbit (Fig. 1). 
Research on extremely thin Si02 layers and its 
interfaces to Si is therefore necessary to shift the 
limits of CMOS technology as far as possible. Even 
with modified CMOS device concepts as e.g. vertical 
MOSFETs etc., severe physical limitations such as 
leakage due to tunnelling through the ultrathin oxide 
layers, electromigration in vias and interconnects, 
etc. hinder further miniaturisation. On the other hand, 
quantum effects, e.g. tunnelling, might be used in 
new device concepts that would allow more complex 
functions on the chip with relaxed feature size con- 
straints and, consequently, more relaxed lithographic 
requirements. Quantum devices of novel functional- 
ity and/or increased compactness that show promise 
for commercialization would immediately enhance 
the importance of work on semiconductor heteroint- 
erfaces, modification of surfaces on a nanometre 

0169-4332/96/$15.00 Copyright © 1996 Elsevier Science B.V. All rights reserved. 
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scale and the formation of nanostructures. Taking 
into account the success of III-V heterostructures 
with reasonably high band offsets in the design of 
novel heterostructure devices, there is strong interest 
in new types of Si based heterostructures with higher 
band discontinuities than for the SiGe/Si system. 
This would open new possibilities for Si-based quan- 
tum electronics that might be compatible with ad- 
vanced CMOS technology. Similarly important is 
further research on III-V semiconductor heterostruc- 
tures and interfaces for the improvement of optoelec- 
tronic and photonic devices, such as lasers, light 
emitting diodes (LED's), detectors and optoelec- 
tronic and photonic switches. A new impact in this 
field is expected from the development of large band 
gap materials, in particular SiC, GaN, GaAIN and 
ZnSe-related materials, which would open the visible 
and near UV spectral range to semiconductor opto- 
electronics. 

Large band gap materials also play an important 
role in power electronics and sensor technology at 
elevated temperatures: in general, sensor and actua- 
tor technology benefits appreciably from interface 
studies, as well as from the development of surface 
modification and patterning techniques. In particular 
with respect to biosensors, the interaction of organic 
molecules with semiconductor surfaces is of central 
interest. 

From these general considerations, one might de- 
fine the following topics of central interest for semi- 
conductor interface research in the present situation. 
1. Si/insulator interface 
2. Si-heterostructures 
3. Interface structure, layer growth and surface pas- 

sivation 
4. Fabrication of nanometre structures 
5. Analytical tools on nanometre scale 
6. Organic molecules on semiconductors 
7. Wide band gap heterostructures 

The ICFSI-5 in Princeton was an excellent confer- 
ence as its program covered more or less these 
important topics of semiconductor interface research. 
In all these fields a number of interesting contribu- 
tions were presented. In the following some high- 
lights — of course biased by personal view and 
understanding — are briefly discussed. 

1. Si/insulator interface 

The Si/Si02 interface, because of its importance 
for MOSFET performance, particularly attracts atten- 
tion in areas of ultrathin Si02 films and degradation 
effects due to hot electrons in short channel devices. 
Cartier gave an interesting contribution about the 
passivation and generation of defects in which he 
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discussed the importance of embedded hydrogen ver- 
sus the well established hole model. The latter defect 
model seems to be valid preferentially for thicker 
Si02 layers. Lucovsky et al. reported about nitrided 
Si/Si02 interfaces produced by low temperature 
plasma processing and rapid thermal annealing. Their 
conclusions concerning defect formation, e.g. as 
over-coordinated O (oxonium) or N (ammonium) 
and their removal, fit well into the picture of hydro- 
gen defects as presented by Cartier. Peng et al. 
determined the density of microvoids (ca. 109/cm2) 
and vacancies (ca. 10l0/cm2) from positron anni- 
hilation studies of Si02/Si interfaces. Another inter- 
esting contribution about the electronic structure of 
Si02/Si interfaces was presented by Pasquarello et 
al. From first principles calculations of Si 2p core 
level shifts they could explain the reported experi- 
mental data solely on covalent band structure mod- 
els, without taking into account effects due to dan- 
gling bonds. 

Lu et al. used very high-resolution medium en- 
ergy ion scattering (MEIS) in combination with X-ray 
photoelectron spectroscopy to study the initial stages 
of Si oxidation. The unexpected fast thermal oxida- 
tion at very low Si02 film thickness (< 10 nm) is 
ascribed to a combination of interfacial, near interfa- 
cial and surface reactions. 

2. Si-heterostructures 

Advanced Si technology beyond CMOS suffers 
from the fact that no perfect Si-based heterostruc- 
tures exist with large band gap and correspondingly 
large band offsets to Si. SiGe/Si is certainly the best 
developed material system in this respect, and has 
already been used in devices such as HEMT's and 
HBT's. However, even for thicker pseudomorphic 
and highly stressed SiGe layers valence band offsets 
of only 0.3 eV can be reached. In contrast to Si, not 
much is known so far about reactions of technologi- 
cal relevance on the surface of the Ge-Si alloy 
system. In this context the paper by Tettelin et al. on 
plasma assisted oxidation of LPVPE grown SiGe 
layers presented interesting new results about the 
presence of a Ge-rich interlayer at the SiGe/Oxide 
interface. 

Of related interest are epitaxial, wide band gap 

materials and dielectrics on Si. For the latter, CaF2 

layers are interesting candidates, even though the 
crystallographic quality of the layers reached so far 
is not sufficient for the manufacture of tunnel de- 
vices. Much more work is needed, which was re- 
flected at this conference by two contributions: 
Sokolov et al. studied structural transformations, i.e. 
phase transitions, at CaF2/Si(lll) interfaces, 
whereas Wollschl'äger and Meier performed a LEED 
investigation and observed multilayer growth before 
the completion of the first monolayer. These results 
helped shed some light on the problems that arise in 
attempts to improve the CaF2 epitaxy on Si. 

3. Surfactants, passivation and layer growth 

For all kind of semiconductor devices the inter- 
face quality is of the utmost importance and can be 
affected by the geometrical structure and roughness 
at the interface and by the ensuing role of electronic 
structure related to interface states. Surface and inter- 
face scattering, as well as gate control in field effect 
structures are strongly affected. Besides growth stud- 
ies of layers in general (including surface and inter- 
face roughness), the effect of surfactants during the 
growth and the techniques of passivating a surface 
with a low density of interface states continue to be 
major research fields. 

Ploog et al. gave an interesting overview with a 
number of recent experimental results about the role 
of surfactants in III-V MBE. The distinction be- 
tween reactive and non-reactive surfactants helps to 
identify the right surfactant material for a specific 
epitaxial process. In particular, the improvement of 
strained InAs and InGaAs layer growth with In as a 
'virtual' surfactant gave novel insights into the inter- 
play between 2D and 3D layer growth modes. 

Some interesting papers that emphasized struc- 
tural characterisation techniques (STM, UHV-TEM) 
were given by Williams, LeGoues and Voigtländer. 
The STM allows a detailed characterization of growth 
on an atomic scale. Examples included a dynamic 
mode for taking movies during the growth of Si and 
Ge, and the investigation and explanation of step 
bunching on Si surfaces. UHV-TEM studies by 
LeGoues presented new insights into the nucleation 
process and the effect of glide dislocations on reliev- 
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ing stress in highly strained SiGe layers on Si. 
Theoretical contributions are essential for a deeper 
understanding. In this context Tersoff considered 
stress induced roughening during epitaxial growth 
and pointed out that in contrast to relaxation there is 
no critical thickness for stress induced roughening. 
Kaminski and Suris described simulations of the 
smoothing of a crystal surface during growth inter- 
ruption by surface migration of 2D holes and 2D 
nuclei. 

In the field of surface passivation, contributions 
by Sundararaman et al. and by Mitchell et al. treated 
the sulfur passivation of InP, whereas Xu et al. gave 
some interesting results about the chemical bonds on 
nitrated GaAs surfaces. 

4. Growth and characterization of nanostructures 

With respect to future quantum electronics, the 
growth and characterization of nanostructures based 
on semiconductor heterostructures is a growing and 
very important research field, where many of the 
surface and interface techniques are used with great 
success. The growth of quantum wires attracts a lot 
of interest. Sakaki discussed in his contribution the 
effects of interface quality on the characteristics of 
nanostructures and pointed out that, due to the in- 
verse L3 dependence of the quantization energies on 
feature size, the properties of quantum wires depend 
sensitively on potential fluctuations at the interfaces. 
Since lithographic techniques are difficult to apply in 
the 10 nm size range, self assembled nanostructures 
during epitaxial growth play an increasing role. 
Priester and Lannoo explained in their theoretical 
paper the transformation of 2D platelets into 3D 
islands (for the case of InAs on GaAs shown in the 
contribution of Moisson) by a repulsive interaction. 

Hartmann et al. demonstrated the growth of SiGe 
quantum wires in lithographically structured V- 
groves on Si and reported about the electron-micro- 
scopic determination of inhomogeneous concentra- 
tion profiles of Ge across the wire. An interesting 
contribution was given by Hess on the application of 
a near-field optical probe to study the local varia- 
tions of photons emitted from nanostructures. The 
application of STM cross sectional techniques for the 

characterization of nanostructures was presented in 
several papers, in particular by Pfister et al., Lew et 
al. and Avery et al. 

5. Wide band gap material 

Future developments of optoelectronics in the vis- 
ible and near UV spectral range, as well as in high 
power electronics and sensor technology for elevated 
temperature applications are intimately related to a 
better understanding and implementation of epitaxial 
processes of wide band gap materials such as the 
group III nitrides, diamond (C) and SiC. Also in this 
research field ICFSI-5 included a good overview and 
some late exciting results. Dupuis reviewed in his 
talk the work on MOCVD of high quality III-V 
nitrides. Several exciting theoretical papers con- 
tributed to a better understanding of the difficult 
growth processes of wide band gap materials: De 
Vita et al. reported about first-principle-calculations 
of phase transitions from diamond to graphite. His 
beautiful molecular pictures of different stages of the 
phase transition gave the impression that it may be 
very useful for researchers in the epitaxial growth 
field to first let the computer do the physics of a 
difficult technological process. Pollmann et al. and 
Käckell et al. presented interesting new results about 
structure and electronic properties of IV, III-V, II-VI 
surfaces. In particular the comparison of the SiC 
surfaces with those of GaAs(llO) is instructive. For 
the experimentally difficult field of GaN growth and 
doping, the theoretical results presented by van der 
Walle about the formation energies of several defects 
in that material are of major importance. 

6. Organic molecules on semiconductors 

The interface between organic materials and semi- 
conductors is another novel field where the ICFSI 
has entered. Koma extensively discussed the effect 
of various surface preparation techniques on the 
adsorption behaviour of organic molecules. Hirose et 
al. reported about more complex systems consisting 
of metal contacts on organic material deposited on a 
semiconductor.   For  these   systems,   the   chemical 
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properties derived from synchrotron photoemission 
studies could be related to the electrical behaviour of 
the contact. 

7. Continuing issues 

A number of papers at this conference treated 
long standing problems such as space charge layers, 
Fermi level pinning, metal/semiconductor contacts 
etc. Out of the large number of very nice results 
which were presented, I will only mention three: 
Aristov and Le Lay reported on photoemission from 
a two-dimensional electron gas at the InAs(llO) 
surface. They could clearly resolve two occupied 
sub-bands within the quantized accumulation layer. 
Qi et al. used the extremely interface sensitive sec- 
ond-order non-linear optical spectroscopy to study 
the distribution of metal induced gap states (MIGS) 
at metal/GaAs(001) interfaces. Studies of this type 
are at their beginning and promise a great deal of 
interesting spectral information about interfaces. 

Hashizume et al. presented a novel in-situ electro- 
chemical process for the preparation of metal/GaAs 
and metal/InP junctions. This process leads to high 
quality, defect free Schottky interfaces and unpinned 
Fermi levels on InP. The authors used this process 
with success for the fabrication of an InP-MESFET. 

8. Concluding remarks 

In my opinion ICFSI-5 in Princeton was again a 
great success in this conference series, which started 
in Europe in 1985 (Marseille, France). The measure 
of success is based on the number of papers, on the 
high calibre of relevant contributions and especially 
on the high level and extent of the discussions, 
which is largely a consequence of its format. 

The conference series started as a European- 
Japanese alternative to the USA-based conference on 
Physics and Chemistry of Semiconductor Interfaces 
(PCSI). ICFSI-5 in Princeton was the first one to be 
organized in the USA. In my judgement this interna- 
tionalization is a very good development that broad- 
ens the basis of ICFSI, which has now become a 
'world conference', with added participation from 
East Asian and from Eastern European countries. 

Our special thanks are due to the organizers of the 
conference for the opportunity to attend such an 
interesting and exciting meeting. Not only the scien- 
tific quality and diversity of the contributions are 
acknowledged, but also the delightful site of Prince- 
ton University and the distracting social events con- 
tributed much to the success of ICFSI-5. 
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