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PREFACE

Layered materials and systems based on metallic, intermetallic,
polymeric and ceramic constituents are becoming increasingly important to
meet the structural requirements of current and future high-performance
products. In response to various research and development activities in these
areas, Symposium U was organized to cover a range of topics dealing with
layered materials for structural applications and was supported by
contributions from The Air Force Office of Scientific Research and Office of
Naval Research. The support of these organizations is gratefully
acknowledged. This proceedings volume is based on the first MRS
symposium dedicated to current research and development of layered
materials which are being considered for a range of structural applications.

The meeting began with overviews on structural applications of layered
systems and highlighted applications such as thermal barrier coatings,
aircraft structural components, and wear-resistant coatings for a variety of
applications. Processing techniques such as EB deposition processing,
reactive sputter deposition, sedimentation processing, pressureless co-
sintering, and rapid prototyping via laminated object manufacturing were
subsequently covered in a following session. Microstructural stability issues
were additionally covered and highlighted as a critical area requiring further
investigation. The largest number of papers presented focused on the
mechanical behavior and modeling of layered systems and revealed
significant effects of layer thickness, spacing, and constituent properties on
the fracture and fatigue behavior of such systems. While considerable work
has investigated the issues of strength and toughness, less effort has been
focused on the behavior of such systems under either cyclic loading or
high-temperature conditions.

The symposium was well attended and attracted attendees from the
academic community as well as from various industrial and government
laboratories. The organizers would like to express their appreciation for the
contributions of the session chairs and the individuals who served as
reviewers for the manuscripts. In addition, the able editorial assistance of
Jacqueline Blackburn at the Alcoa Technical Center is gratefully
acknowledged. All of their efforts were vital to the successful conduct of the
symposium and the rapid publication of these proceedings.

J.J. Lewandowski
C.H. Ward

M.R. Jackson
W.H. Hunt, Jr.

June, 1996
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ADVANCED AIRCRAFT ENGINE MICROLAMINATED INTERMETALLIC
COMPOSITE TURBINE TECHNOLOGY

R. G. ROWE, D. W. SKELLY, M. R. JACKSON, M. LARSEN AND
D. LACHAPELLE?

GE Corporate Research and Development, .Schenectady, NY 12309
+ - GE Aircraft Engines, Cincinnati, OH 45215

ABSTRACT

Higher gas path temperatures for greater aircraft engine thrust and efficiency
will require both higher temperature gas turbine airfoil materials and optimization
of internal cooling technology. Microlaminated composites consisting of very high
temperature intermetallic compounds and ductile refractory metals offer a means of
achieving higher temperature turbine airfoil capability without sacrificing low
temperature fracture resistance. Physical vapor deposition, used to synthesize
microlaminated composites, also offers a means of fabricating advanced turbine
blade internal cooling designs. The low temperature fracture resistance of

microlaminated Nb(Cr)-CroNb microlaminated composites approached 20 MPavm
in fracture resistance curves, but the fine grain size of vapor deposited
intermetallics indicates a need to develop creep resistant microstructures.

HIGH TEMPERATURE INTERMETALLIC COMPOSITE TURBINE
AIRFOIL CONCEPTS

Requirements for higher aircraft engine performance, higher thrust to weight
ratio and greater fuel efficiency have pushed turbine gas path temperatures higher
and higher. The materials and designs of turbine blade airfoils have evolved to
meet these requirements. Figure 1 highlights the two significant evolutionary
changes that have occurred in the HP turbine blade’s configuration. Cooled HP
turbine blade design configurations of the 1960’s used equiaxed nickel based alloys
with radial cooling channels and film holes exiting the leading and trailing airfoil
edges. This technology step from uncooled turbine blades into cooled turbine blade
designs was substantial for the time because it allowed the engine’s turbine rotor
inlet temperatures to operate well above 1100°C (~2000°F) and provide a high
standard of durability.

Over the last several of decades, many advances occurred in the cooling design
and materials of HP turbine blades. The developments were made by improving
and using complex multi-pass serpentine internal cooling circuits with fully film
cooled airfoil exteriors, investment casting techniques, and advanced single crystal
nickel based superalloys. These advances allowed aircraft engines of the 1980’s and
1990’s to increase the turbine rotor inlet temperatures an additional 300°C
(~500°F) with improved turbine blade durability and reduced cooling flows.

Figure 2 shows the maximum temperature capability of superalloys as a
function of their approximate year of introduction [1]. It can be seen that the rate

This work was partially supported by U.S. Air Force contracts F33615-91-C-5613 and F33615-92-
C-5977, WRDC, Wright Patterson AFB, OH
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of increase of superalloy temperature capability has slowed in recent years. The
reason for this is that although single crystal processing increased the fraction of
the melting point for operation, superalloy maximum use temperatures are
ultimately defined by their melting point.

[

o

g

g

é’. » Multi-Wall
Advanced

§ a0 :

B DD Serpentine Cooling

® & Film

] Cooling

5

&

2

é OOO Radial

> Q\ Convection

é Cooling

HPT Blade Cooling Flow Savings

Figure 1. HP turbine blade cooling design and materials evolution
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High temperature intermetallic compounds such as CraNb, NbsSig, NbeAl, or
Cr3Si retain strength (as measured by microhardness indentation) to temperatures
above 1200°C and in some cases, above 1400°C. The disadvantage is that they are
very brittle and are difficult to fabricate as monolithic components 1. One approach
to overcome the limitation of brittleness in these intermetallic compounds is to
design composite materials utilizing high temperature metals as a toughening
component but relying upon the high temperature intermetallic phase for elevated
temperature strength and creep resistance. Figure 3 shows approximate service

1 The high temperature ductile to brittle transition temperature of intermetallic compounds such
as Cr2Nb and Ti5Si3 often leads to fracture during cool-down due to thermal gradient stresses.



temperature as a function of the percent of the melting temperature of high
performance alloys [2]. The circle and filled circle points show estimates of the bulk
and surface temperature conditions for monolithic single crystal turbine blades.
The increase in temperature capability that is made possible by the introduction of
an intermetallic composite with superalloy toughening is shown by the open and
filled square symbols. Because a superalloy is used as the toughening component,
composites of this type follow the same temperature - fractional melting
temperature curve as for superalloys. The potential surface temperature in
intermetallic composite blade applications may extend to 90% of the melting point
of the superalloy.

The potential temperature that may result from the use of niobium-based alloy
toughening in a high temperature intermetallic composite is shown by the open and
filled triangular points. The advantage of a niobium-based toughening component
is that the blade can operate at a lower percentage of the melting point and still can
achieve higher temperature capability.

Fabricate Simple
Spar with
Cooling Channels

Fill Cooling
Channels with
Leachable Material

Deposit Ski

Over Filled

Leach Out Channels

Fill to
Complete

Figure 4. PVD synthesis of complex near-surface-cooled airfoil designs utilizing a
PVD composite skin over a fabricated simple spar.

While serpentine and film cooling superalloy turbine airfoil designs can be
manufactured by casting and directional solidification, the most complex multi-wall
cooling design shown in Figure 1 may require new techniques. One technique that
has promise for economical manufacturing of thin skinned near-surface cooling
designs is high rate physical vapor deposition (PVD). Figure 4 schematically
illustrates a method of PVD turbine blade fabrication. Because precise internal
cooling cavities do not have to be cast into the spar, lower cost, higher yield
techniques can be used to fabricate the internal spar structure. Cooling channels
can either be cast in from the shell mold of can be machined into the surface of the
spar and filled with a temporary filler. The filled surface is then finished and the
high temperature intermetallic composite surface skin is deposited by PVD.
Chemical leaching of the temporary cooling passage filler completes the process of
forming a blade with a high performance near-surface cooling design. Higher
temperature composite materials combined with innovative manufacturing
processing has the potential to increase the effectiveness of the cooling designs and
yield another major step in engine performance. It may be possible to allow turbine
rotor inlet temperatures to increase an additional 300°C (~500°F) while
maintaining turbine blade durability and cooling flow savings.




Airfoil Materials Performance

There are a number of requirements that high temperature materials for
turbine airfoil applications must meet. These are: strength and creep resistance at
elevated temperatures, fracture strength and fracture toughness at low
temperatures, oxidation resistance, resistance to thermal cycling and shock,
microstructural stability at elevated temperatures and manufacturability at
competitive costs. Intermetallic composites for turbine blade applications must be
chosen and processed to meet all of these requirements. It is very early in the
development cycle for high temperature intermetallic composites but promising
high temperature strength, oxidation resistance and low temperature toughening
have been observed in independent experiments on different composite systems.
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Figure 5. Relative oxidation Figure 6. Backscattered electron
behavior of high temperature micrograph of an as-deposited
materials CroNb-Nb microlaminated composite

with equal 2 um thick metal and
intermetallic layer thicknesses.

Oxidation resistance will be one of the most critical requirements for
intermetallic composite applications in aircraft turbine components at
temperatures above 1200°C. All composites will require coating for long term
oxidation resistance but the intermetallic composite system must also have
sufficient intrinsic oxidation resistance to prevent catastrophic oxidation in the
event of a coating failure. Poor oxidation resistance has always limited the
application of niobium-based alloys in aircraft engine turbine components. Figure 5
is a logarithmic plot of the 100 h metal loss vs temperature for superalloys and
niobium based alloys which shows the relative difference in oxidation resistance
between nickel and niobium-based alloys [2]. New Ti, Hf, Al, Cr alloyed niobium
alloys have recently been developed with improved oxidation resistance compared
to commercial niobium alloys and which approach the oxidation behavior of older
nickel-based superalloys at temperatures of from 1150-1200°C and higher [3-8]. In
addition, the oxidation resistances of high temperature Nb(Si)-Nb5Siz and Nb(Cr)-
CroNb composites are close to that of the most oxidation resistant nickel based
superalloys over the same temperature range. It is expected that intermetallic
composite compositions with even greater oxidation resistance will be developed.
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Figure 7. Room temperature tensile
fracture strengths of multiple
samples of 1200°C/2h aged CroNb-

Nb microlaminated composites.

Synthesis of Tough Intermetallic Matrix Composites

A process of high temperature intermetallic composite synthesis which
permits the fabrication of advanced turbine blade designs is also a critical
requirement. Microlaminated high temperature intermetallic composites with low
interstitial contamination and with good structural integrity have been synthesized
by PVD [9,10]. The process has the capability for the synthesis of a wide range of
intermetallic matrix composites with independently tailored layer thicknesses,
volume fraction and layer composition for optimized properties. Composites of Nb-
CroNb with different layer compositions and layer thicknesses were also
synthesized as shown in Table 1. Figure 6 shows a metallographic section of as-
deposited PVD Nb-CrgNb microlaminated intermetallic composite L17 which had
equal 2 pm thick layers of Nb(Cr) and CraNb.

Table 1. Microlaminated CraNb-Nb Composite Compositions (at.%)

D Intermetaliic Metal Layer No. No.
No. Composition Composition Thickness { Int. Met.
L17 Cr-41Nb Nb-4.7Cr 2 pm 32 33
L60 Cr-42Nb Nb-3.3Cr 6 um 11 11
L72 Cr-38Nb Nb-7.9Cr 2 um 34 35

After deposition, the microlaminates were crystallized at 1200°C and tested at
room temperature. The fracture strengths of the 2um and 6 pm layer thickness Nb-
CroNb microlaminated composites L17 and L72 are shown in Figure 7 [11]. High



room temperature fracture strengths infer that metal toughening overcomes the
inherent brittleness of the intermetallic layer. Fracture resistance curves
established toughening by direct measurement. Figure 8 shows the resistance of a
6um layer thickness Nb-CrgNb microlaminated composite to crack propagation
[11,12]. Analyses of the room temperature fracture strengths and the fracture
resistance curves are consistent with toughening by ductile Nb bridging across
cracks in the intermetallic layer [12,13]. The 6 um layer thickness had a lower
fracture strength because its fracture resistance curve was not as steep as the curve
for the 2 um layer thickness composite, but its maximum toughness was much
higher. Optimization of fracture toughness and strength will require the balancing
of these two characteristics relative to the requirements of specific applications.

Elevated Temperature Strength

The microstructure of Nb-CroNb microlaminate L17 after 1200°C
crystallization annealing is shown in Figure 9. The metal layer had coarsened bcc
grain structure but the intermetallic layer had a very fine CragNb+Nb
microstructure. Although the room temperature tensile and bend strength was
high, three point bend tests of the Nb-CraNb microlaminates at elevated
temperatures showed that these ultra fine grained intermetallic layers had little
strength. Figure 10 is a plot of load vs displacement for three point bending of 0.75
mm thick microlaminated composite bars that were fabricated by HIP bonding five
0.15 mm thick sheets of 2 pm layer thickness Nb-CrgNb sheet. The microlaminated
Nb-CroNb composites had little strength at 1000°C and 1200°C. Post test
metallography revealed that the outer fiber intermetallic layers had deformed
rather than fractured during the tests.
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a heat treatment of 2h at 1200°C. specimens of CraNb-Nb
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Good high temperature strength and creep resistance have been demonstrated
in other high temperature intermetallic composite systems. Directionally solidified
Nb-CrgNb discontinuous intermetallic composites with ~50 vol.% CraNb have been
produced and tested. Tensile strengths of 250 MPa at 1000°C and 150 MPa at
1200°C have been reported [2]. Directionally solidified composites of Nb-NbsSig
have been reported to have a tensile strength of 370 MPa at 1200°C [2]. The creep
resistance of both DS and extrusion-aligned discontinuous Nb-Nb5Si3 intermetallic
composites have been shown to be better than that of high performance single
crystal superalloys [2]. These results demonstrate that there is a significant
elevated temperature strength payoff to be realized using high temperature
intermetallic composites.

Microstructural Evolution

Because surface deposition technology may permit a wider selection of
composite compositions and more advanced designs to be considered, it is important
to develop techniques to produce coarse grained creep resistant intermetallic
composite microstructures by PVD. This may be accomplished by increasing the
deposition temperature to allow crystallization during deposition or by selecting an
intermetallic composite system that has a wider temperature window between the
onset of grain boundary migration and the upper intermetallic stability limit.
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The Nb-CraNb microlaminate composite L.17 that was shown in Figure 6 was
deposited by PVD at an estimated substrate temperature of from 300°C to 500°C.
X-ray diffraction of the as-deposited microlaminated composite showed that only
bee or B2 structure was present, Figure 11. Figure 12 is a TEM micrograph of an
as-deposited microlaminate which shows both the intermetallic layer (top portion of




micrograph) and the metal layer (bottom portion of the micrograph). The metal
Nb(Cr) layer had a columnar bec grain structure but the intermetallic layer
consisted of metastable microcrystalline bee/B2 grains which probably grew from an
amorphous CrgNb precursor.

The microlaminated composites were annealed for two hours at temperatures
from 800°C to 1400°C and examined by x-ray diffraction to follow crystallization of
the CroNb phase. CraNb crystallization did not occur at temperatures below
1000°C and full transformation of CroNb did not occur until 1200°C. Binary Nb-Cr
phase diagrams indicate that the CroNb phase should be stable at low
temperatures so the failure of CraNb to completely transform until 1200°C,
indicates that the kinetics of CrgNb phase growth are very sluggish.

Figure 13(a) shows the microstructure of the Nb-CraNb microlaminate after
cycling 100 times from 700°C to 1200°C. The same microstructure was produced by
isothermal annealing at 1200°C for 24 h and the two tests show that the composite
is relatively stable at 1200°C. X-ray intensity measurements as well as
metallographic comparisons, Figures 13(b) and 13(c), showed that the fraction of
the CroNb phase decreased after annealing at 1400°C due to increased solubility of
Cr in the Nb metallic phase. Because of this, 1400°C appears to be an effective
upper temperature limit of stability for the composition of this microlaminated
composite. Therefore it was not possible to coarsen the CroNb intermetallic layer
grain size by heat treatment.

Figure 13. Backscattered electron micrographs of CrgNb-Nb microlaminate
L17 after heat treatments of: (a) 100 cycles from RT to 1200°C. (b) 2h at 1200°C
and (c) 2h at 1400°C. The intermetllic layers imaged dark.

Microstructural Stability

Figure 14 shows the microstructure of the Nb-CrgNb microlaminate after
cycling 100 times from 700°C to 1200°C. A similar microstructure was obtained
after isothermal annealing at 1200°C for 24 h, demonstrating that at 1200°C,
microlaminate 1.17 was morphologically stable. The composition of the Nb(Cr)
layer of microlaminate 1.17 shifted and a lower intermetallic layer thickness was
observed after annealing at 1400°C, however. Microlaminated Nb-CrgNb composite
L72 was synthesized with a nearly single phase CraNb intermetallic layer to



improve elevated temperature stability. Its microstructures after heat treatment at
1200°C and 1400°C are shown in Figures 14. It exhibited less reduction in the
intermetallic layer thickness after annealing at 1400°C than microlaminate L17 but

exaggerated protrusions of the intermetallic phase into the metal layer were
observed which suggested less microstructural stability.

9

Figure 14. Backscattered electron micrographs of high Cr CroNb-Nb
microlaminate L72 after heat treatments of: (a) 2h at 1200°C and (b) 2h at 1400°C.

Small protrusions of intermetallic layer into the metal layer were seen in both

L17 and L72 after 1200°C annealing, Figures 13(a) and 14(a). Many of these
coincided with columnar grain boundaries in the metal layer and may be grain
boundary grooving of the Nb(Cr) layer to equilibrate boundary energies. The deep

protrusions at 1400°C, Figure 14(b), were also associated with grain boundaries in
the metal layer and may have grown from grooved grain boundaries. Since they
extend into and in some cases almost all of the way through the metal layer, they
cannot be simple interfacial scalloping due to interdiffusion [14].

In the most recent study of the Nb-Cr binary alloy system, Thoma and
Perepezko, reported a Nb composition of 9.1 at.% Cr for the metal and 64.5 at.% Cr
for the CraNb phase at 1200°C [15]. They showed that the metal composition shifts

to 14.4 at.% Cr and the intermetallic to 63.6 at.% Cr at 1400°C. During heat

treatment at 1400°C, we should therefore observe little change in the composition
of the CraNb layer but a large change in the composition of the metal layer. This
can only be accomplished by diffusion of Cr from the surface of the intermetallic
layer into the metal layer until the metal layer composition reaches 14.4 at.% Cr.
Diffusion in the Nb-Cr system is slow, [15], so that metal layer grain boundary
diffusion may dominate bulk diffusion.

Groove instability and deep protrusions may have occurred because of the
effect of grain boundary diffusion on the relative surface energies of the Nb grain
boundaries and Nb-CraNb interphase boundaries at the root of grain boundary
grooves. Vogel and Ratke observed such an influence in the liquid-solid Bi-Cu alloy
system [16). Their model predicts that grain boundary diffusion can lead to
instability of grain boundary grooves at a solid-liquid interface. Since there may be
a high grain boundary diffusive flux in the Nb-CroNb microlaminated composite




systems of this study, a solid state counterpart to their observations may be
responsible for these deep intermetallic protrusions. Protrusion formation may also
increase the rate of transport of Cr into the interior of the Nb layer because of an
increase in the surface area of the Nb-CroNb interface. Further work will be
necessary to confirm this hypothesis.

SUMMARY

Significant advances in aircraft engine turbine performance has been projected
by incorporating advanced designs with new higher temperature materials.
Further increases in temperature capability of superalloys is ultimately limited by
the melting point of the superalloys. Higher temperature intermetallic materials
will require a composite design because of their inherent brittleness and difficulty
of fabrication as monolithic components. The method of composite synthesis will
have to be compatible with manufacture of advanced cooling designs at an
affordable cost.

We have demonstrated that high temperature intermetallic composites can be
synthesized by PVD with little interstitial pickup and with a good balance of low
temperature fracture strength and fracture resistance. The PVD process appears to
have inherent advantages in the fabrication of the most advanced turbine blade
cooling designs.

The high temperature strength of the initial PVD microlaminated
intermetallic composites was inadequate because of an ultrafine grained
intermetallic layer microstructure. However, high strength and creep resistance
have been observed in aligned discontinuous composite systems. This suggests that
if the microstructure of the intermetallic layer can be coarsened that high
temperature strength goals may be met.

Improvements of the oxidation resistance of both the Nb-based metal
toughening layer and the composite system show that at high temperatures,
achieving oxidation resistance goals may also be possible.

The stability of microlaminated composites at temperatures of 1400°C has
been shown to be affected by non-equilibrium penetration of deep protrusions of
intermetallic phase into the metal layer. The mechanism of protrusion formation
may be related to grain boundary diffusion so that achievement of composite
systems with little change in equilibrium metal and intermetallic composition over
the temperature range of operation may eliminate this problem. The mechanism of
protrusion formation must be firmly established to be able to predict the conditions
under which protrusions occur, however.
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MECHANICS OF METAL MATRIX LAMINATES

J.L. TEPLY
Alcoa Technical Center, 100 Technical Drive, Alcoa Center, PA 15068, teply_jl@atc.alcoa.com

ABSTRACT

The mechanics of fracture and fatigue crack propagation of ARALL Laminates and
Discontinuously Reinforced SiC Aluminum (DRA) laminates is studied. In these two, supposedly
different, material systems the fracture and fatigue performance is closely related to their capability
to delaminate. The delamination shape, length, rate of growth, effect on fatigue and fracture
toughness are analyzed in the both lamination systems. The similarities between these two
lamination systems fatigue and fracture failure modes are determined and summarized. Design for
compression is also mantioned.

INTRODUCTION

The idea of lamination has been practiced by metal makers for centuries [1]. The unifying force
which drives engineers to use laminates is the unique opportunity to use the excellent performance
of simple materials in multi-functional applications. For example, cross-lamination is used to resist
multidirectional loads by superior strength of unidirectionally reinforced fiber composites.
Similarly, lamination is used to combine thermal or sound insulation performance of foams with
structural performance of fibrous composites to create structural sandwiches - a special form of
laminates.

In this paper, we focus on design and analysis of metal laminates for fracture toughness and
fatigue crack growth. More specifically, the two lamination systems of ARALL Laminates and
Discontinuously Reinforced SiC Aluminum (DRA) laminates are analyzed. Not only are these
systems tougher and fatigue resistant, but both products also offer improvements in other
properties such as high strength, Young's modulus, strain hardening rate, etc. For example, see
(21, [3], [4] and [5].

The fracture and fatigue performance of these supposedly different laminates is closely related to
their capability to delaminate. In these systems, delamination is followed by crack bridging which
in turn is accompanied by an increase in fracture toughness and fatigue crack growth resistance.
Although the laminates are noticeably different in their material selection, the mechanics behind
laminate toughening is strikingly similar in both systems. In this paper we study the similarities of
fracture and fatigue performance with the firm belief that the understanding of these similarities will
lead to the new, improved metal laminates.

The effects of delamination, such as compression after impact, is generally considered detrimental
to the performance of laminates. However, if a laminate is designed for delamination , the
detrimental effects of delamination can be virtually eliminated. This is especially true for metal
laminates. In metal laminates the number of layers and functional interfaces can be optimized
because the nearly isotropic properties of metals ask for no or a minimum number of cross-layers.
It means that the individual layers can be thick enough to effectively resist compressive loads.
Additionally, plasticity of the metal layers can be employed to design laminates in which damage
and failures are preceded by visually detectable dents and permanent deformations, respectively.

In this paper, we will focus on the benefits of controlled delamination in the aforementioned
lamination systems. For the brevity of this paper, we focus on delamination effects and assume
that the detrimental effects of delamination were minimize below the critical level for the entire life
time.

First, we review the mechanics of ARALL Laminates. From there, we introduce some initial
models and experiments describing mechanics of DRA laminates. Finally, by comparing these two
different systems, we conclude with some recommendation for future metal laminates.
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Fatigue Crack Growth and Fracture Toughness of ARALL Laminates.

ARALL Laminates were primarily developed in cooperation between TU Delft and Fokker
Aircraft. Five years ago, Alcoa and AKZO created a joint venture to commercialized ARALL
Laminates and other laminate alternatives such as GLARE.

ARALL Laminates consist of aluminum sheet layers which are interspersed with layers of aramid
fiber/epoxy composite. An illustrative example of the 3/2 lay-up is shown in Figure 1. When an
optimized ARALL laminate is subjected to a tension-tension cyclic load, a fatigue crack initiates
and propagates in the aluminum layers. Stresses from the aluminum layers are gradually
transferred to the aramid layers, which posses tough aramid fibers that stay intact, via shear forces
in a compliant, resin rich layer that lays between the aluminum and aramid layers, see Figure 1.
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Figure 1. Schematic of ARALL Laminate and location of resin rich layer.

Using Figure 1, one can describe the mechanisms of the delamination. At the moment when
fatigue crack elongates at the aluminum layer, a local single lap shear element is created along the
newly created crack tip edges. Although shear stresses and geometry are slightly different from
that of a single lap shear joint, it is possible to approximate the shear stresses in the resin rich layer
by a modified single lap shear solution

Ti(X,Y) = Toi(x,0) * e8(X%Y) M

where x is from the small crack elongation interval (a,a+da), Toi(x,0) is the extreme shear stress
along the newly created crack edge, and g(x,y) is the function for the exponentially decaying shear

stress. To determine Toi(x,0) and g(x,y), one can simply use tests combined with finite element
analysis.

According to (1), the highest shear stresses concentration is expected along the new crack edge at
the crack tip. Due to this high shear stress concentration, the failure of the fiber/matrix interface
along the resin rich adhesive layer is almost simultaneous with the fatigue crack elongation. This
delamination provides a finite bridging length to the fibers in the crack tip elongation interval
(a,a+da). This sequence of events give rise to fiber strains below the failure strain. Without
delamination, very high local strain, in excess of the failure strain, would immediately brake the
fibers in the wake of the fatigue crack tip elongation.



Details of the mechanics of fiber bridging and additional factors affecting the fatigue crack
propagation in ARALL Laminates such as residual stresses, shear deformation of the resin rich
layer, crack closure, crack length, delamination length are well described in work of Marrissen [6],

[7].

One of the important parameters affecting fatigue crack growth as well as residual strength of
ARALL Laminates is the shape of delamination zone. Marissen [6] assumed an elliptical shape
using the following argument: The shear force which causes delamination along the fiber/matrix
interface are proportional to the fiber bridging force. Therefore, the fiber bridging force is
proportional to the fiber strain which, subsequently, is equal to the crack tip displacement divided
by the delamination length. Putting it together leaves one with

£ = v(x/a)/d(x/a)
Fp = Ellr2e

)]

where 2a is the crack length, E is Young's modulus of fiber, and r is fiber radius. Since the crack
opening is elliptical, delamination should also be elliptical. If delamination is not elliptical, closing
forces are not constant. At the location with shorter delamination d(x/a), bridging forces Fy, and

shear stress Toi(x,0) are higher forcing delamination to propagate faster. Hence, during

subsequent fatigue cycles, the delamination contour tends to assume an elliptical shape because,
under such a condition, the delamination rate is uniform along the entire bridging length.
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Figure 2. ARALL Panels with saw cuts.

This logic of elliptical delamination applies only to the panel in which the fatigue crack emanates
from small holes. However, in the case of fiber breakage described by Roebroeks in [8], the

delamination shape changes. The effects of different delamination shapes were studied by Teply
and DiPaolo [9], and Macheret and Teply [10]. Fiber breakage was simulated by a saw cut, see
Figure 2. A typical delamination for laminates with an initial saw cut was triangular as shown in
Figure 3. Nonetheless, in some panels a concave delamination shape was observed. Using the

17



Westergaard [11] solution for a center crack panel, Macheret estimated the effect of delamination
shape on the reduction of the stress intensity factor, AK = (Kmax-Kmin), in the aluminum layers.

Figure 3. Triangular (linear) shape of delamination in the panels with an initial saw cuts. (Elliptical
delamination is shown for contrast.)

The results are briefly summarized in Figure 4. The effect of delamination shape on fatigue crack
growth is pronounced. As shown in Figure 4, elliptical delamination is less efficient than
triangular one. The latter is about 40 percent more efficient for short fatigue cracks (s/a greater
than 0.7) and produces crack tip stress intensity reduction factor up to 3 times larger for long
fatigue cracks (s/a less than 0.3). The importance of crack delamination length, D, is also depicted
in Figure 4. According to Figure 4 and (2), a longer delamination produces a lower bridging force
resulting in less effective crack arresting mechanism. The length of D depends on the rate of
delamination growth. Delamination growth rate for ARALL Laminates is captured in two Alcoa
internal publications [12] and [13].
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Figure 4. Effect of triangular and ellictical delamination on DK (Kmax - Kmin)

18



As mentioned, DiPaolo and Teply [9] extended the effect of fiber bridging and delamination to the
residual strength of center crack panels. The conclusions in [9] are typical for many fiber
reinforced metal laminates. It was observed that the high strength fiber layer breaks abruptly when
a first fiber bundle breaks. Due to a large amount of energy stored in the unbroken fibers, it is
conceivable that the location of the first fiber bundle failure is random and is most likely determined
by the presence of a fiber defect. This is true for the laminates with an elliptical delamination
because the fiber bridging forces are uniform. As shown in [9] that a fiber defect also dominates
the failure of laminates with non-elliptical delamination. Although stress is non-uniform and stress
concentrations are present in the bridging fibers, the location of fiber failure is still random and
strongly affected by the presence of a fiber defect rather than the stress concentrations. Thus,
using the ultimate strain failure criterion, the fiber bridging length (a-s), not the delamination
shape, is only significant factor to determine the residual strength of ARALL type laminates.

The redistribution of forces to the unbroken fibers is very rapid at the time of the final failure. The
postmortem analysis of fractured panels [9] showed only very limited delamination at the crack tip
during the steady crack growth prior to the final failure. This means that the individual layers of
ARALL Laminates react as a single laminate and are constrained by surrounding materials.

This is in sharp contrast with the behavior of DRA laminates which strongly depends on
delamination and the subsequent increase in the number of thin layers resisting the progress of the
final fracture tear. This effect of tougher, thinner layers resisting laminate tear will be studied in
more detail in the next section.

The final note on ARALL Laminates deals with the balancing of their tensile and compressive
performance. The alternation of compliant resin layers with stiffer aluminum and aramid layers has
some detrimental effect on short column buckling of these laminates. Using layer-wise theory of
plates [14],[15], Teply, Reddy and Barbero [16] captured the effect of resin rich layers on
buckling and vibration of ARALL Laminates. To fully understand compressive behavior of
ARALL Laminates, buckling of aramid fibers has to be accounted for in determining the buckling
limits of aramid layers [17].

Fatigue Crack Growth and Fracture Toughness of DRA Laminate

DRA laminates consist of two material types, SiC reinforced aluminum layers and unreinforced
layers of a compatible aluminum alloy. Using hot press bonding [18], a stack of alternating
unreinforced and reinforced blanks is heated and pressed to required final thickness and size.
During this quite rapid horizontal expansion, surface oxides are broken and an adequate
metallurgical bond is established. The strength of the bond, affected by press and blank
temperature, forming rate, reduction ratio, and by alloy selection, is obviously the important factor
for the performance of DRA laminates.

Spray forming is considered to be a future manufacturing alternative that offers economical
solution to the cost of DRA laminates. One of the several possible spray manufacturing
arrangement is shown in Figure 5. Linear spray nozzles are arranged is series; unreinforced and
reinforced alloys are alternatively sprayed on a moving substrate to create the layers of a future
laminate. The rollers at the end of this manufacturing unit are used to consolidate the laminate and
heal the porosity which is inherent to this spray process.

Until now, all laminates presented in this paper have been manufactured using press bonding
method. Although the microstructure of individual layers may be different for press bonded and
spray formed laminates, it is believed that the major mechanisms of delaminations, layer bridging,
fatigue and fracture, will remain the same for both manufacturing processes. Since
microstructural differences in layers will affect interface properties, it is also reasonable to assume
that the relative interaction between the major failure mechanisms will be different for press bonded
and spray formed laminates. Hence, certain tests will have to be performed to adjust the press
formed model to spray formed laminates.
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Figure 5. Spray forming of DRA laminates

Experiments were performed in Alcoa Technical Center (ATC) to study, understand and model
failure mechanisms of DRA laminates [19]. Compact test (CT) specimens were machined from
DRA samples. The samples were manufactured at Lawrence Livermore National Laboratories
under CRADA agreement between Alcoa and LLNL.

Each compact test specimen was used for both fatigue and fracture failure testing. To
accomplished this, the CT specimens were manufactured with a shorter initial notch length than a
typical R-curve specimen should have. The fatigue precracking of the specimens was used to
collect the data on fatigue crack growths and fatigue mechanisms in DRA laminates. When a
recommended crack length was reached, the specimen was loaded to slightly beyond its maximum
load and R-curve recorded. Additional fatigue testing followed; the details of the total test schedule
are in [18].

Observations from DRA laminate fatigue and R-curve tests are opposite to those from ARALL
Laminates. During fatigue crack propagation almost no or negligible delamination was observed.
On the other hand, the delamination at the crack tip during the steady crack propagation before the
final failure of a R-curve test specimen is the major contributor to DRA toughening mechanism.
The failure of notched DRA laminates is dominated by the three following toughening mechanisms:
crack tip delamination, the bridging of unbroken ductile layers over cracked brittle layers, and by
changing fracture mode from the plain strain mode of partially constrained layers to the plane stress
mode of thin, delaminated layers. The extent of the crack tip delamination depends the alloy
selection and, of course, the laminate processing parameters.

To a design engineer DRA laminates basically behave like metals. First, the visible fatigue crack in
the two outside layers is the actual fatigue crack length in the laminate. Due to negligible fatigue
delamination, no estimate or expensive non-destructive testing is needed to determine the amount
of layer bridging to calculate the residual strength or life of a DRA panel. On the other end, DRA
Jaminates experience a considerable delamination during the final failure stages. Such delamination
promotes longer steady crack growth before the final failure.

Using design for delamination control, DRA laminates offer a wide range of material properties
that would be difficult, almost impossible to achieve by a single alloy. For example, we can
decouple strength and fracture toughness in heat treatable alloys, we can also design laminates with
high specific modulus and acceptable fracture toughness, etc.
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Since design for delamination is the focal points of DRA laminates performance, the rest of this
section deals with delamination only. The effect of delamination on the fracture toughness,
fatigue, modulus, strength, etc., of DRA laminates is distinctively different in three directions.
These directions are shown in Figure 6. but in this paper, we will deal only with fatigue and
fracture performance in the crack divider direction.

Figure 6. From left to right, crack divider, crack arrester and short transverse direction in DRA
laminates

The sequence of failure and delamination mechanisms in the crack divider direction are depicted in
Figure 7. However, before we describe them, let us analyze the fracture toughness of laminates
with no delamination. Due to the low fracture toughness of the reinforced layers, a crack prefers to
begin to propagate earlier in these layers than in the unreinforced ones. If the interface between
these two layers does not delaminate, the steady crack growth would be dominated by the brittle
fracture of the reinforced material. In this case, the fracture toughness of the laminate can be
estimated as a weighted average of the fracture toughness of constitutive materials

K1 = wuKuy,1C (1+By exp2(Aytiot/tou))
+ wrKp, 1C (14Br exp2(Artiot/tor)) 3

where wy and w; are the weight factor associated with unreinforced and reinforced layers,
respectively, tioq is the total thickness of the laminate, t,,; and tye are the thickness associated with
the plain strain failure mode of the unreinforced and reinforced material, respectively, and
Ay,Ar,By and B, are material constants.
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Fatigue Crack Steady Crack Growth

Reinforced Layer 6090/S1C/25-p
Unreinforced Layer 6013

Plastic Zone
Delamination

initial
Necking

Bridging

Figure 7. Fracture failure of DRA laminates.
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Provided appropriate materials and processing parameters are selected, the layers will delaminate at
the same time as the steady crack growth begins in the reinforced layers. Hence, the unreinforced
layers will bridge the crack tip of the reinforced layers. The bridging distance and force are
functions of the failure strain and hardening rate of the unreinforced alloy. Large failure strain
promotes longer bridging distance and higher hardening give rise to higher bridging/closing forces.

The onset of delamination can be associated with the necking ability of the unreinforced alloy. As
it is shown in Figure 7, the unreinforced material begins to neck in the crack tip area. This necking
gives rise to peeling forces and subsequent delamination in the crack tip zone allowing for the crack
growth in the reinforced layers. When peeling forces are combined with the shear forces from the
uneven crack propagation, the delamination can propagate further allowing for additional crack
growth in the reinforced layers. This uneven steady crack growth continues till the critical fracture
conditions are reached in the bridging ligaments.

Delaminated

AN

fracture tougness

\ No Delamination
>< 6013

g

6090/5iC/25p

-t to thickness

Figure 8. Effect of thickness change in delaminated DRA laminates

In addition to layer bridging, the delamination also gives rise to another important toughening
factor. The fracture mode of the individual layers changes from the constrained mode dominated
by the laminate thickness to the unconstrained plane stress mode of individual layers. It means that
the thicknesses of unreinforced and reinforced layers, t, and t, should be substituted for the total
thickness, to, in. (3), and the individual contributions summed up

K1 = Z(wuKy,1C (1+By exp2(Autu/to))
+wiKr,1C (1+Br exp2(Artr/to)))
@)

The impact of thickness change is schematically shown in Figure 8. The top curve is the fracture
toughness of unreinforced 6013 alloy. The bottom curve is the fracture toughness of
6090/SiC/25p (reinforced 6090 aluminum by 25 percent of SiC). Depending on the relative
thickness of the reinforced and unreinforced layers to the thickness of the laminate, the fracture
toughness of the laminate can increase by factor of 2 if the laminate delaminates.

Assuming weights, wy and wy, are equal to the volume fraction of unreinforced and reinforced
layers, respectively, the fracture toughness of 50/50 DRA laminates can be calculated from (3) and
(4). (A 50/50 DRA laminate consists of 50 percent of reinforced and 50 percent of unreinforced
layers.) The calculation for a non-delaminated and delaminated S0/50 6090/SiC/25p/6013 DRA
laminate is shown in Figure 9. The first preliminary test data from delaminated specimens are
included. Additional verification testing in under way in Alcoa.
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As mentioned, delamination and thickness effect are combined with layer bridging and crack tip
closing forces. The model which accounts for the bridging forces is complex and its introduction
is beyond the scope of this paper. Basically, the modeling approaches which were used in [9] and
[10] are modified and applied to DRA. This work will be reported separately.
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Figure 9. Fracture toughness of 50/50 6090/SiC/25p/6013 laminates

One of the many simplified ways on how to consider the effect of the bridging forces is to adjust
the weight factors, wy and wy, in (4). In general, the weight factor for the delaminated reinforced
layers will be higher than their volume fraction. Conversely, the weight factor for the reinforced
layers will be smaller than their volume fracture

Wy = Vy + by

&)

Wr=Vr- br.

Therefore, when wy, is equal to vy, and w; is equal to v, Equation (4) is a lower bound on the
fracture toughness of the laminates in which delamination and bridging forces are significant. For
example, the upper curve in Figure 9 is the lower bound for 50/50 6090/SiC/25p/6013 laminates.

CONCLUSIONS

Wide variety of metal laminate performance can be achieved when delamination is understood and
accounted for in the early stages of laminate design. Two different laminate systems were
reviewed in this paper to demonstrate this statement. The first was a metal, polymer, fiber system
(ARALL Laminates). Here delamination occured during service fatigue loads. Fiber bridging
forces were effective and crack arrest was possible. Depending on fiber type, bridging fibers
could break under more general service loads. It was shown that fiber breakage affected both
delamination shape and crack propagation rate.

The residual strength and the final fracture are dominated by the brittle fiber layers. The reason is
that only negligible delamination accompanies this failure mode. Moreover, it was shown that the
residual strength of an ARALL panel strongly depended on the fiber bridging length.

Such behavior poses a challenge for design engineers. To account for the bridging effect of
unbroken fibers , the length of this zone must be known. However, under general service load,
the bridging fibers at the crack wake can be severed. Hence, the bridging length (a-s) is unknown
if visual inspection is used. Using visual inspection, the fatigue crack length in the aluminum
layers, a, can be determined by a visual inspection of the two most outside aluminum layers. Itis
impossible to determine the crack length, s, of the fiber reinforced layers. An expensive non-
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destructive inspection have to be applied to determine bridging length in order to reliably account
for the effect of unbroken fibers on the residual strength.

In most practical applications of metal, polymer, fiber laminates, design engineers consider the
crack in the fiber and aluminum layers to be the same length as the crack detected in the two outside
layers, which means that the bridging length is not considered in the calculation of residual
strength. This conservative approach, dictated by today’s inspection methods, does not allow the
use of all the advantages of fatigue delamination in these laminate systems.

The second laminate system consisted of discontinuously reinforced aluminum layers combined
with tougher unreinforced alloys - DRA laminates. This system behaves opposite to the metal,
polymer, fiber systems. Fatigue crack propagatcs in all layers simultaneously. Also, delamination
is small and can be neglected. Under such conditions, the fatigue crack propagation rate is
dominated by the tortures path in the reinforced layers. No delamination means that (3) can be
applied to estimate the da/dN of DRA laminates when stress intensity factors in (3) are replaced by
da/dN curves. Since reinforced layers dominate fatigue crack growth, it is expected that the weight
factors will be in favor of reinforced layers; i.e., for fatigue behavior, (4) would have opposite
signs for by and by.

As mentioned in the previous section, delamination and significant crack bridging control the
steady crack growth during the final stages of a panel failure. Hence, the R-curve of DRA
laminates is significantly influenced by tougher, unreinforced layers.

In summation, the aforementioned two examples of metal laminates showed that fatigue and
fracture performance can be significantly altered and required performance achieved by design for
delamination.
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ABSTRACT

The temperature dependence of the thermal conductivity of multilayer coatings made by
a plasma spray technique as well as some coatings made by physical vapor deposition (PVD)
was investigated. The multilayer coatings consisted of a varying number of layers of A1203
and ZrO) stabilized by 8%Y203. Plasma sprayed coatings exhibited a large reduction in
thermal conductivity at all temperatures when compared to the bulk monolithic materials. This
reduction was found to be due to porosity as well as thermal resistance brought about by
interfaces in the coatings. A comparable reduction in thermal conductivity was achieved in
monolithic ZrO7 as well as in a composite coating deposited by the PVD technique.
Microstructural factors that may be responsible for this reduction are discussed.

INTRODUCTION

Improvements in the efficiency of gas turbine require the highest operating temperatures
possible. Because the Ni-base superalloys used as turbine materials rapidly loose strength and
oxidize above 1000°C, a reduction in service temperature is often accomplished by the use of
thermal barrier coatings [1,2]. Traditionally, such coatings have been applied by plasma spray
[1] or physical vapor deposition [2] onto turbine components with an intermediate NiCoCrAlY
alloy bond coating to improve adherence and to reduce oxidation. The thermal conductivity of
these coatings is sensitive to the deposition technique, microstructure, density, and interface
thermal resistance between layers [3]. The general objective of this research was to examine
the relationship between the coating microstructure and thermal conductivity. Specifically, the
thermal conductivities of multilayer coatings involving alternating ZrO7 and Al203 layers,
deposited by plasma spray (PS) as well as the coatings deposited by physical vapor deposition
(PVD) technique, were investigated. These configurations were expected to provide reduced
thermal conductivity due to the interfaces present in these coatings.

EXPERIMENTAL PROCEDURE

Plasma sprayed coatings were obtained by spraying alternating layers of ZrO2 and
Al203 onto a 3mm thick superalloy substrate measuring 62.5mm X 12.5mm. Powders of
7107 stabilized with 8% Y203 with an average particle size of about 10um and Al203 with an
average particle size of about Sum were used. A Plasma Technik Spray system, with a single
spray nozzle and dual powder feeder at the Thermal Spray Laboratory of the State University
of New York, Stony Brook, NY, was used. Calibration sprays were performed to control the
layer thickness during the actual multilayer spray deposition. The ZrO2 and Al203 powders
were alternately fed in to the spray gun, and deposition was carried out for a specified period,
determined from the calibration trials and the required layer thickness. To determine if
residual porosity could be closed by sintering, heat treatment of these coatings was performed
at 1300°C for 50 hrs in a furnace under flowing argon. However, the coatings detached from
the substrate as units after such a sintering heat treatment. Porosity levels were determined
using measurements of coating mass and volume as well as by the point counting technique on
micrographs.

PVD coatings were deposited using a proprietary PVD process. A monolithic ZrO2

coating and a composite coating comprising of ZrO7 and Al203 were deposited.

27
Mat. Res. Soc. Symp. Proc. Vol. 434 © 1996 Materials Research Society



Thermal conductivity (TC) measurements were made by the Thermophysical Properties
Research Laboratory of Purdue University, West Lafayette, IN, using the laser flash method.
Details of this technique are available elsewhere [4]. TC measurements at room temperature
and at various temperatures to 1000°C were performed. Measurements were made on the
coatings with substrate in the as-sprayed condition, but only on the coatings in the detached
condition after heat treatment.

RESULTS AND DISCUSSION
(a) Plasma Sprayed Coatings

The single layer AlpO3 and ZrO2 PS coatings were designated as Al and Z2,
respectively. The multilayer coatings were identified as AZ11, AZ21, AZ41 and AZ81 in
which the first number after Z identifies the number of alternating layers each of Al203 and
ZrQ) (AZA41 consists of 4 layers each of Al203 and ZrO2). Microstructures of some of the
coatings are shown in Fig. 1 and 2, for the as-sprayed condition and after heat treatment,
respectively. The porosity levels in the coatings were: Al: 18.8%; Z2: 11.9%; AZ11: 15.5%;
AZ21: 17%; AZ41: 12.7%; AZ81: 13.7%. While there appears to be no change in porosity in
Al203 layers, a slight reduction in porosity in ZrO7 layers after heat treatment can be seen.

The thermal conductivity data as a function of temperature are presented in Figs. 3 and
4 for coatings in the as-sprayed and in the heat-treated conditions, respectively. In Fig. 3, it
can be seen that the thermal conductivity levels of monolithic as well as multilayer coatings are
lower than that of dense materials. At temperatures <200°C, the TC levels of coatings and the
monolithic ZrO) are comparable. On the other hand, the TC values are at least a factor of two
lower than that of monolithic ZrO) at temperatures >200°C. The TC of Al203 coating is
slightly higher than that of the other coatings. The TC levels of all the multilayer coatings
average around the monolithic ZrO7 coating, but are slightly Jower than the trend calculated
from the monolithic TC values on the basis a of series arrangement of alternate layers (for a bi-

layer, A = Aaposizioz/ (XA1203tZr02 + lzroztAlp_m), in which A is thermal conductivity and t
is the thickness fraction of each layer). Also included in the figure is the TC for a bi-layer
calculated using the dense TC values reported in the literature and accounting for the effect of
porosity on thermal conductivity of each layer. The data for dense Al203 and ZrO2 were
taken from Refs. [5] and [6], respectively. The effect of porosity on thermal conductivity was

incorporated using the relationship: A = Ag[1-P%3] (Aq is the TC of dense material and P is the
volume fraction of porosity). It can be seen that the measured TC data for multilayers are
significantly lower than this value at all temperatures. This suggests that the reduction in
thermal conductivity of plasma sprayed coatings can be explained only partially on the basis of
the porosity of coatings, and that other microstructural factors are equally important.

The TC levels of all the coatings after heat treatment were significantly higher than
those in the as-sprayed condition as shown in Fig. 4. It is to be noted that while the data for all
the as-sprayed coatings showed a significant change with temperature, the TC data after
sintering were largely temperature-independent. The thermal conductivities of the multilayer
coatings are in agreement with the estimated bi-layer thermal conductivity using the data of
monolithic coatings as well as the predictions based on the dense materials after accounting for
the effects of porosity on thermal conductivity. In the latter, the porosity data of as-sprayed
coatings were used in the calculation because there was only a small change in porosity during
heat treatment.

These results indicate that several microstructural factors should be considered in

understanding thermal conductivity changes after heat treatment. Porosity and thermal
resistance at interfaces can significantly influence the thermal conductivity in solids [7,8].
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Fig. 1. Microstructures of plasma sprayed coatings in the as-sprayed condition. (a) Al, (b) Z2,
(c) AZ41 and (d) AZS8I.

Fig. 2. Microstructures of plasma sprayed coatings after the heat treatment. (a) A1, (b) Z2, (c)
AZ41 and (d) AZ81.
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Fig. 4. Thermal conductivity of plasma sprayed coatings after heat treatment at 1300°C for 50
hrs. HT refers to the heat-treated condition.

Since porosity levels changed only a little, this is not a major factor. On the other hand,
interfaces between the splats in thermal sprayed coatings have been suggested to contribute to
reduced thermal conductivity due to the interface thermal resistance [3,8]. In addition, there
are interlayer interfaces and the interface between the coating as a unit and the substrate. Thus,
although the bulk of the reduction in thermal conductivity appears to be due to an interface-
type effect, at this stage it is not possible to determine the specific contributions from the

different interfaces.

(b) PVD Coatings

Microstructures of the PVD coatings were very different from those deposited by
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the plasma spray technique. Both coatings exhibited a columnar microstructure typical of the
PVD process [9,10]. Fig. 5 shows the microstructures of monolithic ZrO7 coating as seen in
the optical and scanning electron microscopes. The microstructures of the composite coating
are not shown here because of its proprietary nature.

Thermal conductivity data for the PVD coatings are presented in Fig. 6. At
temperatures above 500°C, both coatings have similar thermal conductivity levels. However at
lower temperatures, the composite coating is seen to have a lower thermal conductivity, the
magnitude of this difference increasing at lower temperatures.

Several microstructural factors must be considered to interpret the thermal
conductivities of the coatings with respect to that of the bulk monolithic ZrO7 and to explain
the differences between the coatings themselves. First, the differences between bulk material
and the coatings need to be examined. A preliminary X-ray diffraction study indicated that the
amount of monoclinic ZrO2 (M-ZrO32) in both the coatings was negligible and the coatings
consisted entirely of tetragonal ZrOp (T-ZrO7) phase. However, the reference bulk ZrO)
consisted of a significant amount of M-ZrO3 in addition to T-ZrO7. Additionally, strong (200)
and (111) textures were observed in the coatings. Hence, both the absence of M-ZrO) phase
and the presence of anisotropy in coatings may explain part of the reduction in the thermal
conductivities of both coatings compared to that of the bulk material. Since the effects of M-
ZrO7 versus T-ZrO7 phase proportion and crystal orientation on thermal conductivity are not
clear, these effects could not be quantitatively assessed at present.

Fig. 5. Microstructure of ZrO7 coating deposited by the PVD technique as seen in (a) optical
microscope and (b) scanning electron microscope.
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Fig. 6. Thermal conductivity of PVD coatings.
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The microstructure of the composite coating differs from that of the monolithic coating
in several aspects. First, the composite coating had a (111) texture compared to a (200) texture
in the monolithic coating. Secondly, the composite had unique microstructural arrangement
that differed from the monolithic coating. X-ray diffraction indicated that the AlpO3 was
present in an amorphous form. Further research is necessary to understand the impact of these
differences and other factors on the thermal conductivity of the composite coatings.

CONCLUSIONS

1. The thermal conductivity of the plasma sprayed multilayer coatings comprising alternating
Al203/Zr07 layers was comparable to the monolithic ZrO2 coating made by the same
technique. This similarity appears to be due to porosity and the thermal resistance due to
interfaces in the microstructure.

2. After heat treatment, the effect of interface thermal resistance on conductivity was absent.
However, because the coatings detached after heat treatment, it is not clear whether the
elimination of thermal resistance was due to the increased contact between internal interfaces
or the elimination of the interface between the coatings as units and the substrate.

3. The thermal conductivity of the PVD coatings was comparable to that of the plasma
sprayed coatings although their microstructures were entirely different. Such a large reduction
in thermal conductivity may be due to the proportion of M-ZrO7 versus T-ZrO7 as well as the
presence of anisotropy in the coatings.

4. The PVD composite Al203/ZrO7 coating showed a significantly lower thermal
conductivity compared to that of the monolithic ZrO7 coating at temperatures below 500°C.
This may be due to its unique microstructural characteristics, compared to monolithic coating.
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ABSTRACT

Metallic candidates for functionally graded material (FGM) coatings have been evaluated for
potential use in bonding zirconia to a single crystal superalloy. Properties for four materials were
studied for the low-expansion layer adjacent to the ceramic. Ingots were produced for these
materials, and oxidation, expansion and modulus were determined. A finite element model was
used to study effects of varying the FGM layers. Elastic modulus dominated stress generation,
and a 20-25% reduction in thermal stress generated within the zirconia layer may be possible.

INTRODUCTION

Jet engine and gas turbine hot section components can be protected from the 1350-1650°C
combustion gases by thermal barrier coatings (TBCs). TBC systems with insulating ceramics,
oxidation resistant bond coats, and strong substrates, have been studied for 20 years [1,2].
Designed to reduce heat transfer to metal components, TBCs offer two forms of protection. At
steady state, the temperature of the underlying metal is reduced, relative to the uncoated metal
with identical cooling flow. During transient conditions, when flame temperatures increase or
decrease rapidly, the rate of temperature change in the metal is reduced and thermomechanical
shock is less severe.

Zirconia has the best success as a TBC, with low thermal conductivity and high thermal
expansion, compared to other oxides. Its expansion behavior is still much lower than for the Ni
and Co alloys it protects, creating thermal stresses during exposure that add to other stresses
causing delamination and spallation. Stabilizing additions, such as the 6-8 wt% yttria-stabilized
Zr07 (YSZ), avoid the volume change from crystallographic transformation which can cause
cracking and spallation [3-5].

A metallic oxidation resistant bond coat deposited onto the metal substrate anchors the
ceramic mechanically, and its roughness helps to accomodate thermal mismatch. The bond coat
is usually an MCrAlY composition (where “M” is Ni, Co, or both) or a diffusion aluminide, and
is more oxidation-resistant and corrosion-resistant than the underlying superalloy. Bond coat
oxidation is a major factor in TBC failure [6,7] for bond coats processed by plasma-spraying [§]
and by PVD [9]. MCrAlY oxidation resistance has also been substantially improved by
aluminiding prior to deposition of the ceramic [§], to produce an increased Al content on the
outer surface of the bond coat.

The driving force for eventual TBC spallation can be reduced if the TBC/substrate expansion
differential is reduced [10]. TBCs deposited onto IN 718 and IN 909 were furnace cycled to
evaluate the concept of matching thermal expansion of substrate and oxide. IN 909 is much
lower in expansion than IN 718, and approaches the expansion of YSZ. On cycling to 900 and to
1015°C, the TBC on IN 718 failed early (360 and 72 cycles, respectively), while the TBC on IN
909 was unfailed when testing was terminated (4932 and 216 cycles, respectively). At 1100°C,
TBC failure on IN 909 occurred, but at a significant gain in cyclic life over IN 718 (1026 and
178 cycles, respectively). These results indicate that a low-expansion substrate can offer
extended TBC lifetime. However, the strong Ni and Co-base superalloys have expansion similar
to IN 718 expansion behavior.

FGMs have demonstrated mechanical performance improvements as bond coats for TBC
systems. The residual thermal stresses present in parts as a result of fabrication and service can
be reduced by grading the structure [11]. The FGMs can be made of stepwise homogeneous-
composition layers, or can be graded continuously through the thickness, to reduce stresses.
Increased coating adhesion and TBC lives have been shown, and the thermal cycling/ thermal
shock resistance of graded structures was superior to that of monolithic coatings [12-15].
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To the present, TBC systems have been used to extend airfoil life beyond the uncoated
design life. Reliability of the TBC has been insufficient to allow incorporation into the design.
Major improvements in turbine efficiency and performance will be achievable when the TBC can
be relied upon to survive. These improvements result directly from designs allowing higher gas
temperatures and/or reductions in cooling air, without a rise in metal temperatures. The concept
of using FGMs to increase that reliability may be essential to achieving the full potential of
TBCs. Clearly, there has been improvement in mechanical performance at the bond coat/TBC
interface through the use of FGMs. However, incorporating low-conductivity ceramics in the
graded region will lead to slightly increased temperatures in the metallic region closest to the
TBC. TBC failure is related to oxidation of the bond coat in conventional TBCs, and FGMs with
ceramic gradients have suffered from the same limitations. Our research is aimed at achieving
good expansion matching using metallic bond coatings with low-expansion phases, to achieve
the lowest bond coat temperatures.

EXPERIMENT

A total of 7 alloys were selected for evaluation (Table I), low-expansion alloys 1-4 to serve next
to the TBC, intermediate layer alloys 5-6, and alloy 7 as the alloy next to the substrate. Only
alloys 1-4 are described in this paper. Compositions are shown schematically in Figure 1. All
alloys were directionally solidified at 20cm/h to produce sound material, and test pins 2.5 cm
long and .25 cm in diameter were taken in a transverse orientation to produce a multi-grained,
non-directional sample axis for dynamic modulus, dilatometric thermal expansion and oxidation.
A pin of each was tested in one-hour cyclic oxidation to 1100°C for 525 hours. FGM
temperatures and stresses were modeled in a finite element analysis using estimated properties.

RESULTS

Alloy Structures

Directional solidification was used to produce low-porosity alloys. The phases expected for
alloy 1 from the NiAICr phase diagram [16] were observed. For alloys 2-4 (microstructure of
alloy 2 shown in Fig. 2), no detailed NiAICrC diagram exists. Based on the NiCrC ternary, the
carbide in equilibrium with Cr, NiAl and Ni («, B v, respectively) is expected to be Cr7C3; this
was verified by X-ray diffraction.

Table I - Candidate Alloy Compositions for FGMs (phase v/o and alloy elemental a/o)

o B ¥ M7C3 Ni Cr Al C
1 45 25 30 0 36.5 51.1 124 0
2 30 25 30 15 37.8 454 12.3 4.5
3 15 25 30 30 39.2 39.7 12.1 9.0
4 0 25 30 45 40.5 34.0 12.0 13.5
5 15 25 45 15 48.2 337 13.6 4.5
6 15 45 25 15 46.2 30.5 18.8 4.5
7 0 25 60 15 58.5 22.0 149 4.6
-98Cr 1Ni 1Al; 8-4Cr 60Ni 36Al; y-20Cr 70Ni 9.9A1 0.1C; M7C3-60Cr 10Ni 30C (a/o)

[approximate phase chemistries at 1100 °C]
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Figure 1 - Approximate locations in Ni-Cr-Al-C quaternary space for the candidate alloys. Low-
expansion alloys 1-4 contain ~45volume percent of oCr plus M7C3.

Figure 2-Microstructure of alloy 2 after
equilibration at 1100°C. The large bright

phase is M7C3, the small bright phase is aCr,
the light gray phase is BNiAl, and the dark
matrix is YNi solid solution.




Physical Properties

Pin samples were subjected to differential dilatometric evaluation over the range 23-1200°C,
with a heating rate of 10°C/min, with an alumina standard. Rule-of-mixture estimates of thermal
expansion were made before testing, by using known data for the three metal phases and their
expected volume fractions, and using an assumed expansion behavior for the carbide that was
somewhat lower than that of Cr (~0.85 x % expansion of Cr). These estimated values predicted
expansion of ~1.4% (1.38% for alloy 4, 1.45% for alloy 1) from room temperature to 1100°C.
These values are all greater than the 1.22% expansion of YSZ. However, the measured
expansion showed the carbide-free alloy 1 to be lower in expansion than expected, and quite
close to YSZ. The carbide-containing alloys 2-4 showed substantially greater expansion than
expected, and greater than alloy 1 or YSZ (Figure 3). Small differences in the volume

percentages of the low-expansion a.Cr and/or carbide phases from those assumed in Table I
could account for the differences in expansion behavior. All four alloys exhibited markedly
increased rates of expansion above 1000°C. At approximately this temperature, there is a four-
point invariant reaction in the NiCrAl equilibrium diagram [16]. At temperatures greater than

1000°C, there is a y-B phase field that isolates ¥’ from o, while below that temperature the o-y’
field replaces the -8 field. As temperature rises above 1000°C, the volume fraction of o in the

structure is reduced, and the suppression in expansion behavior of the alloys due to the a.Cr
phase is lessened.

Elastic modulus measurements were made at room temperature using a dynamic ultrasonic
method. Values of 241-248 GPa were estimated, based on values of 290-310 GPa for the Cr and
carbide phases, and values of 193-207 GPa for yand B. Measured values were 221-228 GPa for
alloys 1-4, with the range too small to see any trend.

Oxidation Behavior

Pin samples .25cm in diameter and 2.5 cm in length were subjected to one-hour cyclic
oxidation in a static air furnace, with periodic removal for visual evaluation and weight
measurements. Weight gain per unit area is shown in Figure 4, and a typical microstructure is
shown in Figure 5. Oxidation rate is relatively low for alloy 1, and rate of oxidative attack is

T s e ,
2 g S f : > ,
] s ; B 7E Alloy 1 “
S | L g F |----- Alloy 2 o
€ sk Allox3 Alloy % I ‘4 = 6F™ ----~--~A1m§-3 P
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Figure 3- Thermal expansion behavior Figure 4-Weight change in cyclic
measured for alloys 1-4, compared to yttria- oxidation for alloys 1-4: 50 minutes at
stabilized zirconia. 1100°C and 10 minutes for cooling cycle.
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seen 1o increase with carbide volume fraction. Samples were continued through 525 hours of
cyclic oxidation, with alloy 1 showing a gain of 14.5mg/cm2, alloy 2 a loss of 17.6, alloy 3 a
gain of 16.3, and alloy 4 a gain of 72mg/cm?. For reference, if a weight gain reflected only
growth of M203, with no simultaneous spallation, a weight gain of ~2mg/cm?2 would represent

10pm of oxide growth. If a weight loss reflected only spallation of oxide, with no simultaneous
oxidation, a weight loss of ~7mg/cm2 would represent 10um of metal loss to oxide spallation.

Alumina formation resulted in substantial Al depletion (Figure 5). The alumina scale is not
protective, and loss of B phase due to Al diffusion to the surface oxide growth front is evident, as
is internal oxidation where the Al loss has been greatest. For reference, formation of 10um of
alumina consumes >10pm of NiAl, >27um of a 20a/0 Al alloy, and >50pum of a 10a/0Al alloy.

Figure 5-Microstructure of oxidized
alloy 2 after 525 cycles to 1100°C. The
outer oxidized surface is out of view at
the bottom. The unaltered structure is
at the extreme top of the micrograph.
Substantial depletion of Al from the
structure has eliminated the NiAl
phase from the outer regions of the
sample. Internal oxidation has led to

attack of the Cr-rich phases, both o

(shown here) and the carbide (not
shown).

Model Predictions

Some 24 elastic cases were run in a finite element analysis of thermal stresses generated in a
cooled structure in a hot gas (thermal stress assumed to be zero at room temperature). The bond
coat was treated as either a monolithic structure or as a stepwise FGM with three layers. The
different combinations of the layer next to the TBC as alloy 1, 2, 3 or 4; the mid layer as either
alloy 5 or 6; and the layer adjacent to the substrate as alloy 7, were considered. Different

thicknesses of the layers were assumed, but with a constant bond coat thickness of 100pm. The
TBC surface temperature was 1200°C, the bond coat/TBC interface was 965°C, the bond
coat/superalloy interface was 954°C, and the cold wall of the superalloy was 810°C. The range
in elastic modulus and expansion behavior assumed for alloys 1-4 resuited in calculated elastic
stresses varying from ~250MPa to ~400MPa. If actual values were used, based on measured
expansion and room temperature modulus, the four alloys are expected to be closer in stress, and
possibly to be less stressed due to their lower actual moduli. The actual expansions of alloys 2-3
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The calculated stresses in the YSZ TBC, ~25MPa, are about 20% lower than the calculated value
for the TBC on a monolithic coating on a single crystal superalloy. This amount of reduction
may be significant in reducing the driving force for TBC loss due to alumina spallation or TBC
delamination, but cases of stresses in the TBC with a more conventional bond coat or a
metal/oxide FGM bond coat is yet to be calculated.

CONCLUSIONS

Tt appears possible to essentially match the expansion behavior of YSZ TBCs using alloys

which are combinations of metal phases a.Cr, PNiAl, and yNi. Using the moduli of such alloys
to predict elastic stresses in FGM bond coats results in reasonable stress levels, considering
experience with calculations of more conventional bond coats. Building gentle gradient

structures in all-metallic materials can involve simple variation of the proportion of ¢ phase
through the thickness of the FGM. It may be necessary to modify FGM microstructures and
chemistries to promote better oxidation resistance (a richer Al source within the FGM), and to
develop greater phase stability if TBC/FGM interface temperatures exceed 1000°C. The
possibility of stress reduction in the TBC in such a material system is very promising.
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ABSTRACT

This paper describes examination of in-service coating degradation in land based gas
turbine blades by means of a small punch testing (SP) method and scanning Auger microprobe
(SAM). SP tests on coated specimens with unpolished surfaces indicated large variations of
the mechanical properties because of the surface roughness and curvature in gas turbine blades.
SP tests on polished specimens better characterized the mechanical degradation of blade
coatings. The coated specimens greatly softened and the room temperature ductility of the
coatings and substrates tended to decrease with increasing operation time. The ductile-brittle
transition temperature of the coatings shifted to higher temperatures during the blade
operation. From SAM analyses on fracture surfaces of unused and used blades, it has been
shown that oxidation and sulfidation near the coating surface, which control the fracture
properties, result from high temperature environmental attack.

INTRODUCTION

Recently, land based gas turbines have been widely applied in a combined cycle of electric
power stations to improve the fuel efficiency and environment. Advanced coating techniques
enable one to enhance the performance of gas turbine blades that are operated under high
thermal/applied stresses and high temperature aggressive environments. However, it is well
recognized [1,2] that the mechanical degradation of coatings and substrates in gas turbine
blades inevitably occurs as a result of microstructural/chemical evolution. Thus the degradation
characterization of gas turbine blades is of importance to extend the remaining life and
maintain safe operation.

Since gas turbine blades have a complex shape and coating degradation is highly localized
near the blade surface, it is difficult to apply standard testing techniques to evaluate the
mechanical properties of coatings. An attempt has been made to study the local mechanical
properties in blade coatings by applying a miniaturized small punch (SP) testing method [3-5].
This paper summarizes recent results of the mechanical and microstructural/chemical
degradation of gas turbine blades induced in-service. The relationship of the mechanical
properties of the blade coatings to the microstructural/chemical evolution analyzed by scanning
Auger microprobe (SAM) is presented in order to clarify the degradation mechanism of the
blades.

EXPERIMENTAL METHOD

The materials used in this study were gas turbine blades made of a nickel base superalloy
(René 80) substrate and CoNiCrAlY coating. The turbine blades were unused, operated for
8946 h and 21338 h using combined fuels of liquefied natural gas (LNG) and kerosene, and
used for 22000 h mainly under LNG. The used blades are designated as 9Kh, 21Kh and
L22Kh. The coating thickness varied from 150 to 250 um.

As shown in Fig. 1, disk-shaped SP coating specimens (6 mm ¢ and 0.5 mm thick) were
extracted from the near surface region of the various blades using an electrical discharging
machine. SP substrate specimens were prepared by machining off the coating. The coating and
substrate surface of SP specimens were mechanically polished using emery paper (1000 grit) to
remove the surface roughness and curvature. The surface layer of the coated specimens was
removed by 20-35 pm. Unpolished SP coating specimens and notched SAM specimens (2 mm
X 3 mm x 10 mm) were also prepared.
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A puncher with a hemispherical tip (diameter of 2.4 mm) and specially designed specimen
holders consisting of lower and upper dies and clamping screws were used for SP tests [3,6].
The details of a high temperature SP testing method are indicated in Ref. [3]. SP specimens
were loaded in a screw-driven Instron testing machine with the cross head speeds of 2 x 107
and 8 x 10 m/s at 22 °C and elevated temperatures. SP tests were carried out in air in a
temperature range from 22 to 950 °C

Hydrogenated SAM specimens of the unused and used blades were broken in an ultra high
vacuum chamber (1.5 x 10 Pa). Mechanically polished cross sections of the SAM specimen
were sputter-cleaned under Ar atmosphere (5 x 10 Pa) at 1.25 keV. The chemistry on the
fracture surface and cross section of the blade specimens was examined using a cylindrical
mirror analyzer (5 keV) of Physical Electronics Model 660.

RESULTS AND DISCUSSION

Some typical load vs. deflection curves obtained from SP tests on coating specimens with
unpolished and polished surfaces are illustrated in Figs. 2 and 3. SP tests at 22 °C on the
unpolished coating specimens indicated various deformation modes depending on the different
surface roughness and curvature of gas turbine blades (Fig. 2). SP tests on the polished coating
specimens consistently showed elastic and plastic bending behavior at various temperatures
(Fig. 3). The polished SP specimen tests exhibited higher module with smaller deviations than
the unpolished ones due to the absence of the surface roughness and curvature effects. Thus
the coating degradation was examined using SP specimens with polished surfaces. At all the
temperatures except 950 °C, the yield strength of the coated specimens, estimated from the
yield load (P) {7], tended to decrease with increasing operating time [3,5]. Most of the coated
specimens greatly softened and had almost the same yield strength at 950 °C though the 21Kh
coating showed larger scattering. The substrate specimen did not show softening while in-
service

Brittle coating cracks initiated at the critical defection (8y), represented by a decrease in
the loading rate (Fig. 3). The crack formation occurred before the onset of membrane
stretching deformation that can be observed in ductile materials during the punch loading [6].
The onset of ductile cracks occurred at higher temperatures without inducing a loading rate
change unlike brittle cracking (Fig. 3). In such cases, load-interrupting SP tests were repeated
at several deformation stages to determine the value of &; The ductility (g;) of the coatings and
substrates was defined at the initiation stage of cracks [3,4] and then estimated from & [7,8].
Figure 4 indicates the temperature dependence of & obtained from SP tests on the coating and
substrate specimens. The ductility of the coatings and substrates at 22 °C decreased with
increasing operation time. All the coatings and unused substrate exhibited lower values of & at
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Figure 2. Three typical load vs. deflection curves obtained from SP tests on 9Kh and
L22Kh coating specimens with unpolished surfaces at 22 °C. The SP tests were interrupted
after the initiation of cracks at .
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Figure 3. Typical load vs. deflection curves obtained from SP tests on polished 9Kh
coating specimens at 22, 825 and 950 °C indicating yield load (Py) and critical deflection to
brittle cracking (&y).

825 °C, compared with those at 22 °C. As the testing temperature was further raised, the
ductility of the coatings and substrate increased and the ductile-brittle transition behavior
emerged. Both the 9Kh and 21Kh coatings depicted a higher ductile-brittle transition
temperature (DBTT) by 90 °C than the unused one. The DBTT of the substrate was slightly
lower than that of the unused coating and remained unchanged during the blade operation. It
has been shown [5] that the L22Kh and thermally aged coatings possess different extents of
the mechanical degradation. The SP test on the unused substrate indicated lower ductility than
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Figure 4. Temperature dependence of ductility (ef) obtained from SP tests on unused, 9Kh,
and 21Kh coatings, and unused and 21Kh substrates. The result is compared with tensile test
data of unused substrate.

tensile tests because the definition of ductility and the stress state are different. It should also
be noted that the unpolished SP specimen tests provide higher ductility with larger standard
deviations than the polished ones partly due the lower modulus {5].

Cracking morphologies observed in the deformed SP coating specimens can be summarized
[3]. Brittle cracks initiated at the center of SP specimens and propagated along the radial
direction in all the coatings at 22 °C. At elevated temperatures, many brittle cracks more
discretely grew along random directions in the used blades. Ductile cracks were highly
localized near the surface of the unused coating specimen and propagated in a zigzag mode. In
the used coatings, cracks nucleated at oxides near the specimen surface, which had been
formed due to the environmental attack. The nucleated cracks extended into the coating matrix
accompanied by some crack tip opening.

In order to clarify the mechanical degradation of the coatings, the microstructural/chemical
evolution of the blades was investigated using SAM. The unused blade indicated the formation
of oxides, consisting of major alloying elements (Ni, Co, Cr and Al), and pores near the
coating/substrate interface [3,5]. The blade operation led to an increase in the density and size
of the oxides and pores near the interface. Figure 5 delineates a scanning electron micrograph
indicating interfacial cracking, and O and S maps on fracture surfaces of the 9Kh coating.
Oxidation substantially occurred near the coating surface and interface. Oxides near the
coating surface predominantly had the form of ALOs unlike those observed near the interface
[3,5]. S enrichment was significantly observed in all the used coatings but not in the unused
and thermally aged ones, which is intensified near the surface region [3,5]. Thus the
sulfidation of the coatings is believed to have occurred during the blade operation.

We now turn to discuss the relationship between the mechanical degradation and
microstructural/chemical evolution in order to evaluate the degradation mechanism of the
coatings. It was found [5] that the initiation of coating cracks predominantly takes place near
the specimen surface but not near the interface. Thus it is evident that coupling oxidation and
sulfidation near the coating surface produces in-service ductility loss at 22 °C and elevated
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Figure 5. (a) SEM micrograph indicat-
ing interfacial cracking, and (b) O and
(c) S maps on fracture surface of 9Kh
coating and substrate near interface.
The oxide observed near the coating
surface had the form of ALLO;.

temperatures. Moreover, all of the coatings and unused substrate exhibited lower ductility at
825 °C in air than those at 22 °C (Fig. 4). Under Ar atmosphere, however, the 9Kh coating had
higher ductility (7.5%) [5]. Hence the high temperature degradation of the blades is ascribed to
environmental effects. In intermetallic coatings and nickel base superalloys, it is possible [9]
that oxygen atoms absorbed from the specimen surface preferentially diffuse along stressed
grain boundaries or interfaces. The formation of either oxides or segregated elemental oxygen,
or both, exert dynamic embrittling effects. When increasing the testing temperature, the
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interaction of oxygen with dislocations in the grain matrix becomes stronger than with
boundaries and the stress relaxation ahead of the crack tip dominates. In this way, the dynamic
embrittling effect becomes weak so that the ductile-brittle transition behavior appears.

The low cycle fatigue (LCF) behavior of the unused and used coatings has been studied
elsewhere [4]. The LCF life had a tendency to decrease during the blade operation. The LCF
result is consistent with the ductility and DBTT change (Fig. 4). However, the LCF life
showed larger data scattering than the fracture properties under monotonic loading. This is
probably because the surface deformation controlling the LCF life is strongly influenced by the
distribution of oxides formed near the coating surface. For the similar reason, we also can see
some variations in the yield strength of the 21Kh coating and the ductility of the used coatings
at 950 °C [3,5].

CONCLUSIONS

In-service mechanical degradation of blade coatings in land based gas turbines has been
investigated by means of a SP testing method. SP tests on coated specimens with unpolished
surfaces indicated various deformation modes and ductility variations depending on the surface
conditions in used gas turbine blades. It is shown that SP tests on polished coating specimens
are capable of characterizing well the mechanical degradation of gas turbine blades. During the
blade operation, the coated specimens softened and the ductility of the coating and substrate at
22 °C decreased. The DBTT of the coatings increased in-service while that of the substrate
remained the same. From scanning Auger microprobe analyses on fracture surfaces, it is
evident that oxidation and sulfidation near the coating surface, which produce the ductility loss
of the coatings, resulted from high temperature environmental attack.
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ABSTRACT

Nanometer-scale multilayer nitride coatings, also known as polycrystalline nitride superlattice
coatings, such as TIN/NbN or TiN/VN with hardnesses exceeding 50 GPa, are deposited by high-
rate reactive sputtering. The high hardness is achieved by carefully controlling several deposition
parameters in an opposed cathode, unbalanced magnetron sputtering system: the target power,
the reactive gas partial pressure, the substrate bias voltage and current density, and the substrate
rotation speed. Target power controls the deposition rate and the thickness for each layer in
conjunction with the reactive gas partial pressure at each target, which also affects the
composition of each layer, and the substrate rotation speed. Split partial pressure control is
necessary when each layer requires a different partial pressure to be stoichiometric. Fully dense,
well-adhered coatings with the highest hardness are deposited when the negative substrate bias
exceeds -130 V and the substrate ion current density is 4-5 mA cm. The work on polycrystalline
superlattice coatings is being extended into oxide systems. Oxide coatings can now be sputter
deposited using pulsed dc power, which prevents arcing on both the target and the substrate.
Pulsed dc power along with partial pressure control of the reactive gas leads to significantly
higher deposition rates for the oxide films compared to sputtering with conventional rf power.

INTRODUCTION

There is much interest in the deposition of nanometer-scale, multilayer films, also known as
superlattices, to achieve enhanced properties in the films. In the area of hard nitride films, it has
been shown for single crystal nitride superlattice films composed of thin (2-4 nm) alternating
layers of titanium nitride and vanadium nitride (TiN/VN) or titanium nitride and niobium nitride
(TiN/NbBN) that the hardness of the films can exceed 50 GPa when the superlattice period, which
is the bilayer thickness, is in the range of 4-8 nm [1,2]. These same superlattice films have also
been deposited in polycrystalline form on polycrystalline substrate materials by high-rate reactive
sputtering with careful control of the deposition parameters, and they have achieved the same high
hardness as the single crystal films [3-6].

Our understanding of the hardening mechanisms in the nitride superlattice films has been
enlightened by the model by Chu and Barnett [7]. This model is based on restricted dislocation
movement within a superlattice film in two different regimes. In the first regime when the
superlattice period is less than the optimum value for peak hardness, it is more difficult to move a
dislocation within a layer than it is to move it between layers. The force needed to move the
dislocation across the boundary between the layers is related to the difference in dislocation line
energies or shear modulus for the two layer materials and to the width of the interface between
the two layers. If the difference in shear modulus is high, the force needed to move the
dislocation will be high, and this force will increase as the superlattice period increases.

As the superlattice period and the force to move a dislocation increases, a point is reached
when it is easier to move a dislocation within a layer than it is to move it across the interface
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between the layers. When dislocation movement is within the layer, the force to move the
dislocation decreases as the superlattice period increases.

The agreement between the superlattice hardening model and the experimental results is
excellent [7]. The model predicts the peak in hardness when there is a difference in shear
modulus between the two layer materials, and when the interface width is taken into account, the
experimental values for hardness are close to those predicted by the model. This model provides
the basis for choosing materials to achieve an increase in hardness and strength for a superlattice
system, and one of the key points is that there should be a difference in shear modulus for the two
layer materials if an increase in hardness is to be expected. It also accurately predicts that there is
very little hardness increase when there is little or no difference in shear modulus for the two
materials as exits for the NbN/VN superlattice system. Experimentally [3] it has been verified that
there is no increase in hardness for the NbN/VN polycrystalline superlattice system.

The materials used in the superlattice systems that have been used to verify the model of Chu
and Barnett have the same crystal and slip systems. For example, TiN, NbN, and VN all have the
B1 sodium chloride structure, and they all have the same {111} <110> slip system. The question
has been asked if the model applies to other material systems with different slip systems, and work
is now underway to determine if the model is applicable to oxide superlattice systems [8-10].

The reactive sputter deposition of oxide films has recently been made much easier with the
use of pulsed direct current (dc) power combined with the use of partial pressure control of the
reactive gas [11,12]. Partial pressure control is very important in the production of superhard
polycrystalline superlattice films, and its use will be reviewed in the following sections. This
paper will first review the deposition of the nitride superlattice films, and then it will show how
the developments of the nitride work combined with recent advances in power supply technology
make it possible to deposit multilayer oxide films at high deposition rates.

EXPERIMENTAL PROCEDURES

All of the work on both nitride and oxide superlattice systems was carried out in an opposed-
cathode, unbalanced magnetron sputtering system [13], which has recently been modified to
include pulsed dc power. Advanced Energy MDX 10 kW power supplies provide the basic dc
power to each of the sputtering cathodes and to the substrate table, and this dc power is
transformed into pulsed dc power with the insertion of variable frequency (up to 50 kHz)
Advanced Energy Sparc-Le arc suppression units [11] between the power supplies and the
cathodes or substrate table. In addition to pulsed dc power being available for the substrate bias,
tf power can be used if required. When multiple Sparc-Le units are used together in the same
system, they must be run in a master-slave set-up where one unit, the master, controls the pulsing
in the other slave units. Independent Sparc-Le units running on the same process will not work
since they will be out of phase with one another, causing the plasma to extinguish.

The Sparc-Le units are not needed for the deposition of the nitride superlattice coatings since
the nitrides are conductive and do not build up a surface charge. Nitrides can be deposited with
conventional dc power, but in the event that an arc does occur with the nitrides the Sparc-Le units
will quench it faster or prevent it from occurring in the first place.

Partial pressure control of the reactive gas requires the use of an on-line sensor that can
generate a signal quickly that is representative of the reactive gas partial pressure in the vicinity of
the reaction at the substrate. A differentially pumped Leybold-Inficon Quadrex 100 quadrupole
mass spectrometer was used to generate the required partial pressure signal, and this signal was
used instead of the gas flow signal to control the partial pressure of the reactive gas.
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In this opposed cathode sputtering system, the reactive gas is injected into the process
through manifolds surrounding each cathode. When the two coating materials require different
partial pressures to form the stoichiometric compound such as in the TiN/NbN superlattice
system, split partial pressure control was implemented by using a master-slave partial pressure
control system. A master controller, which received the feedback signal of the average partial
pressure from the mass spectrometer, controlled two slave controllers, Different amounts of the
reactive gas were injected into the chamber at each target when the slave controllers were set at
different settings. MKS 260 mass flow controllers were used for this master-slave partial pressure
control system.

Substrates were mounted on a rotating substrate holder, and the speed of rotation could be
varied from 0 to 28 rpm. Individual layers of each material were deposited onto the substrates as
they passed in front of each target, and the bilayer structure was built up into a thick coating (3-5
um) by multiple rotations in front of the targets. To prevent cross contamination of one target
material onto the other, the diameter and height of the substrate holder was such that it was
greater than that of the sputtering targets. No other shielding was needed. The targets were of
the Materials Research Corporation (MRC) Mu Inset design and were nominally 12.7 cm wide by
38.1 cm long. The substrate holder was 15.2 ¢m in diameter by 40 ¢m long.

A typical coating sequence was as follows. Once the substrates, which were pieces of high
speed steel, cemented carbide, stainless steel, silicon, glass, or other materials, had been cleaned
outside the chamber, they were mounted on the substrate holder, which was loaded into the
chamber through a load lock. Once the main chamber reached a pressure of 1.3 x 10 Pa or
better, the samples were given a dc sputter etch in an argon atmosphere at a pressure of 3.3 Pa for
15 minutes. When the etch was completed, the total pressure was reduced to 1 Pa, power was
applied to the targets and the substrate holder, and the reactive gas was turned on. Typical target
power was 5 kW to each target, and the partial pressure depended on the materials being
deposited. Substrate bias was usually in the -100 to -150 V range, and the ion current density
was 4 to 5 mA cm?. With the rotating substrate holder, the closest point of approach between the
target and the substrate was 6.3 cm when the 15.3 cm diameter substrate holder was used.

The thickness of each layer as the substrate passed in front of each target was determined by
the power to the target, by the reactive gas partial pressure, and by the rotation speed of the
substrate. For the TiN/NbN system, the average partial pressure as measured by the mass
spectrometer was 0.04 Pa. However, NbN requires a partial pressure of 0.053 Pa to form the
cubic NbN structure, whereas TiN requires 0.027 Pa. With the split partial pressure control,
twice as much reactive gas was delivered to the manifold next to the Nb target as was delivered to
the one next to the Ti target. Equal amounts of reactive gas are supplied to each target for the
TiN/VN system, and the average partial pressure during deposition was 0.027 Pa.

RESULTS AND DISCUSSION

Nitride Superlattice Films

The opposed-cathode, unbalanced magnetron sputtering system is a very effective system for
depositing nanometer-scale, multilayer films. Individual layer thicknesses from 1 to 100 nm can
be easily and precisely deposited on a variety of substrate materials. For the nitride superlattice
systems of TiN/NbN and TiN/VN, the hardness of these materials exceeds 50 GPa when the
superlattice period is in the 4-8 nm range [3,4]. These films are polycrystalline, and the X-ray
diffraction peaks are for the superlattice film and not for the individual layers. Satellite X-ray
peaks are observed in many of the films.
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Not only are these materials hard, but they also appear to resist fracture better than most
hard coatings. When they are indented with a Vickers indentor in a Palmquist type test, they do
not show any cracks forming at the corners of the indent at loads up to 1000 g. Typical hard TiN
coatings, show cracks when the load reaches 150 to 200 g for a 5 pm thick film.

The high hardness in the superlattice films is achieved by controlling the superlattice period,
the substrate bias voltage and current, and the composition of each layer. The partial pressure of
the reactive gas at each target is determines the composition of each layer material, which in turn
affects its hardness. For the TiN/NbN system if equal partial pressures of the reactive gas are
supplied to each gas manifold in front of the Ti and Nb targets, the hardness of the coating only
reaches 38 GPa; whereas if the partial pressures are split to supply the amount needed to produce
stoichiometric layers, the hardness can reach over 50 GPa [3].

The deposition rate is very sensitive to the degree of compound formation or poisoning on
the target, which is also a function of the reactive gas partial pressure. The partial pressure
should be set at the minimum value that will still give the desired composition of the compound
yet still achieve the high hardness. For the nitrides, the deposition rate approaches that of the
pure metal, which can only be achieved with partial pressure control of the reactive gas.

Substrate bias is also very crucial in achieving high hardness in the superlattice films, and
both the flux and energy of ions are important. When the substrate ion current density was less
than 2 mA cm?, the hardness of the TiN/NbBN films did not exceed 35 GPa; but when it was
greater than 4 mA cm, the hardness could reach its maximum value [3], which occurred when
the substrate bias voltage was in the -125 to -150 V range. Values higher or lower than this led
to softer films [3-5].

For the superlattice films to be hard, they must maintain their distinct layer structure. If a
superlattice film is used on a cutting tool, it will become hot during the cutting operation. In high
speed machining, it is not uncommon for the tip of the tool to reach temperatures in excess of
800°C. For the TiN/NbN system, this temperature is high enough for the layers to intermix and
form an alloyed hard coating, which will be hard in its own right but not as hard as the superlattice
film.

Other superlattice systems such as titanium nitride and aluminum nitride (TiN/AIN) are being
evaluated to determine if they can operate at higher temperatures. AIN and TiN are immiscible in
one another to temperatures exceeding 1000°C, and this combination may work well for high
speed cutting operations. A Japanese company is now marketing this type superlattice coating for
high speed ferrous machining operations [14].

Oxide Superlattice Coatings

The success with the deposition of polycrystalline nitride superlattice films and the
development of the superlattice strength enhancement model has opened the way for other
superlattice systems to be explored. Although multilayered oxide films have been used for years
in the optics industry, they have not been widely explored as possible superlattice films with
enhanced strength properties. It was not until recent advancements in power supply technology
with the introduction of pulsed direct current (dc) power that it was practical to consider the
deposition of oxide films at rates that would be economical. Radio frequency (rf) power had
always been used in the past for the sputter deposition of nonconducting oxide films, but the
deposition rates for oxide films with rf power are very slow. For example, the deposition rate for
reactive rf sputter deposited Al O, is only 2-3% of the metal deposition rate for the same target
power.
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In the past few years, it has been shown [8-12, 15-17] that pulsed dc power can be used for
the reactive sputter deposition of oxides. With pulsed de power supplied to the sputtering target,
the polarity of the voltage is switched back and forth between negative and positive. During the
positive pulse, any charging of the oxide layer on the target surface is discharged when electrons
are attracted to the positive surface. During the negative pulse, sputtering takes place from all
target surfaces, both metallic and oxide. Such sputtering of the oxide surfaces minimizes their
build-up and slows down the rate of poisoning of the target. Pulsed dc power supplies come with
either fixed frequency or variable frequency. The typical frequency range for variable frequency
pulsed dc power supplies is 0 to 100 kHz, but one pulsed dc power supply has a range up to 250
kHz [18].

The interaction of oxygen as a reactive gas with the target surface is much more rapid than is
nitrogen in the deposition of nitrides, and this rapid interaction of oxygen makes partial pressure
control of the reactive gas more difficult, but certainly not impossible. The interaction of oxygen
can be see in Figure 1 for the reactive sputtering of titanium in an argon/oxygen atmosphere with
flow control of the reactive gas. When conventional dc power is used along with flow control of
the reactive gas as is shown in Figure 1, the partial pressure of the reactive gas increases rapidly
when the flow reaches a certain level such as at point A where an oxide layer forms on the target
surface. The deposition rate for the oxide is much lower than it is for the titanium metal; and as
the deposition rate slows down, and the partial pressure of oxygen rises rapidly since less oxygen
is being consumed by the process. The target is fully poisoned at point B, and there is a range of
compositions from points A to B that are forbidden with flow control of the reactive gas.

When pulsed dc power is used, the rate of poisoning of the sputtering target is less than it is
when conventional dc power is applied. Since the target surfaces are discharged during the
positive pulse, all surfaces sputter when the power is switched to the negative pulse. The oxided
regions as well as the metallic ones are sputtered, and the oxidation of the metallic surfaces is
slowed down. Eventually as the flow of the reactive gas is increased sufficiently, the whole target
surface will become covered with an oxide at point B, but the oxidation of the target takes place
in a much more controlled fashion.

Pulsed dc power has another positive effect on the reactive sputtering process. If a target
surface charges up, it can reach a point where it will break down leading to an arc. Arcing is bad
for the process in two ways. It can be damage the power supply, and in the worst case it can
cause failure of the power supply. Secondly, arcing leads to droplet ejection from the target
surface, and if these droplets are incorporated in the growing film, they degrade the quality of the
film. They can be a metallic particle trapped in the oxide film, or they can be a seed for a growth
defect

Partial pressure control of the reactive gas along with pulsed dc power is a very powerful tool for
the reactive sputter deposition of oxide films. Pulsing helps to control the rate of poisoning of the
target surface, and the partial pressure control maintains the partial pressure at the desired level.
The hysteresis plot for partial-pressure controlled sputtering of titanium oxide is shown in Figure
2, and its shape is quite different that the shape of the hysteresis plot shown in Figure 1 with flow
control of the reactive gas. Note that in Figure 2, the independent variable is show on the
ordinate instead of the abscissa of the plot to provide continuity between the plots. Thereisa
large negative slop region in Figure 2 from points A to B as the target goes from an open metallic
surface to a fully poisoned one, but with the partial pressure control it is possible to operate at any
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Figure 1. Hysteresis plot for the reactive sputtering of titanium in an argon/oxygen
atmosphere with flow control of the reactive gas. The target power was 8 kW, and the
total pressure during deposition was 1.1 Pa.
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Figure 2. Hysteresis plot for the reactive sputtering of titanium in an argon/oxygen atmosphere
with partial pressure control of the reactive gas. The target power was 5 kW, and the total
pressure during deposition was 1.1 Pa.
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point between points A and B. There are no forbidden compositions as there are in Figure 1
when the partial pressure jumps between points A and B.

The deposition rate drops from the full metal deposition rate at point A in Figure 2 to a much
lower rate when it reaches point B. The film produced at point A, even though it has much
oxygen in it, is not a clear film as is desired for an oxide film. Clear films of titanium oxide are
produced in between points A and B, and the goal is to produce a clear optical film with the
desired composition at as high a rate as possible. With pulsed dc power and partial pressure
control, TiO, films have been deposited at rates equalling 80% of the metal deposition rate.

Similar results have been found for the reactive sputter deposition with partial pressure
control and pulsed dc power for aluminum oxide and zirconium oxide films. The shape of the
hysteresis curves for these two materials is the same as is shown in Figure 2 for the reactive
deposition of titanium in an argon/oxygen atmosphere. Partial pressure control of the reactive gas
along with pulsed dc power is the key to the controlled, high-rate deposition of these films, and
Al,O, films can be deposited at rates approaching that of the metal . Single layer as-deposited
ALLO; films deposited at substrate temperatures less than 300°C have an amorphous structure
whereas the ZrO, films have a crystalline monoclinic structure.

Multilayer Al,0,/ZrO, films have been deposited in the opposed-cathode, unbalanced
magnetron system. Pulsed dc power was supplied to both targets and the substrate holder, and
partial pressure control of the oxygen was used. No external heating of the substrate was used
during deposition. The as-deposited multilayer Al,0,/Zr0, films are amorphous, but low angle X-
ray diffraction shows a bilayer thickness of about 9 nm. Optically the films are very clear. The
deposition rate for these films was 4 ptm hr' when there was 3 kW on the Al target and 2 kW on
the Zr target. This work is just in its infancy, but the initial results are very encouraging.

CONCLUSIONS

Polycrystalline nanometer-scale multilayer nitride superlattice coatings such as TIN/NbN or
TiN/VN with hardnesses exceeding 50 GPa can now be routinely deposited by high-rate-reactive-
unbalanced-magnetron sputtering. Control of the reactive sputtering process is crucial to
achieving the high deposition rate and the high hardnesses. Partial pressure control results in high
deposition rates for the nitride layers, and it is also important for maintaining the desired
composition of each layer, which has a direct effect on the hardness of the films. Other key
factors affecting the hardness of the superlattice films are the superlattice period and the degree of
ion-assisted deposition. Both the substrate ion flux and the ion energy directly affect the hardness
of the films. There is good correlation between the Chu and Barnett model for the strengthening
effect in superlattice films and what has been observed experimentally. With the use of this model
and with the advancement in de power supply technology, oxide superlattice systems are being
explored. It is now possible to deposit nonconducting oxide films at high deposition rates when
pulsed dc power and partial pressure control of the reactive gas are used. Multilayered
AL O,/ZrO, oxide films have been prepared at high deposition rates, which would not have been
achievable without the pulsed dc power and partial pressure control. A new high-rate deposition
tool in now available for the study of oxide films.
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ABSTRACT

The tribological behaviour of T¥/TiN amorphous nanometric multilayers is reported in
comparison with that of single Ti and TiN layers, in order to study the wear mechanism of
nanostructures submitted to that one may call "macroscopic loading". Ti/TiN nanolayers were
deposited onto Si substrate by high vacuum diode r.f sputtering assisted by in-situ kinetic
ellipsometry. Transmission Electron Microscopy (T.E.M.) characterization exhibited the
multilayered structure of the films, ascertained by grazing angle X-ray reflectometry and
ellipsometry. Sliding wear tests against alumina in dry air showed the ceramic-typed behaviour of
the multilayers, the wear of which was partly governed through a microfracture mechanism. Their
wear lifetime was found to be higher than that of Ti and TiN single layers and increased with the
number of layers.

INTRODUCTION

The use of thin titanium nitride films obtained using P.V.D and CVD1 is currently increasing
for a wide range of hard coating applications such as dlﬂ’usmn barriers and electrical contacts in
rmcroelectromcs wear-resistant layers onto cutting tools? and erosion-resistant coatings in
aircraft industry3. However, high residual stresses, which characterise these coatings, can lead to
the formation of intragranular microcracks and influence the soundness of the sputtered TiN films
to be involved in the fracture mechanism?. Ti/TiN multilayers, where the metallic layer (Ti)
shows a high dislocation-line energy and could exhibit some resistance to plastic deformation and
brittle fracture, have been sug;ested by several workers to be suitable for tribological
applications?> © and for corrosion’> 8 and erosion® protection.

The study of mechanical properties of thin films made of successive nanolayers of metallic
and/or ceramic phases (oxides, nitrides) are becoming of great interest because of the high
strength levels which can be attained. Several years ago, J.S. Koehler10 proposed a model based
on the dislocation formation and motion theor¥ involving the layer thickness of microlaminate
thin films. A few years after, S.L. Lehoczky!l applied this model to Al/Cu laminates (metal/
metal type) and conﬁrmed the dependence of the tensile properties on the layer thickness. More
recently, L.S. Wen et al. 12 showed that the microhardness of T¥/TiN films (metal/ ceramic type)
obeys a Hall-Petch's Law involving the Ti layer thickness, or more precisely, the distance
between the reinforcing layers, i.e. those of TiN. This work deals with the tribological behaviour
of amorphous thin Ti/TiN multilayers deposited by r.f. sputtering technique on Si wafers.

EXPERIMENT

Coating elaboration and structure characterization

Titanium, titanium nitride and Ti/TiN nanolayered films were deposited onto (100) silicon
wafers by high-vacuum diode r.f. sputtenng technique. A sputter target input of 280W was used
at a nitrogen partial pressure of 4 10-1 Pa (without nitrogen for the deposition of pure titanium
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films) and a total pressure of 10~1 Pa. The total thickness of the films ranged from 64 to 250 nm,
depending on sputtering time. For multilayers, the thickness of every layer was varied to obtain
films with 5, 10, 20 and 40 pairs (periods) of Ti/TiN layers. In Situ Kinetic Ellipsometry
operating at a wavelength of 632.83 nm (ISKE)13 permitted the observation of the deposition
evolution in situ. Grazing angle X-ray reflectometry (GXR) showed the amorphous nature of
these films!4.and Atomic Force Microscopy (AFM) their low surface roughness. The
discontinuity of the ellipsometric trajectories corresponding to multilayer indicates that a
stratified structure has been achieved14, as ascertained from T.E M. post-deposition observation
of thin foils of cross-sections (Fig. 1). AF.M. characterization of surface topography gave an
average roughness of 1 nm, which was in good agreement with GXR (0.8 nm) and TEM results .

Fig 1 : T.EM. view of Ti/TiN multilayers a) 20 periods (2.5 nm Ti + 2.5 nm TiN) are visible
b) 14 periods (5 nm Ti + 5 nm TiN) are visible

However, both methods showed that no pure Ti metallic layer was formed. The stratified
structure of the film consisted of successive Ti layers wich were more or less rich in nitrogen.
The first layer exhibited the stoichiometry of the TiN at equilibrium (e.g. 50 at. % Ti and 50 at.
% N). The subsequent layer corresponded to a metallic layer with a gradient of nitrogen
concentration (always inferior to 50 at. %) due to N diffusion through the interface. Nitrogen
diffused from the saturated layer to the metallic one due to plasma temperature deposition. This
decreased the thickness of the metallic layer to a critical value, below which no stratified
structure could be obtained without using cooling when depositing.

Tribological characterization

Dry wear testing was performed at room temperature using a "CSEM (Centre Suisse
d'Electrotechnique et de Microtechnique)" pin-on-disc apparatus. The discs were made of the
materials to be tested, while a 6 mm in diameter alumina ball with a hardness of 1900 HV,; and a
roughness R,=0.5 um was used as counterbody. Preliminary friction tests were carried out in
order to determine the tribological behaviour of sputtered titanium and titanium nitride single
layers. For Ti films, tests were conducted for sliding speeds of 0.003, 0.005, 0.01, 0.025 and 0.05
m/s, applying normal loads of 1 and 5 N. For TiN films, the normal load was limited to 1 N
because of the fracture of the ceramic part of the coating when using more severe experimental
conditions. Tribological testing of multilayers were carried out for a sliding speed of 0.005 m/s,
using a normal load of 1 N. As a basis for comparison, further tests were applied to the 20-period
multilayers at 0.003 and 0.05 m/s. Time until the complete worn out of the films, i.e. wear
lifetime, was determined as that from wich the friction coefficient reached the typical value of the
Si substrate (i.e. 0.68 + 0.05).
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Results on Ti and TiN single-layers

The friction coefficient of an homogeneous Ti sputtered film was found to be 0.77 + 0.05,
when applying a load of 1 N, for all the sliding speeds used. Under 5 N, a 14% decrease of the
friction coefficient value (0.66 + 0.05) and a 40% decrease of the wear lifetime of the film could
be observed. The friction evolution of TiN film showed two stages: the first one with a low
friction coefficient (0.27 + 0.05) and the second stage with a higher coefficient (of 0.40 4 0.05)
(Fig. 2). Even though the ceramic film (i.e. TiN) had half of the thickness of the metallic film, it

showed a higher wear resistance , which almost doubled the wear lifetime.

Friction cosfficient (1)
(=]
o

[~m

—Substrate ~ TiN l

Fig 2 : Friction coefficient evolution for Ti (134nm) and TiN (64nm) films and Si substrate.
(Sliding wear conditions: sliding speed of 0.005 m.s™! and applied load of 1N).

Assuming that the wear evolution remained uniform, the wear rate was 2.23 nm/cycle for the
metallic and 0.56 nm/cycle for the ceramic single-layered film, when applying 1 N.

Results on Ti/TiN nanometric multilayers

The friction coefficient of the multilayers exhibited the same evolution as that of TiN single-

layer, i.e. with two stages (fig. 3).
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Figure 3 : Evolution of the friction coefficient during the sliding wear of a Ti/TiN multilayer.
(Same sliding wear conditions than for fig. 2, for a 40-period multilayer).
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(a) The first stage shows a quasi constant friction coefficient (0.20+0.05) whatever the
number of multilayers. In the sliding wear of ceramics, debris form by cracking, first, on the scale
of the surface roughness, due to interaction with surface asperities. Since T/TiN sputtered films
showed a very low surface roughness, the influence of the debris on the wear mechanism was not
predominant and the values of the friction coefficient recorded corresponded to direct contact
interaction between the counterbody (Al,0;) and the multilayer.

(b) During the second stage, the friction coefficient shows an average value of 0.35+0.05
with many random oscillations between the minimum and the maximum value (fig 4).

1.0

< ol o
o~ o =Y
' ) '

Friction coefficient (p)

o
b
.

0.0 +——+—r—+—r—

1800 1900 2000 2100 2200 2300 2400 2500
Number of cycles

t t t

Figure 4 : Evolution of the friction coefficient during the sliding wear of a 40-period TV/TiN
multilayer.(fig. 3 magnified for the second stage).

In this stage, surface and sub-surface cracks initiated, due to fatigue phenomena in the film,
which led to a rather big amount of wear debris (Fig. 5 a). These debris could be rather coarse
initially due to a sort of local delamination phenomenon to become finer and finer due to pressure
effect when testing. Repeated formation-removal of debris, because of the sliding procedure, was
the main mechanism governing the wear evolution. Brittle fracture during the sliding wear of
TV/TiN multilayers gave steep wear tracks (Fig. 5 b), which confirm the predominance of the
ceramic typed behaviour of the film (Fig. 6).

e

50000  500nm
e TI/TIN-0B-2

Figure 5 : a) SEM view of a poorly-adhered debris onto the wear track after complete worn out
of the multilayer.
b) SEM view of a brittle fracture formed during the sliding wear (which led to a wear
track with step edges).
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Moreover, in some cases, isolated cracks of ~ lmm in length were formed unexpectedly.
This occurred always during the second stage perpendicularly to the wear track, due to wear
debris of the film and/or to fatigue. The widely varying friction coefficient coupled with involving
of the "third body" makes this stage undesirable. The duration of the above stages, corresponding
to the time till complete worn out of the film, depended on the number of periods and on sliding
speed. The first stage, during which a rather mild wear was observed, increased rapidly with the
increase of the number of periods. For applications, promoting this stage is of a high interest
because of the stability of the friction forces and preventing of the "third-body" influence on wear
mechanisms. (One can claim some analogy with the results already obtained from excimer laser-
processed cast iron 15).

Comparing with metallic (Ti) and ceramic (TiN) single-layers, the first stage of Ti/TiN
multilayers showed a higher life time. For a 5-period multilayer only, the wear resistance was
found to be of the same order as TiN for a given thickness (Fig. 6).
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Figure 6 : Wear lifetime of Ti and TiN films and of Ti/TiN multilayers.

In order to determine the influence of sliding speed on the wear lifetime further tests showed
that increasing the sliding speed resulted in increasing the total wear lifetime of the film.
Moreover, the duration of the first stage increased, while that of the second decreased wich was
beneficial. For example, for a 20-period multilayer, using a sliding speed 16 times higher led to a
reduction of the second stage from 64 % to 30 % of the total wear lifetime of the film. The use of
these films can be therefore recommended for applications involving high sliding speeds.

DISCUSSION

Sputtering deposition of Ti/TiN multilayers, without any cooling conditions, is characterized
by slight diffusion of nitrogen to Ti metallic layer. The resulting structure can be termed as a
stratified structure where the layer sequence is made of "slightly nitrited Ti" and TiN, repeated
for a certain number of periods. Because of the major role of cracking on the wear mechanism,
the film can be considered as a ceramic and it could be supposed that its behaviour under static
loading will be also that of a ceramic. The delay in the final failure when increasing the number of
periods features the beneficial role of the stratified structure under dynamic loading, where the
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"less ceramic” interlayers seem to play a role similar to that of pure metallic ones in the Koehler's
model10. The promoting of the wear lifetime with the number of periods or with the decrease of
the thickness of the elementary layers, suggests the existence of a critical thickness, for which the
stratified structure can be obtained and the wear lifetime optimized.

The increase of the wear lifetime for multilayered coatings can be explained by changes in
the mechanical behaviour due to the presence of interfaces. First, the lifetime increase follows a
law of mixture for a low number of periods, corresponding to an average value between that for
titanium and that for titanium nitride. Second, for a Ti-based/TiN higher number of periods,
therefore a higher number of interfaces, the wear lifetime is better than that of titanium nitride
and is proportional to the number of interfaces. The two stages observed during the sliding
process correspond to respectively a plastic deformation of the coating and then craking in the
coating with the formation of debris coupled with great variations of the friction coefficient. The
first phenomenon is due to interaction with the stratified nano-structure of the multilayered
coating. For this, the ellipsometry technique could be helpful for the determination of the critical
thickness to obtain a higher lifetime and optimize the elaboration conditions for multilayers.

CONCLUSION

The wear resistance of the T/TiN multilayers has been shown to be higher than that of Ti
and TiN single layers of the same total thickness. By increasing the number of pairs of the
elementary layers, the wear resistance of the coating increases also. Under controlled atmosphere
and temperature, the elimination of diffusion rates of nitrogen in the metallic layer can permit the
deposition of a "more metallic" Ti layer in Ti/TiN multilayers. The study of these films will allow
to optimise the thickness of the elementary layers to achieve the best wear behaviour for Ti/TiN.
Nanotribological testing should permit to investigate more thoroughly wear mechanisms, while
nanoindentation examination would allow to go into the study of mechanical properties and on
the role of each elementary metallic and ceramic layer on the behaviour of the film. Next
experiments (deposition at various temperature) would give information on the interdiffusion
process and the quality of the interfaces in order to relate interface mechanical properties and
"third-body" formation to interface structure on a nanometric scale.
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STRUCTURAL AND PHASE TRANSFORMATIONS IN THIN FILM Ti-ALUMINIDES
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Abstract

Multilayered Ti/Al thin films (with nominally equal layer thickness of Ti and Al) have been sputter
deposited on oxidized silicon substrates at room temperature. Transmission electron microscopy
(TEM) and high resolution electron microscopy have been used to characterize the structure of
these multilayers as a function of the layer thickness. Ti changed from an kcp to an fec and back
to an hcp structure on reduction of the layer thickness. Al too changed from an fec to an hep
structure at a layer thickness of 2.5 nm. The observed structural transitions have been explained
on the basis of the Redfield-Zangwill model. Subsequently Ti-aluminide thin films were deposited
using a y-TiAl target. These films were found to be amorphous in the as-deposited condition with
crystallites of o-Ti(Al) embedded in the amorphous matrix. On annealing under a protective Ar
atmosphere at a temperature of 550 9C, the Ti-aluminide film crystallized into a nanocrystalline
two phase microstructure consisting of y-TiAl and o,-Ti3Al. The crystallization of the aluminide
film has been investigated in detail by in-situ annealing experiments on a hot stage in the TEM.
The results of this investigation have been discussed in this paper.

Introduction

Laminated intermetallic composites based on Ti-aluminides are potentially important for use as
high temperature structural thin film coatings in aerospace applications [1]. These laminated
composites are expected to have attractive mechanical properties. The ability to tailor the
microstructure of such thin films on a nanoscale makes magnetron sputtering a suitable technique
for processing these multilayers. Towards this end a preliminary study has been conducted on
two different systems. The first one consists of multilayered thin films of pure elemental Ti/Al
and the second one consists of alloy Ti-aluminide films. Both types of films have been deposited
on oxidised Si substrates using a DC Magnetron sputtering unit. A series of structural transitions
were observed on reducing the layer thickness in the Ti/Al multilayers [2,3]. Both Ti and Al have
bulk close packed structures with Ti being hcp and Al being fec. Ti transforms from hcp to fec on
reducing the layer thickness to about 5 nm and it transforms back to hcp on further reduction of
the layer thickness to about 2.5 nm. Al also undergoes a transition from fcc to hcp on reducing the
layer thickness to about 2.5 nm. Though the formation of fec Ti in thin films of Ti has been
reported previously [4,5,6], the reversal of fcc Ti to Acp Ti on reducing the layer thickness and the
formation of /icp Al has not been reported earlier. An attempt has been made to rationalize these
observations on the basis of the Redfield-Zangwill model [7]. The Ti-aluminide thin films which
have been deposited using a v-TiAl based target, were found to be primarily amorphous in the as-
deposited condition with a small volume fraction of a crystalline phase. The phase and
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microstructural evolution during the crystallization of the amorphous phase has been investigated
in detail by in situ hot stage TEM. Microstructures of the films annealed externally in a furnace
have been compared to those developed as a result of annealing in the hot stage inside the TEM
and in this context the effect of film thickness on the crystallization process has been discussed.

Experimental Procedure

The thin films have been deposited using a custom designed UHV magnetron sputtering system.
The base pressure was 5 x 108 torr prior to sputtering and the argon pressure was 2 x 10-3 torr
during the sputtering process. The Ti/Al multilayered thin films have been deposited using pure
Ti and Al targets, which were 3" in diameter and 0.25" thick. Films with bilayer thicknesses (or
compositionally modulated wavelengths (CMW)) of 108, 21, 9.8 and 5.2 nm have been deposited.
For the Ti-aluminide films a y-TiA! target of the same dimensions has been used. The nominal
composition of the 7y target was Ti-48Al (all compositions are in atomic percent) and the film
thickness was approximately 1.5 um. All films have been deposited on oxidised Si (100) wafer
substrates with a 200 nm oxide layer on the surface. The Ti layers were deposited using 200 W
and the Al layers using 160 W DC power. The Ti-aluminide films were deposited using 180 W
DC power. All the depositions have been carried out at 313 K. The Ti/Al multilayers were studied
by cross-section TEM. Details of the cross-section sample preparation procedure are described
elsewhere [8]. The Ti-aluminide films were studied primarily by plan view TEM. Sections of the
Si-wafer with the film were mechanically ground from the substrate side to a thickness < 130 um.
Subsequently, disks of 3 mm diameter were ultrasonically drilled from these ground sections,
dimpled from the substrate side until the Ti-aluminide film was exposed and finally ion-milled
from both sides to achieve electron transparency. Such a sample preparation procedure results in
the formation of regions of free standing film free of any Si and SiO,,, near the edge of the
perforation. Furthermore, it gives a gradient of thickness within the electron transparent region.
The samples were characterized in a Phillips CM200 TEM operating at 200 kV. For in situ annealing
experiments the thin foil samples were heated in a GATAN 652 hot stage. The external annealing
was carried out by encapsulating pieces of the film (prior to TEM sample preparation) in quartz
tubes under a protective argon atmosphere followed by a furnace heat treatment at 823 K for 10
minutes.

Results and Discussion

Ti/Al multilavered thin films

The Ti/Al multilayers exhibited a series of interesting structural transitions on reduction of the
layer thickness of Ti and Al layers [2,3]. Nominally the layer thickness of the Ti layer was equal
to that of the Al layer in each of these multilayers. In the 108 nm multilayer, the structure of the
both Ti and Al was found to be the same as their bulk stable structures; Ti being fcp and Al being
fee. The first evidence of formation of fec Ti was found in the 21 nm multilayer. In this multilayer,
the structure of the Ti layer was found to be a mixture of both scp and fcc stacking sequences. The
fee regions formed small pockets within the predominantly hicp stacking sequence. Fig. 1. shows
a high resolution electron micrograph of a cross section of the 21 nm multilayer. The presence of
fee Ti within the hep stacking sequence giving rise to an kcp + fec structure within the Ti layers is
clearly observed. Further reduction of the layer thickness to a CMW value of 9.8 nm results in a
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complete transformation of the Ti layers to an fcc structure as shown in Fig. 2. No transformation
occurs in the Al layers at this layer thickness. When the CMW is reduced to 5.2 nm, the Al layers
transform to an hcp structure and the Ti layers revert back to an hcp structure. Fig. 3. shows a high
resolution electron micrograph from the 5.2 nm multilayer. The hcp stacking sequence in both the
Ti as well as the Al layers is clearly seen.

It is possible to transform an fcc ABCABC... stacking sequence into an icp ABABAB... stacking
sequence or vice versa by introducing successive intrinsic stacking faults in the atomic layers of
the parent structure. The Redfield-Zangwill model [7] predicts that a bicrystal interface introduces
a Friedel like oscillatory modulation of wavelength A to the bulk stacking fault chemical potential.
A metallic superlattice can be considered to be a system which consists of a sequence of bimetallic
interfaces and the stacking sequence is determined by the resultant of the superposition of the
primary bounding oscillatory potentials in each layer. For simplicity, assume a linear superposition
of these bounding modulations. Consequently, the net potential of stacking faults in a layer is
determined by the phase difference between the two bounding modulations which in turn is a
function of the layer thickness. Since the bounding modulations are basically damped sinusoidal
waves, as the layer thickness reduces, the superposition of the modulations oscillates between
constructive and destructive interference regimes. At large layer thickness values, much larger
than the value of Ag, the effect of superposition is not felt and the bulk crystal structures dominate;
for example, this applies to the 108 nm multilayer. As the layer thickness is reduced to the extent
that superposition effects contribute to the stacking sequence, constructive interference can result
in certain regions of a layer having a net negative stacking fault potential while other regions in
the same layer have a net positive value. This leads to a mixed fee + hep structure within the same
layer, such as is observed in the Ti layers of the 21 nm multilayer. It should be noted that the layer
thickness is still greater than the wavength A, of the oscillatory modulations. Futher reduction of
the layer thickness below Ag will intially result in a constructive interference such that the stacking
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Fig.1. High resolution TEM micrograph Fig.2. High resolution TEM micrograph
showing the stacking sequence in the 21 showing the fee Ti/ fecc Al stacking
nm multilayer. The mixed hcp + fec sequence in the 9.8 nm multilayer.

structure of the Ti layer is clearly visible.
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fault potential is negative throughout the layer, converting an entire layer of hcp to fcc or vice
versa [7]. This is observed in the Ti layer of the 9.8 nm multilayer and in the Al layer of the 5.2 nm
multilayer suggesting that the Ag for Ti is larger than that for Al. However, on further reduction of
the layer thickness, the interference again becomes destructive, stabilizing the bulk crystal structure
in the layer; this is observed in the Ti layers of the 5.2 nm multilayer. It appears from the above
discussion that the Redfield-Zangwill model is able to predict, in principle, a sequence of
transformations in a multilayer with reducing layer thickness as follows :

hep — fee + hep — fec — hep, or
fee = hep + fee — hep — fec.

Ti-aluminide thin films

In the as-deposited condition, the Ti-aluminide thin films consisted of an amorphous matrix with
embedded particles of a crystalline phase. Fig.4. shows the general microstructural features of the
as-deposited Ti-aluminide film. Selected area diffraction (SAD) patterns from the embedded
crystalline particles indicate that the second phase is a hexagonal phase isostructural to o-Ti with
lattice parameters of a=0.290 nm and c¢=0.469 nm [9,10]. The composition of this phase is Ti-
48Al which indicates that it forms polymorphically in the amorphous matrix. Annealing the Ti-
aluminide film in a furnace when it was sealed in a quartz tube under a protective argon atmosphere
at 823 K resulted in a two phase microstructure consisting of v-TiAl and ¢i,-TizAl. This observation
is consistent with the equilibrium binary phase diagram.

In order to observe the sequence of phase evolution during crystallization of the amorphous matrix
in the Ti-aluminide film, in situ annealing experiments were conducted on a hot stage in the TEM.
It is important to note at this point that the in situ experiments were conducted on those regions of
previously thinned TEM specimens which were free of Si/SiO,. Furthermore, the gradient in
thickness of the foil from the edge of the perforation inwards into thicker regions presents an ideal
opportunity to study the effect of thickness on the crystallization behaviour. However, it should be
noted that since the film under study is amorphous, it is extremely difficult to determine the
thickness of the film in the TEM due to the absence of extinction contours. Therefore, only an
approximation of the thickness values has been presented in this paper. On heating the sample no
changes were observed till a stage temperature of 753 K. Above this temperature two different
phenomena were observed. In the very thin regions of the specimen (less than 20 nm) near the
edge of the perforation, the crystallites of o-Ti started to grow. The growth occurred with the
intially formed crystallites acting as seeds. This gave rise to a faceted microstructure consisting of
large facets of o-Ti (Fig.5(2)). EDS results indicated that the composition of the o.-Ti is the same
as that of the amorphous matrix in which it grows suggesting that the transformation is a
polymorphic one. However, in the relatively thicker, greater than 50 nm regions (still electron
transparent) of the specimen, independent nucleation and growth in the amorphous matrix was
observed to occur above 753 K (Fig.5(b)). A high rate of nucleation and a large number of nucleation
sites were observed in these regions. The resultant microstructure was a nanocrystalline one with
very fine grain sizes (50-200 nm). Moreover the microstructure is very similar in appearance to
that observed in the Ti-aluminide film crystallized externally in a furnace. Ring diffraction patterns
from these regions indicate it to be a intimately mixed two phase microstructure consisting of y-
TiAl and o,-TizAl The different microstructures in the thick and the thin regions are shown in
Fig.5(c).
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Fig.4. Crystallites of a-Ti embedded in an
amorphous matrix in the as-deposited Ti-aluminide
sequence in the 5.2 nm multilayer. film.
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Fig.5. (a) Faceted growth of a-Ti at 753 K in the very thin regions of the film from the seeds
present in the as-deposited condition. (b) Nucleation and growth in the amorphous matrix in
relatively thicker regions of the Ti-aluminide specimen at 753 K. (c) Significantly grown crystallites
of a-Ti(Al) in the relatively thinnner regions of the film at 853 K together with the two phase
microstructure in the thicker regions. (d) Formation of the surface crystallized tetragonal phase in the
film at 883 K.
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The above observations clearly indicate an effect of film thickness on the crystallization process
in these films. It is interesting to note that the o-Ti phase of composition Ti-48 Al can be stabilized
and grown in very thin regions of the sample, without any visible signs of decomposition. A
similarity is found between the crystallization behaviour of the thicker regions in the in situ annealed
specimen and the externally furnace annealed sample. This is expected considering the fact that
when the film was heated in a furnace, it was of a uniform nominal thickness of 1.5 um, reflecting
the characteristics of a thick film throughout. When the temperature was raised to 883 K, the
formation of a new crystalline phase was observed primarily in those thin regions of the film
which were still amorphous. The grains of this crystalline phase were found to be defect free and
had a near circular projected view during the initial stages of growth before grain impingement
occurred (Fig. 5(d)). Furthermore the nucleation sites for this phase seem to be at the surface of
the film making it a surface crystallized phase [9]. Electron diffraction evidence suggests that this
phase is an ordered tetragonal phase with lattice parameters of a=b = 0.688 nm, ¢ = 0.710 nm.

Summary and Conclusions

The present study focuses on two different aspects of structural and phase transitions in sputter
deposited thin films in the Ti-Al system; the first one being a series of structural transitions observed
in Ti/Al multilayers as a function of decreasing layer thickness and the second one being the
phase evolution during crystallization of an amorphous phase in Ti-aluminide thin films. The
transition of Ti from kcp to fec and back to hcp coupled with the transition of Al from fec to hcp
has been modeled on the basis of the Redfield-Zangwill theory for structural transitions in close-
packed metallic superlattices. Regarding Ti-aluminide films, an interesting effect of the film
thickness on the crystallization behaviour and on the stability of competing phases was observed.
An o-Ti phase of nominal composition Ti-48 Al grew in very thin regions of the film at temperatures
as low as 753 K which is significantly lower than the thermodynamically predicted stability
regime for an o phase of this composition (>1623 K). The thicker regions of the film transformed
into a two phase y+0; microstructure by a process of direct nucleation and growth in the amorphous
matrix.
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ABSTRACT

Composite films of aluminum nitride and alumina were fabricated on 6061 aluminum alloys in
a d.c. plasma chamber. Samples were treated by three main processes. They were 1) Ar plasma
etching, 2) NHs/Ar plasma with low pressure and low current density, and 3) NH; plasma with
high pressure and high current density. The oxygen-free Al surface was obtained after 10 min.
2.8 keV Ar* sputtering in a UHV analysis chamber after the sample was treated by processes 1 and
2. Composite films of aluminum nitride and alumina were obtained on samples treated by
processes 1, 2, and 3. The surface compositions and bonding environments of the composite
films were characterized by AES and XPS. Composite films containing Al-N, Al-O and Al-Al
bonds were formed but no nitrogen-oxygen bonds were observed. The thicknesses of the films
were estimated by argon sputtering in the UHV chamber. The surface morphologies of samples
after fabrication processes in d.c. plasma were investigated by SEM. A possible formation
mechanism of the composite film in the ammonia plasma is proposed.

INTRODUCTION

Improvements in Al and Al alloy surface properties such as hardness and corrosion resistance
are important for current industrial applications [1]. Both Al,O3 and AIN are hard ceramic
materials [2,3] with high melting temperatures [2,4]. The Al,O5 film can resist attack by dilute
acid, by solutions containing ions of metals which are less electropositive than aluminum, and by
atomic oxygen [5]. The chemical stability of AIN may contribute to the 50~100 A thin AlO3 layer
formed on it [4].

Multilayer thin film structures often exhibit properties not present in the bulk form and attract
great attention in scientific and technological communities. Therefore, a AIN/Al,O3 multilayer
composite system was fabricated and tested in this study in order to adopt the unique
characteristics of both materials. However, embedding the AIN into an Al,O3 matrix is not an
easy task due to the fact that aluminum and its alloys are very chemically reactive to oxygen and
form an aluminum oxide layer on their surfaces. This surface oxide layer prevents the nitrogen
from reacting with the metallic aluminum. Hence, a clean Al surface without oxide is the critical
requirement in order to grow AIN onto the surface of the aluminum alloys. A d.c. plasma was
generated to fabricate the AIN/AL,O4 composite system onto a 6061 Al alloy. The plasma was
used to not only remove the native oxide layer on the Al surface in the initial growth of AIN but
also to provide energetic nitrogen ions penetrating into the Al substrate. The surface compositions
and bonding environments were analyzed by the surface sensitive techniques of Auger Electron
Spectroscopy (AES) and X-ray Photoelectron Spectroscopy (XPS) in a UHV chamber. The
Eréorphology of the surface after each process was investigated by Scanning Electron Microscopy

EM).

EXPERIMENT

The schematic drawing of the experimental set-up of the d.c. plasma system is shown in
Fig.1. The specimen worked as a cathode and the stainless steel plasma chamber as an anode.
Ammonia and argon gases were used for the plasma discharge. A 40 1/s tarbomolecular pump was
used and a thermocouple gauge was used to control the pressure inside the chamber. The 6061 Al
alloys were mechanically polished, cleaned by acetone, methanol, and de-ionized water in an
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ultrasonic cleaner and blown dry by nitrogen gas. Then sample was mounted on top of the

electrode inside the plasma chamber. The plasma processing procedure is listed below:

a. The chamber was evacuated by a turbomolecular pump and heated up to 350K for one hour to

outgas the adsorbed gas molecules on the inner walls of the plasma chamber. We then

b. Cooled the chamber down to room temperature while pumping.

c. Filled the chamber with pure argon to 0.1 Torr and maintained this pressure under pumping.

Then we connected 2000 V d.c. between specimen and chamber for half an hour.

d. Pumped out the argon in the chamber and refilled the chamber with argon and ammonia. The

gasrtial pressure ratio of argon to ammonia was about 1:9 and we kept the pressure at about 0.5 to
.8 Torr.

e. Connected a 1000 V d.c. voltage between specimen and chamber, and controlled the discharge

current density on the sample at about 3 mA/cm?. We maintained this condition for one hour,
f. Pumped the used NH3/Ar mixed gas out and refilled the plasma chamber with pure ammonia.
We maintained the pressure at ~30 Torr, current density at 6 to 7 mA/cm?2- and d.c. voltage at 800
V for ten hours.

After plasma processing, the specimen was taken out of the plasma chamber, exposed in air,
and either sent into a UHV chamber for surface analyses or sent into a high vacuum chamber for
SEM measurements.

9
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Figure 1. The schematic of the d.c. plasma set-up
EXPERIMENTAL RESULTS

AES Results

Since to have an oxygen-free Al surface is a critical step in growing the AIN on the Al surface,
a sample treated after step e, i.e., low current, low pressure treatment, was analyzed by AES.
Reports from the literature [6,7] and our previous sputtering studies indicated that Ar* sputtering
alone without sample heating cannot produce an oxygen-free Al surface. Because the surface
oxide was formed during sample transport from the plasma chamber to the surface analysis UHV
chamber, 2.8 keV Art ions were used to sputter off the oxide layer. The oxygen-free Al surface
was indeed seen after 10 min. sputtering as shown in Fig. 2b. It is noticed that the kinetic energies
of Al LVV Auger signals in Fig. 2a and 2b are different. The
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Figure 2 The Auger spectra of Al after process
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high kinetic energy Al LVYV signal
corresponds to the metallic aluminum
and the low one is due to the oxidized
aluminum [8]. The AES spectrum of the
composite film obtained by the entire
series of process steps is shown in Fig.
3 where a strong nitrogen KLL Auger
signal located approximately at 380 eV is
observed. The relative surface
compositions of the AIN/A1)O3
composite system are 46%Al, 23%N,
15%0, and 16% contaminant C. The
insert in Fig.3 is the expanded nitrogen
signal where two clear components of
the nitrogen signal approximately located
at 376 eV and 382 eV, respectively, are
seen. They are assigned to nitrogen-
aluminum and nitrogen-nitrogen bonds,
respectively, which are consistent with
the XPS results as described below.

XPS Results

Four elements, Al, N, O and C were
found in the XPS spectrum of the
composite film obtained after all the
process steps which is consistent with
the AES result. In order to identify the
bonding environment of each elemental
component, a binding energy scan
containing the major photoelectrons
from the individual components was
performed by XPS. Fig. 4 shows the N
1s photoelectron signal where two
components were resolved after the
signal was deconvoluted by a curve
fitting program. The high bonding

dN/dE (Arbitrary Units)
w

energy (BE) component is due to
nitrogen atoms bonded to nitrogen
atoms. The lower BE component is
caused by nitrogen atoms bonded to

800 10
Kinetic Energy (eV)

00 1200

Figure 3 The Auger spectrum of Al after treatment

by all the process steps. The insert is the
N KLL signal; one peak is due to the
N-N bonds and the other results from the
N-Al bonds.

aluminum atoms. No nitrogen-oxygen
bonds were found. Two components
were also observed in the Al 2p signal
after curve fitting as shown in Fig. 5.
The high BE peak corresponds to the Al-
O bonds and the low BE one is due to
the Al-N bonds. The assignment of a
component to a specific bond is based

upon previous studies [9,10] and our sputtering results. For example, three components were

obtained in the Al 2p XPS signal after a 1500

surface layer was removed by the 2.8 keV Ar

ions. These three components, assigned to Al-O, Al-N and Al-Al bonds in Fig. 6, are consistent
with the BEs of Al-O and AI-N bonds in Fig. 5. The high BE peak corresponds to the Al-O
bonds and the low BE one is due to the AI-N bonds. The assignment of the component to a
specific bond is based upon the previous studies [9,10] and our sputtering results. For example,
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three components were obtained in the Al 2p XPS signal after 1500 A surface layer was removed
by the 2.8 keV Ar ions. These three components assigned to Al-O, Al-N and Al-Al bonds in Fig,
6, are consistent with the BEs of Al-O and Al-N bonds in Fig. 5.
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Figure 4 The XPS N1s spectrum of the composite Figure 5 The XPS Al 2p spectrum of

film before sputtering which consists of the composite film before
two components. High BE component is sputtering. The Al-O and
due to the N-N bonds and low BE one AI-N bonds were resolved.

indicates N-Al bonds.

The 2.8 keV Ar ions were used to sputter off the surface layers of the composite film
gradually. After each sputtering, the XPS spectrum was taken and the relative concentrations of
AL-N, Al-O and Al-Al bonds were calculated by integrations of the areas under the components
with the atomic sensitivity factors of the elements being taken into account. The relative
concentrations of Al-N, Al-O, and Al-Al bonds versus the depth of the composite film are plotted
in Fig. 7. Itis clearly seen that the Al-N bond reaches a maximum concentration at 600 A'below
the surface whereas the Al-O bonds decrease and Al-Al bonds increase with depth.
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Figure 6 The Al 2p XPS spectrum after the Figure 7 The relative concentrations
composite film was sputtered for of Al-N, Al-O and Al-Al
30 min. Three components of the Al bonds as functions of
signal indicate Al-O, Al-N and depth.
Al-Al bonds.
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SEM Results

The morphologies of the sample surfaces after different process steps were investigated by the
SEM where a 15 keV primary electron beam was used. Fig. 8a shows a rough sample surface
obtained after a sample was etched by the Ar plasma, i.e., process steps a, b, and ¢. Small
islands, 10 to 30 um in diameter, were formed on the surface after a sample was treated by the
entire series of process steps with only 4 hours in step f. Those islands grew, enlarged and
therefore smoothed their edges as shown in Fig 8c after a sample was treated for 10 hours in step f
compared to 4 hours in Fig 8b. The magnification of these three pictures are almost the same, ca.
400, as indicated at the bottom of the each picture.
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Figure 8§ SEM pictures of e Al surfaces (a) before plasma treatment, (b) after steps
a, b, and c, and(c) after all the process steps.

DISCUSSION

The sample without oxygen reported here was prepared by steps a, b, ¢, d, and ¢ in the
plasma chamber and sputtered clean by 2.8 keV Art ions inside the characterization UHV

chamber. The XPS depth profile of the AIN on Al substrate indicated that a peak concentration of

N was observed at 600 A below the surface after the sample was treated by the whole series of
process steps. Even though there is a difference between step e and step f, both of the steps are
mainly NH3 plasma treatments. Therefore, nitrogen passivation may be the reason why oxygen-

free surfaces can be obtained on Al samples treated with the Ar/NH;3 plasma. Once 2.8 keV Ar*
ions sputter off the nitrogen passivated surface layer, a fresh metallic Al surface without oxygen is
seen.

Because of the removal or thinning of the oxide layer on the sample surface by the energetic
Ar ions in the plasma chamber, nitrogen ions can react with metallic Al and form AIN. A 400 A
thick surface layer containing carbon contaminant was observed in the sputtering/XPS
experiments.

No evidence shows that nitrogen-oxygen bonds are formed on surface. This implies that two
separate phases coexist on the film surface. Since two components, Al-N and Al-O, were
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resolved in the Al 2p XPS spectrum as shown in Fig. 5, there are two co-existing phases on the
surface. They are aluminum nitride and aluminum oxide. Similar AES results were reported in
(AIN)x(A1,03)1 4 films prepared by reactive magnetron sputtering deposition [11]. Eventually,
three phases, aluminum nitride, aluminum oxide and aluminum metal, were formed inside the film
which was observed in the sputtering/XPS experiments as shown in Fig. 7. This multi-phase
feature in the composite film needs further investigation.

SEM studies also demonstrated that two phases coexist on the surface. The aluminum nitride
islands and aluminum oxide flat are consistent with previous work [12].

CONCLUSION

In this study, we demonstrate that the AIN/Al2O3/Al composite systemn can be fabricated onto
a 6061 Al alloy by d.c. plasma treatments. No nitrogen-oxygen bonds were observed which
implies two separate phases, aluminum nitride and aluminum oxide, coexist on the surface.
Sputtering/XPS results indicate three kinds of bonds , Al-N, Al-O and Al-Al bonds, with different
concentrations formed below the surface.

The formation of this multi-layer composite film involves 1) removal or thinning of the oxide
layer by energetic Ar ions in the plasma, 2) nitrogen ions generated in the ammonia plasma either
penetrating through the thin oxide layer to form AIN or directly reacting with metallic Al to form
AIN, and 3) once sample is taken out of the plasma chamber and exposed to air, an aluminum
oxide layer formed.
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LOW TEMPERATURE SYNTHESIS OF MO,C/W,C SUPERLATTICES
VIA ULTRA-THIN MODULATED REACTANTS
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ABSTRACT

We report here a synthesis method of preparing carbide superlattices using ultra-thin
modulated reactants. Initial investigations into the synthesis of the binary systems, Mo,C and
W,C using ultra-thin modulated reactants revealed that both can be formed at relatively low
temperature(500 and 600°C respectively). DSC and XRD data suggested a two step reaction
pathway involving interdiffusion of the initial modulated reactant followed by crystallization of
the final product, if the modulation length is on the order of 10 A. This information was used to
form Mo,C/W,C superlattices using the structure of the ultra-thin modulated reactant to control
the final superlattice period. Relatively large superlattice modulations were kinetically trapped
by having several repeat units of each binary within the total repeat of the initial reactant. DSC
and XRD data again are consistent with a two step reaction pathway leading to the formation of
carbide superlattices.

INTRODUCTION

Interest in transition metal carbides comes from the fact that they have many important
technological applications. Most of these applications take advantage of their high hardness and
chemical stability at elevated temperatures. The largest area which makes use of these properties
is as abrasives and cutting tools. They also find use in thin film form as protective coatings
against erosion and tribiological wear, again because they are very hard, but also because they
have good adhesion to substrates and a low coefficient of friction.! Thin films of tungsten
carbide also show promise as diffusion barriers in microelectronics because of its chemical
stability and low conductivity.? Other areas of interest include carbides as high temperature
catalytic materials,® and superconductivity in the molybdenum carbides. Qur interest in forming
superlattice carbide materials stems from the potential ability to tailor the physical properties of
these systems by changing the layer thicknesses of the constituents.

Traditional methods of carbide synthesis, however, are not suitable for the preparation of
refractory carbide superlattices. Typical synthesis routes involve direct reaction of the elements
either by arc melting or by heating mixed powders of the elements to temperatures exceeding
1000°C for long periods of time. In these methods the high reaction temperatures are necessary
to break the strong bonds in the reactants, particularly the carbon-carbon bonds in the carbon
containing material, and to overcome the low diffusion rate of reactants through the resulting
product layers. More recently developed methods of synthesis which overcome these difficulties
include self-propagating high temperature reactants’ and decomposition of organometallic
precursors.’ The first of these methods, self-propagating high temperature reactants, takes
advantage of the large heats of formation of the carbides from elemental reactants. In this
technique compacts of intimately mixed powders of the reactant elements are locally heated to
initiate the reaction process. Once initiated, the heat produced by the reaction provides enough
heat to sustain the reaction in the form of a reaction wave. Typical temperatures obtained in this
process are on the order of 2000-3000°C. In the other method, decomposition of organometallics
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precursors on heated substrates eliminates diffusion as a concern permitting relatively low
synthesis temperatures (350-600°C).

Our approach to carbide synthesis involves the use of ultra-thin modulated reactants to
overcome the typical difficulties with stable reactants and intermediates and slow diffusion rates.
We have recently found that the binary carbides, TiC, Mo,C and W,C can be formed at low
temperatures (350, 500 and 600°C, respectively) by use of multilayer reactants, if the elemental
layer thicknesses are below a critical value. For example, Mo and C layers will interdiffuse and
nucleate Mo,C at 500°C when 3 A C and 7 A Mo layer thicknesses are used. If much thicker
layers are used, no reaction occurs below 600°C. Our goal in this study is to investigate the
feasibility of using ultra-thin modulated reactants as a method of synthesizing carbide
superlattices by controlling the initial reactant structure.

EXPERIMENT

Sample Preparation

The carbon/metal multilayer samples used in this study were prepared using a custom built
ultra-high vacuum deposition chamber.® The elements were evaporated at a rate of 0.5 A/s using
Thermionics e-beam gun sources which were independently controlled by Leybold-Inficon XTC
quartz crystal monitors. The layer thicknesses of the individual elements were held constant at
3AC, 6 AW and 7 A Mo. The appropriate number of C-Mo layers were then alternated with
the appropriate number of C-W layers to obtain the desired multilayer structure. A series of
samples were made in which the intended superlattice repeat layer thicknesses ranged from 76 to
608 A. Samples were simultaneously deposited on a PMMA (polymethylmethancrylate) coated
silicon wafer and uncoated silicon wafer. To obtain sample free of the substrate for thermal
analysis, the PMMA coated wafers were soaked in acetone to dissolve the PMMA and the
“floated” sample collected on a Teflon filter. The sample deposited on silicon was used for low-
angle x-ray and high-angle x-ray analysis.

Thermal Analysis

DSC data was collected on portions of samples which were separated from the substrate.
This was accomplished using a TA Instrument’s TA 9000 calorimeter fitted with a 910 DSC
cell. An initial scan ramped from 50 to 600°C at 10°C/min was done and high-angle x-ray
diffraction used to determine phase formation, additional portions of samples were heated to
corresponding points of interest as shown by the DSC data and x-ray data collected. In this way
correlation between features present in the DSC scans and product structure can be made.

X-ray Diffraction

High-angle diffraction data were used to determine whether the as-deposited, floated and
annealed samples contained crystalline elements or compounds. Low-angle diffraction data were
collected to determine if the samples contained a periodic layered structure as deposited and
after annealing. These data were collected on a Scintag XDS 2000 98-8 diffractometer using Cu
K, radiation with a sample stage modified for rapid and precise alignment.
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RESULTS AND DISCUSSION

In order to evaluate the ability to use ultra-thin modulated reactants as a method of forming
carbide superlattices, four different intended superlattice thicknesses were prepared as part of
this study. They were made by alternately depositing molybdenum and carbon followed by
tungsten and carbon as shown in Figure 1.

Figure 1. [Illustration of layering
scheme used to create the
initial modulated reactants.

This [(Mo/C)(W/C)] unit was repeated to give films of approximately 600 A total thickness.
Low-angle x-ray diffraction data for all of the samples contained diffraction maxima resulting
from the elemental modulation and front surface-back surface interference out to 3 degrees. This
data was used to determine the thicknesses of the deposited layers. No diffraction maxima were
observed in high angle x-ray diffraction scans, suggesting that the samples were amorphous with
respect to x-ray diffraction as deposited. Table I summarizes the intended and the experimentally
determined layer thicknesses.

Table I. Summary of intended and measured superlattice thicknesses.

SAMPLE
WMCl1 WMC2 WMC3 WMC4
Intended Mo/C Thicknesses 40 A 80 A 160 A 320 A
Intended W/C Thicknesses 36 A 72A 144 A 289 A
Total Intended Layer Thicknesses 76 A 152 A 304 A 609 A
Measured Total Layer Thicknesses 75 A 155 A 308 A 620 A

DSC and x-ray diffraction were used to investigate the reaction between the elemental layers.
Figure 2 shows the DSC data collected on sample WMC1, which is representative of all of the
samples studied. This data contains a distinct exotherm at approximately 550°C, which is
midway between DSC exotherms found for the binary compounds (Mo,C and W,C have
exotherms at 500°C and 600°C, respectively). Diffraction data was collected as a function of
temperature to determine the structural changes occurring during this exotherm. Figure 3 shows
high-angle x-ray data collected on sample WMCI before and after the exotherm. The high-angle
diffraction maxima which appear after the exotherm suggest that the exotherm corresponds to
the crystallization of the sample. The positions of the high-angle diffraction maxima are
consistent with those expected from both Mo,C and W,C, which have the same structure and

nearly identical lattice parameters.
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Figure 2. Differential scanning calorimetry data of Mo/C and W/C sample WMCI with a 76 A
intended repeat layer thickness.
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Figure 3. High-angle x-ray diffraction data showing the evolution of phases corresponding to
the DSC scan in Figure 2: A = as-deposited, B = 400°C, C = 600°C, D = JCPDS
simulation of W,C, and E = JCPDS simulation of Mo,C.

In order to more clearly determine the structures of the materials obtained in this experiment,
samples deposited directly on silicon substrates were annealed at various temperatures to
determine their behavior as thin films. Figure 4 shows the low-angle x-ray diffraction data
collected on WMC1 sample, again as deposited and annealed to 400, 600, and 800°C. This data
clearly shows the presence of Bragg maxima corresponding to the layered structure of this
sample even when heated to 800°C. The relative intensity of these peaks remain constant in the
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samples heated to 600°C, but begin to decrease when the sample is heated to 800°C. This
suggests that mixing of the tungsten and molybdenum containing layers only occurs at
temperatures considerably higher than the 550°C exotherm seen in the DSC.
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Figure 4. Low-angle x-ray diffraction data showing the layered structure of sample WMCl
annealed to various temperatures: A = as-deposited, B = 400°C, C = 600°C, and
D = 800°C.

Figure 5 shows the high-angle x-ray data collected on sample WMC1 on the substrate as a
function of annealing temperature.
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Figure 5. High-angle x-ray diffraction data of sample WMC! annealed on silicon substrate:

A = as-deposited, B =400°C, C = 600°C.
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The data shows peaks that correspond to the (002) and (101) lines of both W>C and Mo,C. The
relative peak heights and the lack of additional diffraction maxima suggests that the crystallites
are preferentially oriented with respect to the substrate. This was confirmed by rocking-angle
diffraction scans of the (002) maxima which showed a FWHM of approximately 9° on the
sample annealed at 600°C. Crystallite size of approximately 150 A was determined using the
Scherrer equation. This size is twice the thickness of the superlattice period determined from the
low-angle diffraction data, suggesting that the crystallites have grown through several layers.
The fact that crystallites of larger size than the original layer thickness are obtained, along with
the lack of attenuation of the Bragg maxima in the low-angle diffraction data suggests that a
layered Mo,C/W>C superlattice has been made. The lack of splitting of the high-angle
diffraction data, however, suggests that there is no long range coherence between the crystalline
layers.

Upon examining the thicker superlattice samples in the same manner, several interesting
trends are observed. DSC data collected on the thicker samples shows that the exotherm
temperature decrease monotonically as layer thickness increases. The two thickest samples,
WMC3 and WMC4, have DSC exotherms very close in temperature to that found in the binary
molybdenum carbide system. This suggests that nucleation may be taking place primarily within
the Mo-C layers. The samples with thicker layering also showed a decrease in preferential
orientation as layer thicknesses increased. This may be the result of a higher percentage of
nucleation events occurring further from the Mo-C/W-C interface. In addition, there was an
increase in crystallite size as the thickness of the original superlattice increased. In all samples,
the crystallites were larger than the original superlattice period. We are currently undertaking a
long term annealing study to improve the crystallinity of the samples.

SUMMARY

DSC and XRD data provide evidence that ultra-thin modulated reactants are a viable method
of creating nanoscaled layered composites of refractory carbides. This is accomplished by
controlling the relative layer thicknesses of elemental reactants vs. the superlattice period in the
initial modulated reactant structure.
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FGMs by Sedimentation
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ABSTRACT

Simple sedimentation in organic solvents followed by hot-pressing is used to produce alumina-
NiAl functionally graded materials (FGMs). Varying degrees of agglomeration influenced the
phase arrangement in the mixed layer(s) producing microstructural variation. We discovered a
pronounced structural dependence on NiAl stoichiometry. Slight variations in Al content are
known to influence Tdp and these apparently lead to large increases in residual stress. Zirconia -
NiAl FGMs were better able to accommodate these levels of residual stress possibly due to
accommodation by enhanced tetragonal phase retention. However, these FGMs undergo
transformation of the tetragonal phase to the monoclinic form, starting from the surface. Finally,
variable microstructures result in detectable changes in the stress-strain behavior of alumina-
NiAl FGMs.

INTRODUCTION

Functionally graded materials (FGMs) are made using a variety of techniquesl'38. Each
new pathway for the production of ordered layers carries with it characteristic compositional and
architectural capabilities. We use simple sedimentation in organic solvents followed by hot-
pressing to produce ceramic-intermetallic FGMs. Compositional flexibility is combined with

variable microstructural parameters. This process generated intriguing property data®! that

assisted in the identification of key fabrication and processing concerns'®3,

At the heart of this approach is the agglomeration of powders of different size and
density. This occurs by the generation of water-based mensici that ‘glue’ the particles together.
This decreases gravity-induced phase segregation. Post-formation solvent replacement can
achieve acceptable (>50% of theoretical) presintered densities after the desired architecture has
been 'fixed' in place.

During sedimentation of equisized two phase powder mixtures net downward segregation
of denser particles is favored. Modification of particle interactions can control both segregation
and phase distribution in the resulting sediments. Many mechanisms (van der Waals
interactions, capillary condensation and polymer/surfactant bridging) contribute to these forces
in organic solvents and influence segregation.

Capillary condensation can produce particularly strong attractive forces between two

surfaces*®. In mixtures of immiscible liquids, small menisci composed of the minor phase can
condense out between particles. For ceramic surfaces in hydrophobic organic solvents*!, water

. . N . 2 . .
menisci have been shown to obey the Kelvin equanon“‘. Capillary forces offer an effective,
clean mechanism to minimize powder segregation.

EXPERIMENT

FGM Processing

The NiAl powder we used had an average particle size of approximately 17 im. We

employed AKP-30 a-alumina®™ having an as-received ultimate particle size of 0.41 um. These
materials have a net density difference of 34% and vary in particle size by factors of 20 to 50.
For mixed alumina - NiAl powders in a hydrophillic solvent (e.g., methanol) the NiAl particles
settle quickly, leaving much of the alumina in suspension. This produces a settled compact

** Sumitomo Chemical/America Inc., New York, New York 10154
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having two distinct layers. In hexane, larger van der Waals forces and the agglomerative effects

of adsorbed water result in more limited segregationg. Drying the powders beforehand made no
difference in the behavior of the methanol system but greatly decreased the degree of
agglomeration in hexane.

To avoid cracks during composite drying and decrease subsequent densification increases
in sediment density were needed. This was achieved by replacing hexane with alternate solvents
after sediment formation. These relax the sediments primarily due to the dissolution of 'bridging
water. Higher densities result and reduce drying shrinkage.

Through a series of simple mixing experiments methanol and water were found to be the
only solvents to show incomplete solubility. Both were found to be at least partially insoluble in
hexane. With the addition of minor fractions of acetone, methanol became completely miscible
with hexane. We use an apparatus involving a semi-permeable membrane that allows gradual
introduction of solvents or solvent mixtures into hexane without disturbing the presettled
sediments.

In an experiment illustrating the 'relaxing' effect of these substitutions on sediment

density, twenty Ul of water per gram AKP were added to each of several hexane-sedimented
AKP-30 specimens. The particle-particle contacts in this fine ceramic powder are far more
numerous and dominate downward motion in the alumina-NiAl mixtures. The prepared samples
were then settled through a 1 inch diameter perforated plate into a settling column. Hexane was
removed and exchanged with the solvent mixtures indicated in Figure 1. After 24 hours, the new
height of the sediment was noted Additional solvent replacement followed. This process was
repeated until the final solvent combination was reached. The solvent was then drawn off and
the membrane removed to allow the specimen to dry.

Figure 1 compares the densities obtained by solvent replacement approximately 24 hours
after each exchange. In specimens 1-6, hexane was replaced by methanol or a 50/50 volume
percent mixture of methanol and water. The maximum density achieved was approximately 15
percent solids, a fairly typical density.

Density vs Replacement solvent

B wet powder + hexane Volume percent (hexane/meQOH/acetone)
- 3 methyt! alcohol 80/10/10
% | 50v% water/50v% meOH 60/30/10 1st change
§ El water 60/30/10 2nd change

Percent Theoretical

1 2 3 4 5 6 7 8 9 10 11 12 13 14

AKP powder + 20pul/g H20 prepared in hexane
Figure 1. Sediment densities 24 hours after replacement by the indicated solvent mixtures. The
highest sediment densities are seen in the methanol/water mixtures. Volume percents of hexane,
methanol and acetone are listed as hexane/methanol/acetone.
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Less cracking was generally observed for specimens in which the density increased least
during drying (an initially higher wet density). In addition, specimens which cracked often did
so due to adherence to the glass tube. The change in density and tendency to adhere during
drying was observed to be smallest with either the hexane/methanol/acetone solvent mixtures or
pure methanol.

Our current process is based on these simple observations. We first choose the number of
layers, their thickness and composition. The required quantities of dried powder are then
weighed out and added to dry hexane in 30 ml glass vials inside a glove box. The powder
mixtures for each layer are then removed from the glove box and ultrasonicated. After
sonication, water is added to the composite layer powder mixtures by micropipet. These
mixtures are then ultrasonicated once more and are settled sequentially using a perforated plate
device mounted on a hot-press die. The die is lined with a combination of graphoil®, boron
nitride and molybdenum foil. The graphoi1® and boron nitride act as sealants and reduce die
wear. Molybdenum is chemically compatible with both NiAl and alumina and reduces powder
contact with the graphoil®. After settling is complete, excess solvent is drawn off and the
perforated plate apparatus removed.

The fully dried specimens were hot-pressed!! at 1500°C and 8000 psi for 2 hour. A hold
period of 1 hr at 800°C was incorporated into the cooling ramp to relieve residual stresses in the
NiAl. Additionally, cooling from 800°C to room temperature was limited to 3°C per minute.
Pressure was applied at 800-1000°C and released at 800-500°C.

Ceramic-intermetallic FGMs produced by this process undergo graceful failure at

moderate to high temperatures (527 and 727°C) 1 Multiple cracks propagate and are blunted in
the intermetallic NiAl layer. At no point was loss of the alumina layer observed, giving rise to a
ceramic surface displaying graceful failure at T~500°C.

RESULTS

Effects on Microstructure

Varying degrees of agglomeration influence the phase arrangement in the mixed layer(s).
This produces considerable microstructural variation. Figure 2 shows examples of the degree to
which a lack of agglomeration can affect phase distribution. Figure 2a shows the unfired powder
resulting from sedimentation without any added moisture. The clean, uncoated NiAl particle
surfaces indicate that the two phases display little mutual adherence. A typical final
microstructure (Figure 2b) shows fine NiAl segregation to the top of the mixed layer.

Figure 3 describes a system to which 20 pl of moisture was added. The unheated powder
(Figure 3a) shows scattered adherence of the ceramic powder to the NiAl. A final microstructure
(Figure 3b) is reasonably well-mixed and, within the boundaries of the layer, can be considered
compositionally uniform. However, continuous areas of NiAl represent networks of presintered
NiAl particle contacts where little or no alumina is present.

Different levels of uniformity can be achieved if we alter the initial moisture distribution.
The basic goal of these additions is to 'glue’ the two different types of particles together during
downward motion. If we localize moisture on NiAl surfaces before co-sonication this maintains
contact with the neighboring ceramic particles. Figure 4a shows that the ceramic particles are
much better adhered to the NiAl particles. The NiAl particles are barely visible in the
presintered sediment. The resulting fired microstructure (Figure 4b) clearly suggests better final
separation of the NiAl particles in the mixed layer.
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Figure 2a. Presintered arrangement of Figure 2b. Hot-pressed microstructure
intermetallic (dark phase) and ceramic resulting from an FGM prepared without
powders (light phase) resulting from added moisture. Segregation of fine NiAl to
sedimentation without introduced moisture. the top of the mixed layer is clearly evident.

Clean, uncoated NiAl particle surfaces
demonstrate the lack of adherence of the
ceramic particles to the NiAlL

jaceY  Spot Magn  Det WD ) Spot Magn D
1000x St 8.8 _#2W20N3 ! 0.0 kV 8.0 75x

Figure 3a. Presintered arrangement of Figure 3b. Hot-pressed microstructure
intermetallic and ceramic powders resulting resulting from an FGM prepared using 20 pl
from sedimentation with 20 pl of introduced  of added moisture. The microstructure is
moisture. Scattered adherence of the ceramic  reasonably well-mixed; however, continuous
powder to the NiAl is evident. areas of NiAl represent networks of
presintered NiAl particle contacts.
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Figure 4a. As-sedimented arrangement of Figure 4b. Hot-pressed microstructure
intermetallic and ceramic powders using 20 ul  resulting from an FGM prepared using NiAl-
of NiAl-localized moisture. The ceramic localized moisture. Improved separation of

particles are much better adhered to the NiAl.  the NiAl particles is evident.

The technique can also be used to induce other microstructural variations. Figure 5
shows a dense mixed layer formed by sedimentation of NiAl and presintered AKP 30
agglomerates. During densification at 1500°C the NiAl has intruded into the surface of these
agglomerates prior to overall densification. The resultant structure is intimately interlocked only
at the alumina boundary. Simple interfacial control can also be achieved by third-phase coatings
{e.g., from a simple salt or alkoxide solution) on the surface of the NiAl particles.

Finally, the technique requires careful monitoring. Figure 6a shows contamination of the
darker alumina layer by NiAlL This is produced when NiAl particles adhere to the walls of the
sedimentation apparatus before final layer deposition. They are then engulfed by the alumina
sediment and co-deposit in the ceramic layer. The relative lack of chemical interaction between
alumina and NiAl during densification ensures that these particles will degrade the tensile
abilities of this layer.

Figure 6b shows the microstructure of a system in which the sediment was allowed to
stand for several days before the solvent was removed. A fine network of alumina particles
outlining original NiAl particle boundaries near the mixed layer - NiAl interface is now evident.
Brownian motion was apparently sufficient to cause fine particle migration down into the NiAl
layer. Under some circumstances this may be desirable to promote NiAl grain size
minimization,
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Figure 5. Mixed layer formed by sedimentation of
NiAl and presintered AKP 30 agglomerates
(500X). The NiAl (tight phase) has intruded into
the surface of the agglomerates prior to overall
densification. The resultant structure is intimately
interlocked only at the alumina boundary.

Figure 6a. Contamination of the alumina layer Figure 6b. The microstructure of a composite

by NiAl. NiAl particles adhered to the walls  in which the sediment was allowed to stand for

of the sedimentation apparatus were co- several days. A fine network of alumina

deposited in the ceramic layer. 100 X particles outlining original NiAl particle
boundaries near the mixed layer - NiAl
interface is now evident. 200 X
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Al content
During our research architectures that had previously been fabricated without failure
began to exhibit cracking during cooling in the hot press. This had previously been associated

with the development of too-large levels of residual stress!!. We launched an investigation to
determine the cause of these failures. Composition/architecture had not been deliberately varied
so we assumed that a fault in the processing had developed. We focused on the following:
temperature/pressure variations, carbon contamination, annealing time/pressure release, AKP-30
diffusion into the NiAl layer, and oxide 'stringers’ caused by incidental NiAl oxidation.

These tests did not identify a hidden flaw in the processing. We re-examined the NiAl
itself and determined that a different lot number was involved. In examining the composition of
this new lot (50.50 at% Al) we found that the stoichiometry had varied slightly from the original
alloy (50.05 at% Al). Small compositional variations in N1Al are known to result in large

variations in Tdb43'45 . Increases in Tqp increase the resultant room temperature residual stress
levels'? which can lead to fracture. While Tdb variation is generally neglected in FRCs, in this
composite form it clearly cannot be due to residual stress constraints.

Zirconia-NiAl FGMs

During this period of difficulty we investigated the fabrication of zirconia-NiAl FGMs.
We believed that zirconia would be less sensitive to the residual stresses apparently being
generated. This rationale was developed in considering phase transformation-induced fracture

toughness in PSZ. This depends upon the critical transformation stress G, zone size, and the
influence of these parameters on the tetragonal to monoclinic transformation.
The prime factor possibly influenced by FGM architecture-induced compressive stresses

will be GI. We can write:
O¢if =0y - O;
Oeif = O, - (Grm - Gngm)
where Gy is the effective stress needed to initiate fracture, G, is the applied stress, Gy, is the
normal radial stress surrounding each tetragonal particle in the monoclinic matrix. GrCf m is the
radial compressive stress surrounding each tetragonal particle produced by the FGM architecture.

The matrix toughness of the zirconia ceramic, K|, increases linearly with increases in Gngm .

The elastic buildup of GS{gm begins when the NiAl Tgp is reached during cooling. We
anticipate that the change in strain free energy during the transformation, AGg, will be increased
by this and lead to the retention of more tetragonal phase. This will favorably influence the
volume fraction of tetragonal phase susceptible to transformation.

We believed that the enhanced retention of tetragonal phase in zirconia-NiAl FGMs
would accommodate those stresses that lead to failure of the alumina-NiAl composites. This
effect should complement that due to the greater thermal expansion coefficient of zirconia.

Processing and fabrication of 'standard’ architecture zirconia-NiAl composites was
identical to that of the alumina-NiAl form. As anticipated, destructive fracture during cooling
did not occur. With 0 mole % yttria, we did observe limited crack development. With 2 mole%
yttria, however, no such fracture occurred. From this we concluded that the proposed
mechanism for stress absorption via enhanced tetragonal phase retention seemed to be operative.

Toughness characterization of these composites was.carried out. We have, however,

become aware of the difficulties involved in applying this form of property data to FGMs®®, For

a notch in the zirconia layer a maximum toughness of 10.62 MPa m0-5 was obtained. A
fractographic view of the failure process indicates that as fracture moves into the mixed layer
NiAl grains just beneath the interface decohere from the zirconia matrix. This is identical to the

behavior seen for alumina-NiAl'®. Further intermetallic fracture takes place via a mixture of
mostly transgranular NiAl fracture and some NiAl decohesion out of the zirconia matrix.
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An unfortunate development soon became apparent. The 0 mole% yttria composite
exhibited spallation of the ceramic layer 4 months after its fabrication. The 2 mole% yttria
composite retained its ceramic layer for many months before a few small isolated areas began to
spall off. However, optical microscopy (Figure 7) and x-ray diffraction (Figure 8) both show
substantial room temperature conversion of the retained tetragonal phase to the monoclinic form.
While the literature does document the environmental sensitivity of zirconia®’, Zr0O2-based

FGMs have been fabricated by a variety of investigatorsz'&19'20'36.

Figure 7. Optical micrograph showing the transformation zone of a ZrOs-
NiAl FGM several months after fabrication. This process begins at the
upper surface of the composite and moves towards the mixed layer. 100 X

0« O Monoclinic
8 months * Tetragonal

*
z
|2}
&
S
=
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(o]
4 $ b j L u *
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Figure 8. XRD showing the degree of tetragonal to monoclinic
transformation in the zirconia layer of a ZrO;-NiAl FGM after several
months of room temperature exposure.
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Microstructure and Properties

For the different microstructures found in Figures 3b and 4b, Figure 9 shows the force-
displacement curves. Figure 10 displays the lateral thermal expansion behavior. These indicate
significant differences in the behavior of these composites due to the initial microstructural
differences.

7 120 — 2 120
= microhiter =
£ 1004 < 100+ icroli
5 100 F20/gA1203 added to 3 20 microliter
5 80+ . s 80+ H20 / gAl203
i mixture 24 .
g 60 4 g 60 + added to NiAl
§ 404 g 4071
g 204 g 201
S o : : : © 0 ; ‘ ’
0 0.05 0.1 0.15 0.2 0 0.05 0.1 0.15
Displacement (in) Displacement (in)
Figure 9. Force displacement curves obtained during four point bend test
of samples having different microstructures.
1 —
20 microliter
09 + H20 in NiAl
g 0.8 + No H20 addition
5 07+
£ 06+
%’J 05 4+ 20 microliter
5 04 4 H20 in mixture
2 0
%’ 03 +
A~ 0214
0.1 +
0 t } t t t
0 200 400 600 800 1000 1200

Temperature, degrees C

Figure 10. Lateral linear thermal expansion as a function of temperature
for samples having different microstructures.
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Figure 11 shows cross-sectional SEM of the fracture surfaces generated during the four
point bend test. In the alumina layer fracture takes place via a mixture of intergranular,
transgranular and step cleavage. In the mixed layer substantial decohesion of the NiAl phase
from the alumina matrix has occurred. The degree of decohesion is much greater than that seen
during toughness evaluations. In the NiAl layer, fracture takes place via a mixture of
intergranular and transgranular modes.

MW &
co.V  Spol Magn  Det Wi

o A BT, ST
pcc V' Spot Magn  Det WD
20.0kv 3.0 500x  SE 102 F73156-3 8 AKP layerimixed layer
R A e e o

0.0 2000¢ _SE__10.4 F1315:3 15 Akp layor

Figure 11a. Fracture surface of the alumina Figure 11b. Fracture surface of the
layer showing transgranular, intergranular and  alumina/alumina-NiAl interface showing
step cleavage decohesion of the NiAl phase from the matrix.

; J RO VR
AccV Spot Magn Det WD |———==—surf 50 ym
500x SE 106 F7315-3 10 NiAl near interface

i % N S
AccV  SpotMagn  Det WD p——————— 50um
20 kS 500x 105 F7816-3 9 mixed layor

Figure 11c. Fracture surface of the mixed layer Figure 11d. Fracture surface of the NiAl layer
showing substantial decohesion of the NiAl showing a mixture of intergranular and
phase. transgranular fracture.

90



CONCLUSIONS

1) Controlled moisture addition during sedimentation of powders of different density is an
effective means of avoiding segregation. Pathways for the production of different
microstructures are also generated.

2) Slowly replacing hexane with a mixture of 60 volume percent hexane, 30 volume percent
methanol and 10 volume percent acetone promoted relaxation and decreased problems associated
with drying shrinkage. During drying this mixture exhibited the smallest density increase and
less tube wall adherence.

3) These graded structures are sensitive to slight variations in intermetallic stoichiometry. These
can lead to large variations in residual stress.

4) Zirconia - NiAl FGMs are better able to accommodate high levels of residual stress.

5) Tetragonal to monoclinic transformation occurs in the Zirconia-NiAl FGMs, starting from
the surface. This results in spallation of the ceramic layer.

6) Variable microstructures result in detectable changes in the behavior of these alumina-NiAl
FGMs.
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Pressureless Co-Sintering of Al,05/ZrO; Multilayers and Bilayers

Peter Z. Cai, David J. Green and Gary L. Messing
Department of Materials Science and Engineering, The Pennsylvania State University, Univer-
sity Park, PA 16802

Abstract

Various types of damage were observed in pressureless-sintered Al,04/ZrO, symmetric
laminates (multilayers) and asymmetric laminates (bilayers) fabricated by tape casting and
lamination. These defects included channel defects in ZrO,-containing layers, Al,O; surface de-
fects parallel to the layers, decohesion between the layers, and transverse damage within the
Al)O; layer in the bilayers. Detailed microscopic observation attributed the defects to a com-
bined effect of mismatch in both sintering rate and thermal expansion coefficient between the
layers. Crack-like defects were formed in the early stages of densification, and these defects
acted as pre-existing flaws for thermal expansion mismatch cracks. Curling of the bilayers dur-
ing sintering was monitored and the measured rate of curvature change, along with the layer vis-
cosities obtained by cyclic loading dilatometry, was used to estimate the sintering mismatch
stresses. The extent of damage could be reduced or even eliminated by decreasing the difference
in layer sintering rate. This was accomplished by reducing the heating rates or by adding Al,O;
in the ZrO, layers.

Introduction

Cracks and crack-like defects are commonly observed in film/substrate systems and ce-
ramic hybrid laminates during processing [1-3]. One source of such defects is the thermal ex-
pansion mismatch between the constituent layers. Residual stresses usually arise during the
cooling stage, and for brittle systems, this can cause cracking. Mismatch stress can also be gen-
erated during the sintering process when the co-sintering layers have different densification ki-
netics. Although sintering mismatch and thermal expansion mismatch are two mechanisms op-
erative at different stages of processing, both can contribute to defect formation in laminated
structures [4]. In general, the exact origin for damage and the morphology of these defects in a
laminate system depend on the laminate geometry, layer sintering characteristics, layer thermal
expansion coefficients, and the fabrication process. In this study, hybrid ceramic laminates con-
sisting of Al,O3 and ZrO, layers of comparable layer thicknesses were investigated. The origin
of defect generation, as well as the evolution of these defects, was studied by careful observa-
tion of the defect morphology after sintering. Efforts were made to find means of eliminating
processing damage by mixing one component into another, and by controlling both heating and
cooling rates. The aim of this paper is to review the results of three recent papers [4-6] from
which more detailed information can be found.

Experimental

An MgO-doped Al,O; powder (Premalox, Alcoa, particle size=0.3 pm) and a CeO,-
stabilized ZrO, powder (TZ-12Ce, Tosoh, particle size=0.3 pm) were used in this study. The

powders were mixed in different ratios with binders and modifiers, to form the five slip formu-
lations used in this study: 100% Al,0; (A100), 100% ZrO, (100Z), 90 wt% ZrO,-10 wt%
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Al)O3 (90Z), 80 wt% Zr0,-20 wt% Al,O; (80Z) and 70 wt% Zr0,-30 wt% AlLO; (70Z). The
slip was cast onto a glass substrate and the dried tapes had an average thickness of about 150
pm. After binder burnout, the A100, Z100, Z90, Z80 and Z70 green tapes had relative density
of 57%, 46%, 49%, 50% and 52%, respec-
tively. The stamped tapes were laminated to
form two types of laminates: symmetric
laminates (multilayers) and asymmetric
laminates (bilayers). In the multilayers, the
AlLO; and ZrO, layers were stacked in an
alternating sequence to a total of 23 layers;
in the asymmetric laminates, three Al,O;
layers were on one side and three ZrO, lay-
ers were on the other, forming a laminate re-
sembling a bilayer. In addition to the lami-
nates made of A100 and Z100 tapes, multi-
layers and bilayers were fabricated with the
7100 layers replaced by 790, Z80 and Z70
layers to form a total of four types of lami-
nates: A100-Z100, A100-Z90, A100-Z80,
and A100-Z70 [4]. Following lamination
(90°C and 48 MPa for about 12 min) and
binder burnout (450°C for 8 hours), the
laminates were sintered at 1530°C for 90
minutes. Two heating rates were used:
5°C/min and 1°C/min. The sintered samples
were either furnace cooled or cooled at a rate
of 3°C/min. The difference in layer densifica-
tion rates led to curling in the bilayers start-
ing at about 1000°C with further densifica-
tion. The curvature development was moni-
tored by telephotography.

Results and Discussion
Processing Defects

Three types of processing defects
were observed in the multilayers. The first
type was the channel crack in the ZrO,-
containing layers. Channel cracks, as de-
picted in Fig. 1(a), arise as a result of the in-
plane tensile stress in the ZrO,-containing
layer due to its more rapid densification rate
and a higher thermal expansion coefficient
than the ALO;. The second type, also

Fig. 1 Typical defects observed in ceramic
multilayers and bilayers:
(a) Channel and interfacial cracks in

shown in Fig. 1(a), was the debonding crack the ZrOy-containing layer and (b)
between the Al,O3 and ZrO,-containing lay- surface defects in the ALO; layer of a
ers. These debonding cracks occasionally multilayer; (c) intralayer and transverse
deviated from the interface into the AlO; defects in the Al,O; layers of a bilayer
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layer and ran parallel to, but in close vicinity of, the interface. The third type of defect ob-
served in the multilayers was the surface crack within the AL,O; layers, as shown in Fig. 1(b).
The intralayer decohesion is a result of the surface tensile stresses in the biaxially compressive
AlO5 layers due to edge effects [3]. In addition to the three defect types observed in the mul-
tilayers, the bilayers exhibited a unique type of damage, viz., the transverse defects within the
AlyO4 layers (Fig. 1(c)). These defects can be attributed to the tensile bending stresses devel-
oped on the convex side of the bilayer during curling.

Most of the defects observed in these laminates had crack opening displacements much
less than 1 um. The small crack opening displacement seems to suggest that thermal shrinkage
misfit during cooling was the origin of damage. However, closer examination of the damage by
scanning electron microscopy revealed that defect formation and evolution is a much more
complex process. The crack in the center of Fig. 1(a) clearly is brittle in nature, evidenced by
the well-defined crack path and the uniformity of the crack opening displacement. The other
two crack-like features, on the other hand, appear to consist of either a succession of pores or a
series of low density areas that outline a damage path. Because the cavitational defects repre-
sent the weakest regions of the ZrO,-containing layer after densification, they would be the
most susceptible to the residual stresses that occur during the cooling stage when the ZrO,-
containing layer is in tension. In fact, there is evidence [4] that it was indeed these low density
regions and cavitational crack-like defects that acted as pre-existing flaws for the generation of
thermal expansion mismatch cracks.

Curling of the Bilayers During Sintering

For the ceramic sintering compacts used in this study, it has been demonstrated by cy-
clic loading dilatometry that their mechanical response is linear viscous for the majority of the
sintering process, except for the early stages of heating when the compacts are still elastic [5].
Such viscous mismatch stresses in ZrO,-containing layers can be calculated using the following
relationships [4]

g, = 1 n,Aé
1+mn 1
and
m* +mn .
0, == ) TMmAE
n® +2mn2m” +3m+2)+m )

for the multilayers and bilayers, respectively. In Eqgs. (1) and (2), A€ = de/dt is the strain rate
mismatch, and m and » are the layer thickness ratio and the layer viscosity ratio, respectively.
The above viscous relationships are deduced from the well known viscous-elastic analogy (VE
analogy) [4]. In a curling linear viscous bilayer, the corresponding curvature equation can be de-
rived as [4]:

i o 6(m +1)2 mn
n,(m*n® +2mn(2m® +3m+2)+1

3)

where k = dk/dt is the rate of curvature change. The above equations suggest that the viscous
mismatch stresses can be calculated from the rate of curvature change if the viscous properties
of both constituent layers are known. In this study, the A100, 2100, Z90, Z80 and Z70
uniaxial viscosities were measured with cyclic loading dilatometry [5]. The layer thickness ratio
was assumed to be constant.
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Fig. 2 (a) The curvature development in the bilay-
ers, and (b) the calculated layer mismatch

The biaxial tensile stresses in the stresses for the multilayers during sintering.
ZrO,-containing layer from the thermal
expansion mismatch were calculated from the thermal expansion coefficients measured for all
the AL,O; and ZrO, materials [4]. Viscoelastic formulations [6] were used to study the effect of
cooling rate on possible stress relaxation. Fig. 3 shows the residual stress development during
cooling for the A100-Z100 multilayers under both furnace cooling and 3°C/min cooling condi-
tions. As seen in Fig. 3, the residual stress is significantly smaller for the 3°C/min cooling, and
the difference results from the initial cooling period (above 1200°C), during which no apprecia-
ble residual stress develops for the slower cooling rate. The absence of residual stress develop-
ment for the slow cooling rate at temperatures higher than 1200°C demonstrates that the elastic
mismatch stress can be almost entirely relaxed in this temperature range, provided that the
cooling rate is sufficiently slow. Therefore, slower cooling rates would result in smaller residual
stresses after cooling, and thereby reduce the amount of cracking in the cooled samples.

Since defect generation in the laminates is attributed to the mismatch in sintering rate
and thermal expansion, reduction of the heating and cooling rates can be used to decrease the
extent of damage. Another means of reducing the mismatch in sintering rate would be to mix
Al,Os in the ZrO, layers. In doing so, the more rapid sintering rate of the ZrO, layer would be
decreased, and the thermal expansion coefficients of the two layers would be more similar. The
overall effect of Al,O; addition in ZrO, layers and the rate of heating and cooling on cracking of
the multilayers can be appreciated in Fig. 4, in which the number of channel cracks in the ZrO,-
containing layers per unit thickness is plotted for A100-Z100, A100-Z90, A100-Z80 and
A100-Z70 multilayers under the two cooling conditions and the two heating conditions. It is

Residual Stresses During Cooling
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clear that both the mixing of
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stresses, however, must be suffi- Fig. 3 Calculated viscoelastic residual stresses in 2100 lay-

cient in retarding densification ers for the 4100-Z100 multilayers during cooling
and creating cavitational damage under furnace cooling, and at a 3°C/min cooling
in the direction perpendicular to rate.

the biaxial stresses. These de-

fects can either further develop during sintering or act as pre-existing sites for thermal expan-
sion mismatch cracks. This is supported by detailed microscopic observation of the sintered
laminates. Due to the dual origin of the processing defects, both the sintering process and the
cooling process need to be carefully controlled in order to achieve defect-free laminates. Indeed,
slower heating and cooling rates led to a decrease in the extent of damage. Blending AL,O; in
Zr0, layers was proven to be another effective method in reducing the mismatch in layer sin-
tering rates. It was also found that the magnitude of the residual stress was dependent on the
cooling rate, and further, that smaller cooling rates were capable of completely relaxing the re-
sidual stress at temperatures above 1200°C.
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ABSTRACT

Tensile strengths, static and dynamic fracture toughness, and fatigue crack propagation were
measured for different combinations of Nb metal-intermetallic microlaminate composites. Metal
layer bridging produced toughening by factors of 2 to 5 under static conditions. Dynamic testing
reduced the toughness significantly. Fatigue crack propagation rates were comparable to data for
pure Nb. A key composite property, the stress -displacement function 6(u) of the constrained
metal layers, was evaluated by several techniques and used in a bridging-crack stability analysis to
predict tensile strengths in agreement with experimental values. The results provide guidelines for
improving microlaminate performance.

INTRODUCTION

A microlaminate comprised of alternating microns-thick layers of intermetallic and ductile
metal is a composite architecture that may be attractive for multi-layer coating applications in
advanced airfoils. Intermetallic-based systems have the potential to exhibit high temperature
properties superior to superalloys for these applications.[1] Compositing intermetallics with ductile
reinforcements can produce toughening by several mechanisms, thus overcoming the intrinsic low
temperature brittleness of the intermetallic [2-6]. A major advantage of the microlaminate
architecture is the availability of attractive manufacturing routes based on physical vapor deposition
techniques. In addition, the small size scales can lead to increases in the ductile layer strength, and
smaller length scales may also increase the matrix cracking stresses by limiting the size of potential
processing flaw sizes.

Hence, work has been in progress to assess the mechanical properties of several
microlaminate composites based on the Nb3Al/Nb and CroNb/Nb systems. Properties of interest
in these systems include room temperature strength and fracture resistance which turn out to be
strongly dependent on the stress-displacement behavior, 6(u), of the constrained metal layers. In
this work, the tensile strengths, static and dynamic fracture toughness, and fatigue crack
propagation were measured for a set of microlaminate composites, and o(u) functions were
evaluated by a combination of experimental and analytical techniques. The ¢(u) functions can then
be used to predict resistance curve behavior in other geometries or the fracture strength in
uncracked tensile specimens. This provides a fundamental framework for improving the
mechanical behavior of the microlaminate system.
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EXPERIMENT
Materials

Microlaminate composites about 132 um thick were fabricated by Magnetron® sputter
deposition of alternating layers of metal and intermetallic precursor onto steel substrates. Four
microlaminate composites have been examined to date and are described in Table 1. Following
deposition the microlaminates were heat treated for 2 hours at 1000°C for Nb3Al and (Nb,Ti)3Al
and 1200°C for the CrpNb systems, which transformed the precursor layers into well ordered
intermetallic structures [7,8]. In the Nb3Al and (Nb,Ti)3Al composites, a bcc metal precursor
phase transformed to the Nb3Al (A15) structure; in the CryNb composites, a nearly amorphous,
nanocrystalline metal phase transformed to the CroNb (Laves) structure. Further details of the
processing and microstructure of the resulting microlaminates are described elsewhere [7].

Table 1
Description of Microlaminate Composites
ID Intermetallic Metal Layer
Composition Thickness

(atom %) (Lm)
L9 NbsAl Nb 2
L20 (Nb,Ti)3Al Nb - 27.7 Ti - 6.7 Al 2
L17 CroNb Nb-4.7Cr 2
L60 CroNb Nb-33Cr 6

Mechanical Tests and Fractography

All mechanical properties were evaluated at room temperature. Fracture strength was
measured on flat tensile specimens with gauge section 6.4 mm wide by 10 mm long at
displacement rate of 0.05 pm/s. In all cases, elastic loading was terminated by fast fracture.

Static resistance curves (toughness, Ky, versus crack extension, Aa) were measured in three-
point loading tests on single edge notched bend (SENB) specimens and in tension tests on center-
cracked tension (CCT) specimens. In all cases, crack propagation was parallel to the metal-
intermetallic interface. SENB specimens were electro-discharge machined (EDM) to dimensions 8
mm X 25.4 mm, with a small starter notch on one side of the long dimension. The samples were
glued into a small aluminum bend frame that allowed loading and prevented buckling of the thin
sheet. The composite specimens were fatigue pre-cracked to a crack length (a) to specimen width
(W) ratio of about a/W ~ 0.3. CCT specimens were fabricated by EDM to dimensions 51mm x
12.7mm with center notches of length 1.6mm on either side of a 1.6mm diameter hole at the center
of the gauge section. Sharp cracks were grown beyond the ends of the notches by fatigue pre-
cracking to a/W ratios of about 0.4. In both cases the resistance curve tests were carried out at a
displacement rate of 0.005m/s, and crack growth was monitored by optical microscopes mounted
on each side of the specimen. At each sign of crack growth, the load was decreased by 10%, and
the crack length was remeasured. The tests self terminated when crack propagation became
unstable. ABAQUS finite element calculations were used to evaluate Ky(a/w) for the specific test
geometry. Details are described elsewhere [9].
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Dynamic fracture toughness was also measured on SENB specimens at a displacement rate of
25.4um/s. Only the load-displacement data were recorded for this test. To date dynamic
toughness has only been assessed for CroNb/Nb(Cr)/6pim microlaminate L60.

Fatigue crack propagation was also examined in the L60 microlaminate on an SENB specimen
with an initial /W of 0.36 at a frequency of 10 Hz and a stress ratio, R, of 0.2. Crack length was
monitored by optical microscopes on either side of the specimen, and the load-crack length data
were used to determine crack growth rate da/dN as a function of stress intensity range AK.

The in-situ strengths of the metal layers were estimated by microhardness measurements.
Details of these measurements are described elsewhere [9].

Fracture surfaces of selected specimens were examined by both optical and high resolution
scanning electron microscopy (SEM). In addition, confocal microscopy was used to obtain
quantitative three-dimensional images of conjugate fracture surfaces. These were combined with a
fracture reconstruction technique originally proposed by Kobayashi et. al. [10,11] and recently
extended by Edsinger and co-workers[12] to determine the deformation patterns in the metal layers
and to establish the distribution of crack opening displacements at which the ductile metal layers
fractured (u*). Details of this analysis are described elsewhere [9,12].

RESULTS

Fracture Strengths

Measured values of fracture strength determined from tensile tests (from two testing lots) are
shown in Table 2. As will be shown below, the lot-to-lot variation for the L17 microlaminate can
be attributed to differences in the size of the critical growth defect.

Table 2
Tensile Test Results
ID System Fracture Stress (MPa)
Lot 1 Lot 2
L9 Nb3AI/Nb 473-474 451-501
L20 (Nb,Ti)3AI/Nb(Ti,Al) 580-664
L17 CroNb/Nb(Cr)/21um 576-616 725-750
L60 CroNb/Nb(Cr)/6Um 441-500

Resistance Curves

The static resistance curves for the three SENB and CCT tests are plotted in Figure 1. The
curves are offset from Aa=0 by the length of a pre-existing bridge zone present after fatigue pre-
cracking. Estimates of initiation toughness are about 4 MPavVm. The region of stable crack growth
is generally smaller in the CCT tests. All of the 2 pm thick layer microlaminates showed
increasing toughness over the first 50-100um of crack growth, leveling off to steady state levels:
about 10-11 MPaVm for Nb3Al/Nb; about 12-14 MPaVm for (Nb,Ti)3Al/Nb(Ti,Al) and
CrpNb/Nb(Cr). The resistance curve for the thicker 6[um layer CroNb/Nb(Cr) microlaminate rose
to the highest toughness, reaching 20 MPavVm after about 200pum of crack growth; however, the
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Figure 1. Resistance curves (K; vs. Aa) for: a) L9 -- Nb3Al/Nb; b) L20 -- (Nb,Ti)3 Al/Nb(Ti,Al);
¢) L17 -- CroNb/Nb(Cr)/2um; and d) L60 -- CroNb/Nb(Cr)/6um. The squares and diamonds are
for SENB and the circles for CCT tests.
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transient slopes (dK/da) were significantly lower compared to the 2um layer microlaminates, and it
exhibited a relatively low fracture strength (Table 2).

Contrary to this resistance curve behavior, fracture of the CryNb/Nb(Cr)/6um (L60)
microlaminate under dynamic conditions appeared to be linear elastic, with unstable crack
propagation occurring at a toughness of about 7-8 MPavm.

Fatigue Crack Propagation

The fatigue crack propagation data for L60, CryNb/Nb(Cr), are shown as da/dN versus AK in
Figure 2, along with similar data from Murugesh et al [13] for NbsAl, Nb, and a Nb3Al/Nb in situ
composite containing about 40% Nb equiaxed particulate. All of these data approximately exhibit a
Paris law relationship of the form

da/dN = A (AK)™ (H

with m in the approximate range 10 to 30. The microlaminate shows greater resistance to crack
propagation than the intermetallic and in situ composite data and only slightly less resistance than
pure Nb.

Fractography

The fracture reconstructions based on confocal microscopy showed that crack growth in the
static resistance curve tests occurred by crack tunneling in the intermetallic layers, followed by
stretching to failure of the intervening metal layers. The cumulative distributions of the
displacement at failure of the metal layers, u*, normalized by layer thickness, t, for each of the
microlaminates are shown in Figure 3. The Nb and Nb(Ti,Al) layers had significantly larger u*/t,
compared to the Nb(Cr) layers. Preliminary fracture reconstructions for the dynamic fracture
toughness test on the CroNb/Nb(Cr) microlaminate (L60) showed that, unlike the static resistace
curve tests, the onset of cleavage and unstable crack propagation was preceded by little or no
plastic deformation of the metal layers.

Representative SEM micrographs of fracture surfaces are shown in Figures 4 and 5. A
fractograph for Nb3Al/Nb (L9) static SENB specimen is shown in Figure 4a. The Nb3Al layers
fail by brittle fracture, and the Nb layers fail primarily by chisel point failure near the middle of the
specimen. Fractographs representative of the CryNb/Nb(Cr) microlaminates (117, L60) are shown
in Figure 4b and c. Ductile failure occurred by the growth and coalescence of microvoids in both
the 2 and 6[lm metal layers as shown in Figures 4b. The reduced ductility (i.e., u*) in the Nb(Cr)
layers is associated with this microvoid damage. However, there was a distinct transition from
ductile microvoid coalescence to brittle cleavage fracture associated with a corresponding transition
between stable (slow) and unstable (fast) fracture as shown in Figure 4c. The fracture surface of
the CrpNb/Nb(Cr) microlaminate (L60) tested dynamically showed only cleavage fracture. The
fracture surfaces of the Nb(ALTi) layers in microlaminate 120 showed a combination of chisel
point failure (predominant) along with regions of lower ductility associated with large voids. In
all cases, the metal layers appeared to be strongly bonded to the matrix; however, intermetallic
matrix cracking parallel to the layers was occasionally observed in Nb3Al/Nb (L9), more
frequently in CroNb/Nb(Cr) (L17,L60), and most frequently in (Nb,Ti)3AVNb(Ti,Al) (L20).
Effective debonding by intermetallic cracking appears to be the reason for the large u*/t in the
Nb(Ti,Al) layers.
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Figure 4. SEM fractographs of a) L9 -- Nb3Al/Nb, b) L17 -- Cr2Nb/Nb(Cr) for stable and ¢)
unstable crack propagation.

stable unstable

~100um

Figure 5. SEM micrograph of tensile specimen fracture surface in L17 -- Cr,Nb/Nb(Cr) showing
the conical growth defect as the crack initiation site and the transition from stable, sub-critical
crack growth by ductile failure of the Nb(Cr) layers to unstable crack propagation with attendant
cleavage fracture in Nb(Cr) layers.
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Fractography examinations of the tensile samples revealed that conical-shaped growth defects
acted as the sites for crack initiation. The defects penetrated approximately the entire sample
thickness of the 2 pm layer cases, but were part-through in the 6 pm layer composites. The
growth defect half widths ranged from about 50 to 105 um. The sequence of events leading to
fracture was most clearly revealed in the Nb(Cr) (L17 and L60) microlaminates as shown in Figure
5. In this case, the initial cracks grew stably out of the growth defects marked by metal layer
ductile microvoid coalescence. At a critical size associated with macroscopic fracture at the fracture
stress, the crack transitioned to unstable growth. Cleavage fracture facets are evident in the fast
fracture region.

DISCUSSION

It appears that the resistance curve behavior in the microlaminate composites is largely due to
bridging of the metal layers, which in turn is a function of the stress-displacement behavior, o(u),
of the constrained metal layers. While o(u) functions cannot be directly measured, they were
estimated for static test conditions by two methods: 1) by construction of c(u) based on estimates
of both the maximum stress (6*) and crack opening at ligament rupture (u*) from microhardness
and fracture reconstruction measurements, respectively; and 2) by self-consistent fits to the
resistance curves using a large scale bridging code .

To construct o(u) functions from microhardness and fracture reconstruction measurements, it
was assumed that 6(u) exhibited a modified sawtooth shape, with a peak strength followed by a
decreasing tail to a final value of u*. Assuming a maximum constraint factor on the metal layer of
3, which is consistent with theory and experiment for strongly bonded ductile reinforcements
[3,14,15], peak strengths o, were estimated from microhardness VHN by

op=3*UTS=3*(3*VHN) (©))]

where the ultimate tensile strength, UTS, in units of MPa was taken to be approximately three
times VHN in units of kg/mm2. Microhardness was estimated to be about 260+15kg/mm? for the
CrpNb/Nb(Cr) microlaminates (L17, and L60) and the Nb3Al/Nb(Ti,Al) microlaminate (L.20) and
about 170+10kg/mm? for the Nb3AI/Nb (L9). The extension at peak stress, up, which influences
the initial slope of the resistance curve, was taken as 5% of the layer thickness, a value that resulted
in good fits to the data. Thermal expansion mismatch between the metal and intermetallic
components results in residual tensile stresses o in the metal layers, and a value of 500 MPa at
zero displacement was estimated for 6, from curvature measurements on asymmetric, several layer
microlaminates. As explained in more detail elsewhere, the tail of the o(u) function was
constructed by averaging nine linear sawtooth functions with u* equal to every 10th percentile
intercept in the cumulative u* distribution (i.e., Figure 3). The resulting ¢(u) functions are shown
in Figure 6 as solid lines. '

To fit o(u) functions from the resistance curves, a large scale bridging model developed by
Odette and Chao [2] was used. This model computes a resistance curve corresponding to a given
test geometry, the o(u) function, the plane strain elastic modulus, E' (= E/(1 - v2) where v is
Poisson ratio and E is Young's modulus) and the effective intermetallic toughness, Ky, by finding
a self consistent solution for the crack opening profile and crack face stress distribution for every
increment of crack advance. The ¢(u) function was again modeled as a modified sawtooth
function; i. e.,
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o(u) = Or + (Gp-Or)(u/up) u < up

" n * %
_o |, _u-y o|, {u-uy, < ik
o(u)= - [1 u._up] +1 (u._up) up < u <u 3)
o) =0 u > u*

A best fit was sought that closely reproduced the initial slope (sensitive to 6%, o, and up), the
length of crack extension (sensitive to u*), and the resistance curve shape (sensitive to the post
maximum o(u) shape) in the transition regime between initiation and steady state. Figure 6a-d
shows the results of this fitting procedure; the ranges of 6(u) functions are shown as shaded
regions, and the averages as dashed lines. In general, the ranges are fairly narrow, yielding similar
values of up, u¥, and, to a lesser degree, 6*. Overall, the fit curves show qualitative agreement
with curves constructed from microhardness and confocal microscopy measurements (solid lines).

These o(u) functions can be combined with the bridging model to predict resistance curve
behavior in other specimen or component geometries. They can also be combined with knowledge
of the intrinsic flaw size of the material to predict the fracture stress in geometries of interest.
Fracture occurs when

Ka (a) > K; (a) and dKy/da > dK/da, 2)

where K, is the applied stress intensity factor, K; is the material fracture resistance, and a is the
crack length [2,15]. To apply this, tensile specimens were modeled as center cracked or single
edge notched panels with the initial crack equal in size to the fracture-initiating conical growth
defect. The fit 6(u) functions for a given microlaminate were combined with the bridging model
and the initial defect size for a given tensile test to predict the resistance curve behavior for that
geometry, and the applied K, versus a was determined from handbook elasticity expressions for
the same geometry [16]. Hence, the fracture criteria expressed in equation (4) is equivalent to the
point at which the resistance curve K (Aa) is tangent to the applied K curve Ky(a). The
experimental and predicted failure stresses for the samples that have been analyzed to date are
shown Table 3. The experimental values fall very close to the predictions for all of the
microlaminates that have been analyzed. The lot-to-lot difference in fracture stresses for L17
samples can be explained by the difference in intrinsic flaw sizes in the two sets of specimens. In
all cases, fracture occurs before the steady state toughness is achieved. For this reason, the rising
portion of the resistance curve mediates the fracture strength of the material. This is particularly
interesting for the 6\tm microlaminate, L60, which reached the highest toughness of all of the
composites but had a lower slope in the transient region and a lower fracture stress. The higher
ultimate fracture resistance is offset by the lower slope in the transient region.

Although it has not yet been fully analyzed, the linear-elastic response and loss of fracture
toughness under dynamic conditions is due to the loss of ductility of the constrained metal layers at
high strain rates. The slightly higher value of initiation toughness may be due to the strain rate
sensitivity of the strength of the metal layer. Clearly this type of behavior under dynamic loading
conditions has significant implications to design and microlaminate development.

As noted earlier, the resistance to fatigue crack propagation was higher for the microlaminate
than a Nb3Al/Nb in situ composite with similar volume fraction (40%) of metal phase. In the case
of the in situ composite, however, the metal phase was particulate and the fatigue crack tended to
avoid the metal particles [13]; whereas, in the microlaminate tested here the fatigue crack was
forced to cut through all the metal layers. Moreover, the values of AK were well above the matrix
toughness Ky, so that the fatigue crack should propagate by crack tunneling in the matrix followed
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by fatigue of the intervening ligaments. Hence, the fatigue crack propagation is largely controlled
by the metal layers, and hence environmental effects (e.g., cyclic cleavage, interstitial impurity
pickup, oxidation) may be particularly important considerations for fatigue resistance.

Table 3.
Comparison of predicted and actual fracture stresses

ID -- Lot # System Flaw Size, Predicted Measured

a (Lm) Fracture Fracture
Stress Stress
(MPa) (MPa)

L9 -- Lot 1 Nb3Al/Nb 58 445-505 473-474
L20 -- Lot 1 | (Nb,Ti)3Al/Nb-Ti-Al 70 550-650 580-664
L17 -- Lot 1 | CraNb/Nb(Cr)/2um 90 520-600 576-616
L17 -- Lot 2| CrpNb/Nb(Cr)/2um 40 705-820 725-750

CONCLUSIONS

The fracture properties of microlaminate composites based on alternating layers of pure Nb or
Nb-alloy and either Nb3Al or CryNb have been evaluated. All of the microlaminates with 2um-
thick layers showed a resistance curve with an initiation toughness estimated at 4MPaVm rising to a
saturation value of about 8 to 14 MPaVm by 50-100 um of crack growth. The one microlaminate
with 6um thick layers exhibited a lower slope in the transient regime of the resistance curve but
rose to a Ky of about 20MPaVm by about 200 um of crack growth. For the four microlaminates
tested, fracture strengths ranged from a low of about 450 MPa to a high of about 750MPa. While
resistance curve behavior was exhibited under static conditions, the tests to date under dynamic
conditions show a linear elastic fracture response. Fatigue crack propagation behavior, on the
other hand was more similar to Nb metal than to either intermetallic or a comparable volume
fraction metal-particle reinforced intermetallic.

A combination of scanning electron microscopy and confocal microscopy/fracture
reconstruction showed that fracture in the resistance curve tests proceeded by crack tunneling in the
intermetallic layers leaving intact ductile metal ligaments in the crack wake. These ductile ligaments
provided tractions on the crack surfaces that led to the observed resistance curve behavior. While
Nb and Nb(T1,Al) failed largely by chisel point fracture, the Nb(Cr) layers failed by void growth
and coalescence in the stable crack growth regime and cleavage in the unstable crack growth
regime. Under dynamic test conditions, the onset of cleavage fracture occurred much sooner,
Fractography also indicated that uncracked tensile specimens failed by the subcritical growth of
cracks out of conical growth defects followed by unstable crack propagation.

Constrained metal layer stress-displacement, o(u), functions were constructed from both
microhardness tests and on u* distributions and from a bridging model analysis of resistance
curves. Both sets of functions were in reasonable agreement. The bridging model was then used
with the 6(u) functions to evaluate the fracture stress. The resulting predictions were in good
agreement with experimental measurements of fracture stress.

The self consistent analysis has shown the relation between the mechanical behavior of these
microlaminate composites and their fundamental properties. The results show that fracture strength



is mediated by both the resistance curve behavior of the material -- as dictated by the 6(u) function
of the metal layers -- and the intrinsic, conical growth defect size. The fracture strength has been
shown to be strongly dependent on the transient portion of the resistance curve, and hence,
strongly dependent on Ky, and 6*. Moreover, as the defect size is reduced, fracture strength
becomes increasingly influenced by the magnitude of dK/da in this regime. These results suggest
that improved processing conditions to reduce the size and density of growth defects and
appropriate tailoring of the metal layer composition to achieve the desired 6(u) function can
improve both the resistance curve behavior and the fracture stress of the in-situ synthesized
microlaminate composites. In addition, improvements in the metal layer response to fatigue and
dynamic loading should also improve the corresponding properties of the microlaminates.
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STRUCTURAL STABILITY OF Si-O-a-C:H/Si-a-C:H
LAYERED SYSTEMS
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Uberlandstrasse 129, CH-8600 Diibendorf (Switzerland)

ABSTRACT

Amorphous hydrogenated carbon films are of technological interest as protection
coatings due to their special properties such as high hardness, chemical ineriness,
electrical insulation and infrared transparency. However, some applications still suffer
from the poor thermal stability and adhesion problems of these coatings. To ensure
good adhesion, especially on hardened steels and non-carbide forming substrates, an
extra interlayer has to be deposited first. Often a silicon containing interlayer, Si-a-C:H
for example, is used for this purpose. This Si-a-C:H interface layer was deposited by rf
plasma deposition from tetramethylsilane. Then a-C:H films containing Si-O with a vary-
ing silicon content were produced from a mixture of acetylene and hexamethyldisilox-
ane. The structural changes upon annealing of these films were investigated using
Raman spectroscopy. The analysis of the development of the different peaks upon
annealing temperature reveals the transition from the amorphous structure to the more
graphitic-like structure. This transition temperature increases by as much as 100°C
when silicon is incorporated into the DLC film. However, when Si-O is incorporated
instead of only silicon the same increase in temperature stability is observed .

INTRODUCTION

Amorphous hydrogenated carbon (a-C:H) or also named diamond-like carbon
(DLC) films are widely used as protection coatings due to their many useful properties
as high hardness, low friction coefficient, low wear and chemical inertness [1]. However,
above 300°C the film structure changes irreversibly, resulting in a deterioration of the
above mentioned properties [2]. Changing the thermal stability by introducing additional
elements has been investigated by several authors [3, 4, 5], studying F, Si and N,
respectively. Especially Dorfman and co-authors claimed that their so called diamond-
like nanocomposites (DLN) deposited from siloxanes have a very high thermal stability
in an inert gas atmosphere [6, 7, 8]. Furthermore it has been argued that the incorpora-
tion of silicon increases the probability of carbon atoms to be sp3, rather than sp2
hybridized [9]. Coincidentally it has been reported that silicon containing DLC coatings
have an extremely low coefficient of friction even at a relative humidity as high as 70%
[10], which is not the case for pure DLC.

Raman spectroscopy is used to investigate structural transformations of thermally
annealed diamond-like carbon films since the original work by Dillon et al. [11]. In their
paper it was shown that the intensity ratio I{D)/I(G) of the Raman D-band to the G-band
can be used as an indication of structural transformations. The nucleation of graphitic-
like clusters results in a first increase of this ratio, whereas the subsequent growth of
these clusters is seen as a saturation followed by a decrease of the ratio. The influence
of silicon alone on the thermal stability has been investigated earlier [12]. In this paper
Raman spectroscopy was used to investigate the change of these structural transforma-
tions when silicon and oxygen are simultaneously incorporated into diamond-like car-
bon films.
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EXPERIMENT

Hydrogenated amorphous carbon films containing silicon and oxygen (Si-O-
a-C:H) were prepared by rf plasma activated chemical vapor deposition from a mixture
of acetylene and hexamethyldisiloxane (HMDSO, [Si(CH3)3]20). The deposition was
carried out in an all stainless-steel high-vacuum system with a base pressure better
than 2+10-6Pa. The films were deposited onto polished p-type Si(100) wafers, 2.54cm
diameter, with 1Qcm resistivity which were mounted on the capacitively coupled rf pow-
ered electrode. The rf generator (13.56MHz) was regulated to yield a constant self-bias
of -400V. Just prior to introduction into the vacuum system the silicon wafers were
chemically etched in a 27% HF solution for 90s and then rinsed with pure water. in-situ
cleaning was done using Ar sputtering at 3.4Pa for 60s. The etch rate for a Si(100)
wafer had been determined to be 2nm/min. After this a Si-a-C:H layer was grown for
5min from tetramethylsilane (TMS) at a pressure reading of 2.0Pa, the Pirani pressure
gauge having been calibrated for air. Then the plasma was turned off and the HMDSO
was introduced until the desired background pressure was reached. Acetylene was
then added up to a total pressure setting of 2.0Pa. Following that the plasma was
ignited again and deposition was performed for 15min. The power dissipated in the
plasma was 0.4W/cm?2 and the growth rate under these working conditions was
21nm/min for pure a-C:H films.

The chemical composition of the films was measured using X-ray photoelectron
spectroscopy (XPS). Concentration values are always given in units of atomic% and
normalized to a total of 100at%. The hydrogen concentration cannot be measured with
this method. After coating, each wafer was cut into several pieces which were used for
the annealing experiments. Thermal annealing was done in an argon atmosphere at
3.5kPa pressure. The heating rate was 20°C/min, holding time at the annealing temper-
ature itself was 200 min and the cooling rate was 10°C/min. Raman spectroscopy with
an excitation wavelength of 514.5nm was performed on a DILOR XY micro-Raman
system.

RESULTS

DLC-films with four different silicon-oxygen concentrations were produced. The
concentrations measured with XPS were a) 0.2at% silicon and 0.4at% oxygen, b)
11.1at% silicon and 4.3at% oxygen, ¢) 19.5at% silicon and 8.5at% oxygen and d)
34.3at% silicon and 14.3at% oxygen. The average silicon to oxygen ratio is 2.4 when
the film a) is excluded. This corresponds to an average incorporation probability for
oxygen atoms which is lower than the one of silicon considering that the ratio in the
precursor is 2. A similar lower incorporation probability for oxygen was also observed in

Table 1: Raman Peak Data

Position Width Name Description
[em) [cm]
1585 110 Gy crystalline graphite (Eog)
1530 100 Si-C Si-C compound (unknown)
1490 125 Go amorphous sp2-carbon
1350 240 D4 polycrystalline graphite (A1q)
1130 210 D2 amorphous sp3-carbon
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the case of Ti-O containing a-C:H films [13].
For the annealing experiments sets of pieces from the silicon wafers with different
Si-O containing a-C:H films were heat treated in the same run. Optical inspection of the

DT ~150°C

1 r— |
AT =300

AT 700°C

AT =400

intensity [arb. units]

AT =500°C

1000 1200 1400 1600 1800 1000 1200 1400 1600 1800
wave number [cm‘1] wave number [cm'1]

Figure 1: Set of Raman spectra of a Si-O - a-C:H film with 11.1at% silicon and 4.3at% oxygen content
for the as deposited film (DT) and for annealing temperatures (AT) from 300°C to 900°C. Dots
represent the measured data and the lines show the decomposition into five Gaussian peaks
and the sum of these.
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Figwe 2: Relative intensity of the Raman peak from the Si-C compound for Si-a-C:H and Si-O-a-C:H
films versus silicon content in the films. The lines serve only as guides for the eye.

coafings after this procedure showed no ablation or blistering of the films. Only the
coating with the highest Si content, 34.3at%, had a few crack lines, when annealed at
800°C and a high density of crack lines when annealed to 900°C. This shows that the
layered system Si-O-a-C:H/Si-a-C:H has an excellent adhesion to the silicon substrate.
Thisis the case even for coatings with a very high Si-O content but they have a lower
intemal cohesion. Raman spectra were taken from all samples of coatings a), b) and c)
in the range 880cm-1 to 1800cm-1. Analysis of the Raman spectra was done by decom-
position of each spectrum into five components of Gaussian line shape. Earlier analysis
were performed by decomposition into two peaks, namely the D-peak and the G-peak
[11]. However, at higher annealing temperatures this scheme does not describe the
experimental data [5,11]. To obtain a more accurate fitting of the data at least four
peaks have to be used for pure and fluorine containing amorphous carbon films [3]. In
the case of silicon containing DLC films five peaks had to be used to obtain a good fit
[12]. This is also the case for Si-O - a-C:H films where under these conditions a fit with
an average correlation coefficient of 99.5% was obtained. Fixed peak positions and
widths (FWHM) were used as listed in Table 1 and only the peak intensities were
adjusted by the fit procedure.

Figure 1 shows the set of normalized Raman spectra from the DLC film containing
11.1at% silicon and 4.3at% oxygen annealed at the temperatures indicated. The rela-
tive intensity of the Go peak decreases whereas the one of the D1 peak increases with
increasing annealing temperature. The intensity of the additional peak at 1530cm-!
relative to the total intensity is shown in Figure 2 versus the silicon content in the films.
For comparison also the data from silicon containing DLC films are included. As can
clearly be seen for concentrations below 5at% this intensity depends linearly on the sili-
con concentration with a certain zero offset which is due to the mathematical depen-
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dence of these fits on the data. As the Si content increases, the intensity decreases.
This behavior reflects presumably the transition from the regime where the silicon is
incorporated into the carbon network by substituting carbon atoms to the regime where
the formation of a more silicon carbide-like compound starts.

From all the spectra, the intensity ratio I(D)/I(G), where I(D) is the sum of the D-
band intensities, 1(D1)+1(D2), and I(G) is the sum of the G-bands including the Si-C
component, (G1)+(G2)+(Si-C), can be calculated. These curves exhibit a turning point
defining a transition temperature from one state to the other [3]. This transition tem-
perature is a measure for the stability temperature of these films. In figure 3 the transi-
tion temperature is shown as a function of the silicon content. Again the two types of
silicon containing a-C:H, with and without oxygen, are displayed together. The overall
trend is an increase of the transition temperature when the silicon content is increased.
However, within the error limits litile difference is observed between Si- and Si-O-DLC
films. Dorfman has claimed that DLN films are stable under long-term annealing at
T>1200°C in an oxygen-free atmosphere [7]. This claim is not supported by the results
of this investigation where a maximum increase of the transition temperature of approx-
imately 100°C is found. Unfortunately, he does not specify the exact composition and
deposition methods nor the method of determining this stability temperature [7]. But our
results clearly show that diamond-like carbon films containing silicon and oxygen in
such concentrations that these films are still diamond-like carbon have a higher struc-
tural stability but not as high as Dorfman claims. This increased structural stability how-
ever does not have to be accompanied by an increased stability against oxidation in an
oxygen containing atmosphere. Tamor [4] measured the weight loss of silicon contain-
ing amorphous hydrogenated carbon films when baked in air. The onset of weight loss
was shifted to higher temperatures by roughly 100°C, in accordance with our results.
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Figure 3: Transition temperature where the carbon film transforms from the amorphous state to the more
graphitic-like state.
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CONCLUSIONS

Silicon and oxygen containing diamond-like carbon films were produced by RF-
PACVD. Raman investigations have shown that silicon incorporation increases the
transition temperature and hence the thermal structural stability by as much as 100°C.
No additional influence has been seen when also oxygen was added to silicon contain-
ing DLC films. However, the internal cohesion strength of the DLC film was reduced
when too much silicon and oxygen are incorporated, whereas the adhesion was still
excellent.
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ABSTRACT

Having interlamellar spacings on the nanometer scale, there is no doubt about
considering heavily drawn pearlitic steel wire as a nano-layered material. This extremely fine
structure is of great technical importance: indeed, as the interlamellar distance determines the
onset of plastic flow, the wire can be brought to a tensile strength beyond 4000 MPa and is
therefore one of the strongest materials on the market nowadays.

At extremely large strains (well beyond € = 4) and/or at moderate temperatures, the
pearlitic steel loses its strength. Several possible failure mechanisms, like fragmentation of the
cementite or thermal and strain-induced cementite dissolution, are put forward, but until now,
there is no definite understanding of the really active mechanism.

In the present work, the calorimetric differential scanning technique, in combination with
thermopower measurements and the high-resolution atomic force microscopy, have turned out to
be most promising tools to reveal some of the mechanisms that are responsible for the
degradation of the lamellar aggregate.

INTRODUCTION

At high strains (€ = 4), pearlitic steel wire exhibits an extremely fine structure with
interlamellar cementite distances of 10 nm and therefore it merits to be considered as a nano-
structured material. It is generally assumed that at strains well beyond € = 4, cementite
instabilisation might induce not only a collapse of the wire strength, but might also deliver an
explanation for a number of ageing phenomena which occur during wire processing. This paper
presents the investigation of the phenomena that occur during the static ageing of a severely
deformed lamellar pearlite. Though such ageing is an intentional post-drawing treatment, it is
almost sure that some of the same phenomena occur during drawing, as a consequence of the
deformation and friction induced heating in the successive wire drawing dies.

Strain ageing in hard drawn pearlitic wire is already investigated by means of various
experimental techniques ranging from tensile testing [6-8] and electrical measurements [9-11] to
ion probe microscopy [3,12] and Méssbauer spectroscopy [1,2,4]. In all studies, as-drawn wire
was submitted to artificial ageing treatments at moderate temperatures (< 350 °C) during relative
short periods (< 30 minutes). According to the authors, one can adopt at least three different
stages of ageing, occurring in consecutive order with increasing temperature:
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stage I
Stage I of strain ageing is attributed to the migration of interstitially dissolved carbon atoms to
ferrite dislocations to pin them down. Here, thermal activation is brought about by subsequent
intentional ageing. This first stage of ageing occurs at temperatures below 100 °C.
This diffusion mechanism is most probably accompanied by a strain-induced dissolution of
cementite [1,2,4].

stage II
Arguments have been given that at higher temperatures (between 100 °C and 300 °C
approximately) stage 1 is followed by a stage II, which is characterised by post-straining
cementite dissolution [7,13]. Here, a transfer of carbon atoms furnished by the cementite takes
place from the cementite towards the ferrite phase. This thermally activated dissolution enables
further locking of the dislocations by the supplied carbon atoms. Although already discussed by
several authors, using different techniques, this stage might still be considered as rather
speculative.

stage HI
At temperatures above 300 °C, phenomena such as carbon clustering, carbide precipitation and
recovery can be considered.

More profound investigation concerning the cementite stability in this higher-temperature
range has been carried out by Languillaume [5]. In his study, the ageing treatments were
performed during a longer time period (1 hour) at temperatures ranging from 200 °C to 700 °C.
Observations with neutron diffraction techniques and high-resolution microscopes have pointed
out that, next to a release of internal stresses and the appearance of a strong texture in the
cementite phase, there is a gradual precipitation and development of cementite globules at the
carbon enriched ferrite-cementite interfaces, which is a clear indication of the cementite
dissolution.

It can be expected that the dissolution of cementite will have a direct influence on
mechanical properties through changes in morphology and size of the cementite lamellae, but
equally well an indirect influence, because of the increased carbon content in the ferrite lattice
available for ageing and reprecipitation of cementite globules, as confirmed by Goes et al. [14].
In this study, the work hardening rate has been observed to change as a consequence of thermal
treatments at temperatures of at least 150 °C. As can be seen from figure 1, ageing of hard drawn
eutectoid wire during 300 minutes at 150 °C produces a shift in the gradient of the hardening rate
versus tensile stress curve.

The advent of the powerful Differential Scanning Calorimetry (the DSC-technique) -
which is applicable to fine wires- and the high-resolution Atomic Force Microscope (AFM) -
emerging as one of the most promising scanning probe microscopes developed so far-, opened
new perspectives to assess static strain ageing. In this paper, it is shown that DSC, in
combination with thermopower measurements, can be easily adopted to discriminate between the
stages of ageing. Special attention is given to the cementite decomposition as a mechanism of
strain ageing. In the same perspective, the AFM-technique was applied as a tool to disclose this
ageing mechanism.
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Figure 1: Hardening rate versus tensile stress curves of as-drawn and aged (150 °C, 300 minutes)
eutectoid steel wire. Note the change in the gradient of the curve as a consequence of the ageing
treatment [14].

EXPERIMENT

The wire under investigation was a plain carbon eutectoid pearlitic steel wire,
manufactured by N.V. Bekaert S.A., with a diameter of 0.175 mm, a total strain of 3.9 and stored
under frozen conditions to prevent any spontaneous ageing.

The DSC-experiments were performed on a commercially available calorimeter of TA-
Instruments type DSC-10. Samples were prepared by filling aluminium pans with pieces of the
investigated wire. Heat flow signals were recorded relative to a reference sample. The latter was
cut from a batch of wire and subjected to a heating cycle from room temperature to 600 °C in the
DSC-cell. As the exothermic heat exchange is irreversible, no exothermic events were recorded
in the second or following runs with the same sample; the DSC-spectrum showed a flat baseline.
Consequently, such a sample can be considered as fully chemically inert and used as a reference,
leading to a better resolution of the recorded signals. The measurements were performed in a
protective atmosphere of Argon gas, led through the DSC-cell.

Besides, the thermopower of samples that were artificially aged in a silicone oil bath was
measured. The samples were isothermally aged at different temperatures between 120 °C and
180 °C (this is the temperature range of the first peak in the DSC-spectra) and for different
ageing times (between 10 seconds and 30 minutes). The measurements were performed at room
temperature and relative to a calibration sample with an absolute thermopower of 12.2 uV/K.
During the measurements, a stable temperature gradient was applied. The sample ends were held
at a temperature T =15 °C and T, =25°C, respectively.
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In order to visualise cementite dissolution as a possible ageing mechanism, AFM-
investigations of the pearlite structure were performed at longitudinal sections of hard drawn
wire before and after an intentional ageing treatment for 5 minutes at 170 °C, the maximum peak
temperature acquired from the DSC-experiments.

All samples were embedded in a resin and were ground in order to obtain longitudinal sections.
The bare surface of each section was polished with two diamond pasts of which the grain size
was 4 and 1 um respectively. The wires were removed from the resin and glued onto a substrate
which is placed on top of the piezotube of the microscope.

The measurements were performed on an atomic force microscope Digital Nanoscope IIIL.
Commercially available silicon nitride levers have been used. The levers are triangular and have
2 pm wide legs. The spring constant of the lever is about 0.6 N/m. In the experiments, the
scanning area varied from 200 nm x 200 nm to 1000 nm x 1000 nm. The force microscope was
operated under the equiforce mode. In this mode, the force induced by the sample surface atoms
on the probing tip of the microscope, is controlled by adapting the sample position under the
cantilever in order to keep the deflection of the cantilever constant.

RESULTS

Figure 2 displays a typical DSC-spectrum of the wire, drawn to a total strain of 3.9. This
spectrum can be decomposed in four different peaks, which can be brought in connection with
different stages of strain ageing. It can also be seen that there is a considerable overlapping of the
peaks.
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Figure 2: DSC-spectrum of the investigated wire, drawn to a strain of 3.9. This spectrum can be
decomposed in four different peaks, each of them referring to different stages of ageing.
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Regarding the wire properties during processing and in use, our interest concerns
especially stage I and stage II.

During stage I carbon (and nitrogen) atoms in interstitial solid solution migrate to ferrite
dislocations and pin them down. The carbon concentration in the ferrite is not sufficient enough
to lock all ferrite dislocations despite its increase after plastic deformation (by deformation-
induced cementite dissolution). This led several investigators [7,8] to conclude that some other
mechanism than interstitial solute diffusion must operate. This opinion is shared by the authors
since interstitial carbon diffusion is unlikely to yield the extremely high heat fluxes encountered
during the first peak in the DSC-experiments.

The authors believe that in the temperature range covered by the first peak in the DSC-
spectrum, stage I interferes with stage II. As mentioned earlier, this second stage of strain ageing
is characterised by a temperature-induced partial decomposition of the cementite phase.

The thermopower of wire artificially aged at the corresponding temperatures of the first peak was
measured in order to justify this statement. Figure 3 shows the TEP-measurements of the
investigated samples as a function of time for the different ageing temperatures.
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Figure 3: Thermo-electric power of the investigated wire as a function of ageing time and ageing
temperature.

The rise in thermoelectric power after artificial ageing was plotted to a Johnson-Avrami-Mehl
equation. According to this theory, the fraction of the solid state reaction, f(t), which evolves
during isothermal heat treatments can be described as:

f(t)=1-exp(-(kt)") 0]
S-S,

sat — 20

with f(#) = , in which S(t) is the thermopower after an artificial ageing time t, S, is the
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thermopower at saturation and S, is the thermopower of the as-drawn wire. The time exponent n
is characteristic for the intrinsic nature of the ageing process and is was estimated by means of
linear regression. n is temperature independent and is found to be of the order of 1/3. This
implies that the dominant mechanism of strain ageing below 250°C differs from matrix diffusion

of carbon interstitials which is characterised by a 1172 dependency [15,16]. Time exponents of
the order of 1/2 are expected when carbon interstitials are captured in cylindrical zones around
dislocations, which was used as the basis for the models of Cottrell [17] and Harper [18].
According to the model of Lement and Cohen [19] a time exponent of 1/3 is in favour of a
decomposition mechanism of one phase. In their model to describe the kinetics of such a
decomposition, they assumed a planar flow of interstitials from one phase to another. This is
applicable to eutectoid pearlite where this flow takes place from the cementite perpendicular
towards the ferrite-cementite interface.

In figure 4 and 5 the topographic equiforce AFM-image of the pearlite structure probed at
longitudinal sections of as-drawn wire and artificially aged wire (during 5 minutes at 170 °C)
respectively, is labelled. A substantial difference between both images lies in the interface
sharpness. The interfaces in the as-drawn structure are clearly more sharply defined than in the
aged structure. This result is very interesting in the framework of the proposed mechanism of
temperature-induced dissolution of the cementite, where ferrite interfacial dislocations are
believed to attract carbon atoms from the cementite.
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Figure 4: Two-dimensional topographic equiforce AFM-image of the pearlite structure probed at

a longitudinal section of the investigated as-drawn sample. The scanning area was 267 nm x 267
nm.
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Figure 5: Two-dimensional topographic equiforce AFM-image of the pearlite structure probed at
a longitudinal section of the artificially aged sample (170 °C, 5 minutes). The scanning area was
247 nm x 247 nm. Note the loss in interfacial sharpness compared to figure 4.

CONCLUSIONS

The extremely large strains that are reached in wire drawing, connected with a nearly
homogeneous deformation behaviour of the two phases, points to an extensive dislocation
activity in cementite as well as in ferrite. The deformation behaviour of cementite, including
dislocation activity and substructure patterning, has been thoroughly investigated by Inoue et al.
[20]. Slip in cementite is localised in parallel slip bands, 0.1 to 0.5 jim apart, at smaller strains,
but doubtless more closely spaced at higher strains, dividing the cementite lamellae in a series of
undeformed blocks moving over mentioned bands.

Decomposition during wire drawing is believed to take place by a dislocation attraction
mechanism, in which ferrite interfacial dislocations attract carbon atoms from the cementite. It is
indeed a well-established fact that in undeformed pearlite, the binding energy of carbon to
cementite is only about 60 percent of the interaction energy of carbon to dislocations (0.5 eV and
0.8 eV respectively) [21,22]. In the deformed pearlite under consideration, the increasing
interface energy between ferrite and cementite, as well as the increasing disorder induced in the
cementite lattice by moving dislocations along the boundaries of the cementite “blocks”, make
that phase increasingly unstable. The “dynamic” mechanism of dissolution of cementite,
occurring in the drawing die hence is to some extent mechanically activated. Additional thermal
activation by the deformation and friction heat in wire drawing will enhance the process as well
as the diffusion of carbon to the dislocation sites.
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The decomposition process of cementite seems to continue during the second stage of
“static” ageing. By combining the DSC- and TEP-data of hard drawn wire, the proposed
mechanism of thermally activated cementite decomposition during stage II has been confirmed.
This partial dissolution takes place to continue the decoration of ferrite dislocations. The
decoration process has started during stage I of ageing by diffusion of interstitially dissolved
carbon in the ferrite to dislocations, combined with strain-induced cementite decomposition.

The observation of the loss of interfacial soundness with the atomic force microprobe is
another strong argument in favour of the proposed temperature-induced cementite dissolution in
which carbon atoms of the cementite are attracted to dislocations in the ferrite-cementite
interface.
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INTERFACIAL DIFFUSION EFFECTS AND NON-STABILITY OF
DISPERSE LAYERED STRUCTURES

L. N. PARITSKAYA AND V. V. BOGDANOV
Department of Crystal Physics, Kharkov State University, 310077 Kharkov, Ukraine

ABSTRACT

The kinetics and atomic mechanism of the low temperature phase formation and accompa-
nying effects in disperse multilayered structures of the binary systems Ni: — Cr and Ni— Al
have been studied under the conditions when volume diffusion is practically "frozen”.

INTRODUCTION

One of the basic problems that has to be solved for practical applications of disperse layered
materials is the thermal stability of their layered structure. The high energy stored in such
structures provides the driving forces for recovery and recrystallization processes. If layered
object consists of two or more components the important factors determining the structure
stability are evolution of phase composition and distribution of components and phases.
These factors depend on the regularities of diffusion and diffusional processes which are
governed by the high density of structural defects especially interfaces.

Our purpose in this paper is the investigation of the role of interfaces in diffusion processes
that result in formation of new phases, changes in phase composition , phase redistribution
and structure evolution which accompanies the phase formation process.

EXPERIMENT

The objects under investigation have been important for practical purposes binary metallic
systems with different types of phase diagrams: N7 — Cr with unipolar limited solubility of
Crin Ni and Ni — Al with intermetallics. The studied samples were mechanically alloyed
powder mixtures (N7 — 18at%Cr and Ni — 50at%Al) subjected to short (¢ ~ 1h) pulsed
mechanical treatment. As a result we have obtained crystallites of sizes of the order of
hundred microns with a disperse lamellar structure (Fig. 1).

Ni — 18at%Cr powder mixture.

The thickness h of alternating (A-B-A-B...) layers was (1 —5) - 10~"m. The layers consisted
of the structural elements of sizes £ ~ 10~%m, which were determined by X-ray analysis
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from widening of the diffraction maxima. The analysis of the diffraction maxima has shown
that the used regime of mechanical treatment did not lead to amorphization and new phase
formation.

Using the method of optical and scanning electron microscopy, X-ray microprobe and phase
analysis we investigated the evolution of phase composition and structure as well as the
changes in the local elementary composition during isothermal annealings at T =~ (0.3 —
0.5)Ty, (Ti - melting temperature of N¢ for system Ni— Cr or of intermetallics NiAl which
is the main phase that has been formed in the system Ni — Al). From the evolution of the
diffraction maxima from the multilayered Ni — Cr crystallites after the successive stages of
isothermal annealing we determined the kinetic dependencies of the average C'r concentration
c.(t) in the formed solutions and their volume part x(t). In the multilayered samples of
the system Ni — Al the separate intermetallics NiAl inclusions elongated along the layers
are formed during the isothermal annealings (Fig.2)

Fig. 2 Typical microphotographs of the disperse multilayered mechanically alloyed mixture
Ni — 50at%Al after successive stages of isothermal annealing at T=623 K; a - t=%, b -
t=25 h.

In this case from the evolution of the diffraction maxima we determined the phase composi-
tion, calculated the volume part x(t) of the intermetallics using integral intensities of close
diffraction lines of the phase NiAl (112) and pure Ni (311) and measured mean transverse
and longitudinal sizes of inclusions £; and £ and their density &N per m?. Averaging was
made over 200 inclusions measured on the area of 108 m?. Typical kinetic dependencies

#(t) and TN are shown in Fig. 3
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Fig. 3 Typical kinetic dependencies of x(t) (a) and TN (¢) for multilayered structures of
N7 — 50at% Al at T=623 K.
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RESULTS OF THE EXPERIMENTS AND DISCUSSION

The main peculiarities of the diffusion effects obtained with the disperse multilayered samples
are as follows:

1. New phase formation is occurring at the temperatures several hundreds degrees less
than in massive objects, i.e. under the conditions when lattice diffusion is practically
"frozen”.

2. Inthe case of the solid formation (system Ni—Cr) we observed the kinetic dependencies
Zc.(t) of different types (Fig. 4) up to anomalous one when &g, (t)decreases with time
(Fig. 4b). This is on the contrary to the usual case with the formation of solutions
under the diffusion along the stationary boundaries with a penetration into the volume
when concentration increases.

3. On the kinetic curves «(t) (Fig. 4 a,b) two stages of phase formation process are clearly
seen which differ in the rate of & increase in the course of time: in the first stage up
to t ~ 1h the volume of new phases grows rapidly; in the second stage (¢ > 1h) dr/dt
decreases with time. For a long time & < 1; it means that solutions like intermetallics
are formed in "spots”.

4, In multilayered objects the formation of solid solutions is accompanied by a decay of
lamellar structure and its transformation into a disperse isomeric one.
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Fig. 4 Kinetic dependencies of ¢¢,(t) and «(¢) for multilayered structures of Ni — 18at%Cr
at different temperatures: a- T=773 K, b- T=873 K.

The observed peculiarities of phase formation are typical for low temperature diffusion pro-
cess governed by migrating boundaries according to the mechanism of diffusion induced grain
boundary migration (DIGM) [1]. Let us discuss low temperature phase formation (LTPF)
process with the example of the disperse layered structure of Ni—Cr system as in the Ni— Al
system like in any system with intermetallics phase formation process could be limited by
nucleation of a new phase but not by diffusion process itself. At T' ~ 0.4T,, (773K) the
volume diffusion coefficient Dy of C'r in Ni is Dy =~ 10~2*m?s~! could provide the penetra-
tion of diffusing atoms during the time t ~ 10%s at a distance (Dyt)/? = 3-107Pm, i.e.
interatomic distance. From Fig. 4 it follows that under these conditions the solutions with
a high mean concentration &g, =~ 0.22 are formed which volume part is & > 0.1. It is clear
that this could not be a result of an accelerated diffusion along the stationary boundaries
with a penetration into the volume. Therefore we can suppose that the observed solution
formation is carried out by migrating boundaries in the following scheme (Fig. 5): atoms A
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{Cr) and B(N:) diffuse along the grain boundary in opposite directions which induces the
migration of the boundary with a normal velocity v, such that migrating boundary leaves
atoms A in the lattice B behind itself.

Fig. 5 a- The scheme of solution for-
mation by DIGM mechanism (Az -

q boundary shift induced by interdiffu-
sion of atom A and B); b- variation
of step density at the boundary sides
changing the migration direction in dif-
ferent regions of the boundary.

In order to estimate the conditions necessary for the phase formation by migrating boundaries
we consider in [2] interdiffusion process of the atoms A and B along a semiinfinite grain
boundary of a general type with different step densities p; on its sides (Fig. 5). At low
temperatures, when the penetration of atoms A into the volume B is neglected atoms A sink
at the boundary steps of B and preferably are captured by them on one of the boundary
side because of different step densities. The normal velocity v, of boundary migration is
determined by the flux of atoms B from the opposite side across the boundary. As the
chemical potentials of atoms A and B in the solution are lower than in the pure components,
atoms A and B mix at the steps and form the layers of solution on one side of the boundary.
As a result the boundary migrates to the opposite side leaving the new layers of the solution
behind itself. For such atomic mechanism of DIGM we obtained v, in the following form [2]:

v, = BpNowp[p2 — p1(1 — )], (1)

where fp is the kinetic coefficient of the steps characterizing the embedding rate of atom B
in steps; Ng - two dimensional boundary density of atomic positions; wp - atomic volume of
B; p1 and p; - step densities on both boundary sides; ¢ = ¢(y) - concentration distribution
of atoms A in the solution formed in the vicinity of the boundary; y - coordinate along the
boundary. According to [2] ¢(y) has the following form:

efy) = coexp(~1), @)

where ¢ is the solution concentration at y = 0, Ay = [(Da — D5)/(84 — Bg)p1)]/* - charac-
teristic length determining the extent of the diffusion zone where solid solution is formed by
the migrating boundary; D4 and Dp - partial grain boundary diffusion coefficients of atoms
A and B.

From Egs. (1), (2) both the criteria and direction of boundary migration under DIGM
and the reason why the different places of one boundary migrate in different directions are
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clearified. The latter is caused by the dependence of DIGM velocity v, on the density of
steps at different sides of the boundary. The boundary migrates to those of its sides where
the step density is higher as the expression in the square brackets in (1) should be positive.
Correspondently, the solid solution is formed on the opposite side (Fig. 5b).

Due to (2) the necessary condition for the phase formation by migrating boundary is that
the length A of the boundary must be small compared to the diffusion length Xy If A < X
a constant concentration along the entire boundary is established and behind the migrating
boundary a solution with a constant concentration will be formed in the volume (but"dif-
ferent from that within the boundary). Thus if solutions are formed behind the migrating
boundary without volume diffusion their concentration can be practically unchanged with
time and the volume part of the solutions are less than 1 (Fig. 4a). However, with the
increase of the temperature and annealing time and correspondently of the volume diffusion
contribution (the value (Dyt)(/?increases) the initially formed regions ("spots”) of the solu-
tions with sufficiently high concentrations can spread with time and the mean concentration
of the solutions will somewhat decrease (Fig. 4 b).

Thus, the observed peculiarities of the kinetic dependencies Z¢r(t) and «(t) (Fig. 4) demon-
strate that the solutions form by mechanism of diffusion along migrating boundaries. This
mechanism is confirmed also by the observed phenomenon of the lamellar structure decay.
We propose the following model of this phenomenon (Fig. 6).

[ I
N/ e

a 6
Fig.6 The scheme of layered structure decay: a - the solution region (cross-hatched) formed

as a result of migration of two adjacent grain boundaries toward each other; b- evolution of
the lamellar structure element leading to layer decay.

4Vn

The migration of the two adjacent grain boundaries in Ni towards one another has resulted
in a region of Cr solution formed in Ni by the above described mechanism of interdiffusion of
Cr and Ni along the grain boundaries. If we consider an element of the structure where the
region of the solution is located between two grains of Ni (Fig. 6a), we can see that further
evolution of this element is possible only by interdiffusion of Ni and Cr along the interfaces
between the layers: Ni diffuses from Ni-grains and Cr diffuses in the opposite direction.
This leads to the migration of convex regions of the interface ”Cr-solution” towards C'r and
concave ones " Ni-solution” towards each other (Fig. 6b). In both cases solutions of Cr
in Ni are formed. The components are redistributed near the interface ” Ni-solution” at a
distance about ). This distance determines the characteristic dimension of the structure
element being formed.

The observed decay of the layered structure could be caused by two different forces: capillary
AG.p =~ oifh (o - specific interface free energy), i.e. Laplace pressure; and chemical
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AGy, ~ kT (cos — €)?Jwel, (cos - initial diffusant concentration in the diffusion source, € -
mean solution concentration), i.e. the specific free energy decrease due to solution formation
from the initial components. Comparison of their values (at cgs ~ 1, e~ 0.2, 0, ~¥1Jm
2and h=5-107"m AGy, ~ 108 J m™3 and AG.p = 1087 m“s) shows that the observed
decay of the layered structure is caused by the chemical force as AGey/AG ey ~ 102, As
the decay of the layered structure takes place in the process of solution formation and is
induced by the diffusion along the interfaces it can be called diffusion induced decay. This
phenomenon leads to the loss of stability or degradation of the lamellar structure at low
temperature solution formation.

CONCLUSIONS

The following conclusions can be drawn from the investigations of the interfacial diffusion
effects in the disperse layered structures of Ni — Cr and Nz — Al systems.

1. We discovered the low temperature (T = (0.3—0.5)T,,) formation of the solid solutions
Cr in N1 and intermetallics NiAl in the material volume when the volume diffusion is
practically "frozen”.

2. The low temperature solution formation is accompanied by the decay of the disperse
layered structure and its transformation into an isomeric one.

3. On the basis of analysis of LTPF kinetics and peculiarities of the layered structure
decay we suggested the atomic mechanism of this process consisting of interdiffusion
along migrating interfaces.

4. The normal velocity v, of migrating interfaces has been calculated and it depends on
the interface structure determined by the densities of the atomic steps on the different
sides of the interface. The proposed model clarifies the criteria and the main peculiar-
ities of LTPF and also the mechanism of the lamellar structure decay caused by the
interdiffusion along the interfaces and thus called "diffusion induced decay”.

We emphasize the practical importance of this phenomenon leading to non-stability of lay-
ered structure at LTPF and the necessity of accounting for it when creating multilayered
functional materials.
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YIELD STRESS OF NANO- AND MICRO- MULTILAYERS

P. M. HAZZLEDINE and S.I. RAO
UES Inc., 4401 Dayton-Xenia Road, Dayton. OH 45432

ABSTRACT

An outline theory is given for the strengthening in polycrystalline and ‘single crystal’ multilayers.
The model is based on the Hall-Petch theory applied to both the soft mode (in plane) and hard
mode (cross plane) of deformation. In this theory the parameters to be evaluated are a Taylor factor

M, the shear stress 1, to move a dislocation within a multilayer and t*, the shear stress needed to
push a dislocation over a grain or interphase boundary. All three parameters are material-specific

and attention is focussed on coherent multilayers of y TiAl with micron thick layers and Cu-Ni with
nanometer thick layers. M and some components of 1* are estimated classically. The remaining
components of T* and some components of 1, are estimated from embedded atom simulations. The

model captures the main experimental facts, that y TiAl is plastically very anisotropic with a rising
yield stress as the lamellar thickness is refined and that Cu-Ni displays a peak in the yield stress at
a layer thickness of approximately 10nm.

INTRODUCTION

The Hall-Petch equation between the yield stress ¢ and the grain size d is generally written 6 = g,
+Kd'? with 6, and K taken to be constants. In multilayers, however, K is a function of d and
both d and o, are directional. These dependancies may give rise to strong plastic anisotropy.

GEOMETRY OF DEFORMATION IN MULTILAYERS

Fig. 1 illustrates the geometrical constraint imposed by multilayers on the shapes of the slip planes.

In Fig. 1(a) a single crystal multilayer is being compressed perpendicular to the layers (¢ = 90°).
Slip or twinning must occur in extremely elongated slip zones, with widths close to h, the layer
thickness. Dislocations must overcome closely spaced interface barriers before general yield can
occur. Most coherent multilayers deform in this ‘hard mode’ but, if the slip plane happens to
coincide with the layer plane, Fig. 1(b) a ‘soft mode’ operates when ¢ is close to neither 0° nor

90°. In y TiAl the slip plane does coincide with the layer plane and in CuNj, it does in certain
circumstances. In the soft mode the size of the slip zones and hence the yield strength is determined
by the grain size (called ‘domain size’ in TiAl).

* /

=
\ii
|

(@) )
Figure 1 (a) Elongated pile ups in the hard mode (b) Equiaxed pile ups in the soft mode
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HALL-PETCH THEORY

When the soft mode is operating, the slip zones are equiaxed and, assuming that sources operate in
the centers of the zones, the dislocations pile up at the boundaries. The dislocations in the pile ups

are approximately circular. The leading dislocation experiences a concentrated stress T* and yield
occurs when T* is sufficient to move the dislocation across the interfacial barrier. The tensile yield
stress ¢ is then [1,2,3]

o =M({1, + [(Z‘V)RT*Gb/(Z(I_V)d)]1/2 0

Where M is a Taylor factor, 7, is the shear stress to move a dislocation through a single crystal of

the layer material, v is Poisson’s ratio, G is the shear modulus and b the Burgers vector.
When the hard mode is operating, the slip zones are such elongated shapes that the elliptical
dislocations become almost like straight dislocations piled up at the interfaces. In this limit, the
yield stress is controlled by the smaller dimension of the slip zone h and it may be written:

o = M{t, + [41*Gb/orh] '} )

Where o is 1 for screw dislocations and (1 - v) for edge dislocations.

As pointed out by Yamaguchi and Umakoshi [4] the main origin of the plastic anisotropy in ¥ TiAl
lies in the difference between the yield stresses of the soft mode (eq.1) and the hard mode (eq.2),
in particular that M in eq.1 is generally smaller than M in eq. 2 and that d >> h. More subtle effects

are caused by the barrier strengths T* not being the same in egs. 1 and 2 and by the fact that the T,
values need not be the same when different types of dislocations (super, perfect, twin) operate in
soft and hard modes [5].

Because of the geometry of the specimens available, nanomultilayers are invariably tested in the

hard mode (either in tension with ¢ = 0° or by indentation with ¢ = 90°) and eq. (2) is appropriate.
A soft mode, in which shear displacements occur in the plane of the layers, may exist but it has not
been reported.

APPLICATION TO PST Ti-Al

Polysynthetically twinned TiAl is a semi-coherent multilayer in which the layer thickness is
typically 1um. Within each layer, the y (L1, structure) grains are also separated by semi-coherent

interfaces, the grain (or domain) size being typically 40um. A fraction of the layers retains the o,
(hexagonal) structure and this fraction depends on the processing conditions. In the theory we

assume, for simplicity, that the PST multilayer is entirely composed of y grains.

Soft mode yield.

The three parameters to be calculated and inserted into eq.1 are the Taylor factor M, the critical

resolved shear stress T, and the barrier strength 7*. In the soft mode, individual layers can shear
without constraining their neighbors so M is the inverse of the Schmid factor for the most favored
deformation mode.Its value may be calculated precisely and it varies with orientation in the range
2.0 to 3.0. Critical resolved shear stresses have been calculated [6](by embedded atom simulation
methods) for perfect <110]/2 dislocations and for superdislocations <101] at OK but not for
twinning Shockley dislocations. For perfect dislocations, T, depends on dislocation character, in

the range 40MPa to 250MPa and for superdislocations, the T, values range from 25MPa to
120MPa. These may be compared with experimental measurements at 300K [5,7] which show that
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twinning, perfect and super dislocations operate in that order but with approximately the same
CRSS of about 50MPa.

The calculation of T* presents much greater difficulty than the calculations of either M or 1, because

there is a spectrum of values of T*. Since the domains are rotated relative to each other by multiples
of 60°, there are three physically distinct domain boundaries: 60°, 120° and 180°. Within each
domain the strain may be carried by twin dislocations, perfect dislocations or superdisiocations. If
the strain is carried by one kind of dislocation in one domain it is often carried by another kind of
dislocation in the next domain. In principle, T* should be calculated for each pair of dislocations
interacting at each type of boundary. In addition to this proliferation of T* values, there are at least

three physically different contributions to T : the presence of mismatch dislocations at the
interfaces, caused by the tetragonality of L1, the small change in Burgers vector, also caused by
tetragonality and the gross change in Burgers vector across an interface caused by the
crystallography of L.1_.

The three contributions to T* may be estimated as follows: At 60° and 120° (but not 180°)
interfaces mismatch dislocations, spaced by s, exist to relax the internal stresses. These act as
forest obstacles to dislocations passing the interface and an estimate of their contribution to t* is
Gb/2s. Since s is V2a/(c/a - 1) where a and ¢ are the unit cell dimensions, T* is approximately
0.003G for twin dislocations, 0.005G for perfect dislocations and 0.01G for superdislocations.
The second contribution to T* comes from the fact that a perfect dislocation has Burgers vector
a2 whereas a superpartial has Burgers vector (a? + ¢%)"%/2. When a perfect dislocation crosses
either a 60° or a 120" interface to become a superpartial, it must increase its energy and this makes
a contribution to T* of G(b/w)(c/a - 1) where w is the interface width. Putting w equal to 20b and
c/ato 1.02, T is found to be small, 0.001G. The third contribution to T* , from gross changes in b
across an interface has only been calculated in the case of a perfect dislocation transforming into a
superpartial dislocation at 60° and 120° interfaces and consequently dragging an antiphase
boundary (APB). The value for T* is then /b or 0.03G when the APB energy v is given the
calculated value of 0.51 Jm™ [8]. Atomistic simulations of this interaction show that an intrinsic
stacking fault rather than an APB may form and that T* may be higher than 0.03G. The
dislocations most affected by large changes in Burgers vector as they cross an interface are
twinning dislocations because there is no interface across which the twin Burgers vector is
continuous or nearly continuous. Consequently a twin in one domain must always trigger either a
different twin or a glide dislocation in the next domain. The contribution to T* from this effect has
not been calculated, although it is clearly large. 180° interfaces appear to be transparent to both
perfect and super dislocations, for these dislocations at twin boundaries, T* = 0.

For any combination of dislocation and boundary type, T* may, as a first approximation, be taken
as the sum of the individual contributions because a mobile dislocation (the leader in the pile up)
has to overcome all the contributions to the barrier simultaneously. The overall response of the
solid is then controlled by some weighted average of the total T* values. This may be estimated, for
example, by assuming that half the strain is carried by superdislocations, and a quarter each by
perfect dislocations and by twins (there are two super, one perfect and one twin Burgers vector on
each slip plane). If the three types of boundary, 60°, 120° and 180° are equally abundant, then the
weighted average value of T* is close to 0.01G which, using eq. 1, gives a Hall-Petch slope of
about 0.39 MPavm, which is a little higher than the experimental value [9], 0.25+- 0.1 MPaVm.

The best estimates which can be made of the parameters in eq. 1 are M = 2.0 to 3.0, depending on
orientation, T, = 50 MPa, 7* = 0.01G and values close to these provide a good fit [10] with
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experimental data. However, twinning has been almost ignored in the theory. One further effect
which should be included in a full theory is that there are two additional potentially very soft
modes, basal slip in o, layers and interface sliding between the vy layers. Neither o, layers nor
interfacial sliding (the ‘supersoft mode’) should suffer much Hall-Petch hardening because, for

them, d>>50pm.
Hard mode vield

In the hard mode, the values of T, in y TiAl are identical to those in the soft mode but both M and
T* are higher. On the face of it, the Hall-Petch slope in the hard mode (eq. 2) is smaller than that in

the soft mode (eq. 1) by a factor of [(2-v)am®/8(1-v)]"> = 1.4 to 1.8 but the increases in M and t*
more than compensate for this factor with the result that the Hall-Petch slope is higher in the hard
mode than in the soft mode.

The Taylor factor M should take account of the fact that individual layers must deform in a
compatible manner in the hard mode. No calculation has been made of this effect but an estimate
for M can be made by assuming that they deform identically. For example, if a specimen were

deformed perpendicular to the layers (¢ = 90% the Schmid factors for all the glide systems are the
same, 2/3\/6, and an estimate for the Taylor factor is then 3V6/2 =3.7.

Calculations of T* in the hard mode include the fact that all the interfacial obstacles which are

present in the soft mode (interface dislocations, changes in Burgers vectors) are also present in the
hard mode but there are also additional obstacles caused by the non-continuity of the slip planes in
the hard mode. It is also found in EAM simulations that dislocations tend to spread their cores into
the interfaces, thereby lowering their energy there. The work required to reconstrict them makes a

further contribution to T* of uncertain magnitude [11].

The discontinuities in the slip planes are of two kinds: across 60° and 180° layer interfaces, the slip
planes are twin related and consequently they bend through an angle of 39°. Across a 120°
interface there is a small tilt caused by the tetragonality. The latter effect provides a weak obstacle,
equivalent to placing jogs spaced at intervals of 2b/(c/a - 1) on the crossing dislocations. The
estimated contribution to 7* is 0.001G. The bend in the slip plane at 60° and 180° interfaces would
appear to be a strong obstacle to most dislocations since it requires a large change in the Burgers
vector at the interface. The single exception is a screw perfect dislocation crossing a 180° interface
which is merely required to cross slip, a comparatively easy process in TiAl

Since every interface is a barrier to every kind of dislocation in the hard mode and since T* contains
all the soft mode contributions as well as some more in the hard mode, its value must be higher in
the hard mode than in the soft. Averaging in the same way as in the soft mode, and ignoring those
contributions which have not been quantified, an estimate for 7* of 0.015G is reached. Using this
value and an M value of 3.7, the hard mode Hall-Petch slope is found to be 0.55MPaVm, again a
little higher than the experimental value of 0.45+-0.1 MPavm [9]. A possible reason why both the
theoretical Hall-Petch slopes are higher than the experimental values could be that the deformation
mode is selected which has a low, rather than an average, yield stress.

Using values of M = 3.7, 1, = 50MPa and 7* = 0.015G, a reasonable fit is achieved with
experimental hard mode yield stresses in PST TiAl. However a full theory should take account of

the presence of o, layers which deform by prism slip when ¢ is close to 0° and by pyramidat slip
when ¢ is close to 90° [5].
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APPLICATION TO Cu-Ni MULTILAYERS

Nano multilayers, such as Cu-Ni, are always tested in the hard mode, so eq. 2 is appropriate. In
that equation, M varies between 2 and 4 depending on the type of test and the crystallography of

the epitaxial layers, T, is very low since both Cu and Ni are soft metals and T* is a function of layer
thickness. The interface strength has three components: ¥ caused by the difference in Burgers
vector between Cu and Ni, T*, caused by the bowing between the interface dislocations and t*, the

Koehler stress, caused by the fact that Cu and Ni have different shear moduli. T*y is positive at Cu
to Ni interfaces and negative at Ni to Cu interfaces and does not vary strongly with the layer

spacing (expressed here as a wavelength A, the sum of the Cu and Ni layer thicknesses).

The Koehler stress was originally calculated by elasticity theory [12] and has recently been
calculated by the embedded atom method [13]. Both calculations give a result close t0 0.01G in

Cu-Ni. In the coherent (low A) region T*, is the only component in T but in the semicoherent
region, the interface barriers become stronger as the density of interface dislocations rises. The

components T*, and T*, depend on A in the same way which may be calculated as follows: Since
the lattice parameters of Cu and Ni differ (by da), both metals strain (Cu in biaxial compression, Ni

in biaxial tension) and since their elastic constants are similar, the two strains are similar,+- /2.
The remaining mismatch is taken up by interface dislocations with spacing s such that

b/s = 8a/a - €. As Frank and van der Merwe [14] showed, the energy is minimised when the

elastic strain € is approximately b/ so long as A is above the coherence limit A, ( A, = ab/da and is
close to 10nm in Cu-Ni). In very thin layers, the mismatch is all taken up elastically. In the

semicoherent region, therefore, the barrier strength T may be approximated by

TF = T% + 7%, + 7% = 0.01G + G(da/a - b/A)(1/2 + 2b/w) 3)

and this may be inserted into eq. 2 to give the yield stress. A similar expression could be used for
o when A < A_except that, in Cu-Ni, A reaches another critical length first, the length at which a

layer contains only one dislocation in its pile up. In this case (A < 20nm) the yield stress when
single dislocations cross Cu to Ni interfaces is

c=M[1,+1*] @

The calculated values of the yield stress as a function of wavelength [13] from eqs. 2 or 4 are
compared with experiment in Fig. 2. The model captures the main features of the experimental

results: at A > 100nm the yield stress follows the normal Hall-Petch equation, with slope K =

0.25MPavm. When A = 1um there are 10 dislocations in a pile up. As A decreases, the number of
dislocations N drops and the discrete nature of the dislocations in the pile up becomes

increasingly important until, at A = 20nm, the yield stress peaks when N = 1. Below this
wavelength dislocations cross interfaces singly. The yield stress drops sharply between A = 20nm

and A, =, = 10nm as the density of the mismatch dislocations falls. At A = 10nm the interfaces
become coherent and for smaller wavelengths than this, according to the current theory, the yield
stress is constant at the tensile Koehler stress. The behavior in the coherent region has not been
much explored theoretically but it seems that the main obstacles for the dislocations to overcome
are the operation of the source (probably in a Ni layer) and the first Cu to Ni barrier encountered as

the dislocation loop expands. The yield stress must drop sharply as A drops below 10nm because,
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when A becomes very small, say < Inm, the multilayer has become a superlattice and a typical
value for the yield stress of such an ordered alloy is low, 0.1GPa.
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Figure 2. Yield stress versus log wavelength for Cu-Ni. Full line is the theory (egs. 2,3,4).
Numbers are experimental measurements taken from the literature, see [13] for details.

CONCLUSIONS

The Hall-Petch theory can be used to describe the yield stresses of both micro- and nano-
multilayers. Because of the geometry of the layers, the strength is anisotropic. The theory does not
predict a simple d"? dependence on grain size when the strengths of the interfaces depend on the
layer thicknesses. The theory is far from being fully quantitative; particular candidates for future
work are (1) to replace classical estimates of barrier strengths by atomistic calculations and (2) to
simulate the operation of dislocation sources in fully coherent multilayers.
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MICROMECHANICS OF DEFORMATION AND FRACTURE IN LOW
SYMMETRY LAYERED MATERIALS

Bimal K. Kad, Ming Dao and Robert J. Asaro
Department of Applied Mechanics and Engineering Sciences
University of California-San Diego, La Jolla, CA 92093-0411

Abstract

Deformation microstructures in y-TiAl + apTi3Al based low symmetry layered materials,
with fully lamellar (FL) microstructures, have been simulated using micro-mechanical methods.
In this particular effort we embed the specific contributions of scale and temperature dependent
plastic anisotropies of individual colonies of Poly Synthetically Twinned (PST) lamellar TiAl and
demonstrate their effect on overall deformation and fracture response.

1. Introduction

Recently, an effort has been made to apply finite element procedures [1], incorporating
physically based crystal plasticity models [1-6], to study the evolution of non-uniform
deformation in TiAl based polycrystalline alloys of engineering development interest [3]. The
impetus for such efforts is to gather fundamental insight into microstructure sensitive
deformation mechanisms, and to extract additional information, that is nominally not obtainable
from traditional mechanical property measurements. In lamellar TiAl alloys, such an effort is
particularly desirable to help track various aspects of plastic anisotropy of single crystals (i.e.,

strength, failure strain etc.), and the contribution of micro-constituents (y-grain vs lamellar
colony volume fraction) as implicit in polycrystalline aggregates.

The microstructural deformation inhomogeneity in polycrystal lamellar TiAl, for a fixed level
of soft vs hard-mode plastic anisotropy, was explored earlier [3]. However, this anisotropy is
variable, and extremely processing dependent. In this paper, we illustrate the contribution of this
single PST crystal anisotropy to the deformation response of the polycrystal aggregate.

2. Mechanical & Microstructural Details

The lamellar geometry is comprised of flat slabs of a,-Ti3Al and y-TiAl with an HCP-FCC
type orientation relationship as (0001)oz |f {111}y and <11Z0>a; || <1T0>y in a given colony.
Ti-(48-50)at%Al alloys initially solidify as disordered o-hep, which upon cooling undergo solid
state transformations o->y and op->y yielding the laminate morphology. The unique orientation
of the basal plane normal in the parent a-hcp phase determines the eventual orientation of the flat
slabs in the polycrystalline aggregate.

In the single PST laminate form, y-TiAl is the softer phase and an orientation dependent flow
anisotropy is derived particularly from the laminate geometry where shear deformation parallel to
the slabs (soft mode) is easier than across the slabs (hard mode) owing to the difficulty of
propagating slip through the harder ay-phase [7], Figure 1. In lamellar single crystals, the most
prominent deformation modes are: i} Soft-mode: lamella oriented about 459 to the loading axis.
Deformation occurs in the soft y-phase with deformation vectors parallel to the lamellar interface,
and ii) Hard-mode: lamella oriented perpendicular to the loading axis. Maximum constraint
exerted by the ay phase is the stress required (terss=910MPa, [7]) to activate the <11Z6>{11Z1}
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pyramidal slip. In particular, the hard-mode strengths are strongly scale (i.e. lamellar thickness)
and composition dependent, figure 1(b), and can be varied by processing or imposing different
cooling rates on alloys cooled from the a-phase field, and is the specific problem addressed here.
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2. Theoretical & Microstructural Details

Single crystal constitutive law: The single crystal constitutive law, in its current form, is
developed by Asaro and his coworkers [1-6]. The total deformation gradient is decomposed into
plastic (FP), thermal (F9) and lattice parts (F*), i.e., if u is the displacement vector and X is the
material position vector with respect to the reference (undeformed state) then F = I+ du/0X, and
F=F*+«FO.FP e

Plastic deformation occurs by the flow of the material through the lattice, via simple shearing,
across planes with unit normals mg, and in directions s¢; mg and s¢ are crystallographic slip
plane normal and slip direction, respectively and the symbol a designates the specific stip
system. If y is the shear rate on the otk slip system and FP is the plastic part of the
deformation gradient, the value of F¥ is given by the path dependent integration of equation (2):

FPeFPl= 3 4 samq @)

The kinetic laws governing the rate of shear on a particular slip system have the general form:
Y o =folstress state, material state, temperature) 3)

The kinetic description of plasticity on each slip system, as a particular case of (3), is cast in
terms of the Joading parameter 75 and the slip rate on that system as

1
=2 asgn{ra}{;%}m )

where 14 is the current value of the resolved shear stress, 2 is the loading parameter for slip,
g > 0 is the current value of the slip system hardness, and m is the material rate sensitivity
exponent (which will, in the examples described herein, be taken the same for each slip system),
and a is the reference shear rate and sgn( ) is the sign of the quantity. t, is derived primarily
from the resolved shear stress on that slip system aleng with minor contributions from non-

Schmid effects. This generalized stress which acts to load a slip system is given as

0 =Tt T= mg T e S Mat T (5)

142



where  is the Kirchhoff stress tensor, and 1 is the tensor of non-Schmid effects for slip
system a. s, is along the ah slip direction in the current configuration and m,, is normal to the
ath slip plane.

The slip system hardness g, is obtained by the path dependent integration of the evolution
equation

6= gl + €20, 1, = [ T|y M ©6)
ﬁ a

where haﬁ is a matrix of hardening moduli, gg is the rate of change of slip system hardness with
respect to temperature alone, and ¥, is the accumnulated sum of stips. The initial condition for this
evolution is given by go(Ya = 0, 0 = 8,) = ga(0o) Where 8, is the initial temperature.

This constitutive theory has been implemented into our finite element code, specific details of
which are available elsewhere [1,3]. In the present paper we only deal with isothermal
deformations without non-Schmid effects.

Input configuration for 2-D FEM idealization: Complete three dimensional finite element
polycrystal analyses require large amounts of computer memory and CPU time. Fortunately
much progress can be made using two dimensional models, as demonstrated earlier {1]. In the 2-
dimensional y+a; composite formulation, the ascribed slip geometry is based on the y+a)
composite mixture, figure 2(a). Thus, the soft mode (s|, my), is ascribed to the y-TiAl phase,
the hard modes (s, m3) and (s3, m3), are ascribed to the a-Ti3Al phase. In both cases of two
dimensional configurations, the lamellar normals are configured to lie in-plane and only in-plane
slip vectors are considered. These are arranged in an non-equilateral triangle, figure 2(b), and the
reference crystal base vectors a; are aligned with the crystal lattice as shown in figure 2(c).
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Figure 2. a) <t0T0>ay || <11Z>y projection indicating the two dimensional input slip
systems; soft mode derived from shear in y-TiAl parallel to the laminates and hard mode
from the <11Z6> {1121} pyramidal slip system constraint imposed by the harder a-
Ti3Al phase, b Final construction of the slip-system morphology for the 2-D model, and
¢) Embedding the 2-D slip geometry into the single crystal lamellar morphology.
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The reference configuration of the two dimensional polycrystal microstructure to be analyzed
is shown in figure 3, where the Cartesian base vectors describe the orientation of the
polycrystal's reference configuration with respect to the laboratory. Each of the 27 grains (or
single PST crystals) is defined by an orthogonal transformation a;" =yij(y")ej, n =1 to 27,
where y” is one of the angles y shown in figure 2(b). The finite element mesh used in the
polycrystal calculations consists initially of rectangular "crossed-triangle™ quadrilateral elements
in a uniform grid 40 rectangles wide by 56 rectangles high, which is 8960 constant strain
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triangles totally. All the "continuum grain boundaries” in this polycrystal model coincide with
either an edge or a diagonal of a quadrilateral element, i.e. with an edge of a constant strain
triangle. The polycrystal's initial reference configuration is assumed to be stress free and without
any lattice perturbations. Therefore, no lattice distortion and residual stress caused by lattice
distortion near grain boundary are included. Each grain boundary is a line across which the initial
lattice orientation y” has a jump. All simulation runs are loaded in e; direction, figure 3.

The PST single crystal (colony) data for
two-phase ap+y fully lamellar alloys is
obtained for tension [7], and at varying lamella
thickness [9].

Terss (soft) = g7 =50 MPa,
87/3y (soft) =hyy = 150MPa
Terss (hard) = g4 = g4 = 600, 900, 1200 MPa
87/8y (hard) = hy2 =h33 = 1500MPa,
The tensile deformation is simulated at 10-3sec-
I strain rate, consistent with the strain rates
applied in quasi static tests. The reference
shearing rate is 10-3sec!, and the material
strain rate sensitivity exponent m=0.005.

Cap X

A\/—Xlz HO

Isotropic elasticity is assumed with N
2=69.7GPa and p=71.4GPa. A simple linear o
hardening is taken with hjj=0 (i#)). Figure 3. Random polycrystal configuration

3. Results and Discussion

Flow Stress Behavior: Figure 4 shows the
computed stress strain behavior for the two-
dimensional model microstructure, for an
input soft vs. hard-mode plastic anisotropy
of 12, 18, and 24. and is typical of the 400 TiAl Polyorystal Tensile Test
experimentally observed plastic behavior in
lamellar microstructures, as shown in figure
1(b). Matching in the elastic regime is poor coor
on account of the limited initial constraints in
the two dimensional polycrystal, but despite
the two dimensional idealization, the single
crystal properties input parameters predict the

7001

500t

3001

Engincering Stress (MPs)
N
5

polycrystalline response with reasonable 200} A: Soft Mode CRSS = S0MPa, Hurd Mode CRSS = 300MPz |
. . B: Soft Mode CRSS = 50MPa, Hard Mode CRSS = 600MPa

accuracy, and the underlying deformation 100 C: Soft Mode CRSS = S0MPa, Hard Mode CRSS = 900MPa |

mechanisms are Well Captured. Note that D: Soft Mode CRSS = 50MPa, Hard Mode CRSS = 1200MPa

while the model is scale independent’ these 00005 01 005 007 003 003 0035 UOoT 0045 00S

input parameters can be scaled to account Enghnecting Striin

for scale effects of grain size and lamella )

thickness changes as reported elsewhere [3] Figure 4. Computed stress-strain curves for

the idealized FL microstructure of figure 3.

Strain Accumulations: The accumulated strains at aggregate tensile strains of 2.5% are shown
for a plastic anisotropy of 12 (Tsoft-mode=30MPa, Thard-mode =600MPa), figure 5(a), and 24
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(Tsoft-mode=30MPa, Thard-mode=1200MPa), figure 5(b), respectively. The magnitude, and
distribution pattern, of accumulated strain localizations are essentially identical in the two
microstructures. This derives from the fact that the deformation strains are largely contributed by
the soft-mode operative in this 2-D microstructure. Since Tsoft-mode=30MPa is kept fixed
(analogous to a fixed colony/grain size) we have essentially identical strain distributions. In a
given polycrystal microstructure, regions of gross inhomogenous deformation, both between and
within grains are immediately obvious. Maximum localized strains on the order of 40% are
computed at or near the grain boundaries as illustrated between crystal pairs 1-6, 7-13, 16-21,
19-25 in figure 5(a), and experimentally observed [3]. The triple point between crystals 12, 13,
and 18 constitutes strain localization of #25%. Significant inhomogeneities are also observed
within the bulk of crystals 3, 4, 5, 12, 13, 16, 26, 27, with transition zones from roughly 0%
strain to >20% strain. Within a given crystal, the strain anisotropies are both parallel (in crystals
6, 8, 24) and perpendicular (in crystals 12, 13, 25, 26) to the laminates. As discussed in the next
section, strain localizations parallel to the soft mode yield lower hydrostatic stress components,
whereas strain localizations across the plate require activation of hard mode slip systems, or
cutting of the o plates and are considered as being additional constraining events requiring
higher stress buildups, and presumably affecting fracture response.

A peculiar characteristics of the crystals is their response to the varying nature of constraint at
its boundaries. For example, in crystals 12, 13 (both oriented in the soft mode) large portion of
the crystals do not deform as they are constrained by their neighbors. Additionally, in crystal 7,
while the bulk of the crystal does not deform, some small deformations are indeed observed very
close to the boundaries to comply with its more readily deformable neighbors. The orientation
dependent single crystal deformation behavior is thus collectively affected by its neighbors,
which in essence raises the flow stress.

0.366
0.340
0.314
0.288
0.261
0.235
0.209
0.183
0.157
2 0131
~0.105
L0078
0.052
0.026
0.000

a)

Figure 5. Computed strain accumulations (at 2.5% macroscopic strain) in FL microstructure
for a) Tsoft-mode=50MPa, Thard-mode=600MPa, b) Tsoft-mode=S0MPa, Thard-mode=1200MPa

Hydrostatic Stresses: Hydrostatic stresses developed in the fully lamellar microstructures
(corresponding to strain accumulations shown in figure 5) at 2.5% aggregate strain are shown
for plastic anisotropy of 12 (Tsofi-mode=50MPa, Thard-mode=0600MPa), figure 6(a), and 24 (Tsoft-
mode=30MPa, Thard-mode=1200MPa), figure 6(b) respectively. For ease of viewing, only
hydrostatic stresses > 1000MPa are plotted and, the distributions are scaled with respect to peak
stresses computed for the Tsofi-mode=50MPa, Thard-mode=1200MPa input data-set (i.e., plastic
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anisotropy of 24). As described previously 3], the largest values of hydrostatic stresses, far
exceeding the experimentally observed fracture stress, are encountered at the boundaries and
triple points. The hydrostatic stresses arise from a large accumulation of strain, especially those
accumulations that activate hard mode slip. For Thard-mode/Tsoft-mode=12, figure 6(a), the peak
stress is 1815MPa, and only a minute volume fraction of the microstructure experiences stresses
> 1000MPa, whereas for Thard-mode/Tsoft-mode=24, figure 6(b), the peak stress is *2800MPa,
and a significant volume fraction of the microstructure experiences stresses > 1000MPa. It was
shown earlier [3] that the presence of large hydrostatic stresses at these boundaries provides
nucleation sites for fracture of debonding/decohesion type. In the present case, increasing the
level of plastic anisotropy (while holding Tsofi-mode fixed at S0MPa) puts the microstructure at
greater risk of possible crack initiation and failure. These trends are expected to account for both
scale and positive temperature dependent plastic anisotropies as shown in figure 1.

Hydro
2800.00
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2285.71
2157.14
2028.57
1900.00
1771.43
1642.86
{ 1514.29
© 1385.71
1257.14
112857
1000.00

a) b)
Figure 6. Localization of hydrostatic stresses >1000MPa in FL alloys with soft vs hard-mode
anisotropy of a) 12, and b) 24. Both (a) and (b) are scaled with respect to the peak hydrostatic
stress (=2800MPa) generated in (b), thereby yielding comparative site and distribution details.

4. Summary and Conclusions

Increasing the hard-mode plastic anisotropy (analogous to decreasing lamella spacings),
while keeping the soft mode fixed (analogous to fixed colony/grain size) has a small effect on the
ensuing strain distributions, but a significant effect on the magnitude of peak hydrostatic stresses
and stress-distributions. Fracture initiation events are expected to be enhanced with this scale
and/or temperature dependent plastic anisotropy.
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ABSTRACT

We propose an athermal strengthening mechanism for high-temperature structural materials
in which large coherency strains are built in to a layered structure in order to prevent dislocation
mulitplication mechanism from functioning. A practical model system is provided by
semiconductor strained-layer superlattices of InGaAs grown on InP. We report results from high-
resolution X-ray diffraction and from direct tensile testing which provide evidence for athermal
strengthening. A discussion of methods of micro-mechanical testing is also included.

INTRODUCTION

High elastic yield strength together with plasticity to absorb energy before fracture are the
objects of research on strong structural materials or composites. Strategies include the control of
dislocation movement in a relatively soft phase by the introduction of obstacles which may be
small (as in precipitation hardening alloys) or extended (as in the platelets of cementite in steel)
[1]. It has also been proposed that strengthening could be achieved by the introduction of
interfaces between soft phases with a significant change in elastic constants [2]. If, additionally,
high strength is required at high service temperature, it is necessary that the blocking mechanism
should continue to operate at high fractions of the melting points of the constituent phases [3].
In this paper, we propose a new method for athermal strengthening of a microstructure, consisting
of interfaces between layers which have high values of coherency strain. This approach could
operate right up to the melting point. We propose that the very highly developed crystal growth
and processing techniques for semiconductors make them an ideal model system in which to test
concepts such as this, and we present preliminary data which show that athermal strengthening
due to coherency strain is a real effect.

It is straightforward to grow by molecular-beam epitaxy layers of alloy semiconductor crystal
from Inm thick up to several microns with layer thicknesses and interface flatness accurate to
a few &ngstroms. Coherency strains up to about 1.5% are readily obtained by changing the alloy
composition so as to change the misfit between the lattice constant of the alloy layer and the
lattice constant of the crystal wafer used as a substrate. Such layers are thermodynamically stable
and retain the full misfit strain if they are grown with less than a critical strain, related to the
thickness by critical thickness theory (reviewed by Fitzgerald [4]). For our purposes it is
sufficient to note that the critical strain is given approximately by

e, = m )
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where # is the thickness of the layer. We previously studied the behaviour of layers grown above
critical thickness {5, 6]. The key points to retain here are that high-quality layers grown under
compression do not relax—they do not undergo plastic deformation—until a thickness several
times critical thickness, and then they follow the relationship

e(h) = ﬁlii“l )

This behaviour was quite surprising, and indeed it still remains controversial.

The semiconductor layers obeying Eqn.2 were grown at temperatures between 350°C and
650°C, the latter being well over half their melting-points [6]. Even at much higher temperatures
they retain a large fraction of the strain of Eqn.2 [7]. Bulk semiconductors at these temperatures
support strains only of the order of 104, becoming weaker rapidly with temperature, while
observations of dislocation mobility in strained layers showed the expected thermal activation
(see, e.g. [8]). Thus both the absolute magnitude of the strain-thickness product (of 0.8nm) of
Eqn.2, and its independence of temperature were unexpected.

An explanation was put forward by Beanland [9] in terms of the thickness needed for
dislocation multiplication mechanisms such as spiral or Frank-Read sources to operate. If the
dislocation loops required for these sources cannot extend into the substrate nor beyond the free
surface, the radii of the loops are required to be small (a fraction of the layer thickness) and the
stresses required to drive the source are then high. This model will apply as well to tensile layers
as to compressive, and this suggests that a multilayer structure, rather than a single layer, could
be constructed in which dislocation multiplication in each layer would be confined to that layer
and therefore blocked at any temperature for strains below the value of Eqn.2. If the
independence of each layer could be maintained, such a structure could be made indefinitely thick
and become the basis of the microstructure of a high-temperature high-strength structural material
with a designed elastic yield strength.

EXPERIMENT

Sample Structures

We have investigated these ideas using superlattices 2.5um thick grown by molecular beam
epitaxy (MBE) on InP of alternate compressive and tensile 50nm layers of In,Ga,_,As. The misfit
in each layer to the InP substrate is given in terms of the layer composition as

e(x) = 0.07x (0.53 -x) 3

(tensile for x less than the lattice-match indium content of 0.53). Such structures can be made
with individual layer strains and net strains (averaged over the layers) freely chosen from 0 to
0.015 tensile or compressive. Detection of effects of coherency strain on the structural properties
are made by comparison with 2.5um thick layers of homogeneous alloy of the same average
composition as the superlattices.

High-Resolution X-Ray Diffraction

We started with structures designed to demonstrate the effect in the simplest possible way,
using high-resolution X-ray diffraction (HRXRD). A superlattice was grown with (nominally)
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Figure 1. An HRXRD rocking curve for the superlattice with -0.0026 net (compressive) strain
is shown, together with the predicted rocking curve for the structure (shifted down one decade
for clarity). The fine structure on the experimental curve shows that no significant relaxation
has occurred in this structure. The good agreement between the positions of the principal peaks
in the theoretical and experimental curves and the period of the fringes confirms this, while
the slight differences in fringe peak positions and intensities correspond to trivial differences
between the sample and the model.

€ = —0.008 compressive strained 50nm layers alternating with (nominally) € = +0.004 tensile
strained 50nm layers, to a total thickness of 2.5um. The superlattice has an average strain of -
0.002 (compressive), and a homogeneous layer, also 2.5um thick, was grown with this strain for
comparison. Both the superlattice and the homogeneous layer have a (nominal) strain-thickness
product of 5nm, well in excess of that allowed by Eqn.2. HRXRD rocking curves of these
samples were recorded. The rocking curve of the superlattice shows a wealth of detail (Fig.1)
which demonstrates the high quality of its growth and which is analysed by simulating the curve
with a software package (Bede RADS) which calculates what the structure should give according
to dynamical X-ray scattering theory. The result shows that the structure actually has a net strain
of —0.0026 (more than the nominal value but within growth tolerances), and is completely
unrelaxed. This means that it is actually supporting a strain-thickness product of 6.5nm. In
contrast, the homogeneous layer gave broadened rocking curves characteristic of samples that
have undergone plastic deformation, or relaxation. A full analysis of a set of rocking curves [10].
gave a composition of x = 56.9 and a strain of only -0.0021, significantly relaxed from its misfit
value of -0.0026. Thus the coherency strain has had the effect of increasing the elastic yield
strength of the superlattice, at the growth temperature of 500°C, to at least 320MPa (for a biaxial
modulus of 123GPa). This may be compared with 10MPa for bulk material [12], or with 39MPa
for samples falling on the curve of Eqn.2. The alloy sample lies above the curve of Eqn.2 and
supports 260MPa which may be due to work-hardening during relaxation [5]. But the superlattice
is not relaxed at all and therefore cannot gain its increased strength from work-hardening.
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Micromechanical Structural Testing

To explore the effects of coherency strain further, we have designed two sets of experiments
to measure tensile yield strength as a function of time and temperature, strain and superlattice
period, in superlattices with (nominal) zero net strain. These experiments are in an early stage
and it is largely the techniques which we wish to discuss here. We exploit the selective etches
available in semiconductor technology [11] to remove the InP substrate and leave free-standing
epitaxial layer for micro-mechanical measurements. We have attempted to measure the yield
strength by inducing plastic deformation at elevated temperature (with a nitrogen ambient to
avoid oxidation of the specimens). Two geometries are used. For bulge-testing, a sample is
cemented growth-side down over a 2mm hole in a stainless steel block. A hole about 3mm square
is etched in the substrate; masking with wax leaves a solid frame around the hole. Biaxial tensile
strain can then be imposed by applying vacuum behind the sample. Preliminary results have been
obtained at temperatures from 350° to 450°C. Samples normally fail by fracture or tearing (Fig.2)
at widely scattered applied strains; we find that the superlattices sometimes support much higher
strains than the comparison homogeneous layers, but the results are not yet reproducible.
Problems with this technique include the mode of failure of the samples, and the lifetime of the
cement at elevated temperature (a silicone cement lasts well at 450°C). Furthermore, bulge testing
is liable to introduce artefacts if the initial state of strain of the sample is not accurately known;
while we do measure this routinely by HRXRD the corrections are only approximate and
comparisons between samples not completely rigorous.

InP
substrate

Figure 3. A specimen prepared for beam-
bending experiments by etching away the

Figure 2. A typical sample after failure in
bulge-testing. Note that there are regions in
which brittle fracture (cleaving) appears to
have occured as well as regions where the
fracture is curved.

substrate at one end, leaving a straight free-
standing beam approximately 1.5mm long by
Imm wide and 2.5um thick. The epitaxial
layer is represented by the heavy line. The
sample is placed in the jig with a stainless
steel weight and the stress in the beam is
increased by rotating the jig towards
horizontal.

The other geometry we are using is a cantilever beam. It is easy to etch away the substrate
50 as to leave a free-standing beam about 1.5Smm long by 1mm wide, cantilevered out from the
substrate (Fig.3). It is necessary to symmetrise the superlattice structure to avoid the beam curling
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up; this has proved feasible (growth tolerances are sufficiently tight) and a typical beam is quite
straight. The beam is then placed on a stainless steel jig in the furnace with weights behind it
(Fig.3), and a controlled stress can then be induced by rotating the jig to bring the beam towards
horizontal. Remarkably, we have been unable to induce plastic deformation even in the
homogeneous alloy beams, at temperatures as high as 600°C. The largest loads we have applied
give a maximum stress of about 200MPa, an order of magnitude above the yield stress of about
10MPa at 600°C [12], yet even after this load has been applied overnight the samples spring back
to their original shape on unloading. We believe that this behaviour may be understood in terms
of the critical strain-thickness product of 0.8nm of Eqn.2. We have shown elsewhere that in a
layer with a varying strain profile €(k), such as a multi-layer or a graded layer, that it is the
average strain times the thickness which is to be used in Eqn.2 {13, 14]. For a radius of curvature
of R and a thickness d the strain at the surface of the beam is
g = = @

)
and the strain-thickness product integrated from the neutral plane to the surface is

2
S=[emdn=Led=22 -078m ©)
4 8 R

where the numerical value is for d = 2.5um and R = lmm corresponding to a surface stress of
about 125MPa.

DISCUSSION

Preliminary results provides three data in support of our proposed mechanism of strength-
ening and the theory of Eqn.1 and 2: (i) The compressive net strain superlattice which did not
relax, (ii) the higher maximum pressures required to fracture the superlattice in the bulge testing;
and (iii) the completely unexpected failure to deform the alloy beams plastically in beam-
bending. Further development of the micro-mechanical testing is required, firstly to obtain a
quantitative measure of the increase in yield stress in the superlattices, and then to find how it
varies with superlattice layer thicknesses and strains.

CONCLUSIONS

The net compressive strain superlattice sample has clearly demonstrated the existence of an
strengthening mechanism due to coherency strain in alternating-strain superlattices. With further
developments in experimental technique for studying stretching and beam bending in epitaxial
films at elevated temperatures, this phenomenon and perhaps other problems in metallurgy can
usefully be studied in semiconductor structures.
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SYNTHESIS AND MECHANICAL PROPERTIES OF NIOBIUM FILMS
BY ION BEAM ASSISTED DEPOSITION

H. Ji, G. S. Was, and J. W. Jones, University of Michigan, Ann Arbor, MI 48109
ABSTRACT

Mechanical properties of niobium thin films are studied by controlling the microstructure,
texture and residual stress of the films using ion beam assisted deposition (IBAD). Niobium
films were deposited onto (100) Si substrates and their microstructure, texture and residual stress
were measured as a function of ion energy and R ratio (ion to atom arrival rate ratio). The grain
sizes of these films ranged from 20 nm to 40 nm and no effect of ion bombardment was
observed. All the films have strong (110) fiber texture, but the in-plane texture is a strong
function of the incident angle, energy and flux of the ion beam. Results show that while the
degree of the texture increases with increasing ion energy and flux, it is also a strong linear
function of the product of the two. The residual stress of the films was measured by a scanning-
laser reflection technique. As a function of normalized energy, the stress is tensile for En < 30
eV/atom with a maximum of 400 MPa at about 15 eV/atom. It becomes compressive with
increasing normalized energy and saturates at - 400 MPa for En > 50 eV/atom. Both PVD
(physical vapor deposition) and IBAD films have a hardness of about 6 GPa at shallow depth
measured by nanoindentation. The different stress state may be responsible for the 15%
difference on hardness observed between the PVD and IBAD films.

INTRODUCTION

Recently, there has been significant interest in the origins of the interfacial strength of
metal/ceramic systems because of the importance of such interfaces in composites,
microelectronics and multilayer structural materials. The ultimate goal of this project is to control
the interfacial strength of the niobium/aluminum oxide system by controlling the orientation
relationships between the two constituents at the interface. This is achieved by controlling the in-
plane texture of the niobium films by ion bombardment during deposition. Unavoidably,
microstructure, residual stress state and mechanical properties of these films will also be
modified along with the texture modification and need to be fully characterized and understood.
The present work was conducted to serve this purpose.

EXPERIMENT

Niobium films were synthesized in an ultra high vacuum (UHV) chamber by vapor
deposition with simultaneous ion bombardment (IBAD). The base pressure of the chamber is
2x10™" torr. The system consists of two 6 kw electron gun vapor sources with 15 cc hearth and a
3 cm Kaufman ion gun. The rate of the deposition is monitored and controlled by quartz crystal
thickness monitors and the ion beam flux is measured by a Faraday cup. Argon ions were used
for all IBAD films. All substrates were sputter cleaned with a 500 eV Ar* ion beam prior to
deposition. The deposition rate for all samples was 0.5 nm/sec.

The actual thickness was measured using a Dektak profilometer. Rutherford
backscattering spectrometry (RBS) was used to determine the area density and composition of
the films. The oxygen content of these films was detected by nuclear reaction analysis (NRA)
using the '°0(d, p)'’O reaction. The residual stress in the films was measured by a scanning laser
deflection technique. The stress-induced curvature change of the silicon substrate was
determined by the deflection of the laser beam from the sample surface, and the residual stress
was then calculated using Stoney theory [1]. Microstructure of the niobium films was studied by
transmission electron microscopy (TEM) using a JOEL 2000FX. The TEM samples were
prepared by depositing 50 nm niobium films on single crystal sodium chloride substrates. The
film was then removed by dissolving the substrate in water. Texture of the niobium films was

153
Mat. Res. Soc. Symp. Proc. Vol. 434 ©® 1996 Materials Research Society



characterized by Schulz's x-ray pole figure method. Using Cug, radiation, intensity of (110) and

(200) Bragg diffraction peaks was measured at 26 = 38.2° and 26 = 55.1°, respectively, over a
range from substrate normal to 70° from normal. Hardness was measured by nanoindentation
using the Nano Indenter® II (Nano Instruments, Inc.). The experiments were conducted in the
displacement control mode from 50 nm to 1 pm.

RESULTS AND DISCUSSION

Microstructure and Composition

The niobium films were crystalline under all deposition conditions. The PVD film exhibited
a fine grain structure with grain sizes ranging from 20 nm to 40 nm. Similar microstructure and
grain size distribution were found for the IBAD film deposited at E = 1000 ¢V and R = 0.4 (Fig.
1). The extra energy introduced by ion bombardment was not sufficient to move the
microstructure of the films out of zone I in the structure diagram [2] because of the high melting
temperature for niobium (2468 °C). The grain size of the films was in good agreement with the
work of Grovenor [2], who found that the grain sizes for various metals deposited at low
homologous temperatures ranged from 5 nm to 20 nm and were independent of the temperature.
The PVD sample had azimuthally symmetric diffraction pattern indicating a random distribution
of grain orientations. The IBAD sample, on the other hand, showed preferred orientations in the
film with intensity minimum and maximum.

(A (B)

Figure 1. TEM micrographs and SAD patterns for (A) PVD Nb film, and (B)
IBAD Nb film deposited at 1000 eV, R = 0.4.

The compositions of the films were measured by RBS and oxygen content was
determined by NRA. No impurity other than oxygen and argon was found in the films. The
oxygen level for films deposited under all conditions was less than 1 at% and no significant
difference was observed between PVD film and IBAD films. The "sputter cleaning" effect due to
the preferential sputtering of oxygen is only effective for higher oxygen level. The argon in the
IBAD films was incorporated by the Ar+ ion bombardment and was found to increase with
increasing normalized energy of the ion beam. The maximum argon level was about 6 at% and
occurred in IBAD films with normalized energy equal to 400 eV/atom.
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Texture

Table I summarizes the deposition conditions for the samples used for texture study. The
ion beam incident angle for all the IBAD samples was 50° relative to the substrate surface
normal. Fig. 2 shows the (110) and (200) pole figures for niobium films deposited on (100)
silicon substrates under two different conditions: (A) PVD, and (B) IBAD at E = 1000 eV, R =
0.4. It should be noted that the projection of the ion beam direction is at 0° azimuthal angle. Both
samples have (110) fiber texture indicated by the intensity maximum at the center of the (110)
pole figures. As expected, a second maximum should appear at a tilt angle of 60° (30° ring). For
Sample (A), the uniform distribution of the intensity on this 30° ring indicates an azimuthally
random distribution of grain orientation . The (200) pole figure of sample (A) confirmed the
absence of an in-plane texture. On the other hand, both (110) and (200) pole figures for sample
(B) show strong in-plane texture in the film as noted by the distinct intensity maxima at preferred
azimuthal directions. The angular relationship of these poles matches with the crystallographic
structure of niobium. Furthermore, the (200) pole is parallel to the ion beam incident direction.
The same result was also found in niobium films deposited on amorphous glass under the same
condition (1000 eV, R=0.4) implying that there is no substrate effect in this case.

Table I. IBAD Deposition Conditions of Various Samples Used for Pole Figure

Sample Substrate Beam Energy R ratio Normalized Film Thickness
1D (eV) . Energy (eV/atom) (nm)
1 (100) Silicon 0 0 0 490
2 (100) Silicon 250 0.1 25 691
3 (100) Silicon 500 0.1 50 737
4 (100) Silicon 500 0.4 200 562
5 (100) Silicon 1000 0.4 400 828
6 Glass 1000 0.4 400 828

Figure 2. (110) and (200)
pole figures for (A) PVD
Nb films, and (B) IBAD
Nb films deposited at
1000 eV, R = 04 on
(100) Si substrates.
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For b.c.c. films like niobium, (110) fiber texture is generally observed with the close
packed planes parallel to the surface of the substrate to minimize the surface energy. However,
the in-plane texture modification is solely due to the ion beam bombardment during deposition.
Among the different possible mechanisms [3,4,5], we believe that the process is controlled by
sputtering. Grains with the channeling directions aligned with the ion beam direction have a
lower sputtering rate and will grow preferentially compared to the other grains. In order to
obtain the desired in-plane texture without disturbing the (110) fiber texture, the ion beam
incident angle has to be carefully chosen. We chosed 50° for the beam incident angle based on
the niobium crystal structure and our system configuration. With the (100) channeling direction
aligned with the beam, the (110) in-plane direction is parallel to the ion beam projection on the
substrate. To measure the degree of in-plane texture, we introduce a quantity D (intensity ratio):

D=1, /17
where 128; is the average intensity of the four (110) poles on the 30° ring and 1% is the intensity

of the center (110) pole. Fig. 3 shows a linear relationship between intensity ratio and the
normalized energy. Since sputtering rate is linearly proportional to both the R ratio and the ion
energy within the range used in this work, this result is consistent with the sputtering mechanism.
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increasing ion bombardment.
Residual Stress

While the in-plane texture of the films is effectively controlled by ion bombardment
during deposition, the development of residual stress in the films is also dependent on deposition
conditions. Residual stress was measured in the niobium films of thickness 200 nm by a laser
deflection technique. As shown in Fig. 4, the residual stress in the niobium films is consistent
with the behavior commonly observed in other b.c.c. metal films [6,7]. As a function of the
normalized energy ( Ey = E x R)) the stress was tensile ( 224 MPa) at E, = 0 and increased to a
maximum of about 400 MPa at E, = 15 eV/atom. The stress then decreased in the compressive
direction with increasing normalized energy, and eventually became compressive at about 30
eV/atom, saturating at about -400 MPa for Ey, > 50 eV/atom.
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Several mechanisms have been proposed to explain the intrinsic residual stress formation
in the films with ion bombardment. Among these are structural relaxation, densification, grain
growth and phase changes creating a tensile stress, and thermal spike, atom peening, recoil
implantation and trapped bombardment gas for compressive stress formation[8]. However, none
of these models individually can explain this common behavior of the b.c.c. metal films. So far,
the only explanation is based on a combination of film purification and defect formation by ion
bombardment [6]. The impurity (mainly oxygen) level for the previous works in these metals
(Nb, W and Mo) are more than 10 at% and decrease significantly with normalized energy. The
oxygen level in the niobium films in this work is less than 1 at% and is independent of ion
bombardment rate. This is in contradiction with the film purification model for residual stress

control. Further work is needed to understand the mechanism of residual stress formation in these
metals.

Mechanical Properties

Hardness of PVD and IBAD (1000 eV, R = 0.4) niobjum films deposited on (100) Si was
measured by nanoindentation using a Nanoll with a Berkovich indenter. The same measurement
was also performed on the Si (100) substrate and bulk polycrystalline niobium with a grain size
of 30 um (Fig. 5). Both films have hardness value around 6 GPa at shallow depth. According to
the Tabor relation [9], H=3.2 Y, we estimate a yield strength of 1.87 GPa for both samples. The
high yield strength in thin films is a result of both fine grain size and small thickness. The
thickness of the PVD sample is 490 nm and 828 nm for the IBAD (1000 eV, R=0.4) film. The
measured hardness increases and approaches the substrate hardness with increasing indent
depth. Except for the result at 50 nm, the IBAD film has a higher hardness than the PVD film.
This could not be caused by the different thickness of the films since the thinner PVD film
should show a higher hardness. Neither is there strong evidence of microstructural difference that
is responsible. However, the different residual stress in those films could in part be responsible
for the difference in hardness. The presence of biaxial tension in the film should result in a
measured hardness that is less than the true value. Likewise, biaxial compression should increase
the measured hardness[10]. We observed a 15% increase in hardness from tensile PVD films to
compressive IBAD films.
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SUMMARY

Ion beam assisted deposition was used to control the texture of niobium films. Although
all films have (110) fiber texture, the in-plane texture is controlled by the ion bombardment. The
degree of texture is strongly dependent on the ion beam incident angle, ion energy and ion to
atom arrival rate ratio (R ratio). The linear increase of degree of texture with increasing ion
energy and R ratio supports the sputtering mechanism. Residual stress in these films were also
modified by the ion bombardment and is strongly dependent on the ion beam conditions. As a
function of normalized energy, the residual stress is tensile for E; < 30 eV/atom with a maximum
of 400 MPa at about 15 eV/atom. It then becomes compressive with increasing normalized
energy and saturates at -400 MPa for E, > 50 eV/atom. The mechanism(s) that controls the stress
formation in these films under ion bombardment is still not clear. There is no effect of ion
bombardment with ion energy up to 1000 eV and R ratio to 0.4 on the microstructure of the
niobium films. Both the PVD and IBAD films have grain sizes ranging from 20 nm to 40 nm.
Hardness measurement shows little effect of ion bombardment. Both PVD and IBAD have a
hardness of about 6 GPa at shallow depth. The different stress state may be responsible for the
15% difference on hardness observed between the PVD and IBAD films.
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OROWAN-BASED DEFORMATION
MODEL FOR LAYERED METALLIC MATERIALS
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Department of Materials Science and Engineering, The Ohio State University, 116 W. 19th
Ave., Columbus, OH 43210-1179

ABSTRACT

An Orowan-based deformation model for layered metallic materials is presented and
used to calculate the stress-strain behavior for two deformation modes. This model assumes
that layer thicknesses are sufficiently small so that single rather than multiple dislocation pile-
ups form. Deformation then proceeds by increasing the density of single dislocation pile-
ups. Furthermore, it is assumed that the controlling stress for plastic deformation is that to
propagate a tunneling dislocation loop inside an embedded elastic-plastic layer. Initially, the
resolved stress required to propagate an isolated tunneling loop does not depend on whether
the loop shears the layer perpendicular to an interface or stretches it parallel to an interface.
At larger strains, the tunneling arrays become sufficiently dense such that local dislocation
interaction changes the line energy of a tunneling dislocation. As a result, the elastic-plastic
layers may exhibit modest softening when sheared or substantial hardening when stretched.
When the elastic-plastic layers are embedded into a multilayered specimen with alternating
elastic-only layers, no macroscopic strain softening is observed. However, the predicted
macroscopic stress-strain curves for stretching and shearing are significantly different in their
dependence on layer thickness.

INTRODUCTION

Interest in the mechanical properties of multilayer thin films has been prompted by
observed enhancements in yield and fracture stress [1-5]. Several models have been
proposed to help understand the reported variation in strength, which increases to a peak or a
plateau when the bilayer thickness of two-phase samples is reduced to the order of tens of
nanometers. These models focus on the stress required for a critical deformation event in
order to understand strengths at different bilayer thicknesses. However, our investigation of
the tensile response of a silver/nickel multilayered sample with a nominal bilayer wavelength
of 930 A suggests that there are regimes of deformation which are not understood or modeled
simply by a single critical event. In particular, the same fracture surface of a silver/nickel
specimen shows some regions (Figure 1a) that still have a distinct layer morphology, while
other regions (Figure 1b) reveal no individual layers with an appearance similar to cavity
rupture in a ductile monolithic matrix. Clearly, Figure 1(b) is consistent with extensive co-
deformation of layers while Figure 1(a) is the result of deformation that is confined much
more to individual layers.

In order to understand the evolution of deformation and the resulting stress-strain
behavior of multilayered materials, this work adopts an approach by Embury and Hirth [9] in
which deformation proceeds by the propagation of tunneling dislocation loops within a layer.
The layers are considered thin enough so that extended pile-ups do not form. Thus,
continued plastic strain is produced by tunneling of successive loops on other planes. This
approach allows the prediction of stress-strain behavior leading up to failure.
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Figure 1. SEM Fractography (a) Distinct layers visible indicating independent layer
deformation. (b) Layers indistinct with void sizes ranging to several bilayer dimensions.
(c) Layer orientation in micrographs.

Other models, such as those by Lehoczky [1], Rao ef al. [6], and Chu and Barnett
[7], have estimated the stress for dislocation transmission across an interface based on the
Koehler solution for a dislocation near an interface between materials of different moduli.
These models suggest that a change in interface resistance to transmission, either from
interdiffusion or an incoherent-to-coherent transition, may produce the observed peak or
plateau in strength as layer thickness is decreased. Li and Anderson [8] observe a peak in
critical resolved stress for transmission in Cu-Ni layered materials based on a model of small
pile-ups generated from discrete Frank-Read sources in alternating Cu and Ni layers. The
peak occurs because differences in elastic moduli, and hence image effects, cause the
direction of transmission to change from Cu—Ni at larger layer thicknesses to Ni—Cu at
smaller layer thicknesses. Finally, Chu and Barnett [7] predict a peak in tensile stress to
occur if the critical event changes from transmission of dislocations at smaller layer
thicknesses to dislocation tunneling at larger bilayer thicknesses. With the exception of the
Embury and Hirth model, the approaches described consider only an isolated pile-up or
tunneling loop corresponding to initial yielding.

It is clear from the observed fracture surfaces in Fig. 1 that substantial plastic
deformation has occurred so that tunneling loops or pile-ups interact with other loops or pile-
ups in the same or nearby layers. This work extends the approach by Embury and Hirth [9]
by comparing stress-strain curves for in-plane stretching to those for shearing of the layers.
The curves assume that tunneling loops of shear or prismatic character increase in density and
thus, interact more strongly with continued plastic strain. The results predict a large plastic
anisotropy between the stretching and shearing modes due to differences in dislocation line
energies produced by each type of deformation. Future extensions to the model are also
presented.

MODEL CONFIGURATION
Assumed Deformation Mechanism
The proposed model considers a multilayered material with an elastic-plastic phase

(o) and an elastic-only phase (B) of equal volume fraction where the thickness of each layer
type is h. The elastic-plastic phase is assumed to deform plastically by the propagation of
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dislocation loops in a tunneling mode as displayed in Figure 2. Tunneling loops are
expected to propagate by glide on an inclined plane, with the dislocation geometry defined by
the angle 8 subtended by the slip direction, s, and the x-axis normal to the interface. In
general, a glide dislocation may be separated into shearing and stretching components
(bshears Dstretch) = (bcos®, bsinG). The limiting cases of pure shearing and pure stretching
loops are depicted in Figs. 3a and 3b, respectively, where successive loops have expanded
on planes with vertical spacing, A, between them. The pure stretching case shown in Figure
3(b) corresponds to an array of prismatic dislocation loops.

The plastic strain generated in o is inversely proportional to the spacing, A, of
tunneling dislocations according to

'Y(pr = zgaﬁpz(banﬁ+bﬁna)/;\z (1)

where ng (0 = X, y) are components of the normal to the loop plane. Accordingly, the shear
array has (b, by) = (b, 0) and (ny, ny) = (0, 1) so that only the shear strain components nyp
= yyxp = b/A are produced. For the stretching array, (by, by) = (0, b) and (ny, ny) = (0, 1) so
that syyp = b/A is the only component of strain produced.

The corresponding driving force for tunneling is the resolved stress,
Tns = CapNaSp 2
Hence, Tns = Gxy = Oy for the shear case and Tpg = Oyy for the stretching (prismatic) case.

tensile layer
stress

(723

2

dA=b dE

Figure 2. Tunneling mode of dislocation motion where slip occurs on an inclined plane
defined by 8. The Orowan stress for propagation is calculated by equating the energy
expended and released by propagating the loop through a distance dt.




The Orowan Stress and Dislocation Line Energy

The Orowan stress is calculated by equating the energy expended and released by the
tunneling of a dislocation loop as depicted in Figure 2. The energy expended when the loop
advances by an incremental distance, d€, is 2(W/L)dE, where W/L is the line energy of each
dislocation created by the advance. The energy released during the advance is TpgbhdE.
Equating the energy expended and released yields the familiar Orowan stress for propagation
of the loop,

Tns= 2(W/L)/h, 3)

Clearly, the explicit dependence on 1/h has the effect of dramatically increasing the tunneling
stress as layer thickness is decreased. However, W/L depends on both h and A, and the
remaining task is to determine this dependence.

The line energy is calculated from the work, Wsep, to separate two vertical arrays of
oppositely signed dislocations from an initial separation distance of b to a final separation
distance of h. The Cartesian coordinate system (x, y) is attached to the left-hand array, (L),
and the shear or stretch configurations in Fig. 3 are produced by moving the right-hand array
from x = b to x =h. The work expended per dislocation in the right-hand array is written by
arbitrarily choosing an expansion path along y = 0 and equating this to 2(W/L),

W h

Shearing case: Wiep =2 = fc%)(x,y = 0)bdx @
L ishear b

Stretching case: Wsep =2— = joyy (x,y = 0)bdx 5)
Llstretch b

The stress components, G, and o, (L), are those generated by the left-hand array at the
site of a dislocation in the right-hand array. There are no contributions from dislocations in
the right-hand array since all dislocations in that array are displaced simultaneously.

Stress Generated by Dislocation Arrays

The left-hand arrays in the shearing and stretching configurations generate stress
components according to [10]:

Shearing:
oly) = -6,2nX(cosh 21X cos2nY — 1) (6)
Stretching:
o) = —0,[2sinh 2nX(cosh2mX — cos2mY) - 2mX(cosh2nX cos2nY ~1)]  (7)

The normalized positions are defined by X = x/A and Y = y/A.
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Figure 3. (a) Shearing and (b) stretching configurations of dislocation arrays. A is the
dislocation spacing in an array.

Further,
'b
Gy = = P ®)
2X(cosh2nX — cos2rY)

where p' = p/(1-v) depends on the elastic shear modulus | and Poisson's ratio v, and b is
the magnitude of the Burgers vector. For the specific case of Y = 0 considered in eqns. (4)
and (5), the relevant components of stress are given by

'b 2nX
Shearing: cM(XY=0)= B2 1% 2
earing Xy ( ) 2\ cosh2mX -1 ®

_ Wb 2sinh2nX - 27X

. (L) =
Stretching: Oyy (X’Y =0) 2h  cosh2mX —1

(10)

Figure 4 displays important distinguishing features of the stress distribution
produced by the shearing versus stretching configurations. The shearing array produces a
short-range shear stress which decays to nearly zero (L'b/85)) at a distance x = A away from
the array. Alternately, the direct stress Gyy produced by the stretching array decays to a
long-range value of -u'b/A at a distance x"> A. This difference in the long-range stress
produces two important differences between the arrays. Since Wgey in each case is
proportional to the area under the 6(x) curves in Fig. 4, the results suggest that Wgen for the
shearing case increases with A and that the opposite is true for the stretching case. Further,
Wsep for the shearing case is expected to reach an asymptotic value for h > A, but no
asymptotic value is observed for the stretching case. Instead, Wsep grows linearly with h
forh > A.
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Figure 4. () Stress field produced by tilt array and (b) misfit array. A long-range stress
field exists for the misfit array. Line energies are proportional to the area under the curve.

Dislocation Line Energies

The dislocation line energies for the shearing and stretching configurations are
determined by substituting into eqns. (4) and (5) the expressions for 6,,() and 6, (1) given
in eqns. (6) and (7), respectively. The results are

Shearing: WZ/L = ln(sfnh nh/k) - R(Ecoth wh/A - —lzcoth nb/?») an
Wb“/4n sinhmb /A A A

Stretching: V\/2/L = ln(sfnh nh/l) + n(Ecoth Th/A - Ecoth nb/?») 12)
Wwb*/4n sinhtb/ A A A

Figure 5 displays the normalized line energies as a function of layer thickness for the
shearing and stretching configurations. For h << A, corresponding to small strains, the line
energies appear to be independent of the type of configuration and the value of A, but
increase monotonically with layer thickness. For h > A, the two types of configurations
display quite different behavior. In particular, the line energy in the shearing configuration
becomes independent of layer thickness and increases monotonically with A. In contrast, the
line energy in the stretching configuration increases linearly with layer thickness, and
decreases monotonically with A. The line energies in these two limits may be found
analytically from eqns. (9) and (10).

A>>h>>b: WT/L— = IH(E) (13)
wb“/4n b
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Figure 5. Normalized dislocation line energies vs. separation distance for the (a) shearing
and (b) stretching configurations.

Extension from Isolated to Alternating Layer Deformation
The analysis presented may be extended from the isolated deforming layer of o

presented to all alternating layers of o deforming plastically. Accordingly, eqns. (4) and (5)
are still used to determine W/L, but with 6, (1) and 6,,, (1) in the integrands replaced by

G;I;ultip]e(x’y) - 20%)(,( —2nh,0)— 2(5%)(2nh,0) (shearing)

n=—c0 n
n=0 (15)
omeltle(y y) = Eo(y';)(x—znh,O)— ¥,6{,)(2nh,0) (stretching)
n==—co n=—oco
n#0

Figure 6 presents the line energies for the multiple layer cases as a continuous
function of strain for discrete values of h/b. The isolated and multiple layer results are
comparable for the stretching configuration over the range of h and A shown, but in the
shearing configuration, they are comparable only when h >> A. For other ranges, the line
energy in the shearing configuration is lowered significantly by multiple layer plasticity. The
difference arises since the nearest tilt array from the additional layers generates a positive
shear stress along the expansion path. For h >> A, the short-range stress field from this
nearby array decays too quickly to change the line energy significantly.
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Figure 6. Comparison of line energy as a function of strain for the isolated (darker lines) and
multiple (lighter lines) layer deformation modes, for (a) shearing and (b) stretching
configurations.

The multiple layer results are considered to be more realistic and are used to generate
subsequent plots in the manuscript. However, the approximate analytic results from the
isolated layer case will continue to be developed in order to provide some insight to the
analytic behavior. In particular, the line energies in eqns. (13) and (14) may be expressed in
terms of strain by noting that from eqn. (1), b/A = Yxy for the shearing case and that b/A =
Eyy for the stretching case. Accordingly,

W/L h
heP borhyl /b<<1: — = ln(—) (shearing or stretching)  (16)
yy!P oYy wb?/an b & g
1-In2ny? shearin
helyborhyly b1 —o Yy Che®) )
wb*/an  |2mef h/b~In2mefy ~1 (stretching)

An important feature displayed in Fig. 6 and in eqn. (17) is that line energy increases with
strain in the stretching case, but decreases with strain in the shearing case.

Orowan Stress vs. Strain

The Orowan stress to propagate a tunneling dislocation is determined by substituting
the multiple layer line energy results from Fig. 6 into eqn. (3). The most apparent feature in
Fig. 7 is that the tunneling stress to initiate plastic deformation increases dramatically with
decreasing layer thickness. Second, the shearing configuration displays modest strain
softening while the stretching configuration displays substantial hardening. The softening
and hardening in each case are more pronounced at larger layer thickness. The softening in
shear has been reported earlier by Embury and Hirth [9].
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Figure 7. Orowan Stress as a function of plastic strain for the (a) shearing and (b) stretching
configurations.

The principal observation made thus far is the dramatic anisotropy in plastic work
hardening exhibited by this material. The corresponding analytic expressions generated from
the isolated layer analysis are obtained by substituting eqns. (16) and (17) into eqn. (3),

o Y 1 In(h/b) . .
hel borhyP <<y 2L Y "V (shearing, stretchin 18
vy Txy w2 mh/b ( g g) (18)
G 1-In2myP
# = T?ny (shearing)
heby/borhyly /b > 1: H T (19)
Oy 2mef h/b-In2mef, -1 .
— = (stretching)
w 2mh/b

The predictions in Fig. 7 indicate that shear or tensile stresses on the order of (0.005
to 0.03)p’ are required to initiate yield. Thus, the elastic strains produced are comparable to
the magnitude of plastic strains shown. Accordingly, the Orowan stress is presented as a
function of total strain by noting that

c
Yxy = Yoy + —;y- (shearing)
p (20)
e =gk Yy

=gy, + stretchin
WY T au+v) ( &

and taking v = 1/3. The important features displayed in Fig. 8 are the large elastic strain
predicted prior to yielding in each configuration and the dramatic hardening and softening
observed in the shearing and stretching configurations, respectively.
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Figure 8. Orowan Stress as a function of total strain for (a) shear deformation perpendicular to
the layers, and (b) tensile deformation parallel to the layers.

The elastic-plastic o layers may be embedded into a layered composite material of
alternating o and elastic-only (B) layers, to determine macroscopic response of a sample.
The volume fractions and elastic properties of o and [ layers are taken to be equal. An
isostrain approach is used so that the composite stress is simply the average of the stresses in
the o and B layers and the total strain in each layer type is assumed to be equal. The
predictions in Fig. 9 show that neither deformation mode exhibits any softening due to the
addition of the elastic-only phase. However, the elastic-plastic slope for shear deformation
is much smaller than for stretching. A consequence is that the shear stress-strain curves
exhibit a much larger dependence on layer thickness than the stretching stress-strain curves.

DISCUSSION

Several models of mechanical behavior of multilayered thin films focus on a critical
event to interpret hardness and fracture data as a function of bilayer thickness. In contrast,
this work develops the entire stress-strain behavior of a multilayered material, for the special
case that one phase is elastic-plastic while the other phase is impenetrable to dislocations
below some stress level. The model does not account for observed peaks or plateaus in
strength that have been observed as a function of layer thickness in some materials. In fact,
the tunneling stress is predicted to increase monotonically with decreasing layer thickness as
long as the elastic phase is impenetrable to dislocations. Such a peak or plateau can only
occur in this model by permitting the stress for transmission across an interface to vary with
layer thickness.

This stress-strain model extends an analysis of shear deformation perpendicular to
the layers by Embury and Hirth [9] to include tensile (stretching) deformation parallel to the
layers. The layers display strong plastic anisotropy primarily because the line energy of the
trailing segments of a tunneling loop depends on the Burgers vector and local configuration
of surrounding dislocations. A principal result is that the elastic-plastic layers exhibit strain
hardening when stretched in tension, but strain softening when sheared. Even when the
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Figure 9. Multilayer Stress-Strain Predictions for (a) shear deformation perpendicular to
the layer and (b) tensile deformation parallel to the layer. The multilayered sample has
alternating elastic-plastic layers (cr) and elastic-only layers (B) of equal thickness h.

elastic-plastic layer is embedded with alternating elastic-only layers, the stress-strain curves
for shearing depend on layer thickness much more than the corresponding tension curves.

Future modeling efforts are to study the effects of coherency strains, source limited
plasticity in o and P, and the regimes of stress and layer thickness for which tunneling
motion of single pile-up arrays is preferred to multiple dislocation pile-ups.

CONCLUSIONS

The Orowan model presented suggests that multilayered materials have large plastic
anisotropy as a result of differences in dislocation line energies for the arrays formed by
shearing and stretching. This model assumes that the controlling stress is that to propagate a
tunneling dislocation loop through an embedded layer, although it is uncertain whether other
events such as loop nucleation require an even larger stress. Initially, the resolved stress
required to propagate an isolated tunneling loop does not depend on whether the loop shears
the layer perpendicular to an interface or stretches it parallel to an interface. At larger strains,
the tunneling arrays become dense enough so that local dislocation interaction changes the
line energy of a tunneling dislocation. This produces strain softening for shearing
perpendicular to the interface and strain hardening for stretching parallel to the interface.
When the elastic-plastic layers are embedded with alternating elastic-only layers, no
macroscopic strain softening is observed. However, the predicted macroscopic stress-strain
curves change substantially with deformation mode, so that tensile stress-strain curves are
predicted to depend less on layer thickness than shear stress-strain curves.




ACKNOWLEDGMENTS

The authors wish to thank Dr. John P. Hirth of Washington State University for his useful
insight, the Office of Naval Research, contract N00014-91-J-1998, for financial support of
this work, and Dan Jossel of NIST for providing Ag-Ni multilayers used in this study.

REFERENCES

1. S.L.Lehoczky, J. Appl. Phys. 49 (1978).

2. K. Yoshii, K. Takagi, M. Umeno, and H. Kawabe, Metall. Trans. A 15A, 1273
(1984).

3. S. Menezes and D.P. Anderson, J. Electrochem. Soc. 137 (2), 440 (1990).

4. U. Belmersson, S. Todorova, S. A. Barnett, and J.E. Sundgren, J. Appl. Phys. 62

(2), 481 (1987).

S.A. Barnett and M. Shinn, Annu. Rev. Mater. Sci. 24, 481 (1994).

S.I. Rao, P.M. Hazzledine and D.M. Dimiduk, Mat. Res. Soc. Symp. Proc. 362, 67

(1995).

X. Chu and S.A. Barnett, J. Appl. Phys. 77, 4403 (1995).

P.M. Anderson and C. Li, Nanos. Mater. 5 (3), 349 (1995).

J.D. Embury and J.P. Hirth, Acta. Metall. Mater. 42, 2051 (1994).

0. J.P. Hirth and J. Lothe, Theory of Dislocations, 2nd Edn., Wiley, New York (1982)

pp- 733-34.

[e ¥}

— \D 00 ]

170



AN ANALYSIS OF DUCTILE BRITTLE FRACTURE TRANSITION

IN LAYERED COMPOSITES
S.B. BINER
Ames Laboratory, Iowa State University, Ames IA 50011, U.S.A
ABSTRACT

In this study the failure of the ductile layers in laminated composite systems was studied
numerically. The results indicate that similar maximum stress values develop in the ductile
layers as in the fracture test of the same ductile material if the crack tip in the brittle layer is
already at the interface. For nondebonding interfaces brittle behavior of the ductile layers is
dependent upon the extent of the cracks and the fracture characteristic of the brittle layers.

INTRODUCTION

Laminated composites containing ductile reinforcements are currently under development not
only to improve the fracture toughness of inherently brittle intermetallics and ceramics [1-3] but
also to increase the relatively low fracture toughness of metal matrix composite systems [4,5].
The changes in the fracture mode of the ductile layers have been observed in many of the high
temperature composite systems currently under investigation consisting of b.c.c. ductile
reinforcements [3,6]. In this study a detailed FEM analysis of the fracture behavior of the ductile
layers is presented in order to elucidate the conditions leading to brittle fracture (cleavage or
intergranular).

NUMERICAL ANALYSIS

In this study, the growth of colinear cracks perpendicular to the interface of the ductile layer is
analyzed as schematically shown in Fig. 1a. The ductile layer was modeled using a constitutive
relationship that accounts for strength degradation resulting from the nucleation and growth of
micro-voids. The basis for the constitutive model is a flow potential introduced by Gurson [7,8],
in which voids are represented in terms of a single internal variable, f, the void volume fraction :

2

0 = "—;+2f*q,cosh(qzz;’h)-1-qff*z =0 )
0-0 e}

where ¢, is the flow strength of the ductile layer, G is the equivalent stress and G, is the
hydrostatic stress. The parameters ¢, and g, were introduced in order to provide a better
relationship between unit-cell analysis and Eq. 1 [9,10]. Later, the function f was proposed to
account for the effect of rapid void coalescence at failure [11]. Initially f* = £, but at some critical
void fraction, f,, the dependence of fonfis changed. This function is expressed by

f f<f,
fr= fa=fe . N @
fc+—ff_fc<f fo f=f.

The constant £," is the value of f* at zero stress in Eq. 1 (ie., £ =1/q) and f; is the void fraction
at fracture. As f = f; f - fu* and the material loses all stress carrying capacity.
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The increase in void volume fraction f arises from the growth of existing voids and from the
nucleation of new voids. The increase in the void volume fraction due to the nucleation process
is assumed to occur with strain controtled nucleation and follow a normal distribution. Thus, the
rate of void nucleation is specified by

£

P
(f)nuclea!ivn = [LCXP(—%( En )2)]811 3)

sy(2m)!"? Sy

The microscopic effective plastic strain rate € is represented by the power law relation
1

el = 8,{“;(0:6';,)}”‘ )

where m is the strain rate hardening exponent, €, is a reference strain rate and €” is the current
value of the effective plastic strain representing the actual microscopic strain state. The function
g(eP) represents the effective tensile flow stress in a tensile test carried out at strain rate that is
equal to reference strain rate, £,. For a power hardening ductile layer material the function g(e")
is taken to be

P n
8(eP) = GO[EL + l] g0 =0, )
O-()
with strain hardening exponent n, Young’s modulus E and reference stress 6,. The material
parameters for the ductile layer appearing in Eqgs. 4 and 5 were chosen as E = 5000,, v = 0.3,
n=0.1,m= 0.01 and the reference strain rate €,=2x10~. The parameters appearing in Eq. 3
for void nucleation were taken as fy=0.04, sy=0.1, and ex=0.3. For accelerated void growth,
the parameters appearing in Eq. 2 were chosen as f;= 0.25, f.=0.10 and f,” = 1/1.25. Also,
g;=125and g, = q,2 were selected for Eq. 1. In the analysis, the behavior of the crack
containing brittle layers is assumed to be elastic. The thickness ratio of the ductile to the brittle
layers was 0.2. The Young’s modulus of the brittle layers was 1.5 times the modulus of the
ductile layers, and both layers had the same Poisson’s ratio.

Because of the symmetry, only one quarter of the geometry seen in Fig. 1a is analyzed in plane-
strain condition with the FEM mesh shown in Fig. 1b. The crack tip is located at the interface,
and it is modeled with a hole having a radius of 10" of the crack length as shown in Fig. lc. The
element size around the crack tip region was 1.8 x 10 of the crack length; to accommodate this
large difference in element size and preserve the aspect ratio of the elements, in the finite element
discretization the elements were scaled exponentially to the crack tip. There were 1004 nodes
and 932 elements in the model. The axial displacement rate was 5 x €,, and resulting load values
were calculated from the reaction forces. The crack extension is implemented by element vanish
technique, when the f values became greater than the f; value at all integration points.

RESULTS AND DISCUSSION

First, the fracture behavior and void growth kinetics in the material of the ductile layer is
elucidated. To simulate the highly constrained crack growth in the laminated composites, the
fracture behavior of the ductile matrix material is studied in a deeply cracked double edge notch
geometry (DEN) by using the same mesh shown in Fig. 1b. The resulting load and load-line
displacements for this case are summarized in Fig. 2. The evolution of the maximum damage in
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terms of nucleation and growth of voids ahead of the crack tip region is monitored at the third
ring of elements as shown in Fig.1 c¢. The variation of the void volume fraction with axial
displacements at this location is given in Fig. 3. As can be seen from Figs. 2 and 3, the failure of
the elements in the third row and the crack extension took place in the linear region of the load
load-line displacement curve.

The load load-line displacement curve during the fracture process of the ductile layer in the
laminates composite is also given in Fig. 2. Although for both cases the uncracked ligament
were the same, in the case of the composite, larger load levels were required to achieve the same
amount of axial displacement, as seen in Fig. 2. The evolution of maximum damage at the same
location, third ring elements, is also given in Fig. 3. Due to the development of large scale
triaxial stress state for the crack at the interface region, much faster evolution of the void growth
and early crack extension can be seen in the figure.

For these cases, the evolution of the maximum principal stress at the third ring elements up to
first crack extension are summarized in Fig. 4. As can be seen in the composite, the maximum
principal stress increases at a faster rate, later with the development of the plastic zone and faster
damage evolution high stress triaxiallity is reduced and maximum stress values become very
similar to that seen during the fracture process of the ductile material in the DEN specimen.

In the following two simulations, the crack tip location is moved from the interface to the
brittle layer in the amount of 0.034 times the original crack length. For these simulations it is
assumed that the crack extension in the brittle layer occurs with the attainment of a critical stress
Of; its values were chosen as 5 and 10 times the yield strength of the ductile layer. The resulting
load load-displacement curve for the o;= 10G,; also shown in Fig. 2. After the large drop in the
applied load as result of the failure of the brittle ligament, the resulting load load-line
displacement for this case is very similar to the previous case. The evolution of the maximum
principal stress values for these cases, at the third ring elements, up to formation of the first
cracks in the ductile ligament are also shown in Fig. 4. As can be seen, the crack tip is now only
0.034 times the original crack length away from the crack tip, the behavior of the ductile region
is completely elastic and the maximum stress levels increase linearly with axial displacement.
After the failure of the brittle ligament, the maximum stress levels attained are larger than those
seen earlier, and the magnitude increases with the increasing ¢/ Gy ratio. Due to this large
stress elevation, as can be seen from Fig. 3, the void growth occurs very fast causing relaxation
of the stresses very quickly, as seen in Fig. 4.

It is now well established that in order for brittle fracture (cleavage or intergranular) to take
place it is necessary that not only a critical stress should be attained ahead of the crack tip but
this stress level should extend some microstructurally characteristic distance [12]. Considering
the stress relaxation resulting from the void formation, from the results seen in Fig. 4, it appears
that for nondebonding interfaces the brittle behavior of the ductile layer is controlled by the
extent of the cracks in the brittle layers and the fracture strength of the brittle layers.

CONCLUSIONS

In this study the failure of the ductile layers in a laminated composite system was studied by
using a constitutive relationship that accounts for strength degradation resulting from the
nucleation and growth of voids. The results indicate that similar maximum stress vatues develop
in the ductile layers as in the fracture test of the same ductile material if the crack tip is already at
the interface. For nondebonding interfaces, brittle behavior of the ductile layers is dependent
upon the extent of the cracks and the fracture characteristic of the brittle layers.
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RESIDUAL STRESS DISTRIBUTION IN AN AL O,-Ni JOINT
BONDED WITH A COMPOSITE LAYER

X.-L. Wang®, B. H. Rabin?, R. L. Williamson?, H. A. Bruck?, and T. R. Watkins"
Y0ak Ridge National Laboratory, Oak Ridge, TN 37831-6064
JIdaho National Engineering Laboratory, Idaho Falls, ID 83415-2218

ABSTRACT

Neutron diffraction was used to investigate the residual stress distribution in an
axisymmetric AL,O,-Ni joint bonded with a 40 vol%Al,0,-60 vol%Ni composite layer. A series
of measurements was taken along the axis of symmetry through the Al,O, and composite layers.
It is shown that after taking into account the finite neutron diffraction sampling volume, both the
trends and peak values of the experimentally determined strain distribution were in excellent
agreement with calculations of a simple finite element model, where the rule-of-mixtures
approach was used to describe the constitutive behavior of the composite interlayer. In
particular, the predicted steep strain gradient near the interface was confirmed by the
experimental data.

INTRODUCTION

High-strength ceramic-metal joints are being developed for use in a great variety of
industrial applications, ranging from structural components in heat engines to coatings in
electronic devices. However, upon cooling from the fabrication temperature, residual stresses
develop due to the thermal expansion mismatch between the metal and ceramic components.
Moreover, although no experimental evidence has been reported, a tensile stress concentration
was repeatedly predicted by various finite element models to occur near the edges of the ceramic
component close to the interface [1-2]. In some cases, these residual stresses exceed the bond
strength and promote mechanical failure along the ceramic-metal interface. In cases when the
bond is strong, the residual stresses tend to cause fracture in the ceramic. Earlier experimental
studies [3-6], principally by X-ray and neutron diffraction, have shown that the residual stress
distribution in directly bonded ceramic-metal joints is reasonably understood within the frame
work of elasto-plastic finite element calculations.

One approach to reduce the residual stress in ceramic-metal joints is through the use of
functionally graded materials, where materials properties including thermal expansion vary
continuously from one end to the other. A variety of analytical and numerical models have been
developed to understand and optimize the residual stress state in these materials. Due to the
complexity of the microstructures involved and the associated difficulties in describing the
constitutive behavior of the composite layers, simplifying approximations, such as rule-of-
mixtures, are typically used. Critical needs, therefore, exist for experimental verification of these
models before they can be used with confidence for design purposes. In this paper, we report a
neutron diffraction determination of the residual stress distribution in a prototype functionally
graded material and a comparison of the experimental data with the results of a finite element
analysis [2]. The measurements focus on the vicinity of the interface between the ceramic and
composite layers where a steep strain gradient has been predicted.

EXPERIMENTAL DETAILS

The specimen, in the shape of a rod, is a three-layer material, consisting of an Al,O3 layer, a
Ni layer, and a 40 vol% Al203-60 vol% Ni composite interlayer. It was fabricated using powder
processing techniques [7], followed by controlled cooling to room temperature. The specimen
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thus fabricated exhibits sharp interfaces between layers. Micrographs taken from the composite
layer indicate a uniform microstructure with a rather continuous AlpO3 phase. A schematic of
the specimen, along with the dimensions, is shown in Fig. 1.

ORNL-DWG 95M-6382

: SRR,
B S W N | § I . |
z r A: Al,O3 MILLIMETERS

B: 60% Ni - 40% Al,O3
C: Ni
Fig. 1 Schematic of the specimen used for neutron diffraction measurements.

The neutron diffraction measurements were conducted at the High Flux Isotope Reactor of
Oak Ridge National Laboratory using a triple-axis spectrometer operated in the diffractometer
mode. A Be (1 1 0) reflection was used as the monochromator. The take-off angle for the
monochromator was 90° and the incident neutron wavelength was 1.615 A, To facilitate fast
data collection, a position sensitive detector was mounted at the analyzer position of the

spectrometer. Slits of dimensions 0.8x4 mm? and 0.8x30 mm? were inserted before and after the
specimen, which together defined a sampling volume of approximately 2.6 mm?. Radial and

axial strain (g, and ¢,,) distributions were investigated in this study. For each strain component,
a series of measurements was taken along the specimen axis of symmetry through the Al,0, and
composite layers. For the purpose of illustration, the specimen orientation for the measurement

of ¢, is shown in Fig. 2.

In order to observe the predicted steep strain gradient near the interface, high spatial
resolution is essential. In principle, this would require a small sampling volume at the expense
of reduced scattering intensity. Fortunately, earlier neutron diffraction measurements and finite
element modeling studies have demonstrated that in cylindrical ceramic-metal joint systems,
strains along major axes (€, €4, and €,,) are almost constant over half of the radius. This has
permitted the use of narrow but tall slits to obtain reasonable scattering intensity without
sacrificing the spatial resolution in the desirable directions, as illustrated in Fig. 2. To further
improve the ability of detecting the predicted strain gradient, the specimen was over-stepped
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(sampling volume overlapping), with a step size of 0.25 mm, in the vicinity of the interface (see
Fig. 2).

DATA ANALYSIS AND RESULTS

The Al,0, (3 0 0) reflection (26=72.0°) was used for strain determination. The recorded
diffraction profile was fitted to a Gaussian function to yield the position, width, and intensity of
the peak. Strains at a given location were then determined using

g=dth _snb% M
dy sinf
where d is the lattice spacing and 28 the diffraction angle of AL,O, (3 00). d, and 26, are the
corresponding stress-free values.

ORNL-DWG 55M-8458

0 5 10
MILLIMETERS

Fig. 2 Schematic illustrating the orientation of the specimen for axial strain (€,,)
measurements and the overlap of sampling volume to improve the ability of
detecting the predicted strain gradient.
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In general, strains measured with diffraction methods are a superposition of macro- and
microstrains. Since in this study we were solely concerned with the macrostrain distribution
resulting from the thermal expansion mismatch between bonded dissimilar materials, the data
points farthest from the interface were chosen to be zero. In this way, effects of any microstrains
due to the thermal expansion anisotropy within the single phase Al,O, were removed. However,
data in the composite layer still contain a contribution of microstrains from the thermal
expansion mismaich between Al,0, and Ni phases, which is expected to be compressive and of
the order of 10™.

Fig. 3 shows the experimentally determined €, and €, along the axis of symmetry. The
error bars are estimated standard deviations from least-squares fitting of the recorded diffraction
profiles, which in this experiment were dominated by the unfavorable scattering intensity due to
the small sampling volume used.
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Fig. 3 Experimentally determined strain distribution and the results of finite element

modeling along the axis of symmetry for (a) €_ and (b) €,,. The symbols are
experimental data; the solid curves are finite element results which have been
averaged to take into account the finite neutron diffraction sampling volume.
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Within the experimental precision, the experimental data provided evidence of a sharp
strain gradient through the interface. Overall, the magnitudes of the measured strains are quite

small, on the order of 10*. In the Al,O, layer, £_ becomes increasingly compressive as the
interface is approached. The maximum compressive strain is located on the Al,O, side adjacent

to the interface. Upon entering the composite layer, €, changes from compressive to tensile at
approximately 1 mm from the interface. Given the error bars, the experimental data also suggest

that g reaches a tensile maximum in the middle of the composite layer. €, on the other hand,
shows a quite different axial dependence. It is mostly compressive in the Al,O, layer, becoming

tensile only when the interface is approached. Measurements of €, across the interface were not
attempted because in this measurement geometry, an artificial peak shift was anticipated when
the sampling volume was partially buried in the Al,O, layer [8]. This artifact leads to an

apparent strain and adds ambiguity to the determination of €,,.
COMPARISON WITH FINITE ELEMENT MODELING

The finite element model described in Ref. [2] was utilized to evaluate the residual stress
and strain distributions for the specimen measured with neutron diffraction. Spatially uniform
cooling and perfect bonding at materials interface were assumed. Because the specimen remains
axisymmetric during cooling, the model was reduced to two-dimensional computation. Fine
meshing was employed in the vicinity of interfaces and the radial free surface, due to the
expected large stress and strain gradients in these regions. All materials were assumed to be
isotropic. The Al,O, was required to remain elastic, while plasticity was allowed in the Ni and
composite layers. Creep behaviors were not considered in the present model, i.e., materials
response was assumed to be independent of time. Mechanical and thermophysical properties for
the composite layers were assigned using a modified rule-of-mixture approach [9]. Additional
information concerning the general modeling approach, materials properties, and particularly the
rule-of-mixture formation, can be found in Ref. [2]. Numerical solutions were obtained using
the ABAQUS computer program [10].

For comparison, the calculated strain values along the axis of symmetry are also plotted in
Fig. 3 (solid lines). Note that here the numerical results have been averaged to take into account
the finite neutron diffraction sampling volume. As can be seen, the calculations and
experimental data are in excellent agreement in both the trends and peak values. In particular,
the predicted steep strain gradient near the interface was confirmed by the experimental data.

As the finite element results were compared with the experimental data, it became clear
that the finite neutron diffraction sampling volume had to be considered in order to seek
quantitative agreement. In an initial comparison, the numerical results were simply plotted for
the column of elements adjacent to the axis of symmetry. In this case, the magnitudes of
calculated strains were significantly higher than the experimental values, particularly in the
vicinity of the interface Only when the finite element results were averaged over the neutron
diffraction sampling volume, was quantitative agreement realized.

DISCUSSIONS

The present experiment demonstrates that with appropriate experimental arrangement,
strain changes over the range of 1-2 mm can be spatially resolved by neutron diffraction. This
level of spatial resolution is required for mapping the residual stress distribution near the
interface of ceramic-metal joint structures, as was evidenced in this study. Because neutrons are
highly penetrating in most materials, the measurements are non-destructive and, in general, no
special specimen preparation is required.

As stated earlier, the specimen under study is a prototype functionally graded structure and
the experiment was designed to verify the constitutive relationship used for calculating the
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residual stress distribution. The neutron diffraction data show that the modified rule-of-mixtures
approach [9] provides an adequate description of the residual strain distribution along the axis of
symmetry. This gives the confidence of using the model to address key issues in the design of
ceramic-metal joints, For example, controlling of the tensile stress concentration, located near
the edges of the ceramic component close to the interface, is highly desirable. There, the
plasticity in the composite layers is expected to play an important role. Also, the creep behavior
in the metal as well as the composite layers may have to be considered. An experimental
investigation is currently in progress to determine the mechanical and thermophysical properties
of the composite materials containing various amount of AL O, to further verify the accuracy of
the rule-of-mixtures approach used in the model.
Using the present model, it can be shown that by inserting a composite layer between the
Ni and AL, layer, the peak stress values near the interface are reduced. Although the
calculations are made for rod-shaped specimen, the model can be readily adapted to calculate the
- residual stresses in disk-shaped specimens [3] and perhaps in laminated materials as well so long
as there is no atomic diffusion between layers. Because of the limited intensity, the present
mapping system does not yet have sufficient spatial resolution to determine the distribution of
residual stresses in thin laminated materials. However, progress is underway to improve the
instrument so that neutron diffraction data can be collected with a much smaller sampling
volume (hence higher spatial resolution), which will enable direct determination of the residual
stress distribution in laminated materials.
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ABSTRACT

The mechanical properties of intermetallic / metallic microlaminates were studied by
determining the fundamental composite properties that control the fracture behavior: namely, the
stress-displacement functions of the metal layers. Finite element methods were used to model the
stress-displacement function of a constrained metal layer and to examine the effect of constituent
properties, residual stress, offset cracks in adjacent intermetallic layers, and debonding inclusions
in the metal layer. Finally, FEM models representative of four specific microlaminates were
developed and the results were compared to experimentally determined o(u)'s for those
composites. Determining these fundamental composite properties and showing how they control
the mechanical behavior gives insight into the optimum design of this composite system.

INTRODUCTION

The incorporation of ductile metal reinforcements in an intermetallic matrix has been shown to
increase the fracture resistance from that of the matrix. Ligaments of ductile metal left in the wake
of a growing crack plastically deform during crack extension, imparting a closing force on the
crack. The bridging stress - crack opening displacement function, G(u), of these ligaments is a
fundamental composite property, determining the fracture resistance curve[1-3]. o(u) can differ
significantly from uniaxial stress-displacement behavior due to the constraint imposed on the
deforming metal by the intermetallic matrix.

Recent work on a set of intermetallic / metallic microlaminate composites based on Nb3 AI/Nb
and CrpNb/Nb systems has demonstrated considerable toughening imparted by the metal
layers[4,5]. Several methods were used to construct 6(u) functions, including constructions based
on microhardness and confocal/fracture reconstruction and fits to resistance curves based on a
bridging model. The resulting o(u) functions were found to be self consistent, and they could be
used to predict resistance curve behavior in other geometries as well as fracture strengths.

The purpose of this study was to further examine the nature of deformation and fracture of the
ductile layers and to use finite element methods (FEM) to model the effects of various observed
processes on the o(u) behavior.

EXPERIMENT

Fracture surfaces were observed by both scanning electron and confocal microscope. Fracture
reconstruction methods based on the work of Kobayashi[6,7] have been combined with confocal
microscopy (CM) [8] to determine the nature of the fracture process and quantify displacement to
failure in the ductile layers. Quantitative topographical measurements of conjugate surfaces were
obtained by confocal microscopy. By overlaying matching height profiles taken from
corresponding lines on each surface, the point of separation of those surfaces can be recreated.
This recreation provides information about the deformation of the metal layers and about the
cracking patterns in the intermetallic layers.

Both CM and SEM revealed a number of characteristic features associated with deformation
and fracture of the constrained metal layers. These are illustrated schematically in Figure 1 and
included: a) offset cracks, b) slanted cracks, c) splitting cracks in the adjacent intermetallic layers
and d) microvoid growth and coalescence in Nb(Cr) alloy (vs. pure Nb) layers. From CM
reconstruction profiles, measurements were made of crack offset and crack slanting. These
distributions for the four microlaminates are shown in Figure 2. Also shown on these graphs are
the levels of offset and slanting used in the FEM models for these microlaminates.
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Figure 1. FEM cells used to model observed processes, including a) offset cracks, b) slanted
cracks, ¢) splitting cracks in intermetallic layers, and d) microvoid growth and coalescence (mod-
eled as debonding inclusion) in Nb(Cr) alloy (vs. pure Nb) layers.
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Figure 2. Cumulative probability distributions of the crack slant and crack offset measured by
confocal microscopy for a) L9 (Nb,Al / Nb), b) L20 [(Nb,Ti),Al / Nb(Ti,Al)], ¢) L17 [Cr,Nb /
Nb(Cr) / 2pm], and d) L60 [Cr,Nb / Nb(Cr) / 6um].
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Using SEM observations, the mode of metal failure and the extent of intermetallic splitting
were determined for each of the microlaminates. The Nb and the Nb(Ti,Al) layers of the L9 and
L.20 microlaminates failed by deforming to a single ridge. In contrast, the Nb(Cr) layers of the
L17 and L60 microlaminates failed with internal void growth.

The extent of intermetallic cracking was measured from SEM micrographs. Lengths of each
metal layer were measured that corresponded to one of three regions: no intermetallic cracking;
cracking in one intermetallic layer on one side of the fracture surface; or, finally, cracking in two
layers or in one layer on both sides of the fracture surface. The fractions of each region for all of
the microlaminates are listed in Table 1.

Table I
Fractions of metal layers with cracking in adjacent intermetallic layers
One Two
No cracking layer / side layers/sides

L9 1.00 0.00 0.00
L20 0.211 0.542 0.247
L17 0.763 0.196 0.04
L60 0.691 0.282 0.027

ANALYSIS

The ABAQUS® finite element code was used in the modeling of this system[9]. The mesh
used in the FEM model represented a single metal layer surrounded by two intermetallic half
layers. The left and right borders had reflective symmetry, so that the mesh was a cell, repeated to
represent the multilayer geometry.

The effect of certain variables on the stress-displacement function were analyzed. These
included constituent properties, the presence of residual stresses, crack offset in adjacent
intermetallic layers, splitting cracks in the intermetallic layers, and the presence of holes or
inclusions in the metal layers. In addition, specific models that combined the applicable variables
for each microlaminate were studied. A number of two metal layer modeling cells were used for
these to approximately represent the distributions of crack slanting and offset.

Some of the constitutive behavior of the Nb layers is not exactly known. It was parameterized.
Figure 3a shows three stress-strain curves used in the FEM model to determine the effect of the
metal's constitutive behavior on the o(u) function. The stress at 8% strain was kept at a fixed
value, and the hardening exponent, n, was varied. This stress corresponds to the estimated
ultimate tensile strength from microhardness testing reported in the companion paper. The o(u)
predictions are shown in Figure 3b. In each case, Opeak/089 is approximately 3. For the rest of
the modeling, n is set to 0.24, a reported value for niobium[10].

In the microlaminates being modeled, residual stresses are present due to the thermal mismatch
between the metal and the intermetallic. These stresses are compressive in the intermetallic layers
and tensile in the metal layers. The effect of a 500MPa residual stress was modeled. The results
are plotted in Figure 4a. For the rest of the modeling, the residual stresses are present. The effect
of an offset between the cracks in the adjacent intermetallic layers was explored. Figure 4b shows
the effect of a half- and a full-thickness offset on the o(u) curve. Likewise, model predictions
were made for a cell with a splitting crack at the midthickness of one intermetallic layer on one side
of the crack and for a cell with splitting cracks on both sides of the major crack. The predicted
curves are shown in Figure 5a.

The Nb(Cr) layers in the L17 and L60 microlaminates failed by the growth of internal voids.
For this reason, the effect of a debonding inclusion on 6(u) was tested. Figure 5b shows the
effect of a 0.05xthickness radius bound inclusion and for a 0.05xthickness radius hole. Along
with these curves are the functions for inclusions that debond at various interfacial stresses.

185




1 1 1 i N 3 i v
0.05 0.1 0.15 . . 0.4 0.6 0.8
Strain u/t

n=.1 w1 =94 mmees -4

Figure 3. a) Three stress-strain curves used to define the metal layers unconstrained properties
in the FEM model. The stress at 8% strain is fixed and the values for n are varied. b) The
corresponding FEM predictions for constrained metal layers with those properties.
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Figure 4. a) FEM o(u) predictions for a constrained metal layer with and without a residual
stress. b) Predictions for metal layers with varying degrees of offset between cracks in adjacent
intermetallic layers.
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Figure 5. a) FEM o(u) predictions for constrained metal layers with splitting cracks in the
intermetallic layers. b) Predictions for a metal layer with a centered 0.1um hole or rigid inclusjon.
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Figure 6. Solid lines are stress-displacement functions [6(u)] for: a) L9 -- Nb,Al/Nb; b) L20 -
- (Nb,Ti),AUNB(Ti,Al); ¢) L17 -- Cr,Nb/Nb(Cr)/2um; and d) L60 -- Cr,Nb/Nb(Cr)/6pm as
determined by finite element models representative of each microlaminate. In some cases, two or
more model results are averaged together to capture the correct distribution of crack offset and
slanting. Also shown on each figure are ranges of o(u) functions determined by use of a bridging
model fit to experimental data, as explained in a companion paper{4].
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Each of the microlaminates analyzed has a different combination of variables affecting the o(u)
function of the deforming ligaments. For this reason, models specific to each microlaminate were
developed. Models were developed that captured the distribution of crack offset and slanting, the
correct percentage of intermetallic cracking, and the correct metal failure mechanism. The
predictions from each of these models are shown in Figure 6 along with o(u) functions fit to
experimental results by use of a bridging model as described in another paper[4].

CONCLUSIONS

A combination of fracture reconstruction and scanning electron microscopy was used to
develop a finite element model of the constrained deformation of the metal layers of an intermetallic
/ metallic microlaminate composite. The effect of a number of variables on the 6(u) function of the
deforming ligament has been shown. In addition, 6(u) functions determined by a procedure
described by a companion paper were compared to FEM models representative of each
microlaminate. The fracture processes described in this work have an effect on the shape of the
o(u) function. This is important as the shape of this function controls the resistance curve
behavior and fracture strength of these materials. Understanding these relationships provides a
basis for understanding the behavior of these composites and designing structures with optimal
properties.
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ABSTRACT

Carbon nitride/titanium nitride composite coatings have been deposited on Si (100) and
7059 corning glass by in-situ pulsed laser deposition technique. A pulsed laser (A = 248 nm) has
been used to ablate the both pyrolytic graphite and TiN targets. It has been shown that TiN
provides a lattice-matched structural template to seed the growth of carbon nitride crystallites
(W. D. Sproul et. al., Appl. Phys. Lett. Vol. 67, 203-205; 1995). This paper describes the same
approach to grow carbon nitride composite coatings with varying thicknesses of buffer layer and
carbon nitride films at different temperatures and pressures. Our preliminary results show the
superior mechanical properties (hardness and modulii). The films have been characterized by X-
ray diffractometer, SEM, FTIR and Raman spectroscopic techniques.

INTRODUCTION

Ever since the theoretical study of Liu and Cohen [1] indicated the possible existence of
superhard B-phase carbon nitride (B-CsNy), many attempts have been made to synthesize this
hypothetical material by various techniques {2-5]. These B-CsN, materials have attracted the
attention of various investigators worldwide due to their inserting characteristics and wide
range of applications, such as cutting tools, wear resistance, and barrier against corrosion.
However, no one has successful in preparing crystalline thin films of B-C;N, phase. Recently,
W. D. Sproul et. al. [6] has reported the formation of CNy/TiN coatings using dual-cathode
magnetron sputtering. The TiN provides a lattice-matched structural template to seed the
growth of carbon nitride crystallites. The pulsed laser deposition (PLD) technique has proven
to be one of the best technique to deposit excellent quality of TiN films on Si(100) and metal
substrates [7-8]. This paper also describes the same approach to carbon nitride composite
coatings with varying thickness of buffer layers of TiN and CN; films at different processing
conditions by PLD method. Mechanical properties of thin films, such as film cohesiveness and
bonding to the substrate, are influenced by film stresses which are characteristic to the
deposition condition. This paper presents the detailed evaluation of mechanical properties by
nanoindentation method of composite CNy films prepared under a wide range of conditions by
PLD technique.

EXPERIMENTAL

The deposition of the films was carried out in a recently dedicated "Laser Processing of
Materials" research laboratory at the University of South Alabama. The detailed description
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about the deposition system is described somewhere else [9]. The carbon nitride films were
deposited on Si (100) substrates at 100°C with varying partial pressure (50 mTorr to 300
mTorr) in N, environments. Composite carbon nitride/titanium nitride coatings were deposited
on Si (100) substrates. For depositing composite CN, coatings, TiN films were first deposited
as a buffer layer at 600°C [8] in high vacuum on Si (100) substrates at 10 Jem?®. After
depositing 3000 A thick TiN films, the graphite target was ablated at an energy density of 3
J/cm?. The thickness of CN; was 6000 A. In one sample , the thickness of both TiN and CNx
was increased to investigate the effects of mechanical properties of the composite films. The
films were characterized by FTIR to analyze the bonding between carbon and nitrogen. The
mechanical properties such as hardness and Young’s modulus of these films were determined
using the Nanoindenter. Microstructural features of these films were investigated to understand
the effects of the processing parameters to correlate with the mechanical properties. The
carbon-nitrogen bonding characteristics of the films were studied using FTIR spectroscopy.

RESULTS

The IR absorption band of the CN, band is shown in Figure 1. Their locations were
listed and compared with the published data in literature. The IR band was observed in the
range between 2300 cm” and 2400 cm™ , which is attributed to the stretching mode of C=N
bonding. Figure 2 shows the band of the composite CNy films deposited on Si (100). Here, we
also find the IR bands in the range of 2300 cm™ and 2400 cm™ . The IR bands in composite
films (with TiN under Iayer) have a strong peak of C=N bands, which indicates the formation
of dominant phase of CN;.
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Fig. 1 FTIR spectrum of carbon nitride films on Si (100) substrates at different partial pressure
of nitrogen environment
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Fig. 2 FTIR spectrum of carbon nitride composite films deposited on Si (100) substrates

The diffraction spectra taken from carbon nitride films deposited under different
conditions are given in Figure 3. In all the cases, the peak that appears in each scan can be
indexed either to Si substrate or to TiN underlayers. Therefore, it is suggested that the structure
of carbon nitride films prepared in this study are amorphous. It has been recently reported that
crystalline carbon nitride/TiN composite coatings deposited by dual cathode magnetron
sputtering system have remarkably enhanced the hardness value of the films. Carbon and
nitrogen species are delivered to substrate surfaces that bear no structural relationship to CNx.
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sased on existing literature on the growth of metastable phases, it is important to provide a
structural template to seed the growth of CN,. An ideal structural template [10] to seed the
growth of CN; is one with at least one low free energy crystal plane lattice matched to some
low free energy plane of CNj. TiN provides a lattice matched structural template to seed the
growth of carbon nitride crystallites.
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Fig. 4 Young’s modulus of composite carbon nitride coatings on Si (100) substrates as a
function of penetration depth

The elastic modulus and hardness of carbon nitride films on Si (100) substrates
determined as a function of displacement are presented in Figure 4 and Figure 5 respectively. In
both figures, the substrate effect is found to be absent. The deposition of a seed TiN layer
shows a beneficial effect on hardness and modulus. A three to four fold increase in both
hardness and modulus is found, when carbon nitride film is deposited with TiN is underlayer on
Si (100). When the double layer of carbon nitride and TiN is deposited on Si (100), the hardness
is slightly lower compared to the case of a deposition of single carbon nitride layer on TiN.
However, the modulus is unaffected. Load displacement traces determined for CN; films
deposited in this study is plotted in Figure 6. This figure shows that all films have elastic
properties. The hardness and modulus of carbon nitride films deposited in this study are higher
than those of amorphous carbon nitride films prepared by a dc magnetron sputtering [11] of
graphite target in a nitrogen atmosphere
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CONCLUSIONS

IR bands of the carbon nitride films are observed in the range 2300 ¢cm-1 to 2400 cm-1,
which is attributed to the C = N bonding. X-ray diffraction suggested that the structure of the
carbon nitride films prepared in this study are amorphous. It has been also demonstrated that
using TiN as an under layer on Si(100) substrate increases the hardness and modulus values of
carbon nitride composite coatings three to four fold compared to the films of CN, on Si(100),
without any buffer layer.
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DESIGN AND PROPERTIES OF MULTILAYERED CERAMIC COMPOSITES

D. B. MARSHALL
Rockwell Science Center, 1049 Camino Dos Rios, Thousand Oaks, CA 91360

ABSTRACT

The design of multilayered ceramic composites is reviewed, with the aim of relating the
properties that can be achieved to the microstructure of the composite. Limitations on some
properties, such as damage tolerance and strength, are discussed. Failure mechanism maps that
define some of these limits are given.

INTRODUCTION

Considerable interest has been shown recently in multilayered ceramic composites with
layer dimensions in the range of one to several hundred microns. The purpose of the
multilayered microstructure is to make use of interactions between the layers to introduce non-
linear behavior and thereby overcome the inherent brittleness of the materials within the
individual layers.

Several classes of multilayered ceramic composites may be usefully distinguished on the
basis of the nature of the bonding between the layers (Fig. 1):
(1) Weakly bonded systems, in which continuous crack growth normal to the layers is prevented
by debonding of the layer interfaces. Such composites, which are common in natural systems
(e.g. shells), are capable of exhibiting damage-tolerant, non-catastrophic failure modes,
especially in bending. However, their transverse strengths are low. Examples of ceramic
systems include SiC/C,12 SisN4/BN,3 and several oxide systems ( e.g. Aly03, ZrO;) with weak-

bond layers of porous oxides* B-aluminas>9 or rare-earth phosphates. 78

(2) Strongly bonded systems in which the layers interact to increase the fracture toughness,
albeit with failure occurring by growth of a single crack. Two toughening mechanisms have
been explored. One involves enhancement of the degree of transformation toughening in
materials containing ZrO7 by the interaction of a crack-tip transformation zone with layers of
Al»O3 %11 The other is based on alternating layers of metal and ceramic (e.g. Al/A1203),'%13 or
intermetallic compound and ceramic, in which the metal phase provides ductile bridging
ligaments between the faces of a crack growing in the ceramic layers. Further discussion of
strongly bonded systems here will be restricted to transformation toughed composites.

(3) Hybrid composites, consisting of alternating layers of homogeneous ceramic and fiber
reinforced ceramic composite (Fig. 1(c)). This system requires strong bonding between the
layers (i.e. between the homogeneous ceramic layers and the matrix of the fibrous composite
layer) and weak bonding between the fibers and matrix of the composite layer. With proper
design, hybrid composites exhibit many of the properties of fiber-reinforced composites
(including non-catastrophic failure), but with higher first matrix cracking stress, higher stiffness,
and improved wear and abrasion resistance of the surface. They have also been found to exhibit
remarkably good impact resistance. Examples include composites with homogeneous layers of
SiC, SiaN4 or SiAION alternating with fibrous composite layers of SiC-reinforced glass,!* as
well as Al,O3 alternating with graphite epoxy composite. '

The following sections provide a brief review of current work on these three multilayered
composite systems, along with brief of discussion of the rationale for microstructural design and
an estimate of the properties and limitations that may be expected for each system. While we
will consider only composites with planar multilayered structures, it should be noted that blocks
of such microstructures may be used as sub-units of more complex hierarchical structures. Two
examples currently being examined are fiber reinforced composites in which the matrix consists
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Fig.1 Schematic of three classes of multilayered ceramic composites:(a) weakly bonded
layers; (b) strongly bonded transformation toughened systems; (c) hybrid composites.

of a multilayered structure concentric with the fibers,!617 and polycrystalline titanium aluminide
materials in which the grains consist of colonies of alternating layers of y-TiAl and o - TizAl 18

2. WEAKLY BONDED SYSTEMS
2.1 Graphite/SiC and SizN4/BN

The development of weakly bonded multilayered ceramic composites was stimulated by
the work of Clegg et. al.1:%1920 on composites containing layers of SiC separated by thin layers
of carbon. They demonstrated a non-catastrophic failure mechanism when such composites were
loaded in bending, as shown in Fig. 2. Each layer of SiC fractures independently, with extensive
delamination occurring at the interface. Similar behavior has been observed in SisN4/BN
composites.® However, under tensile loading paratlel to the layers in this type of composite, the
stress-strain curve is linear to the peak load, and failure is catastrophic with no load bearing
capacity beyond the peak. The strength normal to the layers is very small. Because of these
characteristics, these composites are best suited to components loaded in bending or thermally
loaded components.

LOAD

DEFLECTION

Fig. 2. Response of weakly bonded composite in flexural loading (re-drawn from Ref. 1).
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2.2 Microstructural Design

Folsom et. al.2! have provided analytical solutions for the stress-strain curve for
composites such as that depicted in Fig. 2, with interfaces that are sufficiently weak to allow
complete debonding as each layer fractures. The results indicate that SiC layers with a single
deterministic strength give a stress-strain curve in bending that is linear to the peak load, as
determined by fracture of the outermost layer. The load then decreases in a sawtooth manner (as
in Fig. 2) as the remaining layers fracture in turn. In tensile loading parallel to the layers, failure
is catastrophic in all layers simultaneously. If the layers have a statistical distribution of
strengths, some non-linearity before the peak load and load-bearing capacity beyond the peak in
tensile loading is possible. However, very low values of Wiebull modulus are required, with a
concomitant decrease in the peak stress.

Optimum properties will most likely be found in systems that do not debond completely
(Fig. 3). This can be achieved either by having an interface toughness that increases with
increasing debond length (Fig. 3(a)) or by inducing other damage mechanisms within an
interphase layer (Fig. 3(b) and (c)). The latter mechanism has been found to be beneficial in
certain SiC/SiC fiber reinforced composites with carbon interphase layers between the fibers and
matrix.!6

;

(@)

Fig. 3. Partial debonding and alternative damage mechanisms.

2.3 Oxidation-Resistant Systems

The SiC/C and Si3sN4/BN based systems described in section 2.1 are severely limited by
oxidation of the carbon and BN interphases. In an attempt to avoid this limitation, several
systems that do not rely on carbon or BN layers are being explored. One makes use of
alternating layers of fully dense and porous materials, with debonding occurring within the
porous layers. Systems consisting of Si3N4/Si3N4 and Al,O3/Al;O3 have shown promising

results. Another relies on layers containing materials such as mica and B-aluminas with weak
cleavage planes. The third approach makes use of the recently discovered weak bonding between
LaPO4 (monazite) and oxides such as AlyO3 and ZrQ;.”

An example of debonding in a laminar composite consisting of layers of Al03 and
LaPO4 is shown in Fig. 4. The crack growing normal to the layers caused debonding at the
LaPQy - Al;03 interface. After further loading, arrays of sigmoidal shaped microcracks formed
within the LaPOy4 layer and continued to extend further along the layer with increasing load.
Corresponding toughness measurements indicated that the effective debond energy, G,
increased as the damage propagated along the layer, from G ~ 4 J/m? after initial debonding, to
Ge ~ 12 J/m? after a “well developed” microcrack zone had formed.”
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3. STRONGLY BONDED LAMINAR CERAMIC COMPOSITES: Ce-Zr0O»/AlL03
3.1 Enhancement of Transformation Toughening

The degree of transformation toughening in Ce-ZrO+ based materials can be increased by
fabricating a laminar microstructure consisting of alternating layers of strongly bonded Ce-ZrO,
and Al703 (or a mixture of Aly03 and Ce-ZrO;) (Fig. 5). The transformation toughening is
caused by stress-induced martensitic transformation, which leaves a zone of transformed material
(monoclinic phase) around the crack and thereby shields the crack tip stresses. The laminar
microstructure modifies the shape of the transformation zone in two ways that improve the
effectiveness of this toughening mechanism: the length of the frontal region ahead of the crack
tip is reduced and the width of the zone normal to the crack plane is increased (Fig. 6). Although
failure always occurs by growth of a single crack (catastrophically), toughnesses as high as 20
MPa.m!”2 (with an R-curve extending over several mm of crack growth) have been observed.

3.2 Microstructural Design

The degree of transformation toughening in ZrO; containing materials is dependent on
the size of the transformation zone and the volume fraction of transformed material within the
zone. These are determined by microstructural parameters discussed in detail elsewhere (grain
size, composition),?? as well as the ambient test temperature. The temperature dependence is
especially important in the laminar composites: experiments suggest that the large enhancements
in toughness are only achieved with a narrow temperature range (~100°C) above the temperature
at which spontaneous transformation occurs throughout the material.

The presence of flaws in the Al,O3 layers can also limit the amount of toughening
achievable by causing a change in fracture mechanism, from one in which the main crack tip
grows continuously, to one in which Al2O3 layers ahead of the crack fracture and then link back
to the crack tip. Once this transition in crack growth mechanism occurs, further increase in the
degree of transformation toughening is not possible.

A failure map defining the ranges of parameters for which these two mechanisms occur is
shown in Fig. 7. The position of the boundary separating the two mechanisms (and defining the
maximum possible toughening for given flaw size in the Al;O3 layer) is dependent on the

relative residual stress parameter 0. = (OR+0T)/0,, Where OR and o are residual stresses due to

thermal expansion mismatch of the layers and transformation of the ZrOs layers, and o is the
strength of the Al,O3 layer. For flaw sizes that are a large fraction of the layer thickness, we

typically find o ~ 0.5 and the relative toughness increase achievable (K /K, at the transition) is
not much larger than unity. However, for small flaw sizes in the Al,O3 layers, large relative
increases in toughness are possible.

4. HYBRID COMPOSITES

Hybrid composites combine layers of fiber reinforced ceramic with strongly bonded
layers of monolithic ceramic that have significantly higher stiffness than the matrix of the
composite. The concept behind this design is that the strain to failure of the monolithic layer can
be smaller than the strain for first matrix cracking in the composite layer, while the
corresponding applied stress is higher. Then, since tensile loading of the composites before any
cracking occurs is in plane strain, cracking occurs first in the monolithic layer at a stress that is
higher than the first matrix cracking stress of the composite alone. Moreover, the stiffness of the
hybrid composite is larger than that of the fibrous composite alone. With proper design of the
composite microstructure, cracks from the monolithic layer penetrate into the adjacent composite
layer and arrest because of crack bridging. This requires a strong bond between the matrix of the
composite and the monolithic layer: otherwise the interface would debond and the composite
would behave as the weakly bonded laminates of Section 2. Further loading causes multiple
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Fig. 4 Partial debonding in LaPO, - Al, O, layered composite (from Ref 7)

Fig. 5 Mulilayered composite of Ce-Zi0, and Al,Q, /Ce-ZI0,  Slrong bonding indicated
by absence of debonding where indentalion crack crosses boundary belween two layers

Fig. 6 Transformation zone surrounding crack inmultilayered composite of Ce /10, and
AL, [Ce 210,
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cracking in both the monolithic layers and in the fibrous composite layers as illustrated in Fig.
1(c) with the peak stress being determined by failure of fibers in the composite layers. This
response has been observed in hybrid composites consisting of layers of monolithic Al,O3 and
fibrous graphite/epoxy composite, and in composites consisting of layers of monolithic SiC and
fibrous SiC(Nicalon™)/glass composite.

Two design criteria can be defined for.such composites to exhibit non-linear response.
The first is that the cracks from the monolithic layers arrest within the adjacent composite layer.
The second is that if the cracks do not arrest, the strength of the bridging fibers be sufficiently
large to support the applied load. A first approximation for the second condition is simply that
the cracking stress for the monolithic layer be smaller than the fiber strength multiplied by the
volume fraction of fibers parallel to the loading direction.

The crack arrest condition may be deduced from a recent analysis of tunnel cracking in
0°/90° cross ply composites,2? with the 90° plies being replaced by the monolithic layers. The
results are summarized in Fig. 8, in the form of a failure map with ordinate given by the ratio of
the toughnesses of the monolithic layer and the matrix of the composite and abscissa given by
the ratio of the thickness of the monolithic layer to a length the scale that characterizes the crack
bridging in the fibrous composite. For composites with the bridging constitutive law
characteristic of frictional sliding, the bridging length scale is :

. 17347 E E*]?/3
am=Tf_E_(3_1—‘C) [l_f___] 6]

412 R(1-f)E,

where T is the interfacial friction stress, f is the volume fraction of fibers in the fibrous composite
layers, By, and E¢ are the Young’s moduli of the matrix and fibers (E = fEf + (1-f)Em), R is the

fiber radius, and T is the toughness of the matrix multiplied by (1-f). Three domains are shown:
in region I the cracks from the monolithic layers do not penetrate the composite layers at all; in
region II cracks arrest within the composite layers ; and in region III cracks penetrate completely
through the composite layer (and hence through the entire specimen, although they may remain
bridged by fibers). The boundary between regions II and III is dependent on the relative
thicknesses of the fibrous composite and monolithic layers, ho/hy, as indicated.

The use of Fig. 8 as a basis for designing hybrid composite microstructures may be
illustrated by comparison with some recent data from Cutler et. al.'* on hybrid composites
consisting of monolithic SiC layers and fibrous SiC(Nicalon™ )/glass composite layers. The
thicknesses of the SiC layers were all 500 wm, and the thicknesses of the fibrous composite
layers were chosen to give volume fractions of 0.25, 0.4 and 0.5. Crack arrest was observed for
the composites with the second and third compositions, but not for the first. Typical parameters

for this system are: T = 2 MPa, Ef = 200 GPa, Eq, = 70 GPa, R=8 im, T, =40 J/m2 and I'c = 7
J/m2, giving ay, ~ 100 um and 'y, /Ty ~ 6. The location of this system with 500 wm thickness
SiC layers (hofayy = 5) is shown in Fig. 8: for materials containing 50% fibrous composite

(he/hp=1) this point falls within domain II, whereas for 25% fibrous composite (h¢/hg=1/3) the
material falls within domain III, consistent with observations.

CONCLUSIONS

General properties and microstructural design considerations have been described for
three different classes of laminar composites. Each gives a different envelope of properties
suited to different applications: (1) weakly bonded systems, suitable for use in flexural or thermal
loading such as in combustors; (2) strongly bonded ZrO2 - containing systems with increased
toughness, suitable for wear components that would not experience a large range of temperatures
during use; and (3) hybrid composites with attractive combinations of properties for wear, armor,
and a variety of shell structures.
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ABSTRACT

The fracture toughness of laminated metal composites consisting of alternating
layers of a metal matrix composite (Al6090/SiC/25p) and a monolithic aluminum alloy
(Al5182) has been studied as a function of the volume fraction of the component
materials. Finite element simulations of the fracture toughness tests have been used to
study the mechanisms of crack growth and extrinsic toughening. The mechanisms
responsible for toughening in laminated metal composites are described.

INTRODUCTION

Recent studies have shown that lamination can provide significant improvements
to the damage-critical properties (such as fracture toughness, fatigue crack growth
behavior and impact response) of metal matrix composites (MMCs) [1, 2, 3]. These
laminated metal composites (LMCs) consist of alternating layers of a MMC and a ductile
metal layer. Typical combinations have included Al6090/SiC/25p // AlI5182 [4],
AIB090/SiC/25p // Mg-9Li [5], and X2080/SiC/20p // X2080 [6]. These improvements in
properties result from extrinsic toughening mechanisms such as crack blunting, crack
deflection and crack bridging. All of these extrinsic mechanisms, which are influenced
by local delaminations at interfaces, improve the fracture toughness of LMCs by
reducing the local stress intensity at the tip of the crack. However the specific extrinsic
toughening mechanisms operating in a given system and their influence on measured
toughness depends on the material properties of the component layers, interface
properties and laminate architecture (including component material volume fraction and
layer thickness).

In this paper we report on studies that have been conducted of toughening
mechanisms in an Al / Al-SiC LMC. Specifically, we have studied LMCs consisting of
alternating layers of a MMC, Al6090/SiC/25p, and a monolithic aluminum alloy, Al5182.
Fracture toughness tests have been performed on LMCs containing different volume
fractions of the component materials. Simulations of these experiments using finite
element analysis were employed to study the mechanisms of crack growth and the
origins of extrinsic toughening in these Al/Al-SiC laminates. The results provide
valuable insight into the influence of processing, microstructure and laminate design on
the fracture toughness of MMC-based laminates.

MATERIALS, EXPERIMENTS AND RESULTS

The component materials, AlI6090/SiC/25p and Al5182, were obtained from
commercial sources and chemically cleaned to remove oxide films. Laminates were
then made by press bonding alternating layers of these materials at 450°C. After press
bonding, the AI/AI-SiC laminates were heat treated by soaking the laminate at 530°C for
75 minutes and then aging at 160°C for 16 hours. This procedure provided a T6 heat
treatment to the 6090/SiC/25p layers and had virtually no effect on the microstructure of
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the AI5182 layers. For all the laminates in this study, sharp interfaces were maintained
between the component layers and no reaction products were formed.

The fracture toughness of these materials was evaluated in both the crack arrester
and the crack divider orientations using chevron notch three-point bend bars. Testing
and analysis were done according to the procedures specified by Wu [7]. A high speed
videocamera was used during fracture toughness testing to monitor the surface
component of crack growth. Further details of materials processing and testing
procedures have been previously published.[8, 9]

Fracture toughness tests were performed on LMCs containing different volume
fractions of the component materials. The volume fraction of the Al6090-T6/SiC/25p
component in the laminate was varied from 50% to 97% which produced a variation in
the global concentration of SiC in the laminate from 12.5% to 24.3%. The fracture
toughness results are plotted in Fig. 1 as a function of global percentage of SiC. The
component materials of the laminate differ significantly in fracture toughness (with
Al5182 having a higher toughness than Al6090-T6/SiC/25p). However, the LMC shows
a modest increase in fracture toughness with increasing global volume percentage of
SiC up to a component volume fraction at which the LMC is almost 100% MMC. Clearly
in these laminates extrinsic toughening mechanisms are the dominate source of fracture
toughness. The fracture toughness at a global volume percentage of 24.3% SiC (97%
MMC component) is approximately 35 MPa m-5 and particularly noteworthy, since
strength and stiffness of the LMC would essentially equal those of the MMC component.
The fracture surface and the cross section of the tested sample containing
approximately 80 % MMC component are shown in Fig. 2a and 2b respectively.
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CRACK GROWTH SIMULATIONS

Crack growth simulations were done using the finite element code NIKE2D, which
has the capability to study finite deformation problems and can represent the growth of
cracks and the separation of material interfaces (delaminations) along specified nodes
in the finite element mesh. The boundary containing these nodes is called a tie-break
slideline. Thus the path of crack growth and the interfaces that will be allowed to
separate were specified as part of the input to the code. Material separation then
occurred along the crack path or material interface, when a critical condition was met.
In these problems, separation of the nodes in the finite element mesh occurred when a
critical value of effective plastic strain was achieved. As previously discussed by Riddle
[10], the effective plastic strain values that were selected for node separation were
derived from calculations involving the J-integral. Thus the development of damage and
the growth of the crack occurred in a manner consistent with elastic-plastic fracture
mechanics.
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a b
Fig. 2. Fracture surface of the LMC containing 83% MMC component (a) and cross-
section of the LMC containing 79% MMC component (b).

The simulations representing crack growth in the crack arrester orientation were
conducted for three layers of the laminate containing 95% of the MMC component. The
finite element mesh used in the simulations is shown in Fig. 3. The tie-brake slidelines
representing the allowed path of crack growth and the interfaces between layers (that
are allowed to separate) are shown in the figure. Contours of effective plastic strain are
shown in Figs. 4a-d for four time steps in the problem. The loaded crack produces
regions of intense effective plastic strain that are off-axis to the plane of tensile mode
opening crack growth. As shown in Fig. 4a, this off-axis deformation results in through-
thickness yielding of the ductile layer. This through-thickness yielding produces a
delamination at the Al - Al-SiC interface (Fig. 4b) and plastic rupture (Fig. 4c) of the thin
Al layer ahead of the advancing crack front. Thus when the advancing crack
encounters the ductile layer, the crack is deflected (due to the delamination) and blunted
(due to the ruptured layer). The arrested crack is shown in Fig. 4d; further crack growth
requires re-nucleation of the crack in the MMC layer. This arresting, re-nucleation
process results in significant increase in the amount of energy required for crack growth.
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NNV 77
\\\\\\ \\\\ ll /I ////////
ST T Fig. 3. Finite element mesh used in the
M7 simulations of crack growth in an Al / Al-
SiC laminate containing 95% MMC
R L component. Tie-break slidelines are
;‘ LT sissgill shown in the figure.
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It is important to note that the crack deflection and blunting mechanisms, as shown
in Fig. 4, are independent of volume fraction, which implies, to first order, that the
fracture toughness should be independent of volume fraction. This observation is
consistent with the data presented in Fig. 1, which shows fracture toughness essentially
independent of volume fraction of the component materials. In the simulation, the
fracture in the ductile layer (shown in Fig. 4c) occurs at the tie-break slideline. A careful
examination of Fig. 4b reveals that deformation in the ductile layer is concentrated in
regions significantly off-axis from the plane of mode one crack growth; thus fracture
would be expected in off-axis locations. This observation is consistent with the
experimental evidence as revealed in Fig. 2, which shows that the origin of fracture in
the thin ductile layers was significantly off-axis from the dominant plane of crack growth.
The development of damage in regions off-axis to the plane of mode one crack growth
is an important source of toughening, since higher loads (and greater energies) will
need to be applied to the sample to renucleate the crack in the plane of mode one crack
growth in the MMC layer.

c d
Fig. 4. Contours of effective plastic strain at four time steps in the crack growth
simulation.
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TOUGHENING MECHANISMS

Figure 5 shows five extrinsic toughening mechanisms that can result from the
discrete layers present in LMCs. The laminate orientation that will be influenced by the
mechanism and the sensitivity of the mechanism to the volume fraction of the
component materials is indicated in the figure. Numerous other extrinsic toughening
mechanisms have been identified in composites and monolithic materials and these can
provide additional sources of toughening in LMCs [11, 12]. The crack deflection and
crack blunting mechanisms have been discussed in the previous section. The crack
blunting mechanism resulted in part because of the limited ductility of the AI5182 layer -
the layer fractured ahead of the advancing crack tip. For systems in which there is a
greater ductility difference between the component materials than the Al6090/SiC/25P //
Al5182 LMC discussed here, rupture of the ductile layer can be avoided. In this case
the ductile layer can span the wake of the advancing crack and crack bridging will result.
Crack bridging in a LMC has been observed in an ultrahigh carbon steel / brass system
[13] as shown in Fig. 6. The figure shows three distinct brass layers spanning the wake
of the crack in the LMC. The crack bridging mechanism is clearly dependent on the
volume fraction of the component materials, because the volume of ductile material
spanning the wake of the crack will influence the amount of energy that must be
supplied to the material for ligament extension (and eventual rupture) and thus crack
growth.
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Fig. 5. Extrinsic toughening mechanisms in laminate metal composites.
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Fig. 6. Crack bridging in a LMC
consisting of ultrahigh-carbon steel
and brass.

Delamination can also provide extrinsic toughening by reducing the stresses in the
layers head of the advancing crack. This mechanism, referred to as stress redistribution
in Fig. 5, has been recently studied both theoretically [14)] and experimentally [15)]. for
metal/ceramic laminates. In these studies, delamination was found to be significantly
more effective than slip in reducing the stress ahead of the crack. Figure 5 also shows
a mechanism unique to the crack divider orientation - crack front convolution. In this
mechanism, the crack front in the less ductile component leads the crack front in the
more ductile component. The shape of the crack front is highly convoluted with the
depth of the convolutions related to the extent of delamination at the interfaces. Overall
crack front growth is retarded by the plastic tearing required for crack growth in the more
ductile layer.

In all the mechanisms shown in Fig. 5, local delamination at layer interfaces is an
important prerequisite for extrinsic toughening. As previously described(1),
delamination is strongly influenced by residual stresses at the interface as well as the
strength and toughness of the interface. These factors are all a function of laminate
processing conditions as well as laminate architecture (primarily layer thickness).

CONCLUSIONS

1. Fracture toughness in the Al / Al-Sic laminates studied was found to be
essentially independent of the volume fraction of the component materials with Kq

values of approximately 35 MPa m-5 when the LMC consisted of 97% MMC.

2. As revealed by simulations involving finite element analysis, for the LMCs
studied here, delamination at the Al / Al-SiC interface and plastic rupture of the Al layer
take place in the process zone ahead of the advancing crack. These mechanisms are
expected to introduce toughening that is independent of component material volume
fraction.

3. Other toughening mechanisms in LMCs (such as crack bridging and crack front
convolution) can produce volume fraction effects. Toughening mechanisms that are
active in Al/ Al-SiC laminates are strongly dependent on interface delamination.
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ABSTRACT

Discontinuously reinforced aluminum (DRA) composites have been processed to
contain discrete regions of unreinforced aluminum with the objective of enhancing the
damage tolerance. The effects of changes in the ductile phase size, shape and strength
as well as the SiC, reinforcement distribution on the toughness were studied. The
incorporation of the ductile phase can increase the crack growth resistance of the DRA
composite. In such cases, stable crack propagation (i.e. R curve behavior) is observed
in contrast to the behavior of the conventional DRA composite which fails catastrophically
under the conditions tested. The level of toughening is affected by the size and
mechanical properties of the ductile phase as well as the orientation and shape of the
ductile regions with respect to the test geometry (i.e. crack arrestor vs crack divider).

INTRODUCTION

Metal matrix composites (MMC’s) offer increased specific stiffness and specific
strength which can lead to weight savings and improved structural performance. One
class of MMC’s which has received considerable attention is discontinuously reinforced
aluminum (DRA) composites. While desirable specific stiffnesses and strengths may be
attained with DRA’s, the damage tolerance of DRA’s must be increased if these materials
are to gain widespread use for structural applications.

While intrinsic toughening approaches have provided many of the improvements
in the last decade,’ extrinsic approaches to toughening are currently being explored®*
to provide greater improvements in damage tolerance without compromising the stiffness
and strength. Material development in this area has focussed on laminate structures
consisting of alternating layers of DRA (a "semi-brittle" component) and a monolithic
aluminum alloy (a more “ductile” component).** Such laminates containing discrete
interfaces have generally been produced via press bonding or roll bonding of component
faminae. Increased fracture toughness and impact energies as compared to the
component DRA composites have been reported for these laminates. While the above
approaches provide toughening via the introduction of discrete interfaces which may
debond during loading, there may be other cost effective toughening approaches where
less discrete interfaces are utilized to separate the constituents.

The current paper reports on the preliminary results of a program to improve the
damage tolerance of DRA composites by incorporating regions of unreinforced aluminum
within a conventional AI/SIiC/XXp DRA. The aluminum "toughening" regions are
introduced into the material structure via the traditional powder metallurgy processing
route which both eliminates the need for additional processing steps as well as producing
a strongly bonded interface between the component materials. By altering the
unreinforced aluminum/aluminum alloy additions, the influence of several variables can
be examined including the size and volume fraction of the "ductile" regions as well as the
mechanical properties of the "ductile" phase.

EXPERIMENTAL PROCEDURE
Materials

A DRA composite consisting of a 7093 Al matrix reinforced with 15 volume % SiC
particles, henceforth denoted 7093/SiC/15p DRA, (nominal composition of 9 Zn, 2.2 Mg,
1.5 Cu, 0.14 Zr, 0.1 Ni, bal Al reinforced with 10 um average size SiC particulates)
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provides the baseline for each material in this work. Production of the DRA followed the
traditional powder processing route which involves an initial blending of pre-alloyed 7093
Al powder with SiC particulates. "Toughened" DRA was then produced via additions of
aluminum/aluminum alloy particles to the blend, at volume fractions of either 10% or 25%.
The final product thus consists of DRA and discrete unreinforced Al regions.

Each material was designed such that the global volume fraction of reinforcement
{and hence, modulus) would be the same in all materials and comparable to that of the
7093/SiC/15p DRA. The distribution and strength of the ductile phase was varied
independently. The material test matrix is shown in Table I. A material containing “large
ductile phase" additions (i.e. LDP) was produced at ALCOA by making additions of
commercially pure (c.p.) aluminum particles with a typical size of 10 mm to the initial
powder blend. By using a starting ductile particle more than an order of magnitude
smaller in size, a material containing "small ductile phase" additions (i.e. SDP) material
was also fabricated. A fifth "toughened" material containing 10% by volume of LDP
additions of a high strength aluminum alloy possessing a similar composition to that of
the 7093 Al matrix of the DRA (i.e. LDP3) was additionally produced.

The behavior and properties of the "toughened" materials are compared to
materials with a conventional DRA structure (i.e. C1, C2 and C3). These control
materials include the X7093/SiC/15p base material as well as DRA composites containing
additions of 10 volume % and 25 volume % c.p. Al powder, respectively. This c.p. Al
powder, which is of comparable size to the pre-alloyed X7093 powder used as the
baseline composite matrix, contains few alloying elements and therefore produces the
same degree of dilution of the solute as the ductile phase additions to the SDP and LDP
materials without producing the redistribution of the SiC reinforcement that creates the
ductile toughening regions.

Consolidated billets of all materials were extruded at a 22:1 ratio to produce 1" x
3" bars. Figures 1(a-c) show the three major classifications of materials presently
studied:

(1) "Control" DRA containing a homogenous distribution of SiC, (cf Figure 1a).
(2) Materials containing the "smalt ductile phase”, SDP (cf Figure 1b).

The ductile phase thickness in the ST direction ranges from 20-100 um.
(8) Materials containing the "large ductile phase", LDP (cf Figure 1c).

The ductile phase thickness in the ST direction ranges from 100-500 pm.

All materials, were heat treated prior to testing to produce a slightly overaged condition,
T7E92, of the DRA composite. This consisted of a solution heat treatment,
490°C/4 hrs/CWQ, followed by aging, 120°C/24 hrs + 150°C/8 hrs.

Table I : Material Test Matrix (Base material is 7093/SiC/15p).

Material § Type of Ductile Phase Addition | Quantity Discrete Ductile
ID (vol. %) Phase in Product?
"Control Ci None N/A No
DRA" C2 commercial purity Al powder | 10% No
C3 commercial purity Al powder 25% No
"Small SDP1 small ¢.p. Al - Jow strength 10% Yes
Ductile Phase" SDP2 small c.p. Al - low strength 25% Yes
P —
"Large LDP] large c.p. Al -low strength 10% Yes
Ductile Phase" LDP2 large c.p. Al - low strength 25% Yes
LDP3 large alloyed Al - high strength | 10% Yes
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1b) "Small Ductile Phase" toughened DRA
(i.e. SDP). The light areas are the ductile
phase regions.

«T-L specimen

i «T-S specimen

Tmm ; o

1c) "Large Ductile Phase" toughened DRA 1d) Orientations for fracture toughness
(i.e.LDP). Dark areas are the ductile regions. bend specimens.

Test Methods

Toughness testing was conducted on all materials via a test method determined
in conjunction with the ASTM standards for K, testing (ASTM-E399), J testing (ASTM-
E813) and R curve testing (ASTM-E561). Single-edged notched bend specimens (65
mm x 14 mm x 4 mmj} containing wire saw notches (root radius 60 um) were tested in
a three point bending configuration (with a 56 mm span width). Bend specimens were
removed from the extruded bar in two orientations to the extrusion axis, allowing testing
in the T-S and T-L orientations as shown in Figure 1d. These orientations, combined with
the locations within the extruded bar from which the specimens were obtained provide
specimens which possess a distribution of toughening regions resembling crack arrestor
and crack divider laminates, respectively.

During testing, the load (P), load point displacement, crack opening displacement
(COD) and crack length on the surface were monitored simultaneously. The crack length
was characterized by two methods: (1) monitoring the crack length on the polished
specimen surface using optical microscopy and (2) utilizing an unloading/ioading
sequence to calculate an equivalent crack length based on the compliance technique.
Load vs COD traces were subsequently examined for all test records. A toughness,
Kemax: Was also calculated using the standard equation for K as specified in ASTM E399,
where the maximum load was used for P while the initial crack length was used for a.
However, the use of the initial crack length may severely underestimate the actual
maximum K, depending upon the instantaneous load and actual crack length. For those
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specimens which exhibited stable crack growth, resistance curves (i.e. R curves) in terms
of crack-growth resistance, K, as a function of crack extension, Aa, were prepared.
Furthermore, the video recordings of the fracture events were examined to assess the
details of the fracture process. Additional details of the fracture process were determined

by post-failure examination of the fractured specimens.

RESULTS

Table Il summarizes the K.y toughness data generated on the various materials, while
Figures 2a-2c show three representative P vs COD traces obtained for the various
materials tested. Figure 2a illustrates catastrophic crack propagation following a roughly
linear P vs COD trace; this type of fracture behavior was obtained in the control DRA's

Table II: Average K. values for each material and orientation tested.

Material ID= Cl C2 C3 SDP1 SDP2 | LDP1 | LDP2 | LDP3
Arrestor (T-S) 19.0 | 20.8 20.0 19.4 20.8 33.1 304 233
Divider (T-L) - 19.3 224 18.0 21.7 18.7 18.8 16.8

Figure 2: Representative Load vs COD traces.
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2a) Load vs COD trace demonstrating catastrophic failure as displayed by "Control" DRA’s and
"Small Ductile Phase" toughened DRA materials. Shown is the curve for a C1 specimen.
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2b) Load vs COD trace demonstrating non-
catastrophic fracture with a series of load
drops as displayed by "Large Ductile Phase"
toughened DRA materials tested in the T-S
orientation, specifically, LDP2.
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2c) Load vs COD trace demonstrating non-
catastrophic fracture with a relatively smooth
curve as displayed by "Large Ductile Phase"
toughened DRA materials tested in the T-L
orientation, specifically, LDP1.
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(i.e. materials C1, C2 and C3) as well as the materials containing either 10 volume % or
25 volume % of the "small ductile phase" (i.e. SDP1 and SDP2), regardless of orientation.
Furthermore, all the materials which displayed this catastrophic fracture behavior exhibited
similar Kpyax values of approximately 19-21 MPavm. The lack of toughness improvement
and catastrophic nature of the crack propagation in such specimens illustrates that the
extrinsic toughening afforded by the use of the "small ductile phase" is not effective for
the range of small ductile phases and specimen geometries tested presently.

However, the "large ductile phase" materials demonstrated highly nonlinear loading
behavior associated with non-catastrophic crack propagation, as shown in Figures 2b and
2c, where the details of the P vs COD trace and the K,,,, values were dependent upon
the type and distribution of the ductile phases. Specifically, specimens containing the
targe ductile phase (i.e. LDP1, LDP2 and LDP3) tested in the T-S orientation (crack
arrestor) exhibited crack initiation in the DRA composite at about the same stress intensity
as for the control materials, followed by crack arrest when the crack encountered the first
ductile phase region. In such specimens, the crack requires additional load and hence
energy to further propagate through the specimen (i.e. R curve behavior) as shown by
Figure 3. When the ductile phase consisted of unalloyed aluminum (i.e. LDP1 and LDP2)
stress intensities of 30 to 50 MPavm were necessary for continued crack growth in these
relatively thin specimens. In-situ observations revealed that each load drop shown in
Figure 2b was associated with a rapid advance of the crack through one to three ductile
regions and the intervening DRA composite, while post-failure examination showed little
to no delamination at the DRA/A| interfaces and highly ductile failure, either by shear or
MVC, of the unreinforced aluminum regions. This ductility within the aluminum regions
permitted the observed toughening effects to occur despite the presence of strong
bonding between the DRA and unreinforced regions. Furthermore, while similar K values
were necessary for crack advancement in the LDP1 and LDP2 materials, the higher
volume fraction of "ductile phase" in the LDP2 material (and thus the greater number of
ductile phase regions) leads to a greater toughening effect as judged by the area under
the P vs COD trace, in this material. The LDP3 material which contained highly alloyed
unreinforced regions also exhibited step-wise P vs. COD traces, but lower stress
intensities (e.g. in the range of 20 to 30 MPavm) were required for crack advancement.
Examination of failed specimens revealed the alloyed unreinforced Al regions failed in a
low ductility manner, consistent with the lower level of toughening exhibited.
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The "large ductile phase" material tested in the T-L orientation (crack divider) also
exhibited stable fracture as revealed in Figure 2c. Serial sectioning of specimens
unloaded after some amount of stable crack growth revealed a non-planar crack front,
where the crack propagates further in the DRA layers than in the unreinforced Al layers.
Rising K vs Aa plots as shown in Figure 4 were obtained for specimens containing
unalloyed Al regions (i.e. LDP1 and LDP2) though the details of the curves differ
depending which method was used to estimate crack length. As found in the crack
arrestor specimens, the unalloyed Al regions failed in a ductile manner while there was
little or no delamination at the DRA/AI interfaces. The rising R curves were associated
with bridging zones measuring 1 to 5 mm in length as determined via serial sectioning,
while the length of the bridging ligament varied depending on the specific size and
distribution of the unreinforced Al regions. On the other hand, the LDP3 material, which
contained the stronger but less ductile alloyed unreinforced Al regions, displayed flat or
non-existent K vs Aa curves regardless of the method used to estimate crack length.
Bridge zone lengths of less than 0.5 mm were measured in these specimens.

CONCLUSIONS
Extrinsic toughening approaches have been explored to improve the toughness of
DRA materials. It was found that the size, distribution, and properties of the ductile phase
additions significantly affected the toughness. Specifically:
1. All "contro!" DRA composites and all SDP materials failed catastrophically at a
K of about 20 MPaym.
2. Materials toughened with LDP patrticles of unalloyed aluminum exhibited non-
catastrophic failure (i.e. R curve behavior) in both the T-S and T-L orientations with
evidence of ductile fracture of the LDP particles and a significant amount of crack
bridging in the T-L orientation.
3. Materials containing LDP particles of alloyed aluminum exhibited less
toughening than those containing pure aluminum. The LDP particles failed in a
lower ductility manner and less crack bridging was obtained.
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ABSTRACT

Discontinuously reinforced aluminum (DRA) composites with enhanced fracture toughness have
recently been developed at ALCOA. The approach consists of producing a composite
microstructure in which discrete ductile phases have been incorporated into the DRA through
traditional powder processing routes. In the present paper, the high strain rate behavior of these
toughened composites is investigated by obtaining (i) the dynamic flow characteristics at various
levels of elevated strain rates using a split Hopkinson compression bar, and (ii) energy absorption
during dynamic crack initiation and crack propagation using three-point bend specimens loaded
on a modified Hopkinson bar configuration.

INTRODUCTION

Discontinuously reinforced aluminum composites are being considered for a range of structural
and non-structural applications [1]. Such composites display higher specific stiffness and strength,
a lower thermal expansion coefficient, and superior wear resistant properties as compared with
the monolithic matrix materials [2]. Despite these positive influences, the brittle reinforcement
generally decreases both the initiation and propagation fracture toughness as well as the energy
absorbing capabilities during impact [3]. It is important that the damage tolerance of DRA’s must
be increased if these materials are to gain widespread use for structural applications.

In an atiempt to enhance the damage tolerance characteristics of DRA composites, a novel SiC
particulate reinforced composite has recently been developed at ALCOA. The material utilizes a
microstructural toughening (MT) approach [4] by incorporating discrete regions of unreinforced
aluminum within the particulate reinforced DRA composite. The ductile phase reinforcement is
introduced into the composite during the powder blending phase of the powder metallurgy
process, thus eliminating the need for additional processing steps. The continuous interfaces
between the reinforced and unreinforced regions, provide mechanisms for extrinsic toughening of
the composite by deflecting propagating cracks [5] and by reducing the driving force at the crack-
tip by initiating crack pinning mechanisms such as bridging of crack faces by ductile ligaments.

The current paper provides a brief description of the approach used in the processing and
characterization of the roughened DRA microstructures. The impact behavior of these novel
material systems is investigated by studying the material flow characteristics under dynamic
compression using a split Hopkinson compression bar and obtaining the dynamic fracture
toughness using three-point bend fracture specimens on a modified compressional Hopkinson bar.

DESCRIPTION OF MATERIALS

Two different microstructurally toughened composite microstructures will be investigated in the

present study. The 7093/SiC/15p DRA composite (nominal composition of 9 Zn, 2.2 Mg, 1.5 Cu,

0.14 Zr, 0.1 Ni, balance Al reinforced with 10 pm average size SiC particulates) will provide the
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base material for each of the two material microstructures. The base material is a powder
metallurgy product with sufficient specific stiffness and strength, but with insufficient damage
tolerance. The steps involved in powder processing of the base composite involves blending
powders of pre-alloyed 7093 aluminum with SiC particulates and then cold isostatically pressing
the blend into a solid compact. The toughened DRA MMC’s are produced by additions of large
aluminum particles or aluminum powders to the blend where these additions are of a sufficient
size to result in unreinforced ductile regions in the final product. A large ductile phase toughened
material is produced by making additions of commercial purity aluminum particulates (25 vol. %)
with a typical size of 10 mm to the initial powder blend. By using commercial purity aluminum
powders (10 vol. %) of more than an order of magnitude smaller in size, a small ductile phase
toughened material is fabricated. Both composites are extruded and possess uniform
microstructures along their entire length. The composites are heat treated to T7E92 prior to
mechanical testing. Figure 1 shows the optical micrographs of the two toughened microstructures
investigated in the present study.
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DYNAMIC STRESS-STRAIN RESPONSE : SPLIT-HOPKINSON PRESSURE BAR (SHPB)

The split Hopkinson pressure bar, for high strain-rate testing of materials, is a well established
technique. A schematic of the basic SHPB is shown in Figure 2. Details of this experimental
technique can be found elsewhere; see for example, Follansbee [6]. The required impact velocities
and stresses are achieved by using a pneumatically-driven projectile guided by a long launch tube.
The magnitude of the pulse is directly proportional to the velocity of the striker bar and the
duration of the pulse is equal to the round-trip time of an elastic longitudinal wave in the striker
bar. Two strain gages are used at each of the strain-gage stations to eliminate bending
contributions. Maximum impact velocities are of the order of 100 m/s, limited by the maximum
yield stress in the pressure bars. These bars are composed of maraging steel tempered to a yield
stress of approximately 2500 MPa. One dimensional calculations by Kolsky [7] show that the
strain rate € , strain €, and the axial stress ©, in the specimen can be estimated using

& —_ Eg —_ 2_(;.9_Jt d d _E ﬂ
e(t)=— . eR,e(t)—— L oeR t and o(t) =E, A eT(t) )

where L and A are the original length and the cross-sectional area of the specimen, respectively;
A, C, and E,are the cross-sectional area, the longitudinal bar wave speed and the elastic modulus
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of the Hopkinson bar, respectively; and €, and €, are the time dependent reflected and
transmitted strains, respectively.
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Figure 2: Schematic of the split Hopkinson pressure Bar

Typical experimental results are shown in Figure 3 for materials with large and small ductile phase
reinforcements. In both cases, the compressional loading axis of the specimens is maintained along
the transverse direction of the extrusion. No elastic constants are deduced from the stress-strain
curves, since the calculation of the elastic modulus is extremely sensitive to the arrival times of the
reflected and transmitted stress pulses at the strain gage locations.
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Figure 3: Flow stress curves for (a) 7093/SiC/15p +25% large c¢.p. Al, and (b)
7093/SiC/15p + 10% small ¢.p. Al.

The flow stress for 7093/SiC/15p + 25% large commercial purity Al reinforced material shows
strain hardening at lower strain rates (653/s), but at higher strain rates, i.e. 2940/s and 4957/s, the
evolution of flow stress shows strain softening. This feature of the experimental results can be
attributed to the accumulation of damage with strain during dynamic compression. Indeed the
specimen subjected to strain rates of 4957/s is observed to fracture at a strain of approximately
0.29. Similar observations are made for 7093/SiC/15p+10% small c.p. Al material where the
material flow stress is lower for deformations at higher levels of strain rate. Figure 4 summarizes
the dynamic flow stress as a function of the applied strain rate for the 7093 alloy, commercial
purity aluminum, and the small and large ductile phase reinforced composites.
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DYNAMIC FRACTURE TOUGHNESS: MODIFIED HOPKINSON BAR TECHNIQUE

The experiment involves the dynamic loading of a three point bend specimen by means of a
modified Hopkinson bar apparatus [8]; shown schematically in Figure 5. The incident bar is made
of 7075 T6 Aluminum with a length of 60.06 in. (152.56 cm) and a diameter of 0.75 in. (1.91
cm). The strain gages are installed on the incident bar at two positions A and B at 13.78 in. (35
cm) and 29.53 in. (75 cm) from the striker bar end respectively. The specimen end of the incident
bar is provided with a large radius of curvature of approximately 2 in. (5.08 cm). The striker bar is
made of the same material as the incident bar and has a length of 35.50 inches (90.17 cm).

N GasGun  Specimen ~
——————— T Rigid Support

EIJA I:I:IB E. /

I |
Strain gage conditioner and
Data Acquisition

Xa

Striker
bar

Figure 5: Schematic of the modified split Hopkinson bar configuration.

The anvils supporting the specimen had a length span of 40 mm. The fracture specimens were 9
mm wide and 10 mm deep giving an L/D ratio of 4, in a T-S configuration. Notch depths of 3 mm
and 5 mm were machined using a wire saw with a diamond wire of diameter 100 pm. The exact
length of the notch was later measured using a traveling microscope.

The strains at the two locations x and xg on the incident bar are converted into normal forces, Ny
and Np, respectively, using

N,()=A, Ee,(t) and N,(t)=A, Be,(t) @

By using the method of characteristics the particle velocity, va(t) at x4 can be evaluated to be
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v, (1) =VA(tp)+”1i[“NA(t)‘NA(tp)"‘zNB(t_T};A)] (3)

where tp =t - 2 Tpa, Tpa = (x5 - x4)/Coand Z is the acoustic impedance of the incident bar. Using
one dimensional stress wave analysis the particle velocity vg and the normal force Ng at the
loading point xg can be evaluated as

VE(t)=—;‘[VA(t+TFA)+VA(t_TEA)]+2_1Z_[NA(t+TEA)_NA(t_TEA)] @y

NE(t)=%[NA(t+TEA)+NA(t—TEA)]+%[vA(t+TEA)—VA(t—TEA)] )

where Tga = (xg - Xa)/C,. The load-point displacement u(t) and the applied force can be expressed

as
t

w®) = [vg()dr and F()=-Ns( ©)

0

Figure 6 shows the force displacement curves obtained for the 7093/SiC/15p+10% small c.p. Al
toughened composite and the 7093/8iC/15p+25% large c.p. Al toughened composite.

6 e ———— T ——
I 7093/SiC/15p + 25% commercial purity Al bean 1
I Impact Velocity 4.4 m/s ]
— Crack Initiation ]
Z . ]
4 -
o ]
o i
h 5
S .l
i 7093/SiC/15p +10% small c.p. Al
\/ Impact Velocity 2.8 m/s |
i - A f
0 .'\'\ .'In\; FRN Iif‘/ \.\\.- .ir\\ .ii’ \'\"',F"iial L L L
0.0 05 1.0

Displacement (mm)

Figure 6: Force-displacement curves for the small and large ductile phase toughened
composites

The dynamic crack initiation toughness for the two composites is similar. This is to be expected as
the pre-machined notch in the specimens for both experiments resides completely in the base
material. On the other hand, the dynamic crack propagation characteristics of the two composites
are significantly different. In the small ductile phase reinforced material dynamic crack
propagation occurs catastrophically with very little energy being absorbed during crack
propagation, whereas the large ductile phase reinforced composite absorbs significant energy
before failure.
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The enhanced crack propagation toughness of the large ductile phase reinforced composite is
attributed to the extrinsic toughening introduced by the large unreinforced ductile phases
introduced in the composites. The toughening mechanisms include crack deflection at the
brittle/ductile interfaces and crack pinning by the ductile phases in the wake of the crack. Figure 7
shows the material microstructure ahead of the pre-machined notch and the path taken by the
crack during the dynamic crack propagation event. Furthermore, each peak in the force-
displacement curve (also highlighted by arrows in Figure 6) can be correlated to the extrinsic
toughening mechanisms activated every time the crack encounters a ductile ligament in its path.

CRACK
PROPAGATION
PATH

Figure 7: Material microstructure ahead of the pre-machined notch and the path taken
by the propagating crack during dynamic failure.

For dynamic fracture experiments conducted at lower impact velocity (2.4 m/s as compared to 4.4
m/s for the experiment discussed in Figure 6) the dynamically propagating crack is observed to be
arrested at the very first ductile layer it encounters. Figure 8 shows the force-displacement history
for the particular experiment along with the material microstructure ahead of the pre-machined
notch. The crack is arrested at approximately 0.5 mm of load point displacement at station E.

Crack Initiation

o

Crack Arrest

7093/SiC/15p + 25% commercial purity Al bean
Impact Velocity 2.4 m/s, a/D ratio = 5.0

o '
00 05 10 15

Displacement (mm)

Figure 8: Microstructure ahead of the pre-machined notch and the force-displacement
history during crack initiation and propagation.

Figure 9 shows the optical micrograph of the crack propagation path for the experiment described
in Figure 8. As the crack approaches the first unreinforced ductile layer it is observed to deflect
parallel to the brittle/ductile interface leading to crack arrest.
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' CRACK DEFLECTION
AND ARREST

DUCTILE PHASE
REINFORCEMENT

7093/SiC/15p o) My ¢ # 130 pm
Figure 9: Optical micrograph of the arrested crack at the brittle/ductile interface.

In the present study attempt has also been made to investigate the volume of material participating
in the dynamic failure process. Of particular interest is the plastic deformation in the ductile
reinforcement layer in the wake of the crack. In view of this, all dynamic fracture experiments
were conducted with an orthogonal Moire grid with a pitch equal to 5 Um on the specimen
surface. Preliminary results, as shown in Figure 10, indicate that the ductile layers fail
predominantly in a shear mode.

Figure 10: Moire fringes for U displacement in a ductile phase reinforcement layer.
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FRACTURE OF LAMINATED AND IN SITU
NIOBIUM SILICIDE-NIOBIUM COMPOSITES
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ABSTRACT

The mechanisms contributing to the fracture resistance of refractory metal intermetallic
composites containing a BCC metallic phase (niobium) were investigated using model Nb-Si
laminates and /n situ composites. The controlling influence of ductile phase yield strength and
fracture behavior were investigated by varying laminate processing parameters, and/or altering
temperatures and applied strain rates during fracture experiments on all materials. The fracture
behavior of “ductile” constituents were found to be influenced by phase grain size, solid solu-
tion content, constraint (as influenced by interfacial bond strengths), and the testing condition
(high strain rates and low temperatures). The measured fracture resistance, when compared to
theoretical models, was shown to be controlled by the “toughness” of the “ductile” phase and
independent of the fracture behavior promoted (cleavage and ductile). The loss in ductility due
to cleavage by high constraint, high strain rates and/or low temperatures was compensated by
high yield and cleavage fracture stresses in order to provide a level of toughening similar to that
contributed by ligaments which failed with lower yield stresses and greater strains.

INTRODUCTION

Refractory metal intermetallic composites based on the binary Nb-Si system have received
considerable attention for high temperature applications (> 1273 K) during the past decade.
Primary interest in these systems has been promoted by the high melting temperatures of the
5:3 transition metal silicides, and their superior strength, stiffness and creep resistance.[14] Use
of these materials in critical structural applications, however, is limited in part by the low
ambient fracture resistance of the monolithic materials (i.e. 1 to 3 MPaVm for NbSi,).£5-7]
Among extrinsic techniques, composite incorporation of ductile-phase reinforcement has
emerged as a potent method to augment the room temperature fracture resistance of brittle
intermetallics and ceramics. The thermodynamic stability(8] and mechanical compatibility of
Nb;Si; and terminal Nb(Si) phases imply that a variety of processing routes are available to
construct toughened composites. The wide two phase field in the Nb-rich end of the equilib-
rium Nb-Si phase diagraml8], Figure 1, shows that a range of compositions can be chosen. The
stability of the two phase system to 1923 K is also ideal for powder blending or layering
constituents prior to consolidation or bonding operations.

The ductile-phase toughening process envisioned for ix situ composites is illustrated in
Figure 2(a) with a non-catastrophic brittle matrix crack propagating into an array of ductile
particles. The bridging intact ligaments reduce the stress at the crack tip through elastic loading
and plastic deformation. Creation of additional ligaments transfers more of the far field stress to
the developing bridged-zone, requiring higher applied stress intensities to propagate the crack
tip. The steady-state fracture resistance of materials has been modeled[®] based on microstruc-
tural quantities and mechanical properties of the metallic phase. The increase in fracture energy
(AG) over that of the brittle matrix is controlled by the area fraction of particles on the fracture
plane (Vy), their size (a,), the uniaxial yield strength (o), and the “work of rupture” () of the
ductile material, as shown in the following relationship:

AG=Vp-a,-0y % {1}

Previous work has clearly demonstrated that flow and fracture of a ligament can deviate from
the uniaxial tensile response due to the constraint of the surrounding elastic matrix.[10:111 The
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constraint level, in turn, is governed by matrix/particle interfacial debonding as shown in Figure
2(b). Because the area beneath these normalized curves are -values, it is apparent that a
critical amount of debonding can maximize the “work” performed by the ligaments when

comparing experimental conditions where oy cannot change. In laminate materials containing a
ductile layer, the 6, and ) parameters will influence the toughness increment in the same way.

In addition to constraint, test conditions (applied strain rate and temperature) and metallur-
gical state (solid solution content and grain size) can influence deformation and fracture (plastic
rupture versus cleavage) of a body-centered cubic metal. The present paper reviews recent
works designed to investigate fracture niobium silicide (NbsSi3) - niobium (a body-centered
cubic metal) composites produced by lamination or in situ casting techniques. Slow strain rate,
room temperature fracture experiments were used initially to characterize the development of
the fracture processes in all composite types.[3-5.7.121 Modification of laminate fabrication
techniques provided a means of altering interfacial strengths, and Nb layer grain sizes and solid
solution contents.[6:13] Variation in test temperature (laminates and in situ composites) and
displacement rate (in situ composites only) have been used to change the response of the
niobium phases. Composite toughness and fracture behavior (brittle versus ductile) of the Nb
interlayers and Nby, and Nby in sifu phases were quantified extensively.

2600
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Figure 1. Relevant portion of the modified
Nb-Si binary phase diagram.[8]
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Figure 2: (a) Schematic of the ductile-phase toughening process. (b) Constraint effects on
fracture of ductile ligaments.[111
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EXPERIMENTAL METHODS

Nb Foils Heat Treatment and Laminates Production

Recent works[6-13.19] have utilized commercial purity, 250 pm thick Nb foils (Aldrich
Chemical Co.) for later lamination with sections of hot pressed NbsSi; compacts (powder
production and consolidation is described elsewherel6.13]1). The tensile deformation and fracture
behavior of the foils at 298 and 77 KI13] were evaluated in three conditions to investigate grain
size and/or chemistry effects: (a) as received (AR) (10 um grain size), (b) vacuum heat treated
(VHT) (210 pm grain size), and (c) vacuum heat treated with Si in solid solution (Nb(S1)) (210
um grain size). The heat treatments for (b) and (c) were chosen to mimic microstructural
changes (large grains and large grains/ Si solid solution, respectively) that result from the diffu-
sion bonding practice described below for making laminates. The large grained VHT material
was produced from AR foils after a 1473 K, 5 h heat treatment. When possible, all heat treat-
ments were conducted with samples wrapped in Ta foil to minimize sample exposure to carbon,
oxygen and other impurities.

Tri-layered laminates (i.e. NbsSia/Nb/NbsSi;) were producedI6.13.14] with Nb foils (a, b or ¢)
between 4 mm slices of NbsSi; and bonded by one of two methods. Diffusion bonding was
accomplished by hot pressing the layered system in vacuum at 1473 K for S h under 10 MPa
pressure. (High temperature exposure of the layered system without pressure allowed removal
of a Nb(Si) layer to be tested as (c) above.) Other laminates with AR or VHT layers were
bonded between NbsSi; layers with a structural adhesive EC1386 (3M Company). The adhe-
sive was cured by heating to 450 K at 5.5 K/ min, holding for 1 h, then slow cooling all under an
applied pressure of 0.16 MPa, the result was a 20 um thick adhesive layer at the interface.
Table 1 summarizes the Nb layer and laminate processing parameters. Smooth tensile bars were
fabricated from the three Nb layer types. Notched bend bars were fashioned from each laminate
such that specimen width (W) by thickness (B) dimensions were 8 x 4 mm? Notches were
placed in the silicide =150 pm from the interface, or to crack depth-to-width ratios(a/W)
between 0.45 and 0.55.

Nb-10 at.% Si In Situ Composite Materials .

Nb-10 at. % St materials were vacuum arc-cast (Westinghouse, Inc.), extruded in Mo cans at
5.5:1 and 1773 K (Wright-Patterson Air Force Base), and heat treated in vacuum at 1773 K for
100 h.134.121 Notched three point bend bars were machined from the extrusions with the long
axis of the bars parallel and the notches perpendicular to the extrusion direction.[12] The small-
est specimens, WxB =6x1.5 mm? and a/W = 0.5, were fractured in in situ monitored tests.
These samples were slit-notched by a low speed wire saw providing notch root radii of = 35
um. Larger specimens were used in remaining toughness tests with typical W x B x (/W)
dimensions as follows: 9 x 6 mm? x (0.2 to 0.4) and 6 x 6 mm” x (0.45 t0 0.55). Mechanical
polishing of the samples facilitated fracture monitoring via scanning electron microscopy (SEM)
techniques or post-test examination of damage accumulation during crack propagation.

Directionally Solidified (DS) Nb-Si and Nb-Si-Ti In Situ Composite Materials

Directionally solidified binary and ternary alloys with compositions listed in Table 2 were
produced at General Electric Corporate Research and Development using a Czochralski tech-
nique.[15) Materials received were fabricated into single-edge notched bend bars with W x B x
a/W dimensions of 2.5 x 1.5 mm? x 0.5, conforming to standard sample dimensions.[16] Room
temperature toughness values and resistance-curve behavior of these materials were previously
quantified by Bewlay et al.,[15] focusing the present work at 77 K and 773 K to investigate the
influence of Nb(Si,X) yield strength and fracture behavior on toughness.

Tension Experiments on Nb Foils

Smooth tension experiments were performed on the three Nb layers (AR, VHT or Nb(Si))
at 298 and 77 K (liquid nitrogen).[!3] The room temperature samples were machined with gage
sections of 6 x 0.25 x 12.7 mm>, while the lowest temperature samples were prepared with
reduced gage sections (3 x 0.25 x 20 mm®). Samples were loaded on a screw-driven Instron
1125L at an initial strain rate of 10”/sec.
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Table 1: Nb layer heat treatment and laminate ~ 7able 2: Compositions of DS alloys manufac-

production.[6,13,14] tured and vol.% of metallic phase.*
Nb Layer Laminate Composition Vol.% Nb(Si)
Layer| Processing(*) Construction(#) at.% Si at.% Ti or Nb(Ti,S1)
AR | AsReceived | Adhesive Bonded 14 - 57.6
Epoxy: 450K/1h 16 - 40.5
VHT | 1473K/5h i Adhesive Bonded 18.2 - 37.6
in vacuum Epoxy: 450K/1h 19 - 26.1
1473K, 5h Diffusion Bonded 22 - 16.4
Nb(Si)| (Sidiffusion i Hot Press: 10MPa, 12 21,27 543 413
Nb;Siy = Nb) 1473K, Sh 16 21.27 33 1345 273 374
* Processing for tensile testing and laminate fabrication 15 425 36.6
# Laminates were tri-layered in the form of 36 33 593
NbsSi3/X/NbsSis: X = Nb Layer condition to left 55 55 55 ~3

¥ Materials produced and microstructures
analyzed by Bewlay et al [1>
Fracture Toughness Experiments on Laminates and In Situ Composites
Fracture toughness experiments were performed on the variety of materials/samples de-
scribed above, in which the single-edge notched specimens were loaded in three point bending
using standard guidelines.[16] Initial characterization of fracture processes in the diffusion and
adhesively bonded laminates and Nb-10 at.% Si composites involved real time fracture observa-
tion within a JEOL 840A SEM equipped with an Oxford Instruments deformation stage.
Specimens were loaded with span(S)-to-width(W) ratios of 4:1 and at a load point displacement
(LPD) rate of 1 tm-sec-!. Polished sample surfaces were oriented perpendicular to the electron
beam so that surface cracking events extending from the notch root could be monitored. The
loads (Pg) at which initial and subsequent cracking events were observed were used in the
following equationl!6] to determine the initiation toughness and to construct the resistance(R)-

curves (K versus Aa):
Kq = (PQS)/(BW3/2)-f(a/W) (2

Loading span (8), thickness (B), width (W), crack length (a) and geometrical factor (f(a/W))
were utilized to determine the stress intensity in (MPaVm) units.

Fracture toughness tests on larger samples of laminates or in situ composite samples were
performed on screw-driven Instron (1125L) or servohydraulic MTS equipment. Although the
laminates were tested at a one displacement rate at 298 and 77 K, the Nb-10 at.% Si materials
were fractured over a range of LPD rates (4.2:10 to 8-10! mm-sec!) to induce a variation in
initial strain rates (and fracture behavior) at both temperatures. Loading rates (N-sec!) in the
linear elastic portion of the test traces were calculated to normalize the testing rate data for
specimens of slightly different dimensions. The 77 K tests were conducted by immersing the
three point bend samples/fixture in liquid nitrogen. In the 773 K experiments on DS in situ
composites, the system was sealed by a quartz tube for flow of argon during the test, and
temperature controlled with a resistance heated furnace and a thermocouple on the samples. The
peak loads (Pg) recorded and specimen dimensions were used in equation {2} to determine the
fracture toughness of each sample.[12]

Post-failure analysis consisted of SEM inspection of the fracture behavior of Nb interlayers
and in situ formed Nb(Si,X) phases. Montages along the laminated Nb interlayers and from the
notch to the back faces along the “plane strain” regions (sample mid-sections) of Nb-10 at.% Si
samples were used to quantify the percentage of brittle/ductile fracture of the Nb constituents.
Stereo imaging of laminate fracture surfaces provided a means to assess interfacial bonding
characteristics on fracture behavior of Nb layers. Quantification of behavior in Nb-10 at.% Si
samples was determined in terms of percent cleaved Nb, ligaments by comparing area fraction
of cleaved Nb, to total vol.% Nby,. The failure of the Nbs in Nb-10 at.% Si and Nb(Si,X) phases
in DS composites was examined qualitatively in a variety of locations on the fracture surfaces.
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RESULTS AND DISCUSSION

Microstructural Analyses

Table 3 summarizes the effects of processing condition on the resulting grain size and
impurity content of the Nb foil in the laminate materials.[13] The VHT schedule caused recrys-
tallization and grain growth (210 pm) compared to the AR foils (10 pm), and some pickup of C,
O and N impurities from the graphite dies and limited vacuum (10* torr). Preparation of Nb(Si)
foils by diffusive reaction between pure Nb and NbsSi, not only lead to 1050 ppm Si levels in
the Nb(Si) but O contamination from the silicide matrix.

The typical microstructure of the Nb-10 at.% Si composite in three orthogonal views is
shown in Figure 3[12]. The large Nb,, particles (light phase) and NbsSi; (dark phase) have been
elongated in the direction of extrusion. The Nb;, phases occupy 51.3+4 vol.%, have an average
width of 17.0+1.2 ym, and grain size of 12.741.8 um. The aspect ratio of the Nb,, ranged from
5:1 to 10:1 along the extrusion direction. The remaining structure is occupied by eutectic NbsSiz
and secondary niobium (Nbs). The Nby is 24.3+2 vol % with 2.7+0.3 Um average size. Intersti-
tial contents were relatively low: 230 ppm for oxygen and 50 ppm for nitrogen.

The DS microstructures were analyzed by Bewlay et al [15] and their observations summa-
rized here; ductile phase vol. % are listed in Table 2. The Nb-Si binary materials varied with Si
concentration as dictated by the phase diagram. Hypoeutectic compositions contained Nb,
dendrites with interdendritic eutectic (Nb, and Nb;Si); hypereutectic compositions contained
primary Nb;Si with interdendritic eutectic. The presence of Nb,Si rather than equilibrium NbsSi;
has been shown to result from the sluggish transformation kinetics requiring elevated tempera-
ture exposure for long timesl®8.15] (as was performed at 1773 K for 100 h for the Nb-10 at.% Si
composites). The silicide constituent in the present toughness samples was Nb;Si. Solidifica-
tion of Nb-Si-Ti ternaries generally resulted in two phase materials consisting of Nb(Si,Ti) and
(Nb,Ti);Si, however the primary solidification phase was dependent on alloy composition.
Alloy of Nb-21at.%Ti-22 at.% Si and 32.3 at.% Ti- 19.2 at.% Si also contained low volume

fractions of Nb(Ti)sSi,. Quantitative analysis showed the Nb(S1,Ti) to contain 29-44 at.% Ti and
1.6-2.4 at.% Si.

Mechanical Behavior of Nb Foils and NbsSi/Nb/ NbsSi '; Laminates

The typical stress-strain curves for the three foil types are shown in Figure 4,131 while
particular stress values and general observations are listed in Table 4.[13] The 298 K behavior
was influenced considerably by the heat treatment condition. Exposure of a foil to vacuum heat
treatment (VHT with 210 um grain size) caused a decrease in strengths compared to those of
AR foil (10 um). Because Nb has been shown to exhibit a small Hall-Petch slope,[17:18] the
differences in the behavior result primarily from changes in substructure by recovery and
recrystallization rather than from grain growth alone. Silicon containing Nb(Si) (210 pm),
demonstrated higher strengths than the other two foil types. Silicon is a potent solid solution
strengthener of Nb,[12.13,19 increasing the yield stress at 298 K without producing a significant
loss in ductility. All specimens at 298 K failed by ductile fracture with high reductions in area.
At 77K, increases in yield stresses were recorded for all specimens consistent with behavior of

Table 3: Microstructural analysis & impurity ~ Table 4: Tensile properties of Nb layers.[13]

content of Nb foils & NbsSi, matrix.[13] Nb LayerTemp! 6, | Oyurs {RA* Fracture
Impurity | AR { VHT : Nb(Si){ Nb.Si, Condition| [K] IMPa}[MPal [%]: Mode
d(um)y# | 10 210 210 ) AR 208 : 268 i 358 i 78 i Ductile
C (ppm) | <10 i 420 210 980 VHT | 298 { 186 : 222 i 79 i Ductile
O (ppm) | <125 490 i 1300 1260 Nb(Si) | 298 { 363 i 390 i 76 i Ductile
N (ppm) | <50 i 120 190 * AR 77 % 730 : 900 i 93 i Ductile
H (ppm) [ <5 * * * VHT 77 i 661 i 765 i 6 iCleavage
Si (ppm) | <100 90 1050 § 16.9 wt.% Nb(Si) | 77 : 844 i 960 i 8 :Cleavage
#0rain Size (diameter); *Value not measured *Reduction in area for ductility measurement.
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Figure 3: Three dimensional view of arc cast, extruded and heat treated NbsSis/Nb.112]
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Figure 4: Tensile properties of unconstrained Figure 5: Comparison of energy absorbed

Nb interlayers at 208 and 77 K.I'% during deformation and fracture of Nb layers [13)

body-centered cubic metals. The failure behaviors were noticeably different, where fine grained
AR samples failed by ductile rupture and coarser grained VHT and Nb(Si) samples failed by
cleavage. This fracture mode change at lower temperatures is in line with Orowan’s[20] pro-
posal of a brittle fracture stress. The grain size and substructure differences on brittle-ductile
transition are consistent with Cottrell’s model(21] for cleavage fracture strengths, as will be
addressed specifically for Nb-alloys in a later section.

Because the mechanical response of ductile ligaments were theoretically shownl’] (Figure
2(b)) to be critical to the toughness increment, the energies required to deform and fracture the
Nb foils were calculated by measuring the energy under each stress-strain curve. The values,
plotted in Figure 5, summarize the energies for loading specimens to maximum stress and
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completely to failure at both temperatures. The figure illustrates the beneficial effects of heat
treatment on failure energy compared to AR material despite drastic changes in fracture behav-
ior and shape of the stress-strain curve. It was found that Nb(Si) failed with greater energy at
peak stress and in total at 77 K compared to the values for AR at 298 K, although Nb(Si) failed

by cleavage fracture and the AR by ductile rupture. Figures 4 and 5 and Table 4 show that
processing can affect the mechanical properties of the constituents, and that high failure energies
are possible even when samples fail by cleavage. Both have important implications on the
behavior of these materials systems to predictions of “ductile”-phase toughening models.

The fracture behavior of the laminates were determined from bend experiments at 298 and
77 K 1613} In room temperature experiments conducted in the SEM, the typical view of the
fracture process in a diffusion bonded laminate at high stress intensity is shown in Figure 6.
Cracks have initiated from the notch and in the Nb;Si; layer below the Nb(S1). Little interface
debonding is noticeable, however, constraint is relieved by multiple microcracking along several
hundred microns of the interface.[13] A significant level of plasticity in the Nb(S1) is observed to
the left of the notch where more microcracking is present. Below the notch and to the left are
stable cleavage microcracks which have opened due to the high constraint in these locations but
have been blunted. Several experiments were conducted at room temperature producing an
average toughness of 8.6 + 1.5 MPavm.[13] A typical fracture surface, Figure 7, shows a dual

Figure 6: In situ observation of fracture in diffusion bonded laminate. Interfacial microcracking
relieves constraint, however, cleavage microcracks (arrowed) were nucleated in some areas.[6:13]

Figure 7: Fracture surface of diffusion bonded Nb(Si) layer tested in bending at 298 X (two-
thirds of specimen width is shown) demonstrating mixed-mode failure Ecleavage and ductile).
Asin Fig. 6, arrested cleavage microcracks (arrowed) are also present. [13] ;
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fracture mode existing of 40% cleavage and 60% ductile fracture. The root cause to the dual
fracture mode was investigated by examining the interfaces (bonded versus debonded) and local
Nb(Si) fracture behavior usin% stereoimaging. The results of the analysis are presented in Table
5. In general, it was found(3] that at interfacial areas which debonded, whether on the notch- or
bottom-side, the Nb(Si) had a greater tendency fail in a ductile manner locally (i.e. 68 and 72%
measured), whereas next to well-bonded regions, the Nb(Si) tended to cleave (82 and 96%
measured). These results demonstrate the controlling effects of constraint (Figure 2(b)) on the
brittle-ductile transition in BCC containing systems. Overall, the lamination process has lead to
constraints which have aided a brittle-ductile transition because Nb(Si) at 298 K failed by 100%
ductile rupture.[13] Another diffusion bonded laminate tested at 77 K failed entirely by cleavage
at 6.2 MPavVm, only a small drop compared to the 298 K value. As demonstrated in Figure 5
for the smooth tension samples, the toughness (or area below the curve) can remain high even at
low temperatures where the primary failure mode is cleavage. More recent work to measure
fracture toughness has confirmed this finding.[22]

Table 5: Analysis of interface/Nb fracture.[!3]
Location/Interfacial

Qbservations % Debonded
Notch Side . Bottom-Side 63 .36
Cleavage [%]

Bonded Notch , Bottom 82 .96
Debonded Notch , Bottom 32,28

The adhesively bonded samples constructed with AR and VHT foils fractured at 7.1 and 7.8
MPavVm, respectively, calculated using the peak loads experienced in the 298 K experiments.[13]
The fracture process was characterized by the propagation of a single crack from the notch to
the interface, interface debonding, fracture reinitiation in the NbsSi; layer below the Nb layer,
and, finally, plastic rupture of the Nb layer.[!3] The fine-grained AR layers showed homogene-
ous deformation, but the coarser-grained VHT foils deformed inhomogeneously.[13.14] Although
the fracture behavior of the diffusion bonded and adhesively bonded samples were distinctly
different, the toughness in laminates with constrained Nb(Si) were on average higher as expected
from the ranking of tensile fracture energies. As suggested earlier, it appears that the
“toughness” of the laminate system is controlled by the behavior of the “ductile” Nb layers.
The mere appearance of cleavage is not necessarily an indicator of low toughness, provided that
large amounts of energy are absorbed during the deformation and fracture process.

Fracture of Nb-10 at.% Si In Situ Composites: SEM Observation of Crack Growth
The typical range of R-curve behavior demonstrated by Nb-10 at.% Si samples are shown in
“Figure 8. Crack initiation in the composites occurred on the bend bar surfaces from 5 to 20
MPaVm depending on the microstructure near the notch tip. Crack initiation was followed by
development of a microcracking “damage zone” and ligament bridge formation requiring higher
applied stress intensities to propagate cracks. Although some scatter is noted in the R-curves
behavior due to slight microstructural variations in the samples tested, an average steady state
peak stress intensity value of 28 MPav¥m was found at crack extension less than 400 um. A
view of the bridging ligaments and the microcrack damage zone leading to the R-curve behavior
is pictured in Figure 9. The microcracking of NbsSi3 (darker contrast phase) and plasticity of
the Nby, (lighter contrast) are clearly visible. The fracture surfaces in the regions of the rising R-
curves typically showed extensive plastic stretching and dimpled fracture of Nb;, as well as
evidence of interfacial debonding (Figure 10).
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Figure 8: Resistance-curve behavior exhibited by Nb-10 at.% Si composites.[12]

23 5

Figure 9: Photomicrograph taken of a well-developed crack in a composite. The large Nb%
phase (light contrast) bridges the crack. A bridged-zone length of 300 to 400 um is seen (1]

Figure 10: Typical appearance of near notch fracture surface in regions of the rising R-curve
(within 300 to 500 um). (a) Ductile stretching of Nby, (arrowed) accompanied by some debond-
ing is generally observed. (b) The small Nby also fails by ductile rupture (arrowed).[12]
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The Nb,, and Nby phases provided for R-curve behavior and peak stress intensities exceed-
ing those determined previously for monolithic NbsSi3 (i.e., 1 to 3 MPavVm).14.6:81 The fracture
behavior measured was compared to the predictions of toughening models presented earlier.
Equation {1} was inverted to estimate the work of rupture () for the Nb phases from bulk
properties. After substituting an expression for strain energy release rate, the equation takes
the following form:

1=1V(o,a, [(1 - 1)2)K2/E ~(1= v —ufn)Kfn/Em] {3}

The steady-state toughnesses of the composite (K) and matrix (Ky,), elastic moduli of the
composite (E) and matrix (Ep,), and Poisson's ratios for the composite (v) and matrix (vy,) were
incorporated. Nb, phases were assumed to provide the majority of fracture resistance, there-
fore, microstructural quantities, a, and Vy, were given values of 17 um and 51 vol.%,
respectively. The yield strength (o f for Nbj, phases at low strain rates at 298 K was estimated
to be 360 MPa from compression[d and tension tests(!] with identically processed Nb(Si).
The values for K, E, By, Vi and vy, were 28.4 MPavm, 139 GPa [12], 327 GPa,[4:8231 0.2 and
0.35, respectively. Inserting these constants into the expression lead to a calculated f(-value of
1.62; similar values were calculated for other cast and extruded Nb-Si materials.[423

This y-value suggests that the Nby, in the bridged-zones deforms under high constraint.
Deformation studies of Pb constrained by glass capillaries(!!] found -values ranging from 1.6
to 6, the former resulting when the Pb was unable to debond from the elastic matrix. Asa
consequence, flow stresses in the Pb were nearly six times the unconstrained uniaxial yield
stresses (6-0y), implying that in the Nb ligaments in the current material could experience (6:360
MPa) or 21810 MPa. Fractography clearly showed that even at these high stress levels, the Nbp
(and Nbs) were able to remain ductile in the region of the rising R-curve at slow displacement
rates. Experiments to be presented in the following section show that higher strain rates and
lower temperatures can augment flow stresses to a point that cleavage fracture takes place
without necessarily lowering the measured toughnesses.

Fracture of Nb-10 at.% Si In Situ Composites. Rate and Low Temperature Effects

The fracture toughnesses determined over six orders of magnitude in loading rate are shown
(Figure 11) to be independent of testing rate with an average value of 24.1+2.2 MPavm. The
fracture surfaces created were macroscopically flat. Higher magnification examination, Figure
12, revealed a consistent behavior in the fracture characteristics of the Nby,: ductile failure in the
notched regions and an increasing percentage of cleavage at the sample mid-plane. The fracture
behavior of the Nb,, ligaments was quantified from the notch to the back face along the plane
strain regions. Figure 13 compares the results from a slow rate test (4 N-sec!) to that for one
tested at a higher rate (3-10% N'sec'!). In the slower rate sample, the area fraction of cleaved
Nb, increased steadily from 8% near the notch to a peak of 42% half-way along the fracture
surface then decreased toward the back face. On the specimen broken at the higher rate, Nb,,
had a greater tendency to cleave over the entire surface without an accompanied change in the
fracture toughness. It is readily apparent that the testing rate has lead to a substantial difference
in the fracture behavior without altering the measured toughness values. On the other hand,
examination of Nbs ligament fracture revealed that they always exhibited ductile rupture in all
locations of the fracture surfaces, even to the highest rates tested here. The variation in Nb
ligament fracture behavior on a single fracture surface is believed to result from a change in the
crack tip velocity. In fact, rate of fracture estimatesl24] versus a/W and with initial loading rate
consistently found this and a similar variation in fracture behavior with the quantified fracture
behavior. Higher velocity cracks resulted in a higher percentage of cleavage fracture due to high
strain rates and slower cracks similarly allowed plastic rupture of the ligaments.

Toughness tests at 77 K were performed to raise the yield strengths and to induce cleavage
of the Nb,. Measurements made over a similar range of loading rates as those at 298 K are
compared in Figure 11. The toughness values again were independent of testing rate and the
average value (23.6 MPaVm) essentially the same as that measured at 298 K. The load-time
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Figure 11: Fracture toughness versus loading rate for Nb-10 at.% Si materials at 298 K and
77 K. The fracture toughness is unaffected by loading rate and temperature.[12]

Figure 12: Comparison of (2) near-notch and (b) ne-ar-centr‘regions of a sample fractured at
298 K and slow rates. A greater fraction of Nb, phases are observed to cleave in (b).[12]

test traces indicate that the load drops were severe and unstable fracture took place after the
initiation of a crack at the peak load. A higher percentage of cleavage is observed in the notch
region of specimen tested at 77 K as compared to the 298 K tests. Unlike at 298 K, the fracture
behavior of Nby, did not change dramatically with position along the fracture surface. Qualita-
tive examination showed that the Nby did not appear to cleave at any fracture surface location.
Because composition and constraint are expected to be the same for Nb, and Nbs phases, the
different fracture behavior is possibly due to grain size effect controlling cleavage fracture
stresses. This will be addressed in a later section.

Little change in fracture toughness at higher testing rates or lower temperatures was detected
although a more “brittle” fracture mode became more dominant in regions near the notch tip.
According to expression {1}, the energy absorbed per volume in deforming ligaments is the
product of the ligament yield strength (oy) and the normalized work of rupture (¥), or (Gy).
This ligament “toughness” controls the composite fracture properties. The current results
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Figure 13: Quantified fracture transition behavior of Nbj, with crack tip position on larger
specimens tested at 298 K (two initial loading rates) compared to one tested at 77 K.[12

suggest that altering experimental conditions to increase yield strength and to promote fracture
transitions did not change the “toughness” of the ligaments. The increase in yield strength must
be accompanied by a decrease in “work of rupture”.[12] Through the strain rate dependence on
yielding of pure NblI25], the strengthening effects provided by Si solid solution,[6,12.13.19] and
yield strength measurements for Nb(Si) at 77 K,[1219] the o, values for Nb, at high strain rates
and low temperatures can be estimated to be 560 and 870 MPa,[12] respectively. The flow
stresses could increase from 2160 MPa (298 K, low rates) to 3360 MPa (highest rate, 298 K) to
5220 MPa (77 K, low rate) in absence of cleavage fracture. As suggested above, the x—value at
the highest rate at 298 K and the nominal rate at 77 K fell to 0.64 and 0.40 of the slow strain
rate, 298 K value, respectively. This decrease is consistent with previous work on pure Nbl26]
that demonstrated a decrease in uniform strain at higher rates and lower temperatures (as yield
stress increased). The appearance of lower ductility cleavage fracture of Nb, on the composite
fracture surfaces would provide another means for lower y-values.

The calculations clearly show that y-values do not need to be large for this composite to
remain tough because the yield and cleavage fracture strengths are high values.[12} In reviewing
previously published work detailing uniaxial stress-strain curves for Nb and Nb-alloys, and
constrained fracture experiments on pure Nb and Nb(Si), the toughness Nby, is not expected to
change dramatically over the range of testing conditions. The measured areasl!2] below stress-
strain curves from Sargent’s work on pure Nb{26] over a range of strain rates are consistent with
the temperature effects already presented from Figure 5 for pure Nb and Nb(Si). Other
work[!7] on pure Nb at 298 K, 196 K and 77 K, showed that fine and coarse pure Nb main-
tained a high “toughness” value to the lowest temperatures, even when a transition to cleavage
fracture occurred. In addition, notched tensile studies(27-29) showed a lack of notch sensitivity
to low temperatures. Toughness estimates(!2] from notched tensile experiments on Nb(Si)
materials indicated toughness values above 20 MPaVm even at 77 K. Recent work!22] has
shown this conclusively on precracked fracture toughness samples.

The true cleavage fracture stress (of) for pure and alloyed Nb (Nb(Si) and Nb(Zr)) were
previously measured(12] to determine the temperature and solute dependence on o and to
predict the stress required to cleave Nb, and Nb; phases. The results of this study demon-
strated temperature independence from 20 to 148 K for 135 um grain sized materials and a lack
of influence of small additions of Si or Zr on effective surface energies compared to pure Nb.
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These results, and estimates from smooth tension{17) and more current notched bend experi-
ments!1922] provide thirty o measurements to determine the effects of grain sizes (ranging
from 48 to 310 pm). The trends compared well with Cottrell’s predictions for grain size (d)
dependence on tensile fracture stress in body-centered cubic metals[21] where opecd®®. Alinear
regression fit through the data produced the following relationship:

op = 543+7656- (d[um ) {4}

Based on this relationship, the cleavage fracture stress for the Nby, ligaments (12.7 um grain
size) would be estimated to be 2700 MPa and smaller Nbs (2.7 jtm) would cleave at 5200 MPa.

The fracture experiments produced a significant variation in failure mode of Nby, on single
fracture surface, or when comparing to those produced at other rates or temperatures. The
constrained flow stress for Nb, was discussed earlier to be 2160 MPa at 298 K under slow
strain rates, however, fracture was primarily ductile because the cleavage fracture stress was
higher, at about 2700 MPa. At higher strain rates or low temperatures, the flow stress is
augmented since and the appearance of cleavage becomes more dominant. Four orders magni-
tude change in strain ratel12] can provide the required increase in yield stress to cause
constrained flow stresses to reach 6. At 77 K, 6-6, was 5220 MPa causing an expected
transition for 60% to 100% of the Nb;, ligaments in lgigure 14. Since the cleavage fracture stress
of the smaller Nby particles was predicted to be 5200 MPa, it is clear that although they did not
exhibit cleavage, they must be on the verge of doing so.

Fracture of DS Nb-Si and Nb-Si-1i In Situ Composites

The fracture toughness of the binary and ternary materials from 77 to 773 K are plotted as
separate bar charts in Figure 14 as a function of their metallic phase content. As in the case for
Nb-10 at.% Si composites, there was not a significant influence of temperature on the fracture
toughnesses of either alloy type. The variation in room temperature fracture toughness of the
binary alloys was found to be linear with total vol.% Nb(Si),[15] an unexpected result when
considering the that equation {1} suggests K o< VV;. The deviation from model behavior
possibly results from other contributions from microcracking, crack deflections and phase size
(a, in the equation), especially in alloys containing both Nb, and Nb, phases. In the alloys with
26.1 and 16.4 vol.% Nb(Si) (hypereutectic compositions) it was proposed that blocky NbsSi
phases in the microstructures promote crack deflection processes which enhance toughness.
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Figure 14: Temperature effects on fracture toughness of DS Nb-Si and Nb-Si-Ti composites
plotted relative to the total vol.% of Nb(Si,X) phases within the structure.
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Although processes in addition to ductile-phase toughening may be operating, it is clear that
changes in temperature should only affect the behavior of the metallic phase or matrix/particle
interface as the testing temperatures were well below the brittle-ductile transition for the
intermetallic. At the lowest temperatures, the changes in Nb(Si) behavior was characterized by
cleavage fracture of larger Nb,, however, the smaller Nb phases exhibited ductile fracture. In
the elevated temperature tests, both phases, when present, failed by ductile rupture. The
fracture surface and toughness observations are consistent with the conclusions drawn from the
work on Nb-10 at.% Si on the phase grain size dependence on cleavage fracture stress and
consistency in Nb(Si) toughness over the range of conditions.

The fracture toughness of the ternary Nb-Si-Ti alloys were observed to exceed those values
for binary materials of approximately the same vol.% of ductile constituent. This comparison
may be somewhat misleading, since the vol.% in Nb(Si) represents phases of two sizes (Nb,
and Nb,) whereas the Nb(Si, Ti) were approximately the same size in all composites. On all
fracture surfaces produced from the various compositions and at 77 and 773 K, the Nb(Si,Ti)
phases (=10 pim in size) were observed to fail in a ductile manner. Based on previous work(30]
on Nb-Ti alloys, the 29-44 at.% Ti in the Nb(Si,Ti) phases may have lead to additional solid
solution effects (along with that provided by Si) to cause significant increases in yield strengths.
In such a case, the higher yield stresses and absence of cleavage fracture have increased fracture
toughnesses. These alloys again demonstrate the controlling effects of Nb phase toughness on
the resultant composite fracture behavior.

CONCLUSIONS

(1) Processing was observed to affect the mechanical properties of the Nb foils in the
laminates through modifications of the interfacial strength (and constraint on the deforming
layers), grain size and solid solution content.

(2) Constraint, strain rate and temperature control the fracture behavior of the Nb(Si,X)
phases or layers, while grain size and yield strength control the brittle-ductile transition appear-
ance of the phases.

(3) The fracture toughness of the laminates and in sifu composites is controlled by the
toughness of the Nb(Si,X) phases. Ductile phases that exhibit high yield strengths and low
failure strains (even as a result of cleavage fracture) whether due to constraint, elevated strain
rates or low temperatures, can provide the same level of toughening under conditions where
yield strengths are lower and ductilities are greater.
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TOUGHNESS AND SUBCRITICAL CRACK
GROWTH IN Nb/Nb;AL LAYERED MATERIALS

D.R. BLOYER, K. T. VENKATESWARA RAO, and R. O. RITCHIE
Department of Materials Science and Mineral Engineering
University of California, Berkeley, CA 94720-1760

ABSTRACT

A brittle intermetallic, NbsAl, reinforced with a ductile metal, Nb, has been used to
investigate the resistance curve and cyclic fatigue behavior of a relatively coarse laminated
composite. With this system, the toughness of Nb3;Al was found to increase from ~1 MPavm to
well over 20 MPaVm after several millimeters of stable crack growth; this was attributed to
extensive crack bridging and plastic deformation within the Nb layers in the crack wake. Cyclic
fatigue-crack growth resistance was also improved in the laminate microstructures compared to
pure Nb3Al and Nb-particulate reinforced Nb3Al composites with crack arrester orientations in
the laminate providing better fatigue resistance than either the matrix or pure Nb.

INTRODUCTION

Intermetallic materials are currently being developed as potential replacements for
superalloys in high performance engines [1-3]. However, due to their brittle nature, extrinsic
toughening techniques that invoke crack-tip shielding mechanisms [4,5] have often been used to
develop alloys and microstructures with improved fracture resistance, specifically by
incorporating fibers, particulates, or laminates as reinforcement phases [1-3,6-25]. In the present
study, we examine the fracture and fatigue behavior in a model Nb-reinforced Nb;Al composite,
where toughening is achieved by the addition of ductile Nb layers having layer dimensions in the
hundreds of microns. Results are compared with earlier studies which involved Nb/NbsAl
composites with Nb as ~20 um particulate reinforcement formed in situ by powder metallurgy
[6,7], or as ~1-2 um thick layers magnetron sputtered to form a microlaminate [8,9].

EXPERIMENTAL PROCEDURES

Nb3Al powder was cold pressed between 125 pm thick Nb foils to yield ~20 vol.% ductile
reinforced laminates. These were hot pressed in an argon atmosphere at 1650-1680°C under 37
MPa pressure for 25-40 min to give dense (>98% of theoretical density) composite cylinders.
The resultant microstructure consisted of evenly spaced 500 um thick layers of NbsAl separated
by 125 pum thick Nb layers (Fig. 1). An interfacial reaction zone, ~20-30 pum in thickness,
formed between Nb and NbjAl during processing at 1680°C, which resulted in ~30-40%
reduction in the Nb layer thickness.

Two orientations were investigated in this study, namely “crack arrester” (0° or C-L), where
the crack grows perpendicular to, yet sequentially through, the layers; and the “crack divider” (C-
R) where the crack plane is normal to the plane of layers,
but the crack advances through all the Ilayers
simultaneously.  Single-edged notched bend (SEN(B))
beams (with spans ~35-40 mm, thickness B = 3.5 mm and
width W= 12.5 mm) were used to study the resistance curve
(R-curve) behavior of the arrester orientation; compact
tension C(T) specimens (with B = 3.5 mm, W = 25.4 mm)
were used for fatigue testing. Similar C(T) specimens were
used for both fracture and fatigue testing in the divider
orientation. )

Fatigue-crack growth tests were performed at 25 Hz  Fig. 1. Coarse-scale Nb/NbsAl
using R = 0.1 with crack Iengths being monitored using laminate microstructure after hot
back-face strain measurements supplemented by direct  PTessing.
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observation with an optical telescope. Divider specimens were tested under decreasing stress-
intensity range (AK) loading. Arrester specimens were loaded in a series of constant AK
experiments to propagate the crack across 2 to 3 layers; the average growth rate across the matrix
and Nb is reported. R-curves were subsequently determined by manually loading pre-cracked
specimens under displacement control. Scanning electron microscopy (SEM) was used to
examine all crack profiles and fracture surfaces.

RESULTS AND DISCUSSION

Fracture Toughness and R-Curve Behavior

Results plotted in Fig. 2 illustrate that the addition of 125 pm thick layers of Nb to Nbs;Al
leads to toughnesses exceeding 15-20 MPavm compared to the intrinsic toughness of only ~1
MPavVm for NbsAl (Fig. 2a). Such toughening is achieved in both C-L and C-R orientations.
Even though only 20 vol% Nb was employed, these laminates exhibit markedly higher toughness
than that reported for in situ Nb/NbsAl composites [7] that contain 40 vol% of ~20 um Nb
particulates, or microlaminates that contain 50 vol% of ~1-2 um thick Nb layers (Fig. 2b). For
these latter materials, crack growth initiates in microlaminates at about 6 MPavm and increases
to a maximum (steady-state) value of ~10 MPaVm after ~200 um of crack extension; in the
particulate Nb/Nb;Al composite, the initiation and steady-state toughnesses are respectively ~1
and 6 MPavm, [7]. In contrast, current results on the coarser Nb/Nb;Al laminates do not show
evidence of crack growth until ~9 MPavVm, and in one case cracks continue to grow stably at
stress intensities approaching 70 MPaVm. This implies that oriented, high-aspect ratio
reinforcements in the form of fibers and particularly laminates can impart acceptable damage
tolerance to brittle materials, as also reported for Nb/MoSi, composites [12-14]. Furthermore, it
is clear that coarse-scale (i.e., hundreds of microns) layer reinforcements are more potent than
fine-scale (1-2 um) layers in enhancing the fracture resistance of Nb;Al-matrix composites.

As discussed below, mechanistically the elevation in crack-initiation toughness in the coarse-
scale laminates (Fig. 2) can be related to crack renucleation across the Nb layer; thereafter, crack
growth toughness on the R-curve is associated with crack bridging and plastic deformation in the
Nb. The rapid increase in toughness at larger crack extensions, e.g., at stress intensities above 30
MPavm, is caused by large-scale bridging, where the size of the crack-wake shielding zone
becomes comparable to the crack size and specimen dimensions. In this regime, the toughness
becomes highly sensitive to specimen geometry.
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Nb/Nb,A! laminate 15 — Nb/Nb,Al laminate
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- =
& 40~ Nb/Nb,Al laminate &
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5 {amacer) / N & NbB/Nb Al microlaminate
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4 ” S8 Prediction al- (f=0.4)
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N
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Fig. 2. R-curve behavior for the coarse-scale Nb/NbsAl laminates compared to (a)
monolithic NbsAl, (b) in situ NbsAl composites reinforced with Nb particulate {7]
and Nb/Nb;Al microlaminates [9]. Predictions for the R-curve behavior of the
Nb/Nb;Al laminates, based on small-scale bridging (SSB) and large-scale bridging
(LSB) models, are also shown in (a). Shaded region in (a) is magnified in (b).
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Crack/Layer Interactions

Extensive metallography showed that the development of the R-curve is associated with
significant crack-reinforcement interactions, involving crack arrest at the Nb layer and crack
renucleation ahead of the layer [10,11]. Typically the crack impinges on a reinforcing layer,
blunts, and renucleates across the layer with increasing applied stress intensity. This process
recurs as the crack advances across several Nb layers leaving them intact, which in turn leads to
the formation of large (~3-6 mm) bridging zones in the crack wake. Crack branching on one or
both sides of the Nb layer commonly occurred in the matrix near the Nb/NbsAl interface, but not
at the interface. These branches then linked up to form a single dominant crack as the crack
progressed across the specimen. Such near interfacial cracking resulted in “effective debonding”
at the Nb/NbsAl interface; thus, relieving constraint and promoting ductile failure in the Nb layer
[15,16]. Where near interfacial cracking occurred and constraint was relieved, the Nb layer failed
by microvoid coalescence. Conversely, when near interfacial cracking was not observed, the
constraint imposed on the Nb layer appeared to promote cleavage fracture.

Models for Toughening

Most models for ductile-phase toughening pertain to small-scale bridging conditions, where
the bridging zone is small relative to the crack length and remaining uncracked ligament in the
sample. However, as large-scale bridging conditions prevailed for these laminates, both small-
scale and large-scale bridging models are used below to evaluate the role of layered Nb
reinforcements on the fracture toughness of Nb/NbsAl laminates.

Small-scale bridging: Bridging models typically require two experimental parameters, the stress-
displacement function, o.(), for the constrained reinforcement in the matrix and the critical
displacement, i, at the failure of this reinforcement to estimate the nondimensional work of
rupture, . The reinforcement toughening contribution, AG, = fo,ty [16], can then be superposed
with the matrix fracture energy to give an expression for the composite toughness [17]:

-Jk*+E
K, ={K +E fo,tx )

where K is the steady-state (or plateau) toughness, and K, is the crack-initiation toughness.

To evaluate Eq. 1, we note that values of ¥ between 1.3-2.5 [14,18] have been reported for
Nb/TiAl and Nb/MoSi, laminates of similar microstructural scale; as these values were
influenced by small amounts of debonding, a conservative value of % ~ 1.3 is assumed here.
Taking K, ~ 9 MPavm (Fig. 2), f ~ 0.2, plane strain composite modulus, E” = 142 GPa (assuming
Ecomposite = 129 GPa and v ~ 0.3), flow stress of Nb, o, ~ 245 MPa [19], and the half thickness of
the layer, ¢ ~ 62.5 um, Eq. 1 predicts a steady-state toughness of ~25 MPavm, in reasonable
agreement with the measured plateau toughness (Fig. 2a). If allowance is made for the reduction
in t and f due to the presence of the reaction layer, the predicted toughness is somewhat lower
(~18 MPavm).

Large-scale bridging: An alternative model, developed for particle-reinforced composites
[20,21], treats the bridges as rigid plastic springs that provide uniform tractions in the wake. The
far-field stress intensity at steady state, K, is computed by superposition of the crack-tip stress
intensity, Ko, and the shielding stress intensity imparted by the tractions, AK, given as:

2 fL X a
Ak =_«/§I0 o) F(;’W)dx @)

where a is the crack length, x is the distance behind the crack tip, W is the specimen width, L is
the bridging zone length, 6(x) is a stress function describing the tractions in the wake, and the
geometric weight function F is given in refs. [20-22].
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For large-scale bridging conditions, Eq. 2 can be used directly, although predictions will be
complicated by the fact that the R-curve is also dependent on specimen geometry. A rigorous
modeling approach requires the use of the exact stress-displacement function (0.(x)) and crack-
opening profile (u(x)) for the specific geometry [23). However, assuming uniform tractions (o(x)
= fo,) and weight function, F, developed for single-edge notched samples [21,22], a simple
estimate for the R-curve under large-scale bridging conditions can be obtained by integrating Eq.
2 at various crack growth increments and superimposing the toughening increment, AK., over the
matrix crack-tip stress intensity K,. Predictions for the coarse Nb/NbsAl laminates are shown in
Fig. 2a up to a final bridging zone Jength of 5 mm. Although the simple mode! underpredicts the
toughness, the calculations are consistent with the observed trend for crack-growth toughness
(increasing slope and positive curvature) under large-scale bridging conditions.

Fatigue-Crack Propagation Behavior 10° : — T
In situ
Composite

‘ _——Nb metal
Fatigue-crack propagation rates for the coarse '
Nb/NbsAl laminates in the divider and arrester
orientations are compared to particulate-reinforced
NbsAl in Fig. 3. The cyclic crack-growth
resistance of NbsAl is clearly improved by ductile
reinforcement, but to a lesser degree than that
observed for the toughness. The incorporation of
Nb particulates by in situ processing [6] raises the
fatigue threshold from ~1 to ~2 MPaVm; this is
further increased to above 3 MPaVvm with Nb
layers in the divider orientation. As the crack is
continuously exposed to the intermetallic and ==
ductile phase in both these composites, their
crack-growth curves would be expected to lie 0" + ——— ;1'0 "
between those of the unreinforced matrix and of :
the pure reinforcement. The higher fatigue Stress Intensity Range, AK (MPanm)
threshold of the divider laminate reveals the
additional benefit of the high aspect ratio of the
reinforcement. Despite the increase in fatigue
threshold, the improvement in fatigue resistance is
not as large compared to the toughening increment
of a factor of 6 to 20 or more seen under
monotonic loading.  This is consistent with
behavior in other ductile-particle reinforced composite systems [14,24], and is generally ascribed
to a fatigue mechanism that degrades the shielding ability of the reinforcement. Similarly, it has
been observed that shielding from Nb-layer bridging in the crack wake is reduced under cyclic
loads due to fatigue failure of the Nb bridging ligaments [6,14,17,24]; Fig. 4a clearly depicts the
failure of the reinforcing layers under fatigue loading with little deformation compared to the
gross plasticity in the layer during quasi-static fracture [6,24].

Fig. 3 also demonstrates the effect of layer orientation on the fatigue properties of the
laminate. The arrester orientation, where the crack tip resides entirely in either the matrix or the
reinforcement during growth, shows improved fatigue resistance relative to the particulate and
divider composites which have a more continuous matrix. More importantly, growth rates are
significantly slower compared to both the Nb and Nb;Al constituents, particularly at higher
applied AK levels. At lower AK values, growth rates are comparable to rates in monolithic Nb
since the maximum stress intensity, Ky is not large enough to reinitiate the crack across the
reinforcing layer (Fig. 4a); the crack thus remains trapped in the layer where it can induce fatigue
damage and reinforcement failure before appreciable crack bridging can develop. However, at
higher applied AK values where Ky approaches the crack-initiation toughness of the composite,
the crack now reinitiates across the layer (Fig. 4b) leaving an intact bridge that contributes to
crack-tip shielding. Thus, the arrester orientation is able to utilize similar crack-tip shielding
mechanisms as those observed under monotonic loading, although to a lesser degree, leading to
significant improvements in the fatigue-crack growth properties of Nb/NbsAl composites.

T T

1*

T

Nb,Al Il Arester
Divider Laminate

10
0 Laminate

Crack Growth Rate, da/dN (m/cycle)

Fig. 3. Fatigue-crack growth behavior of
the coarse-scale Nb/NbsAl laminates
compared to unreinforced NbsAl and in
situ  Nb-particulate reinforced NbsAl
composites [6,12].
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~6 MPavm
—_—

~12 MPaVm

(b)

i

Fig. 4. Crack-path profile for a fatigue crack in the Nb/Nbs;Al (crack-
arrester) laminate at (a) AK = 6 and (b) AK = 12 MPaVm. Arrow indicates
direction of crack propagation.

CONCLUSIONS

Based on a study of the fracture toughness and resistance-curve behavior of ductile Nb-
reinforced NbsAl intermetallic-matrix laminates, the following conclusions can be made:

1. The incorporation of high aspect ratio, coarse-scale, ductile reinforcements in the form of
laminates provides significant toughening in NbsAl. With 125 pm thick Nb layers, crack-
initiation toughnesses of ~9 MPaVm with steady-state toughnesses in excess of 20 MPavm
have been achieved, independent of orientation; this is to be compared to an intrinsic
toughness of ~1 MPavm in NbsAlL. In the arrester orientation such toughening is associated
with crack arrest, crack blunting and crack renucleation across the Nb layers; subsequently,
resulting in crack bridging by intact layers.

2. Under cyclic fatigue loading the enhanced toughening in such laminated composites can be
retained, although to a lesser degree; properties, however, become markedly dependent upon
orientation. Any degradation in toughening under cyclic loads results from the premature
fatigue failure of the Nb phase.
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ABSTRACT

Jjc measurements were performed on a SiCp/Al-7093 MMC with controlled heat treatments, and the
damage mechanisms were evaluated to understand the influence of microstructural parameters on the fracture
toughness and crack resistance behavior. The deformed materials showed widely different damage and flow
localization for different matrix microstructures. In an effort to improve fracture toughness, large Al particles were
incorporated into the powder-metallurgy based MMC, and extruded to obtain pancake shaped Al phases. In the
extruded condition, the effect of Al particles on the crack initiation toughness was negligible. However, significant
improvement in the toughness was observed when the extruded material was further rolled. These issues are
discussed in the context of observed deformation and damage mechanisms.

INTRODUCTION

Discontinuously reinforced aluminum (DRA) composites possess superior stiffness and strength compared
to unreinforced aluminum alloys [1], and can be processed via conventional routes such as forging, rolling and
extrusion. However, DRAs typically have lower fracture toughness than the unreinforced atloys, and this poses a
constraint in the application of DRAs in aerospace structures.

Past studies suggest that the microstructure can significantly influence the fracture toughness of DRA
materials [2-7]. However, the exact fracture mechanisms, and in particular, the role of the matrix alloy
microstructure on toughness do not appear to be well understood. The presence of large Al particles in the control
DRA is expected to show improvement in the toughness without significant loss of strength of composite. The
work described herein is part of a larger study to obtain improved understanding of how matrix microstructure
influences damage evolution and instability in the highly constrained region ahead of a crack tip. The effect of
pancake shaped large aluminum particles on the fracture toughness and damage mechanisms of the DRA
composite was also evaluated.

EXPERIMENTAL PROCEDURE

Two DRA materials were considered: (i) a base 15 vol.% SiCp (600 grit)/7093 Al material , designated by
the suffix 64 in the tables, and (i) a 15 vol.% SiCp (600 grit)/7093 Al MMC that contained 10 vol.% pure Al
particles, and designated by the suffix 60. In the latter, the incorporation of Al particles necessitated greater SiCp
content in the non-Al regions compared with the control (base) material. The MMCs were produced by a powder
metallurgy route involving blending of the aluminum alloy powder and SiC particulates, hot consolidation,
followed by extrusion at 22:1 ratio resulting in 1"x 3" rectangular bars. The series-60 powder blend contained
approximately 10 mm sized pure Al particles. The DRAs were then subjected to different aging treatments to
obtain different microstructural conditions. The following heat treatments were considered: solution treated (ST)-
490°C/4h/WQ, underaged (UA)-490°C/4h/WQ followed by 120°C/25 min. aging treatment, peak aged (PA)-
490°C/4h/WQ followed by 120°C/24h, and overaged (OA)-490°C/4l/WQ followed by 1200C/24h+150°C/8h.
The solution treated specimens were kept in a refrigerator to minimize any natural aging. The extruded DRA
material with the Al particles was further rolled at 450°C for an additional reduction of 70 % to improve the
distribution and morphology of the aluminum particles.

Tensile tests of the control DRA material were conducted on flat specimens of gauge length 25.4 mm,
width 8.66 mm, and thickness 2.5 mm. The specimens were metallographically polished prior to testing to allow
monitoring of damage and surface slip bands at different levels of applied strains. All the tensile specimens were
machined parallel to the plane of the plate, and the fracture toughness specimens had both LT and TL orientations.
The fracture toughness and J-R curve of each material was evaluated using the single specimen J-integral test
method, ASTM E-813 [8]. The compact tension (CT) specimen geometry was employed, with a thickness (B) of
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7.6 mm , a width (W) of 20.3 mm, and a notch length of 7.6 mm. The CT specimens were metallographically
polished on both faces, and replicas were taken at different stages of crack growth to monitor the evolution and
sequence of damage. All the specimens were fatigue precracked according to the standard ASTM procedures to an
a/W ratio of approximately 0.5. The crack opening displacements (COD) were monitored across the crack mouth
using a clip gage mounted between knife edges affixed to the front of the CT specimen. Crack lengths were
determined using the unloading compliance technique. For J-Integral determination, the COD measurements were
converted to load-line displacements using established formulas. Following fracture, the specimens were
examined optically and using scanning electron microscopy. It was found that the final crack lengths based on the
fracture surfaces agreed within 10 percent with crack lengths assessed from compliance measurements; this
provided confidence in the crack lengths interpreted from compliance data.

RESULTS AND DISCUSSION

(i) Tensile tests
Figs. 1(a) and 1(b) show microstructures of the control DRA and DRA with Al materials, respectively.
While the distribution of SiC particulate in the matrix was uniform in both materials, the aluminum particles in the
series-60 material were inhomogeneouly distributed. The tensile data for the control DRA are summarized in Table
1, and they are in agreement with previous investigations [2-3] on a similar material. The yield strength and tensile
strength were minimum in the solution treated condition and were maximum in the peak aged condition.
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Fig. 1: Microstructures of the (a) control DRA and (b) DRA with Al particles

The ductility of the material showed the anticipated trend of decreased elongation in proceeding from the
solution treated to the peak aged condition. The work hardening rates were similar for ST and UA conditions,
which decreased significantly for PA and OA conditions. The damaged microstructures suggested that the work
hardening rate may have had an important influence on the fracture process, since damage localization was
observed to be higher for the microstructures with lower work hardening rates.

Table I : Tensile properties of control DRA composite

Heat Treatment Young's Yield Tensile Elongation, Work
Modulus, Strength, Strength, %o Hardening
GPa MPa MPa Exponent
Solution treated 91.1 430 577 8.0 0.084
Under aged 89.9 503 629 5.9 0.089
Peak aged 95.6 642 694 1.8 0.037
Over aged 91.5 591 642 2.4 0.031

(ii) Fracture Toughness

Fig. 2(a) shows the load versus displacement curve for the control DRA material in the solution treated
condition. Several unloading lines for crack length estimation are also shown in the figure. Fig. 2(a) also shows
steps in the load-displacement curve. The steps were observed in all the samples and suggest that crack growth
may occur by a process of repeated material instability ahead of the crack tip, rather than in a continuous manner.
The J versus A a curve for the solution treated condition shown in Fig. 2(b) indicates a reasonable degree of
toughness increase with crack growth. The Keq values are also plotted in the figure, and were obtained from the
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J-Integral data using Keq= V(J *EC/(I-V?), where Ec is the modulus of the composite. The toughness at crack
initiation was approximately 25 MPa Vm, and it increased to approximately 40 MPa Vm at 3 mm of crack
extension. These values are quite good and may meet toughness requirements in a number of aerospace
applications, provided strength values are met.

3500 20

T T T T 50
Specimen No.-64SALT a] Specimen No.-64SALT e b
3000 F Solution treated E Solution Treated 2 » @
" J
2500 F 3 . 15 & et ! £
Z o0 b 3 g ’ -® J3 =
g = _'r" » =
) =210 ¥ s
G 1500 E - U 420 &
- 1000 £ 3 ,l. ® 1 kim? g
s » K. Mpaim | ¥
500 £ 3 - 4
0 1 L L 1 I L L
0.1 02 03 04 05 ° i 2 3 ] 5°
Clip Gage Displacement, mm A a, mm

Fig. 2: () Load versus displacement and (b) J and Keq versus A a curves for the control DRA material in the
solution treated condition
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Fig.3(a) Load versus displacement and (b) J and Keq versus A a curves for the DRA with Al particles in the
overaged condition

Figs. 3(a) and 3(b) show the load-displacement and crack resistance curves, respectively, for the series 60
(DRA with Al) material in the overaged condition. Fig. 3(a) illustrates a region (from x to y) in the crack growth
domain where the load remained approximately constant, and the unloading lines showed no crack growth during
this period; the net effect was the sharp rise in toughness by approximately 6 MPa Ym (see Fig. 3(b)). Visual
observation of the side of the sample during crack growth indicated that this region was associated with the crack
arriving before a large Al pancake, and being temporarily halted. Further crack growth occurred when this Al-
particle ruptured. The mechanism of toughening thus appears to be the plasticity ahead of the crack tip, rather than
crack bridging by the Al-particle after the crack had passed the particle. However, the Al particles were
inhomogeneously distributed, so that such crack resistance behavior was erratic.

The fracture toughness data are summarized in Table II, where the crack growth resistance is quantitatively

represented by the tearing modutus, T (T=(E/6y2)(dJ/da)). The table shows that for both series of extruded
materials, the initiation fracture toughness (Keq or J-initiation) and tearing modulus were the highest in the
solution treated condition, and in agreement with the tensile tests which exhibited maximum ductility for this heat
treatment condition. It is important to note that precipitate particles in the matrix are essentially absent for the
solution treated condition. Thus, the results suggest that precipitate particles are deleterious to fracture toughness,
and should be avoided from a toughness perspective. An additional point to note is that the number of cycles
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needed to grow the precrack over approximately 2.5 mm distance was largest for the solution treated condition.
Thus fatigue crack growth resistance may also benefit from elimination of precipitate particles.

Returning to Table I, it may be noted that the peak aged specimens had the lowest initiation toughness and
poorest crack resistance behavior, and echoed similar characteristics of unreinforced Al alloys [9-10]. The table
shows that in the underaged condition, the toughness behavior of the 64 UA LT and 60 UALT specimens were
similar. With regard to specimen orientation effects, the 64 UA LT specimen had a higher toughness than
specimen 64 UA TL, and this behavior is similar to those observed for unreinforced Al alloys [11]. It should also
be noted that the crack resistance behavior of 60 UA TL was about 50 percent higher than the 64 UA TL control
material, although the initiation toughness was negligibly affected.

Table I ; Fracture Toughness of DRA composites in different heat treatment conditions

Materials 1,k J/m? Keg MPaVm Tearing Modulus
64 SALT 6.4 25.4 2.35
64 UALT 3.4 19.0 0.78
60 UALT 3.3 19.5 0.90
60 PA LT 2.2 16.5 0.37
60 OA LT 3.9 20.5 2.57
64 UDATL 2.8 17.4 0.95
60 UA TL 2.9 17.5 1.94
60 UALTR 6.3 26.0 2.11
60 OALTR 3.7 20.0 0.47

The results for the rolled specimens for the Al containing material are also provided in Table II, and are
designated by specimen numbers 60 UA LT R and 60 OA LT R, where R signifies the rolled condition. As
mentioned ealier, the extruded material was rolled to improve the distribution and morphology of the Al particles.
Table II illustrates that rolling increased the initiation fracture toughness by approximately 25-percent compared to
the extruded control material in the same heat treatment condition. The effect of rolling on the crack growth
behavior was even more significant, providing approximately 50 percent improvement. However, no similar
improvement was observed for the rolled material in the overaged condition compared to the control extruded
overaged material. The reasons are currently under investigation.

It is important to mention that all the fracture toughness data in Table I satisfy plane-strain requirements of
ASTM E-813 [8], and therefore represent J{C and equivalent KJC values. However, the present JIC values for the
contro! material are significantly lower than numbers reported in {2] for a similar DRA material in the underaged
and overaged conditions. The difference may be ascribed to the two possible reasons. First, the specimens in {2]
were tested in the notched condition, rather than with a fatigue precrack. The latter has the effect of significantly
raising the local triaxial stresses ahead of the crack tip during the fracture toughness testing, thus initiating crack
growth at lower loads and displacements compared with the notched specimen. Second, the CT specimens used in
{2] were of 2.5 mm thickness, compared with 7.6 mm employed here. The toughness and strength values indicate
that plane strain conditions are satisfied even for the 2.5 mm thick specimens. However, it is important to note
that the thickness requirements prescribed in the ASTM procedures were arrived at on the basis of elastic-plastic
deformation of a homogeneous material. On the other hand, local plastic strain elevation and hydrostatic stress
(see, for example, the theoretical treatments in [12]) and resultant damage (observed) are very large for the
composite material, and such damage may have the effect of relaxing stress triaxiality and promoting shear-type
fracture even for thicknesses larger than those given by plane-strain requirements. The specimens had a flat
fracture profile in the present study. The agreement between the present values and those reported in [13] on
fatigue precracked thicker (19 mm thick) bend specimens also suggests the significance of fatigue precracking and
specimen thickness on the fracture toughness of DRA materials. )

(iii) Micromechanisms

As indicated earlier, the micromechanisms of fracture were evaluated by monitoring damage in tensile and
fracture toughness tests. Fig. 4 shows a typical micrograph of damage and plasticity in a tensile tested specimen.
It illustrates the two dominant modes of damage, i.e., cracking of a SiC particle, and debonding at a
particle/matrix interface. Sharp slip lines are associated with both these types of damage. Additionally, matrix
failure was often observed near the end of particles, but not at the interface itself, and may be a result of intense
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slip activity in a region with the largest von-Mises stress. The key finding was that all these modes of damage
(i.e., particle cracking, and debonding) and accompanying slip behavior were present for all the heat-treatment
conditions. Thus, the different toughness behavior for the different microstructures cannot simply be ascribed to
one dominant microscopic damage mode. However, there was one notable difference for the different matrix
microstructures. In the solution treated specimen, damage and localized plastic deformation (in the form of slip
lines) was uniformly distributed throughout the entire gage length of the tensile sample. Conversely, for the peak-
aged condition, damage and localized slip were only observed in a narrow region near the fracture plane. The
distribution of damage and slip for the underaged and overaged condition lay intermediate between the solution-
treated and peak aged conditions. These results are in agreement with microstructural observations of Lloyd [14]
in tensile samples of a SiCp/6061 Al-alloy composite. In reference [15], ductility exhaustion and thermally
induced work hardening have been suggested as possible mechanisms controlling failure of DRAs. It is not yet
clear whether such mechanisms can explain the large differences in the flow localization behavior of the different
microstructures.

Fig. 4: Damage and plasticity in the form of slip lines Fig. 5: Damage ahead of the crack tip showing slip
marked by 1, particle cracking by 2, and near lines by 1, particle cracking by 2, and near
interface debonding by 3 in a tensile specimen interface debonding in a CT specimen

10 pm
S T
Fig. 6: Fracture surface of the control DRA material

The deformation behavior of the tensile samples also were echoed in the highly stressed region ahead of
the crack tip. This is illustrated in Fig. 5, where again both major damage modes are shown to be present, and
these damage modes were independent of the heat treatment conditions. These observations are in slight variance
with some past studies on DRA materials [2,16]. While particle cracking was dominant in 2xxx based composites
[16] in different heat treatment conditions, particle cracking and interface debonding were observed in 7xxx
composite in underaged and overaged conditions, respectively [2]. Although we have not yet quantified the
frequency of damage modes in different heat treatment conditions, the general appearance showed almost equal
proportions of particle cracking and interface decohesion. More significant was the different amounts of flow
localization in the different microstructures, and suggest that this aspect of deformation and damage need further
consideration. The fractographic features of CT specimens were similar to the tensile samples, and once again the

253



features were independent of the heat treatment condition. Fig. 6 illustrates a typical region of the fracture surface,
and its prime features are the higher density of particles on the fracture surface (compared to the microstructure)
and ductile dimple rupture of the matrix ligaments. The SiC particles were either cracked or gave the appearance of
debonding from the matrix, and Fig. 6 reveals that whatever the damage mode, final fracture localized around
particles leading to a high particle density on the fracture surface.

Thus, the overall toughness behavior of the control samples are dominated by localized flow behavior,
likely enhanced by the high stress concentration ahead of the crack tip. The sequence of events appear to be the
formation of damage sites, be it particle cracks or interface debonds, and the joining up of neighboring damage
sites through matrix plasticity, void nucleation and growth, and finally microvoid coalescence. For toughness
prediction purposes, a methodology has to be established that incorporates aspects of damage and flow
localization under constrained flow conditions. Experiments with geometries that contain different levels of strain
concentrations may provide a means of validating any model that is developed. Additional data is required to
understand the influence of Al particles on the toughness, because of the non-homogeneous distribution of these
particles.

CONCLUSIONS

1. The control DRA showed the maximum ductility and fracture toughness in the solution treated condition and
minimum in the peak aged condition. The yield and tensile strengths showed the anticipated opposite trends.

2. Higher work hardening rate and absence of precipitate particles in the matrix appeared to be beneficial for the
fracture toughness of DRA material.

3. Damage in the form of particle fracture and matrix/particle interface decohesion were observed for all the heat
treatment conditions. Thus, these damage modes cannot explain the different toughness behavior of the materials.
4. The different matrix microstructures showed a distinct difference in flow localization. Thus, for the solution
treated condition, both the tensile and CT samples exhibited a rather uniform damage state, connected by matrix
slip lines. Conversely, although the peak aged condition exhibited similar damage modes, there was intense flow
localization and faster rate of damage coalescence.

5. There was no significant improvement in the initiation toughness of the extruded DRA containing Al particles.
6. The rolled DRA containing Al particles showed significant improvements in both crack initiation and growth
toughness. However, this improvement was observed only for the UA condition, and not for the OA condition.
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FABRICATION, STRUCTURE AND PROPERTIES OF ALUMINUM-ALUMINIDE
LAYERED COMPOSITES

D.E. Alman, U.S. Department of Energy, Albany Research Center, 1450 Queen Ave., S.W.,
Albany, OR, 97321-2198, alman@alrc.usbm.gov

ABSTRACT

The fabrication of aluminum-aluminide layered composites by reactive bonding of
elemental Al and Ni foils was investigated. It was observed that after hot-pressing, thin Ni foils
were converted to NiAl. The as-processed Al-NiAl layered structure could be heat-treated to
produce an equilibrium Al-Al;Ni layered composite. Tensile tests revealed that composites could
be produced that failed in a “tough” manner and were stronger and stiffer than aluminum.

INTRODUCTION

Composites consisting of both intermetallic and metallic layers, offer an attractive
combination of properties from both constituent phases, that is the high strength and stiffness of
the intermetallic phase with the high fracture resistance of the metallic phase. Methods to
produce such a composite structure include: powder techniques, such as plasma spraying or
diffusion bonding, and deposition methods, such as chemical vapor deposition and magnetron
sputtering [1-4]. These techniques require sophisticated equipment and/or are limited in the
component geometry that can be produced. A potential cost-effective production method for
producing metal-intermetallic layered composites is by reactive diffusion bonding of metallic
foils or sheets [5-9]. In this process, one of the foils is consumed during bonding, insitu
synthesizing the intermetallic layer. Three major advantages of this technique are: (1) the
metallic foils are readily available, (2) the elemental foils easily can be formed prior to
synthesizing the brittle intermetallic phase, and (3) the process utilizes manufacturing equipment
that today is used in commercial operations for the production of aerospace components. All of
which enhance the potential viability of this process. ,

This paper emphasizes the fabrication, structure and properties of aluminum-nickel
aluminide layered composites produced by reactive bonding Al and Ni foils. This system was
selected as a model system, partly because there exists a large body of literature dealing with
reactive diffusion of elemental Ni and Al layers for thin-film formation [10]. It should be
emphasized that the diffusion distances (i.e., initial Ni and Al layer thicknesses) are significantly
greater for the process described in this paper than are utilized in thin-film formation. Also, this
system was selected for study because the properties of an aluminum-aluminide layered
composite might be attractive for actual engineering purposes. Below the maximum use
temperature of Al alloys, nickel aluminide compounds are characterized as possessing high
stiffness, high strengths, and low ductility. The latter of which has hindered the utilization of
these compounds in bulk form for engineering applications. However, these characteristics are
ideal for a reinforcement phase for aluminum matrix composites. In fact, Al-Al;Ni composites,
produced via solidification methods, have been the subject of numerous studies [11-15].

EXPERIMENTAL PROCEDURE

Elemental Ni and Al foils were diffusion bonded in a vacuum, induction heated hot-press.
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Typically, five Al foils and four Ni foils were stacked in an alternating sequence. The Ni foils
utilized in this study were 0.025 mm thick. Samples were produced from Al foils of either 0.500,
0.250 or 0.125 mm thickness. The hot-press parameters consisted of heating the stacked foils to
600°C under an applied pressure of 10 MPa and holding at these conditions for 2 hours. To
determine the microstructural stability of the resultant micrsotructures, portions of the laminates
were vacuum encapsulated in quartz and heat treated at 450°C for either 1, 10 or 100 hours.
Scanning Electron Microscopy (SEM) coupled with energy dispersive X-ray (EDX) was used for
microstructural analysis. '

Tensile tests were performed at room temperature. Flat dog-bone shaped specimens, with
a 12.5 mm gage length and 6.25 mm gage width, were machined from the composite panels. The
interface between the layers was oriented parallel to the tensile axis. For comparative purposes,
tensile specimens were also prepared from the starting 0.500 mm thick Al foils. Prior to testing,
the specimens were mechanically polished to a 1 pm diamond finish. A screw driven tensile
testing machine was utilized for testing at a constant cross head speed of 0.5 mm/min, which
corresponded to an initial strain rate of 3.3 x 10*/s. A clip gauge extensometer was used to
monitor strain.

RESULTS AND DISCUSSION

After reactively bonding the elemental foils, the composite consisted of alternating metal
and aluminide layers, as illustrated in Figure 1. The Ni foil was almost completely converted to
NiAl, leaving only a thin unreacted Ni core in the center, and a relatively thick AL;Ni interphase
region at the boundary with the Al layer (Figure 2). The different starting foils only affected the
volume fraction of the phases present (Table I) and not the composition of the phases that formed
during hot-pressing. This provides another advantage of this technique, in that the volume
fraction of the layers formed can easily be manipulated by varying the thicknesses of the starting
foils.

TABLEI
MICROSTRUCTURES OF ALUMINUM-ALUMINIDE LAYERED COMPOSITES
Starting Foil Phase Present# Volume Percent Composite Equilibrium
Thickness (mm) | After Hot-Pressing | Aluminide Layers | Density(g/cm*) ® Phases
Al Ni
0.500 0.025 NiAl*, ALLNi, 18 3.25 Al, ALNi
Al*¥* Ni
0.250 0.025 NiAl*, AL,Ni, 27 353 Al, ALNi
Al** Ni
0.125 0.025 NiAl*, ALNi, 40 3.95 Al, AL,Ni
Al** Ni
A Hot-Pressing conditions: 600°C-10MPa-2hrs; *predominate aluminide phase,
** predominate metallic phase
B Composite density calculated from the volumetric rule of mixtures (ROM), neglecting

minor phases (Ni and Al;Ni).
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4 Figure 1. Low magnification
view of the microstructure of
¢ the Al-aluminide layered
composite produced by
reactive bonding (at 600°C-
10MPa-2hrs).

A
Ni NiAl Figure 2. High magnification
view of the microstructure of
the Al-aluminide layered
composite produced by
reactive bonding (at 600°C-
10MPa-2hrs).

8 Figure 3. Microstructure of
d the composite after heat-
@ treating (at 450°C for 100 hrs).
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The nickel core was no
longer present in the micro-
structure of the composite
after heat treating at 450°C for
1 hour. Both the NiAl and
ALNi layers coarsened. After
10 hours, both aluminide
layers continued to coarsen.
However, after 100 hours the
composite consisted only Al
and Al;Ni layers, the
equilibrium phase (Figure 3).
It is not too surprising that the
high melting phases (such as

Figure 4. Microstructure of a composite after hot-pressing Al Ni and NiAl) can be consumed
and Ni foils at 600°C and 10 MPa for 15 min. Notice, the by low temperature anneals, as
formation of aluminide layers. this occurs during thin-film

formation [10]. These results
suggest that an optimum processing route for these composites might be to hot-press for a short
period of time (such as 15 min) to produce a well bonded structure (Figure 4), followed by heat-
treating to drive the structure to thermodynamic equilibrium. Work is presently underway to
determine the optimal processing conditions using such a procedure.

The tensile properties of the composites are summarized in Table II. The composite with
40 vol% aluminide layers (i.e., produced from 0.125 mm Al foils) displayed very little strain to
failure (<<1 pet). Interestingly, the fracture behavior of the composite showed that the Al layers
did in fact fail in a ductile manner (Figure 5) indicating that ductile fracture of the metallic layer
may not be sufficient to ensure fracture resistance of ductile phase toughened composites. The
composites containing 18 and 27 vol% aluminide layers failed after several percent strain to
failure. The stress-strain curves of these composites indicate that these composite can be loaded
to a certain stress level, after which slow, non-catastrophic failure is initiated. This failure
behavior was evidenced by the sharp yield point followed by serration in the stress strain curves
(associated with progressive, sequential cracking of the aluminide layers) with limited or no
work-hardening. The yield points of these composites were in essence associated with the failure
of the aluminide layers. Initially the load was supported by the brittle, high strength, high
modulus aluminide layers. As the aluminide layers began to fail via transverse fracture, the
applied tensile load was transferred to the lower modulus, lower strength Al layers. If the Al
adjacent to the cracked region in the aluminide layer can absorb the energy released by the
propagating crack, then catastrophic fracture of the composite is avoided. If this failure
mechanism occurs as envisioned, multiple cracks will form in the brittle aluminide layer, and the
composite will fracture in a “tough” manner. This behavior was indeed observed for the 18 and
27 vol% composites (Figure 6). If the Al layer can not absorb the energy released by the
propagating crack in the aluminide layer, catastrophic failure will occur, as evidenced by a single
crack propagating through the composite structure, as was seen in the 40 vol% composite.

The measured strengths and moduli of the composites were higher (by a factor about 1.5
to 3) than that of Al both in real and density compensated terms (Table II). The exception is the
measured strength value of the 40 vol% aluminide composite which fractured in a brittle manner.
These results reveal that composites can be produced that fail in a fracture resistant manner and
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Initial Foil Spec. Vol% Gys Guts E e oy/p | Elp

Thickness (mm) # Aluminide (MPa) | (MPa) | (GPa) | (%)
Al Ni

0.500 0.025 1 18 63 77 100 6 237 30.8

2 18 65 77 96 10 23.7 29.5

3 18 61 78 107 12 24.0 | 329

0.250 0.025 1 27 93 94 127 5 26.3 36.0

2 27 88 92 124 8 26.0 | 351

0.125 0.025 1 40 31 31 138 <<1 7.8 349

Al foil* 1 0 29 76 48 30 10.8 17.9

Al¥* 0 30 70 70 43 112 | 26.1

* measured from 0.500 mm thick Al foil; ** data for 1060 Al in an annealed condition [16]

. I I o o
E

Figure 5.  Fracture surface of the Al-40vol% Figure 6.  Side view of the fractured tensile
NiAl composite (Al=0.125 mm). Even though specimen of the Al-27vol% NiAl composite
this composite displayed little fracture (Al=0.250 mm) showing multiple cracks in the
resistance, the Al layers failed in a ductile aluminide layer. This composite was fracture
manner. resistant.
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TENSILE PROPERTIES OF ALUMINUM-ALUMINIDE LAYERED COMPOSITES
|
}
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are stronger and stiffer than the base metal.

As the volume fraction of the aluminide layer increased within the composite
microstructure, the strength and moduli increased while the strain the failure decreased. These
results indicate that for a composite produced from both ductile and brittle phases, there will
exist a optimal volume fraction (which for a lamellar composite is equivalent to an optimal layer
thickness ratio) that will provide maximum strength and fracture resistance. At low vol%
aluminide layers, the soft metal layer will carry most of the load and strengthening due to the
addition of the aluminide layer will be minimal. At high aluminide layer vol%, the constraint
acting on the metal layer, due to the chemical bond with the aluminide layer, will be sufficiently
large to cause the fracture resistance of the composite to be poor.

SUMMARY

The fabrication of aluminum-aluminide layered composites was accomplished by reactive
bonding elemental Ni and Al foils. After hot-pressing thin Ni foils were converted primarily to
NiAl The as-processed structure could be heat-treated to produce an equilibrium Al-Al;Ni
layered composite. Composites were produced that were stronger and stiffer than the base Al,
and these composites failed in a “tough” manner. Preliminary tensile tests revealed that the
aluminide layers strengthen (by a factor of 2 to 3) and stiffen (by a factor of 1.5 to 2) the
composite with respect to Al, in both real and density compensated terms.

This method of composite fabrication is attractive, as the continuous reinforcement phase
is synthesized insitu during processing from inexpensive and easily shaped elemental foils.
While this paper emphasized the fabrication and properties of aluminum-aluminide layered
composites, this elemental foil, reactive bonding process has been used to produce intermetallic
alloyed sheets and other metal-intermetallic (such as Ni-Ni;Al) layered composites [5-9].
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TIME DEPENDENT STRESS FIELDS AHEAD OF THE INTERFACE

CRACKS IN CREEP REGIME
S.B. BINER
Ames Laboratory, lowa State University, Ames, IA 50011 U.S.A
ABSTRACT

In this study the behavior of stationary interface cracks in layered materials at creep regime in
plane-strain condition and pure opening dominated mode-I load state was studied numerically. The
results indicate that the introduction of a transitional layer to the interface of the elastic-creeping
bimaterials significantly elevates the stress values ahead of the interface cracks under identically
applied load levels at creep regime.

INTRODUCTION

Layered/graded materials hold great promise for high temperature structural applications because
they permit components to be designed with tailored properties which reduce both the processing
and operationally induced residual stresses to acceptable minimum levels[1]. In recent years
substantial progress has been made on the mechanics of interface fracture; excellent summaries can
be found [2,3]. These analyses are confined mostly to the assessment of fracture behavior at room
temperature; the behavior of interface cracks at creep regime and the role of material parameters on
the evolution of time dependent stress-strain fields have not been explored in detail. However, a
good understanding of the mechanics of interface cracks for both temperature ranges could be most
valuable in the design of these structural components through intelligent manipulation of the
interfacial behavior.

In homogenous isotropic materials, the initial response of a cracked body upon application of a
load at creep regime, and for some time thereafter, is essentially elastic. During this initial period,
creep strains are negligible (i.e., less than the elastic strains) everywhere except in the immediate
vicinity of the crack tip. This is, of course, analogous to the small-scale yielding situation at low
temperatures; the elastic stress intensity factor, K, provides an adequate description of the crack tip
stress-strain field. Once a steady state has been achieved, the stress-strain fields near the crack tip
have a HRR singularity [4,5] with the amplitude given by a path independent integral C, the rate
dependent J-integral. Between the two limiting situations of K and C" control lies a transition
period in which the creep strains are higher than the elastic strains over an extensive region ahead of
the crack tip. During this period, the integral which defines C” is path dependent; therefore, neither
of these fracture parameters can characterize the stress field during the transition period.

The problem of an interface crack in elastic-plastic materials was originally investigated by Shih
and Asaro [6,8]. They presented full numerical solutions for a crack which lies along the interface
of elastic-plastic bimaterials. Nearly separable singular fields have been found in the angular zone
based on the numerical solutions. It has also been shown that the crack face opens smoothly
without rapid oscillations and has HRR type singularity in the plastic angular zone.

In this study, the evolution of the time-dependent stress fields ahead of stationary cracks lying at
layered interfaces at creep regime and the role of the crack location on the evolution of the stress
fields are elucidated. The results obtained are compared with the results for interface cracks in
bimaterial systems at creep regime.
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DETAILS OF THE FEM ANALYSIS

The cases investigated in this study are schematically summarized in Fig. 1a. First, the
characteristics of the interface crack between elastic and creeping bimaterials (Fig. 1a top) is
investigated. Then, in the following simulations the effects of the transitional layer and the role of
the location of the interface crack are studied. In these analysis, first the crack is located at the
interface of the creeping sector and the transitional layer (Fig. 1a middle). In the second simulation,
the crack is located at the interface of the transitional layer and the elastic sector (Fig. 1a bottom).
To simulate the interface cracks a single edge notch (SEN) fracture specimen geometry subject to a
remote tension was utilized. Half of the finite element model used in the analyses is shown in Fig.
1b. The smallest element size at the crack tip was 3 x 10 of the crack length as indicated in Fig.
Ic. To accommodate this large difference in element size and to preserve the aspect ratio of the
elements, the finite element discretization elements were scaled exponentially in the radial direction
to the crack tip. The analyses were carried out without imposing any symmetry conditions; there
were a total of 5037 nodes and 1608 elements in the model.

The stress-strain response of the creeping sector and the transitional layer at creep regime was
assumed to obey the power law constitutive relationship. The parameters for the creeping sector,
selected as n=3 and g,= 10" (1/(Nmm™®)® hr). Furthermore, Young's modulus relating the elastic
strain increments was taken as 10° Nmm™ and Poisson's ratio was chosen as v = 0.3. The Young's
modulus of the elastic sector was taken as three times that of the creeping sector. The layered
region is assumed to be a transition region between these two extreme regions. Therefore, a
composite behavior was assumed for this transition layer with a Young's modulus of 1.5 times that
of the creeping sector. For both the elastic sector and the transition layer Poisson's ratio was also
taken as v = 0.3. In many composite systems, (e.g., metal matrix composites reinforced with elastic
reinforcements and ceramic composites reinforced with ductile reinforcements), although the creep
rate of the composites is much slower than that of the matrix material, the creep exponents (n
values) of the composite are usually much higher than the one seen for the matrix material [9-10].
Therefore, the creep properties of this transitional layer were chosen as n = 5 and
€= 10'20(1/(Nmm'2)3 hr). Furthermore, the properties of this layer were also assumed to be
constant from one interface to the other, in order to significantly simplify the analyses.

To simulate the constant-load creep test, normal traction was applied to the end of the SEN
specimen at the beginning of the solution. All the analyses presented in this study were carried out
under identical applied load level.

RESULTS AND DISCUSSION

Resulting C” values and the time to reach the steady-state for these cases are summarized below:

Crack cases C* N/mm hour Transition time (hours)
Fig. 1a-top 0.0195 1873
Fig. la-middle 0.0191 2530
Fig. 1a-bottom 0.00383 5773

As can be seen, although the applied loads and the crack lengths were the same, the location of the
interface crack in a layered structure has a significant influence on the resulting C* values at steady
state and also on the time required to achieve the steady-state. For the crack at the interface of the
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creeping sector and the transitional layer, although the resulting C* was similar to that of the
bimaterial case, it required longer time to reach steady-state. For the crack lying on the interface
transitional layer, both the magnitude of C* and the time periods were significantly different in
comparison tothe bimaterial case.

In Fig. 2, the radial distribution of the stress ahead of the crack at the elastic-creeping bimaterial
interface are compared with the stress distribution seen for the interface crack at the transitional
layer and the elastic sectors. In this figure, the stress values obtained at the integration points were
normalized by the nominal stress acting on the uncracked ligament. In both cases, the solid
symbols are the stresses in the elastic sector, and open symbols are the stress in the creeping sector
and in the transitional layer, respectively. As can be seen from the figure, the introduction of the
transitional layer significantly elevated all the stress components at significant distances ahead of
the crack tip. In Fig. 3, the same comparison is made for the interface crack lying between the creep
sector and the transitional layer. In contrast to that seen in Fig. 2, in this case the introduction of the
transitional layer between the elastic and creeping sectors did not alter the stress distribution that is
seen for the bimaterial case.

The layered/graded materials hold great promise to reduce the processing or operationally induced
residual stress levels; however, it appears that at creep regime, the resulting stress levels ahead of
the interface cracks in such materials are either similar in magnitude or much larger than the stress
levels that can occur ahead of the interface cracks in bimaterials. Since the stress magnitudes are
widely different, the creep growth rates of such cracks will be significantly different depending on
the location of the interface cracks under identically applied loading for a given layered/graded
material.

CONCLUSIONS

1. The location of the interface cracks strongly influence the amplitude of the stress field (C*)
and time required to achieve steady-state under identically applied load level.

2. With the introduction of a transitional layer, the resulting stress levels ahead of the interface
cracks, depending on the crack location, are either similar in magnitude or much larger than the
stress levels for cracks in bimaterial interfaces.
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MECHANICAL BEHAVIOR AND CONSTITUTIVE MODELING DURING HIGH
TEMPERATURE DEFORMATION OF AL LAMINATED METAL COMPOSITES

R.B. GRISHABER, R.S. MISHRA AND A XK. MUKHERJEE
Department of Chemical Engineering and Material Science, University of California, Davis,
California 95616, U.S.A., rbgrishaber@ucdavis.edu

ABSTRACT

A constitutive model for deformation of a novel laminated metal composite (LMC)
which is comprised of 21 alternating layers of Al 5182 alloy and Al 6090/SiC/25p metal
matrix composite (MMC) has been proposed. The LMC as well as the constituent or neat
structures have been deformed in uniaxial tension within a broad range of strain-rates (i.e. 10°
to 10° s'l) and homologous temperatures (i.e. 0.8 > 0.95 T,,). The results of these experiments
have led to a thorough characterization of the mechanical behavior and a subsequent semi-
empirical constitutive rate equation for both the Al 5182 and Al 6090/SiC/25p when tested
monolithically. These predictive relations have been coupled with a proposed model which
takes into account the dynamic load sharing between the elastically stiffer and softer layers
when loaded axially during isostrain deformation of the LMC. This model has led to the
development of a constitutive relationship between flow stress and applied strain-rate for the
laminated structure.

INTRODUCTION

Multi-layer laminate metal composites (LMCs), prepared by hot pressing alternate
layers of the unreinforced and reinforced component materials and subsequent hot-rolling, can
provide very attractive fracture toughness, damping capacity and also strength properties [1].
The influence of laminate architecture (layer thickness and component volume fraction) as
well as component material properties and microstructural residual stress on toughening
mechanisms and the resulting crack growth resistance are being actively studied [2, 3].
Interfaces in LMCs were observed to delaminate during the crack propagation leading to
blunting [4, 5] or deflection [4, 6] of the crack.

One of the two monolithic (i.e. prior to lamination and hereafter referred to as neat)
layer materials of the LMC studied in this work is a discontinuously reinforced aluminum
(DRA) alloy whereas the other is a more conventional solid-solution strengthened aluminum
(Al) alloy. Such DRA composites are typically reinforced by particles, whiskers or short
fibers. They merit attention because of their desirable properties including low density, high
specific stiffness, reduced coefficient of thermal expansion and increased fatigue resistance
[7]. In many stiffness-, strength-, and weight-critical applications they can offer higher
performance than traditional aluminum alloys at potentially lower cost than organic matrix
composites [8]. DRA composites fabricated using elevated-temperature powder metallurgy
based Al alloys are also attractive candidates for replacing higher cost titanium alloys in some
applications [7]. Thus, the merit of this work is to characterize the mechanical behavior of the
layer materials as a function of temperature and loading conditions and then to generate a
predictive rate equation for correlating with the observed experimental data.
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EXPERIMENT

The LMC is comprised of 21 alternating diffusion-bonded Al layers of a 5182 (i.e. Al-
5Mg, 11 layers) alloy and a 6090 matrix with 25vol.% silicon carbide particulate (i.e. Al
MMC, 10 layers) ceramic-reinforced alloy as represented in figure 1. From this figure, the
average linear intercept grain size within the Al-5Mg and Al MMC layers of the LMC was
determined to be 37 and 6 um, respectably. The average linear intercept grain size of the
unlaminated Al-5Mg neat material was determined to be 28 um. For the corresponding Al

« 30 Cubers; of Representative Neat Layers win the
Lac

»  ARSMg-LMC. d = 37 431692 ym

o ATMMC-LMC. d =6.5042.42 um

«  Avg SICp Spacing =58 11:147 um

; «  Dark Field Gptical Montage of LMC (0.047 in. Thick)
« Etched SEM Montage of Upper LMC Layers

Figure 1. Representation of LMC Microstructure.

MMC neat material, the average linear intercept grain size was observed to be 6 um. Also,
the typical SiCp particulate diameter within the previous matrix was 7 pm. The sheet
thickness of the LMC was approximately 1.2 mm with an average layer thickness of 62 um.
Specific details of the processing parameters can be found elsewhere [1, 2]. Uniaxial
specimens were electrodischarge machined from the LMC sheet with the rolling direction
corresponding to the specimen's tensile axis. Uniaxial constant strain-rate (CSR) tests were
conducted within a broad range of strain-rates (ie. 10° to 10° s'l) and homologous
temperatures (i.e. 0.8 > 0.95 T,, where T,, is the melting point temperature) in flowing argon
(containing an average of 10-15 ppm O,) at a rate of 170 cc min” and total pressure of 111.7
kPa.
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RESULTS

Al-5Mg Neat Layer Characterization

100 The Al-5Mg alloy
I shows two distinct stress-
Al5Mg s ; . .
n=5 / strain-rate regimes as shown in
’:” :gg,g / figure 2. At low CSRs (ie. <
’ e / 3 .
. L g 7‘/’ /‘,J 10° s 1), a transition occurs
o —v--§20°C il from a  solute-dislocation
o i;’,i;geg // interaction (i.e. viscous creep)
& 1g2| o a0 / mechanism with a  stress
£ / // / // sensitivity exponent of 3 at the
& e=0.1 lower temperatures (i.e. around
2 470°C, 0.88 T,,) to an apparent
o103 Newtonian viscous rate
27 / ; .
— controlling mechanism at a
/ temperature (i.e. 550°C, 0.98
w0l /. 4 / T,,) much closer to the melting
A, . point of the matrix. The latter
! True Avolied St \Pa %0 mechanism with a  stress
rue Applied Stress { } sensitivity value of 1 can be
Figure 2. Strain-rate vs. Stress Response of Al-5Mg. attributed to either diffusional
(Flow Stress Reported at Strain, € = 0.1) creep [9-11], Harper-Dom
10° ; . ; 107 . . . . .
a 6,20 MPa b
Al-5Mg Gsrossrey™159 k) mor” Al MMC
el - 0,25 MPa
—- Qqspo-560cy=355.5 kd mol”!
()
)] /
T
o 0%t 4 102 i
£
o .
7] \‘\
o e
S 104t c,=6.5 MPa Tl |
= Qa =147 /-1 e
470-510°y=147 kJ mol i
105 1 I 2 L It 103 1 Il L 1 1
135 140 145 150 155 160 166 135 140 145 150 155 160 165

gm0 {mol J}

Ygmy"107# {mol J7}

Figure 3. Arrhenius Plots to Determine Apparent Activation Energies of the (a.) Al-5Mg

and (b.) Al MMC Neat Materials.

(HD) creep [12-14] or by deformation of a viscous interphase at the grain boundaries [15].
Further study will be required to positively isolate and determine the rate controlling




deformation mechanism within this higher homologous temperature regime. However, for
purposes of modeling in this effort an appropriate structure dependent constant was selected,
assuming a linear relationship between stress and strain-rate (f.e. n=1).

The second regime occurs during transition from intermediate to high (i.e. > 10° s )
applied CSRs, the rate controlling deformation mechanism of viscous creep changes to one of
dislocation climb controlled creep at temperatures of 0.75 T, and above. Correspondingly,
the stress sensitivity exponent increases from a value of around 3 to 5. Similar investigations
into this material system conducted recently by Lee ef al. [16] and previously by Mills ez al.
[17] support these findings. In figure 3a, an Arrhenius plot of true strain-rate vs. the inverse
of temperature shows that the experimentally determmed activation energies of deformation
for the low, 147 kJ mol”, and high, 153 kJ mol™, stress regions of Al- SMg are both
energetically similar to the value for Al lattice self diffusivity, 142 kJ mol ~. This
equivalency is expected if viscous creep and dislocation climb controlled creep are rate-
controlling in the intermediate and high stress regions, respectively [18] (The more exact
Darken diffusivity for viscous creep in Mg-atom locked dislocation glide is not available.).

Al 6090/SiC/25p Neat Layer Characterization

The apparent stress exponent, n, of the MMC neat material can be characterized by a
transition from a value of 7 to 5 with increasing test temperature (i.e. 500°C, 0.88 T,, to
560°C, 0.95 T,,) within a strain-rate range of 10% t0 107 s™ as seen in figure 4. Furthermore,
an apparent approach to a threshold stress dominated deformatlon reglme was observed at
higher test temperatures and relatively low applied CSRs (i.e. < 102 ™). Also, in figure 3b,
the apparent activation energy for deformatlon was determined from a typical Arrhenius plot
with a value of approximately 356 kJ mol”. This value is simply too high for any diffusion-
related correlation in an aluminum matrix. Thus, in order to model the mechanical behavior
10° ; of the MMC, the true mechanistic
AlMMC information, from a microscopic
. se0C viewpoint, must be isolated from
o 550°C the apparent stress sensitivity

ot e /./‘ E exponents and also the apparent
DO activation energy of deformation
P by removing the effects related to
102} =7 the threshold stress state. The
e=01 : numerical and  experimental

/‘ procedures of such a process have
been addressed by Pandey et al.
0%} / 1 9.
* n=18 Using this methodology,
the true stress sensitivity exponent
104 L i was determined to have a
: magnitude of 3 indicative of a rate
10 50 controlling viscous creep

True Applied Stress {MPa} def . hani Thi
Figure 4. Strain-rate vs. Stress Response of Al MMC. © ormz?tlon mechantsm. s
conclusion was substantiated with

(Flow Stress Reported at Strain, € = 0.1) TEM results where significant

intragranular dislocation activity was observed and there was no evidence of subgrains.

True Strain-Rate {s™"}
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Moreover, the true activation energy for deformation, which was obtained by reanalyzing the
primary data in terms of an effective stress (i.e. the applied stress minus the threshold stress),
was determined to be equal to 156 kJ mol™ which compares favorably with that reported in
the previous section for Al self-diffusivity. This conclusion also supports viscous creep as
being the operative rate controlling mechanism within the Al MMC neat layers.

Modeling High Temperature Deformation

This section will briefly discuss the necessary constitutive equations which govern the
deformation behavior of the neat materials as well as that of the laminated structure. At
relatively high homologous temperatures, typically above 0.5 Ty, the rate of deformation as a
function of applied stress, o,, is related by a diffusionally accommodated power-law
proportionality. Mukherjee er al. [20] used this relationship to develop an accepted semi-
empirical constitutive equation for high temperature power-law deformation. The validity of
this effort has been addressed elsewhere [21-23]. The constitutive equation to be used in this

work is, as follows:
. _ n p _
=A%) 5] (D) ool »
kT G d RT.

where o, is the threshold stress, n is the stress sensitivity exponent, G is the temperature
sensitive shear modulus, b is the Burger's vector, D, is the pre-exponential diffusivity term, &
is the Boltzmann's constant, T is the absolute temperature, d is the linear grain size, p is the
grain size exponent, Q is the apparent activation energy for deformation, R is the universal gas
constant and A is the mechanism dependent structure constant. It is commonly accepted that
the magnitude of the apparent activation energy for deformation, Q, will be equivalent to the
activation energy for either self-diffusivity of atoms along the grain boundaries or through the
lattice depending on the specific operative and rate controlling micromechanism. Also, for
single phase and non-reinforced alloys, the threshold stress value of eqn. 1 is considered
negligible in this work.

This constitutive relationship has been shown to reasonably predict the mechanical
behavior of dispersion-strengthened materials [19, 24] within the power-law creep controlled
deformation region. The method of using an effective stress (i.e. o, - o,) for DRAs rather
than the applied stress aides in determining realistic activation energies and stress exponent
values [25]. The recent works of Bieler et al. [26] and an overview by Mishra e al. [27] have
shed significantly more information on this particular area.

Constitutive Modeling of Laminated Metal Composites

Using the results and constitutive relations previously discussed, the primary focus of
this section will be to present a theoretical model for predicting the micromechanical response
to an applied stress by the laminated structure. First, the following assumptions will be
considered:

a) the laminated structure will be loaded such that the all of the individual layers
are acted upon by an applied force in a parallel configuration,
b) isostrain and correspondingly isostrain-rate conditions will apply continuously

throughout the entire deformation process,
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c) load sharing to maintain the previous assumption will occur within the LMC
where the elastically stiffer layers will accumulate a larger portion of the total
applied load in order to maintain strain compatibility,

d) the initial volume fractions of each neat phase within the deforming gage
volume will not vary as a function of strain accumulation.

Thus, given the above set of assumptions, it would be reasonable to expect that a LMC would
exhibit a rule-of-mixtures response attributed to the mechanical behavior associated with each
neat layer under similar deformation conditions. This can be visualized by considering the
issue of strain compatibility where the elastically stiffer layers will accumulate a greater share
of the overall applied load such that isostrain conditions are maintained.

The individual layers which make up the LMC are all loaded axially. It is expected
that the operative rate controlling mechanism within each of the laminate’s neat layers will be
equivalent to that determined for its monolithic component deformed under identical
conditions. Therefore, using principles discussed in a review by Lilholt [28] for load sharing
and correspondingly stress sharing under elastically loaded isostrain conditions, the stress of
the composite, oyc, can be written as:

o mc = -o)|attoy+ ¥ - o) | amac .
Schematically, this model for isostrain deformation has been illustrated in figure 5.

The approach to modeling the deformation behavior of the LMC is similar to that
originally presented by McDanels [29] for creep of an unidirectional continuous-fiber
composite and later advanced by Kelly and Street [30, 31] and more recently by Goto and
McLean [32-34]. The composite model in this treatment considers the condition where both
the reinforced fibers and the matrix phase deform by power-law creep. We consider the

Opmc Ormc Orme T

f }

I: A | B

Actual Laminated Structure Layer Separated Model A B
Prior to Straining Layer Separated Model
Al-6Mg Layer e = AfterIsostraining
B AIMMC Layer Eime= €4 = &

Figure 5. Schematic Model of Isostrain Loading Configuration for the Laminate.

reinforcement fibers in the previous models to be equivalent to the MMC layers within the
LMC. As shown in figure 6, the response of the laminated structure to an applied constant
strain-rate can be modeled with eqn. 2 using the constitutive predictions generated by eqn. 1
for the alloy and MMC neat structures deformed monolithically under identical conditions.
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Figure 6. Deformation Modeling of the LMC at (a.) 490°C and (b.) 550°C.

The constitutive predictions for the deformation response of the LMC and the two neat
materials at both 490°C and 550°C are presented in this figure with experimental results.
From this figure, it is clearly evident that the isostrain model presented in this work can be
used to reasonably predict the high temperature mechanical behavior of Al-matrix laminated
metal composites.

CONCLUSIONS

By a priori characterization of the high temperature mechanical behavior of the
individual layer materials which comprise the laminated structure of interest, a model which
accounts for load sharing between the elastically stiffer and softer layers during isostrain
deformation has been presented and experimentally verified.
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Mechanical Behavior of a N/TiC Microlaminate Under Static and Fatigue Loading
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90095

ABSTRACT

The mechanical behavior and damage mechanisms of the Ni/TiC microlaminate composites
under static and cyclic loading were investigated. The relationship between the ultimate tensile
strength and the layer thickness at both room temperature and 600°C was studied. The fatigue
life and the evolution of the stiffhess reduction under various maximum applied stress levels were
determined. The results revealed that the ultimate tensile strength linearly increased as the
laminate layer thickness decreased. Also, the microlaminate exhibited a non-progressive fatigue
behavior.

INTRODUCTION

Microlaminated composites consist of a number of alternating layers of two different
materials, such as metal/metal, metal/ceramic or ceramic/ceramic systems. As a potential high
strength, high toughness material, microlaminated composites have a significant advantage over
fibrous composites because of their in-plane isotropic properties. The properties of the
microlaminated composites depend upon the structure and properties of each of the components,
the respective volume fraction, the interlaminar spacing, their mutual solubility and the possible
formation of a brittle intermetallic compound between them. Thus, the structure and physico-
mechanical properties of these microlaminated composite materials can be varied and controlled
within wide ranges. This will open up the possibility of tailoring materials with unique
combination of properties to be used either as self-supporting shapes or in the form of coatings
for various applications. Several microlaminate systems have been investigated, which include
Ni/Cu [1-3], Cu/Fe [3], AwNi [4], Mo/W [5], TiC/TiB, [6], NV/TiC [7], Nb;AUND [8], and
CrNb/Nb [8].

This work was conducted to study the mechanical behavior of a Ni/TiC microlaminated
composite. The mechanical behavior and damage mechanisms under both static and cyclic
loading were investigated.

MATERIALS AND EXPERIMENTAL PROCEDURES

The deposition of the Ni/TiC microlaminates was carried out by altemating direct
evaporation for the pure nickel layers and activated reactive evaporation ( ARE ) for the TiC
layers. A water-cooled shield was placed between the TiC and Ni evaporation sources to prevent
the mixture of the vapor streams prior to deposition onto a rotating substrate. The substrate was
located above the sources and heated by a radiant beater from the back side. The schematic
diagram of the apparatus is shown in Fig.1 [3]. The volume fraction of each material and the
individual layer thickness was controlled by adjusting the deposition rate of the respective
material and the rotation speed of the substrate. The temperature of the deposition was 620 °C.
The diameter of the condensates with the thickness varying along the radial axes was about 40
cm.
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Fig.1 Schematic diagram of the vacuum evaporation apparatus with two sources for depositing
laminate composites on a rotating substrate

Microstructure of the resulting Ni/TiC composite was analyzed by X-ray diffraction and SEM
with energy-dispersive spectroscopy (EDS).

Tensile tests were conducted at room temperature in air and at 600°C in an argon
atmosphere on an Instron testing machine. The cross-head speed was 0.5mm min”. Straight-edge
specimens with dimensions of 6.25mm (0.25in) x 100mm (4in) were cut from a single deposit in
the circumferential direction. A thin foil strain gauge with a gauge length of 3.2mm was mounted
on the specimen to measure the corresponding strain. Low cycle fatigue tests were conducted on
a closed-loop, servo-hydraulic Instron testing machine. Fatigue specimens were cut to the
dimensions of 6.25mm (0.25in) x 76mm (3in). Specimen edges were polished by SiC sand papers
to 600 grid in order to reduce the damage done during machining. All specimens were tested in a
load-controlled mode at a frequency of 15 Hz and R=0.1. The maximum applied stresses varied
from 250 to 550 MPa. Thin foil strain gauges were epoxy bonded on each specimen in order to
monitor the evolution of the stiffess degradation. The fracture surfaces of specimens and the
polished cross sections near the fracture surface after tensile and fatigue testing were examined
by a scanning electron microscope.

RESULTS AND DISCUSSIONS

1. Microstructure and Composition

The cross section of the Ni/TiC microlaminate, as shown in Fig.2, clearly shows discrete
alternating layers of Ni and TiC in the composite. X-ray diffraction studies confirmed that all the
laminates were composed of Ni and TiC. No interdiffusion between the Ni and TiC was found in
the as-deposited state from the micrographs. By utilizing direct evaporation for the nickel layers
and ARE for the TiC layers, a Ni/TiC microlaminate composite with Ni:TiC ratio of 5.5:1 was
obtained. The volume fraction of the Ni and TiC layer was measured to be 85 and 15 %,
respectively.
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Fig.2 SEM micrograph of the Ni/TiC Fig.3a Typical stress-strain curve of the
microlaminate Ni/TiC microlaminate at room
temperature

Fig.3b Tensile fracture surface of the Ni/TiC  Fig.3¢ Cross-sectional area near the tensile
microlaminate fracture surface

2. Tensile behavior

A typical stress-strain curve of the Ni/TiC microlaminate composite with layer thickness of
1.74 um tested at room temperature is shown in Fig.3a. The microlaminate exhibits a short linear
stress-strain behavior, followed by a mon-linear behavior prior to final fracture. The initial
Young's modulus was measured to be 262 GPa, which is close to that predicted by the rule of
mixture. The ultimate tensile strength and the strain-to-failure were measured to be 620 MPa and
0.48 %, respectively. The UTS of a vapor-deposited Ni was measured to be 276 and 73 MPa at
room temperature and 600°C, respectively [7]. It is obvious that the UTS of a Ni/TiC
microlaminate is superior to that of the pure Ni. Fig.3b shows the fracture surface of the Ni/TiC
microlaminate. The nickel layers with knife edge fracture profile failed by ductile shear fracture
and the TiC layers failed in a brittle manner. Fig.3c is the cross-sectional area near the fracture
surface. Fragmentation of the brittle TiC layers and localized yielding of the ductile Ni layers
adjacent to the fractured TiC layer were observed near the fracture surface. Based upon the
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stress-strain response and fracture characteristics, the damage sequences of the Ni/TiC
microlaminate under tensile loading was proposed as follows. As the applied tensile load
increased, the weakest TiC layer failed first and the load was transferred to the neighboring Ni
layers and the surviving TiC layers. This load redistributjon resulted in the microyielding of the
Ni layers, multiple cracking of the same TiC layer, and the rupture of the other TiC layers. As
the applied stress increased, the accumulated damage resulted i the reduction of the load
carrying capacity of the microlaminate. Once the applied load exceeds the residual load carrying
capacity of this material, catastrophic failure of the Ni/TiC microlaminate occurred. It was found
that the zone of the fragmentation of the brittle TiC layers and the localized yielding of the
ductile Ni layers were constrained within 100 pm which was much smaller than the gauge length
( 3.2mm ). Therefore, the strain-to-failure is small. The non-linear stress-strain behavior is due to
the yielding of Ni layers and the progressive rupture of the TiC layers.

Fig.4 represents the effect of the layer thickness on the ultimate tensile strength ( UTS ) of
the microlaminate composite at room temperature and at 600 °C, respectively. It clearly
indicates that at both room and elevated temperatures, the UTS increased linearly as the layer
thickness decreased.

800 . T . T r .
I L] B room temperature iy
[ ] 600°C
=600 b -
% 5
[%5) ° ]
5
400 |- -
200 L L s 1 L 1 N
0.0 2.0 4.0 6.0 8.0

Layer thickness (pum) '

Fig.4 UTS vs. laminate layer thickness (one Ni layer plus one TiC layer )
at room temperature and 600°C

3. Low cycle fatigue behavior

The maximum applied stress as a function of fatigue life of the Ni/TiC microlaminates is
plotted in Fig.5a. The microlaminate exhibited a wide range of scattering in fatigue life at
maximum applied stresses between 350-550 MPa. At G = 250 MPa, the microlaminate did not
fail after being loaded to 10° cycles. The stiffness reduction as a function of fatigue cycles at
various stress levels is shown in Fig.5b. It indicates that no significant variation in the stiffness
was observed during fatigue testing until the specimen failed catastrophically. The above results
strongly suggest that the Ni/TiC microlaminate exhibits a non-progressive fatigue behavior in
which neither stiffaess reduction nor microstructural damage was detected before catastrophic
failure. A typical fracture surface of the Ni/TiC microlaminates after fatigue testing at different
stress levels is shown in Fig.6. Processing defects such as flake (Fig.6a) and spit (Fig.6b) defects
were found on the fracture surface of each specimen. The spit defect is produced by a small
droplet ejected from the molten pool, which lands on the substrate and is incorporated into the
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coating. The flake defect is produced by accelerated coating deposition on a foreign particle.
Since the bonding between the processing defect and the deposit is usually poor,
decohesion at the interface between the defect and the deposit may trigger the rapid rupture of
TiC layers. This would lead to the catastrophic failure of the laminate. Therefore, the fatigue life
of the N/TiC microlaminate is controlled by the size, distribution and bonding conditions of

Maximum Applied Stress (MPa)

Resdiual Stiffness (E/E0) (%)

Fig.5a The S-N curve of the Ni/TiC
microlaminate

Fig.5b The stiffness reduction curve
of the Ni/TiC microlaminate
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Fig.6a The fatigue fracture surface of the Ni/TiC microlaminate with a flake defect
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Fig.6b A spit defect in the Ni/TiC microlaminate

CONCLUSIONS

1.

Ni/TiC microlaminate composites have been successfully produced by direct evaporation for
the nickel layers and ARE for the TiC layers. The typical stress-strain curve of the N¥/TiC
microlaminate composite exhibited an initial linear elastic region followed by a non-linear
stress-strain behavior. The UTS of the Ni/TiC microlaminate composites increased linearly as
the layer thickness decreased at both room temperature and 600 °C.

. The Ni/TiC microlaminated composites exhibit a non-progressive fatigue crack propagation

behavior. The fatigue life of the microlaminates depended strongly on the size, distribution,
and bonding conditions of the processing defects.
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FATIGUE CRACK GROWTH IN ALUMINUM LAMINATE COMPOSITES
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" Division of Materials Science and Engineering, University of California, Davis, CA 95616

ABSTRACT

Fatigue crack growth has been measured in a laminated metal composite (LMC) consisting of
alternating layers of AAG6090/SiC/25p metal matrix composite (MMC) and AA5182 alloy. This
material was tested in both as-pressed (F temper) and aged (T6 temper) conditions.
Corresponding crack growth measurements were made in self-laminates of both the MMC and
AAS5182 materials to examine the role of the interfaces.

The LMC-T6 material has a significantly higher fracture toughness than its MMC constituent but
exhibits only modest improvements in nominal fatigue crack growth resistance and a lower
nominal threshold. The LMC-T6 shows high levels of crack closure which reveal poor intrinsic
crack growth resistance. Self-laminated AA6090/SiC/25p MMC in the F temper has lower
microhardness, lower strength and superior intrinsic crack growth resistance compared to this
material in the T6 condition. The fatigue fracture surface of T6 temper MMC remains
macroscopically smooth despite the development of a large amount of crack closure. The self-
laminated AAS182 exhibits a significant improvement in fatigue crack growth resistance after heat
treatment and a corresponding change in crack morphology from smooth to very rough. This
change leads to a large increase in roughness-induced closure. The effects of heat treatment are
attributed to differences in interfacial strength. '

INTRODUCTION

Discontinuously reinforced aluminum (DRA) metal matrix composites (MMCs) have received
widespread attention as candidate materials for applications in which high specific strength and
stiffness are requirements. While a variety of material systems have been produced to meet these
primary goals, the relatively low fracture toughness of these composites compared to
conventional aluminum alloys has remained of concern. For this reason, several investigators
have devised extrinsic methods to improve the fracture toughness of MMCs [1-5]. One approach
that has shown particular promise involves lamination of the DRA with a more ductile alloy. This
approach has been shown to lead to substantial increases in fracture toughness in model alloys
created by epoxy bonding as well as demonstration alloys prepared by diffusion bonding [3-5].

Many of the applications for which high fracture toughness is desired, especially in aerospace
structures, also require that materials exhibit good fatigue crack propagation resistance.

Unfortunately, relatively little is known about the mechanisms of fatigue crack propagation in
laminated structures. Qur previous work on aluminum laminates composed of alternating layers
of AA6090/SiC/25p and AAS5182 demonstrated that although the fracture toughness of the
laminate in the nominal T6 temper is superior to that of its MMC constituent, it exhibits only
modestly superior fatigue crack growth resistance and a lower nominal threshold [6]. The
AAS5182 layers in the laminate exhibited substantial amounts of shear failure and fracture surface
roughness, suggesting that both plasticity and roughness-induced crack closure provide some
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extrinsic toughening, at least at intermediate growth rates. Other work by Chawla and Liaw on
roll bonded pure aluminum and 304 stainless steel revealed that crack growth rates in the laminate
were lower than in either component [7]. These limited studies suggest that the fatigue crack
growth behavior of composite laminates may depend on the properties of the individual laminates
as well as the characteristics of the interfaces, which are both affected by heat treatment.

Because of the limitations of our current knowledge, the goal of the present study is to expand on
our previous efforts to understand fatigue crack propagation in laminated aluminum composites.
We seek to understand the influence of heat treatment on the behavior of composite laminates as
well as self-laminates made of each of the two constituents. Of particular concern is the influence
of matrix strength and interface debonding on crack growth rates in the near-threshold regime.

EXPERIMENTAL

Laminated metal composites (LMCs) were produced at Lawrence Livermore National Laboratory
in the same manner as previously reported [4-6]. Each LMC consists of twenty-one alternating
layers produced by stacking eleven layers of AAS182 with ten layers of AA6090/SiC/25p, each
layer measuring 51 mm by 51 mm square and 2.5 mm thick. Prior to stacking, the layers were
chemically cleaned to remove the surface oxide scale. The stacked layers were then hot pressed
at 450°C in an argon gas atmosphere to approximately 1/3 of their initial thickness. Due to
friction between the press platens and the outer layers, these layers were under greater lateral
constraint than the inner layers, resulting in their being thicker than the inner layers. In addition,
self-laminates of both AAS182 and AA6090/SiC/25p were produced by a similar method in order
to study separately the effects of composite lamination and layering. All laminates were finished
by heating to 450°C and warm rolling in the same direction as the rolling direction of the as-
received sheets. The hot pressed and warm rolled laminates were cut into the required compact
type (C(T)) specimens in the L-T orientation with respect to the rolling direction of the original
sheet material by wire electrostatic-discharge-machining. To produce a T6 condition, specimens
were then heated in air at 560°C for one hour, quenched in agitated warm water and aged at
160°C for sixteen hours followed by air cooling. This heat treatment represents the nominal
treatment to develop peak strength in the AA6090 alloy, and is not expected to alter the
microstructure or properties of the solid solution strengthened AA5182.

Fatigue crack propagation experiments were conducted in accordance with ASTM standard E-
647-88a using C(T) specimens machined in the crack divider orientation in which a crack grows
simultaneously in all layers [8]. The thickness of the composite laminate specimens was 10.0 mm,
while the AAS5182 self-laminate specimens were 10.9 mm thick and the AA6090/SiC/25p self-
laminates were 11.0 mm thick. All specimens had dimensions of width 44.45 mm and height
53.34 mm. Testing was performed in ambient air with a sinusoidal wave form at 20 Hz and a load
ratio R = 0.1. Low and near-threshold regions of crack growth were investigated with K-

decreasing tests using a K-controlled step method with a stress gradient ¢ = -0.08 mm ™.

The servohydraulic testing system and associated data acquisition and control software were the
same as those used in the previous experiments on metal composites [6,9]. Crack length
measurements were made in real time using a COD-based compliance method [10]. In addition,
crack closure detection was based on calculation of the maximum correlation coefficient in a least
squares regression fit of load vs. COD data. Closure was defined as the point at which the
correlation coefficient, excluding the load reversal region at the peak of the cycle, begins to
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AAG6090/SiC/25p. In the F

temper (Figure 3(a)), the interfaces between the layers are fairly diffuse and there is no evidence
of interfacial debonding. In contrast, the specimen tested in the T6 temper reveals much more
distinct interfaces that also exhibit some debonding that is characteristic of this temper. This
observation suggests that the difference in behavior between the two materials may be partly
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related to different degrees of
constraint of the deformation in
the more ductile AAS5182. In
addition, observation of the
fracture surfaces reveals that the
AAS5182 does not fail in a ductile
manner, but rather that crack
propagation is accompanied by
extensive shear deformation and
tearing in these layers.

In order to explore more fully the
contributions of the individual
materials, self-laminates of each
were tested in both the F and T6
tempers. Again, we note that the
T6 designation used here simply
connotes the fact that the
materials were subjected to a
certain heat treatment that
nominally produces peak strength
in the AA6090 matrix. The
AA5182 does not exhibit
precipitation hardening as s
revealed through microhardness
measurements, which show no
change before and after the heat
treatment.  The crack growth
rates for the LMC-F fall between
those of the two constituents in
the near threshold regime, as
shown in Figure 4(a). At higher
growth rates, the laminated
composite and AAS5182 self-
laminate exhibit similar behaviors.
Another important observation is
that the AA5182 self-laminate
exhibits very poor fatigue crack
growth resistance in the as-

Figure 3. Representative SEM micrographs of fatigue crack
surface at high AK for (a) LMC-F and (b) LMC-
T6. (Darker center layers are AA5182. Arrows
indicate crack growth direction.)

pressed condition, suggesting that is may be a poor choice for lamination when the design goal is
to improve fatigue crack growth resistance. When these self-laminates are tested in the T6
temper, the situation is altered considerably (Figure 4(b)). Although the data exhibit considerable
scatter due to large crack deflection effects and the concomitant difficulty of making reliable
measurements of crack length using the COD-based compliance method, the results reveal several
interesting trends. Again, the data for the composite laminate fall between the results for the
constituent self-laminates. However, the relative positions of the AA5182 and AA6090/SiC/25p
are reversed. In particular, the fatigue crack growth resistance of the AAS5182 is improved
significantly, even though no change in microstructure, precipitate structure or strength is

284



106 —— T 3 10 T 3
F v LMC-F ] F o LMC-T6 ]
: + 5182 Self Lam.-F E : 0O 5182 Self Lam.-T6 “
107 £ © MMC Self Lam.-F E __ 107 E & MMC Self Lam.-T6 3
OO 1 T o
(6] F e [¢] o p
S~ ~—
E 108} 1  E 100} g3
z : 1 =z : g 7
O 1 = :
[0 3 E g L |
L] a
109 F # 3 109 F 4
E ¥ 3 E E
F vy ; ]
S (2) [ f° ®]
r v
10.10 L 1 T T O N | 10_10 1 1 I U I S B |
1 10 20 1 10 20
AK (MPaym) AK (MPavm)

Figure 4. Comparison of fatigue crack growth behavior in the LMC and self-laminates in the (a)
as-pressed (F) condition and (b) heat treated (T6) condition.

expected. In contrast, the fatigue crack growth behaviors of the other two materials are not
significantly different from the F temper. The good apparent fatigue crack growth behavior of the
AAS5182 is again attributed to extrinsic factors, as revealed through a plot of the crack closure
stress intensity factors (Figure 5). The closure levels in the AA5182 alloy after heat treatment are
especially high, and can be attributed the very rough fracture surface observed in this material.
The heat treated AA5182 represents an appropriate choice for lamination with AA6090/SiC/25p
in order to improve the
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discontinuously reinforced aluminum metal matrix composite (AA6090/SiC/25p) with a ductile
solid solution strengthened AAS5182 alloy leads to improved fatigue crack growth resistance in the
near-threshold regime. Fatigue crack growth rates in the laminated composite lie between those
observed in self-laminates of the two constituents in both the as-pressed and heat treated
conditions. Nonplanar crack growth in the AA5182 layers of the composite results in crack
deflection and shear failure, enhancing fatigue crack growth resistance by extrinsic mechanisms.
Heat treatment from the as-pressed to the nominal age hardened condition significantly influences
interfacial strength as well as the strength of the DRA constituent. In particular, the nominal T6
treatment results in low interfacial strength, thereby reducing the degree of constraint exerted by
the stronger DRA layers on the AA5182 layers. This condition leads to greater crack deflection
and roughness-induced crack closure, which enhances the fatigue crack growth resistance.
Further evidence of the importance of interfacial strength is found in the observation that, while
the T6 treatment does not alter the strength of the AAS182 self-laminate, it significantly affects
the crack growth rates. Together, these observations indicate the importance of interfacial and
constituent strength, and suggest that additional study of interfacial properties is needed to fully
characterize the fatigue crack growth resistance of composite laminates.
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FATIGUE BEHAVIOR OF SCS-6/TITANIUM/TITANIUM ALUMINIDE HYBRID
LAMINATED COMPOSITE

P.C. WANG, Y.C. Her, and J.-M. YANG
Department of Materials Science and Engineering, University of California, Los Angeles, CA
90095

ABSTRACT

The fatigue behavior of the SCS-6 silicon carbide fiber-reinforced Ti-6A1-4V/Ti-25Al-
10Nb hybrid laminated composite was investigated at room temperature. The accumulation of
fatigue damage in the form of matrix cracking was measured as a function of loading cycles and
applied stress levels. The residual stiffness and residual tensile strength of the post-fatigued
specimens were determined. The comparison of the crack growth behavior of the hybrid
composite with both the SCS-6/Ti-6-4 and SCS-6/Ti-25-10 composites will also be discussed.

INTRODUCTION

Continuous silicon carbide fiber-reinforced titanium alloy matrix composites have been
evaluated as possible structural materials for gas turbine engines. More recently, composites
based upon the ordered titanjum-aluminum intermetallic alloys such as TizAl and TiAl have also
been under intensive development for potential applications [1]. These intermetallic alloys have
lower density and better environmental stability than typical disordered titanium alloys.
However, these intermetallic alloys also suffer from inherent problems such as low ductility and
fracture resistance at ambient temperature. Therefore, efforts have been made to further
improve the damage tolerance, mechanical and environmental reliability, and elevated-
temperature properties of the titanjum based composites to meet the design requirements.
Recently, the hybridization of titanium alloys and titanium aluminide intermetallic alloys has been
demonstrated as a viable approach to tailor the properties of the composites [2]. The hybrid
laminated composite is expected to be used at temperatures beyond those attainable in
conventional titanium matrix composites and also to improve the damage tolerance of the
titanjum aluminide matrix composites. Matrix hybridization has been demonstrated as an
effective approach in fiber-reinforced polymer/metal matrix [3-5], and metal/metal matrix [6-8]
composites for years. The objective of this study is to investigate the fatigue damage evolution
and mechanical property degradation of a hybrid composite namely, SCS-6/Ti-6A1-4V/Ti-25Al-
10Nb. Comparison of fatigue resistance between the hybrid and monolithic composites is also
provided.

MATERIALS AND EXPERIMENTAL PROCEDURES

The material used in this study was an unidirectional SCS-6 fiber-reinforced Ti - 6at% Al
- 4at% V (Ti-6Al-4V) and Ti - 25at% Al- 10at% Nb - 3at% V - 1at% Mo (Ti-25-10) hybrid
composite. The microstructure of the resulting composite was shown in Fig. 1. The properties
of the constituents and the composite are listed in Table 1. The Ti-25-10 laminae were placed
between the SCS-6/Ti-6-4 lamina, and the lay-up was consolidated by hot isostatic pressing.
The volume fraction of the SCS-6 fiber, Ti-25-10 and Ti-6-4 was measured to be 20%, 35%,
and 45%, respectively. Unnotched straight-edged specimens with dimensions of 76.2 mm x 6.35
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mm x 3.07 mm were cut from the panel and, subsequently, epoxy bonded with metallic end tabs
on both ends. A clip-on extensometer with gage length of 12.7 mm was attached to one side of
the sample with rubber bands to measure the corresponding strain during testing. All the fatigue
testings were performed at room temperature with a stress ratio, R = 0.1, frequency, £= 10 Hz,
while the maximum applied stresses ranged from 400 to 600 MPa. Matrix crack length was
measured by using a surface replication technique under an optical microscope. Some of the
fatigue tests were interrupted, and the samples were pulled to fracture quasi-statically in order to
measure the post-fatigued tensile strength. For comparison, the crack growth behavior, and the
matrix crack growth rates of the SCS-6/Ti-6-4 (Vi = 35%) and SCS-6/Ti-25-10 (Vi = 35%)
were also investigated at Gun.x = 600 MPa.

Table 1: Material properties of the hybrid composite and its constituents

SCS-6/Ti-6-4/Ti-25-10 Ti-6-4 Ti-25-10
fiber modultus (GPa) 400 NA NA
modulus (GPa) 210 110 [9] 125 [11}
tensile strength (MPa) 1138 920 [10] 853 [12]
B - 4x10™" [9] 2.43x107" [12]
n - 319] 3.9 [12]

Ti-25-10

Ti-6-4

_ SCS-6 fiber
Ti-6-4
Ti-25-10

Fig. 1: The microstructure of the
. SCS-6/Ti-6-4/Ti-25-10 composite.

RESULTS

The S-N curve and the damage of the hybrid composite accumulated under low cycle
fatigue loading have been réported by Jeng et al. [2]. Typically, the matrix cracks initiated from
the fractured fiber or the damaged fiber-matrix interfacial reaction layer near the specimen edge,
and propagated perpendicular to the fiber direction. Minimal fiber breakage and limited
interfacial debonding were found in the wake of the matrix crack tip. Most of the fibers
ruptured near the fracture surface resulting in minimal fiber pull-out. A close observation of the
ruptured matrix revealed that there are two distinct regions: a fatigue induced brittle fracture
region and an overload induced ductile fracture region. However, in the overload region, quasi-
ductile tearing was found in the Ti-25-10 layer, while the Ti-6-4 layer exhibited classical dimple
structure, as shown in Fig. 2. SEM observation showed that the fatigue crack front (indicated
by the star curve) of this composite was periodically wavy, as shown in Fig. 3.



Fig. 2: Matrix fracture morphology
in the overload region.

The leading crack front was always found in the brittle Ti-25-10 layer, while the lagged crack
front was usually located on the centerline of fiber array. Also, the amplitude of the wavy crack
front was about 200 um. It clearly indicates that the SCS-6/Ti-6-4 layers successfully retarded
the rapid crack growth in the brittle Ti-25-10 layers.

Fig. 3: The wavy fatigue crack front in
the hybrid composite.

Fig. 4 shows the stiffuess reduction and the total matrix crack length as a function of
fatigue cycles for the hybrid composite tested at 500 MPa. The stiffness reduction curve can be
classified into two regimes: a regime without any stiffaess reduction followed by a rapid stiffaess
reduction regime which corresponds to the fatigue crack propagation. The stiffaess reduction
occurred when the matrix crack was initiated at N = 2.5x10° cycles under 6., = 500 MPa.
There was no plateau in the stiffness reduction curve as found in the SCS-6/Ti-15-3 or SCS-
6/Ti-22-23 composites [12,13]. Also, quasi-steady state crack propagation behavior was found,
in which the crack length increased linearly with the fatigue cycles. Microstructural observation
revealed that most of the fibers remained intact in the wake of crack tip. Therefore, it is evident
that matrix cracking primarily accounted for the stiffaess reduction. The average quasi-steady-
state crack growth rates, residual stiffness, and fatigue lives for tests performed at both 500 and
600 MPa are listed in Table 2. The average crack growth rates of both the SCS-6/Ti-6-4 and
SCS-6/Ti-25-10 composites are listed in Table 3 for comparison. It was found that the crack
growth rates in the hybrid composite were sensitive to the applied stresses. As a result, when
the maximum applied stress was increased from 500 to 600 MPa the crack growth rate increased
by 100%. In addition, no fatigue damage was detected after cyclically loading the hybrid
composite for 10° cycles when Gy, was reduced to 400 MPa.
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Table 2: Fatigue Performance of SCS-6/Ti-6-4/Ti-25-10 hybrid laminated composite

maximum applied average crack growth | residual stiffness (%) fatigue life
stress (MPa) rate x10° (m/cycle) (cycles)
600 15.6 92.6 2.23x10°
500 6.8 94.1 4.1x10°
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Fig. 4: The stiffaess reduction and the total crack length curves as a function of fatigue cycles.
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The post-fatigued tensile strength as a function of the normalized matrix crack length is shown
in Fig. 5. It clearly reveals that the tensile strength decreased significantly as the matrix crack
propagated. As the normalized crack length (a/w) increased to 0.5, the tensile strength dropped
to 500 MPa, which corresponds to a 56% reduction in strength.

Table 3: Experimental and predicted crack growth rates
for composites with various fiber volume fraction

crack growth rate x10° Ve=35% Ve=35% Vi=31%
® (m/cycle) (measured) (predicted) (predicted)
SCS-6/Ti-6-4 4.3 43 6.1
SCS-6/Ti-25-10 14.4 16.2 24.8
DISCUSSION

The quasi-steady-state crack growth rate of a fiber bridged matrix crack has been
modeled by Cox using the J-integral methodology [15]. Also, the model has been successfully
extended for predicting the quasi-steady-state crack growth rate of the SCS-6/Ti-22A1-23Nb
composite by Wang et al. [16]. By using the methodology developed by Wang et al. and
assuming that the average interfacial frictional stress (t) was equal to 35 MPa [13], the quasi-
steady state crack growth rates of both SCS-6/Ti-6-4 and SCS-6/Ti-25-10 composites under
Omax = 600 MPa were predicted, as listed in Table 3. The parameters of Paris’ law, da/dN =
B(AKq,)", required in the calculation of both Ti-6-4 and Ti-25-10 alloys are also listed in Table
1. It was found that the predicted results for composites with 35% fiber content agreed with the
experimental data quite well, suggesting that Cox’s model was applicable for both composites.
Additionally, it reveals that the crack growth rate of the ductile matrix SCS-6/Ti-6-4 composite
is much slower than that of the brittle matrix SCS-6/Ti-25-10 composite. For the hybrid
composite, the fiber volume fraction of the SCS-6/Ti-6-4 monolayer was found to be 31%.
Therefore, due to the existence of the brittle Ti-25-10 laminae, the crack growth rate of the
hybrid composite is expected to be faster than that of monolithic SCS-6/Ti-6-4 composite with
Ve = 31%. Crack growth rates of both SCS-6/Ti-6-4 and SCS-6/Ti-25-10 composites were
predicted by using Cox’s model based upon Vi = 31%, as shown in Table 3. It clearly indicates
that the crack growth rate of the hybrid composite is, as expected, greater than that of SCS-
6/Ti-6-4 composite. However, it is much smaller than that of the SCS-6/Ti-25-10 composite. It
demonstrates that even though the overall fiber volume fraction of the hybrid composite is only
20%, the measured crack growth rate of the hybrid composite is comparable to that of the
composites with Vi = 31%. This is due to its unique microstructural design. Therefore,
hybridization provides an effective approach for tailoring the fatigue properties of the fiber-
reinforced titanium-based composites.

CONCLUSION

1. The unnotched hybrid composites exhibited a quasi-steady-state crack propagation
behavior under cyclic loading. Similar phenomena have been observed in other SCS-6/Ti matrix
composites.

2. The residual tensile strength decreased significantly as the matrix crack length
increased. When the normalized crack length was 0.5, the strength reduction was found to be as
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great as 56%. It is believed that the low residual strength is due to fiber breakage that occurred
during crack propagation.

3. Matrix hybridization has proven to be a feasible approach to improve the fatigue

resistance of the brittle matrix and to reduce the manufacturing cost.
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EVALUATION OF IMPACT DAMAGE RESISTANCE IN LAMINATED
COMPOSITES USING RESINS WITH DIFFERENT CROSSLINK DENSITIES

A.J. LESSER
Polymer Science and Engineering Department, University of Massachusetts, Amherst, MA 01003

ABSTRACT

It is generally recognized that fiber-reinforced laminated composites are susceptible to
damage resulting from low-velocity impacts. Over recent years, many strategies have been
devised to increase the fracture toughness of resin matrix materials with the aim of improving
the composites overall resistance to impact damage. One popular strategy for enhancing the
fracture toughness of thermosets involves increasing its molecular weight between crosslinks
which, in turn, enhances the resins ductility. In this paper, we investigate the efficiency of this
toughening approach with regard to resisting damage in composite laminates subjected to low-
velocity impacts. Generic damage characteristics and mechanisms are reviewed and it is shown
that two different events occur during the impact process. First, the laminate experiences a local
failure which resembles a Hertzian fracture process followed by subsequent delamination between
the plies. Results are presented illustrating the effects that systematically increasing the
molecular weight between crosslinks of the resin has on each of these mechanisms. Also, the
residual compressive strength (Compression After Impact) of the laminates made with these resing
is presented.

INTRODUCTION

A Considerable amount of work has been published in recent years regarding the damage
resistance and damage tolerance of laminated composites. This subject has received attention
because it turns out that a laminates resistance to impact damage and its residual strength are key
issues in the design of composite structures. It has been shown that a low velocity impact by
foreign objects can create non-visible damage which can severely degrade the compression
strength of the laminate'. In 1985, a report was issued by the Office of Technology Assessment’
which identified impact resistance and delamination as the two key areas for composite research
and development.

One of the most commonly used tests for measuring a composites resistance to impacts
is referred to as the Compression After Impact (CAI) test®® Although these types of tests are
widely used, there is a great deal of controversy with regard to the results obtained from them.
One of the inherent sources of confusion in CAI testing is that they actually measure the
combined effects of two separate phenomena: damage resistance and damage tolerance®”.
Damage resistance is a measure of the composites ability to resist damage during an impact
event, and damage tolerance is a measure of the residual performance of a pre-damaged
composite. Additional sources of confusion in CAI testing arise from the inability to compare
results from different test standards due to different specimen geometries, different support
fixtures and different impact energies. Also, subtle variations in the CAI support conditions have
shown to cause large changes in the final results®. These issues arise because both the amount
of damage caused by impact and the residual panel strength are a combined result of the material
properties of the composite (resin and fiber) as well as the geometry of the panel together and
its associated boundary conditions during the test.
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In previous work, we have shown that the damage induced in laminated composites
subjected to subperforating impacts is governed by two basic phenomena®'®. During an impact
event, the damage initiates a Hertzian type cone of microcracks together with pairs of radial
cracks within individual plies. Once the cone is developed, delamination occurs between the
plies in a quasi-static fashion coincident with the increasing impact load. In this paper we
present results from an investigation whose aim was to study these mechanisms with a family of
resins whose fracture toughness is systematically increased.

A significant amount of effort was placed in development of high performance resins for
composite applications. Some of the more popular approaches include introduction of a soft-
particle (rubbery or thermoplastic) second phase into the matrix"!, increasing the molecular weight
between crosslinks of the resin'’, or a combination of the two'*. In this paper we present results
from a systematic investigation using the second toughening approach; namely increasing the
molecular weight between crosslinks.

EXPERIMENT

The resin formulation used in this study included a bisphenol A epoxy (EPON 825) cured
with stoichiometric amounts of ethylenediamine (tetra-functional) and methylethylenediamine (di-
functional). The ethylenediamine was used for crosslinking the network and the
methylethylenediamine was used for chain extension. Resin plaques and composite panels were
fabricated with by combining stoichiometric ratios of these curing agents with the epoxy to
achieve desired crosslink densities.

Neat resin plaques of 3.2 mm (1/8-inch) nominal thicknesses were made from each resin
system. Measurements of the resin fracture toughness (K;) were conducted in accordance with
the ASTM D5045-91 on compact tension specimens. Pre-cracking of the test specimens was
accomplished with the aid of a razor blade and small mallet on the specimens after they were
conditioned in liquid nitrogen.

Unidirectional prepregs were made for each resin with AS4 un-sized fibers. Afterward,
32 to 40 ply [45/90/-45/0],, quasi-isotropic panels and test specimens were cut in accordance
with the Boeing BSS 7260 specification. Next, the quasi-isotropic panels were impacted in
accordance with the Boeing with an impact energy equal to 6.675 kJ/m (1500 in-lb/in) of the
panel's thickness. The impacts were conducted on a Dynatup Model 8250 Instrumented Impact
Test Machine at an ambient temperature of 23°C. Traces of the impact load history and impact
energy (calculated from the load) were stored digitally.

After impacting, all panels were subjected to an ultrasonic investigation and either
compression tested in accordance with the Boeing Test method or sectioned and polished for
fractographic studies. The ultrasonic method adopted for this study incorporated the use of a
Panametrics pulse-echo C-scan system using a 15 MHz 1/4-inch focused transducer.

RESULTS AND DISCUSSION

Damage Mechanisms
Previous investigations on impacted panels™® have shown that the damage characteristics

generally observed in these panels are a combined result of two separate events. The first event
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is a local failure in the panel which produces central micro-cracks and radial cracks within each
ply of the laminate. Following this initial local failure subsequent growth of delamination
proceeds between the plies as the panel accommodates additional load. It was shown earlier™*’
that the central micro-cracks and larger pairs of radial cracks resemble those reported in Hertzian
type failures characterized in other materials'*'’. These types of failures are usually reported in
brittle materials and generally contain two types of crack patterns: a cone crack commonly
referred to as a Hertzian Cone and radial cracks. The cone crack consists of a conical shaped
crack pattern completely encompassing the region under the contact location and the radial cracks
initiate from the cone and propagate outward in a radially symmetric fashion. A comparison of
this crack pattern is shown together with that produced in an isotropic material in Figure 1.

The development of the Hertzian cone occurs once the impact load reaches a critical
threshold level during the impact event. This is illustrated on a typical impact load history in
Figure 2 (note that the load in Figure 2 is normalized by the panel thickness for later
comparisons). If a panel is impact loaded (or quasi-statically loaded) below this threshold level
no significant damage is detected. However, once this threshold level is reached, a sudden
unloading is detected in the impact load history resulting from the development of the cone and
radial cracks.

Once the impact load surpasses the threshold level at which the Hertzian cone and radial
cracks are produced, delamination occurs between the plies with the size of the delaminations
increasing with increasing load (see Figure 3). The delaminations between individual plies is
shown to be butterfly shaped with its major axis coincident with the fiber direction of the lower
ply. This effect is attributed to the bending stiffness mismatch between individual plies
producing interfacial stresses which mimic the delamination pattern's. The size of the
delaminations increase coincident with the increase in load. This regime in the load history is
shown in Figure 2.

Composite Laminate

Radial Cracks

Typical Impact History
30 T T T T

251 -

Centrally Depressed Region| 20l 1
Isotropic Resin '

Load/Thickness {(kN/rmm)

15} ~€—— Delamihation -
Radial Cracks 10F Hertzian Faiidye B
0.5 i
Hertzian Cone 00 S o 10
Time (msec)
Figure 1: Hertzian crack pattem in isotropic glass
(below) and fiber reinforced laminate (above). Figure 2: Typicalimpact load history on laminate.
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Figure 4: Impact load histories for panels
fabricated with different crosslink densities.

Figure 3: Ultrasonic image of delaminated
regions; a) overall, b) 3 and 4 plies.

Effect of Crosslink Density

Impact tests were conducted on quasi-isotropic panels fabricated with resins of varying
crosslink densities ranging from 100% (i.e., fully crosslinked) to 10%. Figure 4 illustrates typical
impact curves (normalized by the panel thickness) for five of these crosslink densities.

Careful inspection of these curves (c.f. Figure 4) show that all the curves load at the same
rate prior to reaching the threshold level. However, the threshold level itself changes as the
crosslink density of the resin is changed. The resin formulation with the highest threshold level
was achieved at a 50% crosslink density with a 15% increase in the threshold level. However,
beyond the 50% crosslink density level no further increase in the threshold level is realized and
even decreases at very low crosslink densities.

Similar behavior is seen in the maximum impact load (see Fig. 4) with the highest load
occurring in the 50% crosslinked system. Again the difference in the maximum load in the 50%
crosslinked system is approximately 15% higher than that measured on the fully crosslinked
system. These results qualitatively agree with the maximum tensile strength measured in these
resin systems in that the strongest resin formulation was measured at 50% crosslink density.
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Panels from each resin system were ultrasonically scanned after the impact tests to
characterize the extent of damage produced during the impacts. Measurements of the overall
delaminated area were recorded for each crosslink density and are presented in Figure 5. These
results show that the overall delaminated area decreases from 47 cm’ to 8 cm’ with a
corresponding decrease in crosslink density from 100% to 10%.

Compression After Impact tests were conducted on each of these panels in accordance
with the Boeing BSS7260 CALI standard to assess their residual strengths. Figure 6 illustrates the
results from these tests over the crosslink densities. These results show that residual strength
increases consistent with decreases in the crosslink density.

CONCLUSIONS

The results from this investigation show that the overall resistance to damage and
corresponding residual compressive strength of the composite continually increase as the
molecular weight between crosslinks increases. This suggests that the highest resistance to
overall impact damage is achieved through the highest molecular weight between crosslinks.
This higher damage resistance, in turn, translates to a higher residual strength of the composite
laminate. This implies that a thermoplastic resin matrix material would provide the highest
resistance to impact damage which is consistent with our expectations.

However, our results also show that the highest threshold level before damage is initiated
occurs at approximately 50% crosslink density for the resin and curing agent studied herein.
This suggests that an optimum crosslink density is desired in applications where the emphasis
would be to produce a laminate with the highest resistance to damage initiation.

Delaminated Area Compression After impact (BSS7260)
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Figure 5: Overall delaminated area measured by C-Figure 6: Plot of residual compressive strength for
scan on impacted panels at different xlink densities. laminates with different xlink densities.
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INHERENTLY SMART LAMINATES OF CARBON FIBERS
IN A POLYMER MATRIX

XIAOQJUN WANG, D.D.L. CHUNG
Composite Materials Research Laboratory, Furnas Hall, State University of New York at
Buffalo, Buffalo, NY 14260-4400

ABSTRACT

Real-time monitoring of fatigue damage and dynamic strain in inherently smart and
continuous unidirectional (0° and 90°) and bidirectional (0°/90°) carbon fiber epoxy-matrix
composites by electrical resistance (R) measurement was achieved. Upon cyclic tension (0% of
0° or 0°/90° composites, R (0°) decreased reversibly, while R perpendicular to the fiber layers
increased reversibly, though R in both directions changed irreversibly by a small amount after
the first cycle. Upon fatigue testing of the 0° composite at a maximum stress of 57-58% of the
fracture stress, the peak R (0°) in a cycle irreversibly increased both in spurts and continuously,
due to fiber breakage, which started at 30% of the fatigue life. For the 90° composite, R(0°)
increased reversibly upon tension (0°) and decreased reversibly upon compression (0°).

INTRODUCTION

Fatigue failure is the cause of numerous disasters. In order to prevent such disasters,
fatigue damage is monitored prior to fatigue failure. Another method is to use past experience
to predict the lifetime of the structure under consideration. The former method is more
effective for fatigue failure prevention than the latter, but requires more effort. Fatigue
monitoring is conventionally performed by monitoring at a frequency of at most once aloading
cycle because the monitoring isrestricted to damage and reversible strain cannot be monitored.
Because fatigue monitoring conventionally occurs without dynamic strain monitoring, the
loading cycle at which damage occurs cannot be determined unless the loading is periodic.

A method of fatigue monitoring is acoustic emission [1,2], which suffers from inability
to monitor dynamic strain. Less common is the method involving measurement of the
structure’s electrical resistance, which increases due to damage. In other words, the structure
is inherently smart. Previous work using resistance to monitor fatigue was carried out on a
CaF,-matrix SiC-whisker composite [3], but dynamic strain monitoring was not performed.
In order for dynamic strain and damage to be simultaneously monitored with a single method,
that method must involve a measurand which changes in value reversibly during reversible
straining and changes irreversibly during damage. In this work, this was achieved for
continuous carbon fiber polymer-matrix by using the resistance as the measurand.

Continuous carbon fiber polymer-matrix composites areattractive in that they combine
high strength, high modulus and low density. Previous work on a polymer-matrix composite
containing a combination of continuous glass fibers and continuous carbon fibers has shown
that the resistance of this composite increases irreversibly upon damage (due to the fracture of
the carbon fibers) [4], but fatigue monitoring and reversible resistivity changes (dynamic strain
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monitoring) were not explored. Qur previous work on unidirectional (0°) continuous carbon
fiber polymer-matrix composite [S] has shown that the 0° and transverse (perpendicular to fiber
layers) resistivities of the composite reversibly and respectively decrease and increase upon
dynamic 0° straining, due to the reversible change in the degree of fiber alignment. This paper
is an extension of Ref. 5 to demonstrate fatigue monitoring.

EXPERIMENTAL METHODS

Composite samples were constructed from individual layers cut from a 12 in. wide
unidirectional carbon fiber prepreg tape manufactured by ICI Fiberite (Tempe, AZ). The
product used was Hy-E 1076E, which consisted of a 976 epoxy matrix and 10E carbon fibers.

The composite laminates were laid up in a4 x 7 in. (102 x 178 mm) platen compression
mold with laminate configuration [0], and [90],, for unidirectional composites and [0,/90,] for
bidirectional composites. The individual 4 x 7 in. fiber layers were cut from the prepreg tape.
The layers were stacked in the mold with a mold release film on the top and bottom of the
layup. No liquid mold release was necessary. The density of the laminate was 1.52 + 0.01, 1.52
+ 0.03 and 1.50 + 0.03 g/em® for 0°, 90° and bidirectional composites respectively. The
thickness of the laminate was 1.0, 4.5 and 1.5 mm for 0°, 90° and bidirectional composites
respectively. The volume fraction of carbon fibers in the composite was 58%, 57% and 52% for
0°, 90° and bidirectional composites respectively. The laminates were cured using a cycle based
on the ICI Fiberite C-5 cure cycle. The curing occurred at 179 + 6°C (355 + 10°F) and 0.61
MPa (89 psi) for 120 min. Afterwards, they were cut to pieces of size 160 x 14 mm, 153 x 12
mm and 178 x 7 mm for 0°, 90° and bidirectional composites respectively. Glass fiber
reinforced epoxy end tabs were applied to both ends on both sides of each piece, such that each
tab was 30 mm long and the inner edges of the end tabs on the same side were 100 mm apart.
The tensile strength was 1280 + 109, 62 + 4.9 and 695 + 18 MPa for 0°, 90° and bidirectional
composites respectively. The tensile ductility was 1.07 + 0.12,0.78 and 1.06 + 0.18 % for 0°, 90°
and bidirectional composites respectively. The resistivity (0°) was 3.3x 107, 57.4 and 8.84 x 10”
Q.cmfor0°,90° and bidirectional composites respectively; that perpendicular to the fiber layers
was 21.35 and 45.7 Q.cm for unidirectional and bidirectional composites respectively.

Theresistance R was measured in the 0° direction and the direction perpendicular to the
fiber layers using the four-probe method, while either cyclic tension (0°) was applied. Silver
paint wasused for all electrical contacts. Thefour probesconsisted of two outer current probes
and two inner voltage probes. R refers to the sample resistance between the inner probes. For
measuring R (0°), the four electrical contacts were around the whole perimeter of the sample
in four parallel planes that were perpendicular to the 0° axis, such that the inner probes were
60 mm apart and the outer probes were 78 mm apart. For measuring R perpendicular to the
fiber layers, the current contacts were centered on the largest opposite faces parallel to the 0°
axis and in the form of open rectangles of length 70 mm in the 0° direction, while each of the
two voltage contacts was in the form of a solid rectangle (length 20 mm in the 0° direction)
surrounded by a current contact (open rectangle). Thus, each face had a current contact
surrounding a voltage contact. A strain gage was attached to the center of one of the largest
opposite faces parallel to the 0° axis for samples for measuring R (0°) as well as samples for
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measuring R perpendicular to the fiber layers. A Keithley 2001 multimeter was used at 0.5-1.0
mA and 1.5-2.0 V. The displacement rate was 1.0 mm/min for the 0° and bidirectional
composites, and 0.5 mm/min for the 90° composite. A hydraulic mechanical testing system
(MTS 810) was used for tension-tension cyclic loading (0°) at 1 s per cycle, with stress ratio
(minimum to maximum stress) 0.05 and maximum stress 740 MPa (58% of fracture stress,
strain = 0.56%) for the 0° composite. Multiple samples were used for each test.

RESULTS AND DISCUSSION
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Fig. 1 shows the tensile stress, strain and AR/R (0°) obtained simultaneously for the
bidirectional composite during cyclic tension to a stressamplitude equal to 35% of the breaking
stress. The strain returned to zero at the end of each cycle. Because of the small strains
involved, AR/R, is essentially equal to the fractional increase in resistivity. The AR/R,
decreased upon loading and increased upon unloading in every cycle, such that R irreversibly
decreased slightly after the first cycle. The irreversible decrease is due to the irreversible
decrease in the degree of waviness of the 0° fibers after the first cycle.

Alength increase without any resistivity change would have caused R to increase during
tensile loading. In contrast, R- was observed to decrease. Furthermore, the observed
magnitude of AR/R_wasabout 20 times that of AR/R  calculated by assuming that AR/R  was
only due to length increase and not due to any resistivity change. Hence, the contribution of
AR/R, from the length increase is negligible compared to that from the resistivity change.

AR/R, perpendicular to the fiber layers increased reversibly upon loading (0°). The
small value of AR/R _for the bidirectional composite compared to the unidirectional composite
[5]is due to the 90° fibers in the former and that these fibers make the increase in the degree of
0° fiber alignment only slightly affect the chance that adjacent fiber layers touch one another.

Both dynamic tensile and compressive loadings were conducted on the 90° composite.
Stress (0°) was applied while R (0°) was measured and the fibers were in the 90° direction. R
increased upon tension and decreased upon compression. Theeffect wasnot totally reversible
due to plastic deformation, which is attributed to the polymer matrix, as the polymer matrix
dominated the mechanical properties perpendicular to the fibers. The reversible resistance
changes under tension and compression are due to piezoresistivity, which refers to the
phenomenon in which the resistivity increases upon increase of the distance between filler units
during tension and decreases upon decrease of this distance during compression.

The strain sensitivity or gage factor is defined as the reversible part of AR/R , divided by
the strain amplitude. Its values (0°) are shown in Table 1 for the 0° and 90° composites as well

Table 1 Strain sensitivity (or gage factor) in the 0° direction.

Composite Maximum stress Strain sensitivity
type Fracture stress
0° unidirectional 32% -35.7*
36% -37.6*
Bidirectional 19.4% -5.7*
35% -7.1%
90° unidirectional / 2.2%
/ 2.1
*Tension
*Compression
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as the bidirectional composite. The magnitude of the strain sensitivity is much higher for the
0° composite than the bidirectional composite and is smallest for the 90° composite. This
means that the contribution of the 90° fibers (i.e., piezoresistivity) to the resistance change
observed in the bidirectional composite is small. The strain sensitivity for the bidirectional
composite is not equal to the average of the values for the 0° and 90° composites, due to the
interaction between the 0° and 90° fiber layers in the bidirectional composite.

AR/R,, tensile stress and tensile strain (all 0°) were simultaneously obtained during cyclic
tension-tension loading of the 0° composite. Ascycling progressed beyond 218,277 cycles (55%
of fatigue life), the peak R (at the end of a cycle) significantly but gradually increased, such that
the increase did not occur in every cycle, but occurred in spurts. Beyond 353,200 cycles (89%
of fatigue life), the increase of the peak R occurred continuously from cycle to cycle rather than
in spurts. At 396,457 cycles (99.9% of fatigue life), the increase became more severe, such that
spurts of increase occurred on top of the continuous increase. The severity kept increasing
until failure at 396,854 cycles, at which R abruptly increased. The last spurt before the final
abrupt increase occurred at 396,842 cycles (99.997% of fatigue life).

The early period in which the peak R increased discontinuously in spurts is attributed
to minor damage in the form of fiber breakage which did not occur in every cycle. The
discontinuous nature of the increase implies that the increase is not due to plastic deformation,
but is due to fiber breakage. The subsequent period in which the peak R increased
continuously but gradually is attributed to fiber breakage which occurred in every cycle. The
subsequent period in which the peak R increased rapidly, both in spurts and continuously, is
attributed to more extensive fiber breakage, which occurred in the final period before failure.
Fiber breakage was visually observed along the long edges of the composite sample during
fatigue testing. Thus, by following the increase in the peak R, the degree of damage can be
monitored progressively in real time.

Assuming that the irreversible resistance increase during fatigue testing is due to fiber
breakage and that the resistivity of the undamaged portion of the composite does not change
during testing, the fraction of fibers broken is equal to the fractional decrease in the effective
cross-sectional area of the unidirectional composite. Fig. 2 shows a plot of this fraction asa
function of the percentage of fatigue life. Fiber breakage started to occur at 30% of the life,
though appreciable growth of the fraction of fibers broken did not start till 45% of the life.
Fiber breakage occurred in spurts from 45% to 89% of the life, due to its not occurring in every
cycle. The smallest spurt involved 0.6% of the fibers breaking. This corresponds to 1020 fibers
breaking. Thus, each spurt involved the breaking of multiple fibers. This is reasonable since
the fibers were in bundles of 6000 fibers. The smallest spurt involved the breaking of a fraction
of a fiber bundle. At 89% ofthelife, fiber breakage started to occur continuously rather than
in spurts. Immediate faiture occurred when 70% of the fibers were broken.
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ABSTRACT

The addition of short carbon fibers in the optimum amount of 0.5% of the cement weight
to mortar increased the brick-to-mortar bond strength by 150% under tension and 110% under
shear when the gap between the adjoining bricks was fixed, and by 50% under tension and 44%
under shear when the gap between the adjoining bricks was allowed to freely decrease due to the
weight of the brick above the joint. This effect is attributed to the decrease of the drying
shrinkage by the fiber addition. The drying shrinkage decrease was particularly large at 2 to 24
h of curing. At 24 h, the shrinkage was decreased by 50% by the addition of fibers in the
amount of 0.5% of the cement weight. Fibers in excess of the optimum amount gave less bond
strengthening due to increased porosity in the mortar.

INTRODUCTION

The durability of brick constructions is limited by the bonding strength between brick and
mortar [1]. The bonding strength can be affected by the mortar strength, mortar shrinkage, brick
strength, joint thickness, interface morphology and chemical bond [1-4]. In particular, the drying
shrinkage of the mortar greatly weakens the brick-to-mortar bond because of the fact that the
mortar shrinks as it cures in a brick-to-brick joint, while the adjoining bricks do not shrink. This
situation is even more serious in the head joints (i.e., vertical joints) of the masonry wall and in
the tuck pointing of old brick constructions, since the gaps between the bricks are fixed.

Carbon fiber reinforced mortar provides an avenue for increasing the brick-mortar bonding
strength, for the carbon fibers can increase the mortar strength and decrease the drying shrinkage
as well [5]. It was reported that, by adding 0.35 vol.% short carbon fibers to new mortar, the
shear bond strength of the old-new mortar joint was increased by up to 89% [6]. It is important
to investigate the usefulness of carbon fiber reinforced mortar in the masonry field for the
purpose of obtaining brick-mortar bonds of improved strength.

In this work, it was found that the addition of carbon fibers in the optimum amount of
0.5% by weight of cement greatly increased the brick-to-mortar bond strength. The fractional
increase was 150% under tension and 110% under shear when the gap between the adjoining
bricks was fixed, and was 50% under tension and 44% under shear when the gap between the
adjoining bricks was allowed to freely decrease due to the weight of the brick above the joint.
Carbon fiber contents beyond the optimum gave lower strengths due to increased porosity.

EXPERIMENT

Materials and sample preparation

The carbon fibers used were 5 mm long, 10 um in diameter, unsized and based on
isotropic pitch. They were provided as Carboflex by Ashland Petroleum Co. (Ashland,
Kentucky) and were used in amounts of 0, 0.25, 0.5, 1 and 2% of the cement weight (equivalent
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to 0, 0.175, 0.35, 0.70 and 1.4 vol.% respectively). The cement was Portland cement, Type I,
from Lafarge Corporation (Southfield, MI). The sand was natural sand (100% passing 2.36 mm
sieve, 99.91% Si0,). Silica fume was used in the amount of 15% of the weight of the cement.
Methylcellulose was used in the amount of 0.4% of the cement weight. The defoamer (Colloids
1010) always used along with methylcellulose was in the amount of 0.13 vol.%. The water
reducing agent powder was TAMOL SN (Rohm and Haas), which contained 93-96% sodium salt
of a condensed naphthalenesulfonic acid. The water-reducing-agent/cement ratio was 2% for
fiber contents of 0, 0.25 and 0.5% of the weight of the cement, and was 3% when the fiber
content was 1% or 2% of the weight of the cement. In general, the slump of carbon fiber
reinforced cement tends to decrease with increasing carbon fiber content. The water/cement ratio
was 0.475 at all fiber contents.

The bricks used were of two types, namely red 3-hole bricks (202 x 90 x 56 mm) and red
paving bricks (197 x 89 x 57 mm). They were extruded, wire cut, clay units that comply with
the requirements of ASTM C216 and ASTM C902. The 3-hole bricks were used for tensile
debonding testing, such that the joining surface was the smooth edge surface of the brick. The
paving bricks (with no hole) were used for shear debonding testing, such that the joining surface
was the rough large surface of the brick.

Methylcellulose was dissolved in water and then the fibers and defoamer were added and
stirred by hand for about 2 min. Then sand, cement, water and water reducing agent were
successively added and mixed in a Hobart mixer with a flat beater for 5 min.

The cement in the mortar requires water to initiate and continue the hydration for setting
and hardening.  Since the bricks may absorb water from the mortar, thereby decreasing the
bonding strength [7], all the bricks in this work were immersed in water for about 3 h. Then
they were wiped dry and the mortar was applied on them. By water immersion, the possibility
of water absorption by the bricks was reduced.

The gap between the adjoining brick surfaces were either kept fixed during curing (by
placing two parallel 11-mm diameter steel bars between the bricks and near the edges of the
bricks and using a C-clamp to keep the gap between the bricks constant, as shown in Fig. 1) or
allowed to decrease freely during curing due to the weight of the brick above the joint (by not
having any steel bar between the bricks). In the first case, the steel bars were placed on the

C-clamp

Brick

Steel bar

\
mirar \ T

Fig. 1 Joint configuration for the case of the gap being fixed.
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Fixture f

Steel pin

3-hole brick

Fig. 2 Sample configuration for tensile debonding testing.

lower brick and the mortar was placed to fill the space between the bars. Then the upper brick
was placed on top of the bars and a C-clamp was used to hold everything together. Thus, the
gap between the bricks was kept constant during the curing of the mortar. The excess mortar
was squeezed out from the gap and was scraped off. Special fixtures were attached to the steel
bars during the sample preparation in order to make sure that the bars were in the right position
and were parallel to the edge of the brick. In the latter case, the same procedure was followed,
except that the C-clamp was not used and the two steel bars were carefully withdrawn from the
joint prior to curing; the pressure due to the brick above the joint was 2.1 kPa for the tensile
debonding test and was 1.5 kPa for the shear debonding test. The former case is relevant to the
joining of the vertical edges of side-by-side bricks in a brick wall and to the tuck pointing
(repair) of brick structures. The latter case is relevant to the joining of the horizontal surfaces
of bricks on top of one another in a brick wall.

No vibrator was used on the mortar. Curing of the mortar took place in air, with the
temperature at 20-25°C and the relative humidity at 55-65%.

Testing

Debonding tests were conducted under tension (Fig. 2) and shear (Fig. 3), using a Sintech
2/D screw-type mechanical testing system at 7 days of curing. Under tension, the force was
applied in a direction perpendicular to the joint. Under shear, the force was applied in a direction
parallel to the joint. Six samples of each fiber content were tested for each configuration. In
both cases, debonding occurred mostly at the brick-mortar interface. Table 1 gives the joint
strengths obtained for various fiber contents. At any fiber content, the joint strength, whether
under tension or shear, was much higher when the gap was not fixed than when the gap was
fixed, as expected. Whether under tension or shear, and whether the gap was fixed or not, the
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Fig. 3 Sample configuration for shear debonding testing.

joint strength increased with increasing fiber content up to 0.5% of the cement weight and then
decreased with further increase in the fiber content.

The ASTM method C29/C29M-91a was used to measure the porosity and density of
mortars with different fiber contents. As shown in Table 2, the porosity increased with
increasing fiber content. Since the fiber addition increased the viscosity of the mortar mixture
and no vibrator was used, the chance that the air voids generated during the mixing period would
remain in the mortar after curing increased with increasing fiber content. This is believed to be
the main reason why the mortar porosity increased with the fiber content.

Optical microscopy of the cross section of the brick-mortar interface for the case without
fibers shows that, in the presence of pressure during curing (i.., the case of the gap being not

Table 1. Brick/Brick joint strength (kPa)

Tensile* Shear*
Fiber/cement
ratio (%) Gap not fixed Gap fixed Gap not fixed Gap fixed
0 348.5(+5%) 39.4(x5%) 437.3(+x4%) 126.5(+5%)
0.25 406.1(x4%) 61.4(x5%) 506.6(+4%) 178.4(x6%)
0.5 524.4(x3%) 97.3(x4%) 631.7(x5%) 267.5(x3%)
1.0 285.6(x6%) 49.7(+6%) 429.1(x5%) 224.0(+6%)
2.0 174.1(x5%) 35.8(x8%) 454.3(x6%) 217.7(£7%)

*Average of 6 tests
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Table 2. Porosity and density of mortars

Fiber/cement ratio (%) Porosity (%) Density (g/cm®
0 1.5 1.937
0.25 5.8 1.824
0.5 10.1 1.741
1.0 24.8 1.458
2.0 29.5 1.371

fixed), the mortar filled the irregularities in the brick surface, but, in the absence of pressure (i.e.,
the case of the gap being fixed), the mortar did not, thus leaving voids at these irregularities.
This is mainly why the joint strength (Table 1) is higher for the case of the gap being not fixed.
Another reason is that the shrinkage stress at the brick-mortar interface is less when the gap is
not fixed. Similar microscopy for the case of the gap being not fixed shows that the pores
became more abundant as the fiber content increased and some of the pores even occupied the
irregularities in the brick surface. That the joint strength decreases with increasing porosity (air
content) has been previously reported [7].

The drying shrinkage strain during curing was measured for curing ages from 2 to 24 h
using a Perkin-Elmer thermal mechanical analyzer (TMA7) operated at room temperature as a
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function of time and for curing ages from 1 to 14 days in accordance with ASTM C490-83a.
In the former method, the 5-mm diameter cylindrical specimen was 12 mm long along the
cylindrical axis (direction of length measurement) and the length change measurement accuracy
was = 0.00001 mm (£ 0.01 pm). In the latter method, the 25.4 mm x 25.4 mm rectangular
specimen was 286 mm long in the direction of length measurement and the length change
measurement accuracy was +0.0025 mm. Fig. 4 shows the complete picture from 2 h to 14 days.
The fiber addition reduced the drying shrinkage most severely at low fiber contents, i.e., 0.25 and
0.5% of the cement weight. Further increase in the fiber content gave only incremental effects.

DISCUSSION

This work shows that the addition of carbon fibers to mortar in the amount of only 0.5%
of the cement weight greatly increases the brick-to-mortar bond strength. The fractional strength
(tension or shear) increase is larger when the gap between the adjoining bricks is fixed than when
the gap is not fixed. The fractional strength increase is similar under tension and shear. This
bond strengthening is practically useful. When considering the high labor cost of building or
repairing a brick structure, the increased mortar cost due to the fiber addition is incremental in
the overall cost. When considering the mortar price alone, the fiber addition in the amount of
0.5% of the cement weight (together with the addition of methylcellulose, silica fume and
defoamer) results in a mortar price increase of approximately 30%.

The fiber addition decreases the drying shrinkage and increases the porosity of the mortar.
The decrease in the drying shrinkage helps to increase the bond strength, whereas the increase
in the porosity decreases the bond strength. Thus the overall effect is that the highest bond
strength occurs at an intermediate fiber content of 0.5% of the cement weight.
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intermetallic, 101, 171, 243
composite, 3
ion beam assisted deposition
(IBAD), 153

lamellar, 141
laminated

composite, 171, 243, 293

metal composite (LMC), 267, 281
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