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ABSTRACT

The undercooling of liquid metals is a fairly common observation, but the amount of
undercooling is limited usually by the action of heterogeneous catalysts. When a liquid is
subdivided into a fine droplet dispersion in order to isolate nucleation catalysis, substantial
undercooling may be observed before the onset of solidification, as demonstrated by the current
work. At high undercooling, the solidification of alloys can result in the suppression of the usual
crystallization reactions and in the formation of nonequilibrium phases with distinct and novel
microstructures. A continuing course of investigation is proposed for an experimental study and
process modeling of alloy solidification at high undercooling. The study will employ an improved
droplet technique to investigate the phase selection kinetics, nucleation catalysis reactions and
thermal history that control microstructural evolution during solidification of highly undercooled
melts. New developments in the application of nucleation catalysis to control undercooling will
be pursued to identify specific active nucleants. In selected cases a detailed kinetics evaluation
involving droplet population and single droplet experiments will be pursued to quantify the effects
of catalysis on nucleation. Further studies on Al-base alloys will be directed towards an enhanced
control and reproducibility of fine scale microstructure formation processes in elevated
temperature alloys and the new class of amorphous Al alloys. A continuing development of
droplet methods to treat copper alloys and cast iron is also planned along with the applicétion of
particle incorporated droplets to examine composite solidification processing. Throughout the
experimental work, attention will be given to the evaluation of the relevant metastable phase
equilibria and reaction kinetics which are quite useful for the interpretation of solidification
microstructure and in the identification of alloy design strategies. In addition, a further
development of processing models is intended with an aim to the formulation of microstructure
maps for high undercooling solidification in order to guide in the control of microstructure

synthesis.

The undercooling behavior of droplet samples will be determined by differential thermal
analysis. An assessment of the stability and thermal history of the solidification products will be
provided by calorimetric measurements, controlled upquenching, and x-ray diffraction. Phase
identification and microstructural characteristics are essential for the proper interpretation of

undercooling and solidification behavior and will be studied by optical and electron metallography




including TEM and Auger surface analysis on selected samples, quantitative image analysis and x-

ray diffraction methods.

The basic information that droplet studies yield also has a broad application to many
aspects of solidification processing. The results of the proposed study will allow for a
quantitative assessment of the undercooling of liquid alloys, the stability of solidification
structures, an improved comprehension of the reaction path followed during alloy solidification
including the influence of competing metastable phase and glass formation reactions and
contribute to an improved understanding and modeling of microstructure evolution during RSP

and other processing such as spray deposition, surface melting and composite fabrication.

INTRODUCTION

The undercooling of liquid metals below their equilibrium melting point is a common
occurrence in solidification. Throughout the analysis of solidification processing, the conditions
of nucleation and liquid undercooling behavior have been recognized for the strong influence that
they can exert on the initial stage of solidification structure formation. Moreover, undercooling
phenomenon are recognized as being of central importance in the nucleation of equilibrium and
non-equilibrium crystalline phases and in the formation of amorphous phases. At the same time,
in theoretical and applied crystal growth work the amount of liquid undercooling is regarded as
one of the critical parameters in determining the path of morphological evolution and the final

solidification structure.

Although undercooling effects can be observed during the slow cooling of a liquid metal,
most often, before an appreciable undercooling can develop, crystallization initiates at some
heterogeneous catalytic site [(4CHA]. In practice, nucleation catalysts may be activated by any
of a number of different types of sites in contact with the liquid including impurity aggregates,
foreign inclusions and container walls. However, a number of experimental approaches have been
developed which are effective in extending the range of observable undercooling and in permitting
the examination of the rapid crystallization that develops following nucleation at high

undercooling.

One of the highlights in the development of novel microstructures by advanced

solidification processing methods is the common occurrence of various metastable structural




states. Whether these structures represent ultrafine grain sizes, supersaturated compositions of

equilibrium phases or non-equilibrium phase structures, their development has expanded
significantly the range of microstructural options that are available for the synthesis of new
materials and the attainment of new levels of performance. Along with the development of new
microstructural options and solidification processing technologies, it has become apparent that a
number of the existing models for the analysis of solidification and microstructure evolution must
be modified and extended in order to treat the new domains of processing and kinetic conditions
that are now accessible. In these efforts the important role of melt undercooling has been
recognized repeatedly as a common underlying link between advanced processing methods and

the development of novel solidification structures.

Although a given novel microstructure may be synthesized through a variety of seemingly
different processing routes, there is a common underlying thermodynamic criterion that is always
applicable [94PER]. Through the various stages of a processing operation the initial state of the
reacting material must be energized to an elevated free energy configuration which represents a
partially relaxed state. In the case of solidification processing operations, the energized state is
achieved by cooling the liquid into the undercooled domain. While this viewpoint is widely
acknowledged and frequently used to account for metastable structure synthesis, the application is
usually developed in a qualitative manner. For the most part this is due to the difficulty in
accessing the undercooled state in a manner which allows for the measurement of the relevant
thermodynamic properties. In fact, most of the thermodynamic measurements pertaining to
metastable solidification reactions have been obtained from droplet samples which can exhibit a
deep undercooling during slow cooling [8OPERa, 79PER, 82PERa, 80PERbD]. The commonly
used rapid quench methods do not permit reliable thermodynamic measurements in general.

The establishment of melt undercooling as a key variable in microstructural development
provides an important link between rapid quenching studies and undercooling research. Indeed, in
many respects undercooling is a more fundamental parameter than cooling rate. In most work on
RSP, cooling rate is used as a convenient process variable. However, in solidification studies on
undercooled samples, it has been demonstrated that undercooling can be treated in a meaningful
way as a process variable [BOPERa, 82PERa, 83RIC, 82CO0O]. Moreover, not only can the high
solidification velocities encountered during RSP be understood in terms of high levels of
interfacial undercooling, but also the development of metastable phases can be analyzed in a direct
manner in terms of undercooling. The examination of RSP only in terms of cooling rate does not
allow for this broad range of structure and kinetics analysis. Accordingly, examination of




solidification in undercooled liquids can contribute to the basic understanding necessary for a

successful microstructure control and alloy design in the optimization of processing treatments.

As a result of numerous studies on the rapid solidification of liquids it has become clear
that the processing conditions play a major role in determining the selection of specific
solidification phases and microstructural morphologies. Indeed, the rich variety of solidification
microstructures that is accessible by RSP represents an important strength of the approach. At
the same time, the flexibility in microstructure selection represents a key challenge to
implementing a coherent guide to the control of processing that will permit an optimization of
alloy design and processing in order to achieve a given structure. During the current work
progress has been achieved in developing the desired alloy design and processing guide based
upon advances in the fundamental understanding of some of the intrinsic sample characteristics
and extrinsic factors involved in melt processing that control structure selection and development.
Much of the current effort has focused upon melt undercooling as the key process variable, but
new insight has also been developed on the role of external cooling rate and the interaction
between cooling rate and undercooling in microstructure formation.

An effective experimental approach that may be applied successfully to yield large
undercoolings before the initiation of solidification involves the slow cooling from the melt of a
dispersion of stabilized fine droplets [SOPERa, 50TUR]. An important advantage of the droplet
method is the capability to determine both the undercooling to the start of solidification and the
nucleation kinetics. In addition, the high liquid undercooling that is possible in droplet samples
has been found to result in conditions favorable for the formation of metastable solid structures
during a slow cooling which are similar to those produced during rapid quenching treatments.
Beyond these kinetic features, the use of droplet samples allows for the structural characterization
of the solidification product phases and the microstructural morphology and for the measurement
of the properties of the metastable undercooled liquid state [84PERa]. With the advent of
improved sample preparation and more extensive structural determinations, the droplet method
has provided also a basis for the judgment of the phase selection nucleation kinetics that govern
structure development during rapid solidification processing [82PERa, 84PERb]. Moreover, this
information represents a background that is needed in order to develop a new alloy design
strategy to optimize the desirable microstructural features of RSP treatment.

As part of the investigation of melt processing, progress has been made in the analysis and

interpretation of metastable phase formation. The application of metastable phase diagrams and
T, constructions are now recognized as valuable aids in such an analysis. Further work on

analytical treatments based upon physical models of heat flow and nucleation and growth kinetics




has also been advanced to allow for the development of an understanding of the competitive
solidification kinetics that controls the formation and evolution of metastable phases and novel
microstructures. New capabilities for experiment and analysis have also been established in the
examination of controlled nucleation catalysis, thermal stability of metastable structures, the
influence of composite reinforcement particles to modify the solidification pathway and the
development of solidification microstructural maps. '

While progress has been made, there are still important challenges to understanding that
remain to be addressed in the solidification of highly undercooled liquids. For example, the
reliable prediction of nucleation control of structure selection is an open issue, but there are
developments in experiment and analysis that offer promise for new predictive capability.
Although the experience in rapid solidification has increased, it is certainly not a mature area.
New advances in structure development and modeling analysis continue to be made. Some
developments represent totally new observations and others represent a better understanding of
reported behavior. Beyond the potential for innovative applications, rapid solidification has
provided an experimental vehicle and a stimulus that has pushed the limits of the basic
understanding of structure development and has motivated major efforts to extend current
analysis and modeling capability. These developments have a wide impact on a range of
processing applications including spray deposition, surface melting, soldering , joining and
composite fabrication

I. BACKGROUND
LA Development of Undercooling
I.A.1 Droplet-emulsion Undercooling Technique

A large continuous sample of liquid metal contains a variety of catalytic nucleation centers
which acts to preclude the attainment of high levels of undercooling prior to solidification. Since
crystallization will be catalyzed by the most potent nucleation site present, a means of
circumventing the effect of catalytic sites such as oxides or container walls is necessary in order to
observe extensive undercooling. Following from this basis, an effective approach to obtain large
undercoolings is to disperse the bulk liquid into a collection of fine droplets which effectively
isolates potent nucleation sites into a small fraction of the droplet population. As shown in Fig. 1
the effect of these catalytic sites will then be restricted to the few drops in which they are located.
The high purity liquid sample is dispersed within a suitable carrier fluid, and droplet independence
is maintained by the formation of thin, inert surface coatings which are not catalytic to




crystallization. When a sample of liquid metal in the form of a stabilized droplet emulsion is
cooled, those droplets containing potent nucleants will freeze at low undercoolings, but the

majority will not freeze until reaching the maximum nucleation undercooling level which can
range from 0.3t0 0.4 T [84PERD].

In considering the droplet approach to undercooling, a distinction should be made
between the several modifications of this technique which have been employed by a number of
investigators in the past as illustrated in Fig. 1. For example, in the droplet substrate method
[SOTUR], a small sample of liquid metal is placed on an inert glass substrate in a chamber with an
inert reducing atmosphere. With this approach, the onset of solidification is determined by visual
observation of the change in surface reflectivity of a metal droplet which is about 50-100 pm in
diameter. In the entrained droplet technique [SOWAN], a bulk alloy sample is equilibrated in a
liquid-solid two-phase field with the temperature and alloy composition selected so that only a
small fraction of the volume will be liquid. Since the liquid phase is in contact with the primary
solid solution, which is a potential heterogeneous nucleant, the undercooling achieved with this
sample configuration would be expected to be smaller than that attained using techniques in which
the liquid is not in contact with an active catalyst. In addition, several other procedures have been
developed for generating liquid metal droplet dispersions which exhibit a propensity for
substantial undercooling. These droplet forming techniques include exploding wires [7SMEY],
shotting [S6CEC] and the containerless solidification in drop tubes [SOLAC]. While the majority
of droplet undercboling schemes have a provision for some method of temperature measurement,
the undercooling tendency of liquid metal droplets in most atomization methods is usually judged
from microstructural observations. Moreover, it is clear that atomization of liquids is a
commercial RSP method which incorporates an effective nucleant isolation operation as well as

rapid quenching.

Another approach for bulk samples uses the removal of active nucleation sites from the
melt to achieve high levels of undercooling. The removal of catalysts is usually accomplished by
physical separation of the sites from the liquid or by chemical treatment which acts to incorporate
or deactivate possible catalytic sites in the presence of a chemical containment layer. These
approaches include the containment of a liquid sample in an inorganic glass [66KAT, 67KAT] as
well as the levitation of a bulk melt using induction [64SHI] and have demonstrated that in some
cases, large levels of underéooling (of the order of 0.2 T,,) may be achieved. The layer of glass
encasing the melt is believed to promote undercooling not only by isolating the liquid from
catalytic sites present on the crucible walls, but also by a possible scavenging action of nucleation
centers that may be distributed within the volume of the melt.




In principle, the droplet emulsion technique (DET) of sample preparation appears to offer
a relatively simple means of isolating internal catalysts which tend to promote nucleation of the
solid at low levels of undercooling below T . In fact, samples of liquid metal in the form of
droplet emulsions have yielded undercooling results which exceed the values reported by any
other undercooling method (such as the droplet substrate or encased melt techniques) by a large
margin [84PERDb]. In practice, the effectiveness of the dispersion operation appears to be limited
by the nature of the surface film and the droplet supporting medium. It appears clear that the
liquid metal-substrate (i.e. coating) interaction is important in determining the level of
undercooling observed prior to nucleation [SOPERa, 82PERa, 76PAU]. Similarly, a variety of
possible surface films consisting of different metal oxides, sulfides, and salts may be formed on
liquid droplets, but the selection of a suitable film that is inert in catalyzing nucleation is quite
difficult as is the selection of a suitable inert, stable carrier fluid. In general it is desirable that the
liquid wet the coating more effectively than the solid so that amorphous coatings appear to be
preferable. At the same time the coating/carrier fluid surface energy must be low to allow for a
high degree of dispersion that is necessary for effective emulsification. However, there is at
present, no set of well established guidelines to follow in selecting a satisfactory inert coating film
for a particular metal or alloy. Nevertheless, the acquired experience in applying the droplet
emulsion technique has indicated that film coatings can be generated on a variety of different
metal surfaces which permit the attainment of the largest reported maximum undercooling limits
[82PERa, 84PERD].

Furthermore, the experience gained from earlier work on relatively low melting point
metals ( Tm < 500°C ) using organic carrier fluids has permitted the extension of the droplet
emulsion technique to high melting point metals [83RIC, 85PER]. With the current experience it
is now possible to prepare droplet emulsion samples in molten salt fluids from alloys with melting
points up to 1100°C (including Cu-based alloys) which exhibit large undercooling values. In a
related development a method of preparing samples of droplet dispersions encased in a glass slag
has been established as a suitable approach to the study of ferrous alloys such as cast iron. A
further extension of the droplet technique now allows for direct measurement of the effect of
cooling rate on the undercooling potential of the liquid for cooling rates approaching 103°C/sec.
In addition during the current program advances in droplet sample preparation have established
the capability to examine composite droplet samples containing solid particles-liquid metal
mixtures. Such samples are produced by either in-situ particle formation in emulsified droplets or
by dispersing a bulk melt containing incorporated particles. This development represents a major
advance in the application of droplet samples to study melt-particle interactions that govern the
kinetics during solidification processing of metal matrix composites and is a good example of the




versatility of droplet samples in studying solidification processing. On the basis of the experience
of continued development of the droplet emulsion technique both in terms of achieving increasing
undercooling limit values and in terms of extending the upper working temperature and the range
of alloys that can be examined, it is expected that further developments and improvements in
undercooling capability and in the variety of alloys and composites that can be studied will be
made during the proposed program.

I.A.2 Undercooling Development During RSP Methods

Since undercooling has been identified as a key factor in solidification structure
development it is useful to consider how undercooling can occur during rapid quenching
treatments. For example during the rapid freezing of melt streams, as in melt spinning as shown in
Fig. 2, undercooled conditions will develop if the liquid exists for some time or distance in contact
with the wheel without nucleation. This will develop if the thermal front associated with heat
extraction moves more rapidly than the actual crystallization front. Alternately, during surface
melting with a rapidly moving or pulsed heat source, an undercooled melt zone can develop in
front of the resolidification interface if the rate of growth of the unmelted substrate is insufficient
to keep pace with the rate of heat extraction to the substrate. The development of metastable
crystalline phases, as well as amorphous products, during both melt spinning and surface melting

operations is clear evidence for the existence of an undercooled alloy melf{86PER].
I.B Competitive Phase Selection Kinetics

Some further characteristics related to the development of a highly undercooled
solidification microstructure in terms of stable equilibrium phases or metastable phases depends
on the relative nucleation and growth kinetics of the competing structures that are illustrated
schematically in Fig. 3 [93BOE]. The thermodynamic relationships for the molar free energy G of
a material as a liquid, stable phase o and metastable phase [ are given in Fig. 3a. In Fig. 3b a
function describing the nucleation barrier, AG* is shown to illustrate the role of competitive
nucleation. Similarly, in Fig. 3c the relative growth kinetics for stable and metastable phases are
illustrated. It is clear that the thermodynamic undercooling to yield temperatures below the
melting point of the metastable phase is only a minimum necessary condition for its development.
In order to dominate the microstructure, the metastable phase must form at a larger undercooling
than the minimum in order to allow it to have faster nucleation and growth kinetics than the

competing stable phase.

For the most part, crystal nucleation in a undercooled liquid is controlled by




heterogeneous nucleation sites [93BOE, 84PERb]. The analysis of competitive nucleation
requires a consideration also of the potency and density of nucleation sites. This is illustrated
schematically in Fig. 4 which depicts competitive nucleation of stable and metastable phases on a
variety of heterogeneous nucleation sites. For example, transformation curves B, C, and D
represent different heterogeneous nucleation conditions for an equilibrium phase and would tend
to T, = T/Tn =1 at a long time. Transformation curve A represents the nucleation catalysis of a
metastable phase with the melting phase T, and would tend to T, < 1 at long time. Initially, if
two catalysts of different site densities and potencies for nucleation of a given phase (B and C) are
present, the undercooling limit at Ty is determined by catalyst C at a cooling rate ’I‘l. At a
cooling rate 'i‘z however, the undercooling increases circumventing the catalytic effect of C, but
maintaining the same product structure. When two different phase structures are in kinetic
competition, the relative magnitude of the representative AG* values becomes the most dominant
kinetic factor. This is reflected in the breadth of the transformation curves for the different phases
which is proportional to (AG*)'. For example, transformation curve A is broader than that for B,
but the noses of the two diagrams have been placed at the same position. Under these conditions
at high and increasing cooling rate, formation of the equilibrium phase is bypassed by nucleation
of the metastable phase. Alternatively, if AG* for A is higher than that for B, the equilibrium
phase can nucleate at all cooling rates. It is also possible for the nucleation of the equilibrium
phase to be favored by increasing cooling rate when the nucleation site density for the equilibrium
phase (curve D) is greater than that for the metastable phase (curve A). In this case, an increase
of cooling rate from Tl to Tz can result in a decreasing yield of metastable product until all
nucleation is bypassed and a liquid reaches the glass transition. Certainly attention to catalyst
potency and size distribution can be as important as cooling rate in optimizing the result of a high
undercooling solidification treatment,[84PERb, 92PER, 90FEC].

I.C Product Structure of Metastability

At high undercooling levels microstructures consisting of supersaturated solid solutions,
metastable intermediate phases or amorphous structures become product structure options.
Consequently, it is useful to consider some of the ways in which relative phase stability may be
judged in order to select the most suitable systems for a give category of metastable phase
formation. A first level of such information is the melting temperature of a metastable phase
which identifies the range of possible formation from the melt. In alloys it is also important to
identify the T, temperature which represents the upper limit of formation of a solid by
partitionless solidification, [93BOE]. With this information the plots shown in Fig. 3 may be
constructed in a more quantitative matter for specific systems and metastable phases of interest.
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For a pure component that exhibits an allotropic transformation between the low
temperature B phase and high temperature o phase, the melting of B at T2 lies between the
melting of o at T and the allotropic transformation at T,,. When specific heat corrections are

neglected,

T4 = [AS,, ;T,, 5+ ASZTEVIAS, , , + AS7] 1)

where AS 4, is the entropy change for the allotropic transition and AS? is the entropy of melting
of the o phase, [83PER]. For many pure components, allotropic transitions are not observed. In
these cases the thermodynamic analysis of the phase equilibria permits estimates of the component
lattice stabilities as documented by the extensive work of Kaufman and Bernstein, [70KAU].
With the first level of assessment it is possible to identify candidate systems in which.alternate
metastable crystal structures may be produced at high undercooling. For example, if an
undercooling level about 0.3 T, below the stable phase melting point is used as the basis for
evaluation, then alloys based on Be, Co, Cu, Fe, Mg, Ni, Ti, Zn and Zr are likely candidates for
the formation of one or more alternate crystal structures [93BOE]. However, Al, Cr and Nb
based alloys will not be good candidates. Instead as experience shows the latter systems are
candidates for the development of supersaturated solid solutions [82JON].

I.D Thermal History Behavior

Understaﬁding microstructural evolution during rapid solidification of an undercooled melt
requires a consideration of the effects of recalescence which results from the rapid release of the
latent heat of fusion. For an undercooled liquid droplet (which can be assumed to represent an
adiabatic system [82LEV] ) the maximum temperature reached during recalescence, TRmax, is

governed by thermodynamic considerations: the latent heat of fusion, the specific heat of the
sample, and the degree of undercooling prior to the onset of crystallization. For a binary alloy, if
the undercooling is large enough so that TRM is less than the T temperature, the liquid is said to

be hypercooled, and the entire droplet may solidify in a partitionless manner. However, since the
hypercooling condition is not frequently achieved (even for the high liquid undercooling levels
attained with the DET), the solidification of undercooled melts will usually involve a stage which
occurs once T, exceeds T during which the growth rate of the solid is much slower. That
portion of the droplet which freezes during this stage of solidification can exhibit a segregated

solidification pattern as opposed to the compositionally homogeneous solid which forms prior to
recalescence above T..

A schematic representation of recalescence behavior is shown in Fig. 5 for an alloy of
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composition C,. This representation assumes solidification by slow cooling in an adiabatic
system. The liquid of composition C, is slow cooled along path 1, and upon reaching point 2 at a

temperature T > TNhyp the undercooled liquid begins to solidify forming solid of composition Co

As solidification is occurring heat is released sufficient to reheat the sample (along path 3) until a
maximum temperature TRm is reached, at which point cooling of the sample continues since the

sample is in a surrounding environment at a temperature of T, (due to adiabatic assumption,

environment is not allowed to change temperature as a result of recalescence). Cooling of the
sample from TRmzlx results in the solidification of the remaining liquid fraction of the droplet

according to the usual alloy solidification pathway [66BRO]. The result will be solute partitioning

in that portion of the droplet solidified after TRmnx, with compositions of liquid and solid in

equilibrium at the interface varying, respectively, along the liquidus and solidus curves from TRmﬂx

to T(C,) (path 4). Thus the post-solidification droplet would be expected to consist of an initial

fraction solid of uniform composition and the remainder of the droplet with a segregated structure

(possibly dendritic) resulting from solute partitioning along paths 3 and 4 in Fig. 5. As the droplet
recalesces above T, the C; solid which formed during the initial stage of solidification becomes

metastable with respect to formation of a two-phase mixture of solid + liquid with compositions
given by the equilibrium phase boundaries. Therefore, once T, exceeds T, an important factor

controlling 'I‘Rmax is the kinetic stability of the C; solid with respect to melting. For this reason, the

- melting behavior of an initially homogeneous solid solution alloy during continuous heating was

examined as a function of upquenching rate. The metastable melting behavior has been
demonstrated for Sn-Bi alloys which were carefully prepared as homogeneous tin-rich solid
solutions prior to continuous heating at different rates [JSMEY].

For composite droplets containing a reinforcement particle-liquid mixture it is important to
inquire if the presence of the particle can influence the thermal history behavior as outlined in Fig.
5. The direct analysis of the thermal history of a composite droplet initiating solidification from
an undercooled condition does not appear to be available, but some general features may be
identified for comparison with the pure liquid droplet model. With the provision that adiabatic
conditions are maintained [82LEV], it appears that an incorporated particle that is wetted by the
liquid can act as an internal heat sink with an initial temperature at T,. Of course, the undercooled
liquid metal would represent the major internal heat sink since it is the majority phase and has a
thermal diffusivity that is about one order of magnitude greater than that for the oxide and carbide

particles used for reinforcements [BOGEI].

While a detailed heat flow analysis is necessary for a complete assessment, it appears that
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if there is time for heat to flow into the particle, then the thermal history and microstructural
development will be influenced. In this case it also seem likely that non-Newtonian conditions
(ie. development of thermal gradients) will pertain and complicate the heat flow analysis
[S0TUR]. However, some qualitative inferences may be drawn with regard to the behavior
shown in Fig. 5. During path 3 as the temperature is increasing heat flow into the particle can act
to reduce the maximum recalescence temperature, TRmax. Similarly, during path 4 where external
cooling becomes important the internal particle can assist the cooling process down to T, and

expedite final solidification. Both of these effects due to internal particles should yield a
microstructural refinement compared to the freezing of a pure liquid droplet, but other effects may

develop due to enhanced heat flow.

The influence of post solidification solid state transformation can be illustrated clearly by
considering the microstructure development in undercooled Fe-Ni alloys, [92THO]. Over the
range from Fe-10 wt.% Ni-Fe-30 wt.% Ni large millimeter drops were determined to undercool
about 160°C during processing in a drop tube apparatus [92THO]. At this level of undercooling
competitive nucleation and growth of either a stable FCC, v phase or a metastable BCC, 6 phase
is possible. With the metastable path two options are available, either retention of the BCC phase
or transformation in the solid state to the FCC phase which upon further cooling will form
martensite. Clearly the selection of the final transformation structure is also a function of the solid
state kinetics. With sufficiently rapid cooling in the solid state, which is promoted by a fine
sample size, retention of the BCC phase is possible. However, in large samples with slow solid
state cooling, the BCC phase can still develop during solidification but must be studied closely to
determine the final pathway based upon the characteristics of the transformation structure. By
examining the microstructural development in samples covering 7 orders of magnitude in sample
volume, a clear trend has been defined as indicated in Fig. 6 to mark the operation of different
solidification and solid state transformation reactions on a microstructural map. In fact, the
boundary separating the BCC phase retention and decomposition in Fig. 6 is rate limited by solid
state nucleation of the FCC phase from the BCC solidification product. Further analysis indicates
that the BCC product nucleates from the melt once sufficient undercooling is available to place
the melt below the metastable BCC phase boundary.

Thermal analysis of fine powder samples produced using the DET has proven to be a very
effective method for analyzing microstructure development and metastable phase equilibria and
for evaluating possible reaction pathways leading to the formation of metastable phases during
solidification [82PERa]. The incorporation of interrupted thermal cycling and upquenching
treatments has provided further insight into the thermal history governing microstructure




13

formation. With these capabilities a systematic evaluation of the thermal history associated with

the solidification of composite droplets is now possible.
LE Dispersed Particle Catalysis

In almost all solidification processes, the crystallization of a bulk liquid volume occurs
through favorable interaction between the melt and internal or residual catalysts which act as
heterogeneous nuclei. The heterogeneous sites can be melt impurities or other external catalysts
inherent to most casting processes. To a large extent the heterogeneous sites ultimately control
the initial solidification structure type, size scale, and spatial distribution of product phases.

Effects induced from heterogeneous nucleation catalysis also exert a strong influence on
the resultant grain size, phase morphology and compositional homogeneity as well. In order to
modify and refine the as-cast solidification microstructure, it is common practice to intentionally
inoculate a melt with particle catalysts that surpass the catalytic activity of other less potent
heterogeneous nuclei in contact with the bulk liquid. By using this inoculation procedure, the
added catalysts can promote the nucleation of a refined primary phase, alternative product phase
morphologies, or the formation of fine equiaxed as-cast grain structures with enhanced

mechanical properties.

There is a wide commercial application of cast alloy treatments that modify the initial
solidification characteristics to provide a means for effective control of grain size and
morphology. Examples include the addition of ferrosilicon to cast iron in order to promote the
nucleation of graphite; Zr or C can be added to refine Mg alloys; P is introduced to Al-Si alloys to
refine the primary Si phase size; As or Te can be added to Pb alloys; and Ti is added to Zn based
systems. Other additives, such as Na in Al-Si alloys, are used to modify the growth morphology.
In addition there is also a wide body of experience on the grain refinement of Al based alloys by
Al-Ti and AI-Ti-B melt additions [51CIB, 51CRO, 70DAV, 76JON, 70MAR, 75SMAX, 82PERb,
82ARN, 87GUZ, 72CIS, 83MON, 85GRA, 86KIR].

While the success of inoculation procedures are clearly established, the actual performance
of inoculant additions in practice exhibits a fair amount of variability. For example, Al-Ti and Al-
Ti-B master alloy additions that refine Al alloys are relatively complex and minor changes in the
manufacturing process used to prepare them can result in significant differences in their
effectiveness [87GUZ, 75COR, 80CYN]. Moreover, even though there is a broad data base of
literature concerning grain refinement processing, an understanding of the actual mechanism(s) by
which grain refining agents operate in a melt still remains uncertain.
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The basic requirements for an effective nucleating agent can be assessed from
consideration of nucleation theory [S2TUR, 68CRO, 79HEL]. In order to promote the formation
of crystals on an intended nucleant, the interface between the nucleant and the liquid should be of
higher energy than that between the nucleant and the solid. This condition is maximized by
providing nucleant-solid crystallographic relationships that result in low disregistry orientations
between the respective lattices. In fact, the potency of a given catalyst is believed to be increased
for decreasing values of relative lattice disregistry with the crystalline phase, and results in
solidification at lower levels of undercooling. However, under conditions of poor crystallographic
fit, a reduction in interfacial energy may occur through chemical interaction [S2TUR], electronic
interaction [69TIL], or the formation of interfacial compounds and adsorbed reaction layers that
are experimentally associated with much larger levels of undercooling [SOWAN, 68CRO,
85HOF]. In addition to the basic requirement of lattice stability, to insure effective catalysis of
solid, the melt should tend to wet the surface of the nucleant. Improved mutual wetting
characteristics are generally associated with a decrease in substrate-liquid interfacial tension and
can be affected by parameters such as substrate surface roughness [61SUN, 77JAC, 73WOO],
substrate porosity [68SAM], temperature [70RHE, 66YAS], and adsorption phenomena induced
by increased chemical affinity at the interface [S4HUM] or impurity effects in the liquid and
surrounding atmosphere [68NAI, 83NAI, 83NAG].

As an additional prerequisite for inoculant particles used as grain refining agents, the onset
of solidification should not be followed by a rapid crystal growth, to allow the full effect of the
potential nucleants to be realized. In alloys the growth restriction may be achieved as a
consequence of solute redistribution during freezing which allows for nucleants dispersed
throughout the melt to become effective and favors an equiaxed grain structure [70DAV,
75MAR, 52CIB].

Within these general requirements, a number of compounds appear to act as effective
catalysts for the nucleation of Al with disregistry values below 10% and nucleation undercoolings
of less than ~5°C [70MAR, 82ARN, 72CIS, 83KOB]. However, the exact identities of the active
nucleants have not been established by direct observation, but rather the operative nucleants have
been inferred from thermal and structural results obtained from standard bulk refinement tests.

The issue of specific nucleant identity is crucial when it is considered that in commercial
melts, a broad spectrum of catalysts exists that may operate singly or together to yield
crystallization events. The presence of uncontrolled nucleation sites can yield irreproducible
catalysis results that are related to the sample environment and the population of internal particles
which may be comprised of several different structural types with variable sizes, size distributions,




15

and surface conditions. For example, in Al castings containing refining agents which approach
ideal effectiveness, the number of grains in a casting should approach the total number of
inoculant particles added to a melt. However, from actual ingot grain density measurements in Al
alloy castings containing inoculant additives, a grain density corresponding to only 1-2% inoculant
particle effectiveness is usually observed [87GUZ]. Also, it appears that small amounts of V, Cr,
and Zr can act to poison catalytic particle surfaces [76JON, 87GUZ, 80JON].

Since the nucleation and growth characteristics of grain refinement indicate a sharp
selection of particles in terms of refinement effectiveness, it is important to investigate and identify
the parameters that influence the catalysis of grains and the specific physical mechanisms that
govern heterogeneous nucleation processes. With bulk melts and uncontrolled sample
environments, it is not clear that such a study can be accomplished in a reliable manner.

However, by using the DET to produce droplet emulsions containing incorporated particle
catalysts, residual catalytic interaction between intended nucleation sites and residual sites present
in bulk samples and their environments are eliminated. In addition, the ability to produce changes
in droplet coating chemistries allows for the assessment of secondary interaction between the
particle catalysts and the applied droplet surface coatings. Analysis of secondary interaction
allows for the assessment of the true catalytic potencies of intended inoculants by using
differential thermal analysis (DTA) [88HOFa]. Moreover, because inoculant particles are isolated
into individual droplets within an emulsion sample, the DET has been used to produce powders of
commercial Al master alloy grain refiners. DET processing of master alloys results in the
incorporation of effective and ineffective catalyst particles within discrete droplets [89HOF]. This
technique used in conjunction with analytical x-ray and microbeam studies has allowed for the
subsequent identification of chemical and morphological differences between the catalytically
potent and ineffective particle species for the first time in commercial grain refiners [88HOFb] and
is suitable for other studies of particle catalysis.

An important example of another dispersed particle system that has become accessible to
experimental study with droplet samples in the current program is represented by the class of
metal matrix composites. While there are numerous techniques for producing composites,
solidification processes have attracted considerable attention because of their flexibility, speed and
relative economy. With solidification processing of composites containing either continuous or
discontinuous reinforcements, the interactions between the melt and the reinforcement are key
factors in determining microstructural evolution. These interactions include the effects of
reinforcement wetting by the melt [84KRI], chemical reactions at interfaces [92MOR] and the

influence of reinforcements on the solidification reactions and matrix microstructure.
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It is clear from the reported studies on bulk samples [84KRI, 92MOR] that matrix
solidification behavior in composites can not be simply taken as identical to that of the
unreinforced matrix. Even for reinforcements that are chemically inert with the matrix there is
evidence that the wetting behavior and the geometrical physical constraints associated with a
reinforcement array have a significant impact on microstructure development on a local (i.e. inter-
reinforcement) size scale in terms of coarsening and microsegregation behavior [92MOR]. Of
course, with chemically reactive systems the melt-reinforcement interaction plays an additional
role in modifying the wetting behavior, phase distribution and even the solidification pathway for
the matrix [87LAU]. With bulk samples, local nonuniformity of interaction and extraneous effects
can yield microstructural variations and complicate the examination and separate study of the
melt-reinforcement interactions.

An effective approach to investigate composite solidification involves the isolation of
reinforcement particle-liquid mixtures into droplets in order to exclude the extraneous effects
encountered in bulk sample. At the same time since the size of droplets is about the same as the
reinforcement particle spacing, droplet samples can simulate the effects of geometrical constraint
on solidification morphology. Moreover, the advantage of examining the behavior of a large
number of droplets in an emulsion sample under common test conditions will provide statistically
significant results on the different types of melt-particle interactions by monitoring nucleation
undercooling levels and examining the solidification microstructure. With this strategy it will be
possible to study‘the controlling interactions affecting wetting and matrix solidification under the
influence of various reinforcement particle phases for a variety of processing methods ranging
form bulk liquid solidification to spray deposition.

Based upon the results generated from the nucleation catalysis studies which rely upon the
DET as an initial processing step, future work using these procedures should provide additional
insight into mechanisms which influence heterogeneous nucleation. It is anticipated that this
insight will aid not only in the assessment of existing inoculation agents and the development of
more efficient catalyst particles, but also provide useful information for the evaluation of
interfacial reactions during melt processing of metal matrix composites.

LF Nucleation Controlled Solidification Kinetics

Throughout the analysis of solidification it is commonly recognized that nucleation
kinetics are an important part of the initial stage of a reaction [89KUR, 74FLE]. However, the
effects of nucleation reactions can be masked by other competing processes so that special care is
required to isolate nucleation events. One possible approach to examining nucleation control to
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identify regimes or processing conditions where growth kinetics are not the dominant factor. At
the same time the microstructural transitions usually observed are relatively sharp and occur over
rather restricted range of conditions. Outside of the transition regimes kinetic competition is
often overwhelmingly biased towards one path so that only the dominant structure is observed in
the final product. As a result it is not possiblé to know with confidence beforehand all of the
participants in the kinetic competition to provide a basis for analysis [94GRE]. Moreover, there
are possibilities for modification of the microstructure as a result of subsequent solid state
reactions which must be considered before analyzing the true solidification reactions [92THO]. In
spite of these qualifications experience has demonstrated the operation of several general regimes
where nucleation controlled reactions can be identified as a dominant feature in the overall
microstructural evolution. These regimes can be illustrated with selected examples and a
consideration of the classical nucleation kinetics model.

In the classical model the most likely nucleation process is that involving a heterogeneous
nucleation due to some catalytic surface. An expression for the heterogeneous nucleation rate
taking into account the potency of catalysts is given by following [88PERDb]:

2
2nr * (1-cos 0 AG *£(0
T =(Dy, /2> [ (2 ) ]ca exp[-———-——-—(—)} )
ag kT
where the contact angle function is given by
£(8) = 0.25 (2-3 cos6 +cos’0) (3)

and Dy, = liquid diffusivity,a, = jump distance, r* = -2y, s/AG,

os. = solid-liquid interface energy, AG, is free energy change for solidification, cosé = (Oy -
Gus)/Os, One = nucleant-liquid interface energy, G, = nucleant-solid interface energy, C. =

nucleation site density~ 10*° m*, AG* = 16x ch / AG% and kT has the usual meaning.

Based upon experience there appear to be at least five separate general conditions that can

be identified for nucleation controlled solidification kinetics as listed in Table 1.

Table 1
Undercooling Level Nucleant Potency Growth Rate
Low High Slow
High Low Slow
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High High Rapid
High High Limited
High Restricted Rapid

In all cases the emergence of nucleation control is dependent on the potency and density of

heterogeneous sites.
LF.1 Low Undercooling - Active Nucleants - Slow Growth

Low undercooling implies that the nucleation temperature is nearly equal to the
equilibrium transformation temperature so. the driving free energy for reactions is also limited.
From Eq. 1 an appreciable nucleation rate requires a high site density and a low contact angle, i.e.
high potency. However, the nucleation rate is usually still relatively low. It is important that the
growth rate be limited in order to observe the full effect of nucleation. This is a classical
description for a highly effective grain refining operation [7SMAX].

LF.2 High Undercooling - Low Potency Nucleants - Slow Growth

Upon initial consideration the description of high undercooling associated with low
potency nucleants and relatively sluggish growth appears to be the same as that for formation of
an alloy glass [69TUR, 82BOE]. This is certainly true and at sufficient undercooling which is
promoted strongly by a limited supply of relatively low potency nucleants, the slow growth that
can develop into a highly viscous liquid allows for good glass forming ability. However, the same
description also applies to other conditions, especially those involving a phase selection between
stable and metastable phases. For example, consider the conditions illustrated in Fig. 7 where the
relatively stability of the ¢ and o phases in an equiatomic Fe-V alloy is defined [87PERa, 88FOL].
If a sample of single phase G is pulse melted as in a laser annealing treatment, the moving liquid-
solid interface assumes a temperature near T which is 55°C below Tx. Whether the
subsequent resolidification upon removal of heat is limited by heat flow or more severally
restricted by interface Kinetics, there will be a liquid zone ahead of the growing ¢ phase that is
undercooled with respect to the o phase [87PERa]. Nucleation of o during the resolidification
process is an indication of nucleation control and a departure from the usual epitaxial

resolidification found in surface melting reactions.

This behavior may be generalized as illustrated in Fig. 8. The usual conditions for
regrowth of an existing substrate phase are shown in Fig. 8a. When conditions exist to limit the
regrowth of substrate and provide time before complete freezing from the development of a
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second phase (in this case B in Fig. 8b, c) the situation may be described as heteroepitaxy and
there may exist a preferred orientation between the two phases. The conditions to allow for this
to occur usually involve the release of latent heat by the substrate phase which limits its growth
and allows for the second phase to develop. An intermediate or transition state may also be
envisioned in which the competition between regrowth of the substrate and nucleation on the
moving solid-liquid interface of another phase are of comparable kinetic rates so that a mixed
microstructure composed of substrate regrowth segments and nucleated second phase segments
can develop as labeledengulfment in Fig. 8b. |

I.F.3 High Undercooling - Active Nucleants - Rapid Growth

The operation of a transition regime between substrate regrowth and heteroepitaxy
indicated in Fig. 8b will also be expected to occur in the conditions of high undercooling with
active nucleants where nucleation of the § phase occurs at the y/liquid interface and is followed by
relatively rapid growth of both y and (3 phases. Alternatively, there can be a separate nucleation
for each of the two-phases that need not develop during the regrowth process so that no
orientation relationship develops between the two phases. The conditions which allow for this
occurrence are illustrated in Fig. 9 for Ni-V alloys [93ALL]. In a region between 47 and 52
at%V a two phase duplex microstructure develops consisting of FCC and BCC grains having the
same composition as each other and as the original liquid. The duplex microstructure requires the
simultaneous development of relatively large undercooling so that the liquid is below the To
curves for both o/liquid and B/liquid and a high density of nucleation sites for both phases as well
as the rapid growth.

LF.4 High Undercooling - Active Nucleants - Growth Limitation

In alloy systems that experience significant undercooling while still far removed from the
glass transition, it is the growth kinetics of the nuclei which determine the impact of the nucleant
population. In pure metals growth kinetics dominate and do not allow for alternate grain
formation ahead of a moving liquid-solid interface, but in certain alloy solidification reactions such
as those represented by eutectics there is a limit to the growth rate [82BOE] which allows time
for nucleation to occur ahead of the interface. A good example is illustrated in Fig. 10 for an Al-
26 wt% Si alloy that was given a surface melting treatment which forced the resolidification
velocity to be in access of 8 mm/sec which corresponds to the maximum growth rate for the
imposed processing conditions [92PIE]. Further increases in resolidification rate allow for the
development of a zone ahead of the moving interface with sufficient undercooling to activate
internal nucleants and provide for formation of Si particles and associated eutectic units. With




20

continued increase in resolidification velocity more undercooling develops and a higher density of
sites become active so that in a case of Al-Si alloys, the Si particle density increases with
increasing beam speed [96GRE]. This is a characteristic signature of nucleation controlled
solidification kinetics.

LF.5 High Undercooling - Restricted Nucleants - Rapid Growth

In the cases considered so far the processing conditions promoting the onset of nucleation
control have involved rapid cooling of the melt. This is not a general requirement for the
production of highly undercooled liquids. The attainment of high liquid undercooling in the
presence of nucleant distribution requires only that the influence of the nucleants be isolated in
some way. With rapid quenching, the isolation is effective by limiting the time available for
transformation and hence the volume of liquid that can be transformed by each nucleation site.
While this approach is effective it does not allow for the separate study of the liquid or the
detailed study of isothermal solidification kinetics.

An effective approach to nucleant isolation is based on the spatial isolation of nucleants by
the dispersal of the liquid into separate independent volume elements or droplets. In order for the
isolation to be effective the internal nucleants should have discrete well separated potencies and a
numerical population that can be approached by the number of droplets [84PERb]. Additionally,
physical droplet independence must be produced while minimizing new surface catalytic effects.

The effectiveness of nucleant isolation by liquid dispersal into droplets is demonstrated in
Fig. 11. With decreasing droplet size there is a clear trend with the development of large
undercoolings in additional crystallization exotherms [87PERc]. Since the magnitude of a given
exotherm is proportional to the fraction of the sample containing a given nucleant, it is clear that
increased dispersal reduces the number of droplets which contain a given nucleant. With droplet
size reduction below about 4 microns there are only slight changes in the undercooling behavior
apparent for Sn droplets. The type of behavior illustrated is consistent with the random
distribution nucleants and from a Poisson distribution analysis of nucleant concentration, it is
estimated that on the order of 10'> m” of internal nucleants may be present in the sample such as
that shown in Fig. 11. Even at high dispersal the limitation on undercooling appears to be
associated with heterogeneous nucleation at the liquid droplet coating interface. However, for the
most part experience has shown that droplet dispersal is an effective procedure for achieving high
undercooling in the presence of a limited active nucleant population. Under these conditions,
nucleation is the rate limiting step in the overall solidification process and the resulting crystal

growth into a highly undercooled liquid is rapid.
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I.G Design of High Temperature Al Alloys

As a result of an extended effort in a number of laboratories a new generation of advanced
high temperature-high strength Al alloys has evolved through the direct application of RSP. Many
of the important highlights of this effort have been discussed in a rather thorough overview
[92LAV]. Among these developments several alloy classes have been shown to be suitable for
temperatures up to about 325°C including Al-Fe-Ce[81SAU], Al-Fe-Mo[86LAN], Al-Fe-V-
Si[86SKI] and Al-V-Zr[86ZEN]. In all cases alloying additions yield intermetallic phase
dispersoids (both stable and metastable) that display very low solubility in Al. The strengthening
dispersoid phases are present in fairly large volume fraction (i.e. 20-30%) as a direct result of RSP
to form a supersaturated solid solution or to use the liquid phase to solutionize the solute and
allow dispersoid formation to initiate on a fine scale during solidification. From this base of
experience, it is now recognized that in order to maintain a high volume fraction of fine scale
particles in an Al matrix at relatively high temperature, it is essential to apply an alloy design that
minimizes the effects of coarsening on the particle size distribution.

The essential features of the design strategy may be illustrated by examining the LSW
[61LIF, 61WAG] model for volume diffusion controlled coarsening where the average particle

size d varies with time, t, as

72
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where d( is the initial size, A is a constant, You/B is the particle matrix interfacial energy, Cp is

the solubility in the matrix, Vg is the partial molar volume of solute B and kT has the usual

meaning. Therefore, for a volume diffusion controlled process the effect of coarsening is
minimized by reducing the (Yo/pDBCRB) product to as low a value as possible. For the most

promising high temperature Al alloys, Cp is at very low levels (< 0.03 at% Y and typically < 1
at% for transition metals) and the Dp values for transition metal [76MON] and rare earth

[88ANG] solutes are also small (between 10-13-16 cm2/sec at 700 K) so that much attention has
been focused on Y /B. Indeed in several detailed studies of the relative coarsening behavior a

clear and consistent trend has emerged [8SANG]. The lowest coarsening rates are associated
with intermetallic particle dispersions which may be expected to have the lowest values of ¢/

based upon a low lattice misfit between the particle and Al

Based upon the current experience it appears that the lowest coarsening rate is achieved
with particles that have an L1y structure and low misfit with Al. In addition a comparable
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coarsening behavior or somewhat slower coarsening is reported in Al-Fe-V-Si alloys where the
dispersoids are based on Alj3(Fe,V)3Si and Aljo(Fe,V)3Sip complex silicides which also may

have a low interfacial energy with Al. It is interesting in retrospect to note that the finding of an
L1y dispersoid phase in Al as a favorable alloy design is analogous to the combination of
NizAl(L1) in Ni which is the foundation of Ni-base superalloys. In Al-Zr, Al-Ti, and Al-Zr-V
where the attributes of L1 particles were established initially, processing limitations restricted the

maximum volume fractions to under 5%. While the processing limitations were not quantified it
seems clear that these systems exhibit peritectic reactions with steeply rising liquidus
temperatures. To increase the level of supersaturation to achieve high volume fractions of
dispersoid phase requires an increasing liquid undercooling. Moreover, due to recalescence
effects, attempts to increase the supersaturation level may yield non-uniform solidification
microstructures. In order to address the solidification processing limitations it is useful to consider
another class of solute addition based on rare earth metals that develops an L1 structure, but also
exhibits a eutectic reaction with Al. In this case, of course, liquidus temperatures exhibit a
shallow decline until hypereutectic compositions are reached so that high levels of supersaturation
are facilitated. At the same time it is important to define the extent of the coupled zone, where
cooperative eutectic growth develops, especially for hypereutectic compositions to which the
coupled zone may be displaced [74BUR]. In addition, for hypereutectic compositions other
intriguing possibilities exist for novel control of the solidification microstructure that warrant
investigation. For example, for an L15 AI3RE (RE=Rare Earth) phase with low misfit with Al,

the particles may be expected to promote efficient grain refinement. This has been demonstrated
‘with AlzSc, but unfortunately Sc is quite expensive.

There have been some studies investigating a substitute for Sc. It has been reported the
most likely substitute of Sc would be elements that are similar, like Y and the Lanthanide or rare
earth elements[88SAW]. A different study on rapidly solidified ribbons of Al-Er, Al-Nd, and Al-
Gd indicated that the Al-RE systems offer good dispersion strengthened alloys for potential use at
high temperatures, based on microhardness and microstructure [86ELI]. In this case, at high
undercooling a high density of fine AI3RE particles can develop as a primary phase with each
particle promoting the nucleation of Al during further cooling and effectively modifying the
development of a cellular/dendritic structure that is usually observed in systems where the
intermetallic particle lattice is not closely matched to Al

LLH Design of High Strength Al Alloys

Although the previously discussed Al alloys have attractive mechanical properties, recently
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reported Al-rich amorphous alloys exhibit superior strengths [88INO]. Aluminum and a
combination of transition and rare earth element additions [95YAV, 93NAK, 88HE, 88SHI] has
yielded microstructures of Al nanocrystals in an amorphous matrix with nanocrystal volume
fractions approaching 20% [90KIM]. It has been reported that Al nanocrystal dispersions can
enhance the fracture strength to 1300-1500 MPa with several percent strain [88HE, 91KIM].

The reported properties are strongly related to the size, and density of the Al nanocrystals.
In the Al-Y-Ni system a microstructure consisting of small 3-5nm Al nanocrystals with a volume
fraction around 20% exhibits the highest fracture strengths in as-solidified amorphous ribbon
[94KIM]. Similar results are seen for other AI-RE-TM systems. The two-phase microstructure,
of amorphous and nanocrystalline Al is achieved by decreasing the cooling rate to slightly lower
than the critical cooling rate to form completely amorphous alloys. A schematic TTT diagram
shown in Fig. 12 illustrates the two different solidification pathways.

Annealing of the completely amorphous alloy can also be used to form the two phase
amorphous and Al nanocrystalline microstructure. The resulting microstructure is very sensitive
to annealing temperature and time. In addition, the nucleation site density plays an important role
in the limitation of the growth of the nanocrystalline Al [96FOLb]. However, it is not clear if the
high nucleation site density (up to 10® m ) is due to quenched-in nuclei or develops during
annealing of the as-solidified amorphous structure. Some reports suggest that the high strengths
exhibited by the amorphous and nanocrystalline Al is due to the lack of defects in the Al
nanocrystals [96INO]. Initiation of defects requires higher energy and result in an overall higher

tensile strength.

Recently, there have been reports of another new class of high strength Al alloys that are
similar to the amorphous and nanocrystalline Al alloys [96INO]. The new class of high strength
Al alloys are nearly 95 at % Al with additions of various transition metals (TM) and very small
rare-earth (RE) additions (1-2 at % RE). Rapid solidification of these alloys forms a two-phase
mixture of a nanoscale icosohedral phase surrounded by an Al matrix. The icosohedral phase is
reported to have a high thermal stability and bulk alloys can be made by extruding atomized
powders in the temperature range of 300-400°C. The bulk alloys exhibit strengths as high as
1350 MPa and can have elongation’s up to 22%. From the graph shown in Figure 13 it is evident
that the tensile strengths combined with elongation’s of the new class of high strength Al alloys
are superior to the conventional Al-based alloys. In addition these alloys exhibit excellent high
elevated temperature strength compared to conventional alloys (200MPa at 300°C).

Even though these alloys are very promising in terms of elevated temperature stability and




24

mechanical properties information about the kinetics of formation, and decomposition of the
phases in this system is limited. For example, the icosohedral phase has been reported to exhibit
high temperature stability, but thermal analysis traces have not been reported. In addition,
mechanisms for the limited growth of the icosohedral phase have not been presented or proposed.
Experiments that provide useful kinetic parameters would improve the understanding of useful
lifetimes and useful operating temperatures for different processing conditions and provide a basis
for a fundamental analysis and understanding of the reaction pathway and kinetics. Moreover,
these investigations would provide guidance and insight into the design of other possible systems

with similar or improved properties.
II. RESEARCH ACCOMPLISHMENTS OF THE CURRENT PROGRAM

During the current program, research has been focused upon metastable phase formation
and the controlling phase selection reactions, the evolution of solidification microstructure under
the combined influence of undercooling, heterogeneous nucleation sites, recalescence and external
cooling and several aspects of undercooled alloy solidification and product structure stability.
The experimental approach that has been applied to carry out these studies is based principally on
the droplet emulsion technique. With this method, samples may be produced which exhibit large
undercoolings prior to solidification during slow cooling (10-30°C/min) and which may be
maintained in the metastable undercooled state for extended high periods without the intervention
of crystallization. In addition, to make contact with other common RSP methods, additional
studies of splat quenched and melt spun samples were compared to the results of droplet

experiments.

At deep undercoolings equilibrium crystallization reactions may be bypassed and
metastable solid phases can be produced during freezing. With thermal analysis and x-ray
diffraction experiments it has been possible to examine the undercooling conditions for metastable
phase formation and to elucidate the kinetic competition during crystallization. Often the
microstructural morphology and the structure of the product phases that solidify from the melt
have features which are distinct to high undercooling solidification. Several examples of fine-
scale eutectics, multizone structures and ultra fine dispersoids as well as uniform supersaturated

solid solutions and amorphous phase products have been identified in droplet samples.

For selected reactions it has been possible to identify the solidification path for
crystallization from the undercooled liquid state. With samples containing known nucleation
catalysts, thermal analysis and x-ray diffraction study have been used to identify a path for the

generation of supersaturated solid solutions and metastable intermediate phases. Based on these
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findings it has been possible to develop a framework for describing the reaction paths followed
during high undercooling solidification in terms of metastable phase diagram constructions.
Indeed droplet samples offer a useful method of probing and measuring different portions of
metastable phase diagrams. Moreover, with some solidification structures other forms of

microstructure selection maps have been defined in terms of solidification kinetics parameters.

In a complementary examination, the use of droplet samples with controlled undercooling
levels and known nucleation catalysts has permitted the documentation of new features governing
heterogeneous nucleation [92PER]. For example, it is often considered that the Ilattice
disregistery in a heteroepitaxy relationship between catalysts surface and the nucleus is the key to
controlling heterogeneous nucleation at least at low undercooling. However, at high
undercooling there is now clear evidence that a chemical interaction at the catalysts surface is
important in establishing catalytic potency. Some of the implications of chemically controlled
catalysis for wetting behavior during soldering and solidification processing of composites have
been explored in an initial study. The complexity of the chemical interactions observed has further

motivated the development of new types of droplet sample analysis for heterogeneous nucleation.

Several new applications and analysis methods involving droplet samples have also been
advanced during a current research. A new perspective on rate effects has been established to
allow for the measurement of nucleation undercooling temperatures at cooling rates approaching
10°°C/sec. These results have been coupled with a nucleation kinetics model and measured
thermodynamic properties to provide the quantitative assessment of the measurement
requirements for reliable analysis of nucleation rates. Indeed, with this approach the establishment
of bounds of uncertainty of certain kinetic parameters has been implemented for the first time to
allow for an assessment of the uncertainties with the usual nucleation kinetics calculation

methods.

Several advances in experimental capability have been established during the current work.
A new type of droplet experiment focused on the repeated undercooling and nucleation behavior
of a single droplet has been implemented. In this approach statistically significant data is obtained
by using multiple cycles of melting and nucleation as opposed to the usual approach of using a
large number of droplets in a single thermal cycle. As a result, a new method of evaluating
nucleation rates will be available for future studies. In addition, with the continuing efforts to
develop the droplet method to extend the use to high temperatures it has been possible to
establish a method for preparing droplet dispersions of ferrous alloys where the droplets are
encased in a glass slag. Also, emulsification procedures have been extended so that now copper
alloys can be produced as droplet emulsion samples using high melting point salts as a carrier
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medium. Lastly, the droplet technique has been modified to allow for analysis of the catalytic
potency of various compounds for nucleation of a metallic phase through the incorporation of
ceramic particles into the droplets during emulsification. This technique had been used to
evaluate the effectiveness of Al grain refining master alloys and has been extended to permit the
examination of reinforcement particle/melt interactions that influence the solidification processing

of metal-matrix composites.

In the following sections a description is given of the results of the current areas of study.
When these findings are viewed together, several new features of the solidification of highly
undercooled alloys can be identified from the droplet studies. The significance and implications of
these observations are discussed in terms of the factors determining the rate of solidification, the
phase selection process for the solidification products and the microstructural evolution. A
consideration of the results is of value not only in demonstrating the unique potential of the
droplet technique, but also in providing the necessary background for the further development and
application of the droplet method to study the solidification of undercooled liquid alloys.

LA Undercooling Behavior of Pure Metals

The droplet emulsion technique has proved to be a very effective means of attaining high
levels of liquid undercooling. Present experience with the droplet method has identified a number
of processing parameters that are likely to govern the optimization of undercooling in powder
samples [89PER]. These processing variables include droplet size refinement, sample purity,
droplet surface coating, uniformity of coating, cooling rate and melt superheat as well as alloy
composition and applied pressure. Although the influence of these processing variables has been
demonstrated with droplet experiments, the results are general and are expected to apply to other

processing methods where direct measurement and control of solidification is more difficult.

The effect of the various processing parameters on the undercooling response is
summarized in Table 2. Even when these processing conditions are satisfied to produce maximum
undercooling, experience suggests that solidification is still initiated by a heterogeneous nucleation
site associated with the sample surface R7PERD].
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Table 2
Parameter Undercooling Response Remarks

Droplet Size Increased AT with size Nucleant isolation follows
refinement at constant T Poisson statistics

Droplet Coating Function of coating structure | Most effective coating is
and chemistry; major effect in | catalytically inert
limiting AT

Cooling Rate AT generally increases with | Changing T can alter the
increasing T nucleation kinetics

Melt Superheat System specific Appears to be related to

coating catalysis

Composition Ty, follows trend of Ty Melt purity not usually critical

Pressure T}, parallels melting curve Change in response can signal
trend alternate phase formation

Therefore, it appears that close attention to the nature of the powder surface coating is of prime
importance in achieving reproducible, large undercooling values in fine powders. The maximum

undercooling limits for several pure metals measured using thermal analysis are listed in Tabl8.

Table 3
Element Previous Studies Current Studies
AT (°C) | AT/Ty Reference AT (°C) | AT/Ty
Al 130 0.14 Turnbull and Cech (1950) 175 0.19
Sb 135 0.15 Turnbull and Cech (1950) 210 0.23
Bi 90 0.16 Turnbull and Cech (1950) 227 0.41
Cd - - 110 0.19
Ga 150 0.50 Bosio et al. (1966) 174 0.58
In - - 110 0.26
Pb 80 0.13 Turnbull and Cech (1950) 153 0.26
Hg 80 0.34 Turnbull (1952) 88 0.38
Te - - 236 0.32
Sn 117 0.23 Pound and LaMer (1952) 191 0.38

Based upon the comparison presented in Table 3, current studies have demonstrated
clearly that the previous maximum undercooling values actually correspond to heterogeneous
nucleation conditions. Indeed, the present findings emphasize that further nucleation kinetics
studies are necessary before a complete characterization of the revised undercooling limits in
terms of heterogeneous or homogeneous kinetics is possible.
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I.LA.1 Recent Advances in Undercooling Studies

As part of a continuing effort to extend the range of application of the droplet method and
the versatility of its application to new areas of study two significant advances have been achieved
in the current work. The first development relates to the capability to explore the statistical
nature of nucleation with a diagnostic based upon the observation of single droplet solidification
behavior. The second innovation deals with the development of new capability to study high
temperature alloys including ferrous systems such as cast iron.

II.A.2 Nucleation Behavior in Undercooled Aluminum

One of the inherent attributes of the droplet method is the statistical significance of the
observations from a single DTA run due to the fact that the thermogram displays behavior from a
large number (>10° drops per sample). Of course, to achieve this result it is nécessary to sacrifice
the specific information on the behavior of each single drop in an averaging process. With this
method it is still possible to detect behavior representing deviations from the average, but only if
sufficiently, large numbers of drops in the sample show the deviation. In order to explore the
specific behavior from an individual drop in more detail it is necessary to study single droplet
undercooling and nucleation behavior. However, to obtain information that is also statistically
significant, it is necessary to conduct many trials of the single drop behavior. This requires high
detection sensitivity in DTA and also a sample which is robust under repeated thermal cycling.

Single droplet experiments can now be conducted on aluminum by incorporating a
programmed thermal schedule and a PC-based data acquisition system. A typical thermal cycle is
displayed in Fig. 14 and the resulting data for 845 thermal cycles is displayed in Fig. 15. It is
apparent from the data in Fig. 15 that after some initial variability in nucleation temperature
behavior over the first 150 cycles nucleation occurs in a band with a width of approximately 4°C
for the remaining cycles. With the display shown in Fig. 15 it is possible to establish that there is
no correlation between the individual data points and indeed that the sample obeys all the
conditions required for a Poisson process. This is further illustrated by the results in Fig. 16
which show the distribution of nucleation events versus undercooling. For the solidification of a
droplet sample, the rate can be expressed as shown inEq. 5 and Eq. 6. ‘

dN
e —NA(t) (5)

N(t) = No exp [ Mt )dt 1 6)
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Since the process under observation is not isothermal, but occurs during continuous cooling this
represents what is termed a nonhomogeneous Poisson process. From the data in Fig. 16 and the
known thermal history and sample volume for the 80 micron droplet, it is possible to deduce the
nucleation rate as a function of undercooling for quantitative comparison to theory. This is
illustrated in Fig. 17. This work is currently ongoing and the analysis is being extended to include
the effect of incorporated nucleants but the results and further application are clear.

It is useful to note that in several ways the single drop and droplet population samples
offer similar capabilities, but there also important distinguishing features. For a given nucleation
mode, both sample types allow for measurement of the nucleation rate over a narrow range of
crystallization. When different catalytic sites appear in separate droplets, the action of various
sites may be difficult to resolve in a droplet population sample, particularly when the potencies are
similar. The single drop method provides an alternate route for probing regions of overlapping
potency, but of course, at the expense of multiple measurements. This new capability should be
extremely valuable in examining the effect of incorporated reinforcement particles on the

undercooling and solidification behavior that is important in composite processing.
11.A.3 Droplet Production for High Melting Point Materials

The droplet technique has found most use in low melting point systems where oil based
carrier fluids can be used for emulsification and has been extended to include a variety of
aluminum alloys by the use of molten salt as a carrier fluid. These limitations indicate that the
production of droplet samples from metals and alloys with melting points above about 1000°C is
difficult. This limitation has been addressed in the current work and two methods of overcoming

it in selected cases have been developed as described below.

In terms of undercooled liquid solidification the class of materials represented by cast iron
is by far one of the most important. Bulk castings often show some tens of degrees of
undercooling, however, there is relatively little understood about nucleation [68HIL, 68LUX].
Yet nucleation controls graphite morphology and the eutectic type which has a significant impact
on the applications and properties of cast irons. One of the main factors to consider in attempting
to clarify the nucleation behavior is the fact that even in the undercooled state the initiation of
freezing in cast iron is clearly influenced by various constituents that are normally 'present in the
melt including the inclusions and various mold particulates. With this in mind there is an appeal in
applying the droplet technique in order to isolate the separate influence of these various unknown
nucleants on the undercooling behavior and to attempt to achieve nucleant-free droplets to

examine the intrinsic undercooling response in cast irons of commercial purity.
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In order to develop an appropriate droplet method there are two main issues that are
necessary to address including the high melting temperature of cast iron and the need to provide
some means of environmental protection against oxidation, decarburization and/or
desiliconization in fine droplets. A resolution of these challenges has been achieved based upon
the use of a SiO,-ALO;-CaO slag which provides a neutral environment for the melting and
undercooling of fine droplets and also serves to prevent the agglomeration of droplets. The
principle of the method is represented schematically in Fig. 18. In the approach, a slag which has
a high melting point has been selected to keep the droplets independent. At first, a mixture of
metal flakes produced by melt spinning in order to maintain the composition uniform and slag
powders are prepared in a ALOs crucible. As a mixture is heated up it melts with the metal flakes
melting first and than slag powder. Once both the metal and slag are molten the mixture is cooled
through a temperature below the melting point of the slag so that the droplets can remain separate
in the solidified slag. In this state the molten droplets form spheres and provide for nucleant
isolation with droplet independence so that further DTA analysis of the undercooling and
nucleation response may be carried out at standard cooling rates.

As indicated phase diagram in Fig. 19 both hypoeutectic and hypereutectic alloys
consisting of Fe-(2.85-4.14) wt%C-(1.82-1.91) wt%Si were examined. Based upon liquidus
temperature measurements of the droplets and microprobe analysis no significant changes in the
carbon and silicon contents were observed after droplet production and subsequent DTA
examination. With the selected compositions, two main types of thermal cycles were examined
including cooling from above the liquidus which is denoted as the homogeneous cycle and cooling
from the temperature between the eutectic and liquidus which is denoted as the heterogeneous
cycle (Fig. 20). In the first case the undercooling pure liquid droplets is examined while in the
second case a primary phase of either austenite for hypoeutectic compositions or graphite
hypereutectic compositions is examined in terms of its influence on the undercooling and
nucleation of the coexisting liquid. With this approach only a limited quantity of droplet sample
may be produced which is insulated from the DTA detection system by the glass slag resulting in a
diminished thermal signal. However, a careful study of the thermograms allows for the
identification of nucleation events from droplet samples as distinguished from those of the slag
and any solid state reactions. This is illustrated in Fig. 21. The maximum undercoolings with
reference to the liquidus are 600°C for 2.85 wt % C, 500°C for 3.45 wt % C and 200°C for 4.15
wt % C. It is interesting to note that the reduced undercooling levels approach 0.475 for the 2.85
wt%C alloy. These studies are currently ongoing and a rich variety of very interesting
solidification microstructures has been detected. As an example in Fig. 22 an interior section of a
droplet containing primary austenite as a nucleant for the liquid is illustrated. In this case very
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large undercooling was obtained of almost 430°C below the eutectic which demonstrates clearly
that in the absence of extraneous nucleants, primary austenite is a rather poor nucleant for both
graphite and Fe;C. On the other hand, other measurements indicate that primary graphite is very
catalytic for the formation of austenite at an undercooling of only 20°C below the eutectic. Other
interesting effects have been detected including the development of metastable solid phases
including ternary iron silicon carbon compounds. Clearly further work on the undercooling
behavior and structural evolution in droplet samples is warranted to build on the very promising
initial studies. Moreover, this effort has established that droplet samples may be produced and
examined effectively in very high temperature systems which include not only ferrous systems but
also Ni-base alloys.

In another effort it has been possible to produce high temperature emulsions based on high
temperature BaCl, salt mixtures and the recently constructed high temperature emulsion furnace.
The new salt combinations and high temperature emulsion furnace extend the maximum
temperature capability of the droplet emulsion technique to 1500°C. In addition, a modified
droplet emulsion technique has been identified to produce fine droplets of copper based alloys.
The new technique uses a high temperature carrier salt, such as BaCl,, and a small amount of
surfactant salt that is added just before the emulsification process. This technique has produced
fine droplets of a copper based alloy, shown in Fig. 23, which also exhibited very large

undercoolings as illustrated in Fig. 24.
ILB Recent High Temperature, High Tensile Strength Al-rich Glasses

A similar influence of powder processing parameters has also been found to prevail in the
treatment of Al-rich alloys as well. The solidification microstructure that develops in Al alloys has
been documented to be related closely to the initial level of undercooling at the onset of
solidification [85BOE, 86PER]. Of course, with alloy solidification the available pathways for
freezing from an undercooled state involve a variety of options. In this case, the microstructural
and thermal history capabilities that can be applied in the controlled solidification of powder
samples produced from the DET are of particular assistance in identifying the operative pathway
under a given set of processing conditions. A number of the RSP pathway options can be
analyzed by examining the solidification of droplet samples in several Al alloy systems, some of

which offer useful potential fordispersoid formation.

Through the control of melt undercooling in Al alloy droplet emulsions, highly dispersed
phase mixtures have been produced in several alloys through various phase separation reactions,

fine scale eutectic growth, precipitation of phases from supersaturated solid solutions, and from
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the decomposition of metastable phases [88PERa]. In addition, the microstructural morphologies
that develop during the solidification of the undercooled Al alloy droplets under slow cooling
conditions are also comparable to the structures that evolve during the rapid quenching of
atomized powders. Therefore, the information obtained from the alternative solidification
pathways and the current experience with Al alloy droplets has allowed for favorable
microstructures to be developed and can be used as a basis for effective RSP alloy design.

As part of a continuing study of Al alloy systems that offer the potential for the
development of large volume fractions of fine dispersoid phases with high temperature stability
the current focus has been directed towards Al-rich Al-Y-Transition Metal (TM) alloys. The Al-
RE-TM alloys have tensile strengths that are comparable to steel and have a lower density than
ferrous or titanium alloys. Using powder metallurgy extrusion techniques, near net shape
products are possible. In order to tailor the microstructure and related properties a clear
understanding of the fundamental properties of these Al-rich amorphous alloys is needed.
Extensive work has been reported regarding the compositions and systems that form Al-rich
glasses, but these reports provide limited insight into why the AI-RE-TM alloys are relatively easy
glass formers, or why these alloys have such relatively high glass transitions [88INO, 93NAK]. In
addition, it has been reported that the presence of the Al-nanocrystals increases the tensile
strengths observed, but the main variables that affect the formation of the strengthening
nanocrystals upon solidification have been limited to wheel speed and alloy composition. Since,
the amorphous alloys can decompose to form many different microstructures, an understanding of
the reaction kinetics and pathways for microstructure evolution from the initial as-solidified

amorphous state is needed.

Before droplet studies were carried out, experiments that reproduce and define
solidification products and pathways were performed. Rapidly solidified ribbon was made by
melt-spinning selected Al-Y-Fe alloys. Initial TEM and XRD results (Fig. 25) indicate that the
Al-7Y-5Fe as-solidified ribbon is predominately amorphous and the Al-5Y-5Fe alloy (Fig. 26) is a
two phase mixture of amorphous and nanocrystalline Al Additional alloys were made to
characterize the Al-rich portion of the Al-Y-Fe phase diagram, because there is a very limited
amount of information in the literature concerning the equilibrium phase equilibria. The
equilibrium phase diagram, along with providing valuable phase equilibria, can also provide insight
into the glass-forming behavior of the Al-rich ternary alloys. For example, many glass forming
alloy systems exhibit deep eutectics. Associated with the deep eutectic are plunging To curves
shown in Fig. 27. In such systems the Tg can be reached with moderate undercoolings and a

glass is formed. The equilibrium liquidus of the Al-rich portion of the Al-Y-Fe system has been
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mapped out with the use of differential thermal analysis (DTA) shown in Fig. 28. The liquidus
does not show any evidence of a ternary eutectic or plunging liquidus in the range of glass
forming alloys. Moreover, the undercooling levels attained for the bulk alloys were comparable
to other non-glass forming alloys.

With the liquidus information and the DET, droplets were made of each selected bulk
alloy used to map out the equilibrium phase diagram. These droplets showed increased
undercooling over the bulk alloys, but not enough to form amorphous droplets during slow
cooling. The use of a water quenching apparatus to increase the cooling rate to 500°C/sec
resulted in similar microstructures observed in droplets that were thermally cycled in the DTA.
Therefore, higher undercoolings or faster cooling rates are needed to form amorphous droplets.
These results seem to indicate that the Al-Y-Fe and possibly other AI-RE-TM systems do not fit
the reported “rules” of that are usually applied to easy glass formers [91BEC]. In addition, since
amorphous material was formed during melt-spinning and not in slow cooled droplets, cooling
rate appears to be an important factor in the operative kinetics. This motivated an examination of
the crystallization behavior to gain understanding of the competitive kinetics that influence the

undercooling response.

Recent calorimetric analysis of nanocrystal development during devitrification has provided
new insight into the understanding of primary crystallization reactions, including the application of
devitrification reactions to form nanometer size dispersions of second phase. A DSC heating trace
of melt-spun Al-7 Y-5 Fe is shown in Fig. 29 for the entire course of crystallization. The first
observable crystallization reaction has an onset at about 276°C; the peak is distinctly asymmetric
with a tail at high temperatures. The separation between the first observable peak and the onset
of the succeeding crystallization involving intermetallic phases is more than 75°C. The DSC
heating trace of melt-spun Al-8 Sm shown in Fig. 30 contains the same characteristic peaks.
From this work and previous reports, XRD and TEM analysis indicates that the as-solidified melt-
spun ribbon appears to be amorphous [96FOLa, 94BAT]. Moreover, heating beyond the first
observable peak in Al-rich glass forming alloys results in primary crystallization of essentially pure
Al [96FOLa, 94BAT]. Isothermal DSC scans were conducted in the range 235-280°C to
examine the details of the kinetics. A typical trace (Fig. 31) consists of an instrumental transient
at early times followed by a flat baseline. TEM micrographs of the sample isothermally held at
245°C for 10 minutes (Fig. 32a) indicate development of approximately 10*' m? nearly-spherical
Al nanocrystals of 22 nm average diameter. The size distribution after this treatment was narrow,
with >80% of the particles between 18 and 26 nm. TEM analysis of the sample held isothermally
at 245°C for 100 minutes (figure 32b) indicates that the nanocrystals grew further developed a
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non-spherical shape, but the number density was still about 10 m’.

isothermally held above 270°C for 10 minutes (figure 33) the nanocrystals developed a highly

However, for samples

dense dispersion (1072-10” m”). The change in density suggests a change in kinetic behavior.

From the results presented, the DSC and TEM observations appear to be in conflict. The
isothermal DSC traces below 270°C as well as the continuous heating trace baseline below the
first crystallization onset at 276°C exhibit no evidence of a reaction, while the TEM micrographs
of the samples held isothermally at 245°C for 10 minutes shows a dispersion of Al nanocrystals
that was not present in the as-solidified sample. This apparent discrepancy may be resolved
through an analysis of the heat evolution rate during primary crystallization.

For identical spherical particles growing by diffusion control into a supersaturated matrix,
the heat evolution rate, Q, is

Q=dQ/dt =N, V-AH, -4nR? dR/dt )

where N, is the particle density, V is the sample volume, AH, is the enthalpy change per unit

volume, and R is the particle radius. For diffusion kinetics, R = SvDt and the growth rate,
dR/dt, is given by (S/2WD/t, where S is a constant on the order unity [SOFRA]. Substitution

of these expressions into equation (4) yields
O=NyV-AH, -21S3yD3 (8)

A thermodynamic model of the phase equilibria at 280°C [96ALL] indicates that the Al
nanocrystals are in equilibrium with the amorphous phase of composition Al-11 Y-7 Fe, which
changes little over the temperature range of interest. The enthalpy change for the formation of
nanocrystalline Al from the bulk composition Al-7 Y-5 Fe is AH, = -2.8x10® J/m® [96ALLY].
Based on field ion microscopy (FIM) measurements [9SHON], yttrium is taken to be the slow
diffuser. Iron is assumed to diffuse rapidly and to adjust its composition in the amorphous matrix
as a concentration gradient of yttrium evolves; this analysis treats the diffusion-field impingement
of yttrium as the limiting factor innanocrystal growth.

An estimate of the volume diffusion coefficient of yttrium in the amorphous matrix at 245°C
was based on the observed particle size and the Frank analysis [SOFRA]. An as-solidified sample
and a sample analyzed after 30 seconds at 245°C did not show any particles. The average
diameter after the 10 minute treatment was 22 * 5 nm; thus assuming zero initial particle size,

D=9x10%® m%s. Assuming an initial particle diameter of 5 nm, which is well within the TEM
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resolution limit, has little effect on the estimated value of D. The expected heat evolution rate

from the primary crystallization reaction was calculated from equation (7) for several different

conditions with constant N,=10*' m™ (table 4).

Table 4
D [m%s] Q (10 sec) Q (100 sec) Q (1000 sec)
10" -1.8x107 -5.7x107 -1.8x107
10" -0.057 -0.18 -
107 -1.8 - -

Therefore, for D=10"° m?%s, the level of heat output is nearly undetectable in the DSC, which
requires a signal on the order of 0.1 mW or greater. Unless the value of D were at least two
orders of magnitude larger than the estimate (i.e., about 107 m%s), the signal will be close to the
noise level of the DSC. In the isothermal traces, the large initial instrument transient further
obscures observation of the reaction. Indeed, some reports have confused the transient signal
with a monotonically decreasing signal, leading to the incorrect conclusion that grain growth of

fine crystallites is occurring.

For completeness the potential should be considered for a large nucleation time lag; this
effect would produce most of the nuclei near the end of the isothermal hold and would result in an
estimate of D that is much too low. The time lag may be expressed to within an order of
magnitude by T=4(r )*/m°D [83KEL], where r" is the radius of a critical nucleus. With r'=0.7 nm
and a lower bound estimate of D=9x10° m?/s, ©=2 seconds and therefore nucleation is at steady
state during the isothermal treatments; note that higher estimates of D would result in a smaller
value of T and a more rapid approach to steady state kinetics. Since the nanocrystal size
distribution remained narrow after the 245°C treatments, it is likely that early saturation of
heterogeneous sites occurred and few nanocrystals nucleated during the isothermal treatments
below 270°C; thus the assumption that all of the particles started growing at nearly the same time

is reasonable.

The observance of the distinctive peak in the continuous heating trace and the increase in
observed nanocrystal site density indicates a change in kinetic behavior. The increase in site
density from about 10*' to 10*2-10” m™ and nanocrystal growth are consistent with an increase in
diffusivity above the glass transition. However, the Al nanocrystal growth is still inhibited due to
solute diffusion-field impingement, which becomes the rate-limiting factor in the growth kinetics
for high particle densities (102-102 m™) or for long holding times at the low particle densities
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observed at lower temperatures (T<270°C). For a more complete analysis, Ham has developed
an expression for time-dependent particle growth under the condition of diffusion-field
impingement [SSHAM]. The application of this analysis in combination with equation (7) yields
an expression for the expected Q(t). This approach, together with an increase in N, from 10*' to
102 m? and D from 9x10%° to 6x10™® m?s, allows for a good accounting of the continuous
heating primary crystallization peak (figure 31). To illustrate further the importance of
impingement, the diffusion fields of two adjacent particles were each calculated by assuming
growth into an infinite matrix (figure 34). Note that with conditions similar to those found to fit
the exotherm in figure 31, (D=6x10""® m?/s and a particle spacing of 50 nm, which corresponds to
N,=8x10*! m™), diffusion field impingement begins at about 10 seconds and becomes significant at
20 seconds. Similar behavior is expected for the first crystallization peak for Al-Sm, although
additional kinetic measurements are required for modeling the exotherm for the AlSm trace.

The analysis has been based on the assumption that the diffusion coefficient does not change
with composition. Some reports have suggested that the inhibited growth of the nanocrystals is
due to solute buildup. While composition gradient effects may indeed be important, especially for
intermetallic formation [95YAV], the analysis presented in this work shows that with typical D
values for amorphous alloys [93GRE], diffusion field impingement alone can account for the
observed primary crystallization behavior. Thus, the key feature in the kinetic stabilization of

nanocrystals developed duringdevitrification is a high initial nucleation density.

The origin and control of the nucleation process involved in the development of Al
nanocrystals is an important basic issue in understanding the undercooling and crystallization
kinetics in amorphous Al alloys. In this regard there have been several structural studies which
indicate the existence of local short range ordering that may enhance glass forming ability [90HSI,
91HSI]. Indeed, it appears that this effect may be a consequence of the relatively large atomic
size difference between Al and the rare-earth and transition metal components. For example, the
observations suggest that Fe atoms associate with Al to form FeAls octahedra in the melt
[90HSI]. From these observations Egami has developed a useful model of glass formation based
upon atomic size misfit which has a wide application [84EGA, 93EGA]. If preferential grouping
of certain components does occur in the undercooled melt and glass then an influence of this
association on diffusivity, heat capacity and other properties should be observable. There is some
suggestion of anomalous volume behavior for Al-Fe solutions [90TUR] , but further work is
needed to examine this feature and whether the proposed local structure has a significant influence

on the nucleation of Alnanocrystals.

It is now possible to identify the events that contribute to the development of primary
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nanocrystalline Al in Al-TM-RE alloys (Fig. 35). In the as-solidified samples both x-ray
diffraction and TEM observation indicate an amorphous structure. However, this evidence does
not exclude the possibility of quenched-in nuclei with sizes below the resolution limit of
observation. After 30 seconds at low temperature, (200°C< Temperature < T1=276°C for Al-
7Y-5Fe) there is no observable change in the as-solidified microstructure, but there may be a
small change in size of possible quenched-in nuclei that is not detectable by TEM. After 30
seconds at higher temperatures, (T1=276°C < Temperature < T2=375°C for Al-7Y-5Fe) a

dispersion of 102 - 10® m ?

approximately 20 nm particles with a narrow size distribution
develops. Based on our kinetics analysis diffusion field impingement between neighboring Al
nanocrystals has occurred at this point. After 10 minutes at low temperature, (200°C<
Temperature < T1=276°C for Al-7Y-5Fe) a dispersion of 10*' m ? particles with diameters of
about 20-25 nm and a narrow size distribution develops. For the sample that was held for 10
minutes at higher temperatures, (T1=276°C < Temperature < T2=375°C for Al-7Y-5Fe) there is
little change in the microstructure due to the kinetic stabilization associated with diffusion field
impingement. Finally, after longer times (100 minutes) at low temperatures the dispersion of 10%'
m ~ particles grows to 40-60 nm in diameter. Based upon our kinetics analysis diffusion field
impingement develops at this stage. For the sample held at higher temperatures (276°C <
Temperature < T2=375°C) for long times there is little change in the microstructure as before.

However, for temperatures close to T2 the onset of intermediate phase nucleation is more likely.

The issue of diffusion field impingement will affect the current understanding of alloy
design in that the modification of the nucleant density should be the primary focus in limiting
nanocrystal growth. For very high particle densities, diffusion field impingement will occur
rapidly due to reduced length scales, and the growth of the Al phase will be rapidly arrested. The
thermodynamic model has shown that the liquid is more exothermic than the solid phase; the
stabilization of the liquid phase enhances glass formation, but also diminishes the driving force for
primary fcc formation (while increasing the driving force for intermetallic formation). Therefore a
minimum level of transition metal additions is necessary to promote easy glass formation, but
excess levels will prevent fcc formation in favor of intermetallic phases. A further examination of
these alloy design concepts and the associated undercooling and kinetic behavior are clearly
important and is intended for study in the proposed program.

II.C Analysis of Kinetic Competition

An examination of solidification reactions and undercooled liquids can provide a basis for
the prediction of microstructural transitions that can be applied to guide alloy design and
processing to yield an optimization of the preferred microstructure. In order to illustrate some of
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the aspects of this developing area a few selected highlights will be presented from the current
work to indicate some of the numerous possible pathways for microstructural development and
the opportunities for the analysis of the kinetic competition.

I1.C.1 Microstructural Transitions in Undercooled Powders

There been a number of previous studies of rapid solidification processing of alloy steel
samples where the expectations of accelerated solidification in terms of refinement of
microstructural scale, the suppression of segregation and the absence of carbon participates have
been demonstrated [78RAY, 82FIS]. An analysis has not developed to quantify the observed
trends in microstructural morphology, size scale and phase evolution during solidification. In the
current work a more detailed examination of the dendrite-cell transition and the role of powder
size as a controlling process parameter and the phase selection have been conducted [94SRI].

The trend and dendrite arm spacing and cell size with powder diameter in Fig. 36 was
similar for the two alloy tool steel compositions examined and clearly demonstrates that
microstructural homogeneity can be enhanced significantly by particle size refinement. Over the
range of powder size that was examined, a dendritic morphology dominated the larger particles
and was superseded by a cellular structure in the finer powders. It is also of interest that within
the range where both dendritic and cellular structures were observed in separate particles the
cellular morphology revealed a consistently finer spacing.

Powder size refinement has been shown to yield enhanced undercooling due to isolation of
active nucleants [87PERc]. For a random distribution of nucleants and monodisperse powders,
the fraction of powders without nucleants x can often be described by a Poisson distribution as:
exp[-(d/d,)"] where d is the powder diameter, d, is a constant related to the nucleant size and n is
related to the controlling nucleation mechanism. The results of Fig. 36 with x given by the
cellular fraction yield n values near 2 which can be modeled by a heterogeneous nucleation
process [87PERc]. From this analysis it is likely that the operation of nucleant isolation during
atomization provides for an increased undercooling with powder size refinement. Moreover, a

refined cellular morphology is promoted by increasing undercooling.

The analysis of microstructural refinement during rapid solidification is an area of
continuing interest [86KUR, 90BIL]. The morphological transition from dendrites to cells with
decreasing powder size does reveal some important features of solidification kinetics. In the usual
solidification treatment where external heat flow controls the solidification front movement and

morphology, the first stage of planar interface instability is manifested by a cellular pattern which
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then evolves into a dendritic array with increasing velocity and undercooling [93ALL]. During
high undercooling solidification as the interface velocity approaches the limit of absolute stability,
the dendritic array is expected to become refined and to develop into a fine cellular pattern which
in turn develops into a planar front [86KUR, 90BIL]. The observations of this reverse dendrite to
cell transition with a refinement of microstructural size scale as the powder size decreases is
consistent with an increase in interface velocity or undercooling as indicated by the analysis of
microstructural abundance. The features of the morphological transition have been observed in a
model transparent material system and have been analyzed theoretically [90BIL] where it has been
shown that across the transition the resultant cell spacings will be finer than the dendrite spacings.
However, there do not appear to be comparable observations reported in previous powder
solidification studies. Of course, the quantification of microstructural size and morphology as
presented is necessary to identify the transition and such measurements are not yet reported

usually.
I1.C.2 Phase Selection Competition

Both metallographic and x-ray diffraction analysis of the tool steel powders as a function
of size indicated that the samples consist of primarily bce and fec phases. It was observed that the
relative x-ray peak intensities and areas under the peak of the fcc (111) and bee (110) reflections

change with powder size. From this consideration the parameter p defined as

p= Iecciy
Isccio) +Irccaiy

x100 ®

provides a measure to judge the fcc phase content as a function of particle size as shown in Fig.
37. Parameter P is seen to increase initially with powder size, but then decrease above a critical
particle size which is approximately 40 um. This trend suggests that in the larger particle sizes
austenite may be transforming to bcc martensite. In addition, the intermediate and finer size
ranges exhibited either a dual phase microstructure consisting of both bee and fcc phases or single

phase bcce or fcc occurring separately in different particles.

In order to address the origin of austenite and ferrite in the solidified powders a set of
schematic temperature transformation curves occurs can be examined as shown in Fig. 38 which
depict the possible reaction pathways immediately prior and after solidification. Large particles,
P, cool slowly at T and exhibit a relatively low undercooling level so that nucleation and growth
of austenite occurs from the melt giving rise to a single phase austenite microstructure with a

segregated microstructural morphology. The fine powder particles, P5 at less than approximately
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40 um exhibit a large undercooling and a relatively high cooling rate T3 that may yield nucleation

of ferrite from the liquid in at least some fraction of the powder population. In the intermediate
particles size range P, or Pz’ with the cooling rate T,, the thermal path could intersect the

austenite or ferrite curve. In this restricted size range nucleation of the austenite phase or ferrite
phase could occur in one region of the droplet while the other region, still liquid, can develop the
ferrite or austenite phase during the kinetic competition that ensues between the two phases. In
other words, following nucleation of the first phase, the recalescence that occurs decreases the
driving force for growth of that initial nucleated phase which allows for the possibility of the
development of another phase in the remaining liquid portion of the droplet. Alternatively, the
bee phase may nucleate from the melt and transform to austenite in the solid state. Therefore,
depending on recalescence effects, external cooling rate and solid state reactions, fine particles
may solidify either as a mixture of ferrite and austenite phases or as single phase. The observed
room temperature microstructure can be understood on the basis of a conceptional diagram as
shown in Fig. 39. In the absence of a martensite transformation the amount of austenite would
have steadily increased with powder size as indicated by the dotted line and the amount of ferrite
would have decreased correspondingly as reported in previous studies. However, the
intervention of an austenite/martensite transformation above a certain particle size leads to a
decrease in the austenite content in larger particles, thus the small particles exhibited of ferrite
structure. The austenite content increases at the expense of ferrite up to a critical particle size
above which the microstructure develops which can contain all three constituents namely ferrite,
austenite and martensitic phases. With the main points of the phase evolution identified, further
work can be pursued to quantify the respective kinetics in specific particle size ranges in order to

optimize the and preferred microstructural yield.
I1.C.3 Growth Rate Limitations

An important result of kinetic competition is the development of kinetic transitions which
are represented by the appearance of altered microstructural morphologies as well as the change
from one product structure to another. They can develop as the result of competitive kinetics
between different morphologies, the competitive nucleation between different product structures
and even with a competition involving an initial growth and subsequent nucleation reaction. The
first two cases are commonly known with many examples, but the last type has not received an

extensive study.

One example where the conditions can be controlled carefully occurs during the surface

melting. Usually because of epitaxial regrowth that develops from an unmelted substrate, a
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growth kinetic analysis can be used to interpret the resolidification microstructure due to surface
melting. However, for rapid beam scan velocities the solidification due to regrowth may lag"
behind the liquidus isotherm and allow for the nucleation of new grains within the undercooled
liquid. A clear example is shown in Fig. 10 for an Al-26 wt%Si alloy [92PIE]. At slow regrowth
velocities below 8 mm/sec a coupled eutectic growth structure develops within the regrowth
microstructure. However, the eutectic morphology has a maximum regrowth velocity. As this
limit is exceeded the liquid in front of the advancing solidification front develops increasing
undercooling that allows for the nucleation of Si crystals. As the regrowth velocity increases the
volume density of Si crystals increases substantially (Fig. 40) which is a signature of the onset of a
nucleation controlled reaction. The volume density shown in Fig. 40 has been determined by a
stereological analysis of the measured aerial particle density. The continuous nature of the
variation of Si particle density with solidification rate suggests the continuous activation of
internal nucleation sites, N,, with increasing undercooling. The formulation of a nucleation
kinetic model to analyze the observations on Al-Si alloys provides a useful illustration on the
advances in analysis capability during the current program [96GRE]. The usual approach in
nucleation calculations is to assign the mechanism (i.e. either homogeneous or heterogeneous)
based on somewhat indirect evidence and then to carry out the evaluation of nucleation
temperatures or rates based upon reasonable assignments for the various unknown Kinetic
parameters. While the results of this approach usually provide for a good accounting of the
observed behavior, the uniqueness of the calculation solution is unclear. For example, how many
different but also reasonable sets of kinetic parameter values may be used to obtain solutions? In
order to address this issue a new approach to nucleation kinetics analysis has been developed in
which a sensitivity analysis is incorporated in the calculation in order to provide some measure of

the reliability of the solution.

For the case of Al-Si alloys, the nucleation kinetics model is based on a number of clearly
established conditions. First, since the nucleation onset developed as a result of a growth rate
limitation, a growth rate analysis provided for the initial nucleation temperature [92PIE]. From
the well controlled laser processing conditions and the known growth behavior, steady state
nucleation could be used for analysis. Also, from observations of the particle density of 4.5 x 10'
m>, it is evident that heterogeneous nucleation is operational. Moreover, from the continuous
variation in Si particle density with laser scan velocity or nucleation time it was possible to define

a nucleant site density function as given by [96GRE]

N, = Ny exp(BAT) (10)
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where NY is obtained as a base line nucleant level from droplet nucleation oscillation observations

to be of the order of 10" m™® and B is a constant. The main calculation is based on the
heterogeneous nucleation frequency as given by Eq. 2 where the prefactor term for a volume
dependent heterogeneous nucleation can be expressed as

_12Dg o 2 /6
QV~|:—\7L_(EJ [1(8)] :|[ApNv]Z(1"'fs) (11)

where V. is the atomic volume in the liquid, A, is a surface area per nucleant, Z is the Zeldovich
non-equilibrium factor and f; is the local volume fraction in a solid. For the conditions of interest

Z is approximately .02 and for the early transformation period the term (1-f) is small.

To complete the calculation, the particle density and growth velocity provide an estimate
of the time available for nucleation, the existing thermodynamic models for the Al-Si system allow
for the evaluation of driving free energy [84MUR] and in this particle system separate
measurements of the interfacial energy were available for use [85GUN]. For continuous cooling

conditions the condition
Jvt > k(T,) (12)

where K(T,) is about 50 for Al-Si alloys is used to establish the onset of nucleation [87PERc].
Knowing the parameter values based on the initial onset nucleation temperature allows the
remaining nucleation conditions to be evaluated through the kinetics model.

The experimental data available did not allow for a unique solution to the nucleation
kinetics problem. There are four unknown parameters A, Ny B and f(6) which can only be

estimated. Of the four parameters the two involving 8 and f(6) are most important since these
appear in an exponential term. Estimates of B and f(6) were based on several conditions. For
example they must be large enough to be consistent with the observed number of silicon particles.
Also these parameters must not be so large that their values predict the number of catalytic
particles larger than that allowed by the total number of impurity atoms in the system. These
bounds are illustrated in Fig. 41 as 1 and 2. There are other bounding limits as shown in Fig. 42
that may be established based on growth rate behavior for the eutectic so that a domain may be
determined for the possible values of § and f(8). The value of f(0) is bounded by the bounds
established on B and these in turn establish limits on the prefactor and the nucleation barrier as
shown in Fig. 42. Conservative estimates of a number of other parameters including particle
density and diffusivity values provide a domain of allowed values for the nucleation barrier and
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prefactor. With this conservative approach it is possible to extend the analysis to other
compositions as shown in Fig. 42 where there is good agreement between the established bounds
and the observed nucleation behavior at other alloy compositions. While the full analysis
[96GRE] includes a more detailed consideration of the assessments used to establish each of the
bounds, the highlights presented here allow for a reasonable appreciation of the type of approach
developed and its value in terms of making conservative evaluations of nucleation Kinetics
behavior which have some reliability. With this analysis method one can extend the conclusions to
develop a process map to allow for some prediction of the phase selection and microstructural
morphology under various processing conditions. The analysis based on the nucleation kinetics
model allows for the development of a process map including the eutectic to primary silicon
transition as shown in Fig. 43. The line corresponding to this transition has been shown with a
negative slope since it is expected that the eutectic mode of solidification will be favored at slow
scan speeds. A line separating primary silicon and primary o-Al phase regions must also be
present. This line has been included on the process map for illustration purposes only, since no
information is available at present regarding the slope of this line. Different experimental
conditions will shift the transition line shown in plot somewhat, however the basic form of the

map should remain constant for surface melting conditions.
ILD Dispersed Phase Catalysis of Liquid Droplets

The nucleation of a solid on an energetically favorable surface present within a liquid can
ultimately control the solidification microstructure and interrelated physical and mechanical
properties of many materials. By examining the solidification responses generated from liquids
containing a variety of identifiable catalytic sites such as primary phases or secondary dispersed
particle additions it is possible to modify and control the solidification microstructure by altering
the heterogeneous nucleation response. In order to promote a given solidification pathway by
nucleation on an intended catalyst in addition to conducting a meaningful assessment concerning
actual catalytic potency of a specified agent, it is essential that all background nucleation sites
more potent than the intended agent be removed or isolated from the sample. Based upon past
and current experience, the DET is well suited for this purpose and can be used effectively to
study heterogeneous nucleation responses generated through primary phase catalysis as illustrated
by the current work involving cast iron alloy compositions.

In current research concerning nucleation catalysis this background is being used as a basis
for the examination of systems in which nucleation of a solid is produced through particle agents
that are introduced into a melt. The addition of dispersed particle catalysis has wide commercial

application as grain refining agents and as strengthening agents in composite materials. In order
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to examine the factors that influence effective nucleation in systems which rely upon the use of
dispersed particle additions, the DET was modified to accommodate for the production of
droplets containing dispersed particles. To accomplish dispersed particle droplet production, a
bulk sample which contains dispersed particles in a mechanically mixed state with aluminum is
placed in a molten eutectic salt which acts as a carrier fluid. Upon emulsification, the dispersed
particle nucleants are incorporated into many droplets in contact with the Al liquid phase. A high
speed rotating agitator generates a fine dispersion of droplets containing dispersed particles within
the carrier fluid. Following emulsification and freezing of the droplets, the solidified salt mixture
is dissolved in distilled water and the emulsified powder is prepared by filtration and sorted

according to size.

The successful application of the DET to study the influence of incorporated particles on a
nucleation catalysis and solidification microstructure development has been extended to establish
a new capability to examine a variety of dispersed particle types in Al-based matrices such as
those of interest in metal-matrix composites. For the purpose of studying how refractory
reinforcement particles affect the solidification, particulate such as nitrides (i.e. AIN, SizN4, TiN)
has been incorporated it into aluminum by cold rolling a sandwich of aluminum of a thin layer of
compound particles spread inside the sandwich. The sandwich is rolled and folded several times
to promote intimate contact between the particles and fresh aluminum surface. Rolled material is
then processed by the droplet emulsion technique to obtain droplets with incorporated particulate.
The incorporatioh of particulate has been confirmed by both x-ray diffraction and metallographic
(BSI-SEM) examination. The differential thermal analysis system used for this work was
improved to allow for more sensitive measurements. Analysis of individual Al droplets with sizes
below 100 microns is now possible. With this system the thermal history of individual droplets
can be obtained and used to study the catalytic effects of incorporated particulates on
solidification; especially for particles that may react with the melt. For example, metallographic
evidence for particle incorporation is shown in Fig. 44 for SisNy and Al. The associated DTA
thermograms as shown in Fig. 45a and b reveal a major nucleation onset, at about 585°C which is
related to uncatalyzed Al droplets and a broad exotherm at higher temperatures related to the
catalyzed droplet population. The effect of droplet size on the uncatalyzed exotherm is evident in
Fig. 45b, but the catalyzed nucleation exotherm is influenced by particle size in only a minor way
as would be expected due to internal catalysis. In this case the particulate and the Al melt do not
appear to undergo extensive reaction although there is some evidence for the development of an
AIN phase in the preliminary examination. A more reactive system is that of Al and TiN. As
shown in Fig. 46a and b, successful incorporation is possible for TiN, but often extensive reaction
to yield ALTi based on x-ray diffraction study is observed. As shown in Fig. 46a in some cases
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little or no reactivity with the melt is observed for incorporated particles. Again the DTA
evidence from such a droplet population shows both catalyzed and uncatalyzed exotherms. For
the TiN reaction, nucleation initiates very close to the melting point for aluminum as expected for
the ALTi reaction product, but the uncatalyzed exotherm is unaffected.

The initial efforts on composite Al droplets are continuing, but the current capability
provides the essential experimental background to pursue a systematic investigation of
particle/melt interaction and solidification microstructure evolution in Al alloy metal-matrix
composite systems. Indeed, the preliminary work has shown that there is some variation in the
degree reactivity between reinforcement particles and the melt. For AITiN with identical
histories large differences in reactivity have been observed. With the averaging behavior of the
usual droplet population sample further information on the details of the undercooling response
for reactive and unreactive droplets is obscured. With the newly developed single droplet
method, a further understanding of this behavior should be possible and is intended to be one

focal point for future work in this area.
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LIQUID UNDERCOOLING METHODS
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Figure 1. Schematic illustration of different undercooling methods.
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Figure 2. Schematic representation of three common methods of rapid solidification processing
involving: (a) powder atomization;; (b) melt-spinning; and (c) surface melting of thin layers. Inb
and c the position of the liquid-solid interface is shown relative to the alloy liquidus for

conditions that yield liquid undercooling. Some of the vertical (Z) distances are exaggerated for
clarity.




55

‘g Jo Yimo13 19is8) J0J S3UEI ammeradwa ], (9) ‘g jo uonesonu
19)sej Joj a3uer axmerodwa], (q) 70 jo Kjiqels onreufpourIayl

‘spinbij pajoooiapun jo 3uljo0d SNONUHUOD
(e) Jo ands ur axme1adwa) MO[ I8 UOKIBAI g « 1 sioaej 1ey)

Suunp 10950 Aewl jBY) SONSUN] UOHEBIINU JUAISHIP Sunussaxdar

weiSelp  uopeULIOjsURN-aIMIeIadwa)-owL], vy amSi sonoup] uonosjes aseyd aAnnadwiod Jo OWBWOYS € a8y
0 _ 3
I
| 3
|
fo _ :
_ o
3 b - 3
L L
! “
— e — ] — — — — N =
IENA -
Cl N |8
Lo g
S
P I 2
q T ma'E
-
s
m
m=z
moO
4N
03
(2]
'




56

LiQuip |
H
w ]
14
S 1
oax-- Ced Lo
= @/ '
W T
0.
2 ]
a % oo
- i
\
R e SOLID Tn
: ®
—d
i A CL Co C’ B
i | %p — TIME —

Figure 5. Schematic representation of the recalescence for an isomorphous alloy of composition
Co.
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Figure 6. Summary of the structural evolution in the drop tube processing of Fe-Ni alloy
processed in a He-2% H; environment.
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Resolidification Pathways

A: Regrowth

B: Engulfment

C: Heteroepitaxy

Figure 8. Schematic illustration of different resolidification pathways following rapid surface
melting. (a) Regrowth of the original Y substrate. (b) Nucleation of B at tt}e regrowing Y
interface which subsequently engulfs f. (c) Nucleation of B at the regrowing v interface and

rapid growth of B over the y substrate.
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temperatures, T, for the ol and f phases.
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Figure 10. Microstructure of laser treated Al-26wt. % Si alloy melted at a beam speed of 0.1 m/s
showing fine Si crystals surrounded by o-Al cells and distributed in an equiaxed eutectic matrix.
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CRYSTALLIZATION OF Sn DROPLETS
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Figure 11. Crystallization of pure Sn droplets at different levels of size refinement.
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Cooling Curves

Aluminum

Temperature

Time

Figure 12. Schematic TTT curve illustrating kinetic competition between glass formation and
crystallization for Al-rich glass forming alloys.
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Figure 18. Schematic of droplet/slag emulsion technique.
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Figure 19. Stable Fe-C phase diagram [S8PTW]
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Undercooling behavior of Fe-3.45 wt% C-1.82 wt% Si droplets
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Figure 21. Undercooling behavior of Fe-C-Si droplets.
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Figure 22. Microstructure of hypoeutectic droplet showing primary austenite.
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Figure 23. Interior section of Cu alloy droplet.
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Figure 24. Cu alloy droplet DTA trace showing large undercooling and multiple phase reactions.
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Figure 25. TEM and XRD of Al-7Y-5Fe as-solidified ribbon showing amorphous nature.




73

1OO LR [II(I lllllllll]lllllllll

80 I ]

Relative Intensity

| S - | | S T | I | S T ] l | B l | I l | I S |

0
30 40 50 60 70 80 90
20 (Degrees)

Figure 26. TEM and XRD of Al-5Y-5Fe as-solidified ribbon showing amorphous plus
aluminum nanocrystals.




Figure 27. Eutectic system with plunging To curves [93BOE].
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Figure 28. Liquidus surface of the Al-rich portion of the Al-Y-Fe phase diagram.




75

| |
[av [

|
(]

|ll|llll'lllllllll‘llll

Heat Flow (W/g)

|
>

l'lll'llll|1_lllIIlll'lllllllll

llll'l

-5 | 1 ] | | ] | |
50 100 150 200 250 300 350 400 450 500

Temperature (°C)

Figure 29. DSC continuous heating trace at 40°C/min of Al-7 Y-5 Fe showing primary
crystallization reaction at 276°C as well as crystallization reactions at higher temperatures. . The
dashed line shows the fit of the first peak of Al-Y-Fe sample with the model by Ham
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Figure 30. DSC continuous heating trace at 40°C/min of Al-8 Sm.
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Figure 31. Isothermal DSC trace of Al-7 Y- 5 Fe sample at 245°C with initial instrument
transient (shown in detail in inset) and return to baseline.
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b

Figure 32. (a) TEM of Al-7Y-5Fe isothermal for 10 minutes, (b) TEM of Al-7Y-5Fe isothermal
for 100 minutes.
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Figure 33. TEM bright-field micrograph of Al-7 Y-5 Fe sample held at 275°C for 10 minutes.
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Figure 34. Calculated diffusion fields for yttrium for particles 50 nm apart with midpqint at zero
at 10 seconds (solid lines) and 20 seconds (dashed lines). Vertical lines represent the interfaces
between Al and the amorphous matrix.
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Figure 36. Percentage cellular particles in various size ranges obtained by random sampling of
particles in two alloy tool steel powders.
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Figure 37. Variation in the relative intensity of the FCC (111) peak with particle size for the two
steels.
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Figure 40. Number of primary Si crystals per unit area as a function of beam rate in the Al-26
wt% Si alloy (square symbols). The calculated volume density is given by the circle symbols.




0 0.05 0.1
B K"
Figure 41. Plot of N?, and B with associated values of f(8). Darkened region represents
possible range of values based on parameter bound analysis.
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‘Figure 42. Estimated bounds (solid lines) on AG net /KT and Qyt/K(Ty) from kinetics

analysis for Al-26 wt % Si alloys.
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Figure 43. Microstructure map for laser-processed Al-Si alloys. The domain labels indicate the
microstructure that develops for the given processing conditions. The data points represent the
experiment conditions that resulted in primary silicon nucleation.
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Figure 44. SEM micrograph of Si;Ny particle incorporated into an Al droplet.
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Figure 45. Three consecutive DTA thermograms of 106-125 pm Al-Si3N4 powder (a), and < 53
um Al-SizN4 powder (b).




88

a SKy %369 0887 108U XUWNS

b 15KU X668 BBa s IB-.TBIU XUWMS

Figure 46. SEM micrographs of particle incorporation of TiN in AL




