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I. SUMMARY

The addition, to a metallic matrix, of a sultably dispersed
second phase is one of the most potent methods of increasing the
strength of this matrix. In order to obtaln a better under-
standing of the strengthening due to the presence of the second
phase, extensive studles into dispersion strengthened alloys have
been carried out over a number of years. Initlally, these studies
centered on the relationship of the observed mechanical properties
to the size, shape and distribution of the second phase particles

and on the mechanism of interaction of moving dislocations with

these particles. (Recently, however,lstrengthening effects which

are not directly attributable to {the\ second phase morphology have
been observed 1 (1,2) As an example of such an effect is the beha-
vior of TD nickel when it is alternately cold worked and annealed.

N YA
Ft 1g found that annealing cold worked TD nickel at temperatures

which would be expected to give complete recovery of the matrix
(€e8ey 130000) results in an increase in tensile strength (at
1100°C) as compared with the unworked alloy. No change in the
properties of the second phase 1s observed and it is therefore
concluded that some change in the behavior of the matrix must have
occurred.

It-has been observed that, at the annealing temperatures uced,
the.dislooation structure introduced into the matrix by cold work
has annealed out and thus that this structure cannot be responsible

_ for the increase in strength. At least two possible strengthening{




P
(;echanisms would explain the observed behavior:

l. The retention, after annealing, of some form
of substructure other than the dislocation
tangles introduced by cold work.

2. The retention of substantial elastic strains
in the matrix.
The occurrence of either of these mechanisms is due to the
presence of the particles preventing elther the substructure
or the elastic strains from annealing out in the manner observed
in single phased materials.

In the studies being described in this report, two techniques
of observation have been used to determine the qualitative and
quantitative nature of the substructure and elastic strains
retained in cold worked and annealed dispersion strengthened
alloys. These techniques are transmission electron microscopy
and the Fourler analysis of the profiles of x-ray diffraction lines. x

Transmission electron microscopy has been used in two ways---—-W«,Tv;'r,Tﬁﬁ‘gl
for the normal observation of substructure and for the observation |
of diffraction effects caused by elastic strains at the particle-
matrix interface. X-ray analysils has been used to measure directly
the elastic strains in the matrix and also to examine for the
existence of varlous forms of substructure such as stacking faults
and twin boundaries.

The transmission electron microscopy observations show that
partial annealing out of the dislocation structure introduced by

cold work occurs at temperatures as low as 700°C and that it is
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(3,5) yo

completely removed on annealing at 1100°C and above.
form of substructure which could be correlated with increased
high temperature (llOOOC) strength can be observed. Attempts

at observing elastic strains assoclated with the particle-matrix
interface were only successful in the case of small (£ IOOX)
particles in internally oxidized alloys. These strains are
thought to be associlated with the existence of coherency between
the particle and the matrix and are not assocliated with the
working and annealing process.

The x-ray observations did not detect the existence of
any substructure in annealed specimens but did show that a high
jevel of elastic strain is retained in cold worked dispersion
strengthened alloys. Within the experimental error of the obser-
vations, the elastic strain level was found'to be approximately
constant after annealing cold worked materials at temperatures
between 700°C and 1440°C and this strain level was found to be
greater than that in unworked material. The largest elastic
strains were found to be present in the cold worked alloys.

It is concluded, therefore, that the increase 1in strength
which is observed on alternately cold working and annealing
dispersion strengthened alloys 1s due to the inability of the
vannealing treatment to relieve all the elastic strains introduced

into the matrix by the cold working.




IT. TECHNIQUES

A, Transmission Electron Microscopy

1. Interfacial Strain Measurements

When elastic stralns are associated with the particle-
matrix interface, a diffraction contrast effect can, under cer-
tain conditions, be observed.(5'12) Essentially, this contrast
effect is In the form of two D-shaped lobes, one on either side
of the particle which causes the effect. When one strong reflec-
tion 1s operating, these D-shaped lobes are placed symmetrically
about a line of no contrast perpendicular to the reciprocal
lattice vector corresponding to the reflection. The contrast
effect 1s visible only when one or more sets of lattice planes
diffract strongly and will disappear when the foil is tilted
away from this position. The existence of these diffraction
effects has been predicted theoretically, on the basis of the
dynamical theory of electron diffraction, by Ashby and Brown,(j)
and 1t has been shown(é) how it is possible to calculate the
magnitude of the interfacial strains from measurements of the
widths of the D-shaped lobes.

There are two types of effect which can cause the type of
elastic strains that would lead to the existence of the D-shaped
lobe diffraction effect. These two effects are (1) the existence
of coherency between the particle and the matrix and (2) the
occurrence of differential volume changes between the particle

and the matrix. These differential volume changes could occur

4



because of the difference in coefficlent of thermal expansion

of the particle and the matrix, due to allotropic phase changes
of either the particle or the matrix, or on the formation of the
particle within the matrix. D-shaped lobes caused by the occur-
rence of coherency have been observed in precipitation strength-
ened alloys by Becher,(7) Bean and Livingston(e) and Phillips and
lelngston,(g) and in a dispersion strengthened alloy (C“‘Alzoj)

by Ashby and Smith. (%)

(10,11)
0,

In other dispersion strengthened alloys

and Al-A1203(12)), the occurrence of the

strains producing D-shaped lobes 1is thought to be due to the

(e.g+y Cu=-S1

difference in thermal expansion coefficient of the two phases.
In the case of the Cu-SiO2 alloys, the elastic strains have been

calculated to be between 0.1 and 1.0%.

2. Observation of Substructure

The standard techniques of observing thin films, including
the use of a tilt stage, were used to observe the substructure of

the cold worked and annealed TD nickel.

B. X-Ray Diffraction

The existence of elastic strains and of substructure in a
crystalline solid will have an effect on the shape and angular
position of x-ray diffraction lines which are obtained by using
the crystalline solid as the diffracting medium. The presence of

elastic strains in a crystalline solid will cause the interplanar




spacings in the strained material to be different from that in
unstrained material. If uniform elastic strains exist through-
out a sample, then the interplanar spacings in all regions
would be the same, and differ by a quantity D43 from that in
unstrained material. This causes a change of 26 in the
diffracted angle where the relationship of /220 and &d can

be obtained by differentiating the Bragg equation

N
Aze = -2(—%—‘1> tan

2d sin @

If, however, the existing strains are non-uniform, then these
wlll cause the interplanar spacings in different regions to be
different, with the result that the x-rays diffracted by these
regions are diffracted through slightly differing angles. The
profile of the diffraction line (i.e., the distribution of
intensity with diffracted angle) is thus broadened as compared
with unstrained material. 1In general, homogeneous, long range
strains (macrostrains) alter the position of x-ray diffraction
lines while short range strains alter the profile of these x-ray

lines.

Other properties of the material under observation can have
an effect on the profile and position of the x-ray diffraction
line. These properties are the size of the coherently diffract-
ing domains within the material and the existence of various kinds

of lattice faults. The smallness of the coherently diffracting
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domains contributes to the shape of the line but not to 1its
position, and the effect on the line profile of the size of

the domalns can be separated from the strain effects described
above by a method which involves the Fourler analysils of the
line profiles.(13) The types of lattice faults which will give
observable effects are stacking faults(lu) and twin boundaries.(lS)
Thelr existence causes diffraction line broadening due to their
behavior as boundaries of coherently diffracting domains. Thelr
presence can be distinguished from that of other forms of domain
boundary because they have additional effects on the diffraction
lines. Twin faults cause an assymmetry of the line profile
whereas stacking faults cause a shift in the position of the
diffraction line.

The experimental observation of the x-ray diffraction lines
involves the measurement of the intensity as a function of dif-
fracted angle. The first step in the treatment of the intensity
vs. diffracted angle data 1s to separate the intensity due to
the K&, radiation from that due to the K&,. This was accom-

(16) This technique

plished by using Rachinger's technlque.
assumes (1) the profile of the KOLl and KOLZ components are
geometrically similar, (2) the intensity of the KGLZ peak 1is
half that of thel(dqf The Rachinger separation ylelds the in-
tensity of the Kb(l line as a function of 28. To find the peak
position from this data, the angular position of points of equal

intensity are found and the bisector of these two angles 1s cal-




culated. A line is drawn through the angular position of the
bisectors at different heights and the point where this line
intersects the peak profile is used as the peak position.
Rachinger's technique 1is employed because, in the case of cold
worked material, 1t 1s necessary to separate the K&l and KOLZ
components to check accurately the position and assymmetry of
the line.

To determine if assymmetry of the peaks exists, the slope
of the line drawn through the bisectors is measured. As assym-
metry could be caused by effects in the x-ray optics, a similar
measurement 1s carried out using a well annealed pure nickel
sample. This will cause no effects due to crystalline imper-
fectlon and any difference in slope observed between the pure
nickel and the TD nickel samples can be assumed to be due to
effects (twins) in the TD nigkel.

After the KOLl component of the x-ray line has been analyzed
for position and symmetry, a Fourier analysis of the shape of
this component is carried out. The method used is a modification
of one due originally to Warren and Averbach(13) and it allows
us to calculate the size of the coherently diffracting domains
and the elastic strains within the specimen under observation.
This method will now be described.

The shape of the x-ray diffraction line which we observe 1is
controlled by two factors. One is the x-ray optics of the instru-

ment used to produce and measure the diffraction line in question,
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and the other 1s the degree of crystalline perfection of the
material under observation. Departure from perfection in
elither case will cause an increase in the width of the dif-
fraction line.

When a diffraction line is broadened by two effects, then
the variation of intensity, h(x), which we observe across this
line is related to the distribution of intensity which we would
obtain when only one effect is present (f(x) or g(x)) by an

equation of the form:
h(x) = f(y) g (x - y) dy (1)

Let us call f(x) the effect of crystalline imperfection
and g(x) the x-ray optical effect. We measure h(x) directly
and, if we can find g(x), then we can compute f(x). We find
g(x) by using a specimen which gives negligible line broaden-
ing due to its own imperfection. The calculation of f(x) is
carried out in the following way.

The functions f(x), g(x) and h(x) can all be represented

by Fourier series of the form:

+ 00 t

2% 1 x
a
f(x) = F, e etc. (2)

-00
By substituting equation (2) into equation (1) and then suitably
manipulating the resulting equation, we can obtain Ft in terms

of Gt and Ht'




A computer program (Appendix 1) has been written which allows
us to calculate Gt and Ht from the measured values of g(x) and
h(x). Using these calculated values, we were able to find a set
of values of Ft‘ It is these values of Ft we use to determine
the structure within the speclimen under observation.

The above 1s a purely mathematical analysis of the shape
of the x-ray diffraction lines. That the values of Ft have a
physical meaning has been shown by Warren.(IB) In the case under
conglderation, Ft can be considered as the product of two compo-
nents, FtD and Fts. FtD 1s due to the size of the coherently
diffracting zones within the sample and FtS i1s due to the pre-
sence of elastic strains within the specimen. It has been shown
that FtD is independent of the order of the diffraction line

whereas Fts i1s dependent on the order of the line. We can there-

fore write:

F.o (1) (3)

where 1 = V/ihz + k% + 12) is the order of the line.

Now, 1t 1s possible that the crystalline defects we are
concerned with may be different in unlike directions through
the crystalline lattice. The different diffraction lines con-
tain information about the strains and the domain size in a
direction perpendicular to the crystallographic planes causing
them. Therefore, any analysis must use lines of different
order which are parallel to each other (i.e., a set like the
100, 200, 300).
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Thus, to separate the parts of Ft(lo) due to strains and
domain size, we use the Fourier coefficlents for a given family

of planes. From equation (3):

- D S
Log Ft(lo) = log F + log F (1) (4)

t

It has been shown that:

2 2 2 2
-2W° 1 (LL) L
2

Fs(lo) o e a

t

where /(E;ZL) is the strain over a distance L in the lattice

in the direction under consideration.

Substituting in equation (4):

_ D
Log Ft(lo) = log F.© -

2MZ (E.)?% 12
L 1 2 (5)

8.2 °

A plot of log Ft(lo) against lo2 therefore has a slope of

2mt? (£)? 1°
-+

The Fouriler coefficients Ft(lo) have been obtained for
a series of values t and these values of t are related to the

distance L in the above expression by:
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where 4 1s the separation of the planes ylelding the diffraction
line under consideration and L is a distance in the crystal, per-
pendicular to these planes.

By considering the variation of Ft(lo) against t for lines
of a glven family (e.g., the 100, 200 and 300, etc.) and using
the relevant value of 4 for the lines under consideration, we
can obtain the variation of Ft(lo) versus L. The values of
Ft(lo) are then normalized so that Ft=0(lo) = 1 and a plot of
log Ft(lo) against 102 1s made for different values of L.

From these we obtaln values of
2MZ (€)% 17
al

as a function of L and thus can find JAETE; as a function of L.
Also, from a plot of log Ft(lo) against 102 we can find
log FtD by measuring the intercept of this plot with the line
1O = 0. This again is obtained as a function of L. If, using
these values of log FtD, we plot FtD against L and extrapolate
the values obtained to FtD = 0, then the intercept with the L
axls glves us the size of the coherently diffracting domains.
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IITI. EXPERIMENTAL METHODS

A. Transmission Electron Microscopy Studies of Interfacial
Strain

During the first year of this research program(l?) it was
observed that D-shaped lobes could only be detected when very
fine particles were observed and, for this reason, it was thought
that they must be caused by coherency stralns.

Research in this field has been continued into three alloys.
One, DuPont's TD nickel, was obtained commercially and the other
two, Ni + A1203 and N1 + Cr203, were fabricated at Ilikon. The
purpose of the A1203 and Cr203 containing alloys was to give
material which contained fine particles and thus would be more
apt i~ show coherency strains. The N1 + A1203 alloy was fabri-
cated by the internal oxidization, at 750°C, of a nickel + 1/2%
aluminum solid solution powder. This powder was then compacted
and extruded to give 3/8" diameter rod. The Ni + Cr203 alloy
was fabricated by the internal oxidization, at 800°C, of .004"
thick foils of a nickel + 1% chromium alloy. In all three cases,
the oxide content was approximately 2 vol. %.

Foils which were to be thinned for observation were obtained
from the Ni-ThO, and Ni-Al,0

2 273
chemically polishing these to 045" and then rolling them to

rods by cutting .05" thick slices,

.010",., Various heat treatments were then given to the folls
prior to their thinning down for observation in the electron
microscope.
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A modifled Bollman technique was used to prepare thin films
from the folls. This technique, having three separate steps, 1s
illustrated dlagrammatically in Figure 1. Initlally, the two
point electrodes are placed at a distance of approximately 3/4"
from the foil, which 1s then polished more or less uniformly
down to a thickness of approximately .004*. Two small, tightly
fitting plastlic tubes are then placed over the unshielded tips
of the electrodes and the electrodes are then bent so that the
open end of these shlelds touch the foll directly opposite each
other. The tips of the electrodes are within 1/8% of the foil.
Polishing is then continued and a pair of shallow indentations
are obtained on the foll. Thls procedure is repeated at several
places on the foil. The rest of the foll continues to polish at
a very slow rate. After these indentations have been formed, the
original electrode geometry is resumed and the electrolyte temp-
erature i1s lowered to the range -15°C to -ZOOC. Polishing 1is
then continued until small holes appear at the indentations.
Material to be viewed is then cut from these regions and from the
bridges which form between neighboring holes. Thlis somewhat
elaborate technique ylelds folls which have large thin areas and
thus allowed the observation of more usable material in any one
specimen preparation.

The electrolyte used for thinning was a mixture of 40 vol. %
HBPOQ, 35 vol. % H,S0, and 25 vol. % H,0.

The thin folls thus obtained were placed in the tilting

stage of an Hitachl HU-11l microscope. Two techniques were used
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in attempts at observing the D-shaped lobes. First, observation
of the foll by electron diffraction was carried out initlally

and the foil was tilted until one set of lattice planes was dif-
fracting strongly. This is the optimum condition for the obser-
vation of the diffraction contrast effect. The area of interest
was then viewed by transmission in order to determine the nature
of D-shaped lobes present, if any. The other technlique of obser-
vation, electron diffraction was not used and given areas of the
foil were observed while they were slowly tilted through a range

of orientation.

B. The (nservation of Substructure

The thin foils which were used in the observation of the
effect of annealing on cold worked TD nickel were prepared in a
similar manner to that already described. The only difference
was that all folls were prepared so that thelr rolling directlon
always had the same relationship to the extrusion direction of
the TD nickel rod. This relationship is shown in Figure 2.

The observation of these folls was carried out using the

tilt stage of the electron microscope.

Ce X-Bay Diffractometry

Rectangular blocks approximately 13" x 3/8" x 3/8" were cut
from the as obtained rod. These were then rolled in the directlon
shown in Figure 2 to a thickness of approximately .085" and the

two largest surfaces were ground flat. The plate of TD nickel
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thus obtained was then given the required treatment. The
surface to be examined was reground and polished mechanically.
In the flnal polish, 0.0%/& particle size alumina was used.
The work layer produced by this final polish was then removed
by chemical polishing, at 85°C, using a mixture of 30% nitric
acid, 10Z phosphoric acid, 10% sulphuric acid and 50% acetic
acid. The surface thus obtained was bright, flat and did not
contain any disturbance due to the polishing.

The diffraction line profiles were measured with an
automated Picker bi-plane x-ray diffractometer. A special
specimen holder was designed and built to allow a more accu-
rate and reproducible positioning of the specimen. The line
profiles were determined by carrying out intensity measure-
ments at intervals of either 1/30° or 1/60° over a range of 3°
on both sides of the nickel peaks of interest to us. In order
to carry out the separation of the x-ray optical and specimen
induced line broadening, pure nickel, annealed for 1 hour at

800°C, was used as standard, so-called "defect free" specimen.
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1v. RESULTS

A. Strains at the Particle-Matrix Interface

The Ni-ThOz, Ni-Al?_O3 and Ni-Cr203 specimens were all
examined for the presence of D-shaped lobes. The only D-shaped
lobes which were observed were associated with very fine (<1IOOK)
particles in the Ni-A1203 system (Figure 3). Even though par-
ticles of a similar size existed in the Ni-Cr203 alloy (Figure 4),
we have not detected D-shaped lcbes associated with them. Obser-
vation of thin foils which had been water quenched from temp-
eratures up to 900°C showed that this treatment falled to intro-
duce D-shaped lobes into the Ni-ThO2 and did not either increase
the number or the magnitude of the lobes in the Ni-A1203 alloy.
Cold working and annealing these alloys was not observed to have
any effect on either the number or the size of the D-shaped lobes.
Because of the difficulty in seeing and measuring the D-shaped
lobes in the Ni-Alzo3 system, no attempt has been made to calculate

the strains associated with them.

B. Transmission Electron Microscopical Observation of the
Substructure of TD Nickel

The substructure of the as received TD nickel is shown 1in
Figure 5. This material had been formed by extrusion and had
then been swaged to give the 1/2* diameter received by Ilikon.
Prior to our receiving it, the 1/2" diameter rod had been glven
a stress relieving anneal at 1010°C. The microstructure of this
material shows it to be free of heavy dislocation tangles but 1t

does have a comparatively small substructural unit which has an
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elongated shape - the longer axis presumably being the direction
of elongation during extrusion and swaglng.

Cold working this material introduces the heavy dislocation
structure shown in Figure 6. This structure is mainly composed
of dislocation tangles although some evidence of the formation
of a cell structure can be observed. This cell structure is not
as well defined as that in pure nickel which has received the
same treatment (Figure 7 - upper micrograph). On annealing the
cold worked TD nickel at 700°C (Figure 8) or 800°C (Figure 9),
some of the dislocatlon tangles anneal out and the dislocation
density of the material can be observed to decrease. The change
1s not as drastic as that observed for pure nickel (Figure 7 -
lower micrograph) which has received the same treatment. In this
case, recrystallization occurs and the dislocation substructure
is completely removed. On increasing the annealing temperature
of the TD nickel to 9OOOC, a greater change is observed as com-
pared with the 700°C and 800°C anneals. Most of the dislocation
tangles anneal out but the matrix still appears to be heavily
distorted (Figure 10). Annealing at 1100°C and 1440°C, however,
leads to a matrix which apparently retains virtually none of the
substructural features which had been introduced by cold working
(Figures 11 and 12). Occasional twin boundaries can be observed,
but there is no form of substructure which could explain the

strengthening reported by other observers.(l’Z)

C. X-Ray Diffraction

TD nickel in the following conditlions was examined by using

18
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the Fourier analysis of x-ray diffraction lines:

(1) As received.

(2) Cold worked.

(3) Cold worked and then annealed for 1 hour at 700°C.

(4) Cold worked and then annealed for 1 hour at 900°C.

(5) Cold worked and then annealed for 1 hour at 1100°¢C.
(6) Cold worked and then annealed for 1 hour at 1440°c.

All thece specimens had a very strong preferred orlentation.
Diffraction lines from the (111) family of planes could not be
detected whilst those from the (ZOQ) and <220> were very strong
as compared with the same lines obtalned from a pure nickel speci-
men.

That complete recovery of the matrix does not occur on
annealing can be seen by examining the 200 diffractlon lines
shown in Figures 13-18. Cold worked TD nickel (Figure 13) and
pure nickel (Figure 14) give similar line profiles. The effect
of annealing the cold worked pure nickel at 7OOOC i1s to cause
the line profile to become that which would be expected from a
well annealed material - the separation of the 0(1 and 6(2 compo-
neats being obvious (Figure 15). However, treating TD nickel in
the same way does not cause very much change in the line profile
(Figare 16) as compared with the cold worked material (Figure 13).
Wher. the annealing temperature is raised iu 1540°C (i.e., within
15°C 5f the melting point), the nickel matrix of TD nickel still
gives diffraction line profiles of the type to be expected from

19




cold worked materials rather than annealed materials (Figure 17)
and, in fact, the line profile is very similar to that obtained
when the material annealed at 700°C (Figure 16) is examined.
The line profile of the as received material (Figure 18) shows
slightly less broadening than those of any of the cold worked
and annealed specimens but it still has the shape which would be
expected from a cold worked rather than an annealed material.
The qualitative observation of the profiles of the various
diffraction lines indicates that the least broadening occurs
with the as obtailned material, the most with the cold worked
materlial, and that an intermediate level of broadening exists
for the cold worked and annealed material. Cold working TD
nickel, therefore, induces line broadening which can only be
partially annealed out. As will be shown below, this broadening
1s caused by the existence of elastic strains within the TD nickel.
The next step 1s to carry out an analysis of the position and
symmetry of the diffraction lines and then to carry out the Fourier
analysis of the line profiles.

Due to the preferred orientation of the TD nickel, only
three diffraction lines were strong enough to allow us to carry
out sensible intensity vs. diffracted angle measurements. Since
we need two lines of the same family in order to be able to carry
out the Fourler analysis, we only measured the 200 and 400 lines.
The first information to be obtained from the measured data was
the position and symmetry of the diffraction lines under consider-

atlon. In order to be able to make these measurements accurately,
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we had t> separate the KOLl and KIDL2 components. When this was
carried out, it was found that, within the experimental error,

no diff=zrence in symmetry or line position existed between the

pure nickel standard and any of the TD nickel specimens.

Using the computer, the Fourler analysis of the line pro-
files is then carried out. Figures 19 and 20 show typilcal
Fourier coefficlent F, vs. t data. The t axis used with this
data ‘s then adjusted to give L values (L =t . 4, where 4 is
the r:levant interplanar spacing) and the values of log Ft(lo)
are -ound for different values of L for both the 200 and 400
line ;, These values are then plotted against 102 for various
dis ances (L) (Figures 21-26). The slope of this plot is a
mes ure of the elastic strains in the material whilst the inter-
ce ¢ with the log Ft(lo) aXxls 1s a measure of the slize of the
cc erently diffracting domains. The line log Ft(lo) = 0 repre-
s« ats the case of no strain and very large coherently diffracting
d mains. It can be seen that in all cases elastic strains exist
: »d that the size of the coherently diffracting domains is not
spy large.

The slopes of the above plots are then used to calculate the
variation of elastic strain with distance through the crystal in
3 direction perpendicular to the 200 and 400 planes. Figure 27
shows this data for the six specimens observed. It can readily
be seen that these strains are largest in the cold worked material,
at an intermediate level in the cold worked and annealed material

and lowest in the as received material. It can also be seen that
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varying the annealing temperature within the range 700-14400C
has little or no effect on these elastic strains.

The intercepts with the log F, (l ) 3}18 of the lines shown
in Flgures 21-26 are then used to calculaé;/;he size of the
coherently diffracting domains within the matrix of the TD nicke%,

mrrpr
owresse

As \shown in Figure 28, \these\were found to be approximately 19OA
in the cold worked méggrial and in the range of 500-6OOA in the
cold worked and annealed materigi;lﬂiﬁxgge as recelved material,
the domain size was observed to be much farger than in any of

the other specimens and, 1n fact, it 1s so large that an accurate
measurement of it cannot be made. The domain size measurements,
therefore, also show that the as received material has the
greatest degree of crystalline perfection, that the cold worked
material has the least and that the cold worked and annealed
material i1s in an intermedlate state. The domain size in the

cold worked and annealed material is found to be independent of

annealing temperature within the range 700°C - 1440°c.
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V. DISCUSSION

_— ,
v I&he transmission electron microscopy observations of cold worked
and annealed TD nickel showed that the heavy dislocation structure-
introduced during the cold working can be partially annealed out at
temperatures as low as 700°C and virtually completely annealed out
on annealing at 1100°¢c. In the specimens annealed at 1100°C and 1440°C,
the only substructure observed, occasional twin boundaries, could not
account for the increase in high temperature strength which has been

observed to result from cold working and annealing:)k

,,,,,,

g

4ﬁfge important information which has been obtained in these studiles
1s contained in the x-ray data. As a first step in interpreting the
meaning of the x-ray observatlons, it is necessary to conslider exactly
what is being measured when we talk of elastic strains and coherently
diffracting doma:\nsﬂ.«‘~ The coherently diffracting domain size which we
have measured is a measurement of an average dlstance in a direction
perpendicular to the 200 and 400 planes. Within these domains the
crystalline perfection is of a high enough order to allow the coherent
diffraction of x-rays to occur. Outside of these domains the atomic
planes are not sufficiently in register with those inside the domain
for coherent diffraction to occur. The domain boundaries can thus be
regarded as regions in which comparatively large deviations from crystal-
line perfection occur. The stralns which we measure are strains within
these coherently diffracting domalns. V*héﬁ it is said that, for example,
/6;?L=SOX = ,0035, we mean that, in an average domain if we start on
any plane of atoms and measure perpendicular to it, then the crystal

o}
at a distance of 50A from it will be displaced on average by a strain of

-
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{The boundaries between the domains represent some form of dis-
ruption of the crystalline lattice which is greater than the
elastic strains which we have measured within the domail

A, .
v

ﬁTable 1 compares the values of E;2L=502 which we have ob-
tained for TD nickel with values of /E;ZL_SOR obtained by other

nS . 4

cold worked at 1liquid nitrogen temperature before being annealed

at low homologous temperatures (<3 Tm).

//‘
Material €2

L=50
Silver, annealed 5 mins. at 3000(16) .0040
Silver, annealed 5 mins. at 100°c(16) .0015
Copper, annealed 5 mins. at -10000(17) | .0030
Copper, annealed 5 mins. at 5000(17) .0008
90-10 Brass, annealed 20 mins. at 2000(17) .0030
90-10 Brass, annealed 20 mins. at ZZOOC(17) .0008
Aluminum, annealed 5 mins. at -ISOOC(IB) .0035
Aluminum, annealed 5 mins. at 25°C(18) .001C
TD Nickel, as obtained .0010
TD Nickel, cold worked at 25°C .0033
TD Nickel, c.w., annealed 1 hr. at 1440°C .0023

Table l’/

It can be seen that cold working TD nickel introduces elastic

strains which are of simllar maegnitude to those found in otheEJ

2l .
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Wmaterials which have been heavily deformed. In other materials,

however, these strains can be conslderably reduced by annealing

at temperatures of less than half the melting point of the mat-

erial, whereas in TD nickel the strains do not undergo as large

a reduction even on annealing at temperatures within 15OC of the

melting point.

This retention of strain is even more obvious

when the data for as obtained TD nickel 1is compared with that

Tl
for the cold worked and annealed material (Flgure 2713} T

diffracting domains in TD nickel is compared with those observed

in other materials._&This data 1s given in Table 2.

{Xvsimilar effect is observed when the size of the coherently

et
AT

Material

Domain Size

Silver, annealed 5 mins. at 3000(18)
Silver, annealed 5 mins. at 1OO°C(18)

Aluminum, annealed 5 mins. at -15000(18)
Aluminum, annealed 5 mins. at 25°C(18)

Nickel, annealed at 20000(19)
Nickel, annealed at 40000(19)
Nickel, annealed at 8OO°C(19)

TD Nickel, cold worked
TD Nickel, as recelved
TD Nickel, c.w., annealed 1 hr. at 1440°¢

0
1004
6008

2208
6308

BooR
(o]
4OOR
22008

1908
10008
(o]

6004

Table 2

\
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The domain size in cold worked TD nickel is small and
similar to that found in other materials which have been
P

heavily cold worked. Annealing the TD nickel at 1440°C causes

some 1increase in the domain size but the change which occurs
1s not as large as that observed in other materials. On com-
paring TD nickel in the as received condition with TD nickel
which has been cold worked and then annealed at 1uuo°c, we find
that the cold working operation has caused a reduction in the
coherently diffracting domain size and that this change is not
completely reversed on annealing.

The existence of considerable elastic strains and of a
small coherently diffracting domain size indicates that the
lattice in cold worked and annealed TD nickel is congiderably
distorted. This lattice distortion explalins the increase in
strength obtained when TD nickel is cold worked and then annealed.
The response of the matrix of TD nickel to annealing is obviously
very different to that of, for example, pure nickel. 1In a single
phased material, the removal of the heavy dislocation structure
introduced by cold working leaves behind a comparatively undis-
torted lattice structure. 1In TD nickel this is not the case.
Although the presence of the particles raises the minimum temp-
erature at which the dislocation tangles will anneal out of the
nickel matrix, it does not prevent this from occurring. The
presence of the particles, however, does act to "“lock"™ into the

lattice a certain amount of elastic strain. \

oy
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The effect of lattice distortions on the mechanical pro-
perties of dispersion strengthened alloys is very important
in as far as it provides a strengthening mechanism which con-
tinues to be operative at temperatures approaching the melting
point of the matrix.\ A better understanding of ways in which
a build up of tﬂ;;;waistortions can be achieved would help
towards the optimization of the properties of dispersion
strengthened alloys. It will probably be found that a complex
thermal and mechanical treatment 1s necessary in order to
achieve this end. The Fourier analysis of x-ray diffraction
lines is important since it would appear to be the only direct
technique for the observation of these lattlce distortions.

The study currently being reported has only been able
to touch on a small corner of the total field which requires
consideration. X;gﬁg the factors which should recelve further
attention are:

(1) The effect of several alternate cold working

and annealing treatments.
(2) The effect of the nature of deformation pro-
cesses used during cold working.

(3) Orientation effects - TD nickel being an

extruded material is very anlisotropic. J

27
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Figure 1. The electrode positions used in the preparation of thin foils
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Figure 2. The rolling direction used in the preparation of electron microscopical
and x-ray specimens
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Figure 4. Ni+1% Cr alloy after internal oxidization at 800°C
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Figure 5. As extruded, TD nickel
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Figure 6. Cold worked, TD nickel
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Figure 7.

Upper:

Lower:

0.5

(Lo

Cold worked, pure nickel

Pure nickel, cold worked and annealed at 700°C for 1 hour
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Figure 8. TD nickel.

Cold worked and then annealed for 1 hour at 700°C



Figure 9. TD nickel. Cold worked and then annealed for 1 hour at 800°C
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Figure 10. TD nickel. Cold worked and then annealed for 1 hour at 900°C




Figure 11.

TD nickel. Cold worked and then annealed for 1 hour at 1100°C
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Figure 12. TD nickel. Cold worked and then annealed for 1 hour at 1440°C
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Figure 13. The 200 x-ray diffraction line obtained from cold worked TD nickel
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Figure 14,

The 200 x-ray diffraction line obtained from cold worked pure nickel
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Figure 15. The 200 x-ray diffraction line obtained from pure nickel which has been

annealed at 700°C
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Figure 16, The 200 x-ray diffraction line obtained from TD nickel which has been
annealed at 700°C




Figure 17. The 200 x-ray diffraction line obtained from TD nickel which has been
annealed at 1400°C
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Figure 18. The 200 x-ray diffraction line obtained from TD nickel in the as-received
condition
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Figure 19. The Fourier coefficients for the 200 and 400 x-ray diffraction lines for
cold worked TD nickel
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COLD WORKED T D NICKEL
AFTER | HR AT 1100°C
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Figure 20, The Fourier coefficients for the 200 and 400 x-ray diffraction lines for

TD nickel which has been cold worked and then annealed at 1100°C for
1 hour
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Figure 27. The effect of various heat treatments on the elastic strains in TD nickel
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Figure 28. The effect of yarious heat treatments on the size of the coherently
diffracting domains in TD nickel
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APPENDIX 1

COMPUTER PROGRAM

DIMENSION NSMALH(201),NSMALG(201)
READ 700, (NSMALH(NX),NX=1,201)
FORMAT(1415)
IF(NSMALH(1)-99999)701,100,701
READ 800, (NSMALG(NX),NX=1,201)

FORMAT(1415)

X_
50

C=
DO 500 NT=1,201
T=NT

HR=0.

HI=O0.

GR=0.

GI=0.

FR=0.

FI=0.

DO 400 NX=1,201
X=NX-101

A=COSF(C#£#T)
B=SINF(C#X%T)

Contd...
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